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Solubility of Boron in Fe,C and Variation Of 
Saturation Magnetization, Curie Temperature, And 
Lattice Parameter of Fe,(C,B) With Composition 


Using quantitative metallograph i 
y graphy, X-ray lattice parameter, and Curie temperature measure- 
ments, it was found that at 1000°C 80 pct of the carbon in FesC could be replaced by boron. Based 


on magnetic data 


, it is proposed that an electron transfer occurs between the interstitial atoms 


pe po ocuel of iron. A study of solubility data of interstitial compounds of iron indicates that 
b a q solubility is not only dependent upon a similarity of atomic size of the interstitial elements, 
ut is determined to a large extent by the influence of the solute atoms on the electron density of 


the 3d shell of iron. 


by M. E. Nicholson 


EL has been suggested by a number of investigators, 

including Hume-Rothery and Raynor,’ that cer- 
tain intermediate phases in metal systems take on 
interstitial crystal structures because of an appro- 
priate ratio of radii of the two atoms. If the size 
factor is an important parameter in determining 
whether or not an intermediate phase will have an 
interstitial structure, then it would appear reason- 
able that the relative sizes of interstitial atoms should 
have a direct relation to their solubilities in inter- 
stitial compounds. It was on such a basis that Petch,” 
in his discussion of the cementite structure, con- 
cluded that nitrogen is the only possible element 
which could replace carbon. 

Recent X-ray studies by Jack’ indicate that the 
solid solubility of nitrogen in cementite is negligible. 
If this is the case, then on the basis of size factor it 
would not be expected that any element can replace 
carbon in Fe,C, since according to Schwarzkopf and 
Kieffer* the covalent atomic radii of nitrogen, car- 
bon, and boron are 0.71, 0.76, and 0.87A, respec- 
tively. Nevertheless, Vogel and Tammann’ in 1922 
indicated that a quasi-binary relation exists between 
the interstitial compounds Fe,C and Fe.B and that 
the solid solubility of boron in Fe,C at approxi- 
mately 1150°C is 1.4 pct B by weight. 

Because of the apparent disagreement between 
theory and experiment, the solid solubility of boron 
in Fe.C has been reinvestigated. In addition, the 
influence of boron on the saturation magnetic mo- 
ment (per gram) and Curie temperature of cement- 
ite was determined. 


Experimental Procedure 
A series of Fe-B-C alloys which varied in boron 
content from 0 to 5.4 wt pect B were prepared by 
are melting a 50-g ingot using carbonyl iron, Ache- 
son AUC graphite, and Cooper grade A boron for 
starting materials. The composition of these alloys 
is listed in Table I and shown graphically in Fig. 1. 


M. E. NICHOLSON, Member AIME, formerly associated with In- 
stitute for the Study of Metals, University of Chicago, is now 
associated with Dept. of Metallurgy, University of Minnesota, 
Minneapolis. 

TP 4274E. Manuscript, Sept. 6, 1955. Cleveland Meeting, Octo- 
ber 1956. 


TRANSACTIONS AIME 


The samples represented by the solid circles were 
used for X-ray analysis and Curie temperature 
measurements; by the squares, samples used for 
quantitative metallography; and by the triangles, 
samples used for saturation magnetic moment meas- 
urements and Curie temperature measurements. 


COMPOSITION 
LINE FOR Fe,(C,B) 


2 3 4 6 
WEIGHT PER CENT CARBON 


Fig. 1—Composition of Fe-B-C alloys and their relation to 
the iron-rich Fes(C,B) phase boundary at 1000°C. 


After arc melting and subsequent quenching 
from 1000°C, so that all phases in the resulting 
microstructure were brittle, one half of the 50-g 
ingots were pulverized until a powder was obtained 
which was less than 100 mesh. These powders were 
then homogenized in evacuated Vycor capsules at 
1000°C for 24 hr and water quenched. Although the 
homogenized powder had sintered somewhat, it was 
suitable for saturation magnetic moment and Curie 
temperature determinations, for which the 60 to 
100-mesh fraction of the powder was used. For 
X-ray analysis the homogenized powder was crushed 
again until a 300-mesh powder was obtained. After 
crushing, the powder was mixed with Alundum of 
approximately the same grit size to prevent sinter- 
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Fig. 2—Saturation magnetic moment per gram as a function 
of temperature for alloy 9. 


ing and reheated to 1000°C in evacuated Vycor 
capsules for 1 hr, which treatment produced sharp 
X-ray lines. The capsules were quenched in water 
to prevent decomposition of the cementite. The 
samples were easy to separate magnetically from 
the Alundum. 

The remaining half of the ingot was used for 
metallography. Metallographic sections were exam- 
ined both in the as-cast condition, in order to deter- 
mine the nature of the solidification reactions, and 
after homogenizing 1 wk at 1000°C, in order to 
determine the equilibrium phase relationships. The 
relative amounts of the phases present in two of the 
specimens of the homogenized alloys were deter- 
mined using quantitative metallography. From these 
results the phase boundary of the iron boro-cement- 
ite, Fe,(C,B), was determined. 

X-ray powder photographs were made using a 
9 cm Bradley-type camera using filtered chromium 
radiation (Ka, = 2.28962A). Unit cell dimensions 
were calculated using the extrapolation method of 
Nelson and Riley.’ 

The saturation magnetic moment (per gram) of 
alloys 9 to 12 was measured at the Westinghouse 
Research Laboratories using the method described 
by Wiener and Berger.’ This consisted of measuring 
the attractive force between the sample and a high 
strength gradient field. Measurements were made 
in fields of 9,500, 10,900, 11,900, and 12,800 oersteds 
at room temperature for all four alloys, and from 
the temperature of liquid nitrogen to above the 
Curie temperature for alloys 9 and 12. The satura- 
tion magnetic moment data are shown in Figs. 2 and 
3 and tabulated in Table II. 

The Curie temperature of the iron horo-cement- 
ites was determined by using an ac inductance 
bridge at a frequency of 1000 cps. It was convenient 
to use a cathode ray oscilloscope in conjunction with 
a null detector to balance the bridge. The oscil- 
loscope horizontal input was connected to the gen- 
erator terminals of the bridge and the vertical input 
was connected to the detector terminals of the bridge. 
Measurements made on the same sample with in- 
creasing and decreasing temperatures showed essen- 
tially the same relation between the inductance and 
temperature. This indicated that the sample was 
always at essentially the same temperature as the 
thermocouple and that the specimen was not de- 
composing at the temperature of measurement. 

The Curie temperature was determined by the 
intersection of the line tangent to the inductance 
curve at the maximum slope and one tangent to the 
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Fig. 3—Saturation magnetic moment per gram as a function 
of temperature for alloy 12. 


curve at the point of minimum inductance just above 
the Curie temperature. The change of inductance 
occurred over a comparatively narrow temperature 
range making it possible to determine the Curie 
temperature to within approximately +2°C. 


Composition of Iron Boro-Cementites 

In order to determine the influence of boron on 
the lattice parameter, saturation magnetic moment, 
and Curie temperature of cementite, it was first 
necessary to establish the compositions of the boro- 
cementites under consideration. Metallographic ex- 
amination revealed that the alloys under considera- 
tion were not single phase, therefore chemical 
analysis alone was not sufficient. To determine the 


Table |. Composition of Alloys and Cementite 


Alloys Cementite 


Speci- 
men wt wt wt wt 
Pet PctC 


No. PctB Pct C Use of Alloy 


15 0.0 4.00 0.0 6.67 X-ray and Curie temperature 
al 1.8 3.58 2.25 4.15 X-ray and Curie temperature 
2 2.9 Zuo) 3.30 3.05 X-ray and Curie temperature 
3 Bint 1.49 4.50 1.70 X-ray and Curie temperature 
4 4.0 0.80 5.20 0.90 X-ray and Curie temperature 
5 ie 1.85 3.30 3.05 X-ray and Curie temperature 
6 2.19 3.64 2.48 4.05 Quantitative metallography 
if 4.37 0.83 5.20 0.85 Quantitative metallography 
8 4.46 0.56 os —* X-ray and Curie temperature 
9 2.14 3.45 2.45 3.80 Saturation magnetization and 


Curie temperature 
Saturation magnetization and 
Curie temperature 
Saturation magnetization and 
Curie temperature 
Saturation magnetization and 
Curie temperature 


13 5.4 0.36 — — X-ray and Curie temperature 


* Three-phase alloy. 


composition of the boro-cementites it was necessary 
to establish the iron-rich boro-cementite, Fe,(C,B), 
phase boundary and the tie lines for the two-phase 
austenite, y, plus Fe,(C,B) field. The phase bound- 
ary was located at two points: the first, near the 
limit of boron solid solubility, and the second, at a 
point midway along the boundary. The phase bound- 
ary was located by means of quantitative metal- 
lography. Results are shown in Table III. 

Sample No. 7 was used to determine the Fe,(C,B), 
phase boundary near the limit of boron solid solu- 
bility. The metallographic sample showed that in 
addition to y and Fe,(C,B), there was a small amount 
(4.28 pct) of residual Fe.B. However, the X-ray 
and Curie temperature studies of the same ingot 
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(specimen 4) showed it was clearly in the two- 
phase y + Fe,(C,B) field. In all probability the 
metallographic sample had not reached equilibrium 
because the alloy had solidified by a peritectic re- 
action. On the other hand, the powder specimens, 
used for X-ray and Curie temperature measure- 
ments, had attained equilibrium, because the peri- 
tectic walls, which are barriers to diffusion, had 
been broken down by crushing. Based on this rea- 
soning, the metallographic analysis was made on the 
assumption that at equilibrium it would be a two- 
phase alloy. 

Two equilibrium compositions were determined 
for Fe,(C,B), one based on the assumption that at 
equilibrium the Fe.B would transform completely 
to y and the other on the assumption that it would 
transform completely to Fe,(C,B). The two compo- 
sitions are shown as point 7’ and 7” in Fig. 1. Be- 
cause the Fe.B probably decomposes into both Fe 
and Fe,C, the phase boundary was drawn arbitrarily 
between these points. 


Table Il. Saturation Magnetic Moment per Gram 


Magnetic 
Magnetic Moment 
Moment per G, Magnetic 
per G, Room Tem- Magnetic Moment, 
Room Tem- Pct Fein perature, Moment, 0cK, 
Alloy perature Specimen Corrected 0°K Corrected 
9 165.6 13.0 158.0 182 176.7 
10 166.5 6.4 163.0 —_— — 
11 3.5 169.8 — 
12 178.0 6.5 175.3 188 185.3 


The midway point was determined using the rela- 
tive amounts of y and Fe,(C,B) present in specimen 
6, shown in Fig. 1, and a tie line drawn through the 
point representing the composition of the alloy. The 
composition of the Fe,(C,B) calculated in this way 
is 2.48 pect B and 4.05 pct C. This composition is 
represented in Fig. 1 at the point marked 6’. The 
uncertainty in this value is shown in Fig. 1 by the 
short lines on either side of the circle marked 6’. 
Thus it appears that the iron-rich phase boundary 
of the Fe,(C,B) is a straight line at the composition 
Bas. 

The tie lines in the y + Fe,;(C,B) two-phase region 
were constructed on the basis that the activities of 
the boron and carbon vary uniformly with composi- 
tion.* It may be seen from Curie temperature data 


* The estimate of the carbon content in the y in equilibrium with 
FesB and Fes(C, B) was based on a study of Fe-C alloys containing 
0.16, 0.30, 0.44, and 0.55 pct C which were boronized at 900°C pro- 
ducing a case of Fe2B on the surface of the sample. After homogen- 
izing these alloys at 1000°C it was found that in all but the 0.16 pct 
sample a phase, which presumably was Fes(C,B), had formed at 
the y-FesB interface. Therefore, it was concluded that the carbon 
content of y in equilibrium with Fe2B and Fes (C, B) lies between 
0.16 and 0.30 pct C. 


that this is a valid assumption, at least for the tie 
line passing through the composition of specimens 
2 and 5. These specimens were both found to have 
a Curie temperature of 535°C. As will be shown in 
the subsequent section, the Curie temperatures of 
the boro-cementites is a linear function of the boron 
composition. It is therefore evident that in these 
two alloys the Fe,(C,B) has the same chemical 
composition and therefore the alloys le on the same 
tie line. 

Once the iron-rich Fe,(C,B) phase boundary was 
located and the tie lines drawn, it was possible to 
determine the composition of the cementite in the 
two-phase alloys used for X-ray and Curie tem- 
perature measurements. The composition of these 
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alloys and some of the tie lines passing through 
these compositions are shown in Fig. 1. The com- 
position of the cementites, determined by the inter- 
section of the tie lines and the phase boundary, are 
listed in Table I. Using this line as the phase bound- 
ary, and the X-ray and Curie temperature, the limit 
of boron solid solubility of cementite is 5.30 pct. 

Recently Darken et al.* have studied the phase 
equilibria of the Fe-C-B system, principally using 
X-ray techniques. They found the single phase 
Fe,(C,B) region an extremely narrow one which 
lies along the stoichiometric line Fe,(C,B,,) and 
has a maximum solubility of 5.25 pct. 


Influence of Boron on the Cell Dimensions 
of Cementite 

Results of the X-ray lattice parameter measure- 
ments of the iron boro-cementites are tabulated in 
Table IV and shown graphically in Fig. 4. These 
reveal that the b parameter of the orthorhombic cell 
of cementite’ increases approximately 6 pct as 80 pct 
of the carbon in Fe,C is replaced by boron. The c 
and a parameters, on the other hand, decrease. As 
a result of the large expansion of the b parameter, 
the volume of the unit cell increases as boron is 
substituted for carbon. Darken et al.* in their study 
of the equilibrium relations of the Fe-B-C system 
at 1000°C determined the lattice parameters of a 
series of boro-cementites as a function of boron 
content. Their results agree with the author’s to 
within 0.005A. 

The expansion of the lattice cell would indicate 
that boron is entering the cell in an interstitial posi- 
tion and not as a substitutional element for iron. An 
inspection of the intensity of the various diffraction 
lines reveals no difference in relative intensities of 
the diffraction lines between the boron-free Fe,;C 
and the boron-saturated Fe,(C,B). It is therefore 
concluded that boron enters the identical position 
of the carbon atom instead of occupying some other 
interstitial site. 


Table Ill. Results of Quantitative Metallography 


Fe FeoB Fe3(C, B) 

Specimen 6, side A 8.17 91.83 
13.34 86.60 
13.45 86.55 
12.97 87.03 
Specimen 6, side B 13.10 86.90 
13.74 86.26 
15.61 84.39 
86.25 

Average 13.08 +2.10 86.92 +2.08 
Specimen 7, side A 9.53 7.14 83.82 
21.83 3.89 74.28 
7.66 10.03 82.30 
13.43 83.80 
13.15 1.91 84.93 
Specimen 7, side B 12.49 5.23 82.27 
13.13 5.22 81.64 
14.55 3.14 82.31 
16.37 3.33 80.34 
13.68 0.19 86.13 

Average 13.58 43.60 4.28 +2.86 82.18 +3.07 


The change in lattice parameter of Fe,C in steel 
has been studied previously by Petch,’ who deter- 
mined the lattice parameter of Fe,C in a 1.8 pet C 
steel sample after quenching from different heat 
treating temperatures between 400° and 900°C. 
After heat treating below the eutectoid tempera- 
ture, the lattice parameters were found to be the 
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Fig. 4—Lattice parameter of Fes(C,B) as a function of boron 
content of Fes(C,B). 


same as those for the annealed steel. These values 
are shown as triangles at a boron content of 0.55 
pet, which is the boron centent of a boro-cementite 
having a unit cell volume equal to that of annealed 
boron-free cementite. However, when quenched 
from above the eutectoid temperature, the lattice 
parameters varied uniformly with increasing 
quenching temperature, producing a decrease in the 
volume of the unit cell. An extrapolation of his 
data to 1000°C gives lattice parameter values which 
agree with those of the present investigation to 
within 0.005A. Presumably the decrease in volume 
which he observes is associated with a decrease in 
the carbon content of Fe,C. 

It is of interest to observe that when boron re- 
places carbon the cell expands in a different manner 
than when carbon alone is added to a presumably 
carbon-deficient Fe,C.* This is undoubtedly due to 
the differences between the Fe-B and Fe-C bonding. 
An additional point of interest concerning the X-ray 
data of Fe,C is the exceptionally large increase in 
the parameter as boron is substituted for carbon. 


Influence of Boron on Saturation Magnetic Moment 
and Curie Temperature of Cementite 


The saturation magnetic moment per gram at 
0°K, o, and room temperature, oo, tabulated in 
Table II, are plotted in Fig. 5 as a function of the 
boron content of the Fe,(C,B). The data for the 
boron-free Fe.C are those of Guillaud." The Fe;(C,B) 
values have been corrected for the influence of free 
iron contained in the sample. The free iron contents 
for specimens 9 and 12 were estimated from the 
residual magnetic moment above the Curie tempera- 
ture and from the composition of the alloys. The 
amounts of iron in specimens 10 and 11 were esti- 
mated only from chemical composition. o and cog 
for iron according to Bozorth” are 221.8 and 217.0, 
respectively. After correcting for the free iron in 
the samples, it was found that the saturation mag- 
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netic moment per gram, o, varied linearly with 
boron content of the Fe,(C,B), both at 0°K and 
room temperature. The increase of « with composi- 
tion is more pronounced at room temperature be- 
cause of the influence of the Curie temperature. The 
difference between o, and o> is greater for the 
boron-free cementite than for the 4.5 pet B alloy 
because room temperature is relatively a higher 
temperature with respect to the Curie temperature 
of the boron-free alloy than it is with respect to 
that of the 4.5 pct B alloy. 

The number of Bohr magnetons per atom of iron 
for these alloys was calculated from the saturation 
magnetic moment per gram. For boron-free Fe;C 
the value was 1.79 and for the 4.5 pct B Fe,(C,B) 
it was 2.00. The increase accompanying the sub- 
stitution of boron for 80 pct of the carbon in Fe,C 
was 0.21. 

The change in saturation magnetic moment may 
be interpreted as a change accompanying an elec- 
tron transfer between the interstitial atoms and the 
3d shell of iron. Electron transfer between iron and 
interstitial atoms has been suggested® previously to 
explain crystal structure relations in carbonitrides 
of iron. However, the effect of an interaction be- 
tween interstitials and the 3d shell on the saturation 
magnetic moment has not been considered. Un- 
doubtedly this is due to the complexity of the theo- 
retical problem. Nevertheless, the relation between 
the saturation magnetic moment and boron content 
appears to justify some speculation concerning a 
possible electron transfer. 

As a hypothesis the following is suggested: When 
a boron atom replaces a carbon atom, one less elec- 
tron is available for bonding. Therefore, if the 
bonding configuration of the carbon atom is to be 
maintained, one electron will have to be transferred 
from the 3d shell of iron to a bonding position in 
the structure. The effect of the transfer would be 
to increase the saturation magnetization. In the case 
of 80 pct replacement of carbon by boron, the 
change of the number of 3d electrons would be 0.26. 
This agrees in order of magnitude with the observed 
change of 0.21 Bohr magnetons per atom mentioned 
previously. 

The Curie temperature of Fe;(C,B) also varies in 
a linear fashion with boron content. The boron- 
free Fe,C after quenching from 1000°C was found 
to have a Curie temperature of 190°C. This is 20° 
lower than the value of several investigators,” ™ 
who determined the Curie temperature of Fe,C 
using either well annealed steels or powders of iron 
or Fe,O, which were carburized at approximately 
600°C in CO. In order to determine whether the 
generally accepted value could be reproduced, a 
sample of a 4 pct C-Fe alloy was annealed 24 hr at 
650°C and quenched. The Curie temperature of 
Fe,C in this alloy was 208°C. 

A further check on the agreement of the Curie 
temperature measurements of this investigation with 
others was made by comparing the measurements 
using the inductance bridge with those determined 
from magnetic moment measurements. It was found 
that near the Curie temperature the magnetic mo- 
ment per gram varied strongly with field. There- 
fore, the Curie temperature could not be determined 
from the curve of saturation magnetic moment vs 
temperature. Instead, it was found by determining the 
temperature at which the maximum value of do/dH 
occurred. This value was obtained from the mag- 
netic moment data measured at several field 


TRANSACTIONS AIME 


strengths as a function of temperature. For all 
both methods gave a Curie of 
For alloy 12, the former method gave 548°C and the 
latter 551°C. The maximum Curie temperature for 
the boro-cementites was found to be 578°C which 
was observed in specimens 4, 8, and 13. 

, Bozorth® and others have suggested that a rela- 
tion exists between saturation magnetization and 
the Curie temperature of the form 


K0/Z BN ASZ 


where 9 equals the Curie temperature; Z, the co- 
ordination number; 8, the Bohr magneton; N, the 
Weiss molecular field constant; and I,, saturation 
magnetization. From the above data it appears that 
the Weiss molecular field constant does not change 
as boron is substituted for carbon in cementite. 
Recently Bridelle and Michel® have studied the 
change in Curie temperature of an e«-carbonitride as 
a function of lattice parameter. The e-carbonitrides 
were formed by nitriding the Hagg carbide, Fe.C,. 
The lattice parameter was changed by varying the 
composition of the carbonitride either by further 
nitriding or by vacuum annealing the carbonitride. 
Bridelle and Michel did not analyze chemically their 
alloys so it is not possible from their work to obtain 
an exact correlation between Curie temperature and 
composition. Jack* has also studied the e-carbo- 
nitrides and has determined the influence of com- 
position on lattice parameter. By comparing the re- 
sults of both investigations, composition and Curie 
temperature can be related quite well. It appears 
that during the nitriding of the Hagg carbide a 
carbonitride is first formed of low nitrogen and 
comparatively high carbon content. Upon further 
nitriding, nitrogen not only replaces the carbon but 
also takes up unfilled interstitial positions in the e- 
carbonitride structure. As the nitrogen content in- 
creases, the Curie temperature drops from 388°C 
for an estimated composition of 12 atomic wt pct C, 
12 atomic wt pct N to —90°C for 2 to 3 atomic wt 
pet C, 30 atomic wt pct N. Upon vacuum annealing 


Table IV. Lattice Parameters of Boro-Cementites 


Sample a,A b, A c,A 
15 4.5150 5.0790 6.7480 
1 4.4913 5.2108 6.7096 
2 4.4803 5.2773 6.6892 
2 4.4640 5.3441 6.6627 
4 4.4555 5.3925 6.6665 
8 4.4500 5.4052 6.6685 
13 4.4500 5.4052 6.6685 


a carbonitride, during which nitrogen is removed 
from the nitride and the carbon content remains es- 
sentially constant, the Curie temperature increases 
to the value for the high carbon low nitrogen carbo- 
nitride first formed from the Hagg carbide by ni- 
triding. From these experiments it is clear that as 
the nitrogen content is increased the Curie tem- 
perature decreases. Unfortunately, it is not pos- 
sible to determine from their work whether the re- 
placement of nitrogen by carbon produces any sig- 
nificant change on, the Curie temperature. If the 
relation for saturation magnetization and Curie 
temperature mentioned previously applies to the 
iron nitrides, then the saturation magnetization will 
decrease with increasing nitrogen content. This de- 
crease may be interpreted as associated with the 
donation of electrons by the interstitial nitrogen to 
the 3d shell of iron. 
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From the foregoing it appears that a plausible 
explanation for the change in saturation magneti- 
zation and Curie temperature may be based on an 
electron transfer between the interstitial atoms and 
the 3d quantum shell of iron. 


Solubility in Interstitial Compounds of Iron 

The extremely large solubility of boron in Fe,C 
certainly appears inconsistent in terms of size- 
factor considerations when compared with the neg- 
ligible solid solubility of nitrogen in Fe,C reported 
by Jack. It is therefore of interest to determine 
whether or not there are other inconsistencies, from 
the point of view of relative size of the interstitial 
atoms, in their solubilities in interstitial compounds 
of iron. In the iron nitrides, Fe,N, Fe,N, and Fe.N, 
Jack® has shown that carbon may replace up to ap- 
proximately one half of the nitrogen present in the - 
interstitial compound. This is inconsistent with his 
observation of solubility of nitrogen in Fe,C. In the 
case of iron boride, Fe.B, Vogel and Tammann’® in- 
dicate that the solid solubility of carbon is negligi- 
bie. This is supported by unpublished work of 
Darken and also is the conclusion of the author 
based on X-ray evidence. The lattice parameters 
of Fe.B in an Fe-B alloy are virtually the same as 
the lattice parameters of Fe.B when saturated with 
carbon, as in the case when Fe.B is in equilibrium 
with Fe,(C,B) and y. In the Fe-B-N system, the 
stability of boron nitride (BN) is so great that it 
prevents the coexistence of the iron nitrides and 
iron borides;” therefore it is not possible to deter- 
mine the relative solubilities of boron in iron ni- 
trides and nitrogen in iron borides. From the avail- 
able data on binary interstitial compounds of boron, 
carbon, and nitrogen with iron, it is evident that 
the solubility of an element of higher atomic num- 
ber than the element in the compound is negligible, 
while the solubility of an element of lower atomic 
number is considerable. 

The relative solubilities of boron, carbon, and 
nitrogen in the interstitial compounds appear to 
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follow a pattern which may be explained in terms 
of the electron transfer concept and the number of 
3d electrons of iron. First, it is assumed that the 
crystal structure of the interstitial compounds is 
determined in part by the influence of interstitial 
atoms on the number of 3d electrons of iron. For 
each structure there is a maximum number of 
electrons which can be accommodated in the 3d 
shell. If the number of 3d electrons is decreased by 
the substitution of a solute atom for an existing 
interstitial, replacement may occur. If the replace- 
ment would result in an increase in 3d electrons, it 
would not. 
Summary 

The solubility of boron in cementite has been 
found to be 5.30 pet at 1000°C. This corresponds 
to an 80 pct replacement of the carbon by boron. 
X-ray lattice parameter measurements show that a 
6 pet increase in the b lattice parameter of the or- 
thorhombie cell accompanies the substitution of 
boron for carbon. Saturation magnetic moment per 
gram increases from 168 for Fe,C to 185 for 
Fe,C,..B.s. The Curie temperature increases from 
190°C for Fe,C to 578°C for Fe,C,.Bo.. These ex- 
periments have been interpreted as indicating an 
electron transfer between the 3d shell of iron and 
the interstitial atom. It is further suggested that the 
relative solubilities of interstitial elements in the 
interstitial compounds of iron are determined in 
part by this electron transfer. 
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Technical Note 


Aluminum-Magnesium Equilibrium Diagram 


by J. B. Clark and F. N. Rhines 


Pee Al-Mg phase diagram in the composition 
4 range from 30 to 60 pct Mg remains uncertain. 
Four intermetallic compounds are reported in this 
composition range. All of the published diagrams 
are in agreement as to the existence of intermediate 
phases near 37 and 52 pct Mg (Mg,,Al,.). Confu- 
sion exists, however, as to the number and identity 
of the intermetallic phases present in the inter- 
vening composition range from 37 to 52 pct Mg. 
Mikheeva and Kurnakov' denote the existence of a 
phase « near 42 pct Mg. Kawakami,’ Reiderer,’ and 
Laves* report a phase near 48 pct Mg. Eickhoff and 
Vosskuhler,’ from a critical survey of the literature, 
composed the diagram shown in Fig. 1, with the ex- 
ception of the eutectoid horizontal of the e-phase 
shown at 210°C. Raynor’ in a similar survey dis- 
counts the existence of the phase proposed by Ka- 
wakami et al.* at 48 pct Mg and reports a composite 


J. B. CLARK, Junior Member AIME, is associated with the Metal- 
lurgical Laboratories, The Dow Chemical Co., Midland, Mich. F. N. 
RHINES, Member AIME, is Aluminum Co. of America Professor of 
Light Metals, Dept. of Métallurgical Engineering, Carnegie Insti- 
tute of Technology, Pittsburgh. 
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Fig. 1—The Al-Mg phase diagram as reported by Eickhoff 
and Vosskuhler® with the exception of the eutectoid hori- 
zontal of the e-phase shown at 210°C, which has been added 
by the authors. 


diagram similar to that of Eickhoff and Vosskuhler.® 

This uncertainty as to the number of intermetallic 
phases in the Al-Mg system may be eliminated by 
annealing a diffusion couple of pure aluminum and 
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Fig. 2—The structure produced in a diffusion couple composed of pure magnesium and pure aluminum after a 1000-hr anneal 


at 335°C followed by a rapid quench. Center micrograph, X100; 


magnesium. If, after a long diffusion time at a given 
temperature, four diffusion layers are formed, then 
at the diffusion temperature four intermetallic 
phase fields are present in the diagram. 


Table |. d Values of the e-Phase 


Relative Relative Relative 
d,A Intensity d,A Intensity d,A Intensity 
2.68 2.01 2 1.40 4 
2.49 100 1.975 1 Si 3 
2.42 30 1.865 1 1.352 4 
2.34 25 1.81 1 1.295 i 
2.29 40 1.735 1 1.245 3 
2.23 3 1.52 1 
23 4 1.485 3 
2.08 6 1.465 3 
2.05 6 1.435 8 


In connection with a study of diffusion-layer 
formation, a diffusion couple of pure aluminum and 
magnesium was annealed for 1000 hr at 335°C and 
rapidly quenched. The couple was polished on a 
plane perpendicular to the diffusion interface and 
etched in a solution of 1.5 pet HCl, 2.5 pct HNO,, 
and 0.5 pet HF in water. 

The diffusion structure of the couple, shown in 
Fig. 2, consists of only three intermetallic phase 
layers, suggesting that one of the reported phases 
does not exist at 335°C. By metallographic and 
powder X-ray diffraction analyses, the thick layers 
were identified as the 8 and the y (Mg,Al..) phases 
of Fig. 1. It remained to be determined whether the 
thin layer was the e-phase near 42 pct Mg, reported 
by Mikheeva and Kurnakov,* or the phase near 48 
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right, X350. Reduced approximately 20 pct for reproduction. 


pet Mg, reported by Kawakami.” However, the 
thinness of the center layer precluded direct identi- 
fication by X-ray diffraction samples taken from the 
couple. Several alloys near 42 and 48 pct Mg were 
annealed for 1000 hr at 335°C. The phase reported 
by Kawakami was not detected. The presence of a 
phase near 42 pct Mg was confirmed. The d values 
of the main reflections of the phase are given in 
Table I. It was concluded that the thin center layer 
of the couple consisted of the e-phase reported by 
Mikheeva and Kurnakov.* 

If the couple is air-cooled, instead of being 
quenched from 335°C, only two diffusion layers, y 
(Mg,,Al.) and 8, are seen. Thus it appears that the 
e-phase decomposes eutectoidally to 8 and y (Mg, 
Al») at some temperature below 335°C. The phase 
diagram shown in Fig. 1 should indicate, therefore, 
a eutectoid horizontal joining the £, «, and y (Mg, 
Al.) phases at a temperaure below 335°C. The 
temperature of this eutectoid horizontal has not 
been determined. However, the authors have added 
to the Al-Mg phase diagram a eutectoid horizontal, 
at an arbitrarily chosen temperature, joining the 
B, «, and y-phases. At 335°C, the composite dia- 
grams reported by Eickhoff and Vosskuhler® and by 
Raynor’ indicate correctly the equilibrium state of 
the Al-Mg system. 
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Upper Nose Temper 
Embrittlement of a Ni-Cr Steel 


Temper embrittlement of a Ni-Cr steel was investigated both isothermally and with temper- 
ature changes. Embrittlement was most rapid in two temperature ranges: 490° to 550°C and just 
below the Ae,, near 675°C. Embrittlement in the lower range was accompanied by rapid grain 
boundary attack by ethereal picric acid and fracture along austenite grain boundaries. Embrittle- 
ment in the upper range was accompanied by slow attack by ethereal picric acid and fracture 
mostiy along ferrite grain boundaries. No increase in ferrite grain size was observed, but carbide 
particles grew during treatments in the upper temperature range. Embrittlement during slow cooling 
from 675°C appeared to be associated with the lower range. 


by L. D. Jaffe and D. C. Buffum 


ARLIER the authors and coworkers had pre- 

sented data on isothermal temper embrittlement 
of an SAE 3140 steel.*” In that work, however, at- 
tention was concentrated on embrittlement at 575°C 
and below. Preliminary measurements showed that 
embrittlement at 675°C was much more rapid than 
would be expected from the data at the lower 
temperatures,’ and indicated the need for further 
work above 575°C. The possibility of an upper nose 
in the time-temperature embrittlement diagram 
above 575°C was pointed out. 


Procedure 


The same heat of SAE 3140 steel was used as in the 
previous work, and experimental methods were the 
same. All blanks were austenitized 1 hr at 900°C 
and water quenched. Groups were then tempered 
1 hr at 675°C, water quenched, and given embrittl- 
ing treatments for times of 5 min to 240 hr at 675° 
to 600°C, as shown in Table I. Other groups, after 
the temper and quench, were embrittled 48 to 1440 
ENG 

Another series was tempered 240 hr at 675°C, 
quenched, and held for various times at 650° to 
375°C (Table II). For comparison, a series was tem- 
pered for these same times at 700°, 675°, and 650°C 
(Table III). The Ae, temperature for this heat of steel 
had been determined as approximately 690°C;*” the 
treatments at 700°C were introduced to determine 
the effects of tempering in a range where a little 
austenite would form. 

A large number of other treatments, involving 
holding at two temperatures in succession after the 
temper, and occasionally slow cooling or heating, 
were also studied. These treatments are listed in 
the tables. 


L. D. JAFFE, Member AIME, formerly Chief, Metals Research 
Branch, Watertown Arsenal, is associated with Jet Propulsion Lab- 
oratory, California Institute of Technology, Pasadena, Calif. D. C. 
BUFFUM, Member AIME, is associated with Watertown Arsenal, 
Watertown, Mass. 

TP 4309E. Manuscript, Sept. 12, 1955. Cleveland Meeting, Octo- 
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Fig. 1—Effect upon transition temperature of embrittling 
time, after short temper. AIl specimens previously austen- 
itized 1 hr at 900°C, water quenched, tempered 1 hr at 
675°C, and water quenched. 


Austenitizing was done in air; all subsequent 
treatments were in salt. Blanks were always water 
quenched after the last treatment. 

The heat-treated blanks were machined to stand- 
ard V-notch Charpy specimens. A transition curve 
for each group was obtained by breaking the speci- 
mens at various temperatures on a 217 ft-lb impact 
machine having a striking velocity of 16.8 fps, and 
plotting the observed percentage of fibrous fracture 
vs the test temperature. From this plot, the transi- 
tion temperature was taken as the lowest tempera- 
ture at which the fracture appeared 100 pct fibrous; 
its accuracy is estimated as +5°C. 

Generally, hardness was measured on every bar. 
Since a decrease in hardness itself seems to decrease 
the transition temperature somewhat, a correction® 
of —0.28°C per Bhn was applied to permit com- 
parison of the transition temperatures on a uniform 
basis of 24 Rc. The transition temperature and 
hardness results are given in Tables I through VI. 
Where overlap of earlier work*”’ occurred, data were 
combined. 


TRANSACTIONS AIME 


o 


For most of the groups treated at a single tem- 40 
perature in the range 600° to 700°C, and for some 
of the other groups, the fractured surface of the 
specimens broken at the lowest test temperature 
(usually —195°C) was examined with the naked 
eye and under a binocular microscope at X60. Half of 
the fractured specimen was then electroplated with 
nickel, sectioned perpendicular to the notch, and 
metallographically polished. The carbide particle 
size was observed, after etching with picral, at 
X1500, using a 1.4 N. A. objective. Samples were 
then repolished and their response to a 5-min etch 
by picric acid dissolved in ethyl ether containing 
Zephiran chloride‘ was observed with the naked 
were next lightly repolished for 1 min on 

e last polishing wheel‘ and examin 
ary attack and for ferrite grain size. The grain size sreatment time. All specimens previously austenitized 1 hr 
was determined by comparison with ASTM charts. 
The path of fracture was then observed at X1000 
with a 0.85 N. A. objective. 
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Isothermal Kinetics 


In Fig. 1 the transition temperatures for the vari- 650 
ous isothermal treatments after a 1 hr temper are 
plotted as functions of the time of embrittlement. 
Fig. 2 shows the transition temperatures after vari- 
ous times of tempering. The isoembrittlement curves 
of Fig. 3 were obtained by cross plotting from Figs. 
1 and 2. 

It will be seen from Fig. 3 that there were two 
separate noses or temperature ranges in which em- 
brittlement was rapid. Lower nose embrittlement 
was most severe at 550° to 495°C; upper nose em- 400 
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30 
brittlement was most severe at 675°C, the highest pany = 
temperature studied. (The 700°C treatment, which 


was known to be above the Ae, temperature, is in- AAI NS ul 
cluded in Fig. 3 for comparison only; embrittlement 
at 700°C was more rapid than at 675°C.) 


Fig. 3—Time-temperature diagram for isothermal embrittle- 
ment of SAE 3140 steel. All specimens previously austen- 


The lower nose curves of Fig. 3 run almost hori- itized 1 hr at 900°C and water quenched. Specimens treated 
zontally at the higher temperatures. Thus, lower at 660°C and below were also given a prior temper of 1 hr 
nose embrittlement above 500°C appeared to ap- at 675°C and water quenched; plotted times for 675° and 
proach a maximum value at each treatment tem- 700°C are adjusted accordingly. 


perature; the extent of possible embrittlement de- 

creased as the temperature was raised (Fig. 4). 

Below 500°C (and possibly at 540° to 500°C), the 

time of 240 hr was apparently insufficient for the ae 
maximum possible degree of embrittlement to de- 

velop at each temperature. The curves at 550° to 

600°C (Figs. 1 and 3) suggest that, after the maxi- 

mum possible lower nose embrittlement was de- 

veloped at a fixed embrittlement temperature, fur- 

ther holding at that temperature led to a decrease 

in embrittlement. The decrease in Dene 

seems to have been terminated by the onset o ; . 
upper nose embrittlement. Although there was a 
deep bay, or region of slow embrittlement, just BW retlement os 
above 600°C, upper nose embrittlement took place function of embrit- 
here at times longer than 30 hr, and apparently tling temperature. 
continued to lower temperatures, overlapping the Isothermal embrittle- 
lower nose (Fig. 3). At 550°C, upper nose embrittle- ment up to 240 hr; 
ment appeared to show up at 1440 hr. It doubtless from curves of Fig. 3. 
would occur at still lower temperatures if the time 

was sufficiently long. No maximum in the extent of 

upper nose embrittlement was observed. 


= 


°C 


CORRECTED TRANSITION TEMPERATURE, 


-40 4 


Microstructural and Fracture Behavior 
No noticeable ferrite grain growth was observed 
in the course of embrittlement at either the upper 
or the lower nose (Table VII). 
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Fig. 5—Grains, attack by etchant, and fracture cross 
section, material embrittled in lower nose region. 
Specimen tempered 1 hr at 675°C, held 48 hr at 500°C, 
broken at —150°C. Etched 5 min in ethereal picric 
acid containing Zephiran chloride, lightly repolished 
1 min. Attack by etchant: fast; ferrite grain size: 
ASTM 12 to 14; fracture: mostly austenite grain bound- 
ary; O pct fibrous. 0.85 N. A. X1000. Reduced ap- 
proximately 25 pct for reproduction. 


The carbide particles in all specimens examined, 
as revealed by etching with picral, were spheroidal, 
with little concentration at grain boundaries. The 
carbide particle size increased somewhat at the 
longer times and higher temperatures, correspond- 
ing to upper nose embrittlement (Table VII). The 
observed carbide growth appeared to be merely part 
of the normal tempering process. 

Attack by ethereal picric acid with Zephiran 
chloride was moderate for the specimens given short 
time heat treatments (nominally unembrittled). 
With lower nose embrittlement, attack at austenite 
and ferrite grain boundaries became rapid (Fig. 5). 
With upper nose embrittlement, on the other hand, 
attack by this etching reagent became slow, Fig. 6. 
The data (Table VII) suggest that this decrease in 
etching response was somewhat faster at 650° to 
660° than at 675°C, despite the faster embrittlement 
at 675°C. At 600°C there seemed to be an increase 
in the response to etching, followed by a decrease, 
at times corresponding to lower and upper nose 
embrittlement (Fig. 3). Specimens held at 700°C, 
above the Ae, temperature, showed slow etching 
response initially or rapidly decreased in response. 

In specimens tempered for short times (nominally 
unembrittled), the surface of fracture, for speci- 
mens broken at low temperature, appeared rough 
to the naked eye and showed considerable deviation 
from a plane at the compression side. On longer 
holding in the upper nose region, the fracture be- 
came smooth and almost flat (Table VII). Holding 
in the lower nose region, however, did not change 
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Fig. 6—Grains, attack by etchant, and fracture cross 
section, material embrittled in upper nose region. 
Specimen tempered 1 hr at 675°C, held 240 hr at 
660°C, and broken at —195°C. Etched 5 min in 
ethereal picric acid containing Zephiran chloride. At- 
tack by etchant: slow; ferrite grain size: ASTM 13 to 
14; fracture: in this area, mostly ferrite grain bound- 
ary; 0 pct fibrous. 0.85 N. A. X1000. Reduced ap- 
proximately 25 pct for reproduction. 


these characteristics from those of the unembrittled 
specimens. Under a binocular microscope, at X60, 
the same changes were noticeable, with the center 
of unembrittled and lower nose specimens showing 
a two-plane appearance and the center of upper 
nose specimens displaying a wavy fracture. The 
change was most rapid at 675°C. Interestingly, the 
fracture change was slower above the Ae, at 700°C, 
despite more rapid loss of toughness in this range. 

Some scatter occurred in the fracture observa- 
tions at Xl and X60. With polished sections, at 
X1000, there was more scatter, probably attributable 
to the difficulty of judging fracture paths, Neverthe- 
less, some generalizations can be made. At short 
times (unembrittled), the path of fracture appeared 
to be predominantly transgranular cleavage. After 
longer holding above Ae,, at 700°C, and in the upper 
nose region, at 675°C and probably down to 625°, 
the fracture appeared to be predominantly along 
ferrite grain boundaries (Fig. 6). After holding in 
the lower nose region, at 600° to 500°C, the fracture 
became predominantly along austenite grain bound- 
aries (Fig. 5). 


Anisothermal Embrittlement 


The remainder of the experimental work dealt 
with the interactions of treatments at several tem- 
peratures. Table II indicates that, after severe iso- 
thermal embrittlement just below Ae,, holding at 
lower temperatures in the upper nose range pro- 
duced little change in the transition temperature. 
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A few of the measurements show a slight rise in 
transition temperature, but the amount is hardly 
greater than the experimental error. 

For specimens embrittled in the lower nose region 
and then given a second isothermal treatment at a 
lower temperature, the final embrittlement was gen- 
erally more than for either treatment separately 
(Table IV). In some cases, initial holding at the 
second temperature seemed to produce a slight drop 
in transition temperature, which on longer holding 
was replaced by an increase (Fig. 7). The decrease 
was small but occurred in several series of tests, so 
it is probably real. It seemed to make no difference 
whether the specimens were transferred directly 
from 525° to 450°C or quenched from 525°C to 
room temperature, then rapidly reheated to 450°C. 


When a specimen embrittled at one temperature 
was held at a higher temperature in the lower nose 
region, the final embrittlement appeared to approach 
that embrittlement which arose from the high-tem- 
perature treatment alone (Table V). This was true 
whether the second treatment alone gave a higherora 
lower transition temperature than the first treatment. 
Less than 1 hr at 600°C was adequate to wipe out the 
effect of 48 hr embrittlement at 500°C. Holding 100 
min at 500°C reduced the transition temperature of 
material previously embrittled 48 hr at 475°C. Since 
long holds at 500°C (Table I) gave much higher 
transition temperatures, retrogression of embrittle- 
ment apparently can take place in the lower nose 
region. 

In the upper nose region, short holds at a higher 
temperature following longer treatment at a lower 
temperature in one case left the transition tempera- 
ture unchanged and in another case decreased it 
(Table V.). The latter (temper at 650°C for 48 hr 
and heat to 675°C for 1 hr) suggests reversibility 
of upper nose embrittlement. Also, since the transi- 
tion temperature rose on longer holding at the final 
temperature, it suggests retrogression in the upper 
nose region. 

For specimens embrittled isothermally in the 
upper nose region, and then held isothermally in the 
lower nose region, the final transition temperature, 
corrected for hardness, approximated the higher of 
the two transition temperatures resulting from the 
two treatments applied separately (Tables II and 
VI). It should be noted that when the lower nose 
treatment alone gave a higher transition tempera- 
ture than the upper nose treatment, the uncorrected 
transition temperature after the two treatments ap- 
plied successively was lower than for the second 
treatment alone. . Since the long upper nose treat- 
ment produced considerable softening, however, it 
appears that the values after corrections for hard- 
ness changes are more illuminating. 


Isothermal embrittlement in the lower nose region, 
followed by isothermal holding in the upper nose 
region, gave the same transition temperature as the 
upper nose treatment alone (Table V). When, in- 
stead, after the lower nose treatment, the material 
was slowly heated into the upper nose region, then 
quenched without holding, the transition tempera- 
ture fell greatly, approaching that expected for 
treatment in the upper nose alone for a time com- 
parable to that spent in heating through this region. 
It is interesting to note that for the material heated 
rapidly to the upper nose and held, the response to 
the picric-Zephiran reagent was similar to that of 
a specimen held in the upper nose alone, and its 


TRANSACTIONS AIME 


Table IV. Embrittlement at Two Successive Lower Nose Temperatures, the Second Being Cooler Than the First* 


First Treatment 


Second Treatment After After After 
Tempera- Reiipers Both Treatments First Second 
° reatmen 
ture, °C Time Transfer ture, °C Time UTT+ Rc CTT: Alone, 
550 48 hr Quenched directly to 500 y 
i uenched directly to 450 i — = = — 

525 100 min Quenched directly to 450 100 
525 100 Quenched directly to 450 8 hr —35 23 233 —46 —70 
525 100 min Quenched directly to 450 48 hr —15 23% —14 —46 —51 
525 100 min Water quenched; reheated to 450 5 min —44 22 —41 —46 —67 
525 100 min Water quenched; reheated to 450 20 min —55 23 —53 —46 —70 
525 100 min Water quenched; reheated to 450 100 min —45 23 —43 —46 —70 
525 100 min Water quenched; reheated to 450 8 hr —35 23% —34 —46 — 10 
525 100 min Water quenched; reheated to 450 48 hr —20 23 Y2 —19 —46 —51 
525 48 hr Quenched directly to 450 5 min —10 23 — 8 —15 —67 
525 48 hr Quenched directly to 450 20 min —14 2242 —12 ely) —70 
525 48 hr Quenched directly to 450 100 min —12 22% —10 —15 —70 
525 48 hr Quenched directly to 450 8 hr 0 23 + 2 —15 —70 
525 48 hr Quenched directly to 450 48 hr +18 22 +21 —15 —51 
525 48 hr Water quenched; reheated to 450 5 min — 6 24 — 6 —15 OF 
525 48 hr Water quenched; reheated to 450 20 min —12 23% —11 —15 —70 
525 48 hr Water quenched; reheated to 450 100 min Sh 221% — 3 —15 —70 
525 48 hr Water quenched; reheated to 450 8 hr + 4 23% +5 —15 —70 
525 48 hr Water quenched; reheated to 450 48 hr +29 23% +30 —15 —51 
500 8 hr Quenched directly to 450 48 hr us 22 = —36 —51 
500 8 hr Quenched directly to 425 48 hr —24 23% —23 —36 —53 
475 48 hr Quenched directly to 375 48 hr + 5 24 + 5 —18 —65 


* All specimens previously austenitized 1 hr at 900°C, water quenched, tem y 
ahs , 5 pered 1 hr at 675°C, and water quenched. 
{+ UTT = transition temperature, °C, uncorrected for hardness variation. : 


+ CTT = transition temperature, °C, corrected to Rc 24. 


fracture behavior was also consistent with upper 
nose treatment (Table VII). 

After furnace-cooling at 17°C per hr from 675°C 
to room temperature, holding near the lower nose 
produced a decrease in transition temperature fol- 
lowed by an increase (Table VI). This behavior was 
similar to that encountered on holding in the lower 
nose region after previous isothermal holding at a 
higher temperature, with the higher temperature 
lying in the lower nose rather than in the upper 
nose region. This suggests that the embrittlement 
resulting from furnace cooling was primarily lower 
nose rather than upper nose in character. 


Discussion 

The existence of two separate temperature ranges 
within which temper embrittlement is rapid, sug- 
gested a few years ago,” ° has now been established 
for several alloy steels,** including the SAE 3140 
studied here. It seems certain that this double nose 
temper brittleness represents a general behavior of 
alloy steels. 

Temper brittleness developed in the two tempera- 
ture ranges now appears to differ in respect to frac- 
ture path and response to etching reagents. The 
causes of the two types of brittleness are still un- 
certain. Lower nose embrittlement is generally at- 
tributed either to very thin particles of precipitate, 
probably of iron carbide, at austenite grain bound- 
aries,’™ or to segregation of dissolved carbon atoms 
to austenite grain boundaries.” “ Upper nose em- 
brittlement has been attributed to ferrite grain 
growth®** or to agglomeration of carbide par- 
ticles.” * In the present experiments, however, an 
increase of more than 90°C in the corrected transi- 
tion temperature was observed during upper nose 
embrittlement with no noticeable change in ferrite 
grain size. Accordingly, it does not seem that ferrite 
grain growth can be a prime factor in the develop- 
ment of temper brittleness. Carbide growth was 
found in the upper nose region. Since tempering, 
which is mostly a process of carbide particle agglom- 
eration, usually produces a progressive increase in 
toughness,” it is not evident that the observed car- 
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bide growth would produce the observed embrittle- 
ment. Upper nose embrittlement has been called 
irreversible embrittlement,” ° but there has been no 
evidence that an increase in temperature may not 
cause it to reverse (decrease). The present work 
suggests that it is reversible; if confirmed, this would 
appear to rule out both grain growth and carbide 
growth as causes of upper nose embrittlement. It is 
worth noting that isothermal treatment above Ae,, 
where a little austenite formed,’ produced embrittle- 
ment which on the whole was similar to that de- 
veloped in the upper nose region. 

Because of the differing characteristics and prob- 
ably different causes of temper embrittlement in 
the two regions, it is necessary, in evaluating earlier 
work, to be sure whether the embrittlement there 
considered was upper nose or lower nose in char- 
acter. Relatively slow attack by ethereal picric acid 
seems to be characteristic of upper nose embrittle- 
ment. So is fracture along ferrite grain boundaries, 


60 TTTTTY T T 
e EMBRITTLED 100 min AT 525°C, QUENCHED DIRECTLY TO 450°C 
+ EMBRITTLED 100 min AT 525°C, WATER-QUENCHED, REHEATED TO 450°C 
4 EMBRITTLED 48 hr AT 525°C, QUENCHED DIRECTLY TO 450°C ai 
x EMBRITTLED 48 hr AT 525°C, WATER-QUENCHED, REHEATED x 

TO 450°C 


8 ° 8 

T T T T T 
4 1 


CORRECTED TRANSITION TEMPERATURE, °C 


° 


0.1 \ 10 


TIME AT 450°C, hrs 


Fig. 7—Behayior during isothermal holding after prior lower 
nose embrittlement at a higher temperature. All specimens 
austenitized 1 hr at 900°C, water quenched, tempered 1 hr 
at 675°C, water quenched, embrittled at 525°C, and trans- 
ferred to 450°C. 
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Table V. Embrittlement at Two Successive Temperatures, 


the Second Being Hotter Than the First* 


After After 
Tempera- Treatment Treatment 
Time. Time Transfer ture, °C Time UTT+ Rs Rc CTT: Alone, CTT+ Alone, 
1hr 650 48hr Water quenched; reheated to 675 1 hr —43 
6509] 48 hr§ Water quenched; reheated to 675 1 hr —49 
1 hr 500 240 hr Heat directly at 10°C per hr to 675 0 —65 984 19°2§ mee + 3 a 
1 hr 500 48 hr Quenched directly to 625 8 hr —65 2 Ye —63 + 
al 500 48 hr Water quenched; reheated to 600 1 hr —60 24 —60 2 
1 hr 500 48 hr Water quenched; reheated to 600 48 hr —56 —51 
hy 500 48 hr Water quenched; reheated to 600 240 hr —46 9642 16%2§ — 36 + ae 
4hr 500 48 hr Water quenched; reheated to 600 240 hr —46 97 7S —36 + ae 
4hr None Reheated to 600 240 hr —44 97% 18§ —35 mee ae 
1hr 500 8hr Quenched directly to 550 48 hr —42 22 —39 — = ea 
lhr 475 48 hr Water quenched; reheated to 500 100 min —33 24 —33 ae ae 
1 hr 450 48 hr Quenched directly to 500 8 hr —39 22 —36 
lhr 425 48 hr Quenched directly to 500 8 hr —39 23% —38 
i deve 375 48 hr Quenched directly to 475 48 hr —10 23 —8 — 
* Specimens previously austenitized 1 hr at 900°C, water quenched, tempered at 675°C, and water quenched, except as noted. 
+ UTT = transition temperature, °C, uncorrected for hardness variation. 
+ CTT = transition temperature, °C, corrected to Rc 24. 
{ This treatment was given directly after water quenching from 900°C. 
§ Re converted from Rs. 
Table VI. Other Successive Embrittlement Treatments 
First Treatment Second Treatment After After 
Cooling From Tempera- Tempera- Treatmen reatmen i 
°C Time Transfer ture, °C Time UTT+ Rc CTT: Alone, Alone, 
Water quenched 625° 8 hr Quenched directly to 500 48 hr —9 21 —4 —60 +2 
17°C per hr None None —10 21 —5 —5 —5 
17°C per hr None Reheated to 500 5 min —10 22% —8 —5 —8 
17°C per hr None Reheated to 500 15 min —20 20% —15 —5 —15 
17°C per hr None Reheated to 500 30 min —23 21% —19 —5 —19 
17°C per hr None Reheated to 500 60 min —14 21 —9 —5 —9 
17°C per hr None Reheated to 500 8 hr 10 221% —8 —5 —8 
17°C per hr None Reheated to 500 48 hr +2 21% +6 —5 +6 


* All specimens previously austenitized 1 hr at 900°C, water quenched, and tempered 1 hr at 675°C. 
+ UTT = transition temperature, °C, uncorrected for hardness variation. 


t CTT = transition temperature, °C, corrected to Rc 24. 


according to this and other work.* Plain carbon steel 
embrittled isothermally shows little response to the 
etchant’ and is reported” to fracture predominantly 
by cleavage rather than along austenite grain bound- 
aries; cleavage is difficult to distinguish from frac- 
ture along ferrite grain boundaries. Accordingly, 
isothermal temper embrittlement in plain carbon 
steels must be mostly upper nose in character. That 
some lower nose embrittlement occurs in plain car- 
bon steels, both isothermally and on slow cooling, 
is, however, indicated by fracture” “ and by etching 
results.” 

The shape of the isoembrittlement curves as ob- 
served in this work (Fig. 3) suggests that the rate 
of lower nose embrittlement below 500°C is diffu- 
sion-controlled. The almost horizontal course of the 
curves for long times at the higher lower nose tem- 
peratures and the dependence of the maximum de- 
gree of lower nose embrittlement upon the em- 
brittling temperature (Fig. 4) are probably the basis 
for the old idea” of equilibrium degree of embrittle- 
ment. That the maximum embrittlement reached at 
each temperature is not governed by equilibrium 
conditions is indicated by the decrease in embrittle- 
ment on further holding (Fig. 1). This decrease ap- 
pears analogous” to the decrease in hardness on 
overaging an age-hardening system. Such over- 
aging, or decrease in embrittlement, would appear 
to rule out segregation in solid solution as a cause 
of lower nose embrittlement. The increase in transi- 
tion temperature which takes place subsequent to 
the decrease has been observed in other steels” ” 
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and attributed to upper nose embrittlement over- 
lapping the lower nose at long times.” ” 

The authors previously reported” that, when sam- 
ples of this steel were embrittled at one tempera- 
ture, then heated to a higher temperature and held 
there, embrittlement could first decrease and then 
increase. They interpreted this as retrogression, in 
which small precipitate particles dissolve rapidly at 
the higher temperature, but larger particles pre- 
cipitate on longer holding.” ” In light of the later 
recognition of upper and lower noses, it now ap- 
pears that the earlier experiments, using 500° and 
675°C as the two temperatures, can be explained as 
removal of lower nose embrittlement followed by 
the development .of upper nose embrittlement. The 
experiment described here, in which 475° and 500°C 
were the two temperatures, cannot be so explained, 
and lower nose embrittlement seems to be asso- 
ciated with true. retrogression. The experiment in 
the present work using 650° and 675°C tempera- 
tures suggests that theories of upper nose embrittle- 
ment may also have to account for retrogression. 

It was mentioned previously that the behavior, on 
reheating and holding at constant temperature, of 
material embrittled by slow cooling from just below 
Ae,, indicates that the embrittlement during this 
slow cooling was of the lower nose variety. So does 
the observation that material embrittled by slow 
cooling becomes tougher as slow reheating proceeds, 
starting in the lower nose region;” upper nose em- 
brittlement would not be decreased by such treat- 
ments. The fact that ethereal picric acid with 
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Table VII. Microstructural and Fracture Data* 


Fracture, Surface 


Fracture Appearance 
Ferrite Attack by Ethereal Compression, ze x 
Treatment Grain Size, LORD? Side Deviation X60, at 
Carbide Size, X800 X60 xi Mostly 1000, Mostly 
stly , Mostly 
: Specimens Te i i 
for Given Time at 700°C 
12 to 14 Sharp Sharp Rough Two-plane Cleavage 
100 min <1 Sharp Sharp Rough Two-plane Cleavage 
8 hr 14 30'pet 1,70 pet <1 Sharp Rough Two-plane Cleavage 
240 hr 12 to 14 1 ig mooth Wavy Ferrite grain boundary 
90 pet 1 to2,10 pet <1 Slow Slow Slight Slight Smooth Wavy Ferrite grain boundary (?) 
Specimens Tempered for Given Time at 675°C 
5 min 13 to 14 1 i i 
60 min ex 1 p arp oug Two-plane Cleavage 
She 14 1 1 1 ig moo Wavy Ferrite grain boundary 
Medium. Slight Slight Smooth Wavy Ferrite grain boundary 
’ pet <= Slow Slow Slight Slight Smooth Wavy Ferrite grain boundary (7?) 
Specimens Tempered for Given Time at 650°C 
AiG 13 to14 = Medium Medium Sharp Sharp Rough Two-plane Cleavage 
13 to 14 <1 p arp oug Two-plane Cleavage 
Sharp Sharp Rough Two-pl Cl 
48 hr 13 to 14 1 wo-plane eavage 
’ p edium edium Slight Slight Smooth Wavy Ferrite grain boundary (7?) 
All Specimens Tempered 1 Hr at 675°C 
ee ee Specimens Embrittled for Given Time at 660°C 
min o 14 << Medium Medium Shar Sh. R h 
100 Gai 1 edi arp Sharp Rough Two-plane Cleavage 
Medium Medium Sharp Slight Rough Two-plane Ferrite grain boundary 
Medium Medium Slight Slight Smooth Two-plan 
48 hr 13 to 14 40 pct 1, 60 pct i i i S eae moe 
pet. <1 Medium Medium Slight Slight Smooth Wavy Cleavage 
240 hr 13tol4 90 pet 1 to2 suche 
Ow Ow g ight Smooth Wavy Cleavage or ferrite 
srain boundar 
Specimens Embrittled for Given Time at 650°C 
min 1 <i! Medium Medium Sharp Shar 
1 L i p Rough Two-plane Cleavage 
Medium. Medium Sharp Sharp Rough Two-plane Cleavage 
in fo) Medium Medium Sharp Sharp Rough Two-plane Austenite grain boundary 
r 3 to 14 cal Medium Medium Slight Slight Smooth Two-plane Cleavage 
48 hr 13 to 14 35 pet 1,.65 pet <1 Slow Slow Slight Slight Smooth Wavy Cleavage 
240 hr 13 to 14 90 pet 1 to 2 Slow Slow Slight Slight Smooth Wavy Cleavage or ferrite 
rain boundar 
Specimens Embrittled for Given Time at 625°C 
5 min 13 to 14 <a! — Medium Slight Sligh - 
20 min 13 to 14 Medium Medium Sharp 
100 min 12 to 14 Few 1, rest <1 Medium Medium Sharp Sharp Rough Two-plane Cleavage 
8 hr 14 Few 1, rest <1 Medium Medium Sharp Sharp Rough Two-plane Cleavage 
48 hr 14 <A Medium Medium Slight Slight Smooth Wavy Cleavage 
240 hr 13 to 14 85 pet 1to2,15 pct <1 Slow Medium Slight Slight Smooth Wavy Cleavage or ferrite 
: rain boundary 
Specimens Embrittled for Given Time at 600°C : 
5 min 14 al Medium Medium Slight Slight - 
20 min 13 to 14 Fast. Medium Sharp 
100 min 13 to 14 <i Medium Medium Sharp Sharp Rough Two-plane Cleavage 
8 hr 13 to 14 <a Fast_ Medium Sharp Sharp Rough Two-plane Austenite grain boundary 
48 hr 14 <1 Medium Medium Slight Slight Smooth Wavy Austenite grain boundary 
240 hr 13 to 14 30 pct 1, 70 pct <1 Medium Medium Slight Slight Smooth Wavy Cleavage or ferrite 
e grain boundary 
Specimens Embrittled for Given Time at 550°C 
1440 hr — — — Medium — — — Two-plane Austenite grain boundary 
Specimens Embrittled for Given Time at 500°C 
48 hr 12 to 14 <alt Fast Fast Sharp Sharp Rough Two-plane Austenite grain boundary 


Embrittled 48 Hr at 500°C, Reheated 1 Hr at 675°C 


Medium Slight Sharp 


Rough Two-plane Ferrite grain boundary (?) 


* All specimens previously austenitized 1 hr at 900°C and water quenched. 


Zephiran chloride attacks specimens embrittled by 
slow cooling more severely than it attacks unem- 
brittled specimens‘ also indicates a lower nose char- 
acter for such embrittlement. Micrographs of the 
heat of SAE 3140 steel used in the present work,” 
as well as of other Ni-Cr steels,” * plainly show 
fracture along austenite grain boundaries after em- 
brittlement -by slow cooling. This in itself appears 
conclusive. Since the furnace cooling treatment pro- 
duces lower nose embrittlement, it is now clear that 
earlier work” on the same heat of steel, involving 
similar furnace cooling together with treatments at 
and below 500°C for not over 48 hr, pertained to 
lower nose embrittlement. The conclusion reached 
there, that embrittlement during 17°C per hr cool- 
ing occurred mostly above 500°C, takes on added 
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interest: as there is little lower nose embrittlement 
above 600°C, almost all the embrittlement of this 
steel on cooling must occur between 600° and 500°C. 


Conclusions 

1) The Ni-Cr steel investigated showed two 
temperature regions in which temper brittleness de- 
veloped rapidly and isothermally. The lower range 
extended downward from about 600°C, with most 
rapid embrittlement at 550° to 490°C, and continued 
to low temperatures, where the embrittlement be- 
came very slow. The upper range extended from 
the Ae, (about 690°C), where embrittlement was 
most rapid, and continued downward, overlapping 
the lower range, with the upper nose embrittlement 
becoming very slow as the temperature was lowered. 
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2) The maximum degree of lower nose embrit- 
tlement attained on isothermal holding increased as 
the holding temperature was lowered, at least down 


3) On long time isothermal holding, lower nose 
embrittlement appeared to decrease (overaging). 
This seems to eliminate segregation in solid solution 
as a possible cause of lower nose embrittlement. 


4) Development of temper brittleness during 
slow cooling appeared to be associated primarily 
with the lower nose, rather than with the upper; 
in the steel studied, it took place mostly between 
600° and 500°C. 


5) Material embrittled in the lower region was 
more rapidly attacked by ethereal picric acid, at 
austenite and ferrite grain boundaries, than was 
unembrittled material. Material embrittled in the 
upper range was, if anything, attacked less rapidly 
than unembrittled material. 


6) The crystalline fractures of impact test speci- 
mens, broken at low testing temperatures, appeared 
different, even to the naked eye, for material em- 
brittled in the upper region than for material un- 
embrittled or embrittled in the lower region. In 
metallographic sections observed at high magnifica- 
tion, the fracture appeared to be, after upper nose 
embrittlement, predominantly along ferrite grain 
boundaries; after lower nose embrittlement, along 
austenite grain boundaries; and in the unembrittled 
condition, through the grains, by cleavage. 


7) Neither upper nor lower nose embrittlement 
appeared associated with ferrite grain growth; little 
grain growth occurred in any of the treatments used. 


8) In both upper and lower nose embrittlement, 
the carbide particles visible under the microscope 
remained spheroidal and showed little tendency to 
concentrate at grain boundaries. 


9) The carbide particle size increased somewhat 
during upper nose embrittlement. This is believed 
to be part of the normal tempering process and 


probably not a prime cause of upper nose embrittle- 
ment. 


10) When steel embrittled by holding at one 
temperature was heated to a higher temperature 
(below Ae,) and held there, the degree of embrittle- 
ment, and probably the response to etching, rapidly 
approached that attributable to the treatment at the 
higher temperature alone. The location of the two 
temperatures with respect to the two noses did not 
affect this behavior. It is possible that not only 


lower nose but also upper nose embrittlement is 
reversible. 


11) When steel embrittled by holding at one 
temperature was held at a lower temperature, the 
final degree of embrittlement was generally as great 
or slightly greater than if the treatment giving the 
greater degree of embrittlement were applied alone. 
An apparent exception occurred when both tem- 
peratures led to lower nose embrittlement. In this 
case, transfer to the lower temperature sometimes 
produced a slight decrease in brittleness, which be- 
came an increase on longer holding. 
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12) Isothermal temper embrittlement in plain 
carbon steel is mostly characterized by etching and 
fracture behavior corresponding to upper nose em- 
brittlement of a Ni-Cr steel. A portion of the em- 
brittlement of plain carbon steels, both isothermally 
and on slow cooling, is, however, analogous to lower 
nose embrittlement of the alloy steel. 


13) The two commonly accepted explanations of 
upper nose embrittlement—-ferrite grain growth and 
carbide particle growth—seem difficult to reconcile 
with the experimental observations. Of the two 
commonly accepted explanations of lower nose em- 
brittlement—segregation of dissolved atoms to grain 
boundaries and precipitation of an unidentified phase 
at grain boundaries—the first seems impossible to 
reconcile with the experimental observations. 
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Free Energy of Formation of Mn,C, From 


Vapor Pressure Measurements 


by C. Law McCabe and R. G. Hudson 


The Knudsen cell has been employed to determine the free energy of formation 
of Mn-C, in the temperature range 800° to 950°C. A value of 66,440 cal was found 
for AH®*, for a-manganese. Measurements of the pressure of manganese over a mixed 
carbide, (Fe,Mn):C:, points to a power relationship between and Numics. 


ke Kuo and Persson’ have reported that 
; the carbide of manganese which is in equilib- 
rium with graphite at temperatures up to 1100°C is 
Mn,C,. There are no published data on the thermo- 
dynamic properties of this compound. In order to 
determine the stability of Mn,C,, it appeared that, 
by obtaining the pressure of manganese above f- 
manganese and also above Mn,.C, in equilibrium 
with graphite, the free energy of formation of Mn,C, 
from 8-manganese and graphite could be obtained. 
In addition, the vapor pressure of manganese, re- 
ported by Kelley* from data of Bauer and Brunner,‘ 
is subject to some uncertainty and further deter- 
minations of the vapor pressure of manganese 
seemed warranted. 

In this investigation of the pressure of manganese 
vapor above pure manganese and also above the 
carbide of manganese in equilibrium with graphite 
the apparatus used is the Knudsen orifice cell. The 
same apparatus, experimental procedure, and meth- 
od of calculating the pressure was used in this in- 
vestigation as in one previously reported.’ Care was 
taken to insure that the cells were at constant weight 
before using them in a run. 

The manganese charged in the cell was CP grade 
powder, carbon free, obtained from the Fisher Scien- 
tific Co. A spectroscopic analysis of the manganese 
after appreciable amounts of it had vaporized from 
the Knudsen cell showed that no element was present 
in sufficient quantities to contribute to a weighable 
weight loss or to decrease the vapor pressure of 
manganese to any appreciable extent. The spectro- 
graphic analysis was 0.002 pct Cu, 0.05 pct Fe, 0.002 
pet Pb, and 0.002 pct Ni. @-manganese’ is the allo- 
tropic form of manganese which was present in the 
cell at temperatures used in this investigation. 

The manganese carbide, Mn,C., was made in the 
following way: In a closed graphite cell manganese 
powder was added to graphite powder, which was 
made from graphite rods for spectrographic use. 
The manganese powder was the same as that de- 
scribed previously; 5 pct excess graphite was added 
over that required for the formation of Mn,C;. The 
mixture was heated in a closed graphite cell for 
approximately 20 hr at 1350°K under vacuum. X-ray 
analysis revealed that there was no manganese 
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M @ This investigation, molybdenum cell 

—Mn— 

O This investigation, zirconia cell 

X K.K.Kelley calculation 
—Mn,C3- Graphite — 

A This investigation, graphite cell 


A This investigation, zirconia cell 


-6.0/— 


Log Fu, (ctmospheres) 


\/T x 104(°K) 


Fig. 1—The pressure of manganese vapor above pure manga- 
nese metal and above Mn-C; in equilibrium with graphite. 


present after this treatment, but that the lines due 
to Mn,C, were present. 

In order to prove that there was no volatile car- 
bide of manganese which was effusing out of the 
cell, the following experiment was performed: A 
graphite effusion cell containing graphite power, in 
excess of that to form Mn,C, of a desired amount, 
was brought to constant weight on heating at 1228°K. 
The required amount of manganese was accurately 
weighed and then added to the graphite effusion 
cell. The cell was placed in a vacuum at 1228°K 
for one week, which was the time calculated for the 
manganese to have effused completely, assuming 
instantaneous formation of Mn,C;. The cell was then 
weighed again. This experiment was carried out 
on two different occasions and both times the weight 
loss of the cell came within 1 pct of the weight of 
manganese originally charged minus the weight of 
manganese left in the cell, as determined by chemi- 
cal analysis. These data are summarized in Table I. 
This agreement is considered to be within experi- 
mental error and is taken as proof that no carbide 
of manganese is volatile in this temperature range. 
It was established, by X-ray analysis, that Mn,C, 
formed before appreciable amounts of manganese 
vaporized from the metal powder which was charged. 

The identification of the carbide of manganese 
which was present in the Knudsen cell in equilibrium 
with graphite and manganese vapor was carried out 
by Kehsin Kuo at the University of Uppsala. He 
established that the authors’ sample, which was 
submitted to him for analysis, contained the phase 
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Table |. Data for Nonvyolatility Determinations of a Carbide 
of Manganese 
Calculated* Mn Left in Cell 
Run Original Wt Wt Loss Mn Left by Chemical 
No. of Mn, G of Cell, G in Cell, G Analysis, G 
la 0.2974 0.2891 0.0083 0.0091 
2a 0.3042 0.3042 0.0000 0.0028 


* Calculated, assuming all weight loss of cell due to effusion of 
manganese only. 


Table Il. Summary of Experimental Data on Manganese 
Ori- 
fice Time Pres- 1 
Run Type Area, Grams of Run, sure, _ 
No. of Cell Cm2 Effused Min Atm Logp Tx104 
2 Zirconia 0.002756 0.0246 1052 1.51x10- -—4.823 8.097 
3 Zirconia 0.002756 0.0234 1000 1.51x10- -—4.822 8.097 
7 Zirconia 0.002756 0.0124 1038 7.59x10-6 -—5.120 8.319 
8 Zirconia 0.002756 0.0377 3770 6.34x10-6 —5.198 8.340 
9 Zirconia 0.002756 0.0159 8340 1.17x10-@ —5.931 8.881 
10 Zirconia 0.002756 0.0155 2615 3.72x10-6 —5.429 8.496 
11 Zirconia 0.002756 0.0134 3892 2.14x10-6 —5.670 8.696 
13 Zirconia 0.020221 0.0059 950 5.01x10-7 -—6.301 9.099 
14 Zirconia 0.020221 0.0120 3900 2.45x10-7 —6.611 9.302 
16 Molybdenum 0.002321 0.0183 1045 1.34x10-> -—4.873 8.157 
17 Molybdenum 0.002321 0.0230 1343 1.31x10-5 —4.883 8.177 


Table Ill. Summary of Experimental Data for Mn-;Cz 
Ori- 
fice  Pres- 
Run Type Area, Grams of Run, sure, — 
No. of Cell Effused Min Atm Logp Tx 10+ 
4 Graphite 0.01315 0.0189 968 2.60x10-6 —5.585 8.157 
5 Graphite 0.01315 0.0236 1187 2.65x10-@ —5.577 8.157 
6 Graphite 0.01315 0.0163 2281 9.37x10-7 —6.029 8.460 
7 Graphite 0.01315 0.0101 5220 2.47x10-7 —6.607 8.865 
8 Graphite 0.01315 0.0113 884 1.69x10-6 -—5.772 8.278 
9 Graphite 0.01315 0.0088 2230 5.13x10-7 —6.291 8.621 
10 Graphite 0.01315 0.0082 13943 7.39x10-5 —7.131 9.242 
12 Graphite 0.02119 0.0349 1103 2.62x10-6 —5.583 8.143 
13 Graphite 0.02119 0.0331 1020 2.66x10-@ —5.574 8.143 


21 Zirconia 
22 Zirconia 
23 Zirconia 
18 Graphite 


0.00836 0.0150 1102 2.85x10-6 —5.545 8.137 
0.00836 0.0145 1090 2.78x10-8 -—5.555 8.143 
0.00836 0.0151 1095 2.89x10-6 —5.539 8.137 
0.00836 0.0254 915 2.28x10-° —5.642 8.170 


Table IV. Data for Whitman Corrections 


L, 
( To Cell Ht to 


Orifice Cell Ra- Ori- 
Area, Area, Te dius, fice, 

Cell Cm2 Cm2 = f Cm? Cm L/,, Wa K 
Zirconia 0.002756 0.6362 0.0043 5 1.20 2.67 0.447 0.995 
Zirconia 0.020218 0.6362 0.0318 0.45 1.20 2.67 0.447 0.968 
Zirconia 0.008357 0.6362 0.0131 0.45 1.20 2.67 0.447 0.984 
Molybdenum 0.002321 1.5394 0.0015 0.70 1.50 2.14 0.498 0.998 
Graphite 0.013150 1.3270 0.0099 0.65 1.50 2.31 0.480 0.989 
Graphite 0.021188 1.3270 0.1597 65 1.50 2.31 0.480 0.983 


Table V. Summary of Calculation of AH°, 


Run (F°-H°%%) (F°-H%%) 

No. AF° (G) (B-Mn) AF°-AH°% AH * 
2 1235 27,257 — 53,833 ~-14,782 —39,051 66,308 
3 1235 27,251 —53,833 —14,782 —39,051 66,302 
7 1202 28,162 —52,234 —14,127 — 38,107 66,269 
8 1199 28,519 — 52,089 —14,071 — 38,017 66,536 
9 1126 30,560 — 48,563 — 12,666 — 35,897 66,457 

10 1177 29,240 —51,024 —13,642 — 37,382 66,622 

11 1150 29,838 —49,721 —13,122 —36,599 66,437 

13 1099 31,688 —47,269 —12,157 — 35,112 66,800 

14 1075 32,521 — 46,118 —11,710 — 34,408 66,929 

16 1226 27,338 —53,395 — 14,599 — 38,796 66,134 

17 1223 27,327 —53,250 —14,543 — 38,707 66,034 


* Mean = 66,440+259 cal. 
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Mn,C,, whose structure recently was reported by 
Kuo and Persson.’ 

The summary of the experimental data and calcu- 
lated pressure of manganese, including the correc- 
tion (see Table IV), outlined by Whitman,’ above 
pure manganese and above the manganese carbide 
in equilibrium with graphite is given in Tables I 
and III. It should be noted that the pressure is inde- 
pendent of the cell material. The pressure of man- 
ganese vapor as a function of temperature for the 
two systems studied is plotted in Fig. 1. 

The least-squares line for the pressure of man- 
ganese vapor, as a function of temperature, above 
A-manganese is 


14,770 


The least-squares line for the pressure of man- 
ganese vapor above Mn,C, and graphite is 


14,290 
[2] 


Discussion 

The foregoing vapor pressure data for @-manga- 
nese allows one to calculate AH°, for the vaporiza- 
tion of a-manganese. Table V gives a summary of 
the calculations. The pertinent data for this calcu- 
lation were taken from Kelley, Naylor, and Shomate,* 
who used the data of Charlotte E. Moore® for the 
energy levels for manganese gas. The mean value 
for AH°, calculated from the data presented here is 
66,440 cal with a probable error of +260 cal. Kelley’ 
obtained 67,930 cal for AH®,, with a probable error 
of +410 cal. From Fig. 1 it is seen that the data 
reported here are within 38 pct of the value of the 
vapor pressure of 6-manganese at 1220°K calculated 
by Kelley.* 

The primary purpose of the pressure measure- 
ments reported here was to obtain the standard free 
energy of formation of the carbide of manganese 
in equilibrium with graphite and manganese vapor. 
In all cases for solids the pure substance is the 
standard state while for gases 1 atm is the standard 
state. The chemical reaction, based on the conven- 
tion used by Richardson,” is 


7 1 
If the following two reactions are considered 
7 7 
[4] 
. 7 
= In Pun 
7 il 
7 


their sum equals Eq. 3. The AF° for Eq. 3 then be- 
comes 


AF°, = —— 
3 
A substitution of Eqs. 1 and 2 in Eq. 6 gives the 
following two-constant equation for AF°, = f(T) for 
Eq. 3 


RT In [6] 


This equation is valid in the temperature range 
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studied. When heat capacity measurements are 
made on Mn,C,, the standard free energy of forma- 
tion of the Mn,C, can be calculated at other tem- 
peratures. 

Kq. 7 has been employed to calculate the standard 
free energy of formation of Mn,C,; from the vapor 
pressure data obtained in this investigation. At 
1200°K, it is —8842 cal. Using the equations calcu- 
lated by Richardson’ from equilibrium and thermal 
data for the free energy of formation of Cr Creat 
1200°K, AF° is —16,360 cal. Thus, these thermo- 
dynamic data show that Cr,C, is more stable, rela- 
tive to pure metal and solid graphite, than Mn,C,. 
This is consistent with the common knowledge that 
chromium is a stronger carbide former than man- 
ganese. 

Some additional pressure experiments were car- 
ried out on a sample of high carbon ferromanganese. 
The mol fraction of Mn,C, (Nwn,c,), in the mixed 
carbide, calculated on the assumption that all the 
Manganese was present as Mn,C, and all of the iron 
was present as Fe,C;, was 0.86. There was present 
approximately 0.5 pct Si, which was ignored in the 
mol fraction calculation. Enough graphite powder 
was added to the crushed material to insure that it 
was saturated with graphite. The phase diagram’ 
of the Fe-Mn-C system in range of composition and 
the temperature of the experiment shows that a 
mixed carbide, (Mn,Fe),C;, is the stable phase in 
equilibrium with solid graphite and manganese gas. 
The experiments were carried out in a graphite cell 
in the same apparatus as in the foregoing work on 
the pure Mn,C;. At 1227°K the pressure of manga- 
nese gas above the high carbon ferromanganese was 
2.11x10° atm, compared to the pressure of 2.63x10° 
atm above the pure Mn,C,;. The ratio of the pressure 
of manganese gas above the mixed carbide to that 
above the pure Mn,C;, is readily calculated from the 
foregoing experiment to be 0.80. If the reaction 


7 1 
Mn(gas) + C(graphite) @ 

Mn,C; (solid or solid solution) [8] 
is considered, the equilibrium constant is 


1/3 
K [9] 
a, (Pun) 


and thus the activity of Mn,C, in the mixed carbide 
will be 

= (KG,)° Dun” [10] 

The equilibrium constant is easily calculated from 

the experimental determination of the pressure of 

manganese gas above pure Mn,C, in equilibrium 
with graphite. Thus 

(p wn) 


where p°y, is the pressure of the manganese gas 
under conditions where dmn,c; = 1 and a, = 1. Solv- 
ing Eqs. 10 and 11 simultaneously 


( ) 
= 


Since (0.80)’ is much less than 0.86, it thus would 
seem that there are extreme negative deviations 
from Raoult’s law. However, this is only apparent. 
For a similar case Richardson’ has shown that the 
activity of Mn,C in a mixed carbide, (Fe,Mn).C, is 
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equal to the mol fraction of Mn,C to the third 
power. He states that this power relationship re- 
sults from a consideration of the configurational en- 
tropy. Another, yet probably equivalent, method to 
show the power relationship is to evaluate the mol 
fraction of Mn,C, in what might be considered a 
proper fashion. For each group of three carbon 
atoms in a formula unit, there will occur various 
numbers of manganese and iron atoms. From ele- 
mentary statistical considerations the fraction of the 
formula units which will have seven manganese 
atoms, rather than any other combination of iron 
and manganese associated with them, will be 
(Nunes) *. 

Defining the mol fraction of Mn,C;, in this fashion 
will result in rather close conformity to Raoult’s 
law, which is expected in this system. Thus, for the 
one mixed carbide reported previously 


= = (0.86)* 
(0.80)* 


Mn 


= 


where N’ refers to the mol fraction of Mn,C, cal- 
culated in the proper manner. A more extensive 
study of the thermodynamics of the Fe, Mn carbides 
will soon be started. 


Conclusions 

1) It has been demonstrated that it is feasible to 
use the Knudsen orifice method to measure, at high 
temperatures, pressures which can be used to deter- 
mine quantitatively the thermodynamic stability of 
a metal carbide. 

2) The AH®, for the vaporization of a-manga- 
nese has been calculated from the Knudsen cell 
vapor pressure data on $6-manganese. It is 66,440 
cal; similarly, Kelley* obtained AH°, = 67,930 cal 
from the vapor pressure data of Bauer and Brunner’ 
on liquid manganese. 

3) The free energy of formation of Mn,C; has 
been calculated from the pressure of manganese 
vapor over 6-manganese and over Mn,C, in equilib- 
rium with graphite, for the temperature range 

4) <A power relationship between dun,cz and Nun;cs 
has been demonstrated experimentally in the mixed 
carbide (Fe, Mn)-,C3. 
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On the Nature of Embrittlement Occurring While 
Tempering a Ni-Cr Alloy Steel 


Data are presented to show that embrittlement in a Ni-Cr alloy steel proceeds by one mecha- 
nism at 925°F and by a different mechanism at 1250°F. The embrittlement occurring at 925°F may 
be removed completely by reheating to higher temperatures for very short times and has no influ- 
ence upon further embrittlement at 1250°F. The embrittlement occurring at 1250°F appears related 
to a permanent structural change which has a significant retarding influence upon subsequent de- 


velopment of embrittlement at 925°F. 


It is suggested that retrogression phenomena are not neces- 


sary to explain embrittlement; on the other hand, segregation of solute atoms to prior austenite 
and ferrite grain boundaries may provide a better explanation of the occurrence of the two modes 


of embrittlement. 


by G. Bhat and J. F. Libsch 


STUDY of the kinetics of embrittlement in 

engineering alloy steels during tempering has 
indicated that the presence of alloying elements may 
define two distinct regions of embrittlement: 1) at 
800° to 1000°F, termed low temperature embrittle- 
ment, and 2) in the temperature range 1150° to 
1250°F, termed high temperature embrittlement.’ 
It has been suggested that embrittlement in each re- 
gion may be due to a different mechanism. At inter- 
mediate temperatures and extended times the course 
of embrittlement may be influenced by the super- 
position of the embrittlement occurring in the two 
regions. Furthermore, low temperature embrittle- 
ment has been known to decrease as the tempera- 
ture is raised slightly above the maximum em- 
brittlement range.* 

Jaffe and Buffum’ have presented data for a 
Ni-Cr steel illustrating the removal of the em- 
brittlement occurring at 932°F by reheating to 
1250°F for an hour. Their data further shows that 
embrittlement proceeds continuously with increased 
time at 1250°F, becoming pronounced at long times. 
They interpreted this behavior as a retrogression 
phenomenon involving the solution of the small 
nuclei of precipitate formed at 932°F as the temper- 
ature was increased, and reprecipitation of larger 
nuclei stable at 1250°F, with the reoccurrence of 
embrittlement. 

It appears desirable to reconsider this explanation 
in the light of the two regions of embrittlement pro- 
posed by the authors’ for some alloy steels. In addi- 
tion, it appears desirable to determine any influence 
of a preconditioning treatment in each temperature 
range upon subsequent development of low and 
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Fig. 1—Influence of reheating temperature and time on the 
removal of embrittlement developed at 925°F in 50 hr. 
Transition temperature of 80°F as-embrittled at 925°F for 
50 hr. 


high temperature embrittlement. It is thus the ob- 
ject of this investigation to study the characteristics 
of the two modes of embrittlement proposed in a 
commercial Ni-Cr alloy steel (AISI 3140). 


Experimental Details 

Material—The material used in this investigation 
was commercial AISI 3140 steel bar stock, received 
as % in. hot-rolled rounds. 

The steel analysis was as follows (in percentages): 
C, 0.39; Mn, 0.79; Si, 0.30; S, 0.028; P, 0.015: Ni,1:26: 
(Cae, 

Material Processing and Heat Treatment—The 
bar stock was first ground to 0.430 in. squares and 
cut into specimens 2%4 in. long. These specimens 
were austenitized at 1650°F for 1 hr and oil 
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quenched. The microstructure of the quenched 
specimens was essentially 100 pct martensite and 
the fracture grain size was ASTM 7. 

All hardened specimens were tempered by induc- 
tion heating at 1250°F for 5 sec. Specimens given 
this treatment provided the minimum transition 
temperature and served as a basis for comparison of 
subsequently embrittled specimens. This treatment 
also reduced the hardness differential in the em- 
brittled series. 

Subsequent to the preliminary heat treatment, 
two groups of specimens were embrittled at 925°F 
for 50 hr, providing a transition temperature of 
80°F. Series of specimens thus treated were then 
reheated at increasing temperatures for varying 
times, as indicated by the data of Figs. 1 and 2, to 
study the removal of low temperature embrittlement 
and the development of embrittlement at 1250°F 
after the preconditioning treatment at 925°F. For 
comparison purposes a few series of specimens 
were directly embrittled for various times at 1250°F. 

To study the influence of a preconditioning treat- 
ment at high temperature (1250°F) upon subse- 
quent development of embrittlement at 925°F, a 
group of specimens was embrittled at 1250°F for 50 
hr providing a transition temperature of —37°F. 
Series of specimens thus treated were reheated at 
925°F for various times as indicated in Fig. 3. For 
comparison purposes a few series of specimens were 
directly embrittled for various times at 925°F. 
After each embrittling treatment specimens were 
quenched in water. 

The embrittled specimens were machined into 
standard V-notched Charpy bars and tested to de- 
velop transition curves of ductile to brittle-type 
failure under impact loading. Transition tempera- 
tures were then determined from the curves relat- 
ing impact energy, percentage of fibrous fracture, 
and testing temperature by noting 1) the tempera- 
ture of initial appearance of brittle fracture, and 
2) the temperature at one half of the maximum im- 
pact energy level obtained for completely fibrous 
fractures. For the purpose of this study the transi- 
tion temperature used was the temperature of the 
initial appearance of brittle failure. While the ab- 
solute values of the transition temperature varied 
with the criterion used, the general conclusions re- 
garding the embrittlement characteristics of the 
steel were consistent. 
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EMBRITTLING TIME IN SECONDS 


Results 

Fig. 1 shows the rate and extent of removal of 
embrittlement by reheating to successively higher 
temperatures one group of specimens embrittled at 
925°F for 50 hr. The three curves represent speci- 
mens held for 5, 15, and 60 min respectively, at each 
of the reheating temperatures. 

The hardness for specimens reheated as indicated 
varied from Rc 28 to 32, with the exception of the 
series reheated to 1250°F for 15 min and 1 hr which 
had a hardness of Rc 27 and 22, respectively. 

The results of experiments conducted to study the 
development of embrittlement at 1250°F after the 
preconditioning treatment at 925°F for 50 hr, as 
well as those for specimens directly embrittled at 
1250°F, are presented graphically in Fig. 2. The 
hardnesses for series of specimens represented by 
the two curves shown were similar but varied from 
Rc 32 to 11, decreasing with increasing embrittling 
times. 

Fig. 3 compares the results of specimens directly 
embrittled at 925°F and specimens reheated to 
925°F for various times after prior embrittlement 
at 1250°F for 50 hr. Specimens directly embrittled 
at 925°F had a hardness of Re 32 to 34, while speci- 
mens given the preconditioning treatment at 1250°F 
had a hardness of Re 11 to 15. 


Discussion of Results 

An examination of results presented in Fig. 1 in- 
dicates that the removal of embrittlement is more 
dependent on temperature than on time at any par- 
ticular reheating temperature. A considerable part 
of the embrittlement which occurred at 925°F in 50 
hr appears to have been removed upon reheating be- 
tween 1025° and 1125°F. It is interesting to note 
that this corresponds to the same temperature range 
where embrittlement is considerably retarded dur- 
ing isothermal tempering as indicated by an iso- 
embrittlement diagram.” Almost complete removal 
of embrittlement with remarkably short reheating 
times may be secured by reheating at 1250°F. 
Longer holding times at 1250°F, however, then 
cause embrittlement to recur, apparently according 
to the high temperature mode. 

The redevelopment of embrittlement at 1250°F 
after a preconditioning treatment at 925°F is better 
illustrated in Fig. 2. It is further apparent from Fig. 
2 that low temperature embrittlement (925°F) has 
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practically no influence on the development of em- 
brittlement at 1250°F. 

On the other hand, prior heat treatment at 1250°F 
for 50 hr seems to have a marked influence on sub- 
sequent development of embrittlement at 925°F. It 
is observed from Fig. 3 that when the specimens 
previously embrittled at 1250°F were reheated at 
925°F, no further embrittlement occurred ‘until the 
holding time was increased beyond 10 hr; embrittle- 
ment then began to increase, although at a consider- 
ably retarded rate compared to specimens directly 
embrittled at 925°F, so that the total embrittlement 
that occurred after 100 hr was considerably less. The 
variation in rate and extent of embrittlement for 
specimens with and without the high temperature 
preconditioning treatment intimates that embrittle- 
ment at 925°F is sensitive to structure; i.e., a struc- 
ture containing well developed ferrite grain bound- 
aries appears less susceptible to embrittlement. 
These data appear to be supported by the result re- 
ported by Woodfine on the effect of prolonged tem- 
pering at 1200°F on the subsequent development of 
temper brittleness.° 

The data presented appear to confirm the pro- 
posal that embrittlement proceeds by one mechan- 
ism at 925°F and by a different mechanism at 
1250°F. Low temperature embrittlement occurring 
at 925°F is completely removed by reheating to 
1250°F for very short times and has essentially no 
influence on the subsequent development of em- 
brittlement at 1250°F. Such behavior is consistent 
with either nucleation and growth of a precipitate 
and its solution with increased solubility at higher 
temperature, or with segregation of solute elements 
to prior austenite grain boundaries’ and the redis- 
tribution of the solute elements as numerous well 
defined ferrite grain boundaries develop with pro- 
longed tempering at higher temperatures. 

High temperature embrittlement occurring at 
1250°F appears related to a permanent structural 
change which is continuous with temperature and 
time. The data show that this structural change, 
which apparently persists, has a significant influence 
upon the rate and extent of subsequent embrittle- 
ment at 925°F. This behavior is consistent with the 
development of well defined ferrite grains at 1250°F, 
their growth with increasing time, and their influ- 
ence upon distribution of a precipitate or segregate 
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upon subsequent reheating at 925°F. The practical 
significance of the preconditioning treatment and 
its influence on reducing subsequent occurrence of 
low temperature embrittlement may find interesting 
applications. 

On this basis, retrogression phenomena are not 
necessary to explain the observed behavior relating 
to removal and redevelopment of embrittlement 
upon heating to 1250°F after embrittlement at 
925°F. The data of Jaffe and Buffum’ can be ex- 
plained using the two modes of embrittlement pro- 
posed. Furthermore, the superposition of the two 
modes of embrittlement may account for the dis- 
continuous embrittlement behavior during temper- 
ing or service of alloy constructional steels in the 
temperature range 1050° to 1150°F.* 

It is also apparent that an essentially unembrittled 
state is most nearly obtained by restricting the tem- 
pering times rather than by quenching from an ele- 
vated tempering temperature. Conventional tem- 
pering treatment to obtain an unembrittled condi- 
tion—tempering in a furnace for % to 1 hr at 1200° 
to 1250°F—results in a permanent structural change 
which can affect the rate and extent of subsequent 
embrittlement at 925°F. In this connection it is in- 
teresting to note that when specimens embrittled at 
925°F after preliminary induction tempering (1250°F 
for 5 sec) were reheated to 1250°F for 5 sec, the 
transition temperature returned to a value charac- 
teristic of the unembrittled specimens. 
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Uranium-Silicon Alloys 


A tentative U-Si 
description of the ex 


phase diagram was determined by the present authors about 10 years ago. A 
perimental work has not been published in the open literature, although the 


resulting phase diagram did appear in the National Nuclear Energy Series.” In 1949 Zachariasen’ 


published c 
conclusion 


eta structure determinations for the U-Si intermetallic compounds and came to the 
that several of the formulas assigned to the compounds by Kaufmann et al. were in error. 


ype purpose of the present paper is to describe the original work done in 1944 and, in particular, to 
iscuss some of the properties of one of the intermediate phases, known as «, whose formula is 


approximately U;Si. 


by A. Kaufmann, B. Cullity, and G. Bitsianes 


4 ee determine the bulk of the phase diagram, tech- 
niques for melting, thermal analysis, heat treat- 
ment, metallography, and X-ray diffraction that 
have already been described were used.’ It proved 
difficult to get definitive results for most of the alloy 
system because of the large number of compounds, 
their high melting points, and their extreme brittle- 
ness which made metallography difficult. The final 
phase diagram, essentially as shown in Fig. 1, was 
issued with considerable trepidation.* The phase 
relationships at the two ends of the system were 
defined with satisfactory accuracy. In the central 
region between U;Si, and USi, there was great un- 
certainty concerning the melting points and even 
the composition of the compounds. 

At the uranium end of the system, it is quite clear 
that a eutectic exists at about 985°C and approxi- 
mately 8 or 9 atomic pct Si. The a-to-8 transforma- 
tion is not appreciably altered by silicon, but the 
8-to-y transformation is raised to about 795°C. 
There is appreciable solid solubility in y-uranium, 
as demonstrated by the micrographs of Fig. 2. 

The occurrence of the « phase was not suspected 
at first, since the alloys as melted and furnace cooled 
gave no X-ray diffraction or thermal arrest indica- 
tion of it. However, suitable metallography revealed 
a rim around each of the compound particles as 
shown in Fig. 3. Heat treatment above 600°C re- 
vealed that the rim was another phase which formed 
by peritectoid reaction between uranium and U,Si.. 
This reaction proceeds slowly and it is difficult to 
get it to go to completion. Consequently, there is 
some uncertainty concerning the exact composition 
of « and the exact peritectoid temperature. 

On the basis of various metallurgical studies, it 
was decided that the most probable composition for 
« was about 23 atomic pct Si. Metallographic exam- 
ination shows the closest approach to a single phase 
at this composition. Likewise, density and hardness 
measurements of heat-treated alloys shown in Figs. 
9 and 10 show a change in slope at 23 pct Si. This 
is revealed most clearly by plotting the difference in 
hardness or density between chill-cast and heat- 
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Fig. 1—U-Si phase diagram. Symbols represent: open circle, 
thermal arrest obtained on heating; cross, two-phase alloy by 
microscopic examination; filled circle, one-phase alloy by 
microscopic examination; and half-filled circle, « peritectoid 
temperature. 


treated alloys as shown in Fig. 4. Zachariasen’ was 
able to index the diffraction lines of « and to deter- 
mine the arrangement of the atoms in the unit cell. 
He concluded that the composition must be U;,Si. 
However, it is felt that the metallurgical studies are 
reliable and that Zachariasen’s X-ray work does not 
furnish positive proof that the « phase exists exactly 
at the stoichiometric composition U,Si. There are 
many instances in alloy systems where a phase does 
not occur at the composition dictated by the mole- 
cular structure. It is possible that the chemical 
analyses used in the present work were subject to 
some systematic error. This seems unlikely, how- 
ever, since recent work in several laboratories seems 
to show excess compound at 25 atomic pct Si. 
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b) Quenched from 980°C and 
showing nearly all U;Siz in so- 
lution. 


a) Normal 2 pct Si cast struc- 
ture. Oxidized a-uranium with 
some eutectic of a-uranium 
and white U;Sis. 


Some difficulty was experienced in determining 
the peritectoid temperature accurately. Long-time 
heating at various temperatures in the peritectoid 
range seemed to indicate formation and decomposi- 
tion of « over a wide temperature interval. It was 
later discovered that carbon in the alloys changed 
the peritectoid temperature and created a region of 
three-phase equilibrium. The final work was done 
with alloys containing about 0.01 pet C. With this 
material it was found that « began to appear at 
about 920°C in alloys containing about 8 pct Si and 
about 930°C in specimens with 27 pct Si. Micro- 
graphs illustrating this are shown in Fig. 5. It was 
concluded that 930°C was approximately the peri- 
tectoid temperature. 

The next compound beyond e« was assigned the 
formula U-;Si, as a result of roughly finding the com- 
position which appeared to be single phase. The 
melting point was fixed at 1665°C by a clear-cut 
heat effect. Zachariasen® carried out a structural 
analysis of this compound and decided that the 
formula was U;Si,. This formula must be accepted 
as correct, since no effort was made in the present 
work to fix the composition closely. 

The metallurgical examinations of alloys between 
U;,Si, and USi, were unsatisfactory. It was finally 
decided that there were two compounds. One of 
these was placed at USi, since metallographic exam- 
ination indicated roughly one phase at this composi- 
tion as shown in Fig. 6. On the basis of some feeble 
heat effects and the micrograph shown in Fig. 7, it 
was decided that a eutectic existed between U,Si, 
and USi and that the latter probably formed peri- 
tectically. Zachariasen* was able to determine a 
crystal structure for the compound and he agreed 
that it was USi. 


It was not possible in this work to get a single 
phase alloy between USi and USi, and yet it seemed 
clear that there was another compound in this 


Fig. 2—Solubility series on al- 
loy containing 2 atomic pct Si. 
Heat-tinted structures. X100. 
Reduced approximately 30 pct 
for reproduction. 


c) Quenched from 945°C and 
showing proportion of U;Siz in- 
creasing. 


region. The best guess was that it was U,Si,; and 
that it formed by a peritectic reaction as shown in 
Fig. 1. Zachariasen verified the existence of a com- 
pound but decided that it had the molecular formula 


Table |. X-Ray Diffraction Pattern of USis 


Relative Intensity* 


sin? hkl Observedt Calculated 
0.038 100 Ww 3.1 
0.076 110 MtoS 5.5 
0.112 111 Ss 9.2 
0.149 200 M 6.7 
0.185 210 Ss 9.7 
0.222 211 Ss 8.7 
0.296 220 MtoS 8.7 
0.331 300, 221 Mtos 8.5 
0.369 310 WtoM 6.8 
0.406 311 vs 15.6 
0.442 222 Ww 4.9 
0.479 320 M 5.9 
0.514 321 S) 12.1 
0.587 400 Vw 3.6 
0.625 410, 322 vs 13.3 
0.660 411, 330 MtoSs 11.1 
0.696 33 vs Last 
0.733 420 Vs 19.1 
0.769 421 Vs 20.0 
0.806 332 M a 
0.878 422 Vs 34.5 
0.912 500, 430 Mtos 26.3 
0.947 510, 431 vs 85.6 


* Simple cubic lattice, ao =4.03A. 

y+ Values obtained with CuKa radiation. 

t Symbols represent: VW, very weak; W, weak; M, medium; §S, 
strong; and VS, very strong. 


USi,. He called this 8-USi., since he also found the 
USi, identified by the present authors. His conclu- 
sions were based on a crystal-structure analysis 
which was not entirely rigorous and it is therefore 
possible to question the correctness of a B-USi,. The 
present studies did not reveal a heat effect below 
the melting point of the true USi., such as would be 
required by a phase transformation. Also, there was 


a) LEFT: 10 atomic pct Si; eutectic 
resolved and some U;Siz particles in 
eutectic have apparently rimmed 
through. b) RIGHT: 30 atomic pct Si; 
rimming shows clearly with eutectic 
particles of U;Si2 having completely 
rimmed through. 


Fig. 3—Microstructures of U-Si alloys. Electrolytically etched and heat-tinted. X500. 


Reduced approximately 25 pct for reproduction. 
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no difficulty in obtaining a single phase alloy at the 
USi, composition. It seems likely, therefore, that 
Zachariasen’s 8 compound, which was compatible 
with a USi, molecule, actually occurs at a composi- 
tion which contains a greater amount of uranium. 
Accordingly, this compound is still shown as USI; 
in Fig. 1. The melting point of the true USi, was 
not accurately determined but was placed at about 
1700°C by means of optical pyrometer readings. 

The compound USi, was clearly delineated by the 
present work and its peritectic formation was placed 
at 1510°C by thermal analysis. It was found to have 
the Cu;Au structure as shown by the data in Table I. 

A eutectic between USi, and silicon occurs at 
about 87 atomic pct Si, as shown by Fig. 8, and at 
1315°C. The solid solubility of uranium in silicon 
was found to be very small. 

All of the U-Si compounds, other than «, are hope- 
lessly brittle. It was not found that any of them 
have outstanding hardness. Some of the alloys be- 
tween U,Si, and USi. spark very copiously when 
abraded and yet they are stable against atmospheric 
corrosion. They might have value as lighter flint. 

The crystal structures, atomic arrangements, and 
X-ray densities for the compounds, other than USi,, 


a) TOP LEFT: Alloy contains 
8.1 atomic pct Si and 0.013 wt 
pet C, and is treated with 
Murakami’s reagent dis- 
tinguish «. Annealed 18 hr at 
930°C; uranium and U,Sis. b) 
TOP RIGHT: Alloy contains 8.1 
atomic pct Si and 0.013 wt pct 
C, and is treated with Mura- 
kami’s reagent to distinguish e. 
Annealed 21 hr at 920°C; 
uranium, U;Sis, and c) BOT- 
TOM LEFT: Alloy contains 27.1 
atomic pct Si and 0.009 wt pct 
C. Annealed 9 hr at 940°C; 
RIGHT: Alloy contains 27.1 
atomic pct Si and 0.009 wt pct 
C. Annealed 18 hr at 930°C; 
U, and e. 


for reproduction. 


Fig. 6—50 atomic pct Si; massive USi 
with some eutectic of USi and dark etch- 
ing UsSiv. Electrolytic etch. X250. Re- USi. 
_ duced approximately 25 pct for repro- 
duction. 
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mary with coarse eutectic of UsSiz and 


Electrolytic etch. 
approximately 25 pct for reproduction. 
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were given by Zachariasen.” For this reason, the 
diffraction data obtained in this work have not been 
reproduced. One interesting conclusion from Zach- 
ariasen’s work was that all the compounds except « 


Fig. 5—Micrographs establishing «-peritectoid temperature by anneals of long dura- 
tion. Electrolytically etched and heat-tinted. X500. Reduced approximately 25 pct 


Fig. 8—85 atomic pct Si; alloy is practi- 
cally 100 pct eutectic with some scattered 
dendrites of USi;. Eutectic is white USis 
and gray 6-silicon. Unetched. X100. Re- 
duced approximately 25 pct for reproduc- 
tion. 


X100. Reduced 
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Fig. 11—Stress- 
strain curve (in ten- 
tion) of alloy con- 
taining 23 atomic 
Oy ele pet Si. 0.05 to 0.10 
wt pet C content. 
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Fig. 14—Thermal 
conductivity of 
alloys. Numbers on 
the curves give the 
silicon content in 
atomic percent. 0.05 
to 0.10 wt pct C 
content. 
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have covalent bonds between silicon atoms. These 
bonds progress from pairs, to chains, to layers, and 
finally to three-dimensional networks in going from 
U,Si, to USi,. The lack of covalent silicon bonds in 
e probably explains its relatively large ductility. 

The « Alloys—The density and hardness of a series 
of alloys as chill cast and after forming « are shown in 
Figs. 9 and 10. It can be seen that « is much softer 
than U,Si.. It is possible to machine e« and to turn 
threads on it. 

Ductility: The e alloy does not have abundant 
ductility and yet it is not completely brittle. It has 
been given a cold reduction of 20 pct by swaging in 
a copper jacket. There are no data on its reaction 
to cold rolling or other forms of cold deformation. 
It can be extruded successfully at 850°C with an 
extrusion constant, K,* of about 45,000 psi. A tensile 


* P = K In R, where P is the unit pressure for extrusion and R 
is the ratio of the initial to the final cross sectional area. 


stress-strain curve for «, formed by heat treatment 
of a casting, is shown in Fig. 11. The plastic de- 
formation was practically zero. It is possible that « 
which has been extruded will show some elongation 
in tension, especially if the test is carefully con- 
ducted. It can be seen from Fig. 12 that « has sub- 
stantial ductility in compression and is very strong. 
The variation of compressive strength with tem- 
perature’ is shown in Fig. 13. 

Thermal Conductivity: The thermal conductivity 
of é€ is plotted in Fig. 14. The conductivity is ap- 
proximately 60 pct of that of uranium. 

Melting and Casting: It is necessary to pour alloys 
of the « composition from about 1625°C in order to 
insure that no solid phases are present in the liquid. 
Even with this precaution, it is difficult to achieve 
a uniformity of silicon content in the casting of 
better than about +0.1 wt pct Si. A graphite crucible 
may be used, but it is necessary to employ beryllia 
if contamination with carbon is to be avoided. It is 
desirable to make chill castings in order to minimize 
segregation due to flotation of compound and to 
ensure that the dendrites of compound are small in 
size. A thick-walled graphite mold appears to be 
suitable for this purpose. 

Heat Treatment: It is difficult to get the peri- 
tectoid reaction to go to completion, presumably 
because the rates of diffusion through e are slow. 
The process is greatly facilitated by making a chill 
casting so that the U,Si, dendrites are small. The 
rate of formation of « as a function of temperature 
below the peritectoid is shown in Fig. 15. In this 
study, hardness was used to measure the initial 
course of the reaction. This technique is not satis- 
factory, however, to prove the completion of the 
reaction. In general, a heat treatment temperature 
of 800°C appears to give satisfactory results. Heat- 
ing times of four to six days are desirable to ensure 
complete epsilonization. 


Ternary Alloys: It was found that carbon will 
lower the formation temperature for « and that 
what appears to be a three-phase equilibrium be- 
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Fig. 15—Effect of temperature on the rate of formation of 
e. Chill cast alloy E-11. 20.5 atomic pct Si, 0.05 to 0.10 wt 
pet C. 


tween uranium, U;Si., and « will occur over a cer- 
tain range of temperature. These results are plotted 
in Fig. 16. Metallographic observations seemed to 
indicate that carbon could be present in amounts up 
to about 0.1 wt pct before a uranium carbide phase 
would appear. It was not determined whether the 
presence of carbon had any significant effect on the 
physical properties of e. 

A number of third elements in amounts from 
1 to 10 atomic pct were alloyed with uranium con- 
taining 15 atomic pct Si. These elements included 
columbium, nickel, iron, beryllium, aluminum, zir- 
conium, and copper. In all cases it appeared that 
the e« reaction proceeded in a normal manner. It 
seemed that zirconium and columbium probably 
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Fig. 16—The effect of carbon on e-peritectoid. Silicon held 
constant at 20 atomic pct. 


formed compounds with the silicon, while the other 
additions formed compounds with the uranium. 
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Structure of the Transition Phase Omega 
In Ti-Cr Alloys 


Ti-Cr alloys age harden after B-quenching by formation of an w-phase. The struc- 
ture and orientation of this transition phase have been determined. The hardness ap- 
pears to be caused by strain in the 8-matrix produced by concurrent enrichment of 


alloy content in the w-phase. 
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E ARLY studies of age hardening in 6-stabilized 
titanium alloys revealed the formation of a 
transition phase named w.” ” This phase was detected 
by X-ray diffraction in binary alloys of Ti-Fe, Ti-Cr, 
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Ti-Mo, Ti-V, Ti-Mn, and Ti-Ni. The w-phase was 
found to be associated with age hardening and, in 
leaner alloys, with quench hardening.’ It exists tem- 
porarily during transformation of 8 to the a-plus-f 
state. 

Previous studies have indicated that the formation 
of » out of the 6-phase is a diffusion-controlled proc- 
ess rather than a martensitic transformation. One 
reason is that w-phase hardening occurs more 
readily the slower the quench, so long as the trans- 
formation to a is suppressed. Furthermore, w-forma- 
tion is accompanied by an alloy enrichment of the 
remaining $-phase, which is measurable through 
lattice-constant observations. Further evidence is 
provided by a comparison of the transformation 
kinetics” ° with diffusion data® for chromium and for 
iron in #-titanium. It can be shown (see Tables IV 
and V) that the relation between the reaction rates in 
Ti-8 pct Cr alloy at 800° and 700°F (426° and 371°C) 
is consistent in order of magnitude with the activa- 
tion energy for diffusion of chromium and of iron 
in £-titanium. The extrapolation of the diffusion 
data to w-forming temperatures shows that the ratio 
of the diffusion constants at 800°F relative to 700°F 
should be 4.0 for Ti-Cr and 6.0 for Ti-Fe. The ratio 
of times for equal aging at 700°F relative to 800°F 
was 6 for Ti-8 pct Cr and 6 for Ti-4 pct Fe, which 
are in agreement within order of magnitude. In 
order to understand the mechanism of w-formation, 
the structure and orientation relationship with the 
parent S-phase were studied. 


Experimental 


Large 6-grains of an 8.10 wt pet Cr alloy of tita- 
nium were obtained by heating high purity sheet in 
vacuum for 4 hr or more at 2400°F (1315°C) and 
furnace cooling. The coarse-grained sheet was 
sealed in capsules and given a 8 solution treatment 
and quenched. Single grains were sawed out and 
etched down to about 0.4 mm diam in a solution of 
approximately 50 parts nitric acid, 15 parts acetic 
acid, and 4 parts hydrofluoric acid. In order to elimi- 
nate hydrides and mechanical strain the extracted 
f-grains were given another solution heating in 
vacuum and quenched. To accomplish this, each 
grain was heated in a bell jar on a 5-mil strip of 
tungsten clamped between water-cooled electrical 
leads % in. apart. Treatment was for 10 min at 
975° to 1050°C, as measured by optical pyrometer, 
in a vacuum of 5x10° mm Hg. Because of the prox- 
imity of the water-cooled leads, the specimen was 
rapidly cooled in situ when power was cut off. 

Rotation and Weissenberg X-ray diffraction 
photographs were taken with 24-hr exposure to un- 
filtered copper radiation. The rotation axes chosen 
were [110] and [111] of 8. Weissenberg photographs 
were obtained from the zero to fifth-layer lines for 
the [110] rotation axis, and from the zero-layer 
line for the [111] rotation axis. The intensities of 
the reflections were estimated visually. 

The 8-grain was examined after successive aging 
stages of % and 1 hr at 700°F (370°C) and 1 and 5 
hr at 800°F (425°C). 


Results 


The quenched f-grain of Ti-8.10 wt pct Cr 
showed diffuse, faint, extra reflections of w, in addi- 
tion to the strong reflections of 6. Streaking of the 
o-reflections was not observed, however. Evidently 
the quench was not rapid enough to completely sup- 
press w-formation. As aging progressed, the o- 
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reflections increased and those of 8 decreased in in- 
tensity. The rotation and Weissenberg photographs 
indicated that the w-phase was cubic with unit-cell 
dimension of 9.80A, approximately three times that 
of the original quenched £, 3.25A, at this composi- 
tion. Thus the unit cell of » is composed of 27 unit 
cells similar to 8. The o-phase had the same orienta- 
tion as the 8; that is, the [100] directions in » were 
parallel with the [100] directions in £.* 

* These data were used in report on Mechanics of the eee 


ening Process in Titanium Alloys by P. D. Frost and C 
Schwartz.7 


Only those reflections of # were observed the sum 
of whose indexes (h + k + 1) were even. This space- 
group criterion is that of a body-centered lattice. 
The symmetry of the reciprocal-lattice levels for 
the [110] axis showed a point-group projection 
symmetry of 2 mm. These criteria limited the choice 
of possible space groups to I- , and I .- In 


43m? ~ m3m 
order to choose among these, intensity calculations 
were made using a range of possible atomic positions 
limited by geometrical considerations of known in- 
teratomic distances. Best agreement between ob- 
served and calculated intensities was obtained in the 
case of parameters based on the choice of space 
group I. , for a unit cell of 54 atoms. The choice of 


equivalent positions and parameters are given in 
Table I. Table II compares the observed intensities 
and calculated |F|*. The other space groups did not 
allow sufficient choice of parameters to give struc- 
ture factors showing satisfactory agreement with 
observed intensities. 

During formation of » at 800°F, the unit-cell 
dimension of 6-phase is decreased from 3.250+0.003 
to 3.213+0.003A. This indicates enrichment of 
chromium in £-phase up to 18 wt pct maximum, 
according to data on variation of cell size with 
chromium content.* Since is a transition structure 
and coexists with the enriched £, the chromium con- 
tent of # must be much smaller than the initial 8 pct 
of the alloy. A decrease to about 4 wt pct Cr in 
would give about two chromium atoms in the unit 
cell of 54. 


Table |. Equivalent Positions and Parameters of Structure of w 


Number and 


Equivalent Coordinates 


Position (000, V2 Y2 Yo) 4 Parameters 
2 (a) 0,0,0 
8 (c) x ==) 0.156 
8 (c) x = —0.170 
12 (e) x,0,0 x = 0.340 
24 (g) x = 0.320 
z = 0.020 


It was not possible to fix the chromium atoms on one 
set of equivalent positions. The positions of atoms in 
the w-structure are such that there are small displace- 
ments from the positions in a triple body-centered 
cell of §-titanium having random distribution of 
titanium and chromium atoms. The displacements 
are about 0.15A and are mainly along [111] axes. 
Thus of eight nearest atoms about the corner or the 
center, four move closer and four move outward. 
The corners and center of the tripled cell form the 
set of two equivalent positions. Since chromium has 
a smaller radius than titanium, a possible explana- 
tion of such displacements is that the chromium 
atoms prefer to occupy these two equivalent posi- 
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Table Il. 


Comparison of the Calculated Structure Factors and the Observed Relative Intensities of Reflections 


For the Proposed w Structure 


Structure 
Structure 
Index, Factor Observed Index F Structure Structure 
actor, Observed Index, Factor, 
kl |F|2x10 Intensity* hkl |F|2x10-8  Intensity* hkl |F|2x10-3 
a Oe 570 0.7 662 2.9 235 0.3 
400 anne 590 0.3 664 2.8 237 0.8 
600 0.0 vvs 680 1.8 666 142.0 vvs 239 1.7 
re 5.5 6,10,0 1.0 668 1.7 246 0.3 
0-0 Ae 790 0.6 772 15.6 mf 248 3.2 
220 00 a 0.0 174 39.6 m 2,4,10 15.6 mf 
220 oe 4 15.3 mf 776 4.4 25 1.6 
330 0.0 vvs 116 0.4 382 14.4 vt 259 0.4 
440 2.6 118 47 vi 884 8.1 2,5,11 71 vf 
550 sold 1,1,10 18.2 mf 123 0.2 "26 0.9 
660 4.0 vvs 322 12.9 f 125 47 vvt 279 1.6 
770 45 0.2 127 7.5 vi 345 2.3 
880 3.6 226 0.5 129 0.3 347 3.4 
130 0.3 228 11.1 134 il 349 1.0 
150 19 2,2,10 19.9 vf 136 0.9 356 2.1 
170 2.3 332 0.6 138 0.2 358 (3 
4 Bye! vvt 3,5,10 1.4 
240 0.2 336 290.0 vvs 145 0.8 367 0.5 
260 0.0 338 3.4 147 26.3 m 369 116.5 vvs 
9 280 0.3 3,3,10 1.6 149 0.5 378 0.1 
19 442 8.8 f 156 0.6 457 51 
350 4.6 444 33.3 m 158 9.2 459 0.3 
370 446 1,5,10 7.7 vvi 468 0.3 
; vs 448 1.3 167 1.6 479 2.5 
460 2.9 4,4,10 32.3 m 169 43 
Fi 480 0.0 552 14.8 178 1.5 
,10,0 44 554 3.0 1,7,10 20.0 m 
556 0.8 
558 12.2 


* Abbreviations represent: s, strong; m, medium; f, faint; and v, very. 


tions and thus give a close approach of four titanium 
atoms to chromium. Therefore, from consideration 
of the equivalent positions, atom radii, and de- 
creased chromium content, it appears reasonable to 
conjecture that the w-structure tends to have two 
chromium atoms in the corner and center positions. 

This structure is somewhat similar to that of y- 
brass, which has 52 atoms, with corner and center 
atoms absent. The displacement of atoms is consid- 
erably greater in y-brass than found for w. The pos- 
sibility of a 52-atom cell was considered. However, 
density data have indicated that » would need to 
have 54 atoms. 

The measured decrease in cell size of 8 in the alloy 
aged 8 hr at 800°F would give a calculated density 
for S-phase of 4.85 g per cu cm. The density of 
w-phase would be 4.62 g per cu cm for a 54-atom 
cell containing two chromium atoms and 4.59 g per 
cu cm for an all-titanium cell. w-phase with a 52- 
atom cell would have a density of 4.41 g per cu cm. 
The density of pure w-phase could not be obtained 
because it has not been possible to produce an all- 
# sample. However, calculation of density for a 6 
plus w-phase alloy indicated a density increase from 


Table Ill. Measured Density of Titanium Alloys 


Composition, Density,* 
Wt Pct Heat Treatment G per Cu Cm 
Ti-8 Cr Solution treated ¥% hr at 1700°F 4.684 at 70.2°F 
Ti-8 Cr Solution treated ¥% hr at 1700°F, 4.763 at 71.2°F 


aged 8 hr at 800°F 


* Precision of density is 0.1 pct. 


that of quenched @-phase for a 54-atom -cell co- 
existing with an enriched 6-phase, but a density de- 
crease for an alloy having a 52-atom o-cell plus 
enriched £. 

The equation for calculating the density of a B-o- 
_ phase mixture was derived as follows: 

The lattice-constant data on 8 show a linear 
change up to 20 atomic pet Cr. The calculated den- 
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sity of 8 would, therefore, also be linear and is given 
by pe = 4.49 + 2 (atomic fraction chromium in 8). 
Assuming constant composition of » with a chro- 
mium concentration of 3.7 atomic pct, the density 
of » was calculated to be 4.62. If in the partially 
transformed specimen the fraction of » is denoted 
as X, the fraction of 8 is then 1 — X. The total 
atomic percentage of chromium may be denoted as 
K. Then the chromium portion of the specimen in 
is 0.037X, and that in B is K — 0.037X. The concen- 
tration of chromium in £ is (K — 0.037X)/(1—X). 


Table !¥V. Comparison of Reaction Times at 800° and 700°F for 
Comparable « Formation with Respective Diffusion Constants 


Aging Time for Equal w and Enriched 8 Development 


Alloy, Wt Pct Temperature, °F Time, Hr Ratio 
Ti-8 Cr 800 8 6 
Ti-8 Cr 700 50 
Ti-4 Fe 800 8 6 
Ti-4 Fe 700 50 


For the 8 wt pct Cr alloy K = 0.075. Then density 
of enriched £ is given by 


= 4.49 +2 ( 


0.075 — 0.037X ) 
Assuming that the mean density is linear, then 
or 


| 4.49 + 2( 
o = 4.64 + 0.056X. 


Similarly, for the assumption of a defect structure 
of a 52-atom cell, the same as y-brass, the density of 
w is 4.41. Then the mean density is given by 


0.075 — 0.037X )| 


0.075 — 0.037X )| 
I= 


Density measurements on quenched and aged al- 
loys gave the results in Table III. The density cal- 
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culated from the lattice parameter for the 8-phase 
of Ti-8 wt pct Cr was 4.64, which is about 1 pct less 
than measured. The observed increased density 
with aging to a B plus o alloy agrees with the pre- 
diction for a 54-atom -cell rather than a 52-atom 
cell of y-brass type. The measured density again 
appears to be about 1 pct greater than that calcu- 
lated from the cell dimensions. The bulk alloy used 
for density measurements was made from sponge 
metal and therefore contained more impurities than 
iodide metal used for structure studies. The impuri- 
ties could increase the density. 

The single crystal of Ti-8 pct Cr was successively 
aged and examined. Aging for % hr at 700°F in- 
creased the intensity and sharpness of w-reflections. 
Further heating for 1 hr at 700°F caused a marked 
decrease in intensity of 6-reflections, with a corre- 
sponding strengthening of w. The next aging treat- 
ment was carried out at 800°F to hasten the aging. 
After 1 hr at 800°F, diffuse streaking of 6-reflections 


Table V. Diffusion Rates of Chromium and of Iron in 6-Titanium 
at 800° and 700°F Obtained by Extrapolation 


Tempera- Cal- 


Alloy D, Sq Cm ture, culated, 
System °C Dsoo0°r D700°F Ratio 
Ti-Cr 10.7x10-9 1050 22,000 6.5x10-4 1.6x10- 4.0 
Ti-Fe 38x10-9 1000 29,000 3.3x10-2 5.5x10-48 6.0 


appeared, while the w-reflections remained relative- 
ly sharp. The streaking of the £-reflections was 
examined in detail by taking longer exposures of 
both Weissenberg and oscillation patterns. The 
streaking was prominent in the [100] direction for 
the (200) reflection. The (110), (200), and (112) 
reflections also were diffuse in [100], [010], and 
[001] directions. There was apparently no streak- 
ing from (200) reflections in the [010] or [001] 
directions. This indicates the » and B are coherent 
across cube faces. The diffuse streaking is inter- 
preted as the result of directional strain in regions 
of the B-crystal adjacent to the w-crystal. Thus, in 
[100] directions in 8 normal to the coherent cube 
faces there is local contraction of the 6-lattice with 
enrichment of chromium. This directional contrac- 
tion of the B-lattice and tendency for coherency 
across cube faces produces strain in the B which 
would contribute toward increasing hardness during 
aging. From the development of strain in the B- 
lattice during aging, it is clear that in the as- 
quenched specimen, where no diffuse streaking is 
observed, the » and £-structures are fully coherent 
without strain. This may indicate a small amount of 
o with little enrichment of the 6 or else that the 
initial » has an alloy content comparable to 8 and 
there has been little diffusion. 


Upon further aging for 5 hr at 800°F, the w-reflec- 
tions remained strong and the £-reflections became 
separated from those of », with diffuse streaking 
evident in [100] directions. Also there appeared 
faint (11-0) and (00-2) reflections of a-titanium. 
The (11-0) a-reflection was oriented parallel to 
the (444) w-reflection; thus the (11-0) a-planes are 
parallel to (444) » and (111) f-planes. Also the 
(00-2) a-reflection was parallel to the (110) £8 or 
(330) o, or both. The (00-2) a-reflection showed 
diffuse streaking parallei to the (110) @. Since the 
» and B-structures are oriented the same, the orien- 
tation of a does not indicate whether it forms from 
the w» or B-phases. The observed orientation is the 
same as that reported for the 8-to-« transformation.” 


Conclusions 

Age hardening of 6-quenched Ti-Cr alloys pro- 
ceeds through several steps. The first is the precipi- 
tation of w#-phase. This phase is a body-centered- 
cubic structure, triple the size of 8-titanium. It is 
oriented on £-phase with [100] directions parallel. 
As aging proceeds, the amount of #-phase increases 
concurrent with enrichment of the alloy content of 
the 8-phase. This growth of » and f-enrichment 
produces directional strains in the B-phase. These 
strains can cause continued hardening. With further 
aging a-titanium phase is formed. The a-phase is 
oriented with the 6 and w-phases, in the same man- 
ner as in the martensitic formation of a from 8. 
That is, the (00-2) a-planes are parallel to (110) 
8 and » and (11-0) a is parallel to (111) £ or a. 
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Technical Note 


Twinning in Indium Antimonide 


by Peter Haasen 
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NDIUM antimonide has the zincblende structure. 
A possible defect that does not disturb the indium 
tetrahedron surrounding any antimony atom in this 
lattice (or vice versa) is obtained when neighboring 
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Fig. 1—Top and side surfaces of etched InSb specimen 
marked as explained in the text. X7. Reduced approximately 
35 pct for reproduction. 


InSb tetrahedra are rotated about their connecting 
bond (in the <111> direction) by 60°, ie. are 
twinned.’* The twin boundary plane should then be 
parallel to a {111} plane. Since the nearest and sec- 
ond nearest neighbors are at their normal distances, 
the twin boundary energy should be small and 
growth twins frequent. 

The end piece of one pyramid-shaped single crys- 
tal drawn from the melt* revealed, on etching,j a 


* From the stock of the Chicago Midway Laboratories. 


ee etch consisted of 2 HNOs, 1 HCl, and a few drops of HF:-2 
2. 


variety of growth twins and boundary orientations. 

Fig. 1 shows the crystal studied, with its polished 
surfaces denoted a, b, and c. (The planes a and b 
form an angle of 70° with each other, a and c an 
angle of 82°, and b and c an angle of 61°.) Laue 
back-reflection photographs were taken across sev- 
eral twin boundaries. Spots of characteristic shape 
permitted identification of component orientations. 

The orientation relationships determined by 
X-rays, together with the angles measured between 
the surface traces in the planes a, b, and c, led to the 
following description of the structure shown in Fig. 
1: The area M of surface a has nearly a {011} orien- 
tation. The A, B, and C areas are twins with respect 
to three different <111> directions in M. The bound- 
aries 1, 2, and 3 are surface traces of the correspond- 
ing {111} planes in the planes a, b, and c. The inter- 
face that makes the trace No. 6 in the surfaces 
b and ¢ is parallel to the {011} plane and the shal- 
low twin area A is nearly parallel to the surface a. 
Some other lateral boundaries (incoherent bound- 
aries) are short and their orientations difficult to 
determine; the interfaces corresponding to the traces 
No. 4 and No. 5 could be parallel to {012} but not 
to {011} or {112}. In all cases the relationship be- 
tween a twin and the matrix M agreed with the 
expected 60° rotation about a <111> direction. 

An interesting situation sometimes occurs when 
two different twins of the same matrix meet each 
other. In the region where contact between them 
must occur, one of the lamellae is found to have a 
doubly twinned relationship with respect to the 
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Fig. 2—Model showing a (111) twin boundary in InSb as 
seen looking along a <110> direction in the twin plane. 


matrix. This corresponds to an additional rotation 
by 60°, about one of the <111> directions of the 
primary twin. Hence, in Fig. 1, the areas I and II 
are twins to twin A, and second-order twins to M. 
Area III is a twin with respect to twin B, and IV a 
twin with respect to twin C. In this manner the twins 
A, B, and C avoid direct contact with one another. 
Fig. 2 shows a {111} boundary of a twin corre- 
sponding to a rotation about the <111> axis. The 
atomic fit across the boundary is evidently perfect. 
It can be seen that the twinning process could also 
be described by a reflection in a {111} plane drawn 
through the middle of the connecting bonds, pro- 
vided that the indium and antimony atoms are inter- 
changed in the twin. The question arises, what other 
types of interfaces can bound a twin? Besides the 
large {011} interface found in InSb, {112} boundaries 
have been observed in silicon,’ while for diamond’ 
and germanium’*” only the {111} interfaces are re- 
ported. The latter are the preferred twin boundaries 
in all diamond-cubic structures. Boundary planes 
which have the same type of indices with respect 
to the matrix and the twin should be favored be- 
cause then the atom density of the boundary is 
the same in both. In cubic crystals this happens for 
certain {011}, {112}, {012} planes, and some planes 
of higher indices. Even then the disposition of 
atoms in the boundary may differ with respect to 
the two lattices. Thus, in a good twin boundary, 
atoms should fill only coincidence sites for both lat- 
tices. Following this line of argument the analysis 
of Ellis and Treuting* for the face-centered-cubic 
lattice shows that the {112} boundary should be 
somewhat preferred to the {011} boundary. How- 
ever, there are atoms in these boundaries that ap- 
proach each other 40 pct closer than they do nor- 
mally. In the diamond-cubic lattice, this compression 
across a lateral boundary is an order of magnitude 
smaller, while the condition of coincidence of sites 
is replaced by a stronger one, that of preservation of 
the tetrahedral arrangement of the atoms in the 
boundary. Models similar to that in Fig. 2 show that 
neither {112} nor {011} boundaries satisfy this con- 
dition. In the {112} boundary, one third of the 
atoms have five neighbors instead of four, another 
third have only three, and the remainder, four, but 
partially of the like kind (In-In bonds). In the 
{110} case, all atoms have the right number of 
neighbors but still not in the right positions, and one 
third have bonds of the wrong kind (In-In bonds). 
In conclusion, lateral or incoherent boundaries in 
the diamond-cubic type of structure are regions of 
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: 
b | 


high, short-range distortion, and they may well 
affect the semiconductivity. They may be expected 
to be of the {011} type, rather than {112}, in contrast 
to the boundary type expected in face-centered- 
cubic crystals. 
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Investigation of the Effects of Solutes On 


The Grain Boundary Stress Relaxation Phenomenon 


An experimental investigation of grain boundary stress relaxation in copper binary alloys with 
nickel, silicon, aluminum, and silyer comprising the range 0.03 to 1 atomic pct solute has been car- 
ried out. Two stress relaxation peaks of grain boundary origin have been ascertained and studied. 
The energy of activation and peak temperature for both peaks have been determined as functions 
of solute content and type of solute. It is suggested that this technique can be used as a measure 
of adsorbability of solute at grain boundaries as a consequence of the saturation effects observed 
in the measured properties in the vicinity of 0.1 atomic pct solute. 


by S. Weinig and E. S. Machlin 


RAIN boundary stress relaxation has been the 

subject of several investigations in recent years, 
but as yet the phenomenon is not well understood. 
One of the major difficulties has been the lack of a 
sufficient amount of data with which to evaluate any 
proposed mechanism. Little information is available 
on the effect of small amounts of substitutional 
solutes on grain boundary stress relaxation. It is 
with this important phase of the problem that this 
investigation is concerned. 

The influence of substitutional solutes on grain 
boundary stress relaxation has been recently inves- 
tigated in copper by Pearson,’ and in aluminum by 
Dorn et al.” Pearson studied the effect of zinc, 
gallium, germanium, and arsenic on the relaxation 
peak of OFHC copper.* The pure OFHC copper 

* Pearson also performed an investigation of the effects of solutes 
on the grain boundary stress relaxation in silver,? but the results 


were similar to those obtained for copper and hence will not be 
discussed here. 


(99.985 pct) exhibited a grain boundary internal 
friction peak at 300°C at a frequency of 1 cycle per 
sec and the activation energy calculated from the 
lateral shift of the curve with frequency was 33,000 
cal per mol. The addition of the alloying elements 
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decreased the peak intensity and a second peak ap- 
peared at a higher temperature. This latter peak 
was termed the alloy grain boundary peak. At the 
lowest binary concentration studied, approximately 
1 atomic pct, the primary peak was almost com- 
pletely obliterated. Pearson found that the activa- 
tion energy calculated from the alloy grain boundary 
peak for all solutes, irrespective of the concentra- 
tion, was 44,000 cal per mol. Pearson concluded that 
the increase in activation energy from 33 to 44 kcal 
per mol is not continuous but abruptly changes from 
the lower to the higher value. As no attempt was 
made to investigate the intermediate range of con- 
centration and hence calculate the possible varia- 
tion of the activation energy for the initial grain 
boundary peak, this conclusion is hardly valid. 

In contrast to these results, Dorn et al. studied the 
effect of zinc, silver, copper, germanium, and mag- 
nesium on the grain boundary stress relaxation of 
aluminum. No change in the energy of activation 
was observed for binary alloys of the first four 
solutes, but a linear increase was found for increas- 
ing concentration of magnesium. Saturation was not 
found up to the maximum of 1.6 atomic pct. The 
energies of activation were obtained by plotting the 
horizontal displacement of the dynamic modulus 
curve vs temperature for two vibrational frequencies. 
As the modulus is proportional to the square of the 
frequency, this requires the measurement of the 
torsional frequency over a range of temperature. 
However, the technique does not lead to an un- 
ambiguous interpretation of the grain boundary 
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Fig. 1—Variation of internal friction with temperature for a 
99.999 pct Cu specimen for three successive cycles of meas- 
urement. 


stress relaxation. The logarithmic decrement curve is 
proportional to the derivative of the dynamic modu- 
lus curve and hence is more sensitive than the latter. 
This lack of sensitivity in the dynamic modulus 
curve suffices to obscure the existence of two peaks. 

Further evidence of a two-peak phenomenon is 
found in the results of Ké on the effect of bismuth 
in copper.’ He found that, as bismuth is added to 
the copper, the grain boundary stress relaxation 
peak is diminished and a second internal friction 
peak is observed which increases in magnitude with 
increased bismuth content. These experiments were 
performed after a %-hr anneal at 550°C; however, 
if the specimens are annealed at 750°C and rapidly 
cooled, the bismuth peak disappears. As the heat 
treatment probably distributes the bismuth homo- 
geneously throughout the specimen, the appearance 
of the solute peak must be associated with the segre- 
gation of bismuth atoms at the grain interfaces. The 
solute concentrations that were reported by Ké 
ranged from just below the solubility limit to values 
in excess of it. The bismuth peak may therefore be 
due to the precipitation of a second phase at the 
grain boundaries. Unfortunately no measurements 
were made of the energy of activation for the various 
bismuth additions employed. 

In attempting to correlate the investigations men- 
tioned previously of the effect of substitutional 
solutes on grain boundary stress relaxation, certain 
inconsistencies are noted which are impossible to 
resolve because of insufficient data. Some of the 
points that require clarification for an understand- 
ing of the phenomenon are as follows: 

1) Is the manifestation of a solute peak neces- 
sarily associated with the adsorption of the alloying 
elements at the grain boundaries? 

2) Does the activation energy have a unique 
value for the solvent grain boundary peak and a 
unique value for the solute peak? 

3) Is the grain boundary resistance to shear a 
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Fig. 2—Variation of internal friction with temperature for 
an OFHC copper specimen for two successive cycles of 
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function of the amount and species of solute atoms 
adsorbed at the interfaces? 

4) Is the grain boundary adsorption independent 
of the particular solute element and, if not, what 
factors influence the degree of grain boundary 
adsorption? 

Utilizing these questions as a guide, a systematic 
investigation of the effect of solutes upon the grain 
boundary stress relaxation phenomenon was under- 
taken in which very small amounts of alloying addi- 
tions were used and measurements made of both 
the energy dissipation and the dynamic modulus 
over a temperature range. 


Specimen Preparation 
Copper was chosen as the solvent metal because 
there is considerable information available on the 
effects of alloying elements therein. Five lb of high 
purity (99.999 pct) copper were obtained from the 
American Smelting & Refining Co. 


Table |. Spectrographic Analysis of High Purity Copper After 
Vacuum Melting 


Recrystallized 
Alumina Crucible 


Coarse 
Alundum Crucible 


Maximum Maximum 
Element Percentage Element Percentage 
Fe 0.0003 Fe 0.0001 
0) 0.0002 Pb 0.0002 
Bi 0.00005 Bi 0.00001 


In order to establish the efficacy of high vacuum 
melting as a means of alloy preparation without 
contamination and further to determine the type 
of crucible that would be nonreactive, two test 
ingots were prepared. These 50-g specimens were 
melted in a Lepel high frequency vacuum melting 
furnace in which the vacuum was maintained at 
1x10° mm Hg during both the heating and cooling 


JANUARY 1957, JOURNAL OF METALS—33 


e 
+ 
° 
A. 
| 
f= 12 cps 
Ae 0,04 f = 1.2 CPS 
B+ Ae 
Co B + 
0,02 
(0) 
= 


DECREMENT 
fe) 


0.10 
oO 
= O,08F 
> 
< 006 
0.047 = 0,405 CPS 
D 
002+ 
200 300 400 500 600 


TEMPERATURE 


Fig. 3—Variation of internal friction with temperature for 
a 0.03 atomic pct Cu-Al alloy. 


cycles. Coarse Alundum and recrystallized alumina 
crucibles were used to contain the melts. The spec- 
trographic analyses of the resultant ingots are shown 
in Table I. It is observed that for neither specimen 
is the impurity content subsequent to vacuum melt- 
ing sufficiently high to destroy the initial 99.999 pct 
purity, although the recrystallized alumina crucible 
does produce a slightly purer sample. 

As a final step in the preparation of wire speci- 
mens for the investigation, it was deemed advisable 
to ascertain the amount of impurity, if any, that 
would be introduced during the mechanical forming 
process. A 100-g specimen of the high purity copper 
was swaged and then drawn through diamond dies 
to an 0.030-in. diam wire. These operations were 
performed at room temperature without any inter- 
mediate annealing of the material. The as-received 
rod was 0.362 in. diam and hence the mechanical 


Table I!. Composition and Chemical Analysis of Alloys 


Nominal 
Wt Pct 


Nominal 
Atomic Pct 


Alloying 
Element 


Wt Pct by 
Analysis* 


Aluminum 


| 


oo 


Silicon 


o 

w 


(=) 
oa 
oooo 
| | oo 


* Chemical analyses were performed by Lucius Pitkin Inc. 


working constituted a reduction in area of approxi- 
mately 99 pct. A spectrographic analysis was per- 
formed on the resultant wire and compared to a 
line spectrum of the original 99.999 pct Cu. It was 
found that when the sample was washed in acetone 
prior to analysis, iron lines were observed in the 
spectrum. (Spectrographic sensitivity of iron is 0.001 
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Fig. 4—Variation of internal friction with temperature for a 
0.80 atomic pct Cu-Al alloy. 


pct.) However, if the specimen was first carefully 
washed in a 50 pct solution of HCl, followed by an 
acetone rinse, the analysis revealed 99.999 pct pur- 
ity. A slight surface contamination of the wire 
probably occurred during the swaging operation, 
but by careful washing of the specimen in acid 
prior to testing, the samples will have a minimum 
purity of 99.999 pct. 

The alloy series was prepared utilizing the pre- 
viously mentioned procedure of vacuum melting 
and specimen preparation. The solutes were of the 
highest purity obtainable and chemical analyses 
were performed on certain of the alloys to deter- 
mine if there were appreciable losses during the 
melting procedure. Table II gives the nominal com- 
position of the alloy series as well as the results of 
the analyses. 


Experimental Procedure 


The high vacuum torsion pendulum used in this 
investigation has been previously described in the 
literature.” With this apparatus it is possible to 
perform an internal friction study of a single wire 
without any handling of the specimen or exposure 
to atmosphere from a time prior to annealing until 
completion of the test. 

Amplitude decay measurements were made on a 
galvanometer scale utilizing an 18-ft optical lever 
arm. The shear strain at the surface of the speci- 
men was less than 5x10° for the maximum ampli- 
tude of displacement. The studies were carried out 
by first raising the temperature in the furnace to 
the desired maximum and then making measure- 
ments as the temperature was lowered. This method 
was used rather than an increasing temperature, 
since equilibration of the specimen and furnace 
temperatures is reached more rapidly. Readings 
were taken every fifth cycle and three measure- 
ments were made at each temperature. If the decay 
to 1/n of the initial value is considered, the loga- 
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Fig. 5—Variation of internal friction with temperature for a 
0.06 atomic pct Cu-Si alloy. 


rithmic decrement may be calculated from the 
formula 
Inn ] 
In decrement = = 
5 


At each temperature, separate frequency measure- 
ments were made with an electrical timer which 
read to 0.01 sec. 

The energy of activation may be calculated by 
making use of the following equation 


R In w./w, [2] 

where w, and w, are the operational frequencies, 
and T, and T, the respective peak temperatures for 
these frequencies. It can be shown that if the in- 
ternal friction is plotted vs the reciprocal temper- 
ature of measurement for two different vibrational 
frequencies, then a horizontal displacement should 
superimpose the two curves if the phenomenon is 
controlled by a single activation energy. In general, 
a simple horizontal shift of the curves will not align 
them perfectly on both the high and low tempera- 
ture sides of the maximum. The reason for this dis- 
crepancy is that the relaxation spectrum which is 
empirically obtained is the summation of more than 
one component of energy dissipation. For a single 
relaxation peak there are two components, namely, 
the specific peak and the background internal fric- 
tion. As the background internal friction increases 
with an increase in measuring temperature, its 
effect is more evident on the high temperature side 
of the peak. The curve below the peak is mainly 
governed by the grain boundary stress relaxation, 
and therefore all of the energies of activation have 
been calculated from the displacement required to 
align the low temperature side of the internal fric- 
tion peak. The values so obtained are in good 
agreement with the values of the energy of acti- 
- vation calculated from the relative positions of the 
inflection points in the dynamic modulus against 
temperature curves. 
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Fig. 6—Variation of internal friction with temperature for a 
0.80 atomic pct Cu-Si alloy. 


Grain size determinations were made for each 
wire upon completion of the test. The metallo- 
graphic appearance of the specimen is that typical of 
copper with numerous annealing twins. No evidence 
of a second phase was observed for any of the bi- 
nary alloys studied. 


Experimental Results 


Pure Copper—A specimen of 99.999 pet Cu wire 
of 30-mil diam was carefully washed in HCl and 
then annealed in situ for 2 hr at 600°C. Five con- 
secutive cycles of measurement were performed on 
the specimen from 550°C to room temperature. The 
first three runs were made at a frequency of 1.2 
cycles per sec and the latter two at 0.4 cycles per sec. 
A grain boundary stress relaxation peak was ob- 
served at approximately 365°C at a frequency of 
1.2 cycles per sec. It was found that both the peak 
decrement and the background internal friction de- 
creased after each successive cycle of measurement. 
In Fig. 1 the logarithmic decrement is plotted vs 
temperature for the series of measurements at 1.2 
cycles per sec. An activation energy for the phe- 
nomenon was calculated from the horizontal dis- 
placement of the peak with a variation in fre- 
quency. The resultant value is 40,000 + 2,000 cal 
per mol. This value of the energy of activation was 
corroborated by measuring the lateral shift of the 
curve of modulus ratio vs temperature, in which 
the inflection point is indicative of the energy dis- 
sipation maximum.* 


* The modulus ratio is defined as G/Gu, where G is the dynamic 
modulus and Gy is the unrelaxed or room temperature modulus, 


Saturation of the peak decrement decrease re- 
ferred to previously could be obtained by annealing 
for 3 hr at 600°C. After the first cycle of meas- 
urement, which resulted in a lower maximum for 
the curve than the initial run of the previously 
mentioned 99.999 pct Cu specimen, the wire was 
reheated to 600°C for 1% hr and then retested. 
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Fig. 7—Effect of aluminum content on the relaxation spec- 
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It was observed that the plot of internal friction 
vs temperature reproduced itself within experi- 
mental error. 

An OFHC copper specimen was prepared and a 
similar set of studies was performed in order to 
ascertain whether the monotonic decrease in the 
decrement with successive series of measurements 
would be manifested in a specimen of lesser purity. 
The results of the first three runs at the high fre- 
quency are illustrated in Fig. 2. It is noted that the 
magnitude of neither the peak nor the background 
decreased after successive runs. The activation 
energy was calculated to be 33,000 + 2,000 cal per 
mol and the temperature of the peak was approx- 
imately 300°C at a vibrational frequency of about 
1.2 cycles per sec. The magnitude of the peak maxi- 
mum is considerably lower for the OFHC copper 
than for the 99.999 pct Cu. 

The results for both the OFHC and 99.999 pct 
Cu specimens were carefully checked by perform- 
ing identical tests on separate wires cut from the 
same spools. It was found that the data could be re- 
produced within the experimental error. Table III 
contains the tabulated data for both the OFHC and 
99.999 pct Cu specimens. 

Cu-Al and Cu-Si Alloys—Internal friction studies 
were made on the Cu-Si and Cu-Al alloys listed in 
Table II. The pretesting procedure employed for 
all of the specimens was identical and consisted of 
washing in a 50 pet HCl solution, insertion in the 
apparatus, followed by a 2-hr anneal in situ at 
600°C. Three successive cycles of measurement 
were performed from the annealing temperature to 
room temperature at approximately 1 cycle per sec. 
The natural frequency of vibration of the inertia 
bar was then changed by dropping the preset 
weights onto the auxiliary member. The specimens 
were heated for % hr at 575°C and subsequently 


Table Il. Tabulation of Experimental Results for 99.999 Pct and 
OFHC Copper 


Peak Tem- Corrected 
perature, Peak Tem- 
°C, at 1.2 perature, Activation 
Grain Size, Cycles per °C, 0.06 Mm Energy, 
Copper Mm Sec, +5°C Grain Size Cal per Mol 
99.999 pet 0.09 to 0.11 367 360 40,000+2,000 
OFHC 0.05 to 0.07 300 300 33,000+2,000 


tested three successive times at a frequency of ap- 
proximately 0.4 cycles per sec. It was generally 
found that the first cycle of measurement resulted 
in a curve which was slightly higher than obtained 
in the subsequent studies. The latter were repro- 
ducible within the experimental accuracy. Typical 
variation of the logarithmic decrement with tem- 
perature for these binary alloys is shown in Figs. 
3 through 6. The primary data are given in ref. 6. 
It should be noted that for the sake of clarity only 
a few of the many data points measured are shown 
on the figures. Consequently, the uncertainty is much 
less than is apparent from the figures. 

The effects of the additions of aluminum and 
silicon on the observed relaxation spectrum were 
observed to be qualitatively the same in the super- 
posed curves of Figs. 7 and 8. As the percentage of 
alloying element is increased, the grain boundary 
stress relaxation peak which is manifested at ap- 
proximately 360°C for the 99.999 pct Cu is sup- 
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Fig. 10—Variation of internal friction with temperature for 
a 0.05 atomic pct Cu-Ni alloy. 


pressed until it is completely eliminated at alloy 
contents in excess of 0.1 atomic pct. Concomitant 
with the gradual disappearance of the initial peak, 
a second internal friction maximum appears at ap- 
proximately 470°C. This peak, which will be here- 
after referred to as the solute peak, increases in the 
peak temperature with solute content. The decre- 
ment of the apparent solute peak goes through a 
reversal in trend. However, this is due to the com- 
bined internal friction of the solute peak and the 
background contribution, i.e., the background in- 
ternal friction decreases while the internal friction 
due to the peak itself increases with increasing so- 
lute content. This result leads to the suspicion that 
the background may be due to dislocation motion. 
It would be worthwhile to pursue this idea experi- 
mentally to see if the background rise is the onset 
of a dislocation peak. In this respect, it is interest- 
ing to note that the only value of activation energy 
that could be obtained for the background (see 
Fig. 5) yields a value of 23,000 cal per mol for a 
0.06 pct Si alloy. The shift of the low temperature 
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Fig. 11—Variation of internal friction with temperature for 
a 0.10 atomic pct Cu-Ni alloy. 


portion of both well developed peaks with a change 
in frequency is uniform. (See Figs. 3 through 6.) 
The comparable shift of poorly developed peaks 
in the intermediate range of alloys is sometimes 
uniform and sometimes not. 

As the grain boundary stress relaxation peak is 
the manifestation of a phenomenon having a range 
of relaxation times, it is observed to be a rather 
broad peak, i.e., two to three times wider than the 
theoretical width for a single time of relaxation. 
This characteristic broadness causes a superposition 
of the two internal friction peaks to occur. The 
suppression of the initial peak and the superposi- 
tion of the two curves do not facilitate the reso- 
lution of the peak temperature or the contours of 
the individual peaks. Hence, the calculation of an 
activation energy for the original grain boundary 
peak is feasible only for those alloys containing 0.1 
atomic pct or less of the binary component. Anal- 
ogous to the preceding, calculation of the activation 
energy for the solute peak is feasible only for alloys 
containing 0.1 atomic pct or more solute. 


Table IV. Tabulation of Experimental Results for Cu-Si and Cu-Al Alloys 


Copper Peak 


Solute Peak 


Specimen Average H, Cal Logarithmic H, Cal Logarithmic 
Composition, Grain per Mol, Decrement,? per Mol To, Decrement,+ 
Atomic Pct Diam, Mm +10 Pet +5°C +0.003 +10 Pet +5°C +0.003 
0.03 Al 0.15 57,000 360 0.079 — 475 0.124 
0.06 Al 0.15 73,000 360 0.078 — 485 0.138 
0.10 Al 0.10 81,000 340 0.044 67,000 495 0.116 
0.30 Al * 0.12 _ _ — 63,000 ‘ayilts) 0.120 
0.50 Al 0.08 —_— — —_— 55,000 525 0.174 
0.80 Al 0.08 = _— — 50,000 530 0.188 
0.03 Si 0.12 53,000 385 0.112 — 500? 0.128 
0.06 Si 0.15 64,000 375 0.096 —_ 465 0.114 
0.10 Si 0.17 81,000 325 0.052 82,000 470 0.146 
0.50 Si 0.11 — — —_ 50,000 490 0.199 
0.80 Si 0.10 — — — 53,000 495 0.202 
1.00 Si 0.10 — — _ 55,000 490 0.206 


* Temperature of the maximum of the superposed peak. rt = 1.2 cycles per sec. 
+ Logarithmic decrement of superposed curves measured at Tp. tT ~ 1.2 eycles per sec. 
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Fig. 12—Variation of internal friction with temperature for 

a 0.50 atomic pct Cu-Ni alloy. 


As shown in Figs. 7 and 8, the well formed so- 
lute peak begins to rise strongly just above the 
peak temperature for the original grain boundary 
peak. Consequently, it is justifiable to neglect the 
contribution of the solute peak on the low tem- 
perature side of this initial peak. The method of 
calculating activation energy by the shift of this 
low temperature region of the peak with a change 
in frequency is thus justified. The true initial peak 
temperature is also not far from the observed value. 

The calculated activation energies and the ex- 
perimental results for the Cu-Al and Cu-Si alloys 
are given in Table IV. 

Effect of a Variation in Grain Size—A solute peak 
was previously shown by Pearson in copper and 
silver alloys*® and by Ké in Cu-Bi specimens.* The 
former investigator utilized large grained speci- 
mens in which the grain boundaries were predomi- 
nantly perpendicular to the wire axis to demon- 
strate that this peak was due to a grain boundary 
effect. Wires of this type behave similarly to single 
crystal specimens as the interfaces which are at 
90° to the torsion axis do not exhibit anelastic 
effects.. Pearson’s experiments were not conclusive 
in that the plot of the logarithmic decrement vs 
temperature for the single crystal specimens showed 
a significant maximum at the temperature of the 
solute peak, although the total energy dissipation 
was decreased. It was decided that an investigation 
of the effect of a variation in grain size would be a 
more suitable method of determining whether the 
peak was due to a volume or grain interface 
phenomenon. 

An alloy of 0.8 atomic pct Si was investigated, as 
the logarithmic decrement and the dynamic modu- 
lus curves appeared to be reproducible for this 
alloy. Approximately a threefold variation in the 
average grain diameter was obtained by changing 
the standard annealing procedure from 2 hr at 
600°C to a 1-hr heat treatment at 550°C. This 
change in annealing will not complicate the inter- 
pretation of the results because the magnitude of 
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Fig. 13—Variation of internal friction with temperature for 
a 0.03 atomic pct Cu-Ag alloy. 


the peak will not be influenced by a variation in 
grain size if the phenomenon is one of grain bound- 
ary stress relaxation. 

The results of this investigation are illustrated in 
Fig. 9. It is observed that the effect of a diminution 
in the average grain diameter is to displace the in- 
ternal friction curve to a lower temperature. If this 
temperature change and the appropriate grain sizes 
are substituted in the following equation 


R In (GS,/GS,) 


H= 3 


an activation energy may be calculated. The value 
obtained by this method is 54,000 cal per mol, com- 
pared to an average value of 53,000 cal per mol 
computed from the displacement of the logarithmic 
decrement and elastic modulus curves with a varia- 
tion in the vibrational frequency. If (GS./GS,)’* is 
used in the equation, then the computation results in 
an energy of activation considerably different from 
the previously obtained values. Therefore the dis- 
placement of the internal friction curve due to the 
grain size variation may be considered to be indica- 
tive of a linear relation between the time of re- 
laxation and the average grain diameter, 1.e., 7 « D. 

It should be noted that within the experimental 
error there is no change in the magnitude of the 
solute peak with a variation in grain size. This is 
one of the unique characteristics of a grain bound- 
ary stress relaxation phenomenon, since it may be 
dimensionally demonstrated that if the internal 
friction is proportional to the grain boundary area 
per unit volume multiplied by the average dis- 
placement across a boundary, then the internal 
friction is not a function of the grain dimensions. 

Investigation of the Source of the Solute Peak—It 
was previously shown that a very small bulk addi- 
tion of the alloying element (approximately 0.03 
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Fig. 14—Variation of internal friction with temperature for 
a 0.3 atomic pct Cu-Ag alloy. 


atomic pct) was sufficient to produce a solute peak. 
This would require an extremely high tendency for 
the alloy addition to be adsorbed at the grain inter- 
faces. Although aluminum in copper has an a solid- 
solubility limit of approximately 8 atomic pct, the 
extremely high grain boundary adsorption of these 
elements raises the question of whether the precipi- 
tation of a second phase at the boundary might be 
responsible for the solute peak. 

Microscopic examination of the wire specimens 
at X1000 revealed no evidence of an additional 
phase at the grain interfaces, but this is hardly 
conclusive evidence upon which to eliminate the 
possibility. A critical experiment to establish 
whether there is any validity to the assumption 
would be the investigation of a copper binary alloy 
in which there is complete solid solubility. Copper 
and nickel are completely soluble in each other for 
all compositions and therefore the manifestation of 
a solute peak for a Cu-Ni specimen would eliminate 
the possibility of a second phase being responsible 
for this energy dissipation maximum. 


Table V. Tabulation of Experimental Data for the Cu-Ni Alloys 


Copper Grain Boundary Peak 


Specimen 
Composi- Grain H, Logarithmic 
tion, Atomic Size, Cal per Mol, Tn, Decrement, 
Pet Ni Mm +10 Pet +5°C +0.003 
0.05 # 0.15 45,000 340 0.068 
0.10 0.18 48,000 360 0.105 


Cu-Ni specimens of 0.05, 0.10, and 0.50 atomic 
pet were prepared in the manner previously de- 
scribed. Low concentrations were used so that 
energies of activation could be obtained for the 
initial grain boundary stress relaxation peak. The 
testing procedure for these samples was identical to 
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Fig. 15—Effect of aluminum and silicon concentration on the 
solute peak in 99.999 pct Cu. 


that used for the Cu-Al and Cu-Si specimens. Figs. 
10 through 12 illustrate the results for these tests 
and Table V gives the experimental data. 

It is observed that the trends of the grain bound- 
ary stress relaxation peak are the same as for the 
previously tested specimens. Although a solute 
peak is not observed for the 0.05 atomic pct speci- 
men, it is manifested for the 0.1 atomic pct wire 
and fully formed in the relaxation spectrum of the 
0.5 atomic pct Cu-Ni specimen. The occurrence of 
this peak in the internal friction spectrum for a Cu- 
Ni specimen eliminates the possibility that it is 
due to the precipitation of a phase at the grain 
interfaces. 

A further possibility that must be considered is 
that the oxidation of either the solute or solvent 
atoms at the grain boundary gives rise to the second 
peak. If the peak is due to the oxidation of the 
copper atoms alone at the boundary, then a maxi- 
mum should be observed above 450°C in the relax- 
ation spectrum of the 99.999 pct Cu after prolonged 
heating. No peak was observed in the high purity 
copper in this general temperature range even after 
five consecutive temperature cycles. A similar re- 
sult was obtained by Ké* for a specimen tested in 
an argon atmosphere after a 3-hr anneal at 500°C 
subsequent to three cycles of measurement from 
600°C to room temperature. It was possible to 
eliminate almost completely the grain boundary 
stress relaxation peak without any manifestation 
of a second peak which could be attributed to oxy- 
gen. It therefore may be concluded that the solute 
peak is not due to the oxidation of copper atoms 
at the grain interfaces. 

All of the alloying elements that have been 
studied by the previously mentioned investigators 
and the authors have larger free energies of forma- 
tion for the oxide than do the corresponding solvent 
metals. It has therefore been impossible to deter- 
mine in an unambiguous manner whether the effect 
could be due to the preferential oxidation of the 
alloy constituent at the grain boundary. This ques- 
tion may be resolved by the testing of a specimen 
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Fig. 16—Effect of solute concentration on the energy of 
activation for grain boundary stress relaxation in high purity 
copper. 


for which the free energy of oxide formation for the 
solute is less than that for the solvent. Silver has a 
lower affinity for oxygen than copper in the critical 
range of temperature and it is therefore probable 
that no silver oxide will be formed in the copper 
grain boundaries. 

Cu-Ag alloys were prepared and tested by the 
standard procedures previously discussed. Figs. 13 
and 14 illustrate the experimental results, which 
are tabulated in Table VI. It is observed that a 
second peak is manifested and hence the source of 
the solute peak could not be the preferential oxi- 
dation of the alloying element. 


Table VI. Tabulation of Experimental Data for the Cu-Ag Alloys 


Copper Grain Boundary Peak 


Specimen 
Composi- Grain Ios Logarithmic 
tion, Atomic Size, Cal per Mol, Tn Decrement, 
Pct Ag Mm +10 Pct +5°C +0.003 
0.03 0.06 65,000 380 0.084 
0.30 0.10 — 


Grain Boundary Adsorption of Solute—It is shown 
in Fig. 15 that there is a saturation in the energy of 
activation for the solute peak with solute content 
between about 0.1 and 0.5 atomic pct. This effect is 
probably a manifestation of the saturation of solute 
excess at the grain boundaries. Because the activa- 
tion energy of the copper peak is sensitive to com- 
position, as shown in Fig. 16, and because it is prob- 
ably affected by the solute excess at the boundary, 
one might consider using this activation energy as 
a measure of the solute excess. In this respect it is 
interesting to note that the rate of increase of the 
activation energy with composition varies with type 
of solute in the order that the solute excess would 
vary. That is, for a dilute solution 


r= (4) 
dc 


where T = solute excess, C = concentration of 
solute, and y = interface energy. Hence, I varies 
as dy/dC for a given concentration. Now, dy/dC 
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may be assumed related to the difference in atomic 
radii between solute and solvent. That is, an out- 
of-size atom in the matrix will tend to find its 
out-of-size hole at the grain boundary and thereby 
diminish both the strain energy in the matrix around 
the out-of-size atom and the strain energy about 
the hole in the boundary. If Goldschmidt radii’ are 
used then the size difference between the solute and. 
solvent atoms increases in the order nickel, silicon, 
aluminum, silver. This is just the order of increas- 
ing slope of the activation energy for the copper 
peak vs the concentration shown in Fig. 16. If 
Axon-Hume-Rothery radii are used, then silicon is 
out of order, compared to the experimental slopes. 
If, however, Cottrell’s estimate” of the electrical 
interaction between a solute atom and a dislocation 
is assumed to apply between a solute atom and a 
grain boundary and if the Axon-Hume-Rothery 
atom radii” are used to estimate the elastic inter- 
action between a solute atom and a dislocation, then 
the order of the interaction energy predicted is 
1:2.6:4.8:5.5 as compared to the experimental order 
1:4.5:6:9 for nickel, silicon, aluminum, and silver 
solutes, respectively. In view of the previously given 
agreement, it seems reasonable to conclude that the 
rate of change of the activation energy of the copper 
peak with solute concentration is a relative measure 
of the solute excess at the grain boundaries. 


Summary of Significant Characteristics of the 
Grain Boundary Stress Relaxation Peaks 


1) Both peaks in their well developed stage have 
about the same integrated area under the curves. 


2) <As the copper peak decreases in intensity 
with increasing solute, the solute peak increases in 
intensity. 

3) The activation energy of the copper peak 
increases markedly with increasing solute content, 
although the peak temperature decreases. 

4) The activation energy and peak temperature 
of the solute peak are somewhat dependent on 
solute content. In the silicon-containing alloy, the 
activation energy appears to decrease with increas- 
ing silicon content. 


5) The rate of increase of the activation energy 
of the copper peak with increasing solute content 
depends upon the solute. An increase in the atom 
size difference between solute and solvent increases 
the observed effect. 


6) The shift of the low temperature portion of 
both well developed peaks with a change in fre- 
quency is uniform. This implies that the activation 
energy measured is either a minimum value of a 
possible range of activation energies or a well de- 
fined value. The shift of the high temperature por- 
tion of the silicon peak is the same as for the low 
temperature portion. 

7) The shift with frequency of the poorly de- 
veloped peaks in the intermediate range of alloys 
is sometimes uniform and sometimes not. A range 
of activation energies may exist in some of the 
alloys having nonuniform peak shifts. 

8) The relaxation times of both well developed 
peaks are proportional to the grain size. The inten- 
sities of both well developed peaks are independent 
of grain size. 

9) The half width of both well developed peaks 
is larger than that for a single relaxation time. 
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10) The relaxation time of the solute peak is 


about 1000 times longer than that of the copper 
peak at 360°C. 


11) If the background variation is taken into 
account, then the sum of the integrated areas under 
both peaks is roughly constant and independent of 
solute content. 

Comparison with Theory—A theory consistent 
with the facts of grain boundary stress relaxation 
1s presented in a separate paper.” 


Conclusions 


1) The energy of activation of the initial grain 
boundary stress relaxation peak increases with the 
solute concentration until it attains a saturation 
value. The rate of attainment of this value is a 
function of the atomic size if the Goldschmidt atomic 
diameter is used for the solutes. However, if the 
apparent atomic diameters are utilized, the increase 
in the energy of activation is a function of both the 
atomic size and valence of the alloying elements. 


2) A second peak, termed the solute peak, is 
manifested upon the addition of the alloying ele- 
ments, and it was demonstrated that this internal 
friction maximum is associated with a grain bound- 
ary phenomenon. 


3) The source of the solute peak is neither an 
oxidation of the solute or solvent atoms at the grain 
interfaces nor is it the result of a second phase 
precipitating at the boundary. 

4) The variation of the activation energy for 
the grain boundary stress relaxation phenomenon 
with concentration is shown to be a reasonable 
measure of the relative interface adsorption of the 
alloying elements. 
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Technical Note 


X-Ray Satellite Line Structure of Ferrite for CrK Radiation 


by V. Weiss and E. P. Klier 


N studies of the X-ray diffraction line geometry 
of iron with chromium radiation using techniques 
aimed at minimizing the background intensity, Kf 
and Ka emission satellites* were resolved with three 


* Lines in the X-ray spectrum of atoms which cannot be ex- 
plained by transitions between known energy levels. These lines are 
always in the neighborhood of an intensive diagram line and can 
be explained by multiple ionization of inner electron shells of 
atoms. 


techniques. These satellite lines are present with 
sufficient intensity to lead potentially to erroneous 
structure analysis, if not properly interpreted. The 
techniques used were: 1) film technique with un- 
filtered radiation and polycrystalline specimen, 2) 
film technique with unfiltered radiation and single 
crystal, and 3) counter technique with unfiltered 
radiation and single crystal. 

An example of results obtained with technique 1 
is given in Fig. 1. 

V. WEISS and E. P. KLIER, Member AIME, are associated with 
Research Institute, Syracuse University, Syracuse, N. Y. 
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Table |. Wavelengths of the K-Satellites for Chromium, Iron, 
Cobalt, and Copper Radiation in X Units* 


Element, 

Reference Cr(24) Fe (26) Co(27) Cu(29)F 
Kae 2288.91 1936.01 1789.19 1541.16 
Kasg 2274.36 1922.86 1777.15 1530.52 
Kas 2272.35 — — 

Kas — — 
Kaz’ = — 
Kfi 2080.59 1753.01 1617.44 — 
KB, 2113.54 — 
Kp’ 2085.78 1756.48 1620.46 = 
2061.38 1737.39 1602.97 
KY == = 


* Abstracts from R. Ford.1 The most recent bibliography contain- 
ing literature that appeared since 1931 is given by H. Herglotz.? 
Bibliography up to 1931 is contained in M. Siegbahn.3 

+The values in this column are given by Ford.1 Siegbahn’s? 
most recent value for the CuKas wavelength is 1541,232 X units. 
Accordingly, the Kas satellite wavelength based on Siegbahn’s ref- 


erence value is 1530.59 (2). 
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3—Counter traces of Ka and Kf lines obtained on iron single crystal with 
iltered radiation. (211) reflection. 
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With unfiltered radiation the Ka, satellite was 
obtained by rocking the crystal through the (211) 
reflection position. The film trace is shown in Fig. 2. 


Using a counter technique, emission satellites were 
observed on all three lines obtained for iron with 
chromium radiation, namely (211), (200), and 
(110). Traces of the (211) and (200) reflections 
are reproduced in Figs. 3 and 4. 

From the data presented, it is evident that dif- 
fraction lines resulting from the satellite emission 
spectral lines are readily encountered in the use of 
diffraction techniques now available. 


In Table I the wavelengths of known emission 
satellites of interest are reported. 
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Embrittlement of Ti-Al Alloys in The 
6 to 10 Pct Al Range 


Ti-Al binary alloys in the range from 6 to 10 pct Al have been found to become 
embrittled due to the occurrence of a second phase. The degree of embrittlement 
appears to depend upon the following factors: aluminum content, aging temperature 
and time, rate of deformation, and testing temperature. Debye powder pattern lines 
for the second phase are in agreement with the TiAl phase reported by Ence and 


Margolin. 


by F. A. Crossley and W. F. Carew 


ie has been reported that the Ti-8 pct Al alloy is 
ductile as water quenched from 800°C but brittle 
as annealed at 650°C.* The present, somewhat lim- 
ited, investigation was undertaken to discover the 
cause of the embrittlement. In order to evaluate to 
some extent the continuity of the embrittling phe- 
nomenon, alloys of 6, 8, and 10 pct Al were studied. 
Subsequent to the completion of most of this work, 
Ence and Margolin reported that a Ti,Al phase 
exists and that two or more unidentified compounds 
may exist in the Ti-Al system.’ 


Materials, Equipment, and Techniques 

The alloys were prepared using Kroll process 
sponge of 124 Bhn hardness. In addition, some 8 
pet Al material was made with iodide titanium. The 
sponge-base alloys were prepared as melts of 4 lb 
or more by double arc melting. The iodide Ti-8 pct 
Al alloy was prepared as 200-g buttons. The alloys 
were forged at temperatures of 980° to 1150°C. 
Results of chemical analyses are given in Table I. 

A Baldwin-Southwark 60,000-lb capacity tensile 
machine, equipped with an autographic stress- 
strain recorder, was used for the tensile tests. 
Standard tensile test specimens, 0.252 in. diam, were 
used. Standard Charpy V-notch impact specimens 
were tested using a Riehle machine. Specimens 
were sealed in evacuated Vycor bulbs for heat 
treatment. Powder samples for Debye-Sherrer anal- 
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Fig. 1—Proportional limit and reduction in area ys annealing 
temperature for Ti-8 pct Al alloy. 


ysis were prepared by filing and screening through 
325 mesh. The —325 mesh fraction was taken in an 
effort to concentrate a microstructural constituent 
assumed to be less ductile than the a phase. The 
powder samples were stress relieved by annealing 
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Fig. 2—Ti-8 pct Al 
(iodide), vacuum an- 
nealed at 850°C for 6 
hr and water quenched; 
aged at 550°C for 500 
hr and water quenched. 
a plus precipitate. 
Microstructure devel- 
oped with 20 pct HF, 
20 pct HNOs, and the 
balance glycerine etch. 
X1000. 


at the temperature at which the bulk material had 
been heat treated. More details on the experi- 
mental procedure and on the results which follow 
than are given herein may be found elsewhere.** 


Results and Discussion 


Tensile specimens of alloys containing 6, 8, and 
10 pet Al were annealed at various temperatures, 
quenched, and tested at room temperature. Anneal- 
ing times in hours which were increased with de- 
creasing temperature in order to compensate to 
some extent for decreasing diffusion rate were as 
follows: C, “42° 1000° to 700°C, 1: 600°C, 2; 
O00 300°C. 1372 and 
200°C, 120. No significant variation in the tensile 
properties of the 6 pct Al alloy with annealing tem- 
perature was found. Tensile reduction in area vs 
annealing temperature data for the 8 pct Al alloy 
are given in Fig. 1. There was no significant differ- 
ence in hardness between ductile and brittle speci- 
mens. 

All specimens of the 10 pet Al alloy quenched 
from 800°C or below fractured before the propor- 
tional limit was reached. Specimens quenched from 
higher temperatures exhibited low ductility. The 
highest reduction in area value was 9 pct obtained 
for a specimen quenched from 900°C. A peculiarity 
of the 10 pct Al specimens which yielded before 
fracture was that the 0.2 pct offset yield strength 
averaged about 10,000 psi lower than that obtained 
for 8 pct Al specimens. 

In order to evaluate the effect of impurities, ten- 
sile test specimens of 8 pct Al alloy made with io- 
dide titanium were vacuum annealed to reduce hy- 
drogen to 30 ppm. Vacuum annealing was done at 
850°C for 6 hr. Tensile test results for these speci- 
mens as vacuum annealed and after aging are given 
in Table II. As water quenched from the vacuum 
annealing treatment, the material was ductile. Both 
ductility and yield strength decreased with aging 
time at 550°C. The microstructures of the aged 
specimens showed the presence of a second phase. 
The quantity of precipitate was considerably greater 
in the specimen aged for 500 hr (see Fig. 2). 

Tensile specimens of the sponge-base 8 and 10 pct 
Al alloys were vacuum annealed to reduce hydro- 
gen to 25 ppm or less and aged at 550°C for 48 hr or 
longer. All of these specimens were brittle. Metal- 
lographic examination indicated a very finely di- 
vided second phase to be present in all of these 
specimens. However, the second phase was much 
less in evidence in the 10 pct Al than in the 8 pct 
Al specimens. 

Since aging for 48 hr at 400°C did not produce 
embrittlement in the 8 pct Al alloy, a specimen was 
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aged under 30,000 psi stress for 1000 hr at 400°C. 
The specimen was then tensile tested. Brittle frac- 
ture occurred at 84,000 psi. The microstructure was 
similar to that shown in Fig. 2. 

Two tensile specimens of 8 pct Al which had been 
embrittled by aging at 550°C for 48 hr were an- 
nealed at 800°C for 2 hr and water quenched. These 


Table |. Results of Chemical Analyses 


Aluminum Content, Wt Pct 
Hydrogen Content, 


Nominal Analyzed Ppm by Wt 
6 5.98 233 
8 8.14 107 
8 (iodide) 8.29 100 
10 10.09 135 


specimens were completely ductile, the average re- 
duction in area value being 32 pct. However, the 
microstructures of these specimens were the same 
as for the aged condition. To confirm this, a sample 
with the microstructure shown in Fig. 2 was an- 
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Fig. 3—Tensile reduction in area vs tempercture for Ti-6, 8, 
and 10 pct Al alloys. 
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Fig. 4—Charpy V-notch impact strength vs temperature for 
Ti-6 pct Al alloy. 
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Tabie Il. Tensile Properties of lodide Ti-8 Pct Al Alloy 


Ultimate Tensile 


0.2 Pct Yield Reduction in Elongation, Fract 
Heat Treatment* Strength, Psi Strength, Psi Area, Pct Pet stresusbal 
VA 850°C, 6 hr, WQ 116,000 ; 
SR ies 6 hr, WQ; 550°C, 42 hr, WQ 91,000 88,000 10.0 2.0 80°00 
, 6 hr, WQ; 550°C, 500 hr, WQ 62,000 59,000+ as 0.14 62,000 


-1 pet offset. 


ee and W@Q stand for vacuum annealed and water quenched, respectively. 


nealed at 800°C for 2 hr and water quenched. The 
microstructure was unchanged. 

Since room temperature ductility of the 6 pet Al 
alloy was independent of annealing temperature al- 
though the 8 pct Al alloy showed marked depend- 
ence, the possibility that this difference was due to 
transition behavior was investigated. The results 
are shown in Figs. 3 and 4. The 6 pct Al alloy showed 
transition behavior, both as quenched from 800°C 
and as aged at 550°C. But, significantly, the 6 pct 
Al alloy as aged at 550°C loses considerably in ten- 
sile ductility below room temperature, and in im- 
pact strength at all test temperatures. Vacuum an- 
nealing to reduce hydrogen to a low level had no 
significant effect on the impact values for the aged 
condition. 

The fact that precipitate formed at 550°C does 
not dissolve at 800° (although ductility is restored) 
indicated that the precipitate phase is stable at 
800°C. However, the microstructures of specimens 
annealed at 800°C for 96 hr gave little, if any, in- 
dication of the presence of a second phase. It may 
be postulated that the precipitation reaction is con- 
siderably more sluggish at 800° than 550°C. Given 
sufficient time, it should be possible to develop the 
precipitate phase at 800°C. Accordingly, specimens 
of 6, 8, and 10 pct Al were cold pressed 20 to 30 pct 
and annealed at 800°C for 184 hr. The resultant 
microstructures are shown in Figs. 5 and 6. The 
particle size of the second phase was considerably 
larger in the 6 than in the 8 and 10 pct Al alloys. 
No conclusions relating to the relative amounts of 
the second phase present can be drawn, since it is 
improbable that equilibrium had been reached in 
all of the samples. 

The Debye-Sherrer powder patterns shown in 
Table III definitely establish that the second phase 
is not titanium hydride or any known phase in- 
volving titanium or aluminum with carbon, oxygen, 
or nitrogen. Included in the table are data of Ence 
and Margolin for the Ti,Al phase.’ Lines attribut- 
able to a are not included. Data for the two-phase 
structure of the 6 pct Al alloy developed at 800°C 
confirm the existence of the Ti.Al phase reported by 


Fig. 5—Ti-6 pct Al, 
cold pressed 25 pct; held 
at 800°C for 484 hr and 
water quenched. a plus 
precipitate. Microstruc- 
ture was developed with 
20 pct HF, 20 pct HNOs, 
and the balance glycer- 
ine etch. X1000. 
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these workers. The 8 pct Al alloy aged under stress 
at 400°C appears to contain this phase as well. 


Table Ill. Debye-Sherrer Powder Patterns Compared with Data of 
Ence and Margolin 


Ti-25 Pct Al at 
1000°C, Water 
Quenched, Single 
Phase TisAl, Ence 


Ti-6 Pct Al 
Cold Pressed 25 Pct 
at 800°C for 184 Hr, 


Ti-8 Pct Al at 
400°C for 1000 Hr, 


30,000 Psi* Water Quenched*+ and Margolin®= 
In- 
d,A Intensity§ d,A Intensity§ d,A tensity§ 
5.012 0.1 
3.396 0.2 
2.83 0.4 2.88 0.05 
2.49 0.3 2.502 0.5 
2.36 0.4 2.320 0.7 
2.22 0.3 2.205 EO) 
2.10 0.1 0.3 
1.82 0.1 1.886 0.06 
1.810 0.08 
1.74 0.4 0.06 
1.64 0.1 1.72 0.1 1.700 0.6 
1.54 <0.1 152 0.3 
1.47 0.4 1.474 0.04 
1.46 0.2 
1.40 0.1 1.44 0.5 
1.38 0.1 1.34 0.4 1.351 0.02 
1.33 0.2 
1.30 0.2 1.315 0.02 
1.28 0.1 
1.23 0.4 1.227 0.4 
1.22 0.2 1.208 0.3 
1.050 0.2 
0.985 0.1 0.973 0.3 
0.935 0.1 
0.923 0.3 0.927 0.4 
0.8944 0.2 
0.889 0.1 
0.868 0.1 0.870 0.4 
0.834 0.2 
0.824 0.2 


* MoKa radiation, 50 kv, 15 ma, 40-hr exposure. 
+ CuKa radiation, 40 kv, 18 ma, 24-hr exposure. 
¢ CuKa radiation. 

§ Estimated relative intensity. 


However, the lesser accuracy inherent with MoKa, 
compared with CuKa radiation, and the scarcity of 
lines makes identification less positive. 


Summary and Conclusions 
A second phase has been found to occur in Ti-Al 
binary alloys in the range from 6 to 10 pct Al. The 
precipitate, when formed at temperatures below 
800°C, produces varying degrees of embrittlement 


Fig. 6—Ti-8 pct Al, 

cold pressed 25 pct; held 
at 800°C for 184 hr and 
water quenched. a plus 

precipitate. Microstruc- 

ture was developed with 

20 pct HF, 20 pct HNOs, 
and the balance glycer- 

ine etch. X1000. 
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apparently depending upon the following factors: 
aluminum content, aging temperature and time, 
rate of deformation, and testing temperature. Aging 
at 550°C for about 48 hr appears to be optimum for 
inducing embrittlement. When given this treat- 
ment, the 6 pct Al alloy was completely ductile at 
room temperature in tensile testing but showed loss 
of ductility in impact testing. The 6 pct alloy had 
a transition in tensile ductility between 0° and 
20°C. The 8 pct Al alloy was completely brittle at 
room temperature but had 15 pct reduction in area 
at 150°C. The 10 pct Al alloy was still completely 
brittle at 150°C but exhibited 10 pct reduction in 
area at 250°C. Embrittled specimens of the 8 pct 
Al alloy were restored to a ductile condition by an- 
nealing at 800°C. By cold working and annealing 
for 184 hr it was possible to produce two-phase 
microstructures at 800°C. X-ray data for the sec- 
ond phase are in agreement with the Ti,Al phase 
reported by Ence and Margolin. 
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Technical Note 


Elastic Coefficients of Single Crystals of Alpha Brass 


by W. R. Hibbard, Jr. 


N ref. 1, on the basis of tension and torsion expe- 

riments with single crystals of a brass, the values 
given in Table I were obtained for elastic coefficients. 
It was pointed out by Zener that the values for the 
71.2 pct Cu were not satisfactory, since they resulted 
in a negative value for the bulk modulus, namely 
—4.17X10” sq cm per dyne. 

In reevaluating the data of this investigation, it 
was determined that the reason for this negative 
bulk modulus lay in the extrapolation of the recip- 
rocal Young’s modulus to the zero value of the 
orientation function shown in Fig. 5 of ref. 1. This 
extrapolation was reevaluated by the method of 
least squares (50 pct probability) and a new value 
of the coefficient S,, was determined as 18.92+0.42x 
10° sq cm per dyne in lieu of the value originally 
reported of 18.8210" sq cm per dyne. This new 
value of S,, leads to a new value of S,, of —9.43x10” 
sq cm per dyne. The values of the other coefficients 
are unchanged. 


Table I. Values for Elastic Coefficients 


10-13 Sq Cm per Dyne 


71.2 Pct Cu 77.4 Pet Cu 
Su 18.82 17.10 
Siz —9.45 —8.23 
Su 15.55 14.90 


On the basis of these new results a positive value 
of the bulk modulus of 5.55x10" sq cm per dyne 
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results. This value compares with the value of 
12.3X10" sq cm per dyne reported by Schmid and 
Boas.’ The new results are summarized in Table II. 


Table Il. New Results for Elastic Coefficients 


10-48 Sq Cm per Dyne 


71.2 Pet Cu 77.4 Pct Cu 
Su 18.92+0.42 17.11+0.72 
Sis —9.43 —8.23 
Sa 15.55 14.90 
Cu 5.58 0.539 
Cre 5.54 0.500 
Cas 0.064 0.067 
K 5.55 0.513 


These results follow similar qualitative trends, pre- 
viously published,’ relative to the effect of zinc con- 
tent. However, the derived values of Cy, Cy», Cu, and 
K are so sensitive to the uncertainty in the first 
decimal place of the S,, values that they are prob- 
ably not useful. This uncertainty must also apply 
to the previous results of Masima and Sachs,* who 
obtained S,, values from a similar extrapolation 
drawn wholly above their data points. 
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Solid Solubility of Carbon in Chromium 


by W. H. Smith 


1 P23 connection with some recent work on the effect 

of impurities on the ductility of chromium, it 
appeared desirable to know the solid solubility of 
carbon in chromium. A literature survey indicated 
that this information was not available. Although 
considerable work has been done on the Cr-C phase 
diagram,”* previous investigators have been more 
concerned with the structure and phase boundaries 
of the carbide phases than with the terminal solid 
solution. The phase diagram shown in Fig. 1 is taken 
from the work of Bloom and Grant* and represents 
the most recent determination. As indicated by the 
dashed line, the a solid-solubility limit was not 
determined. 


Experimental Procedure 

Alloys of chromium were prepared from hydro- 
gen-treated and vacuum-degassed electrolytic chro- 
mium plus spectrographic grade carbon. The oxygen 
and nitrogen content of the alloys was <0.002 pct. 
After melting, analysis of the alloys showed them to 
contain 0.02, 0.08, 0.15, and 0.55 pct C. Pieces of the 
alloys were heated in a protective atmosphere to 
various temperatures and then quenched after hold- 
ing for a time sufficient to insure equilibrium. Mi- 
croscopic examination of the as-quenched alloys for 
the presence of a second phase was used as a meas- 
ure of the solubility limit. 

The heats were made in a multiple hearth arc- 
furnace using a zirconium-gettered static argon at- 
mosphere. A zirconium melt was made before each 
Cr-C heat. Triple melting was used to insure ingot 
homogeneity as shown by microscopic examination. 
The alloys were prepared by adding portions of a 
4.5 pet C-Cr master alloy to high purity chromium. 
The carbon contents listed previously were those 
obtained by analysis. The nitrogen and oxygen 
contents after arc melting were both <0.002 pct. 
Sections %x%x% in. were cut from the 100-g 
ingots and a hole drilled in one end in order to sus- 
pend the sample from a molybdenum wire. After 
the surface was carefully cleaned, a sample of each 
melt was hung in a mullite tube heated externally 
by a platinum resistance furnace connected to a 
vacuum system. The lower portion of the mullite 
tube was sealed to Pyrex and closed off several 
inches below the furnace. This was filled with sili- 
cone oil kept cold by circulating cold water around 
the outside of the Pyrex. Quenching into the oil 
bath was achieved by melting a fuse wire supporting 
the sample. It required about 4 sec for the sample 
to cool from 1400° to 600°C. This severity of quench 
was considered satisfactory to freeze-in the high 
temperaturé equilibrium. For tests made at tem- 
peratures of 900° to.1200°C, heating was done in 
vacuum; for tests above 1200°C, an argon atmos- 
phere was used. The holding time employed ranged 
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Fig. 1—Cr-C phase diagram, after Bloom and Grant.* 


from 12 hr at 900°C to 6 hr at 1400°C. Experiments 
were performed at temperatures of 900°, 1000°, 
1100°, 1200°, 1300°, and 1400°C. Microscopic ex- 
amination for evidence of a second phase was done 
at X1500. 


Experimental Result 

The microstructures of a 0.08 pet C-Cr alloy as- 
cast and after quenching from 1300°C are shown in 
Figs. 2 and 3. A 0.15 pet C-Cr alloy quenched from 
1300°C is shown in Fig. 4. The data obtained from 
the quenching experiments is shown graphically in 
Fig. 5. If the Van’t Hoff equation is obeyed, a plot 
on a logarithmic scale of the mol fraction of solute 
vs the reciprocal of the absolute temperature should 
give a straight line. For dilute solutions the weight 
percentage can be substituted for the mol fraction 
without introducing any appreciable error. The 
Van’t Hoff equation can then be written as 


logs Cj] = + ¢ 


4.575T 


where H is the heat of solution in calories per mol. 

The slope of the straight line on the log pct C vs 
1/T plot gives the value of AH. Assuming that the 
Van’t Hoff equation is obeyed, which is probably 
justified for the dilute solution of carbon in chrom- 
ium, the heavy straight line shown on Fig. 5 repre- 
sents the best fit of the data. This line was obtained 
as follows. 

On Fig. 5 the results of the microscopic examina- 
tion of all alloys following quenching were plotted 
and designated as to whether one or two phases were 
seen. Below 1100°C all alloys showed a second phase 
on quenching. The heavy vertical lines shown in Fig. 
5 therefore represent the possible range of the ter- 
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Fig. 2—As-cast 
structure of a 0.08 
pet C-Cr alloy. 
Electropolished in 
H.SO,. X1500. Re- 
duced approximately 
35 pct for repro- 
duction. 


Fig. 3—Structure of 
a 0.08 pct C-Cr 
alloy after heating 
to 1300°C in argon, 
holding 6 hr, and 
quenching in oil at 
room temperature. 
Electropolished in 
H.SO,. X1500. Re- 
duced approximately 
35 pct for repro- 
duction. 


Fig. 4—Structure of 
a 0.15 pct C-Cr 
alloy after heating 
to 1300°C in argon, 
holding 6 hr, and 
quenching in oil at 
room temperature. 
Electropolished in 
H2SO,. X1500. Re- 
duced approximately 
35 pct for repro- 
duction. 


minal solid-solution boundary at the particular test 
temperature. As more confidence can be placed in 
the upper points than the lower ones, since a second 
phase was observed, the upper limit of the terminal 
solid-solution boundary was first established. The 
criteria followed in drawing the line shown was that 
it should pass near the maximum number of points 
and still be below all points. The lower limit of the 
solubility boundary was then constructed to be 
parallel to the upper boundary and be above all the 
lower points on the curve. The heavy line, an aver- 
age between the upper and lower boundary limits, 
should therefore represent the best fit of the data. 
The probable error in percentage of carbon should 
not exceed the vertical distance through the area 
enclosed by the light lines on either side on the 
heavy curve. The value of the heat of solution of 
carbon as Cr,C in chromium from Fig. 5 is —27,600 
cal per mol. This is quite comparable with the heat 
of solution of nitrogen gas in chromium of —23,500 
cal per mol as determined by Seybolt and Oriani.* 
For a-iron the heat of solution of carbon as cementite 
is —9700 cal per mol,’ while for nitrogen gas in 
a-iron it is —8000 cal per mol.’ The ratios of the heat 
of solution of nitrogen gas and of carbon as carbide 
in iron and in chromium are almost identical. At the 
eutectic temperature of 1498°C (Fig. 1), extrapola- 
tion of Fig. 5 indicates a maximum solid solubility 
of carbon in chromium of 0.32 pct. The data from 
Fig. 5 were used to plot the more conventional per- 
centage of carbon vs temperature diagram in Fig. 6. 
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Fig. 5—Solubility of carbon in chromium. 
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Fig. 6—Solubility of carbon in chromium. 


Acknowledgments 
The author is indebted to A. U. Seybolt for many 
helpful suggestions. He is particularly indebted to 
L. S. Butler and the members of the metallography 
group for a large portion of the specimen testing 
preparation and photography. 


References 


1D. S. Bloom and N. J. Grant: The System Chromium-Carbon. 
eres Trans., 1950, vol. 188, p. 41; Journat or Metats, January 


TRANSACTIONS AIME 


| 
j 
« < 
. 
< 


?K. Hatsuta: Equilibrium Diagram for the Chromi 
Tech. Rept. Tohoku Imp. Univ., 1932, 
8A. U. Seybolt and R. A. Oriani: Pressure Tem 
on Relations in the Chromium-Nitrogen Terminal Solid Salution, 
pe Trans., 1956, vol. 206, Pp. 556-562; JournaLt or Metats, May 
4C. A. Wert: Solid Solubility of Cementite in Alpha Ir 
on. AIME 
Trans., 1950, vol. 188, p. 1242; JourNaAL or MErats, October 1950. 


O1be J. Dijkstra: Precipitation Phenomena in the Solid Solutions 
of Nitrogen and Carbon in Alpha Iron below the Eutectoid Temper- 
ature. AIME Trans., 1949, vol. 185, p. 252; JourNaL oF METALs, 
March 1949. 


Discussion. of this paper sent (2 copies) to AIME by Mar. 1, 1957 
will appear in AIME Transactions Vol. 209, 1957, and in JouRNAL OF 
Metats, October 1957. 


Technical Note 


Effects of Aluminum on the Cold-Rolled Textures of Titanium 


by C. J. Sparks, Jr., C. J. McHargue, and J. P. Hammond 


a a study of the effects of solid solution alloying 
on the deformation texture of titanium, an alloy 
containing 3.8 pct Al was found to develop a (0001) 


[1010] texture instead of the texture characteristic 
of pure titanium.’ A short investigation has been 
made of the change in texture with aluminum con- 
tent. 

Alloys containing 0.27, 0.47, 1.05, and 1.43 pct Al 
were prepared by vacuum arc melting, using iodide 
titanium as the base material. Homogenized ingots 
were reduced 90 pct in thickness by cold rolling. 
Pole figures were obtained using the usual film 
techniques. 

Fig. 1 shows that the change from the tilted to 
the nontilted (0001) position is gradual. The dashed 
contour lines in Fig. 1 indicate the extent to which 
data was collected. The addition of 0.27 pct Al re- 
sulted in a decrease in the transverse spread of 
basal poles. With increasing aluminum content, the 
amount of the tilt becomes less and the region of 
highest intensity takes the shape of a ring about 
the center of the pole figure. For aluminum con- 
tents greater than 1 pct, the (0001) [1010] texture 
is definitely present—the sharpness increasing as 
the amount of solute is increased.* 


* Future experiments planned on a Ti-3 pct Al alloy, using quan- 
titative pole figure methods, should definitely establish if the maxi- 
mum intensity region about the center of the pole figure remains as 
a ring or is solid. 


It is interesting to note that Williams and Eppel- 
sheimer*® reported for commercial grade titanium a 
high intensity region 20° toward the rolling direc- 
tion from the rolling plane normal in addition to 
one 30° toward the transverse direction. Their basal 
pole figure was similar to Fig. 1, row three. The 
observation that the texture changes gradually with 
solute concentration is similar to the results of simi- 
lar studies on copper.’ At the present time these 
effects are not clearly understood. 
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Fig. 1—Basil pole figures (0002) showing effect of aluminum 
on titanium in changing from split to nonsplit texture. 
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Technical Note 


Unusual Twinning in Annealed Copper 


by R. L. Segall 


N unusual thermal etch figure in copper is de- 

scribed and an explanation in terms of twinning 
is suggested. A flat polycrystalline specimen of 
OFHC copper cut from a rolled sheet was electro- 
polished in orthophosphorie acid and annealed at 
950°C in a vacuum of approximately 10° mm Hg 
for 2 hr. The specimen was found to be thermally 
etched, the markings on the surface being consistent 
with the assumption that they were the traces of the 
{111} planes which are developed preferentially be- 
cause they have the lowest free energy. However, 
on one grain (the grain shown in Fig. 1) the traces 
formed an almost regular pentagon and at first sight 
it seemed unlikely that they could all be {111} 
traces. 

These traces were studied further because it was 
thought that they might be a type of growth spiral. 
A fringe pattern showed that this was not so, the 
grain being sensibly flat and the only features hav- 
ing steps were the striations and the faint curved 
line passing out from the center of the pentagons. 
To obtain some additional information, the speci- 
men was deformed in tension. The effect of the 
stress was first to cause the appearance of lines run- 
ning from the centers to the apexes of the pentagons 
and then to tilt the five segments so formed. At a 
much greater stress, appreciable slip appeared on 
the grain; these effects can be seen in Fig. 2. The 
micrograph was taken at a fairly late stage in the 
deformation and the tilting is quite marked. The 
magnification is the same as in Fig. 1, and although 
some slip can be seen it could be observed better by 
varying the illumination and using higher magni- 
fications. In each segment of the grain, slip (which 
takes place on the {111} planes) was parallel to the 
side of the pentagon in that segment. The marked 
changes in direction of slip from segment to seg- 
ment seemed to be incompatible with the presence 
of a regular array of subgrains. 

These results suggest that some of the five seg- 
ments were twins. If this is so, since the twinning 
plane in copper is the {111} plane, the radial lines 
must be traces of the {111} planes on the surface. 
From the symmetry of the striations about the radial 
lines, these planes must be almost perpendicular to 
the surface. The angle between <111> directions 
in face-centered-cubic copper is 70°32’. If, in Fig. 3, 
OAB (triangle 1) is taken as matrix and OA, OB 
are {111} planes viewed edge on, then AB is in the 
correct direction to be the trace of either of the 
other two {111} planes on the surface. If triangle 2 
is the twin (about the {111} plane perpendicular to 
the surface and containing OB) of triangle 1, then 
once again it can be shown that all lines are traces 
of {111} planes. Similarly, triangle 3 is the twin of 
triangle 2, 4 of 3, and 5 of both 4 and 1. (The 
sequence is, of course, quite arbitrary.) 

However, if this were the case there would be a 
discrepancy of 7°20’ to be accounted for. It is sug- 
gested that the faint curved line passing outward 
from the center of the pentagon represents either a 
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Fig. I—OFHC cop- 
per after 2 hr at 
950°C in vacuum, 
showing pentagonal 
striations. X500. 
Reduced approxi- 
mately 30 pct for 
reproduction. 


Fig. 2—Same area 
as shown in Fig. 1 
after deformation in 
tension. X500. 
Reduced approxi- 
mately 30 pct for 
reproduction. 


Fig. 3—Schematic 
diagram of Figs. 1 
and 2. Numbers 
represent: 1, matrix; 
2 through 5, twins. 


D 


low angle boundary or a sixth small twin. The slight 
step shown by the fringes at this line might be an 
indication that the former is the case. This explana- 
tion does not account for the coincidence of obtain- 
ing a grain whose surface must be so close to {110} 
and obtaining the curious twinning described pre- 
viously; it would be of interest to find a specific 
mechanism for this, 
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Uranium-Zinc System 


The phase fields existing in the U-Zn system at 1 and at 5 atm pressure have been determined 
from X-ray, metallographic, thermal, and vapor pressure data. Only one compound, UZny, is formed 
in this system. At 910°C and 1 atm pressure this compound exists in equilibrium with zinc vapor 
and zinc-rich liquid containing approximately 14.6 wt pct U. The soiubility of uranium in zinc de- 
creases to 0.45 wt pct U at 600°C and to 0.025 wt pct at 419°C. The compound forms a eutectic 
with uranium which contains 42.0+0.5 wt pct U and melts at 944°+5°C. The solid solubility of 
zinc in uranium is very low and was beyond detection by the experimental methods employed. At 5 
atm pressure a liquid immiscibility gap at 1050°C extends from 47 to about 93 wt pct U. 


by P. Chiotti, H. H. Klepfer, and K. J. Gill 


SoM observations relative to the U-Zn system 
have been made by other investigators. Chipman’ 
and Carter* have reported the preparation of several 
U-Zn alloys and point out that these alloys are gen- 
erally difficult to prepare. Chipman’ reported evi- 
dence for a high melting compound at about 90 
atomic pct Zn and the possible existence of a eutec- 
tic between the compound and uranium. Raynor,’ 
in a theoretical discussion of the alloying properties 
of uranium, included zinc among the elements pre- 
dicted to have little or no solubility in a, 8, or y 
uranium. 

In the present investigation, thermal analyses, 
X-ray, metallographic, and vapor-pressure data 
were obtained to determine the phase boundaries. 
The relatively high zinc pressure over most of the 
alloys at temperatures of 900°C and above proved 
troublesome and special techniques had to be em- 
ployed in preparing suitable alloys. 


Materials and Preparation of Alloys 

The metals employed in this investigation were 
Ames Laboratory biscuit uranium containing less 
than 500 ppm total impurities and Bunker Hill slab 
zine or Baker Analyzed reagent granulated zinc, 
both with a purity of 99.99+ pct. 

Due to the high vapor pressure of zinc and the 
high reactivity of both uranium and zine with oxy- 
gen at only moderately high temperatures, alloys 
were prepared in closed containers which had either 
been evacuated or evacuated and filled with helium. 
High purity magnesia, magnesia containing 10 pct 
calcium fluoride, and tantalum proved to be suit- 
able crucible materials. Two different procedures, 
described below, were used to prepare alloys, the 
latter being the most satisfactory. 

The metals, uranium turnings and granulated 
zinc, were cleaned with dilute nitric acid, rinsed, 
dried, and placed immediately in a helium-filled dry 
» box. The two metals were placed in a 10 mil Ta 
crucible. The charge was enclosed in the tantalum 
crucible by welding on a preformed tantalum cap. 
This assembly was enclosed inside a stainless steel 
(AISI 309) bomb. The bomb was made by welding 
a piece of stainless steel plate on each end of a 
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stainless steel pipe. All these operations were car- 
ried out in a helium atmosphere. These assemblies 
were heated in a muffle furnace at temperatures 
between 1100° and 1200°C for 10 to 15 min or held 
as long as 15 to 20 hr in the 950° to 1000°C tem- 
perature range before quenching. Spectrographic 
and chemical analyses showed no tantalum pickup 
by the alloys, indicating no reaction between the 
alloys and the crucibles. However, some of these 
crucibles failed, probably due to imperfections in the 
welds of the stainless steel or tantalum crucibles. 

The second and most satisfactory method was to 
prepare the alloys by powder metallurgy techniques. 
The procedure was to press degreased and acid- 
etched uranium turnings with granulated zinc into 
20 g compacts under 20,000-psi pressure. The com- 
pacts were placed in MgO crucibles, and sealed in 
evacuated Vycor or fused silica tubes. The alloys 
were then heated as long as two weeks at about 
550°C in a muffle furnace. The pressed compacts 
were observed to expand by several volume percent 
during heating and it was necessary to make allow- 
ances for this expansion in order to avoid breaking 
the crucible and Vycor tube. This method was found 
very satisfactory for preparing alloys which were 
suitable for thermal analysis or vapor pressure 
studies. 

Experimental Methods and Results 

The phase diagram for the U-Zn system at 1 atm 
pressure, shown in Fig. 1, is based primarily on 
vapor pressure measurements and on thermal analy- 
sis taken at temperatures below 950°C. Fig. 2 shows 
the U-Zn diagram at 5 atm pressure, constructed on 
the basis of thermal analysis of alloys in sealed con- 
tainers up to 1150°C and on the basis of metallo- 
graphic, X-ray, and analytical data. 

The alloys sealed under vacuum were actually 
under their own vapor pressure and those sealed in 
an atmosphere of helium were under an additional 
pressure due to the helium. At temperatures up to 
1100°C the zine pressure is 5 atm or less for these 
alloys; consequently the maximum pressure over 
the alloys sealed under a helium atmosphere was 10 
atm or less at temperatures up to 1100°C. Changes in 
pressure of this order of magnitude do not appreci- 
ably alter the position of most solid-solid or liquid- 
solid phase boundaries. In constructing the phase 
diagram for a pressure of 5 atm, the effect of pres- 
sure on all phase boundaries except those for liquid- 
vapor or solid-vapor regions was considered negli- 
gible. 
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Zinc-Rich Liquidus Determination—The solubility 
of uranium in molten zinc was studied by the 
following method: Five lb Zn and 300 g U were 
placed in a magnesia crucible and heated under 
a slight positive pressure of argon in a stainless steel 
chamber inside a resistance furnace. The steel 
chamber had a water-cooled cover provided with a 
port for a motor-driven stirring rod, a port for the 
removal of samples of the molten bath, an inert-gas 
inlet, and a graphite thermocouple well extending 
into the top of the melt. The stirring rod and paddle 
were made of tantalum. The melt was slowly heated 
to the desired temperature with continuous stirring, 
then held at constant temperature for several hours 
without stirring. At the end of this period a sample 
from the top of the melt was removed, quenched in 
water, and analyzed for uranium. This process was 
repeated over two heating and cooling cycles. 
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Stirring was necessary in order to bring the melt 
to its equilibrium composition in a reasonable period 
of time. After a settling period of 2 hr at constant 
temperature, automatically controlled at +5°C, most 


Table |. Average Solubility of Uranium in Zinc 


Temperature, °C Wt Pct Uranium 


419 0.025 

450 0.20+0.10 
500 0.28+0.01 
550 0.30+0.08 
600 
650 1.30.2 
700 3.10.3 


samples taken from the top of,the melt were essen- 
tially free of suspended solid material. The presence 
of large compound crystallites in the microstruc- 
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Table Il. Summary of Thermal Analysis and Microstructure of U-Zn Alloys 


Comments 


Microstructure 


Chemical Th 
Alley ermal Arrests, °C 
No. Wt Pct U Heating Cooling 
a 0.85 419 419 
27 5.0 419 419 
37 10.0 419 419 
4; 13.87 419 
St 15.15 418 
67 20.0 419 419 
Tt 24.32 420 419 
8} 30.90 661 = 
778 
982 
9+ 31.5 949 — 
992 
1070 
10; 38.17 649 640 
732 726 
946 946 
967 964 
1065 1062 
11; 41.54 780 635 
941 764 
938 
12¢ 42.4 945 944 
13+ 45.0 776 
944 944 
1070 1015 
14; 50.0 645 640 
766 
941 941 
1070 1028 
15; 55.0 654 647 
770 767 
946 941 
1031 
16; 60.0 668 
778 
944 944 
1065 1015 
1123 
17} 70.0 668 
768 766 
931 936 
1049 1015 
1078 
18} 75.0 664 626 
776 783 
936 944 
1083 1013 
1123 
19t 81.27 663 626 
776 771 
944 945 
20t 85.0 666 649 
778 764 
951 944 
1065 1013 
1078 
21t 90.4 666 684 
780 772 
920 938 
1110 1021 
1117 
22 97.4 673 671 
778 785 
949 
1028 1041 
1128 1144 
23 100.0 662 
769 


* Indicates alloy taken from solubility study bath. ; 
+ Indicates alloy prepared by powder metallurgy techniques. 
t Indicates alloy prepared in tantalum crucible bomb. 


Maximum temperature, 900°C 


No other breaks up to 950°C 

Maximum temperature, 1093°C; 
840°C arrest very weak 

Silica tube broke at 850°C 

Silica tube broke on heating 

Maximum temperature, 1204°C; 
some evidence of very weak 
arrest at 880°C 

Maximum temperature, 997°C; 
arrest at 932°C not well de- 
fined 

Silica tube broke at 1000°C 


Silica tube broke at 1100°C 


Maximum temperature, 1093°C; 
two low temperature arrests 
weak 


Maximum temperature, 1013°C 


Maximum temperature, 1050°C 

Maximum temperature, 1190°C; 
only the 944°C arrest was 
strong 

Maximum temperature, 1123°C 


Maximum temperature, 1093°C 


Maximum temperature, 1182°C; 
tube broke at 916°C on cool- 
ing 


Maximum temperature, 1112°C 


Maximum temperature, 1134°C 


Maximum temperature, 1112°C 


Maximum temperature, 1102°C 


Small amount of UZng in fine 
grained zinc matrix 

Two phases (UZnp»y in Zn matrix) 

Two phases (UZns in Zn matrix) 


Two phases (UZngp in Zn matrix) 


Not examined 
Two phases (UZny in Zn matrix) 


Two phases (UZny in Zn matrix) 
Not examined 
Not examined 


50 pet eutectic + 50 pct UZng 
dendrites 


95 pct eutectic + second phase 


Approximately 98 pct eutectic 
U dendrites + eutectic 


95 pet (eutectic + U) layer +5 
pet nearly pure U layer 


Eutectic + U (layers not com- 
pletely separated) 


SiO» tube failed during thermal 
analysis 


Top layer analysis was 46.78 
pet U (eutectic + U); bot- 
tom layer analysis was 99.84 
pet U 


50 pct (eutectic + U) layer, 50 
pet (uranium-rich) layer 


45 pet (eutectic + U) layer, 55 
pet (uranium-rich) layer 


Two layers: 30 pct (eutectic + 


U), 70 pet (uranium-rich) 
layer 


As quenched: (uranium + eu- 
tectic) 


As quenched: (uranium + eu- 
tectic) 


Biscuit uranium 


ture of the quenched samples was taken as evidence 
that some suspended compound had been removed 
with the sample and the sample was discarded. Fig. 
3 shows a typical fine grained structure while Fig. 4 
shows the presence of a few relatively large com- 
pound crystallites. It may be questionable whether 
the compound crystallites were formed during the 
removal of the sample prior to quenching or whether 
these were initially present as suspended solid. Since 
it only required about 3 sec to remove a sample and 
quench it, the authors believe that the crystallites 
were probably present as suspended material. 
Table I gives a summary of the solubility of ura- 
nium in zinc as determined from the analysis of al- 
loys dipped from the molten Zn-U bath, as de- 
scribed previously, at various temperatures from 
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419° to 700°C. These values are generally lower 
than those reported by Hayes and Gordon* and by 
Kaufmann and Isserow.’ Hayes and Gordon gave 1.2 
pet U as the solubility at 500°C. Kaufmann’s values, 
determined by centrifugal separation of the solid 
and liquid in equilibrium, are 0.15 to 0.29 pct U at 
500°C, 4.0 pct U at 680°C, and 4.2 pct U at 700°C. 
The last two values are somewhat larger than the 
corresponding values obtained in this investigation. 

Determination of Compound—tThe work of pre- 
vious investigators” * had indicated an intermetallic 
compound at 90 atomic pet Zn (28.805 wt pct U). 
This composition corresponds to the empirical for- 
mula UZn,. 

The authors’ metallographic observations con- 
firmed the existence of this compound. A two-phase 
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Fig. 3—Zn-0.12 wt pct U alloy, quenched 
from 600°C, CrOs-NasSO. etch. X250. 
Reduced approximately 10 pct for repro- 
duction. 


duction. 


alloy was observed at 28.55 pct U, but a 28.77 pct U 
alloy was found to be one-phase. An alloy of 29.55 
pct U, shown in Fig. 5, consisted again of two phases. 
These observations also indicate that the solubility 
of zinc and uranium in the compound is very limited 
and certainly less than 0.7 pct. 

A single crystal of the compound UZn, was ob- 
tained by preferential dissolution of the zinc matrix 
of a5 pct U alloy. Weissenberg patterns of this crys- 
tal showed the compound to be hexagonal, sym- 
metry class D,,, with unit cell constants a, = 8.99A 
and c, = 8.98A. Powder X-ray diffraction patterns 
for two-phase alloys on both sides of the compound 
composition were taken. Patterns for alloys below 
28.8 pct U were indexed successfully on the basis 
of this hexagonal cell and that of pure zinc. Patterns 
for alloys above 28.8 pct U were indexed on the 
basis of the hexagonal cell and that of pure uranium. 

The structure of UZn, is being determined by Carl 
Vold of the Ames Laboratory. This work, including 
refined cell constants, will be reported in a future 
paper. 

Thermal analyses of alloys in the region of the 
compound composition, carried out by the procedure 
described subsequently, suggest 1050°+20°C as the 
congruent melting point of UZn,. However, vapor 
pressure measurements indicate that at a pressure of 
1 atm the compound decomposes into zine vapor and 
a uranium-rich liquid at 945°+5°C. No evidence 
was found for the existence of any other intermetal- 
lic compound in the system. 

Thermal and Metallographic Analyses—The alloys 
used for thermal analyses were prepared as indi- 
cated in Table II. The alloys prepared by powder 
metallurgy techniques, described previously, were 
heated at 550°C for periods of as long as two weeks 
prior to thermal analyses. No other homogenization 
treatment was employed. The alloys (20 to 30 g 
each) were sealed in evacuated silica capsules of ap- 
proximately 25 cu cm volume. Considering the mass 
of a sample, the volume of a capsule, and the vapor 
pressure of zinc at temperatures of interest, the 
change in the composition of any of these alloys due 
to volatilization of zinc can be estimated to be less 
than 0.1 pct. Both the magnesia crucibles and the 
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Fig. 4—Zn-3.38 wt pct U alloy, quenched 
from 700°C, CrO;-Na2SO: etch. 
Reduced approximately 10 pct for repro- 


Fig. 5—Zn-29.55 wt pct U alloy, quenched 
from 1100°C, showing UZn» dendrites in 
eutectic matrix, unetched. X75. Reduced 
approximately 10 pct for reproduction. 


X250. 


silica capsules had a small indentation in the bot- 
tom for receiving the junction of a Chromel-Alumel 
thermocouple. The thermocouple wire used was cal- 
ibrated by the supplier and the thermocouples were 
checked at the melting point of pure zinc. Differen- 
tial thermal analyses, heating at 5°C per min and 
cooling at 3°C per min, were taken. Heating was 
carried out in a Kanthal-wound furnace. 

Whenever possible, alloys were examined micro- 
scopically both before and after thermal analysis. 
Standard grinding and polishing techniques were 
used in preparing alloys for examination. Identifica- 
tion of the various phases and constituents was 
aided by microhardness measurements. The results 
of thermal analysis and metallographic examination 
are summarized in Table II. 

The melting point of zinc was taken as 419.46°C 
as reported in Metals Handbook.* Alloys containing 
up to 27.6 pct U (1 to 7 in Table II) all gave thermal 
arrests at 419°+1°C. 

Fig. 6 shows the microstructure of a 24.32 pct U 
alloy (No. 7 in Table II) following thermal analysis. 
This microstructure is typical of alloys containing 
from 0.025 to 28.8 pct U. The twinned matrix was 
identified as very nearly pure zinc by microhardness 
measurements. The second phase is the intermetallic 
compound, UZn,. 

The microstructure of a 38.17 pet U alloy (No. 10 
in Table II) is shown in Fig. 7 as typical of that of 
alloys from 28.8 to 42 pct U. The clear phase was 
identified by microhardness measurements as UZn,, 
the matrix being UZn,-U eutectic. 

The microstructure of the 41.54 pct U alloy (No. 
11 in Table II), shown in Fig. 8, is seen to be a 
eutectic. The phases, identified by X-ray powder 
patterns, are UZn, and uranium. The mean tempera- 
ture of the eutectic horizontal is 944°+5°C. The 
composition of the eutectic liquid is in the range of 
42.0+0.05 pct U. 

Alloys in the composition range from 47 to about 
93 pet U which were heated above 1050°C and 
rapidly cooled were found to have formed two 
layers, indicating a region of liquid immiscibility. 
Fig. 9 is an enlarged photograph of a 70 pct U alloy 
showing two layers. The top layer of this alloy was 
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Fig. 6—Zn-24.3 wt pct U alloy, slow 
cooled from 1000°C, showing UZno in 
matrix of twinned zinc. Etch: one part 
saturated solution of 
to one part nitric acid. X250. Reduced 


ANN 


Fig. 7—Zn-38.2 wt pct U alloy, quenched 
from 1050°C, showing UZny in eutectic 
matrix, CrO;-Na2SO, etch. X250. Re- 
duced approximately 10 pct for reproduc- 
tion. 


Fig. 8—Zn-41.5 wt pct U alloy, furnace 
cooled from 1000°C, showing almost com- 
plete eutectic (UZn,+U), CrO3-Na2SO, 
etch. X250. Reduced approximately 10 
pct for reproduction. 


approximately 10 pct for reproduction. 


analyzed to be 46.8 pct U and the bottom layer to be 
99.85 pct U. The microstructure of the top layer was 
eutectic plus a small amount of uranium dendrites; 
that of the bottom layer was characteristic of the 
uranium starting material. The monotectic horizon- 
tal temperature is taken from the data in Table II 
to be 1050°+20°C. However, a marked hysteresis in 
this thermal arrest was noted, as is shown by the 
1070°+10°C heating and the 1015°+5°C cooling 
arrests for alloy Nos. 16, 17, and 18 in. Table II. In 
the alloy at 45 pct U, the monotectic thermal arrest 
was observed but there was no separation of phases. 

The arrests at 1123°C in the 60 and 75 pct U 
alloys were weak and possibly indicate that the 
boundary of the immiscibility gap was crossed. 

The mean temperatures for the uranium phase 
transformations for all alloys containing up to 90 
atomic pct Zn were found to be 772°+5° and 
663°+10°C. A sample of the Ames Laboratory ura- 
nium used in this phase study gave thermal arrests 
on heating at 662°C and at 768°C. These values do 
not differ, within the limits of experimental error, 
from the values reported for pure uranium by Dahl 
and Van Dusen.‘ 

The results of thermal and metallographic analy- 
sis indicated little or no solid solubility of zinc in 
uranium. This observation is in agreement with the 
predictions of Raynor.’ 

In drawing the phase diagram the value of 1133°C 
determined by Dahl and Cleaves® was accepted as 
the melting point of uranium. 

Vapor Pressure Measurements—The boiling point 
curve at 1 atm for the U-Zn system was determined 
from vapor pressure measurements. The vapor pres- 
sures of various alloys were measured by the dew 
point method of Hargreaves’ and Schneider and co- 
workers.’ “ In this investigation the vapor pressure 
of pure zinc at any given temperature was obtained 
from the equation 


6789.5 
login Patm = 9.1373 — 


1.051 log T—1.255x10°T 


given by Darken and Gurry.” 
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Fig. 9—Zn-70 wt 
pet U alloy, 
quenched from 
1150°C, showing 
zinc-rich layer (top) 
and uranium layer 
(bottom), CrOs- 
etch. X4. 
Reduced approxi- 
mately 10 pct for 
reproduction. 


Fig. 10—Vapor pressure apparatus used. Various symbols 
represent: A, silica thermocouple well; B, cooling gas inlet; 
C, condenser thermocouple junction; D, light source; E, 
evacuated silica tube; F, crucible; G, alloy sample; H, sam- 
ple thermocouple; I, viewing telescope; and J, K, L, M, and 
N, Kanthal wire resistance elements. 
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Fig. 11—Plot of log of vapor pressure over each U-Zn alloy ys reciprocal of temperature. From this plot the boiling point can 


be determined for a given external pressure. 


A schematic diagram of the dew point apparatus, 
consisting of furnace, silica sample holder and con- 
denser, thermocouples, and condensate viewing sys- 
tem, is shown in Fig. 10. Four strategically placed 
thermocouples were used to monitor the thermal 
gradients along the furnace. This arrangement per- 
mitted control of the gradients by proper adjust- 
ments of the five independently powered Kanthal 
resistance furnace windings shown in Fig. 10. 

In order to view the formation of zine condensate 
and measure its temperature best, the condensate 
was restricted to a small area at the bottom of the 
top thermocouple well. This was accomplished by 
cooling this area with a regulated flow of nitrogen 
or air. 

The two thermocouples used for the dew point 
measurements were connected to an automatic, two- 
function, recording potentiometer in such a way 
that the sample temperature and the difference be- 
tween the sample and the condenser temperatures 
were recorded. The apparatus was calibrated with 
pure zinc. It was possible to detect the dew point to 
within a temperature change of +0.5°C. 

Dew points were observed at a number of tem- 
peratures for each alloy. A plot of the logarithm of 
the vapor pressure over the alloy vs the reciprocal 
of the temperature was made for each alloy. These 
data are shown in Fig. 11. From this plot, the boil- 
ing point could be determined for a given external 
pressure. 

The dew points for each of two U-Zn alloys, 11.6 
and 26.6 pct U, were observed at temperatures from 
600° to 1000°C. These points approximate a single 
curve when plotted as log P vs 1/T up to 860°C, in- 
dicating that both alloys are in the same two-phase 
region. The slight curvature of this line indicates a 
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slowly increasing solubility of uranium in liquid 
zinc. Above 860°C, the plot for the 11.6 pct U alloy 
is a straight line, indicating that an alloy of this 
composition has crossed the solubility curve at this 
temperature in a closed system. Dew points were 
also measured for a 21 pct alloy from 850° to 
1000°C. The plot above 860°C for this alloy and the 
26.6 pct alloy shows a continued change in slope, in- 
dicating a further increase in the solubility of ura- 
nium in liquid zinc. 

From the measured vapor pressure of these alloys, 
1 atm at 910°C, and the known vapor pressure of 
pure zinc at this temperature, the composition of the 
liquid phase may be estimated by the use of Raouit’s 
law to be 14.6 pct (4.5 atumic pet) U. Since the 
liquid phase is a dilute solution, the calculated value 
may be taken as a fairly good approximation. 

Data taken for a.35 pct U alloy gave a boiling 
point of 945°+3°C. The boiling point for a 65 pct 
U alloy was found to be 947°+3°C. The plot of log P 
vs 1/T for both the 35.0 and the 65.0 pct U alloys is 
the same straight line up to 944°C, indicating that 
these alloys were in the same two-phase region and 
that there is little or no change in the composition 
of the phases in equilibrium. The curves for the two 
alloys separate above 944°C, indicating that alloys 
of these compositions are no longer in the same 
phase region. 

The results of the vapor pressure measurements 
are in agreement with the thermal and metallo- 
graphic data and were used in constructing the 
phase diagrams, Figs. 1 and 2. 
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Creep of Single Crystals and Polycrystals Of 
Aluminum, Lead, and Tin 


The activation energies for high temperature creep of single crystals and polycrystal- 
line specimens of high purity aluminum, lead, and tin were determined by the technique 
involving the effect of abrupt changes in temperature on the creep rates. The data re- 
veal that single crystals and polycrystalline specimens have the same high temperature 
activation energies. Furthermore, the activation energies for grain boundary shearing in 
aluminum and tin are equal to the respective activation energies for creep. 


by C. D. Wiseman, O. D. Sherby, and J. E. Dorn 


CLEAN‘ has shown that the total strain obtained 
during creep of aluminum polycrystals arises 
exclusively from the mechanisms of 1) microscopi- 
cally observable slip, 2) subgrain tilting, and 3) 
grain boundary shearing. Extensive analyses, how- 
ever, suggest that the high temperature creep of 
metal polycrystals is controlled by a single thermal 
activation process.** These somewhat contradictory 
observations might be reconciled if it could be shown 
that the activation energies are identical for each of 
the mechanisms isolated by McLean. Such identity 
of the activation energies, of course, would demand 
that the same unit process controls the functioning 
of each individual mechanism. Under these condi- 
tions the activation energies for creep of single 
metal crystals and polycrystalline aggregates and 
for grain boundary shearing should be identical. 
This paper is primarily concerned with the pos- 
sible identity between the activation energies for 
high temperature creep of single crystal and poly- 
crystalline metals. In addition, comparisons will 
also be made between the activation energies for 
creep of single crystals and polycrystals with pre- 
viously reported activation energies for grain bound- 
ary shearing.*~ 


Materials and Techniques 
The same high purity aluminum, lead, and tin 
were used in the creep tests for single crystals and 
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polycrystalline aggregates. Single crystals of alu- 
minum and tin were prepared by the strain-anneal 
technique, whereas lead single crystals were pre- 
pared by growth from the melt. 

The tensile creep stress was maintained constant 
by Chalmers-Andrade parabolic-type lever arms. 
Strains were measured to +0.0002 in. per in. with 
rack and pinion type extensometers, and tempera- 
tures were maintained to within +0.2°C of the re- 
ported values by mercury-thermoregulated resist- 
ance-heated silicone oil baths. 

The previously reported unambiguous technique 
for determination of the activation energy for creep 
was employed throughout this investigation.” *° It 
involves periodic abrupt small changes in tempera- 
ture during the course of creep, accomplished by 
rapidly replacing one creep bath at temperature T, 
by a second bath at T,. The abrupt change in creep 
rate from é, to & attending the abrupt change in 
temperature is due exclusively to the change in 
temperature, since both the stress and the substruc- 
ture are identical the instant before and the instant 
after a change of temperature. Therefore, all other 
factors being identical 


AH = R In 
1/T,. — 1/T, 


where AH is the activation energy for creep and R 
is the gas constant. 


Results 
Typical examples of the creep rate vs creep strain 
data during temperature cycled creep tests of single 
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Fig. 1—Effect of temperature on the creep rate of single 
crystals of aluminum, lead, and tin. 


crystals and polycrystals are given in Figs. 1 and 2, 
respectively. The activation energies calculated 
from the extrapolated values of the creep rates im- 
mediately preceding and following an abrupt 
change in temperature are also recorded in the 
figures. An example of such data for polycrystal- 
line aluminum was omitted since this has been 
amply documented in previous publications."” 

Many additional tests were run in an attempt to 
ascertain whether the observed variations in activa- 
tion energies might represent real trends with strain 
or whether they merely represented random scatter 
arising from some unknown source. These tests re- 
vealed that there was no systematic variation of 
activation energy with either strain or creep stress 
in harmony with previously reported results.’” 
Average activation energies obtained in this in- 
vestigation are compared with previously reported 
activation energies in Table I. 

Polycrystals of lead and tin exhibited regions of 
decelerating and accelerating creep rates, even over 
the constant temperature regions, as shown by the 
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typical examples given in Fig. 2. Undoubtedly, 
these observations parallel those of Greenwood and 
Worner™ as well as Andrade” on the creep of lead 
polycrystals and those of Feltham” on the creep of 
y-iron. In these investigations it was shown that the 
periodic acceleration of the creep rate was accom- 
panied by recrystallization, followed by a typical 
primary stage of decelerating creep rates. No effect 
of such successive strain-hardening and recrystal- 
lization processes on the activation energy for creep 
was detected in this investigation. This observation 
corresponds to the previously documented results 
that the activation energy for creep is insensitive to 
the strain-hardened state.® 


Discussion and Conclusions 
The data recorded in Table I reveal that the ac- 
tivation energies for high temperature creep of 


Table |. Average Activation Energies for Creep of Aluminum, Lead, 


and Tin 
Creep of Creep of Grain Boundary 
Polycrystals Single Crystals Shearing 
Metal AH No.of Tests AH No.of Tests AH Reference 
Al 35,500* 41 34,500 11 37,000 6 
33,000 
Pb 26,000 14 24,800 13 
Sn 23,0007 26 22,700 34 19,000 8 


* These data were obtained from reference 5. 
i; This agrees well with the previously reported value of 21,000 
obtained by an alternate technique, as reported in reference 10. 


single metal crystals coincide with those for creep 
of polycrystalline aggregates. Furthermore, these 
activation energies also agree with those for grain 
boundary shearing. The results suggest that grain 
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boundary shearing arises from crystallographic 
mechanisms of deformation in the vicinity of the 
grain boundary, in harmony with previous obser- 
vations.® 
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Magnetic Method for the Measurement Of 
Precipitate Particle Sizes in a Cu-Co Alloy 


Extremely small ferromagnetic precipitate particles in a nonmagnetic matrix behave 
like a paramagnetic substance of very large moment. Magnetization curves of such sub- 
stances can be used to determine precipitate particle sizes and size distributions. By 
this means the precipitation of cobalt in a 2 pct Co-Cu alloy has been followed, the 
effective particle radii growing from 12 to 70A with increasing aging time. The cobalt 
particles are shown not to be hexagonal, but rather to be either spherical or plate-shaped. 


by J. J. Becker 


EAN" has discussed the magnetic behavior of 

mixtures of small ferromagnetic particles on 
the order of 20 to 1000A in diam. As he points out, 
there are three size categories with characteristic 
properties: 

1) Particles large enough to contain many ferro- 
magnetic domains magnetize initially by the motion 
of domain walls. The initial susceptibility of such 
particles, if domain-wall motion is assumed to be 
perfectly easy, depends only on their shape. It is 
equal to the reciprocal of the demagnetizing factor 
(and is thus 347 for a sphere) and is independent of 
temperature. 

2) Smaller particles find it energetically un- 
desirable to contain domain boundaries. They are 
always spontaneously saturated, and reverse their 
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magnetization only by rotation of their entire mag- 
netic moment. As assemblage of such particles has 
a remanence which is a large fraction of the satu- 
ration of the assemblage; its coercive force is on the 
order of 2K/I,, where K indicates magnetic aniso- 
tropy from any source, and I, is the saturation mag- 
netization of the substance of which the particles 
are made. 

3) Particles which are still smaller continue to 
be single-domain, but the direction of their mag- 
netization fluctuates thermally, as first pointed out 
by Néel.* They have no remanence and no coercive 
force and possess the temperature-dependent mag- 
netization curve of a paramagnetic substance with 
a very large moment. Bean calls this swperpara- 
magnetism. 

All of these kinds of behavior are observable in 
alloys consisting of a precipitate of ferromagnetic 
phase in a nonferromagnetic matrix. Fig. 1 shows 
a typical aging curve for the room temperature co- 
ercive force of a sample of 98 pet Cu-2 pct Co alloy 
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Fig. 1—Graph plots change in coercive force with annealing 
time at 700°C. 


which was solution treated at 1010°C and quenched, 
then aged at 700°C.* The rise of the coercive force 


*For the relationship of magnetic, electrical, and mechanical 
property changes during aging, see, for example, A. H. Geisler and 
J. B. Newkirk, ref. 3. 


to its peak corresponds to the best average particle 
size for single domain permanent magnet behavior; 
as aging goes on, an increasing number of larger 
low coercive force multidomain particles are formed. 
During the first few minutes, before the appearance 
of any remanence or coercive force, the particles are 
behaving superparamagnetically. Their suscepti- 
bility in this range can be used to measure their 
sizes, down to as small as a radius of about 10A. 
In the experiments to be described, the annealing 
was carried out at 650°C, which extended the su- 
perparamagnetic range to a total of approximately 
100 min. This paper illustrates the kind of informa- 
tion which can be obtained about the early stages 
of precipitation in this system from relatively sim- 
ple measurements. 


Superparamagnetism 

In ordinary paramagnetism, an assemblage of 
particles, such as the atoms of a paramagnetic gas, 
each of magnetic moment M, is considered in ther- 
mal equilibrium in an applied field H. The tendency 
of the particle moments to line up with the field is 
opposed by thermal agitation. If all orientations of 
the dipoles in the field are permitted, the magnet- 
ization is given by the classical Langevin function 


[1] 


where I, is the saturation magnetization of the as- 
semblage, k the Boltzmann constant, and T the ab- 
solute temperature. The initial susceptibility is 


I ) MI, [2] 
H initial 


At room temperature, this is on the order of 10° for 
substances usually investigated. If, however, each 
particle consisted of 10‘ or more atoms with their 
magnetic moments strongly coupled, and did not 
break up into domains, M would be raised accord- 
ingly, since 

= [3] 


where V is the volume of the particle, and J, is the 
saturation magnetization of the substance of which 
it is made. Large magnetizations could then be ob- 
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served at ordinary temperatures and fields. Elmore’ 
observed just this behavior in a colloidal suspen- 
sion of Fe,O, and was able to calculate the mag- 
netic moment per particle and thus the particle size. 

Paramagnetic solids, as well as liquids and gases, 
sometimes obey the Curie relationship 


i Cc 
) = — [4] 
H initial a 
given above or, more generally, the Curie-Weiss law 
I 
= [5] 


If the particle remains stationary and only its mag- 
netization rotates, the analysis remains the same 
if no magnetic anisotropy is assumed. In a solid alloy 
of a ferromagnetic precipitate in a nonferromag- 
netic matrix, the magnetic moments of the indi- 
vidual atoms in each particle are visualized as 
strongly coupled by exchange forces. Thermal agi- 
tation causes the total magnetization of the particle 
to fluctuate in direction, the individual atomic 
moments within each particle remaining parallel. 
In other words, kT is much less than the exchange 


Table I. Aging Times 


Cumulative Cumulative 
Test No. Time, Min Test No. Time, Min 
ik 3 8 45 
2 6 9 55 
3 10 10 65 
4 15 11 75 
5 20 12 85 
6 25 13 100 
7 35 14 130 


energy, i.e., the particle is well below its Curie 
temperature. The magnetization of a particle hav- 
ing magnetic anisotropy will still thermally reverse 
rapidly if the energy barrier to rotation of the mag- 
netization represented by the anisotropy energy is 
small compared to kT. 

The two conditions necessary for superparamag- 
netism are: 

1) The particles must be small enough to fulfill 
the criterion for single domain behavior, which is 
that the energy increase associated with introducing 
a domain boundary or related structure is greater 
than the resulting decrease in magnetostatic energy. 
Kittel’ gives a maximum radius of about 10° cm for 
iron. 

2) The particles must also be small enough so 
that the relaxation time for thermal reversal is 
small. This sets a lower size limit for permanent 
magnet single domain behavior. Néel’s expression® 
for this condition is 


Here 7 is the relaxation time, and f, is a frequency 
factor on the order of 10°. If the condition for su- 
perparamagnetism is a relaxation time of less than 
100 sec,’ the condition on the particle size is 


ad > 0.05 7 
VK (71 


Conversely, the presence of superparamagnetic be- 
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Fig. 3—Graph plots 
assumed volume dis- 
tribution. 


Fig. 4—Graph shows 
curvature of H/T 
plot. 


havior yields some information about the aniso- 
tropy of the particles, as will be shown. 

The measurement of particle size is accomplished 
through Eqs. 2 and 3. Eq. 2, although derived here 
for particles with no anisotropy, is also correct for 
a random distribution of particles having uniaxial 
anisotropy.’ The volume is most conveniently meas- 
ured in terms of the field H,, defined in Fig. 2. The 
expression for the volume then becomes 


v= 3kT 8] 
or, if there is a paramagnetic Curie temperature 
3k(T — @) 
[9] 
I,H, 


If there is a distribution of sizes, the magnetiza- 
tion curve will be different. If the effects of the 
individual particles are additive, the magnetization 
curve can be calculated from an assumed distribu- 
tion by summing the individual magnetization 
curves. The initial susceptibility is most affected 
by the largest particles, which are the first to mag- 
netize, and the approach to saturation by the small- 
est. Consider those particles having volumes be- 
tween V and V + dV, occupying a volume fraction 
f(V)dV of the total particle volume. Their mag- 
netization, dI, in a field H is a fraction of their con- 
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tribution dI, to the saturation of the assemblage 
which is given by 


dl I,VH 
dl, 3kT [10] 
for small H, where 
Integrating over all volumes 
I 


Let all the particles have volumes between V, and 
V., and the volume fraction be independent of vol- 
ume, as in Fig. 3. Then A in Fig. 3 is 1/(Ve—V,), 
since 


dv =1 [13] 
and Eq. 12 becomes 
Similarly, for large H 
dl 
and 
il kT In(V./V,) 


Eqs. 14 and 16 can be expressed in terms of H, and 
H,, which are defined in Fig. 2, as 


3kT 2 
Ie Ws 
(OVE 
leh = ( ) [18] 
1 Ws WG 
For comparison, a single size gives 
Vins 
H 20 
[20] 


From measurements of H, and H, and Eqs. 17 and 
18, both V, and V, can be determined. In these ex- 
periments, the curvature of the 1/H plot (Fig. 4 is 
typical) suggests that some very small particles are 
present and V, can be taken to be zero. The volume 
deduced from the initial susceptibility using Eq. 19 
is then half the maximum volume. It is conveniently 
characterized by an effective radius calculated for 
spherical particles of equivalent volume. The exact 
form of the assumed volume distribution does not 
affect the order of magnitude of the results. 


Experimental Procedures, Calculations, and Results 


The specimen was a % in. diam rod, % in. long. 
It had previously been swaged from the original 
casting and held at 1050°C for 10 hr. Chemical 
analysis showed that it contained 2 pct Co by 
weight; the balance was copper. 

The specimen was heated in nitrogen to 1OL0RE 
for 10 min. The bottom of the vertical furnace tube 
dipped into an iced NaOH solution, into which the 
specimen was quenched. In this condition the cobalt 
was practically all in solution, since the magnet- 
ization measured in 10,000 oersteds at room tem- 
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Fig. 5—Graph shows magnetization curves at 300° and 77°K. 


perature was only 0.25 pct of the value calculated 
for complete precipitation of the cobalt. It was then 
coated with MgO, wrapped tightly in copper foil, 
heated in a noninductive furnace to 650°C for 3 min 
(including about 1 min warm-up time) and quenched 
in water. Complete magnetization curves to 10,000 
oersteds were taken at room temperature and in 
liquid nitrogen by observing the deflection of a 
fluxmeter connected to a 2000-turn coil in the field 
of an electromagnet when the specimen was re- 
moved from or inserted into the coil. The coil was 
calibrated against rods shaped like the specimen, 
made of known amounts of carbonyl nickel powder 
mixed with clay. Magnetization curves were easily 
reproduced within 2 to 3 pct. 

After the first anneal, the saturation was already 
well on its way to its ultimate value, indicating that 
most of the precipitation had already taken place. 
The specimen was then heated for another time 
increment at 650°C and another set of magnetiza- 
tion curves was measured. This was done 14 times, 
for an accumulated aging time of 130 min. The 
aging times are given in Table I. 

From each magnetization curve, the high-field 
points were plotted against 1/H and extrapolated to 
infinite field to determine the deflection correspond- 
ing to saturation. While this procedure applies 
rigorously to a substance obeying Eq. 1, it becomes 
difficult in practice to bring particles smaller than 
about 10A in radius near enough to saturation. If 
there is a distribution which goes down to zero size, 
the 1/H plot never entirely straightens out. How- 
ever, in most cases most of the particles were well 
above the limiting size and the saturation deflection 
should not be off by more than a few percent, even 
though a little curvature against 1/H remains. 

The pairs of magnetization curves at 77° and 
300°K for Tests 1 through 7 superimposed quite 
closely when plotted against H/T. Test 6 is typical 
and is shown in Fig. 5. Plots of the reciprocal of 
the initial susceptibility vs T for each of the pairs 
of curves showed irregular paramagnetic Curie tem- 
peratures of about 5° or 10°K. Thus, the material 
approximately follows the Curie law (Eq. 4) and 
the interactions among particles are small. The 
volume was calculated from Eq. 9, which includes 
the small 6 correction. I, was taken as the saturation 
of pure cobalt. Actually, I, for the precipitating 
cobalt-rich phase is probably closer to 90 pct of that 
of pure cobalt. This correction would change the 
effective radii shown in Fig. 6b by only about 3 pct, 
and has been neglected. Because of the way H, is 


62—JOURNAL OF METALS, JANUARY 1957 


defined, it is necessary in this method only to deter- 
mine the fluxmeter deflection corresponding to satu- 
ration; the coil need not be calibrated. After Test 7, 
remanence and coercive force began to appear at 
77°K, both increasing with further annealing time. 
The magnetization curves no longer superimposed 
when plotted against H/T. Test 14 showed reman- 
ence and coercive force at room temperature. 


Discussion of Results 


1) The measurements on the foregoing alloy 
confirm the behavior predicted by Néel’ and chris- 
tened superparamagnetism by Bean." 

2) The saturation magnetization of the sample 
is a direct measure of the total volume of precipitate, 
assuming that its composition is constant. Even at 
the smallest particle sizes, the saturation magnet- 
ization of the sample is already near its ultimate 
value, which is consistent with that deduced from 
the solid solubility limit at 650°C using the phase 
diagram of Tammann and Oelsen;’ see Fig. 6a. The 
smallest particles are the most difficult to saturate. 
The saturation measured for them is most likely to 
be an underestimate. Thus, these experiments appear 
to be dealing throughout with the re-solution and 
growth of a nearly constant amount of precipitated 
cobalt-rich phase. 

3) The size distribution, as the above implies, 
appears to go down to the lower limit of the meas- 
urement method in all cases, i.e., some particles are 
always dissolving. 

4) The effective particle radius can be measured 
by H, and increases with time, as shown in Fig. 6b. 
The average particle volume increases at least as 
fast as t,” if the data is analyzed in this way.” * 

5) Since no remanence or coercive force was ob- 
served at room temperature until the particles had 
reached a radius greater than 69A, the magnetic 
anisotropy, applying the Néel criterion (Eq. 7), is 
less than 6x10° erg per cu cm at 300°K. At 77°K, 
superparamagnetism persisted up to a radius of 37A, 
giving an upper limit of 10° erg per cu cm. Both of 
these values are about 15 pct of the crystal anisot- 
ropy of hexagonal cobalt at the corresponding tem- 
peratures. Therefore, the precipitated cobalt cannot 
be hexagonal. It is probably face-centered-cubic, 
since bulk cobalt is face-centered-cubic above ap- 
proximately 400°C with a lattice spacing closely 
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Fig. 6—Graph plots change in saturation and effective parti- 
cle radius with aging time at 650°C. 
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matching that of copper. Sucksmith and Thompson’ 
have measured the anisotropy constants of cubic 
cobalt above 500°C and state that K, varies with 
temperature as exp (—aT*). An extrapolation of 
their data on this basis suggests a value of about 
2x10° for K, and approximately the same for K, at 
the temperatures of these tests. However, the energy 
barrier for rotation from one <111> direction to an 
adjacent one via a <110> direction is only K,/12 + 
K,/27, or about 2x10° erg per cu cm. This is not 
Inconsistent with the face-centered-cubic cobalt 
structure postulated here. 

6) The Néel criterion (Eq. 7) applies equally 
well to shape anisotropy, which must also be less 
than about 10° erg per cu cm. Thus, if the particles 
are rod-shaped, then ANI,", where AN is the differ- 
ence between the transverse and longitudinal de- 
magnetizing factors, must be less than 10°. For 
ellipsoidal rods, the short and long axes would have 
to differ by no more than 10 pct,” corresponding to 
a nearly spherical shape. Alternatively, the particles 
could be shaped like flat plates of equivalent vol- 
ume, with AN corresponding to rotation in the plane 
of the plate. The particles are thus either almost 
spherical or decidedly plate-shaped. 

7) The very low paramagnetic Curie tempera- 
tures show that the appearance of remanence and 
coercive force is due to the largest particles becom- 
ing permanent magnet single domains, and not to 
an interaction among the particles themselves. 

8) It has been suggested” * that the atoms in 
the surface of a ferromagnetic body experience a 
weakened ferromagnetic coupling because of a dearth 
of near neighbors, causing a ferromagnetically dead 
layer several atoms thick. This is not the case in 
these experiments. If the fact that the saturation of 
the 25A diam particles is only 0.8 times the ultimate 
value were entirely due to 0.2 of the cobalt being 
tied up in a surface layer of thickness 6, then 
(25)* = 0.8 (25 + 26)*. The 6 is then 1A, about a 
third of an atom thickness. This might represent 
a slightly weakened interaction over the surface 
atoms, but it is certainly not a nonferromagnetic 
layer. 

9) Bate, Schofield, and Sucksmith” “ observe in 
alloys of this kind a temperature-dependent para- 
magnetic behavior at a stage of heat treatment prior 
to the onset of permanent magnet behavior. They 
attribute this to the state of aggregation prior to 
that sufficient for ferromagnetism, in the sense that 


each magnetic atom does not yet have enough like 
neighbors for ferromagnetic coupling. Thus, they 
speak of the initial increase of susceptibility due to 
the aggregation of ferromagnetic atoms. Results of 
this kind might rather be due to the superpara- 
magnetic behavior of the precipitate particles them- 
selves, each particle containing an ample number 
of atoms for ferromagnetic coupling, but being so 
small that thermal agitation causes its total magnet- 
ization to fluctuate rapidly in direction. 

10) The number of particles per cubic centi- 
meter is about 10° for Test 1 and 10” for Test 13. 
The average spacing of particle centers thus varies 
from 10° cm to 5x10° em. Taking the diffusion co- 
efficient of cobalt in copper as equal to the self- 
diffusion coefficient for copper, or about 2x10” at 
650°C, there is time for bulk diffusion to be the 
controlling factor in all these experiments. 


Conclusion 

The magnetic behavior changes resulting from 
changing particle size in alloys consisting of a ferro- 
magnetic precipitate in a nonferromagnetic matrix 
begin with the superparamagnetism characteristic 
of the smallest sizes. This behavior can be utilized 
to measure particle sizes down to 10A radius, and 
yields a considerable amount of subsidiary infor- 
mation. The technique should be of great usefulness 
in obtaining data on the kinetics of the early stages 
of phase transformations. 
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N an effort to obtain a better understanding of sin- 

tering in the presence of a liquid phase, it was 
decided to study the rate of capillary rise of a rela- 
tively low melting liquid metal in a higher melting 
metal powder compact. By assuming that the metal 
powder compact consists of a great number of par- 
allel capillary tubes and that the flow of liquid 
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100-120 MESH IRON POWDER, PRESINTERED 16 HOURS AT 878 °C 
INFILTRATION TEMPERATURE 1098 °C 


(CM) 


SLOPE = 1.75 
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Fig. 1—Height of capillary rise as a function of time for 
liquid copper in a column of presintered iron powder. 
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Fig. 2—Change of slope of the infiltration curves with time 
of presintering at 875°C. 


Fig. 3—Micrograph of presintered iron powder infiltrated 
with copper. Powder was presintered 10 hr at 875°C. Powder 
size was 100 to 120 mesh. Etched with ammonia peroxide. 
X150. 
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through these tubes follows Poiseuille’s law,’ a rate 
equation can be derived. 
4% 

where h is the height of rise of the liquid in the 
metal powder compact, r, is the average capillary 
radius of the compact, y is the liquid-gas surface 
tension of the lower melting component, t is the 
time of rise, 2/7 is a correction factor® accounting 
for the bending of the capillaries in the compact, 
and » is the viscosity of the liquid metal. This ex- 
pression describes a parabolic relationship between 
time and height of rise. 

The experimental investigation was conducted at 
1098°C in a hydrogen atmosphere by allowing liquid 
copper, saturated with iron, to rise in a column com- 
posed of partially sintered iron powder of nearly 
uniform particle size, for example, 100 to 120 mesh. 
The powder was placed in iron tubes, 0.8 cm ID by 
12.6 cm in length, and was presintered for a series 
of times. Infiltration was brought about by inserting 
the tip of the iron tube 0.7 cm into the liquid copper, 
after allowing 15 min for the tube and presintered 
powder to reach 1098°C. The capillary rise was 
stopped at predetermined times by raising the sam- 
ple quickly into a water cooled copper tube in the 
upper end of the furnace. The height of rise was de- 
termined by sectioning the sample lengthwise. 

The rate of capillary rise, as observed in 120 sam- 
ples, was found to be parabolic within the time in- 
terval studied. This is illustrated in Fig. 1, which 
shows the height of rise plotted as a function of the 
square root of time. These results were obtained 
using 100 to 120 mesh powders, presintering 16 hr 
at 875°C and infiltrating for times of 1 to 7 sec at 
1098°C. Since the rate of capillary rise is a function 


of \/r., the rate should vary with the degree of pre- 
sintering in the same manner as density varies with 
presintering. The change of slope of the infiltration 
curves, one of which has been given in Fig. 1, with 
presintering time at 875°C is shown in Fig. 2. The 
maximum in this curve may be presumed to cor- 
respond to a maximum in r,. A density change of 
this kind is frequently observed in the sintering of 
metal powders. 

To obtain an experimental value of the capillary 
radius, 7., the number of iron particles in unit area 
of an average cross section was counted, Fig. 3. The 
total interparticle area was measured by lineal 
analysis and was divided into a number of segments 
equal to twice the iron particle count; this assumes 
close packing of the iron particles. These segments 
were further assumed to be identical circular areas 
and their individual radius r, was computed from 
their individual areas. Using a value of 1235 erg 
per sq cm for the surface tension of liquid copper 
against hydrogen at 1098°C and a value of 0.038 
poises for the viscosity of liquid copper at 1098°C, 
the computed height of rise of liquid copper in the 
iron compacts in unit time is approximately 1.5 
times that observed. 
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Control of Strain Aging in Alpha-lron 


The principles of strain aging are described in terms of the Cottrell theory. It is deduced that 
the practical control of strain aging must come through control of the effective amounts of carbon 
and nitrogen in solution. Existing control methods such as precipitation through alloying or heat 
treatment are reviewed and their deficiencies described. Experimental results for a series of alloys 
containing carbon and nitrogen show that only carbon strain aging can be eliminated by heat treat- 
ment. The use of titanium, aluminum, vanadium, and boron as alloying elements for the control of 
nitrogen strain aging is examined. All of these elements are effective but for economic reasons boron 
additions appear to offer the most promising practical solution to the problem of nitrogen strain 


aging in steels. 


by Eric R. Morgan and J. C. Shyne 


Se aging is the name given to time-dependent 
changes which occur in the properties of cold- 
worked metals and alloys during storage. These 
changes are best observed through a study of me- 
chanical properties, as illustrated in Fig. 1 for low- 
carbon steel. 

The effects of strain aging are usually regarded 
as being detrimental, particularly in deep-drawing 
steels. For example, an increase in yield strength 
and loss in ductility lead to buckling and tearing 
during drawing. At the same time the return of the 
yield point results in the formation of Luders bands 
or stretcher strains during the pressing operation. 

As a result of these effects many attempts have 
been made to eliminate strain aging from low-carbon 
steel. The problem still remains, however, because 
all known methods of preventing strain aging result 
in a more costly steel. 

The present work is an assessment of the situation 
in terms of theoretical, practical, and economic 
factors and suggests a new solution to the problem. 


Previous Work 
According to the Cottrell theory,’ strain aging in 
a-iron may be regarded as the migration of inter- 
stitial atoms to free dislocations and the anchoring 
of dislocations by the resulting atmospheres. It may 


be concluded that the important factors which will. 


govern the degree of strain aging are the diffusivity, 
the effective amount of interstitial element in solu- 
tion, and the time of aging. The diffusivities and 
effective amounts of carbon and nitrogen in solution 
in low-carbon rimming steel are such that significant 
aging occurs in a few hours’ storage at room tem- 
perature. 
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Strain aging in deep-drawing steels cannot be 
controlled by controlling the time of aging because 
in commercial practice this is determined by eco- 
nomic factors concerned with inventories and may 
be several weeks. 

The diffusivity of nitrogen is twice that of carbon 
at room temperature but the diffusivities can be 
controlled by controlling the storage temperature. 
The retardation produced by only a 25°C drop in 
temperature is significant but the cold storage of 
large steel inventories is an impractical solution to 


Table |. Analysis of Base Materials 


Alloy Pct C Pct O Pct N 
Vac 0.0037 0.052 0.0003 
H 0.0044 0.013 0.0008 
Cc 0.06 0.0014 0.0001 


the problem. By far the most simple and effective 
ways to control strain aging are through control of 
the amount of carbon and nitrogen in solution. This 
may be effected through alloying, controlled pre- 
cipitation, or by eliminating the carbon and nitrogen. 

Consider first the control of the amount of carbon 
in solution. The simplest approach would be alloy- 
ing in which strong carbide-forming elements are 
added. Examples of this approach are the additions 
of titanium’ and niobium’ to steel. These elements 
also combine with nitrogen and oxygen and when 
added in sufficient quantity result in a completely 
killed and non-aging steel. They are, however, im- 
practical additions because they result in a costly 
steel. Carbon and nitrogen are often removed from 
iron on a laboratory scale by annealing in wet 
hydrogen, but because of cost this process has never 
been adopted on a commercial scale. 

In practice the amount of carbon in solution is 
controlled by the rate of cooling from the annealing 
temperature (710°C or 1310°F). In commercial box 
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And Aged 
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Fig. 1—Typical tensile test curves for strain-aged steels. 
A, unaged; B, aged with no loss in ductility; and C, aged 
with severe loss in ductility. 


annealing this cooling takes over 50 hr with more 
than half of it spent between 320°C (608°F) and 
100°C (212°F). Even such slow cooling leads to 
supersaturation and also probably the formation of 
some carbide particles which are so small that they 
will redissolve in favor of formation of dislocation 
atmospheres. Cottrell and Leak* have shown that 
the amount of carbon effectively in solution can be 
greatly reduced by quench aging between 120°C 
(248°F) and 300°C (572°F) for several hours. A 
control of this type could not be adopted with present 
commercial box-annealing practices but probably 
would require a modified form of continuous an- 
nealing procedure. The question of complete re- 
moval of carbon from solution is usually ignored 
because of the more serious problem of the control 
of the amount of nitrogen in solution. 

The higher equilibrium solubility of nitrogen and 
the fact that the rate of precipitation of nitrogen is 
markedly reduced by the presence of manganese” 
means that the amount of nitrogen in solution is at 
least one order of magnitude greater than the amount 
of carbon in solution for most commercial steels. 
Undoubtedly the control of dissolved nitrogen is the 
more serious problem. 

As in the case of carbon, the effective amount of 
nitrogen in solution is most simply controlled by 
direct alloying. Strong nitride-forming elements 
like titanium, niobium, and aluminum eliminate 
nitrogen strain aging, but being strong deoxidizers, 
produce killed steels which are relatively expensive. 
A more promising approach lies in the addition of 
alloying elements which are not strong deoxidizers 
yet can reduce the amount of nitrogen in solution. 

This approach was proposed by Epstein,” “ who 
used vanadium as an alloying addition. The addi- 
tion of sufficient vanadium leads to a non-aging 
rimming steel whose chief disadvantage is the high 
cost of the vanadium. If a cheap element could be 
found which could reduce the effective amount of 
nitrogen in solution and not produce a killed steel, 
it would offer a satisfactory economic answer to the 
problem of strain aging. It has been observed by 
Speight® and the present authors’ that boron com- 
bines readily with nitrogen in steel and yet it is not 
a strong deoxidizer.” 

The object of the present work was to examine 
the relative efficiencies of the various suggested 
treatments for the control of carbon and nitrogen 
in solution in @-iron. 
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Alloy Preparation and Test Method 


In order to minimize the effect of impurities on 
the solubilities and precipitation kinetics of carbon 
and nitrogen, the present alloys were prepared from 
electrolytic iron (Plast Iron A 101) and vacuum 
melted in high-purity stabilized zirconia crucibles. 
A pressure of 1 » was maintained over the molten 
iron for 10 min in order to reduce the nitrogen and 
hydrogen content to suitable low levels. 

For alloys in which nitrogen was a required ele- 
ment it was necessary to follow the vacuum treat- 
ment by holding the molten iron under an atmos- 
phere of helium and nitrogen. The nitrogen content 
of the melt was dictated by the nitrogen partial 
pressure of the atmosphere. All other alloying ele- 
ments apart from carbon were added 2 min before 
casting into a 2%-in.-diam permanent mold. The 
carbon was added with the iron charge. 

The ingots were hot rolled at 1100°C (2000°F) to 
7%-in. squares and then cold rolled to 5g-in. rounds. 
From these bars standard ASTM 0.250-in. tensile 
samples were prepared. Tension testing was chosen 
as the best way to follow strain aging because of its 
sensitivity and reliability.™ ” 

After machining, the tensile samples were an- 
nealed in helium. The majority of samples were 


Table II. Strain Aging of Alloys Annealed at 700°C 


Aging Condition 


7 Days 30 Days 


An- at at at at 
Alloy Property nealed* 25°C 25°C 60°C 100°C 
Vac Aging f 0 6860 7640 7680 7360 
H index, 0 7740 8370 8950 8240 
© } psi at 230 5220 6320 5750 5430 
Vac Ultimate f 35730 39260 40510 40850 40220 
H strength, 38070 44310 45680 45060 44610 
C Jf psi 36930 38050 39370 39470 39400 
Vac Total 55.0 46.8 45.8 44.1 44.4 
H } elongation, { 53.4 42.0 42.2 43.0 42.4 
(¢! pet in lin. 53.6 52.0 49.4 46.8 48.1 


* The aging index of annealed samples is a measure of the error 
in resetting the tensile load indicator. 


given an annealing cycle which corresponded to a 
commercial box anneal (see Fig. 2). Those samples 
which were quench aged were quenched from the 
annealing temperature into water and then aged in 
a recirculating air furnace. The grain size of the 
annealed samples was ASTM 5 to 7. 

The tensile test procedure was to prestrain the 
samples 742 pct at a strain rate of 0.03 in. per in. per 
min and to record the load-extension curve auto- 
graphically. The load divided by the initial cross 
section was regarded as the stress for the purposes 
of this paper. A prestrain of 7% pct was always 
sufficient to exceed the yield-point elongation and 
ensure a homogeneously strained sample. The pre- 
strain was immediately followed by aging, and then 
the samples were pulled to failure. 

The strain-aging temperatures chosen were room 
temperature, 60°C (140°F), and 100°C (212°F). 
Room temperature represents commercial storage 
conditions, while 100°C is used as the temperature 
for commercial accelerated aging tests. The tem- 
perature of 60°C had been shown by Fast™ to be 
suitable for accelerating nitrogen strain aging with- 
out significantly increasing the amount of carbon in 
solution in correctly annealed samples. The times 
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of aging at 60°C and 100°C were computed to be 
equal to 30 days at room temperature for an acti- 
vated process with an activation energy of 20,000 
cal per mol. 

The important mechanical properties (Fig. 3) 
measured were aging index, ultimate tensile 
strength, and elongation to fracture (1-in. gage 
length). Of these properties the aging index, the 
measure of increase in yield strength, is probably 
the most reliable criterion of aging because it should 
be largely independent of grain orientation and 
specimen surface finish but dependent on the degree 
of anchoring of dislocations. 


Experimental Work 
In a preliminary survey three possible types of 


Table Ill. Analyses of Alloy Series 


Other 
Alloy Pet C Pct O Pet N Pet 
0.06 0.0014 0.0001 
CN 0.07 0.0086 0.0052 a 
CNAI 0.08 0.0088 0.0040 Al, 0.056 
CNV 0.06 0.0013 0.0036 V, 0.039 
CNB: 0.07 0.0008 0.0057 B, 0.020 
CNB, 0.07 0.0105 0.0055 B, 0.020 
CNTi 0.06 0.008* 0.005* Ti, 0.49 
CB 0.06 0.0026 0.0001 B, 0.006 


* Assumed values, not actually analyzed. 


base material were examined for strain-aging char- 
acteristics in the box-annealed condition. These 
were vacuum-melted iron, designated Vac, hydrogen- 
reduced and vacuum-melted iron, designated H, and 
carbon-reduced and vacuum-melted iron, designated 

The variables investigated were thus the carbon 
and oxygen contents. Analyses of these alloys are 
given in Table I. 

Typical residual impurities for all alloys of the 
present investigation were 0.002 pct Mn, 0.005 pct S, 
0.006 pct P, 0.005 pct Si, 0.002 pct Cr, 0.01 pct Cu, 
0.01 pet Ni, 0.005 pct Mo, and 0.01 pct Sn. 

Before strain aging, the tensile samples were box 
annealed at 700°C (1292°F) for 15 hr. The majority 
of the samples showed about 6 pct yield-point elon- 
gation. All aging tests were run at least in duplicate 
and all the results given are average values for the 
tests. Errors involved in the reading and resetting 
of the tensile machine between tests amounted to no 
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Fig. 2—Box-annealing heat treatment. 
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Fig. 3—Typical tensile test curve for strain-aged alloy. 


more than 15 lb (300 psi). A change in the total 
elongation of more than 2.0 pct, as a result of aging, 
can be regarded as significant. 

The results of aging tests on the base materials 
are given in Table II. 

These results show that the sample C, which con- 
tained the highest total carbon content, exhibited 
less aging, as measured in terms of aging index, in- 
crease in ultimate strength or decrease in elongation 
to fracture. On this basis the carbon-reduced 
vacuum-melted material was chosen as the base 
material for the main investigation. 

A nitrogen content of approximately 0.005 pct 
was aimed at in the main group of six alloys be- 
cause that nitrogen content represents what might 
be expected in open hearth steel as teemed into the 
mold. The compositions and designations of these 
alloys are given in Table III. 

Samples of each of these alloys were box annealed 
at 700°C (1292°F), prestrained, and aged. The re- 
sults are given in Table IV. 

If either elongation to fracture or ultimate tensile 
strength are used as criteria of aging then it can be 
said that only alloys C, CB, and CN exhibited aging 
tendencies. Alloy CN lost a significant amount of 
ductility in seven days aging at room temperature. 

If aging index is used as the criterion for aging 
it may be concluded that only those alloys (CNV 
and CNTi) containing an alloying element which 
tended to form both a carbide and a nitride were 
free of significant aging. At the same time, alloys 
CNAI, CNB,, and CNB, exhibited less than half the 
aging index displayed by the base alloy C. 

On the assumption that alloy CNA] should be free 
from nitrogen strain aging, it is logical to conclude 
that the aging actually shown in this alloy was due 
essentially to carbon. Similar comments might be 
applied to alloys CNB,, CNB., and CB. In order to 
verify this conclusion, several of the above alloys 
were subjected to quench-aging treatments prior to 
strain-aging tests. 

Cottrell and Leak* had shown that quench aging 
between 120° and 300°C can greatly reduce the 
subsequent strain-aging contribution from carbon. 
For the present work a quenching temperature of 
707°C. (1305°F) was used in conjunction with 
quench aging at 205°C (400°F) and 93°C (200°F). 
For results of these tests, see Tables V and VI. 

After quench aging at 205°C all alloys showed 
considerably less tendency to age than when in the 
box-annealed condition. The change was particularly 
noticeable in alloys C and CB. 
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Further quench aging at 93°C produced a further 
reduction in the strain-aging tendency of all alloys 
except alloy CN. The double quench-aging treat- 
ment was so effective for alloys CNAI, CNB,, CNB.,, 
and CB that they became virtually non-aging. 

As might be expected the finer dispersion of pre- 
cipitate particles in the-quench-aged alloys resulted 


Table IV. Strain Aging Results for Alloys Annealed at 700°C 


7 Days 30Days 24Hr Min at 
Alloy Property Annealed at 25°C at25°C at60°C 100°C 
=) 5220 6320 5750 5430 
CN 200 8100 9230 8540 8600 
CNA] | ,.5 230 1090 1720 1310 1530 
CNV suas 0 580 200 480 60 
CNB, index, 0 1500 2930 
CNB, | PS 180 1490 2950 2530 1750 
CNTi 160 490 500 340 240 
5100 6560 == = 
5 36930 38050 39370 39470 39400 
CN 37760 44290 44540 43740 43100 
CNA! | 38360 38780 37800 38460 38900 
th 40290 39860 40800 40140 40930 
CNB, Stens'h, 4 37400 36810 37400 = 
CNB, | PS 37270 36710 36640 37220 36830 
CNTi 41800 42060 42050 41700 41560 
G 4 c 53.6 52.0 49.4 46.8 48.1 
CN 52.1 39.6 39.8 40.8 43.4 
CNAI | motal 53.7 52.6 53.0 54.2 53.3 
CNV : 51.2 48.7 50.4 51.9 51.0 
55.0 56.3 55.6 52.9 56.7 
CNTi 52.2 52.2 52.1 52.1 52.7 
Cin J L 55.2 50.8 48.6 == = 


in higher ultimate strengths and lower ductilities 
than encountered in the box-annealed materials. 

No yield point was observed in aged samples which 
displayed an aging index of less than 1500 psi. 


Discussion 

The aging results show that it is possible to have 
degrees of strain aging and that there may even be 
discrete steps in the progress of strain aging. For 
example box annealed alloys CNAI, CNB,, and CNB, 
displayed an appreciable aging index after 30 days 
at room temperature without any increase in ulti- 
mate tensile strength or decrease in elongation. Alloy 
C, for short strain-aging periods, showed a more 
rapid change of aging index than change in either 
ultimate tensile strength or elongation. It is pos- 
sible that the mechanism responsible for the increase 
in yield strength is different from the mechanism 
responsible for the other changes. 

Probably the yield strength is sensitive to the 
early stages of grouping of carbon and nitrogen 
atoms at dislocations and not so seriously affected 
by the later stages. It is possible that these later 
stages even involve a precipitation of carbon or 
nitrogen at the dislocations and it is this which more 
seriously affects the ultimate strength and ductility. 

Certainly carbon aging was important in the 
present alloys; in fact it apparently caused the 
strain aging of alloys Vac, H, C, and CB in the 
box-annealed condition. It is particularly interest- 
ing to note that the low-carbon alloys Vac and H 
exhibited such severe aging. The work of Wert,” 
which has demonstrated that the rate of precipita- 
tion of carbon from a-iron is governed by nuclea- 
tion, offers a basis for the explanation of the effect. 
The carbon content of alloys Vac and H was well 
below the equilibrium solubility at the annealing 
temperature and on cooling no carbides could have 
been precipitated until the temperature had dropped 
appreciably. Even when the temperature had been 
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reduced below the solvus for either of these alloys, 
precipitation would have been inhibited by the lack 
of existing carbides. As the temperature continued 
to fall and the critical nucleus size for precipitation 
decreased, there would also have been a decrease 
in diffusivity. This factor, combined with the small 
amount of carbon present and available to cluster, 
must have led to difficulty in nucleation, so probably 
all of the carbon remained in solution. Even if some 
of the carbon was precipitated at the lower tem- 
peratures the precipitate particle size would have 
been such that re-solution would have taken place in 
the presence of the free dislocations of the strained 
material. There was thus the apparent anomaly that 
the effective amount of carbon in solution was 
higher for the lower carbon contents. 

Similar nucleation arguments can be applied to 
the question of carbon precipitation in box-annealed 
higher-carbon steel. Apparently a considerable 
amount of carbon is left effectively in solution after 
box annealing. This is shown by the high aging 
indexes of alloys C and CB. 

Even though many large stable carbide particles 
would exist in alloy C at the annealing tempera- 
ture, and precipitation would be easy above about 
300°C, a nucleation problem could easily arise at 
lower temperatures. For example, at 200°C the 
value of the diffusivity, D, would probably be the 
controlling factor. The average distance X through 
which a carbon atom can diffuse in time ft is given 
by the expression X* = 2Dt. When D is low the 
carbon atoms can diffuse only a relatively short dis- 
tance during the cooling period, and many of them 
could not find existing carbide particles on which 
to precipitate. For this reason a condition would 
arise which may be regarded as analogous to the 
problem of precipitation in the lower-carbon alloys 
Vac and H. This may be contrasted with the case of 
quench-aged alloys C and CB, where more carbon 


Table V. Samples Water Quenched from 707°C (1305°F) and 
Quench Aged 160 Hr at 205°C (400°F) 


Strain Aged 30 Days 


Annealed at 25°C (77°F) 
Total Total 
Aging Ultimate Elon- Aging Ultimate Elon- 
Index, Strength, gation,* Index, Strength, gation,* 
Alloy Psi Psi Pet Psi Psi Pet 
(e 0 41470 50.5 2000 41840 49.7 
CN 0 44060 43.9 6050 49210 34.2 
CNAI 0 44900 47.6 670 44300 46.3 
CNBi 1020 41280 50.1 
CNBs 0 42830 50.4 960 43260 48.2 
CB — — — 1650 37230 56.8 


* One-inch gage length. 


was available in solution to facilitate nucleation. 

Nitrogen certainly has a profound effect on the 
strain-aging characteristics of a-iron, as shown by 
alloy CN. The strain aging of this alloy was not 
suppressed by quench aging. Nitrogen strain aging 
can be eliminated by the addition of titanium, alu- 
minum, vanadium, and boron. However, the effec- 
tiveness of aluminum and boron additions can only 
be seen from the strain aging of quench-aged 
samples where carbon aging has been eliminated. 

The fact that alloy C showed significant strain- 
aging tendencies after quench aging implies that 
sufficient nitrogen was not removed by the vacuum- 
melting technique employed. 
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While titanium and aluminum were effective in 
suppressing nitrogen strain aging, they cannot be 


Table VI. Samples Water Quenched from 707°C and Quench Aged 
160 Hr at 205°C (400°F) Plus 100 Hr at 93°C (200°F) 


Annealed Strain Aged 30 Days at 25°C 
Total Total 
Aging Ultimate Elon- Aging Ultimate Elon- 
Index, Strength, gation,* Index, Strength, gation,* 
Alloy Psi Psi Pet Psi Psi Pet 
(& 0 41880 50.6 940 41490 51.3 
CN 0 42670 46.7 6095 43510 43.7 
CNAI1 0 44290 46.5 500 44500 46.5 
CNB: == = 240 40860 
CNB: 0 42520 49.4 540 42220 50.5 
CB 0 37140 57.1 


* One-inch gage length. 


considered as satisfactory commercial additions be- 
cause of economic factors. The chief reason is that 
they result in killed steels characterized by low 
ingot-to-slab yields. In contrast, vanadium and 
boron, which are not strong deoxidizers, are not 
liable to this criticism. Unfortunately the necessary 
addition of vanadium to open-hearth rimming steel 
is expensive. For these reasons boron, which is in- 
expensive, appears to be a most promising addition 
to prevent nitrogen strain aging. 

There is one other important advantage of a 
boron addition. This advantage is illustrated by 
comparing the ductility of box-annealed alloys 
CNB, and CNB, with any other alloys containing 


nitrogen. The ductilities of alloys containing boron 
and nitrogen are better than those of any other 
combination. 
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Sigma-Phase in Certain Ternary Systems 
With Vanadium 


Six ternary systems with vanadium were investigated by microscopic and X-ray 
methods for the boundaries of the o-phase. In all cases, the o-phase formed a rela- 
tively narrow elongated field in the ternary system, connecting with the binary 


o-phases. 


by Joseph B. Darby, Jr. and Paul A. Beck 


N isotherrnal sections of several ternary systems, 
the o-phase was found’ to extend in the form of a 
relatively narrow elongated field, connecting the 
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o-phases that are present in the adjoining binary 
systems. This was interpreted in accordance with 
the conception that the o-phase is an electron com- 
pound and the ternary o-phase fields were shown in 
several systems’ to extend approximately in the di- 
rection of constant average d-shell electron vacancy 
number per atom. 

However, in the various isothermal sections of the 
Fe-Cr-Mo system** the ternary o-phase field was 
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Two-phase sigmo + b.c.c. alloys 
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cent. The boundaries of the body- 
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Fig. 3—1200°C isothermal section of 
the o boundaries in the V-Co-Ni sys- 
tem in atomic percent. The dashed 
boundary is tentative. 


Fig. 4—-1000°C isothermal section of 


the V-Mn-Fe system in atomic per- 
cent. The dashed boundary is tenta- 
tive. 
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Fig. 5—1000°C isothermal section of 
the o boundaries in the V-Mn-Co sys- 
tem in atomic percent. Dashed three- 
phase field corners are tentative. 


Fig. 6—1000°C isothermal section of 
the o boundaries in the V-Mn-Ni sys- 
tem in atomic percent. 
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found to widen or bulge considerably in comparison 
with the width of the Fe-Mo and Fe-Cr binary 
o-phases. Similar observations were made recently 
in the Co-Cr-Mo system at 1300°C.’ In these ternary 
systems, the stability of the o-phase appears to in- 
crease in the ternary composition range. At some 
ternary composition the o-phase may even melt con- 
gruently at a maximum in the solidus and liquidus 
surfaces, although neither of the binary o-phases 
melts congruently. The increased stability of the 
o-phase at ternary compositions in systems involv- 
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ing molybdenum is, of course, even more pronounced 
in the case of the Cr-Ni-Mo system, where binary 
o-phases apparently do not exist at all and, as far 
as now known, o occurs only as a ternary phase.* An 
analogous ternary o-phase was apparently found in 
the Cr-Ni-W system also.° It was pointed out’ that a 
difference in Goldschmidt atomic radii of at least 
12.8 pct does not prevent the formation of the o- 
phase, while other factors, dependent on the position 
of the elements in the periodic table, do. For in- 
stance, cobalt forms o-phases with chromium and 
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molybdenum, while nickel, which has nearly the 
same atomic radius, does not. It is quite possible that 
the behavior of molybdenum (and apparently also 
of tungsten) in stabilizing the o-phase in certain 
ternary alloys is based on some kind of an electronic 
effect, although the nature of this effect is at present 
not well understood. 

Since the band theory of these alloys has not yet 
been developed to a great extent, it is clear that in 
the immediate future the empirical exploration of 
underlying facts will remain an important avenue of 
progress in this field. In the present work, isothermal 
sections of six ternary systems with vanadium have 
been investigated in order to accumulate additional 


experimental material concerning ternary o-phase 
fields. 


Experimental Method 

The investigation was based on microscopic and 
X-ray study of numerous alloys in the ternary sys- 
tems V-Fe-Co, V-Fe-Ni, V-Co-Ni, V-Mn-Fe, V-Mn- 
Co, and V-Mn-Ni. The alloys were prepared by vac- 
uum induction melting in recrystallized alumina 
crucibles. The manganese, iron, cobalt, and nickel 
used were of standard electrolytic grade, and the va- 
nadium chips, with an impurity content of about 0.25 
pct, were purchased from the Electrometallurgical 
Corp. Chemical analyses for the component elements 
were made of a number of alloys, which determine 
the location of the ternary o-phase boundaries in 
each system. In all cases, the chemical analyses were 
in quite good agreement with the intended composi- 
tions. Weight losses of the ingots on melting were 
less than 1 pct; in most cases, considerably less. 

A portion of the bottom section of each ingot was 
homogenized for prolonged periods of time at the 
temperature of the isothermal section in question 
and then quenched in cold water. The homogenized 
and quenched specimens were used for microscopic 
examination and crushed powders from these speci- 
mens were used for X-ray diffraction study. Homog- 
enization was carried out in an atmosphere of helium 
+ 8 pct H., except for the alloys with manganese, 
which were annealed in evacuated and sealed fused 
quartz tubes. Immediately after quenching a speci- 
men together with the tube, the tube was broken 
under water so as to accelerate the cooling of the 
specimen. For those alloys which consisted entirely 
of the very brittle o-phase, the powders obtained by 
crushing in a mortar did not have to be reannealed. 
The brittle particles had undergone practically no 
plastic deformation in preparing the powder, so that 
the X-ray diffraction lines were sharp. Actually, 
most powders were reannealed in evacuated quartz 
tubes at the temperature of the bulk anneal and then 
quenched. The specimens for micrographic examina- 
tion were etched with the following etchants: For all 
alloys containing less than 50 pct by weight manga- 
nese a 50:50 (by volume) water solution of nitric 
acid was used. Where the manganese content was 
higher, a 10 pct nitric acid solution was found to be 
more satisfactory. 

The boundaries of the o-phase fields in the various 
isothermal sections were determined by means of 
the disappearing phase method. The boundaries 
were drawn between points representing alloy com- 
positions containing only o-phase and those contain- 
ing small amounts of second phases. The presence or 

-absence of a small amount of a second phase was in 
each case determined by means of microscopic study. 
X-ray diffraction was used only for the positive 
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identification of the matrix phase as o. The occur- 
rence of cracks was considered as a characteristic 
mark of microscopic identification for the o-phase, 
since all the other phases encountered were consid- 
erably less brittle. The o-phase specimens contain- 
ing large amounts of manganese were found to be 
particularly brittle, so that it was very difficult to 
obtain metallographic specimens from these without 
excessive cracking. 


Experimental Results 

Figs. 1 to 6 show the phase boundaries in the six 
isothermal sections investigated, together with the 
compositions of the alloys used. Where the chemical 
analysis was available, the composition was plotted 
on that basis. For other alloys the intended compo- 
sitions were used. The identity of the phases coex- 
isting with o was in most cases not determined. The 
amount of a second phase was usually too small for 
detection by X-ray diffraction. A change in the 
microscopic appearance of the second phase particles 
along a o-phase boundary was taken as a tentative 
indication of the occurrence of a three-phase corner. 
In Figs. 1 to 6 these locations are marked by pairs of 
dotted straight lines, each pair schematically repre- 
senting a corner of a three-phase field. In Fig. 6, 
the areas marked A, B, and C, separated by dotted 
straight lines, indicate changes in the microscopic 
appearance of the second phase, presumably corre- 
sponding to transformations during quenching in the 
phases coexisting with o, so that these areas most 
likely do not represent conditions existing at the 
temperature of the isothermal section (1000°C). 


Discussion of Results 

As evident in the figures, in all six systems the 
o-phase essentially follows the pattern usually en- 
countered in ternary systems. It forms elongated 
solid solution fields joining with the binary o-phases 
present. In the V-Mn-Ni ternary system the width 
of the o-phase field at ternary compositions is con- 
siderably narrower than in the corresponding two 
binary systems. The same is true also for the V-Ni- 
Co system, where the concave shape of the o-phase 
boundary toward low vanadium contents appears to 
be the result of the coexistence with o of a highly 
stable second phase. The identity of this phase has 
not been established. 

The present results, see Figs. 1 and 2, do not con- 
firm the existence of the binary (V,Fe)o at 1200°C, 
as indicated by earlier workers. Instead, at this tem- 
perature, in both the V-Fe-Co and V-Fe-Ni systems, 
the ternary o-phase field extends close to the V-Fe 
binary system, but stops short of it. There cannot be 
much doubt but that at lower temperatures in these 
two ternary systems the o-phase extends all the way 
across, connecting the two binary o-phases. 


Summary 
Isothermal sections of six ternary systems with 
vanadium have been investigated for the boundaries 
of the o-phase. In all cases the o-phase forms a 
relatively narrow elongated field in the ternary sys- 
tem, connecting with the binary o-phases. 
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Constitution of Nickel-Rich 
Quinary Alloys in the System Ni-Fe-Cr-Ti-Al 


A systematic study of nickel-rich quinary alloys of the Ni-Fe-Cr-Ti-Al system has been made, 
confining attention to the 750° and 1000°C isothermals of the pseudo-quaternary section Ni;Cr- 
NizFe-NisTi-NizsAl. Only three phases are involved, the nickel-rich face-centered-cubic primary 
y-solid solution, the ordered face-centered-cubic Berthollide y’-phase based on NizAl, and the hexa- 
gonal-close-packed Daltonide, y-Ni3Ti. The ternary face, Ni;Fe-Ni3Al-Ni;Ti, of the pseudo-quaternary 
tetrahedron is very similar to the ternary face NizsCr-NizAl-NizTi because of iron replacing chromium 
atom for atom in the two face-centered-cubic phases, y and y’. The extent of the y-solid solution 
increases considerably as the temperature is raised, while y’ and 1 remain substantially unchanged. 
The tie-lines linking the y and y’-phases radiate uniformly across the y + y’ two-phase field of 
the pseudo-quaternary tetrahedron. Alloys situated near the Ni;Fe corner of the tetrahedron are 
strongly ferromagnetic. The boundary separating the magnetic from the nonmagnetic y-phase alloys 
at room temperature is defined by a plane lying parallel to the NizCr-Nis;Ti-Niz;Al face of the system 
and containing chromium and iron in the atomic ratio 60:40. 


by A. Taylor 


i Be a previous communication, the quaternary sys- 
tem Ni-Cr-Ti-Al was described in detail and it was 
shown how certain alloys used for high-tempera- 
ture applications could be construed as consisting of 
Ni,Cr suitably modified by the addition of aluminum 
and titanium in relatively small amounts. With the 
correct aging treatment, the ordered face-centered- 
cubic Berthollide phase, y’-Ni,Al, could be precipi- 
tated from the face-centered-cubic primary y-solid 
solution. By increasing the proportion of titanium 
with respect to aluminum, it was also possible to 
precipitate the very brittle hexagonal-close-packed 
Daltonide phase, 7-Ni,Ti. 

From the nature of the system it seems reasonable 
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to expect the y and y’-phases to take appreciable 
amounts of cobalt and iron into solid solution. In 
the case of the present investigation it was decided 
to confine the work to iron additions only. This 
element may be introduced in two quite distinct 
ways: 1) as a simple replacement for nickel; and 
2) as a replacement for chromium, titanium, and 
aluminum. The second method of iron addition 
forms the basis of the present investigation, which is, 
in effect, a study of the pseudo-quaternary system 
Ni,Cr-Ni,Fe-Ni,Ti-Ni,Al. 

For purposes of reference, Figs. 1, 2, and 3 have 
been included and illustrate the quaternary system 
Ni-Cr-Ti-Al described in the previous paper along 
with sections through Ni,Cr-Ni,Ti-Ni,Al at 750° and 
1000°C respectively. 

As will be shown below, the pseudo-quaternary 
system with components Ni,Cr, Ni,Fe, Ni,Ti, Ni,Al 
is remarkably similar in many ways to the face 
defined by Ni,Cr-Ni,Ti-Ni,Al because of iron re- 
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placing chromium atom for atom in the primary 
y-phase. 


Experimental Procedure 

The alloys were prepared as 50-g melts in a small 
argon arc furnace using selected Mond Nickel pellet, 
high-purity chromium, iron, aluminum, and tita- 
nium, analyses of which are given in Table I. The 
small ingots were annealed in vacuo for a minimum 
period of three days at 1200°C to promote homo- 
geneity and were then water quenched to preserve 
the high-temperature state. After grinding away the 
outer layers, representative samples were turned for 
chemical analysis. To establish the 750°C isother- 
mal, fine filings of powder were prepared from areas 
immediately adjacent to the turned portions, and 
were then sealed into thin, evacuated silica capsules 
fitted with a sintered lining of pure alumina. The 
filings were heated to 900°C and then cooled slowly 
from 900° to 750°C over four days, maintained at 
this temperature for the same period to ensure com- 
plete equilibrium, and then quenched into cold 
water to preserve the high-temperature state. The 
filings were then X-rayed in a 9.0-cem-diam Debye- 
Scherrer camera using filtered MnKa radiation. 

This method gave self-consistent results, but failed 
at the 1000°C isothermal owing to the tendency of 
aluminum to volatilize from the specimens and react 
with the silica capsules. The technique ultimately 
adopted was to soak a %-in. cube of alloy in vacuo 
for 24 hr at 1000°C and quench. After removing 
the outer surface layers, fresh filings were prepared 
and sealed in thin, alumina-lined capsules as before. 
The specimens were then placed in a furnace at 
1000°C and allowed to reach temperature, the time 
required being only a few minutes, after which they 
were immediately quenched. This modified tech- 
nique was found to give reproducible and self- 
consistent results so that it was possible to establish 
the system by X-ray methods alone, although micro- 
graphic examination was also employed as required. 

The quaternary and quinary alloys required to 
establish the quasi-quaternary system Ni,Cr-Ni,Fe- 
Ni,Ti-Ni,Al were kept down to a comparatively small 
number by carefully selecting compositions which 
were anticipated to lie just within the two and 
three-phase areas. To aid in their selection, a tenta- 
tive model of the system was constructed by com- 
bining data given in the previous paper,’ and the 
published data of Bradley and Taylor’ and of Brad- 
ley*® on the ternary system Fe-Ni-Al. It was quickly 
realized that the Ni,Fe-Ni;Ti-Ni,Al face of the tetra- 
hedron of the quaternary system would be, in many 
ways, similar to the face defined by Ni,Cr-Ni,Ti- 
Ni,Al. This considerably lessened the number of 
alloys required to establish the system, which, for 
confirmation, was also investigated on the median 
plane defined by Ni;(Fe..;Cro.s) -NisTi-Ni,Al. 


Results and Discussion 

X-ray diffraction patterns with occasional micro- 
graphs proved quite sufficient to establish the iden- 
tity of the’ phases and the extent of the various 
phase fields to an accuracy of approximately 0.5 
atomic pct. The compositions of the alloys and their 
structures are given in Tables II and III, while the 
derived pseudo-ternary and quaternary equilibrium 
diagrams at 750° and 1000°C are shown in Figs. 
- 4 to 7, inclusive. 

The Ni,Fe-Ni,Ti-Ni,Al face of the tetrahedron, 
shown in Figs. 4 and 5 and corresponding to the 
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Fig. 1—The Ni-Cr-Ti-Al system from the nickel corner; 
750°C isothermal. 


750° and 1000°C isothermal, is entirely analogous 
to the Ni,Cr-Ni,Ti-Ni,Al face, only differing from 
it in points of detail. In each case only the three 
phase fields comprising the face-centered-cubic 
primary solid solution y, the ordered Berthollide 
phase based on y’-Ni,Al and the Daltonide phase, 
y-Ni;Ti, are present. Comparison of the X-ray dif- 
fraction patterns of y, y, and y+y' alloys reveals 
that the tie-lines across the y+y’ two-phase field 
are uniformly spread and lie almost in the composi- 
tion plane. As a result of this, the boundary be- 
tween the y+ y’ and y+y'+7 fields is only slightly 
curved both at 750° and 1000°C. 

The Ni,Ti-Ni,Fe edge of the system is analogous 
to the Ni,Ti-Ni,Cr edge of the contiguous ternary 


Table I. Analysis of Alloying Elements 


Element Wt Pct 
Ni Fe Al Ti Cr Mn Cc 
Ni Balance 0.018 — — 0.034 
Er 0:01 0.08 0.08 0.01 Balance 0.15 — 
Fe 0.062 Balance — — 0.010 
Ti — 0.015 0.015 Balance — 0.04 —_— 


system Ni,Cr-Ni,Ti-Ni,Al, and contains only the 
y, y+n, and 7 fields. The extent of the y-phase field 
was established for the first time by making a series 
of alloys along the Ni,Ti-Ni,Fe edge. The extent of 
the y and y’-phase fields along the Ni,Al-Ni,Fe edge 
at 750° and 1000°C was obtained from the pub- 
lished data.” * As in the case of the Ni,Cr-Ni,Ti- 
Ni,Al system, shown in Figs. 2 and 3, the extent of 
the y-phase increases considerably as the tempera- 
ture is raised from 750° to 1000°C, while that of 
the y’-phase field is almost constant. 

The 750° and 1000°C isothermals of the pseudo- 
quaternary system Ni,Cr-Ni,Fe-Ni,Ti-Ni,Al based 
on the above results are shown in Figs. 6 and 7 and 
the extent of the y and y’-phases within the tetra- 
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Fig. 2—Pseudo-ternary section NisCr-NisTi-NisAl of the Ni- 
Cr-Ti-Al system; 750°C isothermal. Open circle represents 
single phase; half closed circle, two-phase; and triangle in 
circle, three-phase. 
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Fig. 4—Pseudo-ternary system NisFe-NisTi-NisAl; 750°C iso- 
thermal. Open circle represents single phase; half closed 
circle, two-phase; and triangle in circle, three-phase. 


hedron are confirmed by the alloys given in Table 
III for the median plane defined by Ni,;(Cr,.;Fe,.;) - 
Ni,Ti-Ni,Al. As may be seen from the diagrams, 
the volume occupied by the y-phase field increases 
considerably as the temperature is raised while that 
of the y’-phase field remains almost constant. Since 
the tie-lines run uniformly across the y+ y7’ two- 
phase field, it should be possible to derive from 
them the compositions of the conjugate y and 
y-phases in alloys lying within the two-phase 
region. As may be seen from the position of the 
small black circle in Fig. 2, a typical high-tempera- 
ture alloy, with a composition corresponding to 
Nimonic 80, lies on the Ni,Cr-Ni,Ti-Ni,Al face of 
the tetrahedron in the y+y’ two-phase field and 
near to the Ni,Cr corner. A similar position is taken 
up by an alloy with the Inconel X composition, 
which lies in a plane passing through the Ni,Ti- 
Ni,Al edge and cutting the edge Ni,Cr-Ni,Fe roughly 
one third away from Ni,Cr. As in the case of 
Nimonic 80, increasing the Ti: Al ratio will move 
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Fig. 3—Pseudo-ternary section NisCr-NisTi-NisAl of the Ni- 
Cr-Ti-Al system; 1000°C isothermal. Open circle represents 
single phase; half closed circle, two-phase; and triangle in 
circle, three-phase. 
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Fig. 5—Pseudo-ternary system NisFe-NisTi-NisAl; 1000°C iso- 
thermal. Open circle represents single phase; half closed 
circle, two-phase; and triangle in circle, three-phase. 
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the composition of Inconel from within the y+y’ 
two-phase field into the y+y’+7 region at 750°C. 
Both iron and chromium have body-centered- 
cubic structures and similar lattice parameters, 
namely 2.8606 kX for iron and 2.8785 kX for chro- 
mium. When in solid solution in face-centered- 
cubic nickel, their atoms behave as if they had 
almost identical radii so that the lattice parameter 
of Ni,Cr is 3.5446 kX while that of Ni,Fe is 3.5465 
kX. Thus, the lattice parameters through the volume 
of the y-phase tend to follow the pattern set by the 
isoparametric contours shown in Fig. 3 for the 
Ni,Cr-Ni,Ti-Ni,;Al face of the quaternary system. 
On the other hand, the replacement of chromium 
by iron has a remarkable effect on the magnetic 
properties of the alloys. All the alloys in the y-phase 
field of the system Ni,Fe-Ni,Ti-Ni,Al are strongly 
ferromagnetic, which is not surprising since Ni,Fe 
lies very close to the composition of Permalloy, 
while on the Ni,Cr-Ni,Ti-Ni,Al face, all the y-alloys 
are nonmagnetic even at the temperature of liquid 
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Fig. 6—Pseudo-quarternary section NisCr-NisFe-NisTi-NisAl of 
the Ni-Fe-Cr-Ti-Al quinary system; 750°C isothermal. 
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Fig. 7—Pseudo-quaternary section NisCr-NisFe-NisTi-NisAl of 
the Ni-Fe-Cr-Ti-Al quinary system; 1000°C isothermal. 


Table Il. Compositions and Structures of Ni-Fe-Al-Ti Alloys 


Table Ill. Compositions and Structures of Ni-Cr-Fe-Al-Ti Alloys 


Analysis, Atomic Pct Phases Present at 


Alloy 
No. Ni Fe Al Ti 1000°C 750°C 
(Balance) 

4 75.9 16.9 _ 7.2 Sp + 

6 75.8 14.6 = 9.4 = vyt+n 

1 75.3 20.6 —_— 4.1 _ v+n 

2 75.1 19.4 = 5.5 ¥ ytn 

3 75.6 18.0 6.4 
38 75.8 21.5 = 0.7 = y 
39 75.8 20.9 2.1 Liz 

7 75.1 19.1 0.9 4.9 Y yty'+n 

17.6 1.0 6.1 yt+y'+n 
11 woul 20.5 1.9 2.5 = yty’ 
12 75.3 17.9 — 
15 19.2 2.5 yty’ 
16 74.9 18.2 3.8 
13 75.6 16.8 1.4 6.2 
14 15:3 15.5 1.7 7.5 y+’ 
17 74.9 16.7 3.3 5.1 vty" vty’ 
18 74.7 15.5 3.4 6.4 yt’ yt+y’ 
20 74.9 15:7 4.4 5.0 
41 75 10 5 10 vty’ == 
22 74.6 16.7 6.1 2.6 
23 74.4 15.0 4.9 
43 75 10 6.25 8.75 y+ = 
42 aD 8.75 6.25 10 
33 75 6.25 11.25 yt+y’ = 
32 5 12.5 vty’ = 
31 75 5 6.25 13.75 vty’ — 
24 75.8 14.5 6.9 2.8 vty = 
36 76.1 5.0 | 3.8 yty’ 

9 75.6 16.9 0.8 6.7 vty’ yt+y7’+n 
10 15:3 1.0 8.4 vty’ +n 
40 75.6 13.0 9.3 vty'+n 
25 752 6.7 2.4 1527. vyty'tn vty’ +n 
26 76.8 5.9 3.0 14.3 vty +n 
27 75.8 4.3 4.0 15.9 yvy+y'+n vty’ +n 
28 76.3 4.3 5.0 14.4 vyt+y't+n vt’ 
29 76.3 2.8 Wal 13.8 

30 75.0 3.4 11.4 10.1 


nitrogen. The boundary dividing y-phase alloys 
which are ferromagnetic at room temperature from 
those which are not is defined by the plane lying 


Analysis, Atomic Pct Phases Present at 


Alloy 
o. Ni Fe Cr Al Ti 1000°C 750°C 
1 75 3.44 3.44 18.13 _ 7’ 
2 6.56 6.56 11.88 vty’ 
ts 9.38 9.38 6.25 
4 5 10.31 10.31 4.38 y+n 
Gy 10 10 1.25 3.15: 
6.88 6.88 3.75 vty’ yty’ 
6.25 6.25 3.75 8.75 yt+y’ yt+y' +n 
1.25 1.25 7.5 15 vty’ 


parallel to the Ni,Cr-Ni,Ti-Ni,Al face with chro- 
mium and iron in the ratio 60:40. It is likely that 
alloys on this plane could be used in the dual role 
of high-temperature materials and magnetic com- 
pensation alloys. 
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Technical Note 


Protective Film on Titanium in Hydrochloric Acid 


by Rikuro Otsuka 
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ITANIUM is attacked slowly by hydrochloric 
acid,“ and corrosion rates decrease with time 
of exposure.’ This behavior is due to the formation 
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Fig. 1—Losses in weight of titanium in various concentrations 
of HCI. 


of a hard black glossy protective film in the acid. 
The experiments covered in this note indicate that 
the film may be a hydride. Techniques are discussed 
which are believed to produce hydrides or to remove 
them prior to hydrochloric acid tests. 

The tests were made with 99.3+ pct purity tita- 
nium, produced at Sumitomo Metals Co., Ltd., Japan, 
by arc-melting Kroll process sponge. Specimens 
were prepared from light gage sheet which had 
been cold rolled 40 pet, and polished with No. 05 
emery paper. All samples were cleaned before and 
after tests by washing with distilled water and de- 
greasing in alcohol and ether. 

Corrosion rates at 14° to 18°C during continuous 
immersion up to five days in hydrochloric acid, illus- 
trated in Fig. 1, suggest the formation of a protec- 
tive film at less than 23 pct HCl as indicated by the 
parabolic nature of the curves. A second experi- 
ment, aimed at gradually building up a more stable 
protective film, involved successive exposures of 
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Q asof REPEATEDLY TREATED 
Fig. 2—Corrosion = —0— CATHODICALLY 
rates of repeatedly = W aoof TREATED FOR 24HR 4 
and cathodically < 
treated titanium in Z 150F 
HCI solutions, com- 
pared with those of 100} d 
untreated titanium. 3 
50} 
q 


5 10 15 25) 
CONCENTRATION OF HCL, PCT WT —> 


seven days each in various concentrations of HCl 
from 0.5 pct to 31.1 pct. In addition, it was shown 
that a cathodic treatment for 2 or 24 hr in 1/10 
normal sodium chloride at approximately 1 amp per 
sq dm can also cause improvement in resistance up 
to 24 pct HCl. It is assumed that nascent hydrogen 
reacts with the metal to form a protective titanium 
hydride coating. This effect is illustrated in Fig. 2, 
showing corrosion rates of untreated specimens with 
those having the specially created surface films. 
Attempts to produce a similar film in a stream of 
molecular hydrogen resulted in formation of only a 
very thin coating which, however, is reported to 
have the same properties. 

Since the hydride film may be removed by heat- 
ing in vacuum while titanium oxide or nitride can- 
not be decomposed, it was concluded that heating 
specimens 1 hr at 900°C in a vacuum should con- 
firm further the nature of the hard glossy black film 
present after HC] immersion. This treatment re- 
moves the black film, and the corrosion rates are 
increased many times over, as illustrated by a simple 
experiment. Three specimens, the first untreated, 
the second repeatedly treated cathodically but not 
vacuum annealed, and the third repeatedly treated 
cathodically then vacuum annealed, were immersed 
in’ 10.0 wt-pct HCl, at 18° to 23°C for The 
corrosion rates were 24.1, 0.15, and 14.1 mg per sq 
dm per day, respectively. 
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Technical Note 


T was recently shown’ that slip bands can be ob- 
served in bent germanium crystals after defor- 
mation, by means of etch pits along the slip traces. 
It is the purpose of this note to show how chemical 
etch pits can also be used to examine the appear- 
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Etch Pits and Slip Bands in Silicon 


Rosi 


ance of slip bands in silicon, as well as other defor- 
mation markings. 

A 30 ohm-cm, p-type single crystal bar, 2x%4x&% 
in., was plastically bent at approximately 1200°C 
in a vacuum of 1xl10° mm Hg. The axis of the 
crystal was coincident with a <111> direction, and 
the surface normal to the axis of bending was 
within 4° of a {110} plane. Prior to the deformation, 
the {110} surface was mechanically polished with 
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No. 305 American Optical compound, and then 
chemically polished with a solution of dilute hydro- 
fluoric acid in concentrated nitric acid to remove 
surface stresses resulting from the mechanical work- 
ing. The bending was accomplished by simply sup- 
porting the ends of the bar on a thick quartz tube, 
and applying weights at the middle by means of a 
water-cooled stainless steel rod sharpened to a knife 
edge at one end. A Wilson-type seal was used to 
permit vertical movement of the rod in the vacuum. 

After the deformation the crystal was ground to 
one half its original thickness, and then chemically 
etched for 20 hr to reveal dislocation pits. The 
etchant used consisted of 3 parts CP-4 solution with 
3. parts of a solution of 200 g copper nitrate in 2 cu 
cm nitric acid, 4 cu cm hydrofluoric acid, and 4 cu 
cm water.” The micrographs in Figs. 1 to 3 illus- 
trate the appearance of slip bands, as outlined by 


Fig. 1—Etch pit 
technique showing 
multiple slip on 
{111} planes. X30. 
Reduced approxi- 
mately 30 pct for 
reproduction. 


characteristic etch pits, in different regions of the 
bent crystal. 

The micrograph in Fig. 1 shows the appearance 
of fine, closely-spaced slip bands on intersecting 
{111} planes, as might be expected from the crystal 
orientation. 

In Fig. 2a the etch pits reveal a pattern of coarse, 
widely-spaced slip bands in the vicinity of the convex 
surface (tension side) of the crystal. Within the 
coarse slip bands a high density of dark, parallel 
segments can be seen which make an angle of ap- 
proximately 90° to the slip bands. X-ray analysis 
showed these lines to be parallel to a {110} plane, 
whose normal would be the expected slip direction 
from the criterion of a maximum shear stress law. 
This crystallographic geometry suggests that the 
segments are fine kink bands, or represent a poly- 
gonized structure. For purposes of comparison, the 
micrograph in Fig. 2b shows the appearance of slip 
bands on the same surface prior to the grinding and 
chemical etching operations. 

The etch pit pattern in the micrograph of Fig. 3a 
shows the gradual disappearance of slip bands in 
the neutral stress zone of the bent crystal. Fig. 3b 
shows a similar slip pattern in the same region of 
the crystal in the as-deformed condition. 

It would appear from the gross similarity in the 
etch pit and slip patterns in Figs. 2 and 3 that the 
etch pit technique could be useful in the study of 
deformation markings. 
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Fig. 2—Appearance of coarse, widely-spaced slip bands: a) as outlined by etch pits, and b) prior to grinding and 
etching. X100. Fig. 2a reduced approximately 10 pct for reproduction. 
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Fig. 3—Gradual disappearance 
of slip bands in neutral stress 
zone of bent crystal: a) etch 
pit technique, and b) as-de- 
X100. 
proximately 25 pct for repro- 


Reduced ap- 
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Grain-Boundary Displacement 


Vs Grain Deformation as The 


Rate-Determining Factor in Creep 


The height of the vertical grain-boundary displacements was measured on creep 
specimens of -brass. The displacements followed a normal distribution whose stand- 
ard deviation was a function of strain and was independent of temperature from 450° 
to 501°C. The strength of the grain, not the shear resistance of the boundary, was 
found to be the rate-controlling factor in the creep of £-brass. 


by J. A. Martin, M. Herman, and N. Brown 


T high temperatures a deformed polycrystalline 

metal shows grain-boundary displacement in 
preference to slip lines." This has led to the conclu- 
sion that overall strain at high temperatures is pro- 
duced chiefly by grain-boundary displacement. De- 
tailed microscopic examinations of individual grain 
boundaries have shown many interesting ways by 
which their displacement occurs; sometimes no 
grain deformation was observed except possibly in 
the immediate neighborhood of the boundary. How- 
ever, X-ray examinations show that at high tem- 
peratures subgrain formation occurs;* the process, 
generally called polygonization, results from lattice 
bending and the subsequent climb of dislocations to 
form low-angle boundaries. 

Quantitative measures of the grain-boundary 
displacements show that they make a minor geo- 
metrical contribution to the overall strain; the ma- 
jor contribution is made by grain deformation.*® 
A relationship between grain-boundary displace- 
ment and grain deformation was suggested by 
McLean, who showed how the degree of polygoni- 
zation would determine the amount of grain bound- 
ary displacement,’ and by Dorn, who showed that 
for a given creep stress, the amount of grain-bound- 
ary shear was related to the overall strain and was 
independent of temperature.’ Although the grain- 
boundary displacement may make a small geo- 
metrical contribution to overall strain, it may still 
be the rate-controlling factor in high-temperature 
creep. If in general grain-boundary displacement 
and grain deformation are dependent quantities, 
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then the designer of a creep-resistant metal would 
like to know whether it is more desirable to 
strengthen the matrix of the grain or to increase 
the strength of its boundary. 

The widespread interest in the relationship be- 
tween temperature and grain-boundary displace- 
ment makes it desirable to test the generality of 
Dorn’s result’ that the ratio of grain-boundary dis- 
placement to overall strain is independent of the 
temperature for a given creep stress. In this in- 
vestigation B-brass was used because it produces 
sharp grain-boundary displacements above 400°C. 
Since £-brass undergoes an order-disorder trans- 
formation which abruptly strengthens the grain, it 
is an excellent metal for determining whether 
grain-boundary displacement or grain deformation 
is the rate-controlling factor in creep. The problem 
will be confined to the temperature range where 
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grain boundaries are mobile, as indicated by their 
sharp step-like displacements. 


Experimental 


‘The composition of the B-brass was 51.15 pct Cu 
with 0.1 pct impurities, chiefly iron. The grain size 
was 1 to 2 mm. The gage section of the specimens 
was ¥% in. diam by 1% in. long. The strain was pro- 
duced by isothermal creep under a single stress of 
360 psi. The history of each specimen is given in 
Table I. 

To measure strain accurately, pairs of impressions 
about 1 in. apart were made with the Tukon tester. 
The distance between each pair was measured be- 
fore and after creep on the micrometer-driven stage 
of a microscope. 

Up to strains of 5 pct the grain-boundary dis- 
placements were generally sharp. The displace- 
ments, however, were random. The direction of 
the displacements ranged from the purely perpen- 
dicular to the purely parallel with respect to the 
surface. The magnitude varied from zero to a maxi- 
mum value which depended on the strain. Since the 
displacements were random, it is sufficient to meas- 
ure displacements in one direction.’ The vertical 
displacements were measured by moving a stylus 
over a grain boundary. The stylus was connected 
to the core of a Shavitz transformer whose output 
was transmitted to a Brush oscillograph via a Brush 
Universal de amplifier. With the stylus fixed, the 
specimen is moved longitudinally on the stage of a 
toolmaker’s microscope. When a grain boundary is 
traversed, this is noted under the microscope so that 
the deflections of the oscillograph are related to 
grain-boundary displacements. Conversely, zero 
grain-boundary deflections are also recorded. In 
order to standardize the conditions of the measure- 
ment and eliminate diffused deflections from bound- 
aries running parallel to the direction of traverse, 
the angle between direction of traverse and direc- 
tion of boundary was always between 45° and 90°. 

The oscillograph was calibrated with a 0.001 
0.0001-in. machined step. Full scale corresponded 
to 0.001 in. and the set up could detect 10° in. under 
optimum conditions. Although most boundaries 
were sharp, many were somewhat diffused, espe- 
cially at the greater strain corresponding to the 
greater displacements. Bending of the grain in the 
vicinity of the boundary introduced the major un- 
certainty in the boundary displacement. The un- 
certainty of displacement was greater for the larger 
displacements so that the per cent uncertainty was 
within 10 pct. 

The set of grain boundaries measured per speci- 
men numbered 100 to 300. On some specimens 
several sets of readings were taken. It was found 
that the larger number of readings did not make an 
appreciable difference in the final results, but did 
give greater confidence that the distribution of the 
magnitude of the grain boundary displacements 
closely approached a normal distribution. A typical 
histogram is shown in Fig. 1. The smooth curve is 
the calculated curve for a normal distribution about 
a mean value of zero. As mentioned previously, as 
many displacements were up as were down; thus 
the curve in the figure represents one half of the 
normal distribution curve, which is symmetrical 
about the mean value of zero. In the past, the aver- 
age of the absolute value of displacement was used 
as a measure of the displacements.’ This measure is 
difficult to consider mathematically and it is not 
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Fig. 2—Grain boundary displacement as a function of creep 
strain. Creep temperatures ranged from 450° to 501°C. 


likely to give the best quantitative description of 
the process. The question has been asked whether 
previous measurements of boundary displacements 
did not have a zero mean if direction were taken 
into account, but the question has remained un- 
answered.’ Since the histograms closely fit the 
normal distribution curve, the standard deviation 
should be sufficient to characterize the histograms. 

The standard deviations are listed in Table II, and 
it is evident that there is a correlation with strain, 
but no correlation with temperature. 

An additional statistical calculation was made to 
determine whether other aspects of the histogram 
were pertinent. The fourth moment about the mean 
was calculated in non-dimensional units where a 
normal curve has a value of 3. This quantity, called 
the peakedness of the distribution, is also found in 
Table II, where it is evident that the peakedness 
does not correlate with either strain or temperature. 
Since the peakedness scatters about an average 
value of 3, it is concluded that the standard devia- 
tion is a complete measure of the histograms. 

The functional relationship between standard de- 
viation, S, and overall strain, E, was obtained by 


assuming 
S=AE" [1] 


The constants A and n were obtained from Fig. 2, 
where the straight line which was obtained by a 
least-square calculation has the equation 


S = 0.87 <10- [2] 


where S is in inches and E is in percent. 

Since all histograms may be represented by a 
normal distribution, all the data on vertical grain- 
boundary displacements may be succinctly de- 
scribed by the equation 


1 1 ( d ) 
\/2n (0.87 X 10“ E**) 9 \0.87 10 


where N is the relative frequency of boundaries 
with displacement, d, and E is the overall strain. 

It is important to know whether the amount of 
grain-boundary displacement relative to a given 
overall strain is independent of temperature. A 
statistical test was made using the data in Table II. 
From equation 2 the relative amounts of grain- 
boundary displacement and overall strain are best 
represented by S’/E™. Plotting S*/E™ against tem- 
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Fig. 3—Creep rate ys temperature for 6-brass. 


perature shows no correlation. A more exacting test 
is made with the correlation coefficient® as given by 


— 
V [nd (x)? — (2x)*] [nz (y)? — 


where x and y.are the variables being tested for 
correlation, and n is the number of data points. For 
our case x = S’/E**, y = temperature, and n = 17, 
the number of specimens. The calculation gives 

Statistically, this means that only 2.6 pct of the 
data points show any relationship between S*/E*™ 
and temperature. In other words, there is no sig- 
nificant relationship between amount of grain- 
boundary displacement relative to a given strain 
and temperature. This result is based on a tempera- 


Table |. History of Specimens 


Creep 
Specimen Strain, Creep Tem- Creep Rate, 

No. Pet perature, °C Time, Hr Pct per Hr 

7 2.27 450 3.05 0.745 
18 4.50 450 5.95 0.757 
26 4.97 455.5 4.968 1.00 
22 5.06 455.5 
15 5.68 460 4.45 1.28 
17 3.78 461 3.25 1.16 
24 3.96 461 3.384 Rally 

4 3.36 470 0.894 3.76 
12 2.40 480 0.101 23.8 
13 Sake: 480 0.139 22.4 

1 4.95 480 0.250 19.8 
14 Sol 488.5 0.125 26.5 
25 4.38 488.5 0.158 277 

9 5.52 488.5 0.200 27.6 
19 1.88 490 0.075 25.1 

8 1.98 501 0.058 34.1 
27 5.25 501 0.158 33.2 


ture range of 50° over which the creep rate varied 
by a factor of 40. 


Discussion 


Since the relationship of grain-boundary dis- 
placement and grain deformation is independent of 
temperature, it is important to know what the rate- 
controlling factor is. Fig. 3 shows how creep rate 
changes as £-brass orders. All creep curves in this 
temperature range are entirely linear.’ Tests with 
single crystals show that both resistance to creep 
and yield point increase abruptly as B-brass orders. 
Since the grain boundary is essentially disordered 
at all temperatures, the discontinuity in creep be- 
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havior of polycrystalline 8-brass must be attri- 
buted to a change in creep resistance of the grain. 
Thus, it must be concluded that the rate of grain de- 
formation controls the overall strain and that the 
grain-boundary displacement is a byproduct of 
grain deformation. The last statement must be 
qualified in two respects: 1) the temperature must 
be sufficiently high to make the grains mobile as in- 
dicated by sharp displacements, but a greater mo- 
bility makes no difference; and 2) the very small 
grain-boundary displacements as observed in an- 
elastic studies have not been considered. 

The existence of a normal distribution, sometimes 
called a random distribution, would indicate a rela- 
tionship between grain-boundary displacement and 
the random orientation of the crystals. As suggested 
by Rhines, the amount of displacement is related 
to the difference in orientation of the grains adjoin- 
ing the boundary. Since the difference in orienta- 
tion is likely to fit a normal distribution in the ab- 


Table II. Standard Deviations 


Standard Deviation 


of Grain 
Specimen Strain, Displacements, Tempera- 

No. Pet X 105 In. Peakedness ture, °C 
19 1.87 12:1 3.45 490 

8 1.98 13.8 3.96 501 
12 2.04 12.6 4.27 480 

7 2.27 13.8 3.50 450 
13 3.10 19.4 4.27 480 
14 3.31 17.4 3:25 488 

4 3.34 16.1 3.72 470 
17 3.75 20.4 2.55 461 
24 3.96 16.4 3.61 461 
25 4.38 bles) 3.07 488 
18 4.50 21.7 2.20 450 

z 4.95 20.0 2.90 480 
26 4.97 23.9 2.39 455 
22 5.06 19.8 2.52 455 
27 5.25 26.4 3.39 501 

9 5.52 22.5 4.14 488 
15 5.68 22.4 4.44 460 


sence of preferred orientation, it follows that the 
grain-boundary displacements would also follow a 
normal distribution. 

McLean® suggested that the interaction between 
grain-boundary displacement and grain deformation 
was linear. He did indicate that at small strains up 
to about 5 pct he observed a nonlinear relationship. 
The results of this investigation show that the 
standard deviation of the grain-boundary displace- 
ments varied nearly as the square root of the strain; 
thus, there is a contradiction to McLean’s theory of 
a linear interaction. Although McLean used the 
average of the absolute value of vertical displace- 
ments as his measure and this investigation makes 
use of the standard deviation, this fact would not 
explain the difference. 

It is believed that there exists too little experi- 
mental data for making a quantitative generaliza- 
tion of the relationship between grain-boundary 
displacement and strains for all metals and stresses. 


Conclusions 

1) At aconstant creep stress, the ratio of grain- 
boundary displacement to overall strain is inde- 
pendent of temperature, if the temperature is high 
enough to produce mobile boundaries. This is a 
confirmation of previous work on aluminum. 

2) The amounts of vertical grain-boundary dis- 
placement make a normal distribution about a zero 
mean. Thus, grain-boundary displacement is best 
measured by the standard deviation. 
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3) _The standard deviation of the grain-bound- 
ary displacements varied nearly as the square root 
of the overall strain, contrary to the linear rela- 
tionship proposed by McLean. 

4) It has been demonstrated for the first time 
that creep rate at high temperatures is determined 
by the creep resistance of the grain and not by the 
shear resistance of the grain boundary. 
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Simple Orientation Relationships For 


Secondary Recrystallization in Si-Fe 


Reorientation due to primary recrystallization in (111) [112] oriented single crystals after 70 pct 
reduction in thickness was found to occur by <110> rotations of approximately 25° to 30° and in 
such a way as to produce one strong component and several weak components. The strong component 
had the (110) [001] orientation. Upon further annealing secondary recrystallization occurred, but 
without the formation of new components. The (110) [001] orientation disappeared and some of 
the weak components of the primary recrystallization texture failed to produce identically oriented 
components in the secondary recrystallization texture, but other weak components developed into 
components of the secondary recrystallization texture. As a result the latter were related to the 
coid rolled orientation by <110> rotations of approximately 25° to 30°. The results obtained could 
be explained rather simply in terms of the oriented nucleation growth selectivity theory wherein large 
grains (primaries) from weak components of the primary recrystallization texture grew into secondary 
recrystallization grains (secondaries) having the 25° to 30° <110> rotation relationship with the 
cold rolled orientation. 


ands Non 


WO recent review papers have considered the 

origin of primary and secondary recrystalliza- 
tion textures from the point of view of oriented 
nucleation and oriented growth theories.”* Both 
theories require nuclei for primary recrystallization 
but provide*no unequivocal answer to the question 
of what nuclei are. The answer to the same question 
regarding secondary recrystallization, however, often 
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is that nuclei are certain primary recrystallization 
grains or primaries. The two theories differ, however, 
in specifying what the certain primaries are. In sup- 
port of the oriented growth theory Beck and Hu* 
originally stated “It may be assumed that in a re- 
crystallized material, even with a strong texture, 
there always are present some grains of practically 
any orientation. These may serve as nuclei for the 
coarse grains, provided that conditions are favorable 
for their growth.” In commenting on this statement 
one would say that there are two restricting condi- 
tions: namely, that 1) the certain primaries (nuclei) 
are large enough to grow, and 2) their boundaries 
have high mobility. More recently Beck’ has con- 
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Fig. 1—{100} plot of 29 secondaries ina (232) [320] ori- 
entation (closed circles) with [232], [320] and [111] di- 
rections of the (232) [320] orientation indicated. Also, plot 


of 11 secondaries (open circles) in a (322) [230] orientation. 
Specimen D-2. 


Fig. 3—{100} plot of seyen (322) [451] oriented secondaries 
(component G), three (113) [11, 5, 2] secondaries (compo- 


nent J) and four (111) [112] secondaries (component K). 
Specimen D-2. 


cluded that grains (primaries) are not always pres- 
ent in all orientations and whenever this occurs the 
case is a special one where oriented growth theory 
is not applicable. According to this view, the kind 
of secondary recrystallization reported by Dunn‘ 
must be considered among the list of special cases. 
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Fig. 2—{100} plot of 17 secondaries in the (223) [110] and 


(223) [110] orientations; closed and open circles respec- 
tively. Specimen D-2. 


Fig. 4—{100} plot for 28 secondaries in a double (132) 
[310] or (121) [210] type orientation. Specimen D-3. 


From both primary and secondary recrystalliza- 
tion data obtained for Si-Fe Dunn* * concluded that 
secondary recrystallization grains (secondaries) 
have the orientations of weak components of the 
primary recrystallization texture but not all such 
components give birth to secondaries. According to 
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Fig. 5—{100} plot for 37 secondaries in a double (223) 
[110] or (111) [110] type orientation. Specimen D-3. 


this view, the orientations of the nuclei are restricted 
to those of weak components. A second restriction 
is that the nuclei are primaries above a critical size. 
However, the induction period or time required for 
such primaries to grow and be identified as second- 
aries depends on two factors: 1) the amount they 
are above the critical size, since the driving force 
for growth increases with greater size differential, 
and 2) the number of like orientations, since bound- 
ary mobility decreases with increase in intensity of 
the component of the primary recrystallization tex- 
ture supplying nuclei of the particular orientation. 
Thus the ideas expressed here must be considered 
as belonging to an oriented nucleation growth selec- 
tivity theory. 

Evidence for the foregoing ideas of Dunn has been 
considered inadequate according to Beck,” particu- 
larly for the extension of the ideas to secondary re- 
crystallization textures in face-centered-cubic 
metals.° Further data, therefore, bearing on the 
origin of secondary recrystallization textures, and 
particularly evidence bearing on the question of 
whether or not large primaries are limited to specific 
orientations, appear to be desirable. 

In the present paper information has been ob- 
tained on the textures after primary recrystalliza- 
tion and after secondary recrystallization which can 
be understood from the point of view of the oriented 
nucleation growth selectivity theory. Also, a simple 
direct relationship will be shown connecting the 
cold-rolled texture and components in the secondary 
recrystallization texture. An explanation is given 
for large primaries (nuclei) occurring in specific 
orientations. 

Procedure 

Two duplicate single crystal sheet specimens (D-2 
and D-3) were prepared in a (111) [112] orienta- 
tion for cold rolling parallel to the [112] direction. 
The cold rolling operation reduced the thickness 
_ from 0.050 in. to 0.015 in. but two different rolling 
mills were used. The roll diameters were 8 in. for 
D-2 and 2 in. for D-3. The increase in width due 
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to lateral spread was 10 pct for D-2 and 4 pct for 
D-3. Since (111) [112] is a stable end orientation,’ 
both cold rolled crystals retained the initial orien- 
tation except for spread. The {110} pole figure, 
which previously was reported® for D-2, gives the 
pole density distribution and thus the spread in 
orientation. A corresponding plot for D-3 was not 
obtained since the orientation was known to be 
stable and since transmission Lauegrams of D-3 and 
D-2 were alike. 

A 1-min anneal at 980°C completed primary re- 
crystallization and provided samples for studying 
the primary recrystallization texture. A {110} pole 
figure was obtained for D-3 in the manner described 
previously;”° the corresponding plot for D-2 has 
already been reported.* 

Longer anneals at 980°C were used to obtain suit- 
able samples for studying the secondary, recrystal- 
lization texture. Although secondary recrystalliza- 
tion was only about 50 pet complete after 20 to 30 
min at temperature, there were 71 secondaries in 
D-2 and 65 secondaries in D-3, enough for a good 
evaluation of the texture. 

Transmission Lauegrams were obtained and used 
to determine the orientations of these 136 second- 
aries. The orientations found have been recorded 
in stereograms using either {100} or {110} poles, the 
former to compare directly with earlier work and 
provide as simple a picture as possible, and the 
latter to compare directly with the {110} pole figures 
ot specimen samples either after cold rolling or after 
annealing to produce primary recrystallization. 


Results and Discussion 


Secondary Recrystallization Data—The orienta- 
tions of the secondaries obtained are given in Figs. 
1, 2, and 3 for D-2 and in Figs. 4 and 5 for D-3. 
The use of several figures permits seeing at a glance 
the components present in the secondary recrystal- 
lization textures (see also reference 4). D-2 has 
seven components and D-3 has four. Qualitatively, 
Fig. 1 is the same as Fig. 4 and Fig. 2 is the same 
as Fig. 5. This means that 80 pct of the secondaries 
of D-2 (Figs. 1 and 2) are similar to all of the sec- 
ondaries of D-3 (Figs. 4 and 5). 

Relationship With Orientation of the Cold Rolled 
Crystals—The orientations given in Figs. 1, 2, and 3 
take on new significance when compared with the 
{110} pole figure of D-2 (cold rolled) as shown in 
Figs. 6, 7, and 8, respectively. Two {110} poles 90° 
apart have been used to determine the orientation 
of each secondary. Component K in Fig. 3 has not 
been included in Fig. 8; it will be discussed later. 
The significant result here is that 94 pct of the sec- 
ondaries in D-2 have a simple relationship with the 
cold-rolled orientation: namely, 25° to 30° rotations 
about common <110> axes. All of the secondaries 
of D-3 can be fitted by this relationship. Also, it is 
important to note that the orientation relationship 
for the main component of the primary recrystal- 
lization texture—a (110) [001] component—has 
been shown to be a 30° to 35° rotation about that 
<110> axis which is parallel to the transverse direc- 
tion, C.D.** All these orientations, therefore, fall 
into one simple pattern, which also has been shown 
to apply not only to coarse grained primary re- 
crystallization® but also to one case involving rela- 
tively fine grains.” This <110> relationship is similar 
to the <111> rotation found by Liu and Hibbard 
between secondaries and components of the cold 
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rolled texture in face-centered-cubic metals,” but is 
more clearly revealed in the present examples be- 
cause of the sharpness of the cold rolled textures. 
Twelve possible orientations result from <110> 
rotations, i.e. the clockwise and counterclockwise 
rotations of 25° to 30° about each of the six <110> 
axes. One of these <110> rotations produces the 
strong (110) [001] component (~75 pct) of the 
primary recrystallization texture, and the remaining 
rotations produce at most eleven weak components. 


Reorientations of this type must of necessity in- 
clude primaries of varying size, and among the 
primaries some are above the most probable size. 
These large primaries are the grains with a net 
driving force for growth. It can be stated at this 
point that large primaries, which deviate in orien- 
tation from the main component, may act as nuclei 
for secondary recrystallization and in general come 
from among the eleven possible weak components 
described above. Clearly secondary recrystallization 
data can provide information on the presence of, 
but not on the absence of, such components. Direct 
experimental evidence regarding components actu- 
ally present in the primary recrystallization textures 
will be presented and discussed later. 


Referring to the {110} pole concentrations of the 
cold rolled crystal as axes of rotation and to their 
locations by analogy with the position of the hour 
hand of a clock, we note the following. Secondaries 
are related to the cold rolled orientation using the 
8 o’clock axis in both clockwise (Fig. 6) and counter- 
clockwise (Fig. 8) rotations, while secondaries only 
occur for the counterclockwise rotation for the 
symmetrical axis at 4 o’clock (Fig. 6). The two rota- 
tions shown in Fig. 6, however, provide a sym- 
metrical set (they apply also to D-3). One might 
expect a similar symmetrical set of opposite rota- 
tions in Fig. 8, but one is missing in D-2 and both 
sets of this kind are absent in D-3. It follows that 
a considerable increase in the number of secondaries 
might be required for D-2 to find examples belong- 
ing to the missing rotation. (An important point 
will be made later on this when analyzing the 
primary recrystallization data.) For the 12 o’clock 
axis, we see both clockwise and counterclockwise 
rotations in Fig. 7. They account for the secondaries 
shown in Figs. 2 and 5 of D-2 and D-3 respectively. 
The 1 or 7 o'clock (Fig. 8) axis enters only as a 
clockwise rotation and its symmetrical opposite at 
5 o’clock is missing. Actually there are only three 
secondaries for D-2 and none for D-3. It therefore 
seems that the four possible rotations from the 5 
and 7 o’clock axes tend to be absent. It appears 
from the experimental data that the extent of this 
tendency may depend on the nature of the deforma- 
tion as related to the difference in widening for D-2 
and D-3. Finally, there were no secondaries asso- 
ciated with the 3 o’clock axis. Summarizing the re- 
sults: there are only six of the eleven possible rota- 
tions for D-2 and only four for D-3, and these four 
correspond to the main secondary components in D-2. 


There is one remarkable exception to the above 
relationships which has to be considered. Component 
K, which appears in Fig. 3 for D-2, but not at all 
for D-3, has the cold-rolled orientation. Its presence 
is not easy to explain if the cold-rolled crystal is 
a single orientation matrix for primary recrystal- 
lization. Primaries of the order of 100yu in diameter 
are needed if they are to grow and become second- 
aries.’ But reorientation processes only lead to dif- 
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Fig. 6—{110} plot limited to two poles per grain for the 
(232) [320] secondaries (closed circles) and the (322) 


[230] secondaries (open circles) of Fig. 1 superimposed on 
the cold-rolled texture. Specimen D-2. 


ferent orientations. One unlikely method for their 
formation is for internal imperfections to move out 
of regions of the order of 100u diameter, lowering 
the strain energy so much that such regions cannot 
be consumed by primaries formed by reorientation. 
A second possibility is the following. Since no large 
lattice rotations occurred during the rolling of the 
(111) [112] orientation, the Burke-Turnbull theory 
of an inclusion effect, where undeformed matrix 
material is trapped in a cavity in the inclusion,’ 
might supply unstrained material, which remains 
idle during primary recrystallization. Unless there 
are few such sources of nuclei, it is difficult to 


account for the complete absence of (111) [112] 
secondaries in D-3 and the presence of only four of 


them in D-2, particularly since (111) [112] second- 
aries may be expected to have on the average the 
highest grain-boundary mobility of all possible 
orientations.° On the other hand, a somewhat more 
reasonable explanation can be found if the cold 
rolled crystal is not: completely a single orientation 
matrix. Supporting this view was an observation 
made during the cold rolling of D-2 and D-3: namely, 
a number of Neumann bands were seen in D-2 but 
not in D-3. The deformed Neumann bands could 
either provide the (111) [112] orientation by re- 
orientation during primary recrystallization or sup- 
ply a strained volume for growth of small recovered 
regions in the (111) [112] orientation. If either of 
these explanations is the correct one, then complete 
avoidance of Neumann band formation during de- 
formation would eliminate (111) [112] secondaries, 
or conversely an increase in the number of Neumann 
bands could produce more (111) [112] secondaries. 

Relationship With the Primary Recrystallization 
Textures—The unidentified {110} poles of second- 
aries for D-2 have been added to a simplified {110} 
pole figure (contour lines) originally obtained after 
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Fig. 7—Orientations shown in Fig. 2 superimposed on the 
cold-rolled texture using two {110} poles per grain. Speci- 
men D-2. 


Fig. 9—{110} pole plot of 71 secondaries superimposed on a 
simplified primary recrystallization {110} pole figure. Speci- 
men D-2. 


primary recrystallization® to give the plot shown in 
Fig. 9. The,secondary recrystallization data and the 
{110} pole figure obtained after primary recrystal- 
lization for D-3 are given in a different way in Fig. 
10. For example, those orientations that are located 
by small open circles in Fig. 4 are given in Fig. 10 
by small closed circles (note they are {110} poles 
in Fig. 10) while the other and larger component in 
Fig. 4 is given by somewhat larger half-filled circles, 
which locate only the average position of this com- 
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Fig. 8—Components G and J shown in Fig. 3 superimposed on 
the cold-rolled texture. Specimen D-2. 


Fig. 1O—A {110} pole figure after primary recrystallization 
(contour lines) together with data for secondary recrystal- 
lization. Specimen D-3. 


ponent. The components from Fig. 5 are similarly 
plotted in Fig. 10 in terms of small filled triangles 
and larger half-filled triangles, respectively. 

The relationship between the observed components 
of the secondary recrystallization textures and the 
identified components of the primary recrystalliza- 
tion textures is the following. The components shown 
in Figs. 2 and 5 (see also Fig. 10) agree fairly well 
with (111) [110]-type components (this is in agree- 
ment with results obtained by Dunn for a crystal 
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that rotated into the (111) [112] orientation’ ° and 
with previous analysis® for D-2). Also component G 
of D-2 agrees exactly with component E, which is 
shown in Fig. 10 and previously recorded for D-2 
in Fig. 8 of reference 8. However, no identification 
was made of primary components in the orientations 
of the secondaries shown in Figs. 1 and 4; this result 
agrees with a prior analysis made by Dunn. Also 
no identification was made to correspond with the 
J and K orientations of Fig. 3. 


On the negative side there were observed com- 
ponents in the primary recrystallization texture that 
failed to develop as secondaries. These were the C 


or (120) [001] component and the D or (113) [332] 
component of D-2 (see reference 8), and, of most 
importance here, the E and F components of D-3 
(Fig. 10). 


Some explanation is required for the lack of sec- 
ondaries from the E and F components of D-3 (note 
there were secondaries from the E component of 
D-2). The problem cannot be solved by saying that 
all E and F primaries are below the critical size for 
growth, because the probability for this is rather 
small. There is, however, another recognized re- 
quirement for growth of primaries into secondaries” ° 
involving the induction period. One begins with the 
principle that the mobility for boundary migration 
decreases as the amount of material in the same 
orientation increases.” * ° According to this principle, 
if E and F primaries initially have the same driving 
force for growth as others, they will nevertheless 
have longer induction periods or periods of slow 
growth (they will fall behind in the race to reach 
the limiting large driving force of the secondaries) 
and therefore will not survive. On the other hand, 
relative size at the start can also play a very im- 
portant role in providing certain primaries with 
large initial driving forces and much smaller induc- 
tion periods; arguments in support of this view will 
be given elsewhere.” 


Without a satisfactory technique for resolving 
overlapping pole concentrations of two or more 
components in the primary recrystallization texture 
or for measuring very weak pole densities and ob- 
taining all the components that may provide nuclei 
for secondary recrystallization, one, therefore, can 
hardly expect to find total agreement between sec- 
ondaries and weak components in the primary re- 
crystallization data. In view of this, the evidence for 
specific weak components providing nuclei for sec- 
ondary recrystallization is good, and the evidence 
is strongly supported by the simple relationships 
found with the cold rolled orientation. 


The previous view that (111) 110] type second- 


aries and (111) [110] type components of the 
primary recrystallization textures were related to 


the (111) [112] cold rolled orientation by <111> 
rotations’ can now be supplanted by the sim- 
pler <110> rotations shown in Fig. 7. This sim- 
plification implies a wider applicability of the <110> 
rotation relationship and its use in cases previously 
left unanalyzed. For example, if a <110> axis at 
3 o'clock or at 35 o’clock is taken toward the edge 
of the {110} pole concentration of the cold rolled 
orientation, then such orientations as (120) [001] 
or (230) [001] may be accounted for. These orien- 
tations were found as strong components in the 
primary recrystallization texture of specimens that 
widened 20 pct.* The reason for the displacement of 
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the <110> axis of rotation might be found in some 
feature of the deformation process which accounts 
for differences in amount of widening. 

The nature of the plastic deformation of the rolled 
crystals probably affects the number of active nuclei 
for recrystallization. If all twelve <110> reorienta- 
tions are to occur, slip may have to be on twelve 
{112} planes or on six {110} planes, for example. 
Also, if the twelve <110> recrystallization com- 
ponents are to have equal intensities, all the re- 
quired slip systems may have to be equally active. 
However, in the present work on crystals of the 


(111) [112] orientation, it is more likely that slip 
favors certain slip systems, i.e., is restricted among 
crystallographically equivalent systems.” When this 
is the situation, recrystallization that produces weak 
and strong components can be understood on the 
basis of oriented nucleation theory. Contrary to ideas 
of Beck,? oriented nucleation need not produce 
nuclei in all equivalent positions. One of the un- 
solved problems here, of course, is what are nuclei 
for primary recrystallization? When secondary re- 
crystallization occurs, however, with components in 
simple relationship with the cold-rolled orientation, 
as in the present specimens D-2 and D-3, no dif- 
ficulties arise in explaining the change from com- 
pletion of primary recrystallization to the end of 
secondary recrystallization. 


Conclusion 


A fairly general 25° to 30° <110> rotation rela- 
tionship has been found between components in the 
secondary recrystallization texture and the cold 
rolled orientation. (This result is in agreement with 
the ideas advanced by Liu and Hibbard” for a 
simple <111> rotation relationship between second- 
aries and components in the cold rolled texture of 
face-centered-cubic metals.) The mechanism lead- 
ing to the <1i10> relationship was considered to be 
the following. Primary recrystallization for the most 
part oceurs by <110> rotations of 25° to 30°, pro- 
ducing a limited number of components out of a 
possible number of twelve; one component is strong 
and in a (110) [001] orientation while the remain- 
ing ones are weak; large primaries from some but 
not necessarily all of the weak components grow 
and become secondaries, thus retaining the <110> 
relationship with the cold rolled orientation. 
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Nucleation of Voids in Metals During 
Diffusion and Creep 


__ Experimental evidence is presented which proves that voids formed during diffu- 
sion in brass are heterogeneously nucleated. The nuclei appear to be oxide particles, 
probably ZnO. When these are removed by remelting, practically no voids form upon 
subsequent dezincification. Brass which had been freed of void nucleation catalysts 
exhibited a considerably reduced tendency for grain boundary cracking during creep, 


and increased stress-rupture life. 


by R. Resnick and L. Seigle 


UMEROUS experiments in the past few years 
have proven that void formation occurs quite 
generally in the diffusion zone of bimetal speci- 
mens.’ The phenomenon has been explained in 
terms of the accumulation of lattice vacancies re- 
sulting from unequal diffusion of the constituents 
and their eventual precipitation as holes.’ Attention 
has recently been directed to the fact that voids also 
form within homogeneous metals during high-tem- 
perature creep.’ The idea has been put forward that 
these voids form by the condensation of excess lattice 
vacancies generated by intersecting dislocations.” 
If the precipitation of lattice vacancies from solu- 
tion is treated as a nucleation and growth process, 
the predicted vacancy concentration for homoge- 
neous nucleation of voids at an observable rate is 
100 to 1000 times the normal thermal equilibrium 
concentration. It appears that voids actually form 
during diffusion at vacancy supersaturations which 
are much lower than this.* According to the calcula- 
tions of Machlin,’ the same must be true for voids 
formed in homogeneous metals during creep, if these 
are considered to arise from the precipitation of 
lattice vacancies. Therefore, if the vacancy mecha- 
nism is valid, it seems that the holes which form in 
diffusion and creep specimens are heterogeneously 
nucleated by imperfections or impurities in the 
metal. Irregularities in the frequency and distri- 
bution of voids in diffusion couples bear out this 
explanation.” * 

It is not known at the present time what the 
nuclei are on which vacancies condense. Various in- 
vestigators have speculated that they could be cer- 
tain dislocation configurations, already existing voids 
produced during solidification or working, gas 
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Fig. 1—Void formation in the diffusion zone of 5 pct Zn 
a-brass. Heat treated at 900°C for 120 hr in vacuum. X75. 
Reduced approximately 20 pct for reproduction. 


pockets, or inclusions in the metal. Relatedly, the 
precise value of the degree of vacancy supersatura- 
tion for void nucleation is stil] uncertain. An initial 
attempt to estimate this value from diffusion data, 
made by Balluffi,® indicated that voids form in dif- 
fusion couples at vacancy concentrations which may 
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Fig. 2—Commercial brass (30 pct Zn), as-received. Heat 
treated at 900°C for 22 hr in yacuum. Weight loss equals 
28.3 pet. X75. Reduced approximately 35 pct for reproduction. 


be anywhere from 0.1 to 10 pct above the equilibrium 
concentration. He concluded that the excess con- 
centration is most likely less than 1 pct. 

The value of the excess vacancy concentration 
required to nucleate voids is of considerable signifi- 
cance, since it supplies a clue to the nature and size 
of the nuclei upon which voids form. For example, 
on the basis of the above estimate of 1 pct super- 
saturation, Machlin concluded that nucleation of 
voids probably does not occur at all, but the voids 
simply grow from preexisting submicroscopic holes.’ 
This value is also important in the formal theory of 
diffusion, since the validity of Darken’s analysis of 
the Kirkendall effect* depends upon the existence 
of an equilibrium concentration of lattice defects at 
all times in the diffusion zone.“ The formation of 
voids indicates that there must actually be some 
deviation from equilibrium, at least that required to 
nucleate voids. Hence, it was considered worth- 
while to attempt a more accurate estimate of the 
degree of vacancy supersaturation for the formation 
of voids during diffusion. Experiments were also 
performed to compare void formation during diffu- 
sion and creep in e-brass and to study the effect of 
purification upon void formation in this material. 


Degree of Vacancy Supersaturation for the Nucleation 
of Voids in a-Brass 

Method—tThe instantaneous excess vacancy con- 
centration at any point in the diffusion zone is de- 
termined by a balance between the rate of accumu- 
lation of vacancies due to unequal diffusion, and the 
rate of disappearance at various sinks. Assuming a 
vacancy diffusion mechanism, the rate of accumu- 
lation of vacancies can be computed from the con- 
centration-distance curve, and a knowledge of the 
intrinsic diffusion coefficients.* The rate of disappear- 
ance is obtained by estimating an appropriate dis- 
tribution of vacancy sinks. With the above informa- 
tion, it is possible to associate an excess vacancy 
concentration with each point of the diffusion curve 
or each plane in the diffusion zone. The excess 
vacancy concentration at that plane at which voids 
are just observed is taken as the critical excess for 
nucleation. 

In applying the above method, in order to com- 
pute the rate of accumulation of vacancies, Balluffi* 
used a variety of photomicrographs of diffusion 
zones from various sources and superimposed upon 
these estimated concentration-penetration curves. 
In no instance was the concentration-penetration 
curve available for the actual specimen in which 
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the voids occurred. Hence, there is some uncertainty 
about the precision of correlation between the dif- 
fusion curve and the boundaries of the porous zone. 
In order to obtain a more accurate estimate of the 
critical accumulation rate and degree of supersatura- 
tion of vacancies, an experiment was carried out in 
which the concentration-penetration curve was 
measured directly in the porous specimen, and the 
relationship between the diffusion curve and the 
zone of void formation accurately determined. 
Experimental Details—The diffusion experiments 
were carried out with a high-purity brass* contain- 


* The alloy was prepared by the American Brass Co., of Water- 
bury, Conn., from electrolytic copper and high-purity zinc, using 
their normal melting procedures. 


ing 95 pet Cu and 5 pct Zn, the analysis of which 
is given in Table I. This material was of the same 
quality as that used for many similar experiments 
in our laboratory but of lower zinc content, which 
was preferable for the contemplated experiment. 
Disks 2 in. in diameter by ™%4 in. thick were prepared 
with accurately flat surfaces. These were heat treated 
in a continuously evacuated furnace at several tem- 
peratures and for various times. During heat treat- 
ment, zinc was evaporated from the specimen sur- 


Fig. 3—Commercial brass (30 pct Zn), remelted and direc- 
tionally solidified. Heat treated at 900°C for 72 hr in vac- 
uum. Weight loss equals 26 pct. X75. Reduced approxi- 
mately 45 pct for reproduction. 


Fig. 4—Remelted brass single crystal, cold rolled 90 pct. 
Heat treated at 900°C for 67 hr in vacuum. Weight loss 
equals 18.8 pct. X75. Reduced approximately 35 pct for 
reproduction. 
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Fig. 5a—High purity brass from zone refined copper (middle 
of ingot). Heat treated at 900°C for 128 hr in vacuum. 
Weight loss equals 17.4 pct. X75. Reduced approximately 
35 pct for reproduction. 


face with the formation of voids in the interior. The 
use of specimens of this type in diffusion experi- 
ments has been described in the past.‘ 

Following heat treatment, the specimens were 
sectioned, polished, and the cross section examined 
to ascertain the depth of the porous zone. This depth 
was measured using a filar micrometer, many meas- 
urements being taken in order to obtain a good 
average value. Layers were next machined from the 
face perpendicular to the diffusion direction and 
chemically analyzed to obtain the concentration vs 
distance curve. 

Results—Microscopic examination of cross sections 
after heat-treatment revealed the expected forma- 
tion of voids just below the specimen surface, Fig. 1. 
Diffusion times and temperatures had been chosen 
so that the diffusion zone did not extend far into the 
specimen. Distances from the surface to the inner 
edge of the porous layer, indicated by the dashed 
line in Fig. 1, are given in Table II. These distances 
were measured near the disk center, where diffusion 
was essentially unidirectional. It must be noted that 
it was difficult to locate precisely the inner edge of 
the porous zone, which is taken as the advancing 
front of void precipitation, because of a slight pit- 
ting over the entire polished surface. That distance 
was selected beyond which the pitting seemed to be 
uniform. 

Superimposed upon the micrograph of Fig. 1 is 
the concentration-penetration curve determined by 
slicing and chemical analysis. Values of the overall 
or chemical diffusion coefficient computed from these 
curves by the Boltzmann-Matano method varied 
within 50 pct from those published by Horne and 
Mehl,” who used sandwich couples, and by Resnick 
and Balluffi,” who used vapor-solid couples. There- 
fore, the value of the diffusion coefficient was ap- 
parently not greatly affected by the presence of 
voids in the brass, nor by zine being diffused out 
instead of in. 

The concentration-penetration curves were used 
to estimate the excess vacancy concentration at the 
boundary of the porous region by the method dis- 
cussed previously. It is assumed that vacancies are 
pumped into each region of the specimen tending 
to lose mass because of the unequal diffusion of zinc 
and copper. Presumably, these excess vacancies are 
‘eliminated mainly by absorption at dislocations 
_-within this region. If a steady state is reached with 
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Fig. 5b—End of ingot. Weight loss equals 16.5 pct. X75. 
Reduced approximately 35 pct for reproduction. 


respect to the vacancy concentration at each point 
in the diffusion zone, an assumption which seems 
reasonable in view of the much more rapid diffu- 
sion of vacancies than zine or copper atoms, then 
the relative excess concentration of vacancies, R = 
N, 

—1l,is 
IN 


where N is the number of atoms per unit volume, 
N, is the steady state vacancy number, N,, the num- 
ber of vacancies in thermal equilibrium with the 
lattice, 7 the vacancy lifetime, D,,, Do. the intrinsic 
diffusion coefficients of zinc and copper, and X the 
mol fraction. Assuming that the ratio of the intrinsic 


diffusion coefficients, K = is independent of 


Zn 
concentration, the expression used by Balluffi® is 
obtained 


Nine X on Chem 


0D D(1—K) 
[2] 
0x 0 Xm Xou + 


where D = (Xq Dm + Xm Dou) is the chemical dif- 
fusion coefficient. 

A simpler expression may be derived if it is as- 
sumed that the difference of the intrinsic diffusion 
coefficients, rather than the ratio, is independent of 
composition 


Nr 


R=-— — Dou) 


[3] 


vo 


Since D is almost constant in the range 0 to 5 pct 
Zn we may closely approximate the diffusion curve 
by the Van Ostrand-Dewey equation, and R may 
therefore be expressed as follows 


Nr x 
(Dt) 


exp )| . [4] 


In this equation, X‘,, is the initial concentration of 
zine in the brass. Both Eqs. 2 and 4 have been used 


R= 
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to calculate R and yield values which differ by less 
than 10 pet. 


vo 


Recognizing that is the rate of disappearance 


of vacancies at equilibrium, which is also the rate 
of generation at equilibrium, it can be seen that R 
is equal to the ratio of the rate at which vacancies 
are pumped into a given region by diffusion to the 
rate at which they are spontaneously generated by 
thermal fluctuations. 

Table II presents values of the rate of generation 
of vacancies at the void precipitation front calcu- 
lated from the diffusion data for a number of 5 pct 
Zn brass samples. It will be observed that the value 
for the critical rate decreases with increasing time 
of diffusion. This may be due to the longer time 
available for growth of voids in the long-time speci- 
mens, permitting a more accurate location of the 
nucleation front in these. If appreciable growth is 
necessary for a freshly nucleated hole to become 
visible, the observed front of the porous zone will 
tend to lag behind the nucleation front. For this 
reason the measured depths probably tend to fall 
on the low side. The critical accumulation rates 
given in Table II are lower, on the average, than 
those estimated by Balluffi, but not greatly different. 

To proceed with calculation of the critical super- 
saturation ratio, R., it is necessary to obtain a value 


for the quantity ———. Substituting 7 = exp 


vo 


—— ], and N,, = N exp — , where n; = 
kT kT 


lifetime number of vacancy jumps, »v is the lattice 
vibrational frequency, F, is the free energy of acti- 
vation for the vacancy jump, and F, is the work of 
formation of a vacancy, then 


Nr N n, N; 


Ge 
kT 


kT 
[5] 
where F, is the free energy of activation for diffu- 
sion in the solution. Assuming that in this dilute 
solution the chemical diffusion coefficient, D, can be 


Nv exp — ( 


F 
expressed as D = a’ py exp (2 a) , therefore 


Nr nN; a 


[6] 


In the above expression, a is the atomic spacing. 
In grain interiors ahead of the porous zone, it may 
be assumed that vacancies are absorbed only at dis- 
locations. Two values of n, are possible, depending 
upon whether a vacancy is or is not trapped at a 


dislocation.’ n; = — and n; = respéec= 
at Nija@ 
tively, where N, = dislocation density, and 7 = fre- 
quency of jogs on dislocations. Correspondingly 
Nr 1 [7a] 
= a 
DN, 
N 1 
[7b] 


Nog ajN,D 


Since D and a are measured quantities, it is neces- 
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sary to estimate only the dislocation density and 
frequency of jogs in order to obtain a value for R.. 
It is not too easy to arrive at reasonable values for 
these quantities. Considerable subgrain formation 
is known to occur in the diffusion zone.” Dislocation 
movements such as climb and slip under the action of 
the shrinkage stresses must occur steadily through- 
out the process. Therefore the dislocation density and 
configuration are probably far from static. Never- 
theless, for lack of any better number, it was 
decided to use Machlin’s value for the dislocation 
density in an annealed silver crystal, Nz = 3x10° per 


Table |. Chemical Analysis of Materials Used 


Wt Pct 
Determined by 
Vacuum Fusion 


Impurities Detected 
by Spectrographic 


Material Analysis Analysis 
Commercial brass No impurities except a 0.284 
faint trace of lead 
Remelted and di- — 0.072 
rectionally cooled 
commercial brass 
Middle of zone Very faint trace of <0.001 
melted copper ingot magnesium 
End of zone Faint trace of iron and <0.001 
melted copper ingot magnesium 
Strong trace of silicon 
sq cm, and to assume 7 = 1000 per cm. Numerical 


Nr 


values of computed on this basis from Eqs. 7a 


v0 


and 7b are given in Table II with the corresponding 
values of R,, the critical degree of vacancy super- 
saturation for void nucleation in this alloy. 

At the elevated temperature under consideration, 
it appears reasonable to assume that vacancies will 
not be trapped at dislocations, and the estimate based 
upon Eq. 7b should be favored. In agreement with 
previous work, it is apparent that the degree of 
supersaturation is far below that for homogeneous 
nucleation. Our estimate of R. is somewhat higher 
than that of Balluffi, suggesting a vacancy concen- 
tration at least 5 pct in excess of normal for void 
nucleation in these particular specimens. 


Effect of Purification on Void Formation 

Since the low values of R. obtained above con- 
firmed the hypothesis that voids are heterogeneously 
nucleated, an experiment was undertaken to see if 
the unknown nuclei could be removed by zone puri- 
fication. The material investigated was initially the 
same commercial high-purity 30 pct Zn a-brass 
used in previous experiments at this laboratory.* * 
Instead of actually being zone-melted, some of the 
brass was sealed in a Vycor capsule under argon, 
melted, and directionally solidified in a Bridgman 
single crystal furnace. It was expected that direc- 
tional solidification would effect some purification of 
the solid by partition across the liquid-solid inter- 
face. Sections 1/16 in. thick were cut from the single 
crystal ingot produced in this manner, and dezinc- 
ified in vacuum at 900°C. A section of the original 
material was also dezincified at 900°C. 

Figs. 2 and 3 are micrographs. of cross sections 
through these specimens. It is evident that melting 
and directional solidification have drastically affected 
the number of voids formed upon dezincification. 
Practically no voids have formed in the interior of 
the remelted specimen although, as indicated by 
the weight loss, essentially all.of the zinc has been 
removed. The pattern of void formation in the as- 
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received brass is similar to that reported previously. 
In order to prove that the observed effect was not 
due to a lack of grain boundaries, a specimen from 
the remelted single crystal ingot was reduced 90 pct 
by cold rolling and then dezincified at 900°C. As 
shown in Fig. 4, except for the immediate surface, 
this specimen was also quite free of voids. 

An attempt was made to prepare brass of ex- 
tremely high purity by zone refining an ingot of 
spectroscopic grade copper in a graphite boat in 
argon. Sections from this ingot were sealed in 
evacuated Vycor capsules with 30 pct Zn brass 
turnings and annealed at 900°C until an appreciable 
amount of zine had distilled into the copper. The 
brass specimens so produced were then dezincified 
in vacuum at 900°C. Cross sections of the dezinc- 
ified specimens, Figs. 5a and 5b, show some void 
formation, but again a considerable decrease in 
numbers below the commercial brass, as-received. 
More voids appeared in the section taken from the 
end of the zoned ingot than from the middle, as 
would be expected if void formation were catalyzed 
by impurities in the metal. Formation of voids was 
also followed by determining the density of the 
specimens as a function of the amount of zinc re- 
moved. Percentage of voids was calculated from the 
density measurements. The results in Fig. 6 indicate 
that at early times voids are formed with almost 
equal rapidity in both refined and unrefined brass, 
but later, void formation ceases in the refined brass, 
and possibly some sintering occurs. This result is in 
accord with the micrographs which show an initial 
porosity formation at the refined specimen surface, 
but the interior practically free of voids. 

The above results confirm beyond any reasonable 
doubt that voids formed during diffusion are heter- 
ogeneously nucleated. A clue to the nature of the 
nuclei was obtained by vacuum fusion analysis, 
Table I, which showed that the as-received brass 
contained 0.284 wt pct O. A single remelt in argon 
and directional solidification reduced the oxygen 
content to 0.072 pct. Therefore, it appears likely 
that the nuclei were oxide particles, presumably 
ZnO. In order to check this conclusion one of the 
purified ingots was re-melted and cast in air. A 
specimen from this material was dezincified in vac- 
uum at 900°C with the formation of many voids, 


Fig. 6—Formation 
x of porosity during 

the dezincification 
ji of a-brass. Circle 
refers to commercial; 
triangle, to middle 
of zoned ingot; and 
we x cross, to end of 

zoned ingot. 
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Fig. 7—Purified brass remelted and cast in air. Heat 
treated at 900°C for 24 hr in vacuum. Weight loss equals 
16.5 pct. X75. Reduced approximately 35 pct for reproduc- 
tion. 


as shown in Fig. 7. The voids appear to fall in a 
dendritic pattern, which suggests again that the 
nuclei are nonmetallic particles present in the melt. 
It was possible, by careful metallographic prepara- 
tion, to reveal the inclusions, and note that their 
number was markedly changed by the re-melting 
procedure. 

Although the nuclei are seemingly oxide particles 
in the commercial brass, the same cannot be stated 
for the high-purity material, since no appreciable 
oxygen could be found in this by vacuum fusion 
analysis, Table I. Nevertheless there was extensive 
void formation in samples taken from the end of 
the zoned ingot. At present we do not know what 
the nuclei are in this material. 

In the micrographs in Figs. 3 to 5, it is clear that 
even in the remelted and purified specimens a 
shallow layer of voids occurs just below the surface. 
This is not unexpected, since in the early stages of 
dezincification rapid changes in concentration occur 
near the specimen surface, and the divergence of 
the vacancy flux is correspondingly high. It is pos- 
sible to estimate the excess concentration of vacancies 
required to nucleate voids in the zone refined speci- 
mens by a modification of the calculations given in 
the previous section. In the almost completely de- 
zincified specimens it is obvious that the critical 
accumulation rate of vacancies for nucleation is not 
related to the diffusion curve at the end of the de- 
zincification period, but to that which existed earlier, 
when nucleation was still occurring. If we examine 
the change in shape of the diffusion curve with time, 
it is evident that the value of the divergence at any 
point below the surface of the specimen goes through 
a maximum, the height of which is a function of 
distance from the surface. Therefore, a maximum 
vacancy concentration may be associated with each 
point within the sample, and the value of this maxi- 
mum at the inner edge of the void-containing layer 
should represent the critical excess vacancy concen- 
tration for nucleation in the extensively dezincified 
samples. The condition for the maximum is 


Xan 
| (Dim — Dou) | = 0. [8] 
aa? 


ot 


If we again assume for convenience that the 
chemical diffusion coefficient, D, and the quantity 
(Dzn — Dou) are independent of composition, making 
use of the Van Ostrand-Dewey solution we may 
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Table II. Distances from Surface to Inner Edge of Porous Layer in Brass 


Rate of a, b, Ny 
Vacancy Nr 1 Nr 1 Ro= —1 
Wt Pct Zn Dezincing Depth of Accumu- =——_,* ——=———_,* Nvo 
Before Type of Temper- Dezincing Porous lation Per Nvo DWNa Nvyo ajNaD Sa 
Specimen Diffusion Material ature, °C Time, Hr Zone Sec Sec Sec a b 
2-3 57 Commercial 900 8 0.016 1x10-” 3x102 7x106 3x10 0.7 
2-4 57 Commercial 900 29.2 0.028 6x10-8 3x102 7x106 2x10-5 0.4 
2-8 57 Commercial 900 120 0.075 3x10? 7x106 2x10 0.05 
S-C-2 30t Purified by 900 0.005 8x10 6x101 2x108 5x10-3 100 
directional 
solidification 
S-C-4 30t Purified by 900 65 0.007 4x10-5 6x101 2x108 3x10-3 70 
directional 
solidification 
S-C-3 30t Purified by 900 72 0.008 3x10-5 6x101 2x108 2x10-3 50 
directional 
solidification 
S-C-Z-2 30t Zone purified 900 16 0.007 4x10 6x101 2x108 3x10-3 70 
S-C-Z-1 30t Zone purified 900 18.5 0.009 1x10 6x101 2x108 8x10-4 20 
* Diffusion coefficients used to calculate values listed above are taken from refs. 11 and 12. 
+ D = 1x10~ sq cm per sec. Dzn — Dou = 1x10-* sq cm per sec. 
+ D = 6x10-8 sq cm per sec. Dzn — Dou = 6x10-® sq cm per sec. 


2 


2 5 
substitute in Eq. 8 for are the expression used in 
Eq. 4. Carrying out the differentiation and solving, 
we obtain t,, = Dp” where t, is the time at which 


the vacancy concentration is maximum at the depth, 
x. Setting t = t, in Eq. 4, we obtain the following 
expression for the maximum relative excess vacancy 
concentration which is developed at any depth, x 


N Dian — D 
| | | ) | [9] 
ING 


This expression enables us to evaluate the critical 
vacancy supersaturation ratio for void formation in 
the purified brass, by letting x equal the depth of 
the shallow porous layer in the extensively dezinci-~ 
fied samples. Values of R, so computed are pre- 
sented in Table II, and it may be seen that the de- 
gree of vacancy supersaturation required for the 
nucleation of voids in the refined specimen is a few 
orders of magnitude greater than in the unrefined 
specimen. Because it is difficult to locate the bound- 
ary of the porous region precisely, and R,».x varies 
sharply with distance at the specimen surface, these 
values could be an order of magnitude in error. 
Many of the pores in Figs. 3 and 4 are connected 
with the surface, and in many areas void nucleation 
may have occurred only very close to the surface, 
the pores then growing inward to some extent. 


Void Formation During Creep 
In a recently published article, Greenwood and 


co-workers’ draw attention to the occurrence of 
minute voids in the grain boundaries of metals 
strained in tension at elevated temperatures. Such 
voids may initiate intercrystalline cracking and ulti- 
mate rupture. The authors suggest that these voids 
could be formed by the migration of vacant lattice 
sites existing in the metal or created during de- 
formation. Machlin’ has shown that this mechanism 
is theoretically reasonable if essentially no work is 
required to nucleate a void, and vacancies merely 
condense on existing nuclei of unknown nature. The 
foregoing diffusion experiments suggest that Mach- 
lin’s condition is essentially satisfied in the as- 
received a-brass, but probably not in the purified 
brass. It was of interest, therefore, to compare the 
behavior of these materials in a stress-rupture test. 


Experimental Details—The experiments were 
performed on 30 pct Zn a-brass specimens of the 
same stock as before. The as-received and direction- 
ally solidified bars were cold rolled approximately 
80 pct, and stress-rupture specimens 0.125 in. thick, 
0.155 in. wide, with a 1.0 in. gage length machined 
from the cold-rolled stock. The test specimens were 
annealed in evacuated Vycor capsules at 800°C for 
3 hr in order to stabilize the grain structure. 


Stress-rupture tests were conducted at 400°C and 
an elongation rate of 40 pct per hr, using a conven- 
tional tensile-testing machine. The heated speci- 
mens were surrounded in the furnace by brass chips 
of similar composition, to prevent the distillation of 
zine from the test samples. Later examinations re- 
vealed no evidence of zine loss from the stress-rup- 
ture specimens; specifically, no void formation due 


Fig. 8—Commercial brass (30 pct Zn), as-received. Stress 
rupture tested at 400°C. Elongation equals 6.0 pct. Frac- 
ture profile is at right. X14. Reduced approximately 40 pct 
for reproduction. 
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Fig. 9—Commercial brass (30 pct Zn), remelted and direc- 
tionally solidified. Elongated 6.5 pct at 400°C. X14. Re- 
duced approximately 40 pct for reproduction. 
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to dezincification. Elongations were measured be- 
tween gage marks inscribed on the surfaces. 


Results—The first specimens tested were pulled 
to failure. The as-received brass fractured inter- 
granularly after 6.0 pct elongation. The direction- 
ally solidified brass fractured intergranularly after 
14.5 pet elongation. Since the strain rates were 
equal, the stress-rupture life of the treated brass 
was almost 2% times that of the as-received brass. 


These tests were repeated a few times and the above 
result confirmed. 


Microstructures of the as-received and direction- 
ally solidified specimens after test are shown in Figs. 
8 to 10. For comparison, the structure of a speci- 
men of purified brass strained 6.5 pct under similar 
conditions is also shown. It is obvious that the fre- 
quency of occurrence of voids at grain boundaries is 
much higher in the as-received than in the purified 
brass. There is a correlation, therefore, between the 
frequency of void formation upon dezincification and 
the frequency of grain boundary cracking in brass 
stretched at an elevated temperature. The removal 
of the nuclei which catalyze void formation during 
diffusion also decreases the tendency toward void 
formation at grain boundaries in creep, and there- 
by significantly improves the stress-rupture life of 
the material. 


Discussion 

The experiments described above make it evident 
that the nucleation of voids during diffusion and 
creep in metals is catalyzed by the presence of im- 
purities. Inclusions of substances which tend not to 
be wet by the metal are theoretically effective nu- 
clei. According to Kingery and others*” the con- 
tact angles between liquid metals and solid oxides 
are frequently high. In the presence of a trace of 
sulfur, the contact angle between liquid copper 
and silica reaches a value of 172°. One may sus- 
pect, therefore, that oxide inclusions furnish a com- 
mon site for vacancy condensation. 

This supposition is borne out by calculation of the 
degree of supersaturation theoretically required to 
produce the observed nucleation frequency in the 
presence of a nucleation catalyst. Assuming that 
embryos on the surface of the catalyst are in equi- 
librium with lattice vacancies in the matrix, the 
number of nuclei per unit area of surface, N,*, is, 
following the Volmer-Weber theory” 


A F,* 
Nev Naexp — - [10] 


For nuclei in the form of spherical caps on a plane 


Fig. 10—Commercial brass (30 pct Zn), remelted and direc- 
- tionally solidified. Stress rupture tested at 400°C. Elonga- 
tion equals 14.5 pct. Fracture profile is at right. X14. Re- 
duced approximately 40 pct for reproduction. 
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167 y 
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f (6) [11] 


where y is the surface energy of the metal, AF, the 
bulk free-energy change upon formation of a void, 6 
the contact angle, and f(@) = (2+ cos (1—cos 6)’/4. 
The rate of nucleation, I,, is, following Volmer- 
Weber 

[12] 


where Z, is the net rate of arrival of vacancies to 

the nucleus. A value of Z, may be obtained from 

Machlin’s calculation of void growth rates,’ assum- 

ing his estimate of the radial growth rate, and not- 

ing that the free surface of the nucleus is equal to 
8 ay (1—cos 


(A F,)* 


8ay (1—cos 6) 


[13] 


in which D, is the vacancy diffusion coefficient, 7 
the vacancy lifetime, and R, the rate of generation 
of excess vacancies in the matrix. Therefore 


82y (1—cos 8) 
I, = N,R,\V/D,7 exp \ — : 
(A F,)* kT 


[14] 


Setting D, 7 = nja’, and utilizing 1/N.ja as the best 
value for n, at high temperatures 
) 


(1 —cos 6) 
[15] 


From the appearance of the microstructure, Fig. 
1, it is estimated that the density of voids at the 
apparent precipitation front is about 10° per cu cm. 
Assuming that all of the oxygen was present as l- 
pw-diam spherical particles of ZnO, the total surface 
available for nucleation is about 500 sq cm per cu 
cm of metal, dnd the nucleation frequency of the 
order of 0.01 per sec per sq cm of oxide surface 
(assuming a 10-hr nucleation period). Setting y = 
1000 ergs per sq cm, N,~N,, = 10” per cu cm at 
900°C, R, = 10° per cu cm from the diffusion data, 
and assuming the same values for Nz and j 
mentioned previously, the following values of 

N, 


R, N, (Nz ja)*’ exp 


lite == — 1 are calculated from Eq. 15 corre- 


vo 


sponding to the tabulated values of contact angle 


= 0; 


v 


between metal and oxide. @ = 180°, 


vo 


—1=0.12; 


v 


160°. 


= 170°, 


vo vo 


N, 
6 = 150°, ———1 = 0.29. The calculated degrees 


v0 


of supersaturation are in the same range as those 
estimated from the experimental data, Table II. 
The agreement of the theoretical calculations with 
the experimental results indicates that the oxide- 
metal interface is a sufficiently potent catalyst to 
produce the observed ease of void formation during 
diffusion. This interface may likewise catalyze the 
precipitation of lattice vacancies during creep and 
be an important agent in accelerating rupture at ele- 
vated temperatures. The retardation of grain- 
boundary cracking by the elimination of oxides from 
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the microstructure is support for the hypothesis 
that cracking is initiated by the condensation of 
lattice vacancies on heterogeneous nuclei in the 
metal. This observation also suggests an explanation 
for the phenomenal effect of vacuum melting on the 
stress-rupture life of some high-temperature alloys,* 
i.e., vacuum melting frees the metal of impurities 
on which vacancies can condense. 


Conclusions 


1) The relative critical supersaturation of va- 
cancies required for void formation during diffusion 
in a-brass was found to be a strong function of the 
melting procedure used in preparing the material. 
Values of R, ranged from 0.05 for commercially air- 
melted material, to 100 for zone-purified brass. 

2) This spread in R, is due to the fact that the 
voids are nucleated by foreign particles; in the case 
of brass, oxide particles. 

3) Evidence has been presented which indicates 
that grain-boundary failure during creep may be 
initiated by a process analogous to pore formation 
during diffusion. Removal of the nuclei which cata- 
lyze void formation during diffusion also decreases 
the tendency for grain-boundary void formation 
during creep, and thereby significantly improves the 
stress-rupture life of the material. 
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Preliminary Investigation of the Ti-Ce System 


The phase diagram of the Ti-Ce system is of the peritectic type. The solubility 
of cerium in @-titanium near the peritectoid temperature is less than 1 pct, and the 
solubility in a-titanium decreases with temperature and is less than 0.19 pct at 
750°C. No intermetallic compounds were found between 0 and 50 pct Ce. Small 
cerium additions reduce the grain size of some commercially available titanium alloys. 


by Jack L. Taylor 


ITH the exception of the work of Vogel,* and 

Rolla and Iandelli,” very little information has 
appeared in the literature on titanium binary sys- 
tems with the rare earth elements. Rare-earth addi- 
tions to titanium alloys may possibly parallel the 
beneficial effects on the physical properties of cer- 
tain steels. Having this in mind, some knowledge of 
solubility limits and intermediate phases, if any, 
would be useful. An investigation of the titanium- 
rich Ti-Ce system was started. 


Alloy Preparation 


The iodide titanium from the New Jersey Zinc 
Co. and the cerium metal from the Institute for 
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Atomic Research Ames Laboratory used in this 
work were supplied with the typical analysis shown 
—iodide titanium: 0.0065 pct Mn, 0.0022 pct Fe, 
0.0015 pct Cu, and 0.0042 pct Pb; cerium metal: 
<0.01 pet Fe, <0.03 pet Si, <0:05 pet Ta, <0:02 pet 
Pr, <0.03 pet Ca, <0.02 pet Mg, with no trace of Nd, 
Coe 

The cerium metal, stored in oil, was washed and 
scraped just before weighing into capped cups ma- 
chined from iodide titanium. The cold hearth helium- 
are furnace described by Schramm et al.* was used 
for melting. The alloy buttons from the arc-melted 
cup were cut in two, mounted, and examined. Homo- 
geneous alloys were demounted and rolled to ap- 
proximately %4-in. sq bars. Sections % in. thick 
were cut from the bar to provide samples. The Ti-Ce 
alloy buttons analyzed for cerium were of the fol- 
lowing composition: 0.19, 0.36, 0.48, 0.61, 1.15, 2.52, 
3.06, 3.70, 4.30, 9.20, 14.26, and 18.50 wt pct. Nominal 
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compositions between 20 and 50 wt pct were visibly 
inhomogeneous after several meltings. 


Microscopic Studies and X-Ray Diffraction 

All the alloys were homogenized at 980°C for 24 
hr. Specimens of each composition sealed in evacu- 
ated quartz tubes were quenched by breaking the 
tubes under water. Another series was cooled from 
980°C to 850°C in 6 hr, held for 168 hr, then water- 
quenched. The last series was slowly cooled from 
980°C to 750°C, and held for 336 hr before water- 
quenching. 

After quenching from 980°C, the a’ (transformed 
8) structure was found in alloys up to 0.61 pct. A 
second phase was detected in the 1.15 pct Ce alloy 
and appeared in all the alloys up to 20 pct. 

Samples for X-ray diffraction were filed from the 
solid alloys containing 4.40, 9.20, 14.25, and 18.50 pct 
Ce, sealed in quartz capillary tubes, and heated to 
same temperature as the solid before quenching in 
liquid argon. The extra lines (over those of a- 
titanium) were identified as either cerium or CeO. 
The interplanar spacings are listed in Table I with 
the computed spacings for both cerium and CeOQ,. 

From these observations the second phase must 
be either cerium or cerium-rich solid solution. The 
CeO, lines can be explained by the rapid oxidation 
of cerium in the filings before and after sealing for 
heat treatment. Since alloys up to 20 pct Ce con- 
tained only a titanium-rich and a cerium phase it is 
quite probable that no intermediate phase exists in 
the Ti-Ce system: this confirms the prediction of 
Vogel. The 50-50 alloy visibly consisting of two 
phases, a-titanium and cerium, suggests a liquid 
immiscibility region. According to Rolla and Ian- 
della’ this may be true for the Ti-La system too. 

The limit of solubility of cerium in a-titanium 
may be defined between 0.48 and 0.61 pct Ce at 
850°C. The solubility decreases with temperature 
since the presence of the second phase was detected 
in all alloys down to 0.19 pct Ce at 750°C. 


Cooling-Curve Experiments 
Microscopic observations near the transformation 
temperature of titanium indicated a very limited 
temperature range for the a+ field. Using pieces 
‘Igx¥gx3/16 in. from alloys containing 0.19, 3.06, 
and 4.38 pct Ce, heating and cooling curves were 
obtained in a vacuum heating apparatus similar to 
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that described by Greninger.‘ The apparatus was 
checked using iodide titanium and pure iron with 
heating and cooling rates between 4° and 25°C per 
sec. The transformation temperatures were 10°C 
lower than those accepted with a +4°C variation. 
For the present work the thermal arrests were refer- 
enced to the measured transformation temperature 
of titanium at 872°C. Within the variation (+4°C) 
the thermal arrests for the 0.19 pct alloy were equal 
to those for pure titanium. The measurements on the 
3.06 and the 4.38 pct alloys gave a heating and cool- 
ing average of 882°C + 4°C. This 10°C difference is 
regarded as significant and indicates a peritectoid 
reaction confining the a+ field. 


Determination of the Temperature of the Solidus 

An anomaly in the cooling curve for a 9.20 pct 
Ce alloy indicated some latent heat effect between 
1300° and 1350°C. Very rapid thermocouple alloy- 
ing probably accounts for the absence of a definite 
thermal arrest. Microscopic examination of samples 
sealed in evacuated quartz tubes and heated for 10 
min to 1316°, 1343°, 1371°, and 1399°C showed in- 
congruent melting in all but the first. The solidus 
temperature therefore lies between 1316° and 
1343°C. 

A partial Ti-Ce phase diagram is shown in Fig. 1, 
based upon microscopy, X-ray diffraction, cooling- 
curve data, and incipient melting. 


Effect of Cerium Addition on the Structure 
of Some Titanium Alloys 

Experiments were made with some commercial 
titanium alloys obtained from the University of 
Michigan.’ Arc-melted buttons weighing about 10 g, 
with about 1 pct Ce and without cerium, were 
quenched from 1100°C after 4 hr. Further heat treat- 
ments were as follows: alloy 150A, 24 hr at 815°C; 
alloy 130A, 8 hr at 750°C; and alloy 130B, 8 hr at 
875°C. Alloy buttons containing cerium had dull, 
rough surfaces as compared to the characteristically 
bright surface of titanium melted by the helium-arc 
method. The solidification process is affected in some 
way by the presence of cerium. 


Table |. X-Ray Diffraction Data on Alloy Containing 9.20 Pct Ce 


Cerium Oxide Lines a=5.40A Cerium Lines a=5.14A 


Indexes, 
hkl Observed Calculated Observed Calculated 
1il1 2.97 12 12 
200 iS 2.57 2.68 2.70 
220 1.82 1.82 1.91 1.91 
113 1.55 1.55 1.62 1.63 
222 1.48 1.55 5 


* May be obscured by the 100 and the 110 lines of q-titanium. 


The as-cast specimens containing cerium have a 
much finer grain size than those melted without 
cerium. From a comparison of photomicrographs, 
Figs. 2 and 3, this obvious effect on grain size per- 
sists even after quenching and heat treatment. Some 
recent work has shown that grain refinement for the 
case of 150A persists after cold working and recrys- 
tallization in the a temperature range. 

With such small samples the best way to measure 
mechanical property changes, if any, was to meas- 
ure the hardness. Vickers pyramid hardness meas- 
urements with a 10-kg load showed very little 
change in the hardness of these alloys. However, 0.5 
pet Ce added to iodide titanium nearly doubled the 
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Fig. 2—Structure of titanium alloy 150A, quenched from 
1100° and held for 24 hr at 815°C. X100. Reduced ap- 
proximately 30 pct for reproduction. 


hardness, indicating perhaps a solubility effect. It 
would be premature to conclude that other proper- 
ties such as ductility, impact resistance, and tensile 
strength are not affected. It appears that a property 
investigation would be worthwhile. 


Conclusions 

A preliminary investigation of the titanium-rich 
part of the Ti-Ce system has shown that the diagram 
is probably of the peritectoid type. The solubility of 
cerium in £-titanium is less than 1 pct at the peri- 
tectoid temperature. The cerium solubility in a- 
titanium decreases with temperature (0.61 pct at 
850°C and 0.19 pet at 750°C). No intermetallic com- 
pounds were found up to 50 wt pct Ce. A liquid mis- 
cibility gap is suggested. 

The addition of about 1 pct Ce to three commer- 
cial titanium alloys markedly reduced the grain size 


Fig. 3—Structure of titanium alloy 150A with cerium, 
quenched from 1100° and held for 24 hr at 815°C. X100. 
Reduced approximately 30 pct for reproduction. 


of the alloys as cast and after quenching and tem- 
pering, but produced no real change in hardness. 
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Studies on Diffusion in Molten Metals 


Diffusion coefficients in molten metals were measured for Sn-Pb, Bi-Pb, Sb-Pb, 
Cd-Pb, Sn-Bi, and Sb-Sn from 450° to 600°C. Since the observed activation energies 
of these metals in the liquid state were found to be of the same order as those for 
nonmetallic solutions, the diffusing substance may be small particles such as 
metal ions. For Pb-Sn, Pb-Bi, and Sn-Bi, the concentration dependences of diffusion 
coefficients were determined at about 500°C. The results show that the rela- 
tions between diffusion coefficients and atomic fractions obey the thermodynamic 
formulas of irreversible processes. For a ternary system, Pb-Sn-Bi, the diffusion co- 
efficient of tin decreases as bismuth is added. This effect has been explained in 
thermodynamic terms. 
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LTHOUGH a systematic research on diffusion in 

liquid metals has not been carried out, partial 
studies have been developed by various workers in 
several systems.“" A few recent papers*™” among 
them have shown that this line of approach is quite 
useful for understanding the structure of the liquid 
state. Furthermore, it has been found in kinetic 
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researches that diffusion plays an important role in 
chemical changes in metallic liquids.” 

For the purpose of accumulating sufficient infor- 
mation on this important problem, diffusion coeffi- 
cients have been measured over the range from 
450 _to 600°C for these systems: 1) tin in lead, 
2) bismuth in lead, 3) antimony in lead, 4) cadmium 
in lead, 5) bismuth in tin, 6) antimony in tin, and 
7) tin in bismuth. For each system the influence of 
temperatures was studied in dilute solutions (0 
to 10 pct). Also, the concentration dependence of 
the diffusion coefficients has been determined at 
500°C for Pb-Sn, Pb-Bi, and Bi-Sn solutions. These 
three systems were chosen as most representative. 
In terms of thermodynamics® the Pb-Sn system 
shows positive deviations from Raoult’s law, the 
Pb-Bi system shows negative deviations, and the 
Bi-Sn system behaves almost ideally. It is worth- 
while to consider how these thermodynamic proper- 
ties are related to diffusion phenomena. Finally, the 
influence of bismuth on the diffusion coefficient of 
tin in molten lead has been studied. 


Experimental Methods 

I—The first method is based upon the same prin- 
ciple as that used by W. F. Holbrook and his co- 
workers.* A small tube containing pure solvent 
metal is inserted in an alloy bath. After having 
been kept at a certain temperature for a definite 
time, during which diffusion proceeds, the small 
tube is drawn up and quenched. Then the sample 
is divided into several parts for analysis. The ap- 
paratus is shown in Fig. 1. 

The small tube was made from Tellex glass (whose 
properties are nearly the same as Pyrex), 3 mm in 


Fig. 1—Apparatus 
for the first method 

of diffusion measure- 
A ment. A, alloy; B, 
pure lead; C, glass 
tube; and D, alumina 
tube. 
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Fig. 2—Apparatus 
for the second 
method of diffusion 
measurement. A, 
Pyrex head; B, nal 
quartz tube; C, mo- 
lybdenum wire; D, 
sample; and E, Pt— 
Pt-Rh thermocouple. 


J 


diameter and 5 cm in height. A Tammann tube of 
alumina was used as the vessel for the alloy bath. 
Both glass and Tammann tube showed no change 
that would contaminate the bath contents at the 
temperature of the present measurement. Tem- 
perature was measured by using a (platinum)- 
(platinum-rhodium) thermocouple. Convection in 
the alloy bath in the Tammann tube is prevented 
because of the homogeneous temperature region in 
the furnace. This method has been applied to the 
dilute tin in lead system (0 to 10 pct). 


II—The second method is ordinarily used for 
studies on diffusion in solid metals. The apparatus 
and procedures used are as follows. The small tube, 
made from Tellex glass, of 3 mm diam and 50 mm 
height, is filled with pure solvent up to about half of 
its height. Having been filled up compactly with 
alloy which has been prepared by melting a known 
composition of solvent and diffusing metal, the glass 
tube is suspended in the quartz tube, which is kept 
in the electric furnace. Then the apparatus is evacu- 
ated (10* mm Hg), and the nitrogen gas is circu- 
lated over the entire reacting system. The apparatus 
is shown in Fig. 2. Other procedures are the same 
as in I, above. This method has been applied to all sys- 
tems except the Cd-Pb system. In the case of the ter- 
nary Pb-Sn-Bi, measurements were carried out with 
attention to the so-called quasi-binary system of Bi- 
Pb:Sn. The lower part of the tube was filled up 
with Pb-Bi alloy, and the upper part, with alloy of 
tin, bismuth, and lead.* 


* For example: lower part: Pb:Bi = 0.9:0.1; upper part: Sn:Pb:Bi 
= 0.5:0.45:0.05. 

I1I—The third method used here is the same as 
that used by Kitchener and his co-workers.’ The 
pure solvent metal is fused in vacuum and filled up 
to about 30 mm length in the small Tellex glass tube, 
then cooled. After a small amount of alloy (for 
example, containing about 1 pct Cd) is placed on 
the solvent metal, the tube is sealed off in vacuum, 
as the vapor pressure of cadmium is high (see Fig. 
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3). The remaining procedures are the same as I, 
above. This method has been applied to the Cd-Pb 
system. 

Analysis—Tin and bismuth were analyzed by 
gravimetric method in the form of SnO, and Bi,Os, 
respectively. Antimony was determined by per- 
manganate titration; cadmium, by colorimetric 
analysis of cadmium dithizonate.* 

Materials—The purity of the five metals used in 
these experiments, lead, tin, bismuth, antimony, and 
cadmium, were as follows: Pb—99.95 pct; Sn—99.8 
pet; Bi—99.5 pct; Sbo—99.8 pct; and Cd—99.9 pct. 

It has been shown by a preliminary test that 
segregation and penetration, accompanying each 


Table |. Relative Concentration C/Cy in Sn-Pb* 


Temperature, °C 


450 510 550 600 
Dis- Sample No. 
tance, 
Cm 1 2 3 4 1 2 af 2 
0.25 0.71 0.76 0.72 0.73 0.76 0.76 0.77 0.80 0.80 
0.75 0.18 0.23 0.26 0.20 0.33 0.27 0.28 0.36 0.36 
1:25 0.09 0.08 0.09 0.08 0.13 0.12 0.15 0.10 0.21 
1.75 0.05 0.05 0.04 0.06 0.06 0.05 0.04 0.04 0.10 
2.25 0.03 0.02 0.01 0.04 0.02 0.04 0.02 0 0.02 
2.75 0 0 0 0 0 0 0 0 0 


* Diffusion time was 2 hr. 


other in the case of melting and freezing, have not 
been as important as the diffusion penetration. But 
it was necessary that the alloys completely fill up 
the upper part of the tube in the second method, in 
order to prevent homogeneous mixing due to the 
high melting points of pure metals. 


Results 
I—Table I shows the experimental results in the 
Sn-Pb system measured by the first method at 450°, 
510°, 550°, and 600°C. Tin could not be detected in 
the distance, 2.75 cm (Table I). Then, Fick’s second 
law, which is expressed by equation 1 


can be solved by using the boundary condition for 
the semi-infinite system, where diffusion coefficient, 
D, is taken as independent of concentration. The 
solution is given by 


—erf (x/2\/Dt) ] 


where erf represents Gauss’ error function. As c, 
and t are known for the conditions given, the diffu- 
sion coefficient, D, is determined by the values meas- 
ured for c and x. Applying the relation between 
c/c, and x, at various temperatures, in equation 2, 
the values of D obtained are given in Table II. The 
calculation relates to the values near c/c, ~ 0.5 be- 
cause of the relatively large uncertainties in the 
chemical analyses for c/c, < 0.1. 

II—Under the boundary condition of the second 
method, the solution of Fick’s second law, expressed 
by equation 1, is given by 


¢/2 X [1 —erf(x/2>/Dt)] [3] 


where diffusion distance, x, is determined by taking 
Matano’s interface as the true contact surface, c 
and t are known for the conditions given, and the 
diffusion coefficient, D, is obtained by introducing 
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the values measured for c and x into equation 3. 
Table III shows the values of the diffusion coefficient 
calculated from equation 3, at various temperatures. 
The measurements were made by this method for 
Pb-Bi, Pb-Sb, Sn-Bi, and Sn-Sb. The calculation 
relates to values near c/c, ~ 0.25. 

1lI—The layer of diffusing metal obtained in the 
third method is very thin and therefore its thickness 
can be considered negligible compared with the 
diffusion length. Under this condition the appro- 
priate solution of Fick’s second law is given by 


c = S/2\/n Dt exp(— x*/4Dt) [4] 


where c is the concentration at a distance x after 
time t, s is the total quantity of diffusing material 
per unit area of cross section, and D is the diffusion 
coefficient. As an example, the observed values of 
log c at 450° and 500°C are plotted against x* in 
Fig. 4, where the concentration of cadmium in lead 
is given in terms of weight percent. 

Diffusion coefficients were calculated from the 
slopes of graphs similar to Fig. 4 by the aid of equa- 
tion 4. The results are given in Table IV. 

The diffusion coefficients in these dilute solutions 
are graphed in Fig. 5. From these data the following 
Arrhenius-type equations are obtained. Here the 
accuracy of activation energy is about +1 kcal per 
mol. 


Dsninpp = 1.2 X 10° exp(—5900/RT) sq cm per sec 
Dsiiner = 9.6 X 10° exp(—4200/RT) sq em per sec 
Dsp inp» = 2.5 X 10° exp(— 6400/RT) sq cm per sec 
Deainpy = 1.1 X 10° exp(— 4800/RT) sq cm per sec 
Dgninzi = 5.2 X 10+ exp( —3200/RT) sq cm per sec 
Dgyinsn = 3.0 X 107% exp(—2800/RT) sq cm per sec 
Ds: insn = 1.3 X 10° exp(—5000/RT) sq cm per sec. 


In the above investigation, diffusion phenomena 
in various molten systems of alloys have been 


A 


Fig. 3—Diffusion 
cell for the third 
method. A, Tellex 
glass tube, 3 mm City 
ID; B, Pb-1 pct Cd 
alloy; and C, pure 
lead. 
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studied at low concentrations of diffusing substance 
and diffusion coefficients have been determined as 
constants independent of concentration. However, 
it is known that the values of diffusion coefficients 
vary with concentration in solid alloys.” Thus, we 
should confirm these phenomena in liquid alloys. 
Generalized solution of Fick’s second law is given by 


D(c) = —(1/2 t) (dx/dc) jhe: [5] 


0 
for t = constant." An example of the relation be- 
tween concentrations and diffusion distances in 
Pb-Sn is shown in Fig. 6. 

Substituting results of the Pb-Sn system with the 
data for the other four concentrations in equation 5, 
diffusion coefficients, D, at given concentrations, 
were obtained, and are shown in Fig. 7. Obviously, 


Table II. Diffusion Coefficient of Tin in Molten Lead 


Temperature, °C 450 510 550 600 
D x 105, Sq Cm per Sec 2.6 3.9 4.3 5.5 


the relation between diffusion coefficients and con- 
centrations results in a curve that has a minimum 
convex to the concentration axis. 

Similarly, the experimental results for Pb-Bi are 
shown in Fig. 8. 

In this figure, the concentration dependence of 
diffusion coefficients of bismuth in Pb-Bi is shown 
to have a maximum to the concentration, as opposed 
to the Pb-Sn system. 

According to the recent work of Grace and Derge,* 
their diffusion coefficients in Pb-Bi agree with our 
present data on low-bismuth alloys. However, in 
the region of high-bismuth alloys they obtain great- 
er values by a factor of about 10°. This discrepancy 
probably can be attributed to an ambiguity in an- 
alyzing the experimental results. For example, their 
assumption that the diffusion coefficient is inde- 
pendent of concentration is inconsistent with their 
resultant data. Further, the abnormal volume 
change of bismuth on melting may have an influence 
on the boundary condition in their solution of Fick’s 
second law. 

Lastly, Fig. 9 is obtained for the Sn-Bi system. 
Here, diffusion coefficients are found to change al- 
most linearly with concentrations. 

The above three cases will be discussed more fully 
in a later part of this paper, and the relationship 
with thermodynamic properties will also be made 
clear. 

Finally, the effect of a third element on the diffu- 
sion was studied for the Pb-Sn system by adding 
bismuth. As an example, diffusion coefficients were 
determined from our experiments for the composi- 
tion Ns, = 0.1, and their plots against concentrations 
of bismuth result in Fig. 10. As seen in Fig. 10, the 
addition of bismuth is found to decrease the diffu- 
sion coefficients of tin in this system. 


Discussion 

The experimental results, which have just been 
described, show that the energies of activation of 
diffusion in molten alloys are no more than of the 
order of several kilocalories, which is the same order 
as in the case of nonmetallic solutions. On the other 
hand heats of vaporization of most of the metallic 
‘solutions are much higher than those of the so-called 
molecular liquids. Similar relationships in viscosity 
have been stressed by Eyring and his co-workers.” 
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Fig. 4—Relation between logarithm of concentration, C, in 
weight percent and square of distance, x, in centimeters in 
Cd-Pb system at 450°C, t equals 1.5 hr; and 500°, t equals 
1.0 hr. Closed circles refer to determinations made at 
450°C; open and closed triangles, at 500°C. 


Fig. 5—Temperature 
dependence of dif- 
fusion coefficients 
in several systems. o8b 
Open circle repre- 
sents antimony in 


lead; closed circle, OQ 

tin in lead; open = 

square, bismuth in + 06+ 


tin; closed square, 
antimony in tin; 
open triangle, cad- 
mium in lead; closed 


triangle, bismuth in OFF 
lead; and cross, tin 
in bismuth. 11 12 


Fig. 6—Relation be- 
tween atomic frac- 
tion of tin and diffu- 
sion distance in 
Pb-Sn system at 
510°C. Diffusion 
time is 1 hr. 
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Fig. 7—Relation be- 

tween diffusion co- & 

efficient of tinand 2 — | 

its mole fraction in x 

Pb-Sn system at 

510°C. 
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Fig. 8—Relation between diffusion coefficient of bismuth 
and its mole fraction in Pb-Bi system at 500°C. 
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Fig. 9—Relation between diffusion coefficient of bismuth 
and its mole fraction in Sn-Bi system at 500°C. 


Fig. 10—Relation 
between diffusion 
coefficient of tin in 
ternary molten Sn- 
Pb-Bi system at Non 
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Fig. 11—Relation 
between Dy and 
mole fraction of 
Bi, Nui. 
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In most non-electrolyte liquids it has been found 
that the following empirical relation holds between 
activation energy for viscous flow, AE,;, and energy 
of evaporation, Lp. 


Lp/AE = 8 to 4 


However, the ratio L,/AE,;, in most metals has much 
larger value (8 to 25) than in equation 6. Hence, 
it has been assumed that the unit of flow in metals 
is much smaller than the unit of vaporization. In 
other words, the former is assumed to be the metal 
ion, since the latter is the neutral atom. Then 


x ( ) ~3to4 [6b] 
AE vis 


where 7;.. and Tatom refer to the radii of the ion and 
atom, respectively. The amended ratio L./AE,;, of 
metals is very close to equation 6b. Similarly, the 
present experimental results on diffusion flow in 
liquid metals can be explained intuitively in terms 


T stom 


Table Ill. Diffusion Coefficients for Various Elements in 
Molten Metals 


D x 105, Sq Cm per Sec 


Diffusing 
Solvent Metal 450°C 500°C 550°C 600°C 
Pb Bi 5.0 6.2 7.3 8.3 
Pb Sb 3.1 4.1 5.5 6.4 
Sn Bi 3.6 4.6 5.8 6.6 
Sn Sb 5.0 5.7 6.3 6.9 
Bi Sn 5.5 6.5 1.3 8.2 


of metal ions stripped of their conduction electrons. 
More rigorously, this may correspond to the fact 
that free electrons in metals play a special part in 
transport phenomena. 

The thermodynamics of irreversible processes” 
indicate that the diffusion flow is proportional to 
the gradient of chemical potential. Adopting this 
view, we obtain 


D =D, (14+ dIn fy/d In Ny) [7] 


where D, represents the diffusion coefficient in ideal 
solution, fy denotes the activity coefficient of the 
diffusing component, and Ny is its mole fraction. 
The relation between diffusion coefficients and 
concentrations has been given in the previous sec- 
tion. Comparing these results, it may be concluded 
that the positive deviation from Raoult’s law should 


Table IV. Diffusion Coefficient of Cadmium in Molten Lead 


Temperature, °C 450 500 550 600 
D x 105, Sq Cm per Sec 3.9 5.0 6.0 6.8 


show a minimum value of diffusion coefficient at 
about the same concentration as seen in the Pb-Sn 
system; that the negative deviation from that law 
produces the maximum value shown in Pb-Bi, and 
further, that a nearly ideal solution as in the case 
of Sn-Bi shows an almost linear change with con- 
centration, thermodynamically in agreement with 
equation 7. 

When the quantity of the third element, bismuth, 
may be taken as almost uniformly distributed over 
all the sections in comparison with the quantities of 
lead and tin, we obtain 


D=D,(1 + din ) [8] 
for this quasi-binary (Pb-Sn) system. In equation 8 
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the scuvity coefficient, f*”, has a different value the values of Dy change almost linearly with con- 
from that in the purely binary system. The activity centrations. 
coefficient of the latter system, fg is related to that 
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Effect of Rolling Procedure on the Kinetics Of 
Recrystallization of Cold-Rolled Copper 


OFHC copper was rolled 96.4 pct by the straight-pass, cross-pass, and compression- 
pass techniques. These materials developed different deformation and recrystallization 
textures, different 1-hr recrystallization temperatures, and different recrystallization ki- 
netics, although they had the same temperature dependence of the rate of recrystal- 
lization, Qz. 


by J. T. Michalak and W. R. Hibbard, Jr. 


HAT the amount of deformation and annealing produce one deformation texture and copper cross- 

time influences the recrystallization temperature cold-rolled to 99 pct reduction to produce a second 
of cold-rolled copper has been well established.”” and different deformation texture correspondingly 
Evidence that the recrystallization temperature can recrystallized at different temperatures to different 
be affected by the deformation texture has been textures. The purpose of the present work was to 
reported by Brick and Williamson,’ who found that study more thoroughly the effect of the deformation 
copper straight-cold-rolled to 99 pct reduction to texture on the recrystallization of cold-rolled copper. 


Experimental Procedure 
The copper used in this investigation was com- 
mercial OFHC copper (nominally 99.985 pct Cu) in 


J. T. MICHALAK is a Graduate Student, Dept. of Metallurgical 
Engineering, Carnegie Institute of Technology, Pittsburgh, and W. 
R. HIBBARD, JR., Member AIME, is Manager, Alloy Studies Re- 


search, Metallurgy and Ceramics Dept., Research Laboratory, Gen- the form of 0.500-in. plate. Qualitative spectro- 
eral Electric Co., Schenectady. graphic analysis showed only a slight trace of iron 
TP 4399E. Manuscript, July 5, 1956. New Orleans Meeting, and a trace of silver. No analysis was performed to 
February 1957. determine the exact content of the iron and silver, 
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or other possible impurities, which would not show 
up in a spectrographic analysis. The grain size of 
the starting material varied from 0.04 mm at the 
surface to 0.12 mm at the center, and texture deter- 
mination showed a random orientation. 

Specimens 1lxlx% in. were prepared for the 
straight and cross rolling and an octagonal specimen 
was prepared for the compression rolling. The cop- 
per specimens were rolled on a mill with two 6-in.- 
diam rolls without lubricant. The straight-rolled 
specimen was passed through the rolls in one direc- 
tion only and the cross-rolled specimen was passed 
through in two directions 90° apart in the plane of 
rolling. The rolling procedure for both was as fol- 
lows: 0.010 in. per pass to 66 pct reduction, 0.005 in. 
per pass to 83 pct reduction, 0.002 in. per pass to 
93 pct reduction, and 0.001 in. per pass to 96.4 pct 
reduction. The octagonal copper specimen was com- 
pression rolled in the following manner: 0.010 in. 
per pass with 11° angle of rotation per pass to 66 
pet reduction, 0.002 in. per pass with 7° angle of 
rotation per pass to 86.5 pet reduction, and 0.001 in. 
per pass with 7° angle of rotation per pass to 96.4 
pet reduction. The final thickness of the three rolled 
sheets was 0.018 in. 

Specimens 1x4 in. were cut from the rolled sheet 
and each specimen was wrapped in copper foil for 
the annealing treatment. Annealing was carried out 
in an electrically heated molten salt bath controlled 

Metallographic specimens were prepared from the 
as-rolled material and from each of the annealed 
specimens in the standard manner and etched with 
potassium dichromate. The structure was examined 
in a plane perpendicular to the rolled surface and 
parallel to the rolling direction. The fraction of the 
structure recrystallized was determined by a lineal 
analysis of photomicrographs taken at X500. A trans- 


Fig. 1—Microstructures of the straight-rolled (top), cross- 
rolled (center), and compression-rolled (bottom) specimens. 
X500. Reduced approximately 50 pct for reproduction. 
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parent grid was placed over the photomicrographs 
and the area of the recrystallized structure was 
determined by counting the squares occupied by the 
recrystallized grains. 

Diamond pyramid hardness values were obtained 
for each specimen on a standard Vickers micro- 
hardness tester using a 2500-g load to establish a 
relation between hardness and percentage of recrys- 
tallization. 

The deformation textures resulting from the three 
types of rolling and the recrystallized textures were 
obtained by the use of an automatic Geiger counter 
X-ray diffraction spectrogoniometer. Texture deter- 
minations were made on the central portion of the 
sheet. The specimens were obtained by etching 
1.0-in. squares of the copper sheet in dilute nitric 
acid solution down to 0.002-in. thickness. 


Results and Discussion 

Structure of the Rolled Sheet—Metallographic 
examination of the as-rolled sheet showed that the 
original equiaxed grains were elongated in the 
direction of rolling and reduced in thickness. There 
was no visible difference in the microstructure of 
the straight-rolled, cross-rolled, and compression- 
rolled specimens, as shown in Fig. 1. The rolling 
texture of the straight-rolled sheet was predom- 
inantly a preferred orientation best described as 


Table I. Values of A and Qz/R 


Rolling A, Mint Qr/R 
Straight 1.27x1018 18.50.3 
Cross 4.37x10% 18.6+0.4 
Composition 3.11x1014 17.7=0:3 


near (123) [121] together with (110) jt?) and 
(112) [111], as shown in Fig. 2. Cross rolling pro- 


duced an orientation near (110) [223], as shown in 
Fig. 3, and compression rolling resulted in the (110) 
texture, as shown in Fig. 4. These textures have 
previously been reported in the literature.® 


Structure of Annealed Sheet—New, strain-free 
grains did not appear at random throughout the 
rolled material, but were most prevalent in the 
central area of the sheet in the form of stringers or 
bands in the direction of the elongated deformed 
grain. This was noted in specimens of each type 
of rolling and did not appear to be a function of 
the time or temperature since the bands were ob- 
served at all temperatures and times. As the time at 
a given temperature increased, the recrystallization 
became more widespread in the remaining strained 
material. The straight-rolled sheet recrystallized to 
a structure which showed a preferential growth of 
the grains in a direction parallel to the rolling direc- 
tion. This tendency was also found to a lesser extent 
in the cross-rolled or compression-rolled material. 
The grain size of the completely recrystallized struc- 
ture was very nearly the same for the cross-rolled 
and compression-rolled specimens. The straight- 
rolled material had a slightly larger recrystallized 
grain size than the other two. Typical photomicro- 
graphs are shown in Fig. 1. 

The recrystallized texture of the straight-rolled 
sheet was determined from a specimen annealed at 
300°C for 5 min. The orientation was found to be 
the (100) [001] cube texture, as shown in Fig. 5. 
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Fig. 2—(111) pole figure of straight-rolled copper. Triangle 
refers to (110) [112]; circle, (112) [111]; and square, 
(123) [121]. 


This texture has been previously found many times.® 
The texture of the cross-rolled copper was obtained 
from a specimen heated at 300°C for 30 min. The 
resulting texture was predominantly random, as 
shown in Fig. 6. This texture is somewhat different 
from the moderate texture found by Brick and 
Williamson.* Their copper was cold-rolled more ex- 
tensively, namely 99 pct. The completely recrystal- 
lized texture of the compression-rolled material was 
determined on a specimen annealed for 45 min at 
300°C and was also nearly random, see Fig. 7. 


Hardness Vs Percentage of Recrystallization—The 
rolling techniques produce different amounts of 
strain hardening, as evidenced by hardness values 
for the as-rolled condition. (Straight-rolled Dph = 
106; cross-rolled Dph = 97; and compression-rolled 
Dph = 91.) The completely recrystallized hardness 
is approximately the same for the three rolling 
conditions (Dph = 51.5). Hardness was used to 
verify the results of metallographic examination. 


Effect of Annealing Temperature and Time—The 
data showing percentage of recrystallization pro- 
duced by the various annealing times and tempera- 
tures are shown graphically in Figs. 8, 9, and 10. The 
nucleation period prior to the start of recrystal- 
lization at a given temperature was shortest for the 
straight-rolled material. The shapes of the curves 
are similar. The recrystallization temperatures for 
a 1-hr anneal are different for each type of rolling: 
the straight-rolled copper recrystallized at the low- 
est temperature (about 250°C), the cross-rolled 
copper, at an intermediate temperature (about 
283°C), and the compression-rolled copper, at the 
highest temperature (about 300°C). The variation 
in recrystallization temperatures for the three roll- 
ing procedures may be accounted for by differences 
in the nucleation period. These differences can be 
correlated with the different degrees of strain hard- 
ening, resulting in different as-rolled hardness 
values. 
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Fig. 3—(111) pole figure of cross-rolled copper. Triangle 
represents near (110) [223]. 


The time for 50 pct recrystallization has been 
determined from the isothermal recrystallization 
curves of Figs. 8, 9, and 10. Fig. 11 is a plot of In 
1/t vs 10°/T (where t is the time for 50 pct recrys- 
tallization at temperature T, and T is absolute tem- 
perature). A straight-line relation between these 
two variables was found in all three cases. This 
relation suggests that recrystallization follows the 
rate equation 

Rate ~ 1/t— 


The value of the activation energy, Qz, as deter- 
mined from slope = —Q,/R, is 36.6 + 0.6 kcal per 
mol. This value of the activation energy is some- 
what larger than the value of 29.9 kcal per mol 
reported by Decker and Harker” for straight-rolled 


Table Il. Values of B and n 


Straight Cross Compression 
Temper- 
ature, °C B/2.3 nN B/2.3 n B/2.3 n 
200 2.4x10- 1.26 6.6x10-5 1.5 
233 3.2x10-3 1.36 5.5x10-3 0.86 1.3x10- 0.99 
250 9.2x10-3 1.50 2.5x10-2 0.68 3.3x103 1.02 
267 3.8x10-2 1.52 5.0x10-2 0.67 5.6x10-3 1.15 
283 1.1x10-+ 1.18 1.0x10-1 0.67 1.4x10-2 1.25 
300 5.6x10-1 1.05 1.9x10-1 0.67 4.5x10 1.25 


OFHC copper (99.7 pct). The difference may be the 
result of variation in impurities between the two 
OFHC coppers (no detailed chemical analysis in 
either case) or it may be due to the differences in 
the amount of rolling. 

The constants A and Q, were evaluated by the 
method of least squares from the data plotted in 
Fig. 11. The values are in Table I. An analysis of 
variance was made to determine the relative prob- 
ability that the slope or the intercept was constant. 
It is five times more probable that the slopes are 
constant than that the intercepts are. The differences 
in the values of A for the three techniques of rolling 


JANUARY 1957, JOURNAL OF METALS—103 


Fig. 4—(111) pole figure of compression-rolled copper. 


Fig. 6—(111) pole figure of copper cross-rolled 96.4 pct and 


annealed 30 min at 300°C. 
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Fig. 8—OFHC copper straight cold-rolled 96.4 pct reduction. 
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Fig. 5—(111) pole figure of copper straight-rolled 96.4 pct 
and annealed 5 min at 300°C. Triangle represents (001) 
[100]. 


Fig. 7—Pole figure for copper compression-rolled 96.4 pct 
and annealed 45 min at 300°C. 
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Fig. 9—OFHC copper cross cold-rolled 96.4 pct reduction. 
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Fig. 10—OFHC copper compression cold-rolled 96.4 pet 
reduction. 


are associated with differences in nucleation period 
and may be related to differences in the nucleation 


frequency, N, or the growth rate, G, or both. 
Following the general equation of Avrami” for 
isothermal recrystallization, 


X = 1— exp (— Bt’) 


where X is the fraction recrystallized, t is the time, 
and B and n are constants; the values of B and n 
were determined from logarithmic plots of log 1 
(1 — X) as a function of t. Typical plots are shown 
in Figs. 12, 13, and 14. The values of the constants 
as a function of temperature and type of rolling are 
in Table II. Values of n between 1 and 2 are indi- 
cations of one-dimensional, wire-like growth and 
thus are consistent with the metallographic observa- 
tions illustrated in Fig. 1, showing that recrystal- 
lization occurred initially in stringers. 


For one-dimensional growth, B = f (N G), or for 
early nucleation B = f (NG), and assuming either 


G = G,.exp (— Q¢/RT) 
and/or 


N = N, exp (— Q»/RT) 


additional information might be obtained by a plot 
of log B as a function of 1/T. Such a plot is shown 
in Fig. 15. The shape of this curve is of the form 
consistent with temperature dependence of G, de- 
termined from the data of Ward, Turnbull, and 
Treaftis as reported in Burke and Turnbull.” Fig. 15 
is also consistent with Fig. 11 since the latter does 
not contain points for 10°/T > 2.0. 


Efforts were made to measure N and G by metal- 
lographic means. This procedure was experimentally 
unfeasible, since with the techniques used it was 
possible to distinguish recrystallized areas but it 
was not possible to distinguish clearly grain bound- 
aries within recrystallized areas. As previously 
noted, the final grain sizes of the three types of 
material were similar so that there is no large 


difference in the N/G ratio. 


Summary 

The significant differences between the recrystal- 
lization behavior of straight, cross, or compression- 
rolled copper appear to be associated with: 

1) Different deformation and recrystallization 
textures. 

2) Different as-rolled hardness, i.e., more strain 
hardening in straight-rolled material. 

3) Differences in nucleation periods (see Figs. 
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Fig. 11—Tempera- 
ture dependence of 
the time for 50 pct 
recrystallization of 
OFHC copper cold- 
rolled 96.4 pct re- 
duction. T represents ° 
temperature in °K; | 
and t is time for 50 Lie 
pet recrystallization. 


Fig. 12—Fraction of 
straight-rolled cop- 
per recrystallized as 
a function of time at 
various temperatures. 
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Fig. 13—Fraction of 
cross-rolled copper 
recrystallized as a 
function of time at 
various tempera- 
tures. 
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Fig. 14—Fraction of 
compression-rolled 
copper recrystallized 
as a function of 
time at various 
temperatures. 
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9, 10, and 11), i.e., straight-rolled material starts to 
recrystallize faster. 
4) Different values of the temperature-inde- 
pendent intercept constant A in the rate equation. 
The differences in the behavior of the straight, 
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cross, and compression-rolled copper are not asso- 
ciated with: 

1) The temperature dependence of the rate of 
recrystallization, Qr. 

2) The shape of the curve for the fraction re- 
crystallized as-a function of time. 
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Hydrogen Embrittlement 
In an Ultra-High-Strength 4340 Steel 


Tension, notch-tension, bend, and sustained-load tests have been employed in the examination 


of the hydrogen-embrittlement of high-strength 4340 steel. 


Hydrogen was introduced into the 


specimens under conditions corresponding to cleaning and plating conditions. Hydrogen-embrittle- 
ment in the static tests was found to depend on the strain rates used, in agreement with previous 
work. However, the rate of recovery from hydrogen embrittlement was found to differ for the 
cathodically cleaned and plated specimens. Failure in the sustained-load tests was shown to result 
from the development of a surface crack which, through growth, reduced the load-bearing cross 
section, with a consequent increase in the nominal stress on the section to a value equal to the 


fracture stress. 


by E. P. Klier, B. B. Muvdi, and G. Sachs 


[’ is now generally recognized that hydrogen is 
responsible for delayed failures encountered in 
high-strength steels,”’ and the hydrogen responsible 
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for the embrittlement is introduced in the cathodic 
cleaning and plating operations to which these steels 
are subjected. 

Numerous test methods have been used in the 
past for the determination of brittleness in em- 
brittled parts, namely tension,” * notch-tension,” 
impact,’ stress-rupture,” * and bend tests.” *‘ Several 
of these tests are not suitable for routine testing. 
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Other tests are insensitive and will not clearly indi- 
cate embrittlement due to hydrogen. Notable among 
the latter is the impact test, which does not respond 
to hydrogen. Furthermore, for none of the tests 
which have recently been used in measuring hydro- 
gen embrittlement has there been suitable correla- 
tion with the embrittlement that arises due to the 
plating operation. 

In the present report hydrogen embrittlement as 
promoted by copper plating is compared to that de- 
veloped by cathodic treatment in caustic soda for 
4340 steel at selected strength levels above 200,000 
psi tensile strength. Data have been obtained with 
bend, variable-rate tensile, notch-tensile, and sus- 
tained-load tests. 


Experimental Procedure 

The 4340 steel selected for this investigation was 
obtained as 9/16-in.-diam bar stock having the fol- 
lowing chemical composition: 0.38 pct C, 0.71 pct 
Mn, 0.017 pet P, 0.02 pct S, 0.30 pct Si, 1.90 pct Ni, 
0.96 pet Cr, and 0.24 pect Mo. The rough-machined 
specimens were austenitized in carbon blocks at 
1600°F for 1 hr, oil quenched, and tempered at tem- 
peratures from 400° to 800°F. The bend, tensile, 
notch-tensile, impact, and sustained-load specimens 
used are illustrated in Fig. 1. Fig. 2 shows the hard- 
ness of the 4340 steel studied as a function of tem- 
pering temperature, together with the tensile 
strength and ductility curves for a comparable heat 
of the same steel. 

The tension tests were made on a 60,000-lb uni- 
versal testing machine. All strain rates reported are 


Table |. Results of Cathodically Embrittied Bend Test Specimens 
of 4340 Steel (1600°F — Oil), Tempered at 400°F. Test Tempera- 
ture — Room Temperature 


Current 
Density, Charging Loading 
Ma per Time, Treatment Given Rate, In. Deflec- 
Sq In. Min. to Specimen per Min tion, In. 
447 30 Aged for 48 hr after 0.20 0.26 
embrittlement 
447 30 Aged for 48 hr after 0.20 0.26 
embrittlement 
447 30 Aged for 212 hr after 0.20 0.26 
embrittlement 
447 30 Aged for 212 hr after 0.20 0.26 
embrittlement 
447 150 Aged for 48 hr after 0.20 0.26 
embrittlement 
447 150 Aged for 48 hr after 0.20 0.26 
embrittlement 
447 150 Aged for 212 hr after 0.20 0.26 
embrittlement 
447 150 Aged for 212 hr after 0.20 0.095* 
embrittlement 


* Specimen broke at the deflection indicated. The rest of the 
specimens did not fracture at 0.26 in. deflection, which is indicative 
of recovery. 


approximate and refer to the no-load rate of cross- 
head movement. The three rates employed were 2, 
0.2, and 0.02 in. per min, which corresponded to 
7000, 1000, and 125 psi per sec, respectively. 

Constant-load tests were conducted in stress- 
rupture machines in order to simulate sustained- 
load applications. Impact-bend tests were used for 
evaluating the effect of very high strain rates. 

In all tests where concentricity of loading was 
required, special aligning fixtures were employed. 

Hydrogen was introduced into selected specimens 
by plating according to commercial practice. The 
remaining specimens were embrittled by cathodic 
_treatment in an electrolyte of 10 pct sodium hydr- 


TRANSACTIONS AIME 


0.035R 
0.994 | 
1/2 


SMOOTH BEND SPECIMENS SMOOTH TENSION SPECIMENS 


1/8R 


0.035R 

cif 9.212 0-300 0.200 -300 | 

1 


1 

1-1/2 1-1/2 


NOTCH TENSILE AND 
SUST AINED-LOAD SPECIMENS 


SMOOTH SUSTAINED- 
LOAD SPECIMENS 


Fig. 1—Test speciinens used in this investigation. 


oxide. Exposure times of % and 2% hr at a current 
density of about 500 ma per sq in. were used to 
obtain hydrogen contents, symbol C, and symbol C,, 
respectively, in these specimens. 


Experimental Results 

Bend Tests—Preliminary experimentation served 
to evaluate the effects of medium and high hydrogen 
contents. For this purpose bend tests were performed 
on 4340 steel specimens tempered at 400°F. 

The results of the bend tests on smooth specimens 
are presented in Fig. 3. The ductility of smooth 
specimens measured by the deflection at fracturing 
clearly revealed the effects of various conditions of 
embrittlement, and various strain rates (Fig. 3). 
The ductility of notched-bend specimens was found 
to be an insensitive index of hydrogen embrittle- 
ment, and this also applied to the fracture load, but 
to a lesser degree. Because of this lack of sensitive 
response to hydrogen embrittlement, all bend tests 
reported were performed on smooth specimens. 

The most notable feature of Fig. 3 is the pro- 
nounced dependence of hydrogen embrittlement on 
strain rate. Specimens embrittled under the most 
severe conditions remained ductile in the impact 
test. In contrast, a decrease in the strain rate by 
about two orders, to the maximum strain rate pos- 
sible in an ordinary tensile machine, led to pro- 
nounced embrittlement under nearly all controllable 
cell-operating conditions. For cell-exposure times 
of 20 min or more, hydrogen embrittlement was 
observed with this test at current densities of 10 ma 
per sq in. or greater. 

Specimens embrittled by cathodic treatment in 
caustic soda recovered ductility within a short time 
if aged at room temperature, as indicated in Table I. 

Bend-test data for plated specimens, Table II, in- 
dicate that hydrogen embrittlement due to plating 
is severe and if plating conditions are to be simu- 
lated, severe cathodic treatment is required. For this 
reason, two hydrogen contents have been defined in 
terms of a current density of approximately 500 ma 
per sq in. for %-hr exposure for hydrogen content 
C, (to simulate embrittlement due to copper plat- 
ing), and for 21%4-hr exposure for hydrogen content 

While the initial conditions of embrittlement ob- 
served in the cathodically embrittled specimens 
corresponded to that observed in plated specimens, 
recovery of ductility for the two embrittled condi- 
tions was strikingly different. For the plated speci- 


JANUARY 1957, JOURNAL OF METALS—107 


60 T 


4340 
[1000 °F-O1L 


SS 


50 


C 


R_HARDNE 


| 
lo TENSILE STRENGTH 


(COMPARABLE HEAT OF 
4340 


60 


40 t t 


REDUCTION OF AREA 
(COMPARABLE HEAT OF) 
1 4340 


300 
Fig. 2—Hardness, 
tensile strength, and 
reduction of area of 
unembrittled 4340 
steel as a function 
of tempering tem- 
perature. 


1000 PSL 


PERCENT 


400 500 600 700 800 
TEMPERING TEMPERATURE - °F 


4 
LOADING RATE 
BATH: MA. PER IN. PER 
10% NaOH at 30°C SQ. IN. MIN. 
e 10 0.2 
0.30 Oe 4 
| + 10 2.0 
O 200 220 5 
200 IMPACT as a function of 
B 1000 IMPACT charging time for 
smooth bend speci- 
0.20 mens of 4340 steel 
2 ° with strain rate and 
ii x hydrogen content as 
parameters. Test 
PL temperature equals 
room t rature. 
e 
e e 
0.05 a 
1600°F -O1L 
SPECIMENS TEMPERED AT 400°F 
0 1 1 


0 25 50 7s 100 125 
CHARGING TIME - MIN. 


mens, recovery at room temperature progressed at 
a slow rate and was difficult to achieve fully for the 
test specimen used even with baking treatments. 
Thus, the recovery rate is much slower for the smooth 
plated specimens than it is for the notched cathodi- 
cally embrittled specimens investigated by Frohm- 
berg, Barnett, and Troiano.’ 

Tension Tests—Tension tests on smooth and 
notched specimens were completed and pertinent 
data are presented in Figs. 4 and 5 in comparison 
with the notch strength of a comparable unem- 
brittled heat of 4340. Smooth specimens in general 
broke in the fillet where the stress concentration 
factor was approximately K = 1.7, where K is the 
theoretical stress-concentration factor as determined 
by Neuber’s theory according to Peterson.’ Tensile 
strengths for these specimens have been referenced 
in the figures at a stress concentration of K = 1.7. 

The notch-strength values for the embrittled steels 
were found to depend on the strength level (or 
tempering temperature), the strain rate, the hydro- 
gen content, and the stress-concentration factor. As 
is evident in Figs. 4 and 5 hydrogen embrittlement 
is severe only for tempering at less than 800°F. In 
general, with increasing hydrogen content and with 
decreasing strain rate, brittleness was enhanced. For 
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the notched specimens increasing stress concentra- 
tion also promoted an increase in brittleness. The 
brittleness condition observed for the smooth speci- 
mens, however, did not fit into the general pattern 
of behavior observed for the notched specimens. It 
appears that the inversion of effect of stress concen- 
tration in promoting embrittlement is due to a multi- 
plicity of factors. Among these is the change in the 
cell-operating conditions caused by the change in 
the geometry of cathode. For example, the throw- 
ing power of a plating cell is altered by the geometry 
of the cathode. As a consequence the hydrogen con- 
tent of the metal at the base of a sharp circular 
notch would be less than that in a volume of metal 
in the smooth contour of a well filleted shoulder. 
Further, the diffusion for the sharp circular notch 
would be along a two-dimension gradient while for 
the smooth specimen this gradient would be one- 
dimensional. It may be expected, therefore, that 
the hydrogen content of the shoulder of the smooth 
specimen would be higher and would remain higher 
than that at the base of the sharp circular notch. 


Sustained-Load Failures—Sustained-load failures 
have been one of the most perplexing types of 
failures traceable to the action of hydrogen. This 
type of failure has recently been studied at length.’ 
However, the referenced embrittling conditions em- 
ployed were probably mild compared to plating 
conditions and were very mild compared to those 
used here. Results obtained in the present program 
under the more severe embrittling and plating con- 
ditions for smooth and notched specimens are pre- 
sented in Fig. 6, in comparison with comparable 
data from Frohmberg et al.’ 

Although the test section of the smooth specimens 
used in this investigation was reduced, cf. Fig. 1, 
the specimens broke either under the head or at the 
¥g-in.-radius fillet, where the stress-concentration 
factor is approximately K = 1.1. As in the case of 
the smooth-specimen tensile tests, the results for the 
smooth specimens in the stress rupture investiga- 
tions were evaluated on the basis of the stress con- 
centration existing at the locations of failure. Again, 
as in the case of the tensile experiments, the com- 
paratively mild notch under the specimen head 
caused a higher reduction in strength than would 
result from the same stress concentration due to a 
circular notch. The results presented in Fig. 6 show 
that the effects of a stress-concentration factor of 
K = 1.7 under the specimen head are comparable 
to those of a stress-concentration factor of K = 5 
introduced by a circular notch. 


From Fig. 6 it is seen that for all tests sustained 
loads led to reduced breaking strength for the em- 
brittling and plating conditions studied. The data 
obtained in the present investigation differ quantita- 
tively from the data presented by Frohmberg et al.’ 
and for the most part the differences are to be at- 
tributed to differences in the embrittling conditions. 
An important exception, however, is observed for 
the steels tempered to a strength level of about 
200,000 psi. At this strength level numerical differ- 
ences arise in the compared data that are probably 
best interpreted as due to material differences. 

The sustained load specimens were examined 
periodically and, for the notched specimens, were 
found to develop circumferential cracks. After 
failure the fracture sections in specimens broken 
by sustained loads are composed of a central cir- 
cular section surrounded by an outer peripheral and 
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usually symmetrical rim area. The low-head frac- 
tures, therefore, closely resemble low-load fatigue 
fractures. 

The extent of crack penetration for the specimens 
for two stress concentrations and three tempering 
temperatures was measured as a function of time 
to fracture, Fig. 7. Of interest is the initial rapid 
average rate of growth of the crack* in the speci- 


* The average rate of crack i 
Lee pa growth is equal to the secant to the 


mens tempered at 500° and 700°F as compared to 
the crack growth in specimens tempered at 800°F. 
The average rates of continued crack growth in the 
three sets of specimens after the preliminary stage 
appear to be constant. 

The differences in the initial average crack-growth 
rates are possibly due to one or both of two factors, 
namely, 1) structural differences resulting from the 
different tempering treatments for the different steel 
conditions, and 2) reduction in the hydrogen con- 
tent at the base of the sharper notch to be attributed 
to the cell-operating conditions as discussed earlier. 

In the present work the development of the two 
fracture zones has been considered as being an 


Table II. Results of Commercially Plated Bend Test Specimens of 
4340 Steel (1600°F — Oil), Tempered at 400°F. Test Tempera- 
ture = Room Temperature 


Loading Frac- 
Rate, Deflec- ture 

Type of Treatment Given In. per tion, Load, 
Plating to Specimen Min In. Lb 

Aged for 48 hr after plating 0 0.095 11,600 

Cadmium Aged for 212 hr after plating 0.20 0.095 12,200 
plating Heated to 300°F for 10 hr 0.20 0.250* —_ 
Heated to 300°F for 24 hr 0.20 0.260* _— 

| Cycled 20 times (R.T., 300°F) 0.20 0.100 12,100 

Aged for 48 hr after plating 0.20 1.100 12,000 

Aged for 212 hr after plating 0.20 0.100 12,200 

Chromium ) Aged for 4320 hr after plating 0.20 0.180 13,500 

plating Heated to 300°F for 10 hr 0.20 0.215 14,100 

Heated to 300°F for 24 hr 0.20 0.195 13,700 

Cycled 20 times (R.T., 300°F) 0.20 0.195 14,300 

Aged for 48 hr after plating 0.20 0.100 13,000 

Aged for 212 hr after plating 0.20 0.165 13,700 

Copper Aged for 4320 hr after plating 0.20 0.240 15,500 

plating Heated to 300°F for 10 hr 0.20 0.200 14,100 
Heated to 300°F for 24 hr 0.20 0.265* — 

Cycled 20 times (R.T., 300°F) 0.20 0.190 13,700 


* Did not fracture. 


analogy to the development of the two fracture 
zones in typical fatigue failures. Thus, through the 
combined action of high stress and hydrogen pres- 
ence, a fracture is initiated. This crack is propagated 
as a function of the rate of hydrogen diffusion to 
the propagating crack front and as a function of the 
rate of increase of the stress concentration and 
stress level due to the change in notch geometry 
through the development of the crack and due to 
reduction in. the cross section through propagation 
of the crack. These factors may ultimately lead to 
failure at nominal stresses very much lower than 
the failure stresses expected. 
According to the above theory, the notch strength 
of the specimen referred to the instantaneous frac- 
_ture section should remain constant after a stable 
notch condition has been reached, i.e., after an effec- 
tive maximum stress concentration has been 


TRANSACTIONS AIME 


achieved. Data which may be examined in this way 
are presented in Fig. 8. 

The notch strength data fall into two groups, in 
the first of which the notch strength remains con- 
stant throughout, indicating that the steel in this 
condition is notch insensitive. In the second group 
the notch strength drops with increasing time to 
rupture and stabilizes at a value of about 110,000 


350 


300 


250 ‘ Ne) 


200 


150 


- 1000 PSI 


Cc) 


2.00 IN.PER MIN. 0.20 IN.PER MIN. 
100 
350 


ho 200 400 600 800 1000 
TEMPERING TEMPERATURE -°F 


/ 


300 


4340, 1600°F -OIL 
4 N BATH: 10% NaOH at 30°C 
C, : 447 MA. PER SQ.IN. FOR 1/2 HR. 


NOTCH STRENGTH 


250 


200 


150 


ANS 


10 
1 10 UNEMBRITTLED, 
0.02 IN.PER MIN. (COMPARABLE HEAT OF 4340) 


100 
200 400 600 800 1000 
TEMPERING TEMPERATURE-°F 


Fig. 4—Dependence of notch strength of embrittled 4340 
steel on tempering temperature for three strain rates. Test 
temperature equals room temperature. 
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Fig. 5—Dependence of notch strength of embrittled 4340 
steel on tempering temperature for three strain rates. Test 
temperature equals room temperature. 
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Fig. 6—Stress-rupture curves for hydrogen-embrittled 4340 
steel for the indicated test conditions. 


psi. The circumstances of the test would indicate 
that this reduction in the instantaneous notch 
strength is due to the increase in the notch sharp- 
ness and thus to the increase in the stress concen- 
tration due to the crack. This reduction is probably 
not due to the action of the hydrogen on the struc- 
ture as postulated by other investigators,’ as is indi- 
cated by the results for the steel tempered at 800°F. 


Discussion and Conclusions 

The 4340 steel, when heat treated to strength 
levels above 200,000 psi, corresponding to tempering 
temperatures of 700°C and lower, is highly sus- 
ceptible to hydrogen embrittlement. For steels ex- 
posed to embrittling conditions which correspond to 
those encountered in cathodic cleaning and plating, 
both smooth and notched specimens tested in bend- 
ing, tension, or under sustained loads may be used 
to determine the degree of embrittlement. All test- 
ing procedures are not equally sensitive and the 
sensitive procedures may become insensitive as the 
experimental conditions are changed. Most notable 
of the factors which influence the test results is the 
strain rate. As is now generally recognized,” 
hydrogen embrittlement is minimized as the strain 
rate is increased, while it is enhanced as the strain 


110—JOURNAL OF METALS, JANUARY 1957 


T T T 
500°F (270, 000 PSI) 
@ 700°F (230, 000 Ps!) 
0.05 ky = 800°F (210, 000 PSI) 
800°F (210,000 PSI) — COPPER PLATED 
4340 (1600°F — OIL) 


CATHODICALLY 
EMBRITTLED, 


Fig. 7—Crack pene- 
tration as a function 
of time to rupture 
for hydrogen- 
embrittled and cop- 
per-plated notched 
specimens of 4340 


ture equals room o.019 = 
temperature. 
0 


TIME TO RUPTURE — HR 


° 
= 


3 
e 


CRACK PENETRATION - IN 


rate is decreased. Associated with an increasing 
trend toward hydrogen embrittlement are character- 
istic property changes in the ultra-high-strength 
4340 steel studied. These changes as determined 
here and as observed in other investigations are: 
1) in both smooth and notched specimens there is 
a decrease in ductility;»*°** 2) in notched speci- 
mens there is a reduction in notch strength;”*° 3) 
in both smooth and notched specimens there is sus- 
ceptibility to failure under sustained loads;* 4) there 
is relative insensitivity to notch dimensions with 
even very mild notches, promoting extreme em- 
brittlement;* 5) as the strength level increases 


* This does not signify that under all conditions of hydrogen em- 
brittlement the notch is not an effective agent of the embrittlement. 
But under the conditions existing in plating an initially sharp notch 
is not required. 


above 200,000 psi, the susceptibility to hydrogen em- 
brittlement increases progressively; 6) the strength 
properties of 4340 steel are sensitive to the strain 
rate to a remarkable degree as is indicated in Fig. 
9; 7) in sustained load systems the low fracture 
strengths result from the formation of an external 
crack and consequent reduction in the cross section, 
leading to an exceeding of the fracture strength; 
and 8) as the tensile strength increases above 200,000 
psi, the limiting notch strength drops from about 
300,000 psi to a value of about 110,000 psi. 

The qualitative features of the data for cathodic 
embrittlement in caustic soda are in essential agree- 
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Fig. 8—Notch strength referred to instantaneous fracture 
area as a function of rupture time for hydrogen-embrittled 
and copper-plated 0.3-in.-diam notched specimens of 4340 
steel. Test temperature equals room temperature. 
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ment with the data obtained in acid solutions” * by 
other investigators. The present data quantitatively 
represent an embrittlement condition intermediate 
between the extreme conditions used in other com- 
parable studies. The data obtained for plated speci- 
mens, however, indicate qualitative differences from 
cathodically embrittled specimens. These differences 
appear mainly in the recovery characteristics of the 
embrittled and plated specimens. For example, con- 
siderable recovery of embrittled specimens is re- 
ported for holding at room temperature for 24 hr.” 
On the other hand, plated specimens held for more 
than a week at room temperature are still fully as 
brittle as freshly embrittled specimens, or are only 
slightly recovered. Furthermore, while certain plated 
conditions can be restored through baking to a 
practically unembrittled condition, there is a ques- 
tion whether this is possible, in general, after plat- 
ing. It is believed that these different behaviors 
result from the different cell conditions under which 
hydrogen is introduced into the steel and from the 
different diffusion systems present in the embrittled 
specimens after removal from the electrolytic cell. 

In the cathodic treatment of the specimen, hydro- 
gen may be considered as being plated on the speci- 
men surface. This surface is an efficient catalyzer 
of the reaction Hioie > Hmoreenar under this plating 
condition. Little of the hydrogen passed through the 
cell enters the specimen. This condition is modified 
at least in part during plating and the hydrogen 
that is plated on during the true plating operation 
is retained on the surface and is free to diffuse into 
the steel from this location. Some measure of the 
hydrogen entrapped in the plate is given by the 
plating efficiency of the plating bath used. While 
side reactions have been neglected here in deter- 
mining cell efficiencies, there is little question that 
large amounts of hydrogen are present in the various 
plates. Once the plated and cathodically embrittled 
specimens are removed from the electrolytic cells, 
physically different hydrogen gradients are estab- 
lished at the steel surface for the two conditions. 
These two types of gradients are indicated in Fig. 10. 

For the cathodically embrittled specimen the sur- 
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Fig. 10—Expected hydrogen concentration gradients in 
cathodically embrittled and plated specimens after removal 
from the electrolytic cell. Time A < time B < time C. 


face is open and hydrogen is free to diffuse away 
immediately. While the hydrogen content at the 
surface is thus reduced, an appreciable fraction of 
the total hydrogen in the specimen is also probably 
lost in a very short time. This is contrary to the 
condition which is visualized for the plated speci- 
men where the hydrogen content at the plate-speci- 
men interface will remain at a high level until it is 
dissipated by diffusion either into the specimen or 
through the plate, to be oxidized or otherwise re- 
moved from the plate surface. The diffusion process, 
however, may be complex and may lead to a sta- 
tionary state with high hydrogen content at the 
plate-steel interface, in which case a nearly per- 
manent state of hydrogen embrittlement would re- 
sult. Under steady load application this hydrogen 
would then be available for the development of a 
crack and ultimate fracture as has been described. 

Many questions have been raised in the examina- 
tion of the problem of hydrogen embrittlement. One 
of these, for example, is the role of hydrogen in 
promoting crack formation. Another is the possi- 
bility that certain plating operations may lead to 
permanent damage and embrittlement of the steel. 
Further, the coating of plated specimens may repre- 
sent a source of hydrogen leading to embrittlement 
of the steel. Finally, different steels and different 
heats of the same steel may respond differently to 
hydrogen embrittlement. 
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Tensile Deformation 


Of Silver as a Function of Temperature, 


Strain Rate, and Grain Size 


True stress, true strain data are reported for high purity (0.9997+-) silver of three 
grain sizes over the temperature range 20° to 1173°K (0.016 to 0.9607/Txx). Strain rate 
sensitivity was determined by rate-change tests. The properties so determined are quali- 
tatively similar to those previously reported for copper. 


by R. P. Carreker, Jr. 


HE experiments described in this report were 

conducted as a part of a general program de- 
signed to document the deformation behavior of 
pure metals over a wide range of temperature. 


Material 

The silver used in this investigation was obtained 
from the Handy and Harmon Co. as 99.97-+ pct pure. 
It is from the same length of wire as that designated 
H-H silver by Hoffman and Turnbull in their inves- 
tigation of self-diffusion in silver." The silver was 
drawn at room temperature from 0.060-in. diam to 
0.020-in. diam wire without intermediate annealing. 
Seven-inch lengths of cold-drawn wire were an- 
nealed in groups of ten by placing them in individual 
quartz tubes spaced circumferentially about and 
near the vertical furnace axis. Dry nitrogen was 
passed through the furnace to lower the partial 
pressure of oxygen. The three annealing tempera- 
tures used were 700°, 800°, and 900°C, producing 
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Fig. 1—Yield 
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0.005) of silver as a 
function of tempera- 
ture for three grain 


sizes. 
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grain sizes of 0.017, 0.040, and 0.250 mm diam after 
30 min at temperature. 


Testing Procedure 
The details of the testing procedure have been de- 
scribed in the reporting of results of a similar in- 
vestigation of copper.” Annealed specimens of 5-in. 
gage length were gripped between grooved plates. 
Tests were performed using an Instron tensile-test- 
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ing machine, which imposes a selected constant rate 
of head motion and automatically records load vs 
time with considerable precision, permitting time 
to be a measure of strain in a wire specimen. Test 
temperatures were reproduced, maintained con- 
stant, and were uniform over the specimen length 
within 2°C. 

All test data were reduced to true stress o and 
true plastic strain «, assuming constant volume dur- 
ing plastic deformation, so that elongation measure- 
ments define instantaneous areas. This assumption 
precludes analysis beyond the necking strain, but 
for wire specimens the uniform strain is virtually 
total elongation. 

Figs. 1 to 3 show the yield strength (oc ate = 0.005), 
tensile strength, and percent elongation as a func- 
tion of temperature for the three grain sizes. The 
yield-strength values for the large grain size scatter 
considerably, probably as a result of the small num- 
ber of grains in the specimen cross section. Note 
the marked effect of temperature on the tensile 
strength, as compared to the yield strength, a mani- 
festation of the pronounced effect of temperature 
on strain hardening. Figs. 4 to 6 show true-stress 
vs true-strain curves at several temperatures for 
each of the three grain sizes. Since continuous- 
recording instruments were used, the many arbi- 
trary points used in constructing these curves have 
been omitted. Fig. 7 is a cross-plot of the true-stress 
vs true-strain curves for specimens annealed at 
700°C, illustrating the effect of temperature on the 
flow stress at selected strains. Fig. 8 is typical of 
the true-stress vs true-strain data when plotted on 
logarithmic coordinates. Note that these curves do 
not conform to the straight-line relation implied by 
the equation o = Ke”. However, they approximate 
that relation over a limited range of strain so that 
the slope, m, may be used as a measure of strain 
hardening. Values of the strain-hardening exponent, 
m, were determined at the arbitrary strain of «= 
0.10, selected to be consistent with parallel investi- 
gations on other materials, and plotted in Fig. 9. 
Increased temperature decreases m markedly at this 
relatively large strain. At strains of the order of 
0.61, the strain-hardening exponent is not markedly 
influenced by temperature. There is no apparent 
effect of grain size on m. 


' 
Fig. 4—True stress, true strain x 5}— 
curves at several temperatures = 
for silver annealed at 700°C. oo 
Grain diameter, 0.017 mm. oA 
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The technique of the rate-change test and the 
reasons for its use were discussed in reference 2. 
Briefly, the test determines a strain rate exponent, 
n, of the relation o = Ke”, by noting the displace- 
ment in flow stress produced by a sudden (ten-fold) 
change in strain rate. The results of such tests are 
plotted in Fig. 10. The strain-rate sensitivity of silver 
is zero (or very small) at 78°K and increases lin- 
early with temperature to 473°K with no apparent 
effect of grain size. At a critical temperature 473° 
< T, < 673°K the strain-rate sensitivity becomes 
markedly dependent on temperature and grain size. 

These results are qualitatively similar to those 
obtained in similar experiments on copper.* They 
differ in two respects: 1) the low-temperature rate 
sensitivity is apparently zero at a finite temperature 
(approximately 78°K) for silver, whereas the cop- 
per data extrapolated to zero rate sensitivity at zero 
temperature, and 2) the low-temperature rate sen- 
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Fig. 3—Percentage 
of elongation of 
silver as a function 
of temperature for 
three grain sizes. 
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Fig. 5—True stress, true strain curves at several tempera- 
tures for silver annealed at 800°C. Grain diameter, 0.040 mm. 
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Fig. 6—True stress, true strain curves at several tempera- 
tures for silver annealed at 900°C. Grain diameter, 0.250 mm. 
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Fig. 7—Flow stress at selected strains as a function of tem- 
perature for silyer annealed at 700°C. Grain diameter, 0.017 
mm. 


sitivity is not markedly dependent on grain size in 
the case of silver, but is sensibly dependent on grain 
size in the case of copper. 

Some effects of grain size have already been noted. 
In Fig. 1, for example, note that grain size affects 
the yield strength of silver significantly, the effect 
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being larger at low temperatures than at higher 
temperatures. As Fig. 11 shows, the effect of grain 
size is most important at low strains and decreases 
with increasing strain, becoming insignificant at 
« > 0.10. These results are in qualitative agreement 
with those obtained on copper.’ However, the con- 
vergence diameter, d’ = 10% cm, is two orders of 
magnitude smaller than that observed for copper. 
Further, the convergence diameter differs by the 
same degree from Woods’ limiting crystallite size, 
and the following relation between convergence 
stress o’ and convergence diameter cited in reference 
2 does not hold: 


where E = Young’s elastic modulus, and b = Bur- 
ger’s vector, taken to be one atomic spacing. Thus, 
the coincidence of Woods’ limiting crystallite size 
and the convergence diameter observed in the case 
of copper must be dismissed as trivial. 

In the case of copper, the tensile strength was 
relatively independent of the grain size of the speci- 
men. The same trend is evident here, Fig. 2, where 
the 0.017-mm and the 0.040-mm results coincide, 
but the 0.250-mm specimens were decidedly weaker 
at the lower temperatures. It is thought that the 
difference is due to the large grain diameter to 
specimen diameter ratio of the 900°C annealed sil- 
ver specimens. 

All fractures were examined as to type, whether 
of the ductile, necked-down type characteristic of 
transgranular, ductile fracture or of the brittle, 
intergranular fracture resulting from separation of 
metal grains at high temperatures. Fig. 12 shows 
the effect of grain size on the temperature at which 
the transition in fracture mode occurs. Fine- 
grained specimens fail intergranularly at lower 
temperatures than coarse-grained specimens. 


Summary 
The flow and fracture characteristics of silver 
and the influence of temperature, strain rate, and 
grain size upon these characteristics are qualita- 
tively similar to those previously reported for cop- 
per. For both of these face-centered-cubic metals: 


1) The flow curves do not exhibit discontinuous 
yielding at any temperature in the range 20°K to 
1100°K. 


2) The flow stress at any arbitrary strain extrap- 
olates to finite values at the absolute zero of tem- 
perature, the effect of temperature being small at 
small strains and larger at large strains, since strain 
hardening increases markedly with decreasing tem- 
perature. 


3) Grain size markedly influences the yield 
strength at low temperatures, the magnitude of the 
influence decreasing with increasing temperature. 
The tensile strength is virtually independent of grain 
size at all temperatures, so long as the grain size 
does not approach the specimen size. 


4) The strain-rate sensitivity is zero at some low 
temperature (0°K for copper, 78°K for silver); it 
increases linearly with increasing temperature to 
an inflection point at a critical temperature (ap- 
proximately 500°K for copper, 600°K for silver); 
above the inflection point the strain-rate sensitivity 
increases more rapidly with increasing temperature. 
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Fig. 11—Effect of grain size on the flow stress of silver at 
300°K. 


5) The uniform elongation that occurs prior to 
necking increases continuously with decreasing 
temperature. In wire specimens this uniform elonga- 
tion is virtually total elongation. The high-tem- 
perature transition from transgranular to inter- 
granular fracture is a function of grain size, fine- 
grained specimens failing intergranularly at lower 
temperatures than coarse-grained specimens. 
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Technical Note 


Effect of Nitrogen on Hardenability in Boron Steels 


by John C. Shyne and Eric R. Morgan 


{Beas as a hardenability agent of commercial 
importance has been the subject of extensive 
study in recent years. It has been suggested in the 
past that boron increases hardenability by combin- 
ing with nitrogen, thus rendering it innocuous.’ 
More recently it has been proposed that boron in- 
creases hardenability by reducing the free energy 
of sites of ferrite and pearlite nucleation.’ The seg- 
regation of boron to grain boundaries, the primary 
site of nucleation, would account for the large hard- 
enability effect of minute additions of boron in steel. 
This grain boundary theory has found general ac- 
ceptance while the concept of boron as a nitrogen 
scavenger has been disregarded. However, the inter- 
action of boron and nitrogen in steel is considered 
to be important to hardenability because boron may 
be made ineffective by combination with nitrogen.” * 

The present work was undertaken to examine 
some of the effects of boron and nitrogen and their 
interaction in steel. 

A base composition of moderate hardenability 
was chosen. This was a 0.35 pct C steel containing 
2.50 pet Ni and 0.30 Mo. This composition was used 
because it contained no strong carbide, nitride, or 


Table I. Composition of Steels by Analysis, Wt Pct 


Steel Cc Ni Mo O* B N* 

Base 0.35 2.50 0.30 0.0012 nil <0.0001 
Boron 0.35 2.50 0.32 0.0012 0.0022 <0.0001 
Nitrogen 0.33 2.60 0.35 0.0015 nil 0.0052 
Boron plus nitrogen 0.35 2.48 0.30 0.0006 0.0020 0.0040 


* Obtained by vacuum fusion technique. 


boride-forming elements. The other alloys examined 
were modifications of the base composition and con- 
tained nitrogen, boron, or nitrogen plus boron. The 
compositions of the four alloys used are listed in 
Table I. 

The alloys were vacuum melted from electrolytic 
iron, electrolytic nickel, ferromolybdenum, and fer- 
roboron. When required, nitrogen was added by 
admitting a partial pressure of nitrogen over the 
melt after vacuum melting. 

The alloys were cast into 244-in. diam ingots and 
hot rolled to %-in. sq bars. No ingot pattern was 
discernible on the polished and etched cross sections 
of the hot-rolled bars. The alloys were normalized 
at 1650°F, then machined into standard %-in. diam 
end-quench hardenability test bars. 

Four different austenitizing treatments were used: 
60 min at 1550°F, 45 min at 1800°F, 30 min at 
2000°F, and 20 min at 2000°F followed immediately 
by 30 min at 1550°F. The 1550° and 2000°F treat- 
ments were carried out in duplicate for each of the 
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four steels. In order to prevent surface oxidation the 
bars were austenitized while buried under charcoal 
in an atmosphere of argon. 

After quenching the bars in a conventional end-- 
quench fixture, the hardness surveys were made in 
the usual fashion on parallel flats ground along op- 
posite sides of each bar. These were ground 0.050 in. 
deep rather than the conventional 0.015 in., to avoid 
decarburized or deboronized regions. The austenite 
grain sizes which resulted from each heat treatment 
were observed metallographically using Vilella’s 
etch for martensite. 

The criterion used as a measure of hardenability 
was the distance from the quenched ends of the bars 
at which a hardness of Rc 35 was observed. This 
hardness represented the inflection point on the 
hardness vs distance plot. Fig. 1 shows the harden- 
ability of each steel after the several heat treat- 
ments. The duplicate tests demonstrated excellent 
reproducibility; the distance to Rc 35 was repro- 
duced within 1/16 in. for duplicate test bars. 

All four alloys had the same grain-coarsening 
characteristics. Neither boron nor nitrogen had any 
observable effect on grain size. The grain sizes re- 
sulting from the various austenitizing treatments 
were ASTM 7 at 1550°F, ASTM 4 at 1800°F, and 
ASTM 2 at 2000°F. 

The small amount of boron in the boron steel 
greatly enhanced hardenability when the samples 
were austenitized at 1550°F. The low hardenability 
of the boron plus nitrogen steel showed that nitro- 
gen eliminated the boron contribution to harden- 
ability. Both steels containing nitrogen, with and 
without boron, exhibited lower hardenability than 
the base composition when quenched from 1550°F. 
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Fig. 1—Hardenability of steels after heat treatments. 
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When the austenitizing temperature was raised to 
1800°F the hardenability of all the steels increased 
although the contribution of boron to hardenability 
was less. 

After quenching from 2000°F, the base alloy, the 
boron steel, and the nitrogen steel all showed about 
the same high hardenability. 

In order to separate the effects of grain size and 
quenching temperature on hardenability, test bars 
were heated to 2000°F to coarsen the grain struc- 
ture, then cooled to 1550°F before quenching. In the 
case of both the base steel and the boron steel, a de- 
crease in quenching temperature did not affect hard- 
enability once the coarse grain size had been estab- 
lished. 

The behavior of the nitrogen-free boron steel was 
consistent with the theory that boron is effective 
because of its adsorption at grain boundaries. Boron 
had almost no effect when the grain size was ASTM 
2, but greatly increased the hardenability of the 
steel when the grain size was ASTM 7 (and the 
grain boundary area greater by a factor of 6). 

In contrast, both the nitrogen steels with a grain 
size of ASTM 2 showed much lower hardenability 


when quenched from 1550°F than when quenched 
from 2000°F. Both steels containing nitrogen re- 
sponded to heat treatment in a manner that suggests 
the existence of a second phase in the austenite. For 
quenching temperatures of 1550°F and 1800°F the 
nitrogen steels showed lower hardenability than the 
base alloy. When quenched from 2000°F the nitro- 
gen steel had the same hardenability as the base 
steel and the boron steel. This behavior could have 
been caused by particles of a second phase which 
acted as centers for heterogeneous nucleation at 
lower austenitizing temperatures, but which were 
dissolved at 2000°F. The lower hardenability of the 
steel containing boron plus nitrogen, when quenched 
from 2000°F, suggests the presence of stable nucle- 
ating particles even at that high temperature. 
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Metallography of Aluminum 


Powder Extrusions 


Electron micrographs were prepared of extrusions consisting of a dispersion of 
aluminum oxide in aluminum. In experimental extrusions of this type the oxide 
particles appear as platelets approximately 100A thick. In the commercial SAP 
(sintered aluminum powder) and APM (aluminum powder metallurgy) extrusions, the 
platelets appear to be partially or completely spheroidized. 


by F. V. Lenel, G. S. Ansell, and E. C. Nelson 
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RMANN’S' discovery that extrusions of fine alumi- 

num-flake powders possess remarkable high- 
temperature strengths has led to the production of a 
new class of engineering materials whose properties 
are derived from a fine dispersion of oxide particles 
in a metallic matrix. 

A fundamental study of such materials and eluci- 
dation of the mechanism whereby the oxide parti- 
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Fig. 2—Electron micrograph of extruded R40F powder. 
Transverse section, etched. X10,000. Reduced approximately 
Fig. 1—Electron micrograph of extruded R3M (atomized) 25 pct for reproduction. 

powder. Transverse section, etched. X10,000. Reduced ap- 
proximately 20 pct for reproduction. 


Fig. 4—Electron micrograph of extruded MD 5100 powder. 
Fig. 3—Electron micrograph of extruded MD 2100 powder. Transverse section, etched. X10,000. Reduced approximately 
Transverse section, etched. X10,000. Reduced approximately 20 pct for reproduction. 

25 pct for reproduction. 


Fig. 5—Electron micrograph of extruded MD 3100 powder. Fig. 6—Electron micrograph of extruded MD 7100 powder. 
Transverse section, etched. X10,000. Reduced approximately Transverse section, etched. X10,000. Reduced approximately 
20 pct for reproduction. 20 pct for reproduction. 
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cles confer strength to the matrix logically would 
begin with a study of the dispersion of the oxide 
particles in the extruded metal. Unfortunately, the 
extremely small size of the oxide particles makes 
the metallography of these materials most difficult. 
Theoretical considerations indicate that the thick- 
ness of the oxide coating on an aluminum flake will 
be of the order of magnitude of a hundred Angstrom 
units. This means that electron microscopy, with its 
attendant difficulties in technique and interpretation, 
must be used in order to resolve the oxide particles. 

Gregory and Grant’ have published electron mic- 
rographs of commercial sintered aluminum powders 
showing structural details which they identified as 
oxide particles, although these structural details did 
not correlate exactly with the known oxide contents 
of the materials. 

This paper describes a metallographic investiga- 
tion of experimental and commercial sintered alumi- 
num-powder extrusions using a high-resolution rep- 
lication technique for electron microscopy. 

The experimental extrusions are the same ones 
whose mechanical properties were investigated by 
Lenel, Backensto, and Rose*® as a function of the 
properties of the powders from which they were 
prepared. 


Materials 

Four samples of commercial SAP were obtained 
from the Aluminium Industrie Aktien-Gesellschaft 
(AIAG). Three grades of commercial extruded 
aluminum powder were also obtained from the 
Aluminum Co. of America. 

Experimental extrusions were made from four 
grades of fine-flake powder obtained from the Metals 
Disintegrating Co. and from a coarse-flake powder 
and atomized powder obtained from Reynolds 
Metals Co. 

The powders were degreased to remove the fatty 
acid lubricant which was used in their production 
and compacted at 25 tons per sq in. in a l-in.-diam 
die. Thirty-two grams of powder produced a green 
compact approximately 1 in. in length, which was 
hot pressed at 1000°F for 15 min at 25 tons per sq in. 
The hot-pressed compacts were then extruded into 
Y-in.-diam rods at 1000°F. The oxide contents of 
the various extrusions in weight percent are given in 
Table I. 


Metallographic Technique 

Specimens transverse to the direction of extrusion 
were mounted in plastic and carefully polished. The 
final polishing operation was alternated with light 
etching in 0.25 pct solution of hydrofluoric acid in a 
50-50 mixture of water and ethyl alcohol to remove 
traces of flowed metal. A final etch for 2 min pre- 
pared the specimens for replication. 

Replicas of the specimen surface for electron 
microscopic examination were prepared by a slightly 
modified version of the carbon-film technique intro- 
duced by Bradley.‘ Briefly, the technique consists of 
first making a comparatively thick Formvar replica 
of the specimen surface and backing the replica with 
a thick layer of nitrocellulose. This plastic replica 
is then mechanically stripped from the specimen 
surface. The Formvar side of the plastic replica is 
then preshadowed at an angle of 45° with a thin 
layer of chromium, after which a thin amorphous 
carbon film is evaporated over the plastic replica. 
. The plastic layers are then removed by washing with 
solvents, leaving a chromium shadowed carbon film 
replica of the original specimen surface. 
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The carbon-film replicas proved successful in this 
investigation for two major reasons. The carbon film 
was very thin, and, being an electrical conductor, 
was not damaged by the electron beam impinging 
upon it during examination in the electron micro- 
scope. Also, the comparatively great thickness of the 
plastic films prevented distortion of the replicas by 
the mechanical stripping. Because of this, the car- 
bon-film replicas possess high resolution. Bradley 
claims that 35A units is an attainable degree of 
resolution. The replicas were examined with an RCA 
Type EMT electron microscope having an inherent 
resolving power of 100A. 


Microstructure of Experimental Extrusions 


The experimental extrusions did not reveal any 
significant microstructural details upon examination 
with the light micrescope, although lines of extru- 
sion flow could be seen in deeply etched longitudinal 
sections. 

Fig. 1 shows an electron micrograph of a replica 
obtained from an extrusion of R3M atomized pow- 
der. This micrograph shows several surface features 
which are common to those obtained from all of the 


Table I. Oxide Contents of Commercial and Experimental Extrusions 


Oxide 
Source Designation Content, Pct 

AIAG SAP-1 10.9 
AIAG SAP-2 9.0 
AIAG SAP-3 13.9 
AIAG SAP-4 14.0 
Alcoa M 255 niet 
Alcoa M 257 7.25 
Alcoa M 276 16.5 
Experimental R3M (atomized) 1.40 
Experimental R40F (coarse flake) 1.6 
Experimental MD 2100 2.8 
Experimental MD 3100 9.3 
Experimental MD 5100 6.2 
Experimental MD 7100 1332 


experimental extrusions. These features are: polish- 
ing scratches, pits or porosity, and thin platelike 
ridges. 

The scratches are unavoidable and, to a degree, 
desirable. They cannot be avoided because during 
mechanical polishing some oxide particles invariably 
rip across the sample surface and produce scratches. 
Normal etching procedure will remove most of these 
fine scratches, but such an etch is too severe for 
electron microscopy. For this reason an extremely 
light etch was used which was just sufficient to re- 
move flowed metal but not deep enough to remove 
all traces of scratching. 

The scratches are valuable because they enable a 
distinction to be made between surface features 
which are in relief and those which are indented. 
As a consequence of the unidirectional shadowing, 
all surface features which are pits or grooves will 
have shadows on the same side as the scratches, 
while those features which protrude from the speci- 
men surface will have shadows on the opposite side 
from the scratches. 

Besides pits and scratches, a number of thin, plate- 
like ridges can be seen in Fig. 1. A similar struc- 
ture is evident in Fig. 2, an electron micrograph of 
extruded coarse-flake powder. In this case, the 
ridges are much less curved than those in Fig. 1, 
which suggests that the ridges are platelets of alum- 
inum oxide whose shape is determined to some ex- 
tent by the shape of the aluminum powder particles. 
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Table Il. Average Distance Between Platelets as Derived From Number of 


Intersections per Unit Length 


Between Oxide Platelets and Intercept Line 


Grade of Powder Flake Thickness Number of 


Tensile Strength, Psi 


From Which Determined by Intersections per Average Distance 7 
Extrusion Covering Capacity 4.5 « Length of Between Platelets, At 7 Seen 

Was Prepared Intercept Line N F/D At 400°C Temperatu 
Reynolds R3M = == == 
Reynolds R40F 2.3 4.6 0.96 2.4 8,000 24,300 
MD 2100 0.8 9.5 0.48 7 13,150 35,100 
MD 3100 0.4 25.1 0.18 Ro) 19,450 57,000 
MD 5100 0.4 0.26 19,000 44,500 
MD 7100 0.17 Boul 0.13 1.3 23,300 56,100 


In Fig. 3, an electron micrograph of an extruded 
flake powder having a higher oxide content than 
that of Fig. 2, more platelets are in evidence. Fig. 4 
shows that for still thinner flake powders, with 
higher oxide contents, a few of the platelets tend to 
gather together into closely spaced groups. Figs. 5 
and 6 show that the gathering of platelets into 
groups becomes more prominent in extrusions of 
the thinnest flake powders. 

The amount of platelike material shown in the 
series of electron micrographs increases with the 
oxide content of the samples, and it is reasonable to 
assume that the platelets are aluminum oxide which, 
being harder than the aluminum matrix, have been 
left in relief by polishing and etching. Finding a 
quantitative relationship between the platelets 
shown in the electron micrographs and the known 
oxide contents of the samples is necessary to es- 
tablish that the platelets are aluminum oxide, es- 
pecially since Gregory and Grant did not find such 
a correlation in their examination of commercial ex- 
trusions. 

For this purpose a lineal analysis was made on 
several electron micrographs of each of the ex- 
truded powders. Twenty random intercepts were 
drawn on each micrograph and the number of inter- 
sections along a 4.5 » length measured. Fullman’ has 
shown that the number of intersections per unit 
length will be proportional to the number of plate- 
lets per unit volume, provided that the size and dis- 
tribution of the individual platelets is the same in 
the various samples. The average number of inter- 
sections for each type of extrusion is plotted in Fig. 
7 against the oxide content. This oxide content in 
volume percent of Al,O; was calculated from the 
oxide content in weight percent as chemically an- 
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alyzed.’ The excellent straightline relationship con- 
firms that the platelets are particles of aluminum 
oxide. 

The occurrence of a portion of the oxide platelets 
in closely spaced groups can be attributed to varia- 
tions in the flake thickness of the powder, with the 
groups arising from agglomerates of the thinnest 
flakes. The presence of such groupings will not affect 
the validity of the lineal analyses as long as the 
fields counted are large enough to provide repre- 
sentative sections of the materials. The results of 
the lineal analysis can be expressed as average dis- 
tances between platelets, as shown in Table II. It 
should be clearly understood that these distances 
are actually averages of two numerically different 
quantities, the spacing of isolated platelets and 
groups of platelets and the much shorter spacings of 
the platelets which occur in the groups. Neverthe- 
less, it is of interest to compare the average dis- 
tances with the average flake thickness of the pow- 
ders from which the extrusions were prepared, as is 
done in Table II. The micrographically determined 
distances are somewhat smaller than the flake thick- 
ness and follow each other in the same order for the 
five powders investigated, although they are not 
proportional. 

In the paper by Lenel, Backensto, and Rose, a plot 
was shown of tensile strength at room temperature 
and at 400°C vs the logarithm of flake thickness, 
which resulted in straight lines except for the value 
of tensile strength at room temperature for MD 
3100 powder. The tensile values found by these 
authors are included in Table II. A similar plot of 
tensile strength vs logarithm of micrographically 
determined average distance between platelets is 
shown in Fig. 8. The resulting straight line is about 


Fig. 8—Tensile 
strength of alumi- 
num-flake powder 
extrusions as a func- 
tion of the average 
distance between 
particles plotted 
logarithmically. Dis- 
tances were deter- 
mined from electron 
micrographs. 
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Fig. 9—Electron micrograph of SAP-1. Transverse section, Fig. 10—Electron micrograph of SAP-2. Transverse section, 
etched. X10,000. Reduced approximately 20 pct for repro- etched. X10,000. Reduced approximately 20 pct for repro- 
duction. duction. 


Fig. 11—-Electron micrograph of SAP-3. Transverse section, 


X10,000, “Reduced approximately 20 pet for repro- Fig. 12—Electron micrograph of SAP-4. Transverse section, 
ad i etched. X10,000. Reduced approximately 20 pct for repro- 
duction. 


Fig. 13—Electron micrograph of M 255. Transverse section, Fig. 14—Electron micrograph of M 257. Transverse section, 
etched. X10,000. Reduced approximately 20 pct for repro- etched. X10,000. Reduced approximately 30 pct for repro- 
duction. duction. 
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Fig. 15—Electron micrograph of M 276. Transverse section, 
etched. X10,000. Reduced approximately 20 pct for repro- 
duction. 


as satisfactory as the one in which logarithm of 
flake thickness is plotted again with the exception of 
the point for room temperature tensile strength of 
MD 3100 powder. 


Microstructure of Commercial Extrusions 


Commercial aluminum-powder extrusions from 
both Alcoa and AIAG contained large particles 
which were visible in the unetched condition at 
magnifications as low as X100. Gregory and Grant 
have published micrographs showing this structure. 
The particles were much harder than the matrix 
and tended to cleave and to pull out during mechani- 
cal polishing. 

As would be expected from the structure seen by 
light mocroscopy, the electron micrographs of the 
commercial extrusions show numerous compara- 
tively large particles. Interspersed among the large 
particles are numerous small particles. Fig. 9 shows 
a representative area of SAP-1. One large particle 
can be seen. The small particles, in contrast to those 
in the experimental extrusions, appear to have an 
appreciable thickness and are comparatively short 
in length. 

Fig. 10 shows a region of SAP-2 which has an ab- 
normally high oxide content. Numerous large and 
small oxide particles are present. Many of the small 
particles are grouped along straight lines in a chain- 
like configuration. Figs. 11 and 12 show a uniform 
distribution of oxide in SAP-3 and SAP-4, respec- 
tively. The small oxide particles show a considerable 
range of sizes and shapes, in contrast to the uni- 
form platelet structure of oxide which was found in 
the experimental extrusions. 

Fig. 13 shows the structure of M255, which is 
made from atomized aluminum powder, as was the 
experimental extrusion shown in Fig. 1. A few 
comparatively large particles could be seen in the 
microstructure of M255 with the light microscope. 
The black patches in Fig. 13 are believed to be holes 
left when these large particles were removed dur- 
ing polishing and etching. The remaining particles 
are extremely small and are almost round, in con- 
trast to the long curved platelets of oxide shown in 

Figs. 14 and 15 are electron micrographs of M257 
and M276, respectively. A few large particles are 
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visible while the small particles are much more uni- 
form in size than was the case for the SAP materials. 
The structures are generally similar to those found 
by Gregory and Grant. In view of the different 
methods of surface preparation and replication tech- 
nique, this confirmation can be taken as proof that 
the electron micrographs show the true structure of 
the material. The higher inherent resolution of the 
carbon-film replicas used in the present investiga- 
tion has revealed the presence of the very small 
particles, while the large particles are shown to be 
essentially the same in appearance as those found by 
Gregory and Grant. 

Some differences can be noted between extrusions 
produced by AIAG and those produced by Alcoa. 
The size of the small particles in the Alcoa extru- 
sions is quite uniform, and there are comparatively 
few very large particles. The AIAG extrusions show 
a large variation in particle size, ranging from small, 
barely resolvable particles to some over a micron in 
length. The AIAG extrusions also show a hetero- 
geneous dispersion of particles at low magnifications 
after deep etching. 

Fig. 16 shows the microstructure of SAP-2 at a 
magnification of X100. A few large particles are 
clearly resolved. The irregular clear areas are re- 
gions which are relatively free of oxide particles. 
A similar structure of clear areas could not be de- 
veloped in any of the Alcoa extrusions. Presumably 
it is caused by differences in the manufacturing 
methods of the two fabricators. 

A correlation between particles in the electron 
micrographs and the known oxide contents of the 
commercial extrusions was not attempted because 
the inhomogeneous distribution of oxide and the 
presence of large particles made it unlikely that rep- 
resentative areas could be obtained. 

The differences in the structures observed in ex- 
trusions obtained from two commercial producers is 
no more than would be expected from differences in 
manufacturing methods. However, the marked dif- 
ferences in microstructure between the experimental 
and the commercial extrusions is surprising because 
commercial fabricating methods were followed in so 
far as the published information permitted. 

A clue to a possible explanation of the differences 
in structure may be found by careful examination of 
replicas of AIAG extrusions. While none of the 
Alcoa extrusions showed any structural features 
which could be interpreted as plates, occasional 
areas of the AIAG extrusions resembled the experi- 
mental extrusions. In Fig. 17 a region of the SAP-3 


ing uneven distribution of oxide particles. Transverse sec- 
tion, X100. Reduced approximately 20 pct for reproduction. 
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Fig. 16—Optical micrograph of deeply etched SAP-2 show- 


Fig. 17—Electron micrograph of SAP-3 showing oxide in the 
form of flakes. Transverse section, etched. X10,000. Re- 
duced approximately 20 pct for reproduction. 


extrusion is shown, which is believed to correspond 
to an area which would appear to be free from par- 
ticles when viewed at low magnification (as Fig. 16). 
The more common appearance of the smallest par- 
ticles in AIAG extrusions however was as small 
spheroids. These spheroids often appeared grouped 
along a straight line in a manner which suggests 
that they were formed by the spheroidization of a 
plate (Fig. 10). 

The spheroidization of oxide platelets could ex- 
plain the differences between the structures ob- 
served in commercial and in the experimental ex- 
trusions. 

To test whether or not extensive spheroidization 
of aluminum oxide is possible, a %-in. diam extru- 
sion of MD 2100 powder was rolled in a rod mill and 
finally swaged to a diameter of 0.080 in. with 
numerous intermediate annealing treatments and a 
final anneal, all at 980°F. After this treatment the 
wire had a tensile strength of 35,100 psi, which is 
identical with the tensile strength of the as-extruded 
material. This indicates clearly that the dispersion- 
hardening effect of the oxide was not affected by 
this treatment. 

A longitudinal section of the rolled and swaged 
material was examined under the microscope and 
showed numerous large spheroids at low magnifica- 
tion (X100). Fig. 18 is an electron micrograph of 
this material which shows that the uniformly sized 
platelets which appeared in the as-extruded mate- 
rial (Fig. 3) have coalesced into a mixture of very 
large and very small rounded particles. These re- 
sults are in agreement with a similar study of oxide 
spheroidization made by Herenguel and Boghens® on 
rolled stacks of aluminum foil. Evidently aluminum 
oxide does possess sufficient solid solubility in alumi- 
num to spheroidize under the proper conditions. 

The production of a spheroidized structure from a 
platelet structure in an experimental extrusion pro- 
vides an explanation for the differences observed 
between the commercial and the experimental ex- 
trusions. The principal difference between the com- 
mercial and the experimental production of extru- 
sions from aluminum powder is in the size of the 
extrusion billet. The 32-g billets in this investiga- 
tion were completely extruded in from 4 to 6 sec. In 
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Longitudinal section, 


cold deformation and annealing. 
etched. X10,000. Reduced approximately 20 pct for repro- 
duction. 


commercial production, the much larger billets 
would undergo plastic deformation at elevated tem- 
peratures for much longer periods of time. This hot 
plastic deformation would be sufficient to partially 
spheroidize the aluminum oxide skin of the alumi- 
num powder starting material into the coalesced 
oxide structure which is found in the finished extru- 
sions. The electron micrographs show that the de- 
gree of spheroidization of the AIAG extrusions is 
less than that of the Alcoa extrusions, but greater 
than that in the experimental extrusions. 

The microstructures are of help in explaining the 
differences in ductility at a given level of strength 
which were found when the mechanical properties 
of the experimental extrusions were compared with 
the commercial extrusions.’ It was found that the 
Alcoa extrusions, in which no trace of a flake struc- 
ture could be found, were more ductile at room tem- 
perature than the partially spheroidized AIAG ex- 
trusions. The AIAG extrusions, in turn, were found 
to be more ductile than the experimental extrusions 
which possessed a lamellar distribution of oxide. 


Summary 

Carbon-film replicas prepared for electron mic- 
roscopy have been found to possess sufficient resolv- 
ing power to show microstructural details in alumi- 
num-powder extrusions. Platelets observed in elec- 
tron micrographs of experimental extrusions have 
shown good correlation with the known oxide con- 
tents. 

Microstructures observed in commercial alumi- 
num-powder extrusions from two different sources 
showed differences in detail which can be accounted 
for by differences in manufacturing technique, but 
differed greatly from the appearance of the experi- 
mental extrusions. These differences can be ac- 
counted for on the basis of spheroidization of alumi- 
num oxide plates, and an experiment demonstrating 
that such spheroidization can occur has been per- 
formed. 
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Properties of Aluminum Powders 


And of Extrusions Produced From Them 


The tensile strength and yield strength of aluminum powder extrusions are functions 
of the powder particle size or flake powder thickness. Oxide content, except as it depends 
upon flake thickness, has only a minor effect upon these properties. The degree of dis- 
persion of the oxide, therefore, appears to be the controlling factor in the strengthening 


mechanism of these extrusions. 


by F. V. Lenel, A. B. Backensto, Jr., and M. V. Rose 


HEN aluminum-flake powders are compacted 

and hot pressed and the resulting compacts 
are extruded or hot forged, a group of materials 
with unique properties is obtained. Not only do they 
exhibit high room-temperature strength of the order 
of some of the aluminum alloys, but they maintain 
this strength even after prolonged heat treatment at 
temperatures up to 900°F. Moreover, their strength 
decreases much less with increasing temperature 
than that of aluminum alloys of comparable room- 
temperature properties. Irmann,** who discovered 
and first described this group of materials, which 
was called SAP, showed that the room-temperature 
mechanical properties of the extrusions are a func- 
tion of the oxide content of the powders and there- 
fore the oxide content of the extrusions. The higher 
the oxide content, the higher are their tensile 
strength, yield strength, and hardness, and the lower 
their ductility. 

Lyle* investigated the relationship between me- 
chanical properties at elevated temperature and 
oxide content in the course of the development work 
of the Aluminum Co. of America on materials, called 
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APMP, similar to those developed in Switzerland. 
He found that at 600°F, just as at room tempera- 
tures, tensile strength and yield strength increase 
and elongation decreases with oxide content. A care- 
ful study of his data (Fig. 3, loc. cit.) shows, how- 
ever, that the scatter is more pronounced than at 
room temperature. Gregory and Grant’s data on the 
creep’ and stress-rupture’ properties of the one com- 
mercial grade of the Swiss SAP and the various 
grades of APMP indicate that creep strength and 
stress to rupture also generally increase with in- 
creasing oxide content. 

Ever since this new group of materials was dis- 
covered, attempts have been made to explain the 
mechanism by which they obtain their high room- 
temperature and particularly their elevated-tem- 
perature strength. In most of the attempts the new 
material was considered as a dispersion of alumi- 
num oxide particles in a matrix of aluminum. Ir- 
mann, Von Zeerleder, and Rohner’ applied a theory 
on dispersion strengthening developed by Rohner‘ 
to the flake-powder extrusions. According to this 
theory the elastic limit S, of a dispersion would de- 
pend upon the average distance between the dis- 
persed particles L according to the equation: 


BAIT 


where E is the modulus of elasticity and a the dis- 
tance between nearest neighbors.in the lattice of the 
matrix material. Irmann and co-workers assumed 
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that the distance L should be approximately equal to 
the distance between the oxide skins on the flakes 
of the original powder, or in other words the flake 
thickness. A value for this thickness for two differ- 
ent flake powders was obtained by measuring with 
an ocular micrometer the smallest thickness found 
in polished mountings of the powders which were 
0.3 and 0.5 » respectively. With these values for the 
distance between oxide particles, values for the 
elastic limit were calculated using Rohner’s equation. 
These values were compared with value of the 0.02 
pet room-temperature proof stress measured on ex- 
trusions prepared from the two flake powders as 
shown in Table I. 

A more direct method of determining spacings 
was attempted by Gregory and Grant,* who prepared 
electron micrographs of commercial SAP and APMP 
extrusions. The structure appeared to consist of a 
matrix in which particles of a second phase were 
distributed. Interpreting these particles as oxide 
particles, Gregory and Grant measured their surface 
spacings. In order to apply to their data the theories 
of dispersion hardening by Gensamer,’® by Dorn,” 
and by Orowan,”* Gregory and Grant tried a num- 
ber of plots in which they related the spacings to 
the stress for rupture in 0.1 hr at several elevated 
temperatures and the ultimate tensile strength at 
room temperature. These plots were spacing vs log 
of strength, log of spacing vs log of strength, and 
strength vs reciprocal of spacing. The best fit was 
found for the plot of strength vs reciprocal of spac- 
ing. If the tensile strength or the stress to rupture 
in 0.1 hr is assumed to be a rough measure of elastic 
limit or yield strength, this fit would indicate agree- 
ment with the dispersion-hardening theories of 
Orowan and of Rohner, both of which postulate 
proportionality between elastic limit and the recip- 
rocal of the mean free path between particles of the 
second phase. 

Irmann and Lyle took the oxide content of the 
flake powders and of the extrusions prepared from 
them as basis of classifying their materials. The 
spacing of the oxide particles in the matrix of alumi- 
num, which is the basis of most dispersion-strength- 


Table |. Comparison of Calculated and Experimental Stress Values 
As a Function of Flake Thickness’ 


0.02 Pct Proof 
Stress, Tested, 
Kg per Sq Mm 


Elastic Limit, 
Calculated, 
Kg per Sq Mm 


Measured Flake 


Powder No. Thickness, 4 


3 13 15 
5 


0. 
0. 8 11 


ening theories, may be considered roughly propor- 
tional to the average flake thickness of the powder. 
The two quantities, oxide content and average flake 
thickness, will be inversely proportional to each 
other, if all the powders compared with each other 
_ have the same thickness of oxide coating on the sur- 

face of the flakes. As soon as powders are compared 
which differ in the thickness of the oxide skin upon 
the flake particles, the oxide content can no longer 
be a measure of the dispersion of the oxide particles 
in the matrix of extrusions made from the powders. 
This fact was clearly pointed out by Herenguel and 
Boghen.” These authors compared the properties of 
powders which had the same flake thickness, but 
differed in the thickness of the oxide skin upon the 
surface of the flakes. Their data are, however, con- 
- cerned with powders of flake thicknesses of several] 
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Fig. 1—Die assembly for indirect extrusion. Numbers repre- 
sent: 1, dummy block; 2, container; 3, billet; 4, die; 5 
support block; and 6, hollow ram. 
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Fig. 2—Short time tensile strength at 400°C of experimental 
aluminum powder extrusions as a function of oxide content. 
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Fig. 3—Room temperature tensile strength of experimental 
aluminum powder extrusions as a function of oxide content. 


uw, While the extrusions which have outstanding 
elevated-temperature properties are made from 
powders having flake thicknesses of the order of a 
few tenths of a up. 

It therefore appeared of interest to undertake a 
further study of the contribution which the oxide 
content on the one hand and the spacing of the oxide 
on the other hand made to the strengthening of 
extrusions made from aluminum powders. For this 
purpose extrusions were prepared from a series of 
aluminum-flake powders in which both the flake 
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Table II. Properties of Aluminum Powders Used 
Range of Specific 
Covering Particle Size Surface, Oxide 
Area, Sq or Flake Sq Cm Conte 
Manufacturer Grade Designation Type Cm per G Thickness, 4 per G Wt Pc 
Metals Disintegrating Co. MD 13 Atomized — 147 to 208 diam — 0.2 
(—65 + 100 mesh) 
Metals Disintegrating Co. MD 105 Atomized — 5 to 15 diam —_— flag 
Reynolds Metals Co. R3M Atomized — 1 to 7 diam — a6 
Reynolds Metals Co. R40F Flake 1,600 2. 4,000 3.0 
Metals Disintegrating Co. MD 2100 Flake 4,900 0.8 34, 2 ae 
Metals Disintegrating Co. MD 5100 Flake 9,400 0.4 75,00! ae 
Metals Disintegrating Co. MD 3100 Flake 9,000 0.4 88,000 ye 
Reynolds Metals Co. R265A Flake 20,600 0.18 —_— ae 
Metals Disintegrating Co. MD 7100 Flake 21,000 0.17 150,000 < 


Table Ill. Effect of Different Treatments on the Oxide Content 
of Aluminum Flake Powders 


Average 


Flake Oxide 
Thick- Content, 
Powder ness, Treatment Wt Pct 
R40F 2.3 As received 1.6 
Vacuum degreased 1.6 
MD 2100 0.8 As received 3.0 
Vacuum degreased 2.8 
Heated in limited amount 
of air 4.0 to 4.3 
Heated in unlimited supply 
of air 2 hr 4.7 
Heated in unlimited supply 
of air 113 hr 8.5 
Heated 30 min in steam at 
400°C and 70 psi 6.9 to 8.3 
Heated 30 min in steam at 
400°C and 90 psi 10.5 
MD 5100 0.4 As received 5.7 
Vacuum degreased 6.2 
Heated in limited amount 
of air 7.6 
MD 3100 0.4 As received 9.3 
Vacuum degreased 9.7 
Heated in limited amount 
of air 10.3 to 11.4 
Heated in unlimited supply 
of air 17 hr 12.0 
Heated 30 min in steam at 
400°C and 90 psi 13:5 
R265A 0.18 As received 10.5 
Vacuum degreased 10.8 
MD 7100 0.17 As received 12.3 
Vacuum degreased 13.2 
Heated in limited amount 
of air 15.1 to 15.4 


thickness and the thickness of the oxide skin were 
systematically varied. Grades of aluminum-flake 
powder varying in flake thickness from 2.3 y» to 
0.15 » were investigated. Several of these grades 
were treated so as to increase their oxide content, 
making the assumption that such a treatment would 
not substantially change the flake thickness of the 
powder. These treated powders made it possible to 
compare not only powders having the same thickness 
and varying in oxide content, but also powders with 
the same oxide content and different flake thickness. 
A second method of varying the oxide content, 
while holding the oxide spacing constant, consists 
of the addition of aluminum oxide to aluminum 
powder of known size distribution. For these expe- 
riments Linde B, a polishing grade of aluminum 
oxide, was added to granular, atomized powder. 
Following the examples of Irmann, Von Zeerleder 
and Rohner’ and of Herenguel and Boghen,” the 
average flake thickness of flake powders or the av- 
erage particle size of atomized powders was taken 
as a measure of the spacing of the oxide particles in 
the extrusions. The flake thickness measures the 
distance between oxide skins on the surface of the 
flake particles. After compacting, hot pressing, and 
extrusion the average distance of the oxide particles 
in the extrusion may no longer correspond exactly to 
the original distance between the oxide skins in the 
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flakes. However, it may be assumed that a definite 
relationship between average flake thickness and 
average spacing between oxide particles in the fin- 
ished extrusion is preserved, even if this relationship 
is not actually equality. The more direct electron- 
microscopic method of determining oxide particle 
spacings was also applied to the extrusions prepared 
in this investigation and will be reported in a com- 
panion paper by Lenel, Ansell, and Nelson.” 

For purposes of comparison, properties were also 
determined on a series of commercial aluminum 
powder extrusions which were obtained from Alu- 
minium Industrie Aktien Gesellschaft and from 
Aluminum Co. of America. Only oxide contents 
were available; no data have been published on the 
flake thickness or particle size of the aluminum 
powders from which these commercial extrusions 
were prepared. 

Powders 

The powders used in the extrusion experiments 
were commercial-grade powders, either atomized or 
flake powder. The flake powders were produced by 
ballmilling from atomized powder using the Hall 
process.” During the milling the surface of the flakes 
is covered by a thin film of lubricant, usually stearic 
or oleic acid. The standard method” of determining 
the covering area of the flake powders, which is 
used in the pigment industry, could therefore be 
applied. The covering area is the area which 1 g of 
powder spread in a one-flake-thick layer on water 
would cover. From this area the average thickness 
of the flakes can be calculated. The pigment-type 
powders are somewhat difficult to compact because 
of their low apparent density, in the range of 0.1 to 
0.2 g per cu cm. 

Table II shows the properties of the powders. In 
addition to the covering area and the average flake 
thickness calculated. from it, the specific surface of 
some of the powders was determined using the 
standard BET (Brunauer-Emmet-Teller) method.” 
In this method the amount of nitrogen adsorbed on 
the surface of the powder in a monomolecular layer 
is determined by measuring at liquid nitrogen tem- 
perature the amount of nitrogen adsorbed as a func- 
tion of its pressure. If the flakes of powder were 
perfectly flat and smooth, one would expect that the 
specific surface should be little more than twice the 
covering capacity of the powder. The fact that the 
specific surface is actually seven to ten times the 
covering capacity indicates that the powder flakes 
are not smooth but that they must be quite irregular 
on a submicroscopic scale. For the atomized pow- 
ders which are quite regular and almost spherical in 
shape a range of particle sizes is shown in the table. 
For the coarsest powder, MD 13, this particle-size 
range was obtained by sieving the powders and us- 
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ing only the —65 + 100 mesh fraction. For the two 
grades of fine atomized powder, the particle-size 
ranges were determined by particle-size analysis 
with the Roller Air analyzer and the microscope. 
The ranges shown in Table II include the great ma- 
jority of particles in these powders. The oxide con- 
tent of the powders was determined using a tech- 
nique developed by the Aluminum Co. of America,” 
in which the metallic aluminum is reacted with dry 
hydrogen chloride, the resulting AIC], distilled off, 
and the remaining oxide ignited and weighed. 


Treatment of Powder 


Before the flake powders could be compacted, 
most of the lubricant added to the powder during 
flaking had to be removed. The powders were de- 
greased by heating them in a vacuum of 0.05 mm 
Hg at 700° to 750°F for a period of approximately 
2 hr. The oxide content of the finest flake powders 
increases slightly during this treatment even though 
it is done in a vacuum. Apparently the powder re- 
acts with some of the oxygen in the fatty acid. In 
order to study the effect of varying oxide contents 
of powders while the flake thickness remained un- 
changed, three treatments were developed to in- 
crease the oxide content of the flake powders. In the 
first one the powders were treated at 650° to 750°F 
(350° to 400°C) in a tightly closed container so that 
the amount of air available was limited to the 
amount present when the container was closed. The 
second treatment consisted of heating the powders 
in the same temperature range in an unlimited sup- 
ply of air and controlling the oxide content by the 
time of heating. For large increases in oxide content 
the powders were heated in an atmosphere of steam 
at 750°F (400°C) for 30 min in a pressure-tight 
tube. The increase in oxide during this treatment 
was controlled by controlling the steam pressure in 
the tube. In Table III the oxide contents of the 
powders as received, and after various treatments, 
are compared with each other. Wide variations in 
oxide content could be produced, from 3.0 to 10.5 pet 
of oxide for the powder with an average flake thick- 
ness of 0.8 » and from 5.7 to 13.5 pct for the two 
powders with average flake thicknesses of 0.4 yp. 


Production of Extrusions 


The production of extruded rods from aluminum 
powders comprised the following steps: 1) compact- 
ing; 2) hot pressing; and 3) extrusion. The pro- 
cedure used was similar to that described by Ir- 
mann.** Green compacts 1 in. in diameter and 1 in. 
in length were pressed at 50,000 psi in a hardened 
steel die, lubricated on its walls by swabbing with 
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- Fig. 4—Room temperature yield strength (0.2 pct offset) of 
experimental aluminum powder extrusion as a function of 
oxide content. 
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Fig. 5—Tensile 
strength of experi- 
mental aluminum 
flake powder extru- 
sions as a function 
of the powder flake 
thickness plotted 
logarithmically. 
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a solution of stearic acid in benzene. The green 
densities of the compacts varied from 2.0 g per cu cm, 
for the finest flake powder, to 2.6, for the coarsest 
atomized powder. The compacts from the finest flake 
powders were fragile and tended to crack circum- 
ferentially. These cracks, however, did not inter- 
fere with the hot pressing and extrusion of the 
compacts and did not influence the final properties 
of the extrusion. 

The green compacts were hot pressed for 15 min 
at a pressure of 50,000 psi and a temperature of 
1000°F (540°C). The die assemblies for hot pressing 
and extrusion are contained within a furnace having 
a wire wound steel core with a 144-in. inside diam- 
eter. The furnace is suspended between the platens 
of a 100-ton hydraulic press. Its temperature is con- 
trolled with a pyrometer. 

The 1-in.-diam hot-pressed compacts are extruded 
by indirect extrusions, as shown in Fig. 1, at 1000°F 
(540°C) into rods % in. in diameter; the reduction 
in area is therefore 16:1. A shear-type extrusion 
die is used. Before being extruded the compacts are 
soaked for 30 min at the extrusion temperature. The 
extrusion speed was the highest of which the press 
was capable, which is of the order of 75 to 100 in. 
per min, since it was found that the extrusions had 
the smoothest surface under these conditions. The 
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force necessary to extrude the l-in. compacts varied 
from 40 tons for the thinnest flake powders to 10 
tons for the coarsest atomized powder. The extru- 
sions were approximately 12 in. long. Check analy- 
ses showed that the oxide content of the extrusion 
was the same as that of the powders from which 
they were produced. The density of the extrusions 
was 2.71 to 2.72 g per cu cm regardless of the oxide 
content of the materials. Since the various modifica- 
tions of aluminum oxide have densities of 3.5 to 4 g 
per cu cm, this would indicate that the extrusions 
high in oxide content have a small amount of porosity. 


Testing 

The 4%-in.-diam extruded rods were machined 
into 2-in.-long tensile specimens with threaded 
ends and a gage section 0.125 in. in diameter and 
1% in. long. The specimens were pulled in a simple 
beam-stressing frame in which the load was applied 
through a lever at a constant rate of loading of 67 
lb per min (5500 psi per min). The beam was coun- 
terweighed to prevent initial loading of the speci- 
men. Tensile tests were made at 400°C (750°F) 
and at room temperature, and the ultimate tensile 
strength and elongation were measured at both tem- 
peratures. For the elevated-temperature test the 
specimen was surrounded by a vertical wire-wound 
furnace controlled through a thermocouple at the 
gage section of the specimen. The specimens were 
held at the testing temperature for at least 1 hr 
before being tested. For some of the room-tempera- 
ture tests the 0.2 pct offset yield strength was ob- 


Table IV. Ductility of Aluminum Powder Extrusion 


Pct Elongation in 1% In. 


Range of At Room 
Particle Size Temperature At 400°C 
or Average 
Flake Thick- Aver- Aver- 


Powder ness, Range age Range age 
MD 13 147 to 208 diam 36 to 40 38 —_— — 
MD 105 5 to 15 diam 33 to 34 33 26 26 
MD 105 + 11.4 5 to 15 diam 16 16 18 18 
pet by weight 
of Linde B 
aluminum oxide 
R3M 1 to 7 diam 32 32 28 to 34 31 
R40F 2.3 23 23 27 to 34 30 
MD 2100, in- 0.8 8 to 20 12 5 to 19 12 
cluding powder 
oxidized in air 
MD 2100, 0.8 4to7 6 4to 10 6 
steam treated 
MD 5100, in- 0.4 4to7 5 2to8 5 
cluding powder 
oxidized in air 
MD 3100, in- 0.4 2to7 4 3to5 4 
cluding powder 
oxidized in air 
R256A 0.18 3 3 3 3 
MD 7100, in- 0.17 1to4 3 1to4 2 


cluding powder 
oxidized in air 


tained in addition to the tensile strength by measur- 
ing the strain as a function of the stress, using a 
Huggenberger extensometer. 

Besides the mechanical properties of the extru- 
sions, the degree of preferred orientation in their 
grain structure was determined. For this purpose, 
the specimens were etched down to wires having 
diameters of approximately 0.010 in. The wires 
were placed in a transmission X-ray camera and 
their diffraction pattern photographed on a flat film 
perpendicular to the impinging X-rays. The result- 
ing patterns consisted of full rings of uniform den- 
sity for specimens which showed no preferred orien- 
tation, but for specimens with pronounced preferred 
orientation they consisted of short arcs. The arcs 
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are concentrated around positions which are repre- 
sentative of a crystallographic direction. This indi- 
cates that a principal direction of the crystal is 
parallel to the axis of the specimen. The length of 
the arc expressed as a percentage of the full length 
of the ring was used to indicate the degree of pre- 
ferment. This method is only semiquantitative since 
the patterns differ in line thickness and in some 
cases density. 


Results and Discussion 
The results for tensile strength at 400°C and for 
tensile and yield strength at room temperature of 
the extrusions prepared from the various aluminum 
powders are shown in Figs. 2, 3, and 4. In general, 


Table V. Approximate Degree of Preferred Orientation in 
Aluminum Powder Extrusions 


Degree of 
Preferred 
Orientation 
Average wt Tensile Shown Shown 
Grade of Flake Pct Strength by by 
Extrusion Thickness, 4 Oxide at 400°C (111) (200) 
Alcoa M 255 Atomized 
powder 9,400 89 89 
Alcoa M 257 — 7.25 14,200 89 89 
RPI from 
MD 2100 powder 0.8 4.0 13,400 75 84 
Alcoa M 276 — 16.5 17,600 53 68 
AIAG SAP 2 — 9.0 14,100 52 64 
RPI from 
MD 3100 powder 0.4 10.4 19,900 49 68 
RPI from 
MD 5100 powder 0.4 6.5 19,800 45 61 ' 
AIAG SAP 4 — 14.0 21,300 Negli- Negli- 
gible gible 
RPI from 
MD 7100 powder 0.17 15.4 23,800 Negli- Negli- 
gible gible 


each point in the figures represents the average of 
tests on two or three tensile specimens machined 
from the same extrusion. The results of these tests 
usually agree within 2 pct. In a few cases, the re- 
sults of tests on extrusions made from different lots 
of powder having about the same oxide content are 
averaged. Also indicated on the figures are the 
grades of powder, with the range of diameters of 
the particles, in the case of the atomized powders, 
and the average thickness of the flakes, in the case 
of flake powder. 

The points for tensile strength at 400°C in Fig. 2 
arrange themselves on a series of levels correspond- 
ing to the flake thickness of the powders. The pow- 
ders with 0.17 to 0.18-, flake thickness have a ten- 
sile strength of 23,000 to 24,000 psi, those with 0.4-» 
flake thickness tensile strengths between 19,000 and 
21,000 psi, and most of the extrusions from MD 2100 
powders with 0.8-» flake thickness tensile strengths 
of 13,000 to 14,000 psi. Only the MD 2100 powder 
extrusions made from steam-treated powders show 
a slight increase in strength with increasing oxide 
content. From these data the conclusion must be 
drawn that the tensile strength at 400°C (750°F) is 
primarily a function of the thickness of the flakes 
from which the extrusions were prepared. As long 
as the flake thickness, and therefore the spacing of 
the oxide particles in the extrusion, is kept constant, 
the total amount of oxide present does not affect the 
strength. It is therefore not surprising to find that 
extrusions with the same oxide content, but pro- 
duced from powders varying in flake thickness, vary 
widely in tensile strength at 400°C. The conclusion 
that oxide content in itself does not determine 
strength is confirmed by the results on the atomized 
MD 105 powder without and with the addition of 
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Linde B aluminum-oxide powder. The extrusions 
made from powders with and without the addition 
differ only slightly in strength. As would be expect- 
ed, a flake powder (R40F) with an average flake 
thickness of 2.3 « gives extrusions of about the same 
strength as an atomized powder (R3M) whose par- 


jee have diameters in the same size range of 1 
7 yp. 


The relationship between strength and flake thick- 
ness 1s not as clear-cut for the extrusions tested at 
room temperature as for those tested at 400°C. The 
discrepancies are introduced mainly through the 
data for the MD 3100 powder. The flake powders 
MD 7100, MD 5100, and MD 2100, which are used as 
paint pigments, contain stearic acid as the lubricant. 
MD 3100 powder, on the other hand, was milled with 
oleic acid because the powder is intended for use in 
printing inks where it is desirable to use a more 
volatile lubricant. The quantity of lubricant used is 
also smaller than for MD 5100 powder having the 
same average flake thickness. The difference in the 
milling procedure appears to affect not only the 
amount of oxide which is picked up during milling, 
but also other properties of the powder as is evi- 
denced by its higher specific surface which would 
indicate a rougher surface of the flake particles. 
This difference in the character of MD 3100 powder 
may be responsible for the fact that both yield and 
tensile strength of extrusions made from it are at 
the level of those of MD 7100 powder, which has a 
lower average flake thickness, rather than at the 
level of those of MD 5100 powder, which has the 
same flake thickness as MD 3100 powder. Neverthe- 
less, the distribution of the oxide particles must be 
considered the most important factor in determining 
the room temperature yield and tensile strength of 
the extrusions. 


The values for elongation in 4% in. which were 
obtained on the tensile specimens show much more 
scatter than the strength data. In general, it was 
found that increasing the oxide content of a flake 
powder did not materially affect the elongation of 
extrusions prepared from it. The exceptions to this 
rule were the steam-treated MD 2100 powder and 
the atomized powder to which Linde B aluminum 
oxide had been added. Instead of presenting the 
values of elongation graphically, ranges and aver- 
age values of elongation for the extrusions from each 
of the aluminum powders are shown in Table IV. 
The ductility both at room temperature and at 
400°C decreases rapidly with decreasing flake thick- 
ness of the powder. 


It was pointed out that the average flake thickness 
of the flake powder particles may be considered a 
measure of the average distance between oxide par- 
ticles in the extrusions. The relationships which 
have been developed to account for the strengthen- 
ing effect of a second phase dispersed in a matrix 
ean therefore be tested by plots of powder flake 
_thickness vs strength of the extrusions. 


Fig. 5 is a plot of tensile strength vs the logarithm 
of flake thickness for the extrusions from vacuum- 
treated flake powders. A reasonably straight line 
can be drawn through the points for tensile strength 
at 400°C vs logarithm of flake thickness. The points 
for room-temperature tensile strength vs logarithm 
of flake thickness also fall on a straight line, when 
the value for MD 3100 is neglected. A straight-line 
relationship between the logarithm of the mean fer- 
rite path vs stress at 0.2 plastic strain was found 
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Fig. 7—Comparison between the tensile strength of experi- 
mental and commercial aluminum powder extrusions as a 
function of oxide content. 
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by Gensamer, Pearsall, Pollini, and Low’ for eutec- 
toid and hypereutectoid steels including pearlitic 
steels. It is interesting to note that the electron mi- 
crographic study of these extrusions” revealed a 
lamellar structure of oxide platelets somewhat sim- 
ilar to that of pearlite. 

The theories of Rohner* and of Orowan” postulate 
that the elastic limit of a material consisting of a 
dispersion of particles in a matrix should be in- 
versely proportional to the mean free path between 
particles. To test this relationship, the yield strength 
at room temperature and the tensile strength at 
400°C were plotted against the reciprocal of the 
flake thickness as shown in Fig. 6. Included in the 
plot are strength values for the extrusions from 
MD 13 atomized powder for which an equivalent 
reciprocal flake thickness of 0.006 reciprocal » was 
assigned. The data do not appear to support the 
relationships postulated by Rohner and by Orowan, 
although it should be emphasized that yield strength 
at room temperature and tensile strength at 400°C 
rather than elastic limits were plotted, and that pro- 
portionality between flake thickness and spacing 
between oxide particles was assumed. 

The tensile properties of the extrusions prepared 
in the laboratory were compared with those of ex- 
truded rods which were obtained from the commer- 
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cial producers of these materials, the Aluminium 
Industrie Aktien Gesellschaft and the Aluminum 
Co. of America. The same type of tensile specimens 
were machined from the commercially prepared 
rods. The results for tensile strength at room tem- 
perature and at 400°C are plotted against oxide 
content in Fig. 7. For comparison purposes, some of 
the data for extrusions prepared in the laboratory 
are also shown. However, from each series of speci- 
mens made from a powder only those are included 
for which a given strength level was obtained with 
the lowest oxide content. The data show that a 
given level of tensile strength could be obtained 
with a considerably lower oxide content in the 
extrusions prepared in the laboratory than in com- 
mercially produced extrusions. The only exception 
is Alcoa’s grade M 255—which, however, is not pro- 
duced from flake but from atomized aluminum 
powders. On the other hand, the ductility at a 
given strength level is generally higher for com- 
mercially produced extrusions than for those pre- 
pared in the laboratory. This is demonstrated in 
Fig. 8 in which the values for elongation for flake 
powder extrusions prepared in the laboratory and 
produced commercially are plotted against their 
tensile strength at room temperature and at 400°C. 
Both of these differences, the higher oxide content 
and the higher ductility for a given strength level 
found in commercial extrusions, are possibly con- 
nected with the difference in microstructure in the 
two types of extrusions,” i.e., platelets of oxide ar- 
ranged in lamellae for the laboratory extrusions, 
and more or less spherical particles of oxide ran- 
domly distributed, for the commercial extrusions. 

The X-ray diffraction pattern of the extrusions 
indicated that the type of preferred orientation is 
the same in the extrusions as it is in drawn alumi- 
num wire. In other words the extrusions exhibit a 
wire structure in which the (111) direction in the 
grains of the extrusions is oriented more or less 
parallel to the extrusion direction. The degree of 
preferred orientation in the extrusion depends 
strongly upon the distribution of the oxide. The ex- 
trusions from coarse powders give diffraction pat- 
terns in which the rings are shrunk into arcs which 
take up only a small fraction of the circumference 
of the diffraction ring (11 pct for Alcoa’s M 255 ex- 
trusions from atomized powder). The diffraction 
pattern from extrusions made of the finest powders 
show complete rings in which preferred orientation 
is indicated only by small variations in intensity. 
The degree of preferred orientation as measured on 
the (111) and the (200) rings of the patterns for 
nine of the extrusions, together with their tensile 
strength at 400°C, their oxide content, and flake 
thickness of the powders from which they were pro- 
duced, are shown in Table V. 


Summary 

1) Aluminum-powder extrusions were pro- 
duced from atomized aluminum powders varying in 
particle size, and from flake aluminum powders 
varying in flake thickness. Several of the flake 
powders were treated in order to increase their 
oxide content to as much as three times the as- 
received value by heating in air or in steam. 

2) A comparison of powder properties and 
mechanical properties of the extrusions shows that 
in general the tensile and yield strength of the ex- 
trusions depends on the particle size and the flake 
thickness of the powders. This relationship is most 
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clearly shown for tensile strength at 400°C. Pow- 
der properties other than flake thickness may have 
a slight influence upon room temperature tensile and 
yield strength. Oxide content, except as it depends 
upon flake thickness, has only a very minor effect 
upon the mechanical properties of the extrusions. 

3) The particle size and flake thickness of 
aluminum powder are related to the distribution of 
the oxide in the extrusions. In order to test the ap- 
plicability of dispersion-hardening theories, the 
strength of the extrusions was plotted against flake 
thickness. A straight-line relationship was found for 
plots of tensile strength at room temperature and 
400°C vs logarithm of flake thickness. 

4) Commercial extrusions of flake aluminum 
powder have a higher oxide content and a higher 
ductility for a given strength level than extrusions 
prepared in the laboratory from as-received flake 
powders. 

5) The preferred crystal orientation in alumi- 
num-powder extrusion is the same as the (111) 
fiber structure found in drawn aluminum. The de- 
gree of orientation decreases with decreasing flake 
thickness and appears to be a function of oxide dis- 
tribution. 
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Uranium-Bismuth System 


A phase diagram for the U-Bi system was drawn from data presented and from data of pre- 


vious investigators. 


There are three intermetallic compounds: UBiz,, which decomposes peritecti- 


cally at 1010°C; U;Bi,, which decomposes peritectically at approximately 1150°C; and UBi, which 
decomposes to two liquid phases at a temperature between 1400° and 1450°C. The terminal com- 
ponents react eutectically with the nearest compound. Little solid solubility for either component 
in the other was indicated. The solubility of uranium in liquid bismuth has been determined up to 
900°C. Crystallographic data for the compounds are reported. 


| Bice or five years ago an investigation was ini- 
tiated to study and develop basic information on 
liquid metal fuels for future power nuclear reactors. 
The objective was to find fluid forms of uranium 
(solutions or dispersions) in low melting alloys. A 
summary of the different fuels was presented in a 
recent article by Teitel, Gurinsky, and Bryner.’ The 
combination of uranium and bismuth, with its low 
thermal neutron cross section and low melting point, 
is of basic interest to the development of these fuels. 

Most of the previous effort on the U-Bi phase dia- 
gram was done under security regulation. Ahmann 
and Baldwin’ reported their findings on the U-Bi 
system in 1945. Their results indicated that the 
phase diagram had at least two compounds and 
possibly one more. UBi, and UBi were established 
by chemical analyses of residues after high tem- 
perature centrifugation of alloys. UBi, decomposed 
peritectically at 980°C and there were signs of an- 
other reaction above that. UBi melted at a very 
high temperature, and there were also signs of a 
monotectic at high temperatures in high uranium 
alloys. 

The solubility of uranium in liquid bismuth has 
received attention by three groups of authors: 
Bareis,* Hayes and Gordon,’ and Ahmann and 
Baldwin.’ The latest and most widely accepted data 
is that of Bareis, and it is included in Fig. 1 along 
with new data at higher temperatures. 

Brewer et al.’ and Ferro” * have used X-ray dif- 
fraction to determine the number and crystal struc- 
ture of the compounds. Brewer identified the struc- 
ture of UBi to be a simple NaCl cubic structure hav- 
ing a cell edge of 6.364A. The density of the com- 
pound was calculated to be 11.52 g per cu cm, Two 
other unindexed patterns were presented as pos- 
sibly belonging to two other compounds. Ferro 
agreed with Brewer on the crystal structure of UBi 


R. J. TEITEL, Associate Member AIME, formerly Metallurgist, 
Brookhaven National Laboratory, is now with the Dow Chemical Co., 
Midland, Mich. 

TP 4366E. Manuscript, Oct. 13, 1955. Cleveland Meeting, Octo- 
ber 1956. 
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by R. J. Teitel 
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Fig. 1—Solubility of uranium in liquid bismuth. Circle repre- 
sents data of Bareis; cross, present data. 


and identified the structure of UBi, and U;Bi,. The 
intermetallic compound UBi, has a tetragonal cell 
with a = 4.445A and c = 8.908A. The density of 
the compound was determined and the number of 
atoms per cell (six atoms) was calculated. The 
X-ray density reported was 12.35 g per cu cm. The 
compound U,Bi, was treated in a similar way and 
it was reported to have a cubic structure 9.35A on 
an edge and to contain 28 atoms per cell. The 
density was given as 12.59 g per cu cm. 

Teitel reported that there was a compound U,Bi, 
and no UBi, compound. (The difference in the com- 
positions is 3.3 pet U.) This conclusion was based 
upon the extrapolation of some 20 tie lines in the 
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ATOMIC PERCENT URANIUM 
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Fig. 2—U-Bi system. Numbers represent: 1, data of Ahmann 
and Baldwin;* 2, data of Bareis;* 3, data of Ferro;*” and 4, 
present study. Circled numbers refer to data used in diagram. 


U-Pb-Bi system,* which converged on the U-Bi edge 
of the diagram at the composition of U,Bi,. The 
exact composition of the solidus was not determined. 

This paper will present the experimental data 
developed during the course of the present work, 
which was conducted prior to and independently of 
the work of Ferro. A phase diagram, Fig. 2, incor- 
porating data from all of the above sources has been 
drawn. 

Materials—Uranium chips were machined from 
ingots of Ames biscuit metal and cleaned using a 
nitric acid bath. Pure bismuth (99.99 pct) was used 
in the as-received condition for alloys containing 
appreciable quantities of uranium. Dilute alloys 
were prepared from bismuth which had previously 
been filtered at a low temperature through a Pyrex 

Graphite was used to contain the alloys during 
alloy preparation, filtration and thermal analysis. 

Alloy Preparation—In general, the alloys of ura- 
nium and bismuth were easily prepared. Most of the 
alloys could not be completely melted at temper- 
atures below 1300°C. Therefore, it was desirable 


Table |. Phase Identification by Neutron Diffraction 


Ipi 
Composition, 
Wt Pct U Phases Identified Tusi, 
24.7 Bi + UBis 59.5 

31 Bi + UBiz 

33 Bi + UBiy = 
33.3 Bi + UBiz 12.7, 
35.9 Little Bi + UBiz 3.9 

47 UsBis + UBi 

52 UBi — 


to use uranium in a form that was both reactive and 
packed tight enough to remain in contact with 
molten bismuth. Uranium chips and bar stock were 
used for alloys up to 30 pct U. Above this composi- 
tion it was found necessary to use uranium powder 
produced via the hydride from the chips as de- 
scribed later. 

Chemical Analysis—Samples of the alloy were 
dissolved in nitric acid. Bismuth was precipitated 
as bismuth oxychloride and weighed as such. Ura- 
nium was determined in the filtrate either polaro- 
graphically or volumetrically as the concentration 
dictated. 

Microstructure of Alloys—Specimens were pre- 
pared for metallographic examination by the usual 
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paper and polishing wheel technique, except that 
carbon tetrachloride was used as a lubricant on the 
papers, as vehicle for the Alundum on the polishing 
wheels, and as a preservative between polishing 
operations. After preparation, the carbon tetra- 
chloride evaporated and air oxidation was used to 
etch the compounds. 

Figs. 3 to 7 are typical microstructures of 10, 25, 
37, 47, and 75 pct U alloys respectively. In dilute 
uranium alloys, the UBi, compound precipitates in 
the form of platelets, Fig. 3. The 25 pct alloy shown 
in Fig. 4 was prepared at 1100°C where two phases 
(U.Bi, and Bi-U solution) coexisted. Upon cooling, 
both platelets, Fig. 4, and equiaxed particles were 
found. The equiaxed particles probably formed 
when the U,Bi, transformed to UBi.. A 37 pct alloy, 
Fig. 5, is almost completely UBi.. 

The powder technique for preparing alloys was 
used to make a 49 pct alloy and the ingot was po- 
rous. However, the two phases, U,Bi, and UBi, are 
seen in Fig. 6. Fig. 7 shows UBi with uranium in a 
75 pet U alloy. 

The general conclusions from the metallography 
of these alloys were that UBi, seemed to be harder 
than the other two compounds and that UBi is more 


Table II. Crystal Structure of UBi2* 


d, Ob- d, 
Intensity} 26t served hkl Calculated 
M 20.65 3.13 220 3.14 
S) 21.92 2.96 300, 221 2.96 
s— 25.35 2.56 222 2.565 
M 26.30 2.47 320 2.465 
M+ 29.40 PAP 400 2.22 
Wt 36.15 1.81 422 1.81 
M 36.95 Lari 430, 500 1.77 
M 39.80 1.65 520, 433 1.65 
WwW 40.60 1.62 521 1.62 
M 42.10 1.56 440 1.57 
WwW 42.75 1.54 522, 441 1.545 
Vw 43.85 1.50 531 1.50 


* Cubic structure: do>=8.89A, p=12.4 g per cu cm; 24 atoms per 
cell. 

7+ Letters represent: S, strong; M, medium; W, weak; and V, very. 


pyrophoric than UBi., which is more pyrophoric 
than 

Neutron Diffraction Experiments—Neutron dif- 
fraction proved to be ideal for the studies of the 
structure of pyrophoric compounds for the follow- 
ing reasons: 

1) Neutrons readily penetrated the oxide of the 
heavy elements. 

2) Specimens were not pulverized, thus reduc- 
ing the quantity of oxide in the sample. 

3) The number of phases present and the chem- 
ical composition of the alloy were checked by 
microstructural and chemical analysis respectively. 

4) The intensity observed was independent of 
the Lorentz polarization effect encountered in X-ray 
diffraction. 

On the other hand, the technique had the follow- 
ing limitations: 

1) The resolution for the spectrometer used was 
20 min of angle compared to 5 min for X-rays. 

2) The resolution became poorer as the angle 6 
increased. 

3) Cell dimensions and densities could not be 
accurately determined. 

Five hundred g ingots of alloy were prepared by 
loading alternate layers of uranium chips and 
crushed bismuth into a graphite crucible. The cru- 
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Fig. 3—Micrograph of 10 pct U as prepared by complete 
solution. Air etched, dark platelets of UBi. in essentially 
pure bismuth. X75. Reduced approximately 20 pct for re- 
production. 


Fig. 4—Micrograph of 25 pct U as prepared by complete 
solution. Air etched, dark phase UBiz in light phase of essen- 
tially pure bismuth. X150. Reduced approximately 20 pct for 
reproduction. 


Fig. 5—Micrograph of 37 pct U as prepared by complete 
solution. Air etched, dark phase UBi2z and light patches of 
bismuth. X150. Reduced approximately 20 pct for repro- 
duction. 


cible and its contents were placed in a resistance 
furnace as described by Teitel’ and the furnace was 
evacuated to 10° mm Hg. After outgassing the fur- 
nace and its contents at 100°C, hydrogen gas was 
admitted and the temperature raised to 250°C. At 
this temperature, uranium and hydrogen react 
rapidly to produce uranium hydride, which crum- 
bles into a powder. By reducing the pressure, the 
hydride is decomposed again. In this manner, ura- 
nium powder was produced in place and ready to 
react with the bismuth which was solid throughout 
the operation. The temperature was then raised 
and the alloys prepared. 

The intermetallic compound UBi, was prepared 
below 1010°C, above which it decomposes. Higher 
uranium alloys were heated to higher temperatures. 

The ingot, 1 in. in diam and 1% in. high, was 
broken out of the crucible and loaded into a thin- 
walled (1/16 in.) aluminum container under a pro- 
tective atmosphere in a dry box. A lid was sealed 
to the container by a rubber gasket and the en- 
closure evacuated through a valve attached to the 
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Fig. 6—Micrograph of 47 pct U prepared by reaction of 
uranium powder with bismuth. Air etched, UBi (gray phase) 
with UsBix (light phase). X150. Reduced approximately 20 
pct for reproduction. 


Fig. 7—Micrograph of 75 pct U as prepared by complete 
solution. Air etched, uranium (light phase) with UBi (dark 
phase). X150. Reduced approximately 20 pct for reproduction. 
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lid. Once under vacuum and sealed off, the alloy 
could be preserved indefinitely. The container also 
served as a calibration material for the neutron 
spectrometer. 

The spectrometer used in this study was de- 
scribed by Corliss et al.” The specimen was placed in 
the center of the spectrometer and a collimated 
monochromatic neutron beam 2 by 2 in. was di- 
rected at it. The diffraction radiation was detected 
by a BF; counter and the information recorded from 
a scaler. Rotation of the specimen did not seem to 
have much effect on the relative intensities of the 
diffraction lines. 

The phases present in various alloys as deter- 
mined by neutron diffraction are listed in Table I. 

The data collected on three alloys (column 3, 
Table I) having various concentrations of uranium 
below 36 pct U were used to locate the composition 
of the intermetallic compound in equilibrium with 
bismuth. The procedure was to plot the ratio of 
the integrated intensity of the strongest line in the 
bismuth structure to that of intermetallic compound 
against composition. A line passing through these 
points intercepted the base of the plot in a composi- 
tion range from 35.5 to 37 pct U. This established 


that the bismuth-rich phase boundary of the first. 


compound was at a concentration of UBi.. 

Tables II, III, and IV summarize diffraction pat- 
terns of the intermetallic compounds UBi., UBi, and 
a U;Bi, respectively. These patterns of the inter- 
metallic compounds UBi,, UBi, and a U;Bi, were in- 
dexed by comparing them to Hull-Davy charts. The 
number of atoms in the unit cell was estimated by 
a calculation assuming that the atom volumes were 
not affected by compound formation. This number 
was adjusted to the nearest even molecule, taking 


Table III. Crystal Structure of UBi* 


d, Ob- d, 
Intensity* 26% served hkl Calculated 
M 19.8 3.165 222 3.16 
S) 22.6 2.78 400 2.78 
vs 23.8 2.64 004 2.64 
VVW 25.6 2.46 402 2.47 
28.1 242 2.25. 
Vw 29.4 2.15 143 2.145 
2. 31.4 2.01 Al+ 152 2.02 
M— 33.2 1.905 350 1.91 
WwW 34.85 1.815 244 1.815 
WwW 36.3 1.745 235 1.745 
WwW 40.5 1.58 444 1.575 
WwW 41.5 136 
Vw 42.3 1.51 007, 712 M5) 
? 45.0 1.42 Al+ 43 1.415 
W 46.4 1.38 652 1.375 


* Body-centered-tetragonal: do=11.12, co=10.55, c/a=0.95, and 
13.6 g per cu cm; 48 atoms per cell. 

Letters represent: S, strong; M, medium; W, weak: and V, very. 
t \=1.088A. 


p 


the cell symmetry into account. The actual density 
was then calculated from the dimensions of the 
cell and the number of atoms. 

The structure of UBi., Table II, was found to be 
cubic. Its unit cell was 8.89A on the edge and con- 
tained 24 atoms. The calculated density was 12.4 g 
per cu cm. 

The intermetallic compound UBi, Table III, had a 
complicated body-centered-tetragonal cell. Its di- 
mensions were a,=-11.12A and ¢,=10.55A, and it 
contained 48 atoms. The density of the compound 
was estimated to be 13.6 g per cu cm. 

The microstructure of an alloy containing 47 pct 
U clearly indicated two phases. When the lines of 
UBi were deleted from the diffraction pattern of 
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this alloy, the remaining lines, Table IV, did not 
conform to that of UBi,. These belonged to a third 
intermetallic compound, U,Bi,. 

Thermal Analysis—Thermal analyses were made 
by methods described by Teitel,"” using graphite 
crucibles and Chromel-Alumel thermocouples for 
temperature measurements. A metal shield covered 
the thermocouple to protect it from bismuth vapors 
and to leak off stray currents at high temperatures. 
In spite of the shield, there were frequent thermo- 
couple failures. Table V lists the thermal points 


observed. Reactions were found at about 115054 


1010°, and 270°C. The first one was believed to be 
a peritectic reaction, L + UBi= U,Bi,; the second 
reaction, L + U.Bi, = UBi,; and the third, the eutec- 
tic L = UBi, + Bi. Several points are reported for 
the same alloy in the table using different thermo- 
couples. 

Solubility of Uranium in Liquid Bismuth—Alloys 
were filtered through graphite frits press-fitted into 
impervious graphite crucibles by a method used for 


Table IV. Diffraction Pattern for U;Bis 


Intensity* d 


= 


* Letters represent: S, strong; M, medium; W, weak; and V, very. 
+ Coincident with UBi diffraction line. 


the U-Pb system.” The data are plotted in Fig. 2 as 
an extension of the work by Bareis. Extrapolation 
of this data to the peritectic temperature, 1010°C, 
determined the composition of the liquid involved 
in that reaction. 

Syntectic Reaction—Several high uranium alloys 
were heated to high temperatures to determine the 
extent of the liquid immiscibility reported by Ah- 
mann and Baldwin. In all except one of the ex- 
periments, the results were similar to those of 
Ahmann and Baldwin. One high uranium alloy 
(282-26) was heated to 1350°C. An optical pyro- 
meter, which was in error by at least 100°C because 
of bismuth vapors, was used to measure the tem- 
perature. Subsequent examination revealed that 
the alloy had been heated into the immiscibility 
region. Both sections were analyzed and the re- 
sults were that the bismuth-rich liquid contained 
51 pet U, while the uranium-rich section contained 
98 pct U. The composition of the bismuth-rich 
liquid can only be explained by a syntectic reaction. 

The thermal location of the reaction is not cer- 
tain, but it probably lies between 1400° and 1450°C. 


Discussion 

The compound UBi: was located by a disappear- 
ing phase extrapolation using the neutron diffrac- 
tion patterns of various high bismuth alloys. 
Ahmann and Baldwin located the same compound 
by centrifugal filtration technique. The tie-line 
determinations in the U-Pb-Bi system converging 
on a composition of U,;Bi; might be explained by 
some solubility of either uranium, lead, or both in 
UBi,. This point remains to be clarified. 

X-ray diffraction patterns of the various com- 
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pounds detected by Brewer and Ferro were com- 
pared with the neutron diffraction results for the 
present investigation. The diffraction patterns of 
the alloys close to the composition of UBi, from all 
three sources are in agreement. The present investi- 
gation only identified the cell structure, while 
Ferro went on to analyze the relative intensities of 
the lines. The unit cell that Ferro determined 
(exactly one fourth of that determined by the pres- 
ent investigation) has been accepted as the best 
interpretation of the diffraction patterns. 

The diffraction pattern of U sBi,, a compound pro- 
posed by Ferro, is substantiated by the present in- 
vestigation. The pattern was analyzed completely 
by Ferro. 

Ferro agreed with Brewer on the structure of 
UBi, but did not attempt to determine the density 
of the compound experimentally as he did with the 
other compounds. This is unfortunate because, if 
he had, he might have helped clarify the confusion 
concerning the density of UBi as reported by 


Table V. Thermal Analysis Results 


Wt Pct U Transformation* Temperature, °C+ 

31 Peritectic C1148 
Peritectic C1041, C1000, C997, C1010 
Eutectic C275 

36.5 Peritectic H1130 
Peritectic H1018, C998 
Eutectic C270 

45 Peritectic C1169 
Peritectic C1010, H1022 
Eutectic 


* All transformations were not determined by same thermocouple. 
7+ H and C indicate upon heating or cooling respectively. 


Brewer. The density of the compounds UBi, and 
U;Bi,, as determined experimentally by Ferro, fol- 
low the general rule that the atomic volumes of 
uranium and bismuth are practically unaffected by 
the formation of intermetallic compounds. Brewer’s 
density of UBi deviates from this principle greatly. 
The estimated density is approximately 13.6 g per 
cu cm, while Brewer calculated 11.5 g per cu cm. 

In addition to the discrepancy on compound 
density, neutron diffraction data concerning an al- 
loy containing 52 pct U did not agree with the pat- 
tern that Brewer claimed was due to UBi. The 
principle lines in Brewer’s phase A, which appears 
in several alloys close to the composition UBi, agree 
with those in the present study. The new pattern 
was analyzed and the structure seems to be very 
similar to the structure of UPb reported by Teitel.” 

Thermal analysis results reported here do not 
agree with those of Ahmann and Baldwin quantita- 
tively as to the location of the two peritectic re- 
actions, but it is agreed that two reactions exist. 

The solubility of uranium in liquid bismuth has 
been extended in the present investigation to 900°C. 
» By extrapolating this curve to 1010°C, it was pos- 
sible to estimate the composition of the liquid phase 
involved in that peritectic reaction. 

There is insufficient data to ascertain whether the 
reaction at approximately 270° to 280°C is slightly 
above or below that of the melting point of pure 
bismuth, but since there was no microstructural 
evidence for a surrounding structure, it is believed 
to be a eutectic reaction. 

Due to experimental difficulties encountered with 
the vaporization of bismuth at high temperatures, 
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there is not much data concerning the high tem- 
perature reaction. Thermal measurements were not 
accurate in all experiments performed by either the 
author or Ahmann. Separation of the liquid phases 
has been well established, but the compositions of 
the liquids at the reaction temperature have not 
been definitely located. All of the experiments re- 
ported by Ahmann, and all except one in the present 
investigation, can be explained by either a mono- 
tectic or syntectic reaction. The composition of 
bismuth-rich liquid in the one exception can only 
be explained if a syntectic reaction occurred. Con- 
sequently, the monotectic was ruled out and the 
phase diagram, Fig. 3, was drawn with a syntectic 
reaction at 1400° to 1450°C. 

There was no evidence for any appreciable solid 
solubility of either uranium or bismuth in each other 
since eutectic compositions were found close to the 
pure components. Further evidence for the lack of 
solubility of bismuth in solid uranium was found in 
the thermal analyses of high uranium alloys re- 
ported by Ahmann. Little or no change in the solid 
transformations in uranium were found. 


Conclusions 

The present status of the phase diagram appears 
in Fig. 2. This diagram incorporates the findings of 
Ferro,” Brewer et al., Ahmann and Baldwin,’ 
Bareis,» and Teitel. Reference to the individual 
studies are indicated on the phase diagram. 

Three intermetallic compounds have been found: 
UBi,, U;Bi,, and UBi. The unit cell of UBi, is tetra- 
gonal and has the dimensions a = 4.445A and c = 
8.908A. There are six atoms per cell, giving a density 
of 12.38 g per cucm. U;Bi, has a cubic crystal struc- 
ture cell with a = 9.350A containing 28 atoms. The 
density of the compound is 12.59 g per cu cm. The 
unit cell of UBi is body-centered-tetragonal in type 
and has the dimensions a, = 11.12A and c, = 10.55A. 
The cell contains 48 atoms, thus giving the density 
of 13.6 g per cu cm for the compound. Not much is 
known about the extent of solid solution in the 
intermetallic compounds. No solid solubility of ura- 
nium in bismuth or bismuth in uranium was indi- 
cated. 

The reactions can best be summarized by the fol- 
lowing formulas where the subscripts indicate com- 
positions of liquid phases in wt pct uranium: a 
eutectic at 270°C, Bi + UBi, = Lio; a peritectic at 
1010°C, La. + U;Bi, = UBi,; a peritectic at approxi- 
mately 1150°C, ar U,Bi,; a syntectic be- 


eutectic at 1130°C, -P UBI = Ly 


The solubility of uranium in liquid bismuth has 
been determined up to 900°C. Some details of the 
phase diagam are not fully confirmed. The solid 
solubility of the compounds and the exact location 
of the peritectic L + UBi = U,Bi, are points that 
require further study. Also, more study is needed 
on the high temperature reaction. 


and a 
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Effect of Orientation on the Plastic Deformation 
Of Aluminum Single Crystals and Bicrystals 


Tensile stress-strain curves are reported for aluminum single and bicrystal speci- 
‘mens. lsoaxial bicrystal specimens were used with one crystal rotated 45° about the 
stress axis with respect to the other. The axial orientations were chosen so that one, 
two, four, six, or eight slip systems were initially equally favored. The 45° grain 
boundary did not raise the stress-strain curve of the bicrystal above that of the cor- 
responding single crystal if two or more slip planes were initially equally favored. 


by R. S. Davis, R. L. Fleischer, J. D. Livingston, 
and Bruce Chalmers 


NTERACTION of dislocations on intersecting slip 
planes has long been considered a primary cause 
of work hardening in metals. Easy glide and low 
work-hardening rates have been observed experi- 
mentally only when single-crystal specimens were 
oriented so that one slip plane was initially favored. 
When single-crystal specimens have been oriented 
so that initially two or more slip planes were equally 
favored, high initial work-hardening rates have been 
observed. 

In a polycrystalline aggregate, glide on five sys- 
tems is in general necessary for a crystal to deform 
in conformity with the change in the shape imposed 
by the other crystals.. Only a small fraction of the 
crystals of a polycrystal will be oriented so that two 
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Fig. 1—Tensile stress (c)-tensile strain (e) curves with ori- 
entations for specimen axis 1. 
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Fig. 2—Tensile stress (c)-tensile strain (e) curves with ori- 
entations for specimen axis 2. 


or more slip systems are equally favored. It is, 
therefore, generally accepted that a large proportion 
of the difference in flow stress observed between 
single crystals and polycrystalline specimens may 
be attributed to the multiple glide present in the 
latter that would not be predicted from the individ- 
ual properties of the former. 

The object of the present work was to study the 
influence of the interaction between the two grains 
of a bicrystal on the work hardening of crystals 
oriented so that one, two, four, six, or eight slip 
systems were initially equally favored. 


Procedure 
The single and bicrystal specimens were prepared 
by growth from the melt in milled graphite boats 
using a technique which has been described else- 
where.” The growth rate used was approximately 
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Fig. 3—Tensile stress (c)-tensile strain (€) curves with ori- 
entations for specimen axis 3. 
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Fig. 4—Tensile stress (c)-tensile strain (€) curves with ori- 
entations for specimen axis 4. 


15 cm per hr. The orientations were determined to 
+2° from Laue back-reflection photographs. The 
aluminum used was supplied by Alcoa, who report- 
ed it to be 99.996 pct Al. The specimens were etched 
with Tucker’s solution. The specimens were an- 
nealed at 640°C + 2°C for 40 hr and then furnace 
cooled over a 7-hr period. The possible necessity 
of avoiding high cooling rates was demonstrated 
recently by Maddin and Cottrell.’ The specimens 
were subsequently electropolished in a solution of 
5 parts methanol to 1 part perchloric acid; the cur- 
rent density used was 16 amp per sq dm for 30 min, 
with solution temperature maintained below —10°C. 

The specimens were deformed with a soft-type 
tensile-testing machine.* The stress was increased 
continuously at approximately 12 g per sq mm per 
min. Strain was measured over a 5-cm gage length 
with a mechanical extensometer employing an op- 
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Fig. 5—Tensile stress (c)-tensile strain (e) curves with ori- 
entations for specimen axis 5. 
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Fig. 6—Tensile stress (c)-tensile strain (€) curves with ori- 
entations for specimen axis 6. 


tical lever. The sensitivity of the strain measure- 
ment was +2X10° and that of the stress measure- 
ment was +2 g per sq mm. The surfaces of the 
specimen were examined after deformation for slip 
markings at X90 magnification. 

Two or more single-crystal specimens and an 
isoaxial bicrystal (one whose crystals have a com- 
mon specimen axis) were prepared for the seven 
different axial orientations shown in Fig. 8. The 
number of favored slip planes and slip systems for 
the different orientations are listed in Table I. 

The specimens were rectangular in cross section, 
approximately 6 mm by 12 mm, and about 15 cm 
long. In each case single crystal B was rotated 45° 
about the specimen axis with respect to the orienta- 
tion of single crystal A. The two crystals of bicrystal 
C have the orientations of A and B. In order that 
the slp plane be uniquely determined by observing 
slip lines on the surface, orientations were chosen 
so that no two {111} planes would have parallel 
traces on the surface of the specimens. The complete 
orientations of the crystals are shown in Figs. 1 to 7 
in which the specimen axis S and the normal to the 
wide (6 mm by 15 cm) surface are plotted. 


Observations and Results 
The tensile stress-strain curves obtained are 
shown in Figs. 1 to 7. The single-crystal curves, A 
and B, are in close agreement with each other ex- 
cept for specimen 4. In each case the matter of ma- 
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jor interest is the deviation of the bicrystal curve C 
from the single-crystal curves. For orientations 1, 
2, and 3, where easy glide is observed for the single 
crystals, the bicrystal curve is appreciably higher 
than those of the single crystals. For orientation 4 
the scatter in single-crystal curves leaves some 
question, but the bicrystal curve does fall within the 
range of scatter. For orientations 5 and 7 the bicrys- 
tal curve is in close agreement with the single- 
crystal curves, while for orientation 6 the bicrystal 
curve is somewhat lower than those of the single 
crystals. It is clear that the influence of the 45° 
boundary was considerably different for the differ- 
ent orientations. 

Tensile stress-strain curves for the seven A crys- 
tals are shown in Fig. 8. The shear stress-total shear 
strain curves for these crystals are plotted in Fig. 9. 
Finally in Fig. 10 these curves are plotted with the 
shear strain per active slip system as the abscissa. 

All of the slip lines observed on these specimens 
could be identified as traces of octahedral planes. 
On crystals 1A, 1B, 2A, 2B, 3A, and 3B a single set 
of lines which corresponded to the most highly 
stressed {111} plane was observed. Crystals 4A, and 
4B. showed a nearly even mixture of slip lines of 
the two predicted {111} planes, whereas the mark- 
ings on crystals 4A, and 4B, are predominantly of one 
plane, although both predicted planes appeared. 
Two planes were again equally stressed in crystals 
5A and 5B, and traces of both planes appeared al- 
most equally. Slip lines were far less dense on crys- 
tals 6A, 6B, 7A and 7B, but all of the expected slip 
planes contributed some markings. Specimens 7A 
and 7B showed some extreme cases of intimate 
cross slip’ and specimens 6A and 6B showed the ex- 
treme clustering of slip lines previously reported 
for crystals oriented near the [111] direction.° 
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Fig. 7—Tensile stress (c)-tensile strain (e) curves with ori- 
entations for specimen axis 7. 
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Fig. 8—Tensile stress (c)-tensile strain (€) curves and axial 
orientations of the seven A crystals. 


In general, crystals slipping on more than one 
plane showed nearly equal numbers of slip lines 
from each contributing {111} plane. One particular 
plane was usually predominant in each region, the 
predominant plane varying from spot to spot on the 
crystal surface. 

For most of the bicrystals, the slip markings dif- 
fered little from those observed on the single-crystal 
specimens. However, additional {111} slip markings 
were observed near the boundary on specimens 1C 
and 2C. 

Discussion 

The orientation dependence of the stress-strain 
curves of single crystals of high-purity aluminum 
has been studied by numerous investigators."” The 
most extensive investigation to date is that of Staub- 
wasser.” The general features of the single-crystal 
curves reported in Fig. 8 are in fair agreement with 
those reported by Staubwasser and earlier workers. 

Flow stress curves for single-crystal specimens of 
critical orientation (where two or more slip systems 
are initially equally favored) are very sensitive to 
the accuracy of the orientation. The scatter in the 
flow stress curves reported for orientation 4, Fig. 4, 
occurred even though the axis of each specimen was 
within 2° of the desired orientation. The surface 
traces on the softest of these specimens were pri- 
marily due to slip on one octahedral plane while the 
surface traces for the specimens with the highest 
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Fig. 9—Shear stress (mo)-shear strain (e/m) curves and axial 
orientations of the seven A crystals: m = cos x cos i. 


flow stress curve were due to slip evenly distributed 
between octahedral planes. Thus it is concluded that 
the crystals with the lowest flow stress curve devi- 


» ated most froin the ideal orientation. This explana- 


tion is consistent with the results of Aust and Chen 
who observed an appreciable grain boundary effect 
for isoaxial bicrystals with a specimen axis only a 


Table |. Favored Slip Planes and Systems 


Equally Equally 
Specimen Specimen Favored Favored 
No. Axis Slip Planes Slip Systems cosxcos\* 
iv 1 0.500 
2 321 1 1 0.468 
3 221 1 2 0.409 
4 211 2 2 0.410 
5 110 2 4 0.408 
6 111 3 6 0.272 
7 100 4 8 0.408 


*) = angle between slip direction and the stress axis. x = angle 
between slip plane normal and the stvess axis. 


few degrees from [110]." The [110] bicrystal (5C) 
reported here was not harder than the component 
single crystals. The slip markings reported by them 
for their single crystals were of predominantly one 
octahedral plane. As the grain-boundary angle in- 


JANUARY 1957, JOURNAL OF METALS—139 


| 7A 
| | 
4A, 
| / 
5A 
3A 
|| 
= 
4 
|_| 
7 i 5 
D4 
ie 


800 


700 


600 


200 


100 


0 0.0! 0.02 0.03 0.04 
E/nm 


Fig. 10—Shear stress (mc)-shear strain per system (e/mn) 
curves and axial orientations of the seven A crystals: m = 
cos x cos A, and n is the number of initially equally favored 
slip systems. 


creased in their bicrystals, additional slip occurred 
on the second plane and the flow stress curve for 
the bicrystal more nearly approached that for a 
true [110] crystal. 


The results reported in Figs. 1 to 7 indicate addi- 
tional hardening for the bicrystal over the single 
crystals for orientations 1, 2 (one slip system ini- 
tially favored), and 3 (two slip directions in one 
plane initially favored) and no appreciable harden- 
ing of the bicrystal over that of the single crystals 
for orientations 4 (one direction in each of two 
planes initially equally favored), 5 (two directions 
in each of two planes initially equally favored), 6 
(two directions in each of three planes initially 
equally favored), and 7 (two directions in each of 
four planes initially equally favored). Further in- 
vestigation of the apparent softening associated with 
the grain boundary in specimen 6C is planned. It 
may be concluded that a 45° grain boundary in a 
bicrystal of the size and shape used in this inves- 
tigation does not raise the stress-strain curve for the 
bicrystal over that of its component single crystals 
if two or more planes are initially equally favored. 
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On the Kinetics of the Pearlite Reaction 


Existing kinetic data on the pearlite reaction are reevaluated in terms of recently 
derived rate laws. It is found that the nucleation rate varies more rapidly with temper- 
ature than previously supposed, and that for eutectoid steels below about 660°C the 
nucleation rate is high enough for the transformation rate to become independent of the 
nucleation rate. The time dependence of the nucleation rate obtained from kinetic 
data is consistent with that observed by metallographic methods. An analysis of the pear- 
lite reaction in the presence of carbide particles supports the two-stage nucleation 
concept, as well as a transient in one of the stages of nucleation. 


by John W. Cahn 
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Ie is well established that the pearlite reaction is a 

nucleation and growth reaction, and that pearlite 
nucleates on grain boundaries or intersections of 
grain boundaries. It is also known that while the 
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Fig. 1—Criterion for saturation of nucleation sites. Steels A 
and B are eutectoid steels; F and H, hypereutectoid steels; 
I, a hypoeutectoid steel; and J, a high-purity slightly hyper- 
eutectoid steel.” 
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radial growth velocity of each colony remains con- 
stant at 680°C, the isothermal nucleation rate of 
new colonies increases rapidly with time.’” The 
kinetic laws of such reactions have recently been 
derived*® for any nucleation rate. The equations 
derived can be simplified for very large or very 
small nucleation rates (relative to the growth rate 
and grain size and time). At the extreme of high 
nucleation rates the sites, where nucleation occurs, 
transform sufficiently early in the reaction for the 
rate of the reaction to be entirely controlled by 
growth, and the nucleation rate actually disappears 
from the kinetic law. This kinetic behavior is called 
site saturation.’ For this case three kinetic laws are 
obtained, depending on whether the active growth 
sites are 1) the grain boundary surfaces, 2) the 
edges where three grains meet, or 3) the corners 
where four grains meet. They are 


[3] 


respectively, where X is the fraction transformed; 
S, the grain boundary surface per unit volume; L, 
the grain edge length per unit volume; (Cy Woe num- 
ber of grain corners per unit volume; G, the radial 
growth velocity; and t, the time. : 
It was shown in an earlier paper’ that for site 
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saturation the time for half reaction t,., is the same 
within a factor of four regardless of which type of 


0.5 


site is active, i.e., 


is between 0.1 and 0.4, where 


D is the grain diameter. This follows because it 
makes little difference in the half time whether 
there is one or an infinite number of nuclei per grain 
at a time which is short compared to D/G. When 
there is only one nucleus per grain the reaction is 
approximately half completed when Gt =D/2. 
When there are many nuclei per grain it is approxi- 
mately half completed when Gt = D/10. This can 
be ascertained from simple considerations of the 
geometry. For a reaction where nucleation is con- 
fined to grain boundaries, the rate of the reaction 
becomes insensitive to the nucleation rate when 


< 0.5. [4] 


Thus, Eq. 4 will be employed as a criterion of site 
saturation. It also follows that Gt,;/D can never be 
less than 0.1 unless there is nucleation inside the 
grains. 

Metallographically, site saturation looks quite dif- 
ferent for different nucleation sites. For saturation 
of the surface sites there will be an ever thickening 
slab of transformed material, more uniform in thick- 
ness at higher nucleation rates and longer times. 
For saturation of edge sites, there will be nodules at 
every junction of three grains, while for corner-site 
saturation there will be only an occasional nodule, 
not necessarily on a grain boundary. Corner-site 
saturation can only be determined by quantitative 
metallographic determination of the nucleation rate, 
or by use of kinetic reasoning from the value of 
Gt.;./D and the rate law, Eq. 3. 

When the nucleation rate is so low that site sat- 
uration does not occur, an entirely different kinetic 
situation is obtained.’ Then the rate law becomes 


[5] 


for all three types of sites and also, incidentally, for 
homogeneous nucleation. N, is the number of nuclei 
at time zero, N is the total nucleation rate per unit 
volume regardless of which types of sites are active, 
and 7 is the integration variable with dimension of 
time and can be interpreted as the time at which 
nucleation of particular nodules took place, their 
number per unit time being given by the value of 


N at a time r. 
If the nucleation rate can be expressed as 


N(t) = kt" [6] 
Eq. 5 becomes 
[7] 
where 
8rn! 
(n+ 4)! 


_and the half time 


(n +4)! In2 
kG? 


Because the nucleation rate per unit volume can be 
expected to be proportional to the quantity of sites 
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available, the dependence of k on grain size can be 
expressed as 
k a 

where j is the dimensionality of the active site and 
is defined as 0 for corner nucleation, 1 for edge nu- 
cleation, 2 for boundary nucleation, and 3 for homo- 
geneous nucleation. The dependence of the half 
time on grain size is then 


[8] 
It is to be noted that no simple relationship exists 
between the half time and grain size unless an as- 
sumption like Eq. 6 is made about the form of the 
time dependence of the nucleation rate. 

Calculations about the transition between these 
two extremes in nucleation rate, for the simpler 
case of constant isothermal nucleation rate, indi- 
cated that the transition from unsaturated behavior 
to saturated behavior was at most a few powers of 
10 in the nucleation rate.’ This transition cannot 
correspond to a large temperature range in real 
systems. 

In summary then, two kinds of kinetic behavior 
can be expected for grain boundary nucleated reac- 
tions. In the first kind nucleation is sufficiently rapid 
to saturate the sites. The half time is then approxi- 
mately equal to 0.1 D/G, Eq. 4, and a plot of log 
In(1/1—x) vs log t would reveal the nature of the 
sites being saturated, Eqs. 1 to 3. The second type 
is that in which nucleation is slow and t,.; is much 
larger than 0.4 D/G. For the special case where the 
nucleation rate obeys Eq. 6 a plot of log In 1/(1—x) 
vs log t would reveal. the parameter n, and the de- 
pendence of t,.; on grain size is given by Eq. 8 instead 
of Eq. 4. What follows is an attempt to check these 
concepts for kinetic data on pearlite. 


Comparison With Experiment 

Fig. 1 is a plot of Gt,../D vs temperature using the 
data of Hull, Colton, and Mehl’ for a number of their 
steels taking their values of t,.., grain size, and G. 
Applying the criterion for site saturation, Eq. 4, it 
is noted that for their hypereutectoid steels, at all 
their temperatures, and for all other steels below 
about 660°C, site saturation is occurring, and the 
rate law should then be independent of the nuclea- 
tion rate. The half time t,,; is then proportional to 


1/G only, Eq. 4, ie., independent of N. The half 
time has been used in the past, together with a 


determination of G, to evaluate N. The expression 
used was” 
0.9 
tos = [9] 
Git 

which is applicable to grain boundary nucleated 
transformations only when the nucleation rate is 
constant and low enough so that site saturation is 
not occurring. Comparison of Eq. 9 with Eq. 4 shows 
that the use of Eq. 9 when saturation is occurring 


will yield an erroneous value of N, which is propor- 
tional to G and like G would have a maximum in 


the vicinity of 600°C. It is unlikely that N has a 
maximum within the pearlite range on theoretical 
grounds. Metallographically also there seems to be 


no evidence that N decreases below 600°C. 

The slopes of the log log(1/1—X) vs log time 
curves of pearlite transformations would be expected 
to change in the vicinity of 660°C from about 7 to 
that characteristic of the type of site which is sat- 
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urating. Fig. 2 bears this out for Hull, Colton, and 
Mehl’s high-purity slightly hypereutectoid steel J. 
The slope of 3 would indicate that pearlite nucleates 
on corners (or impurity particles). The boundary 
surface does not appear to be effective for nucleation 
until below 600°C, slope 1. This fact agrees with the 
metallographic observations, that the austenite grain 
boundaries become outlined by pearlite only below 
600°C. There is considerable scatter in the slopes 
obtained from other kinetic data on pearlite trans- 
formations, but other investigators have reported 
this shift in slope.* 

For non-eutectoid steels the slope obtained from 
the kinetic data decreases again at high tempera- 
tures, which is probably due to a diffusion-controlled 
pro-eutectoid reaction.* 


* See ref. 2 for steels H and I and the eutectoid steel B. 


On the Origin of the Time Dependence 

There have been many suggestions for the origin 
of the time dependence of the nucleation rate. 
Fisher’ has suggested that it might be due to the 
fact that nucleation of pearlite is a two-step process. 
If carbides nucleate at a constant rate and grow in 
proportion to the square root of time, then the sur- 
face area available on which ferrite can nucleate 
will vary as the square of t. Hence pearlite, which 
results from ferrite nucleating on carbide, will 
nucleate as the square of t. On the other hand, 
Turnbull’ has suggested that there might be tran- 
sient effects in nucleation owing to the time required 
for the nucleation rate to reach a steady state. 

One method by which some insight might be 
gained into this question is to examine what hap- 
pens to nucleation when carbides are already pres- 
ent. This has been done by Roberts and Mehl.’ Most 
of their work was done at temperatures close to 
those at which saturation is expected. Consequently, 
the rate is less sensitive to nucleation. Since they 
simultaneously varied grain size and homogeneity, 
these factors have to be separated. 

For instance, Fig. 3 is a plot of grain size vs pearlite 
half reaction time for their hypereutectoid steel’ 
at 700°C. Such a steel is saturated at this tempera- 
ture, and its reaction rate should be independent of 
its nucleation rate, as long as the nuclei are con- 
fined to boundaries. If so, t..; should be proportional 
to D, Eq. 4. This is apparently the case, and the 
whole effect can be ascribed entirely to grain size. 
We also conclude that carbide particles in the in- 
terior of a grain are not effective in pearlite nuclea- 
tion under these conditions. The theoretical curve of 
Roberts and Mehl in Fig. 3 and Fig. 4 is one which 
corresponds to the assumptions of no saturation, con- 
stant nucleation rate (n = 0), and grain boundary 
surfaces as the active sites. 

If we consider next the eutectoid steels A, C, and 
D of Roberts and Mehl at 680°C, we notice that 
Gt,:/D is not large, even for fully austenitized 
samples. Far from saturation at these temperatures 
a slope of —7/3 (n = 3, 3 = 0) would be expected 
instead of Roberts and Mehl’s slope of —4, Fig. 4. As 
the system gets closer to saturation the slope should 
approach —1. It is therefore apparent that much of 
the effect which Roberts and Mehl attributed to car- 
bides or carbon heterogeneities is just the expected 
grain size effect here also. It appears that 1 min aus- 
tenitizing at 875°C is sufficient to remove all effects 
due to carbon heterogeneities in their steels C and D. 

At lower austenitizing temperatures and shorter 
austenitizing time, the half time does decrease more 
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: is effect, which may be 
ue to carbides. 
Figs. 5 and 6 are replots of the data for steels C 
oe D of Roberts and Mehl. The various points are 
‘ or varying lengths of time at 
800°C. Lines of slope 4 have been drawn through the 
data of steel C for 1, 6, and 16 min, and of steel D 
for 1 and 6 min. Lines of slope 7 have been drawn 
through all the other data. Lines of slope 3 have been 
drawn at the top of both l-min curves. (Since 
Gt.;:/D = 0.4 for both reactions where the steel was 
austenitized for 1 min, it is expected that saturation 
would occur.) 

The point to note is that the slope in the presence 
of carbides is one that is consistent with a constant 
nucleation rate (slope 4) and not that expected for 
a constant number of nuclei (slope 3). Carbides are 
not yet nuclei of pearlite, but pearlite nuclei come 
from carbides at a constant rate. This result is con- 
sistent with a two-stage nucleation model. 

Fisher’s prediction that the nucleation rate would 
vary as the square of the time was due to four as- 
sumptions: 1) carbides nucleate at a constant rate; 
2) the radial carbide growth rate varies as the reci- 
procal square root of time, i.e., diffusion control; 
3) the nucleation of ferrite on carbide, which is the 
nucleation of pearlite, occurs on the carbide-aus- 
tenite interface at a rate proportional to the carbide 
surface area; and 4) only a few of the carbides be- 
come pearlite. Each of these assumptions affect the 
power of time in the nucleation rate (n in Eqs. 6 to 
8). By considering alternate assumptions, n can be 
made to vary considerably. What follows is a more 
general model which considers these alternate as- 
sumptions. These assumptions should be checked in- 
dependently. 

Let us first consider the third assumption that the 
ferrite and hence the pearlite nucleates on the car- 
bide-austenite interface surface. This requires that 
the pearlite nucleation rate be proportional to the 
earbide surface area. It is quite reasonable to sup- 
pose that such nucleation would occur preferably at 
junctions of the carbide-austenite interface with 
austenite-austenite interfaces, since such a site 
would require less activation energy for nucleation.” 
Depending on whether these are edges formed by 
the junction of two austenite grains with the car- 
bide particle or corners formed by the junction of 
three austenite grains with the carbide particle, the 
pearlite nucleation rate is going to be proportional to 
the length of the edges or the number of corners in- 
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stead of the carbide surface area. Hence the depend- 
ence of nucleation rate on carbide size will be dif- 
ferent for each of these assumptions. 

The second assumption, that of diffusion con- 
trolled growth, is quite reasonable for particles 
which have been growing for a long time. At suffici- 
ently short times some other process may be control- 
ling the growth, and this may well be the case here. 
In that case the growth rate will be constant. 

The first assumption of constant nucleation rate 
of carbides must almost certainly be discarded at 
those temperatures at which the corners saturate. 
In that case only a limited number of carbides are 
nucleated and they all must become pearlite, con- 
trary to the fourth assumption. Away from satura- 
tion, all the grain corners may nucleate carbides in- 
stantaneously but only few of these become pearlite. 
It may also be possible that a transient exists in the 
carbide nucleation rate. 

If we are operating under conditions where the 
fourth assumption does not hold, the problem is 
simple. The nucleation rate of pearlite would then be 
equal to the nucleation rate of carbides. If the 
fourth assumption does hold, then consideration of 
the other factors leads to the conclusion that the 
exponent of time in the nucleation rate of pearlite, 
n, is given by 


n=n+)(14+ [10] 


where n, is the exponent of time in the expression 
for the number of carbide particles in existence, 
being 0 when all particles start at t = 0, 1 where 
they nucleate at a constant rate, and possibly greater 
than 1 where there is a transient; n, is the time ex- 
ponent of the linear growth rate of the carbides, be- 
ing 0 for constant growth rate and —%% for diffusion 
controlled growth; and j is the dimensionality of the 
site where ferrite nucleates on carbide. 

In the foregoing we have assumed that carbides 
nucleate first. The argument does not depend ex- 
plicitly on which phase nucleates first. Nicholson" has 
recently suggested that ferrite nucleates first in plain 
carbon steels. However, his reasoning is based on 
isothermal transformation data at temperatures at 
which saturation occurred, and hence his kinetic 
data is insensitive to changes in nucleation rates. 

Eq. 10 can, for constant nucleation rates of car- 
bides, predict a time-dependent pearlite nucleation 
rate in which the exponent of time is three. This re- 
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quires assuming that ferrite nucleates on the carbide- 
austenite interface surface, and that the growth of the 
carbide occurs at a constant rate. The first of these as- 
sumptions is unlikely for energetic reasons as stated 
above. It is also unlikely because pearlite does not nu- 
cleate easily on carbides in the interior of a grain, 
where such a surface also exists. Conceivably pearlite 
might nucleate, but not grow, on interior carbide 
particles, because the pearlite might be oriented 
with respect to the austenite grain in which it forms 
in such a way that the growth is very slow. Smith” 
has suggested that a misoriented boundary is neces~ 
sary for the diffusional processes in discontinuous 
or cellular reactions. Presumably, though, carbon 
diffusion is sufficiently high at the pearlite reaction 
temperature so that a misoriented boundary is not 
needed for the diffusion process. However, it would 
certainly be needed for the segregation of alloying 
elements, and there is strong evidence that this is 
actually the case for molybdenum-containing steels 
where segregation of molybdenum during tempering 
of martensite has been found many times slower 
than in a pearlite formed at the same temperature.” 
This is true despite the fact that molybdenum dif- 
fuses faster in ferrite than in austenite.” 

But that alloy segregation is necessary for pearlite 
growth has been questioned” and should be investi- 
gated. It therefore appears that an exponent of 3 in 
the nucleation rate can be explained on a two-stage 
nucleation model assuming constant nucleation rates 
only with questionable assumptions. Since experi- 
mentally the exponent appears to be 3 or 4, other 
causes must be sought, such as a transient effect in 
the prepearlite carbide nucleation. 


Summary and Conclusions 

1) Transformations in which the grains nucleate 
on grain boundaries and grow with constant velocity 
fall into two classes of kinetic behavior, depending 
on the magnitude of the nucleation rate. A kinetic 
behavior termed saturation results from high nucle- 
ation rates, and drastically contrasts with the kinetic 
behavior expected at low nucleation rates. A criter- 
ion for experimentally determining when saturation 
is occurring is discussed. 

2) The kinetic behavior for time-dependent 
nucleation rates is developed, and a particular form 
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of the time dependence of the nucleation rate 
(power of time) is developed further. The relation- 
ship between grain size and the time for half reaction 
are discussed for this case. 

3) It is found that saturation of nucleation sites 
occurs in eutectoid steels below about 600°C and in 
a hypereutectoid steel below about 720°C. 

4) It appears that the corners of grains are the 
only effective nucleation sites at higher tempera- 
tures. The boundary surface is effective below 600°C. 

5) The form of the time dependence of the 
nucleation rate agrees with that determined metallo- 
graphically. 

6) The rate laws in the presence of carbide par- 
ticles indicate that pearlite nucleation occurs in two 
stages. When carbides are already present, pearlite 
nucleates at a constant rate. 

7) The origin of the time-dependent nucleation 
rate must lie in a transient in the carbide nuclea- 
tion. A model which depends on a constant nuclea- 
tion rate of carbides is insufficient to explain the 
strong time dependence of pearlite nucleation. 
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Engineering Aspects 


Of lon Exchange in Hydrometalluray 


The is application of ion exchange to extractive hydrometallurgy is the use of 
a strong base anion exchange resin for selective recovery of uranium from sulfate leach 


liquors. Th 


e influence of the major variables on column operation is described, plant 


performance data are summarized, cost factors are enumerated, and the probable ap- 
plication of this operation to metals at least as valuable as copper is predicted. 


by John Dasher, A. M. Gaudin, and R. D. Macdonald 


| Oa exchange is a widely used unit operation in 
water treatment and elsewhere in chemical in- 
dustries. It has occasionally been used in hydro- 
metallurgy for treating plating, pickling, and rayon 
wastes.'* Concerning ion exchange in extractive 
hydrometallurgy—for treating ore leach solutions— 
the literature prior to the Geneva Conference has 
given only hints.** Yet most of the ore leach plants 
now being built or completed in the last three years 
use ion exchange for this purpose. Most of these 
plants are used for extracting uranium. 

The overall process for leaching low grade ura- 
nium ores and the history of its development have 
been given in the authors’ previous papers.”* The 
object of this paper is to discuss certain engineering 
aspects of the new application of ion exchange to 
recover dissolved values from ore leach solutions. 
Necessarily the illustrations will be taken from the 
first application—to uranium metallurgy. 

Although ion exchange processes have been de- 
vised in which separation of spent residue from 
pregnant liquor is not required, as in the RIP proc- 
ess,’ only ion exchange operation, in which the 
resin is contacted with a clear solution, will be dis- 
cussed in this paper. 

Uranium exists in acid leach liquors mainly as the 
cation UO,** and can be adsorbed completely by ca- 
tion exchange resins, but the adsorption is not se- 
lective as other cations such as Fe***, Al**, Mg”, 
Mn**, and Ca** are also adsorbed. Uranium, how- 
ever, forms complex anions with sulfate, phos- 
phate,” carbonate”™ and even with chloride if the 
solution is strong enough.” These anions can be 
adsorbed by anion exchange resins. The strong base 
anion exchangers have a very strong preference for 
these complexes” “ and hence this adsorption is 
very selective. In this paper, the examples concern 
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acid sulfate leach liquors from which uranium is 
adsorbed as UO.(SO,).° and UO,(SO,);*.” 


Materials and Equipment 

Ion Exchange Material—Ion exchange materials 
include natural and synthetic; organic and inorganic; 
cationic and anionic; and weak, intermediate, and 
strong varieties. They consist of fragments or beads 
normally in the size range —16 to +50 mesh. The 
newer varieties have been developed to have greater 
stability, chemical strength, and/or capacity than 
earlier varieties.” The resin used for uranium re- 
covery is a strong base anion exchanger.* To make 


*Such as Rohm and Haas Amberlite IRA-400 series, British 
Permutit DeAcidite FF, Permutit lonac SE, and Dow Nalcite SAR. 


this resin, styrene plus a few percent divinyl 
benzene are polymerized into long chains with oc- 
casional cross links. This resin in bead form is then 
reacted to introduce quaternary amine groups onto 
most of the aromatic rings. These resins are water- 
avid gels of specific gravity of about 1.1, which shrink 
and swell by osmosis when the ionic content of the 
surrounding solution is changed. The beads which 
are shown in Fig. 1 can be broken like an onion by 
rapidly replacing 15 pct H.SO, with water. This 
organic gel can also be broken by mechanical hand- 
ling as by a centrifugal pump. Otherwise it is re- 
markably stable. It is unharmed by fairly strong 
acid or alkali, oxidizing or reducing agents, and 
heat up to 70°C. 

The strong base resin when completely in the 
chloride form (with a chloride anion on each qua- 
ternary amine group) holds over 107 g of Cl per 
dry kg. As all these chloride ions can be dis- 
placed by other anions, the resin has an exchange 
capacity of over 3 g equivalents per dry kg. How- 
ever, the resin is sold and used by moist volume. 
The moist resin contains about 50 pct water, weighs 
about 43 lb per cu ft, has 40 pct voids, and an ex- 
change capacity of over 1 g equivalent per liter of 
bed volume. 

lon Exchange Equipment—lIon exchange equip- 
ment used for recovery of uranium from leach so- 
lutions is substantially identical to that developed 
for water treatment and other applications.” The 
resin beds are held in closed tanks or columns 
which, in the uranium plants, have been stand- 
ardized at 7 ft diam and 12 ft high. The resin bed 
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Fig. 1—Strong base anion exchanger IRA-400. Courtesy of 
H. E. Weaver, Rohm & Haas Co. 


is 5 ft deep (200 cu ft resin) and rests on a gravel 
bed about 18 in. deep. In the operating cycle the 
resin, which is originally in the chloride form, is 
contacted in sequence: 1) with partly depleted so- 
lution to remove all the uranium from it, 2) with 
pregnant solution until it is saturated, 3) with rinse 
water to remove the pregnant solution, 4) with 
water flowing upward (backwash) to remove slimes 
and keep the resin bed open so that pressure drop 
during treatment remains moderate, 5) with a 
solution to remove (elute) the adsorbed uranium, 
and 6) with a rinse to remove the eluting solution. 

The column holding the resin bed is arranged so 
that these operations can be carried out successively 
for each cycle. 

Just above the resin bed and buried in the gravel 
are manifolds to insure even distribution of the 
various feed solutions and even drainage so that 
channeling is minimized. Sometimes there is an- 
other manifold near the top of the tank to introduce 
the pregnant solution. A screened outlet at the top 
removes the backwash solution. The backwash ex- 
pands the resin bed to nearly double its settled 
volume, and this is what requires a 12-ft-tall tank 
for the 5-ft resin bed. During the rest of the cycle, 
the solutions flow down through the bed, and the 
upper half of the tank is inactive. Two systems of 
operation are usable. In one, the upper half is kept 
full of pressurized air by a level-controlled system, 
and in the other it is left full of water. Both the 
pregnant and the eluting solution have a higher 
specific gravity than water. They can enter the 
middle distributor and flow down through the bed 
without major mixing with the water in the upper 
half. However, in some plants, only the eluate is 
added at the middle. The pregnant solution is added 
at the top even though it displaces the water in the 
upper half and adds to rinse volume required. 
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To provide corrosion resistance, the resin col- 
umns, piping, and valves are rubber-lined, plastic, 
or stainless steel. Auxiliary equipment includes 
pumps, surge tanks, elution makeup tanks, chem- 
ical-handling facilities, meters, gages, and control 
equipment which makes the operation automatic or 
semiautomatic. A control panel for a set of four 
columns is shown in Fig. 2. 

Operation is normally controlled by switching 
flow from column to column on the basis of total 
flow, and samples are taken for check analyses. 
There are possibilities of continuous automatic 
analysis for control. 


Column Operation 


Adsorption—The bed of ion exchange resin is also 
capable of acting as a filter bed. In order to get 
the desired flow rate through the bed with the 
usual low-head feed pumps and without exceeding 
the allowable pressure on the column tank, it is 
necessary to have a reasonably clear solution. It 
need not be sparkling clear, as a slight turbidity 
can be tolerated providing an adequate backwash 
is used in each cycle. 

The capacity of a strong base resin (such as IRA- 
400) in bead form (1 g equivalent per liter of wet 
settled resin) at saturation would be 140 gpl U.O; 
for the divalent complex UO.(SO,). and 70 gpl 
U,O, for the UO.(SO,);* complex, or 9 and 4.5 lb 
U;O, per cu ft, respectively. The lower figure has 
been exceeded in operation on leach liquors despite 
competition from Fe*** complexes, HSO,, SO-, and 
other anions. Therefore, the divalent complex can 
play a major role in the adsorption. 

For economical ion exchange operation, a rela- 
tively high loading at a fast rate with perfect selec- 
tivity of the value from its impurities and a rapid 
elution with minimum chemical makeup and mini- 
mum volume to be precipitated are all desirable. 
Tests need to be made for each ore to determine the 
optimum economic conditions of operation. Various 
changes in leaching can be made if indicated, and 
for each leach liquor tests on the effect of ion ex- 
change variables are needed. However, the general 
trend of the effect of the major variables can be 
outlined. 

Effect of Column Size: Resin columns perform 
almost the same separation whether % in. or 14 ft 
diam, providing the flow is wel! distributed and the 
bed depth is great enough to avoid a major effect 
from channeling. Plants with 7-ft diam columns 
have been constructed by scale-up of pilot plant 
column data obtained from 10, 6 and even 2-in. 
diam columns several feet high, and have had ade- 
quate performance. Although the plant resin bed 
has diameter greater than height, laboratory col- 
umns need to be much taller relative to the small 
diameter to avoid channeling. 

This is illustrated by the results of experiments 
in which the same volume of the same leach solu- 
tion was passed over the same volume of resin in 
columns of different diameters. These are given in 
Table I. 


To determine proper column shape, the authors 


4 
suggest the relation h = K \/d, where height and 
diameter are in feet and K is about 3.5. A minimum 
column diameter of 2 in. and height of 4 ft are 
desirable if results are to be scaled up to commer- 
cial-size units. 
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Effect of Retention Time: It has been found con- 
venient to use retention time to define rate. 

Retention time is comparable regardless of unit 
system or column size and is easily calculated from 
flow rate and bed volume, assuming 40 pct voids in 
the resin. For similar reasons, the volume of each 
solution per cycle is given as a column or bed vol- 
ume. Typical adsorption curves are given in Fig. 3 
for retention times of 5.8 and 8.7 min, 

The initial effluent is practically barren and ura- 
nlum recovery is complete. After 94 column vol- 
umes with 8.7 min retention (broken line), the in- 
stantaneous recovery of uranium has fallen to 98 
pet. This is the breakthrough or cutoff point.* As 


* Breakthrough is a water treatment term for the point er 
hardness can be detected. Uranium analysis is very penal 
uranium is always detectable in the column effluent, although it is 
normally less than 0.1 pet of feed concentration. Cutoff is the au- 
thor’s term for the point where 2 pct of the feed concentration of 
uranium is found in the effluent. If the flow is stopped at this point, 
the average recovery usually will be about 99.8 pct. 


the flow continues, the uranium loss in the effluent 
increases until at 157 column volumes the resin is 
all saturated and no further uranium is adsorbed. 

At the faster rate (5.7 min retention, solid line), 
breakthrough occurs sooner and saturation occurs 
later. The saturation loading of any particular resin 
depends only on solution composition, and is inde- 
pendent of flow rate. Therefore, for any rate, the 
area under the adsorption curve is the same for the 
same solution, and is proportional to the saturation 
loading of the resin. 

The resin beads have submicroscopic pores in 
which the anions adsorbed by the resin diffuse in 
and the exchanged anions diffuse out. This diffusion 
rate is controlled by the concentration gradient from 
bead surface to bead center and it requires a finite 
time. Therefore, at the faster flow rate the resin 
surface gets loaded with more uranium which has 
had less time to diffuse into the resin, and cutoff 
occurs sooner. At the faster rate, saturation takes 
more column volumes (200 vs 157), but less total 
time (2900 vs 3415 min), due to the greater con- 
centration gradient from surface to center of each 
bead. 

At cutoff, only the top part of the resin is satu- 
rated. Elution of the resin takes the same time, 
volume of solution, and quantity of chemicals 
whether the column is saturated or lightly loaded. 
It is economically desirable to elute saturated resin 
and to stop the solution flow at cutoff. With a single 
column, these objectives are incompatible, but if 
two columns are used in series. the retention time 
can be chosen so that the first column which was 
previously partly loaded is nearly saturated when 
the second and fresh column reaches cutoff. At 8.7 
min retention, the 94 column volumes to cutoff are 
more than the 63 column volumes from cutoff to 
saturation. If two columns are used in series, the 
second column would not be at cutoff when the first 
column is saturated. Therefore, the desired per- 
formance could be obtained with less resin and 
lower retention time. 


Table |.’ Effect of Column Shape 


Column diam, in. 0.5 
Column ht, in. 24 
Uranium adsorbed, pct 99.9 


Note: Solution assay 0.207 gpl UsOs, pH 3.3, 10 liter at 5 mJ per 
min. 


TRANSACTIONS AIME 


Table Il. Effect of Retention Time 


Column 
; Retention, Volumes Min Resin Load, 
Solution Min to Cutoff to Cutoff Gpl U30s 

0.75 53 100 by 
1.0 62 155 20.5 
1.5 73 274 24.1 

Q* 0.56 11 15 3:3 
Led 18 49 5.7 
1.4 27 95 8.6 
262) 37 201 11 
3.7 64 594 21 
5.6 84 1180 27 

P.4 2.1 15 79 3.9 
3.4 35 298 9.1 
5.87 64 930 16.7 
8.77 94 2045 24.5 


* Y solution: 0.33 gpl UsOs, pH 3.3. @ solution: 0.33 gpl UsOs, 3.0 
gpl Fe+++, pH 1.2. X solution: 0.26 gpl UsOs, 2.2 gpl Fet++, pH 1.3. 
j From Fig. 3. 


Table Ill. Effect of Diluting the Leach Liquor 


Gpl U30s Gpl Resin 
Dilution 
of Leach Pct 
Liquor pH Before After Absorbed Uz30s Fe 
None 0.9 1.3 0.658 49.3 21.3 0.9 
4:1 1.47 0.26 0.090 65.5 28.7 0.67 
4:1 0.9* 0.26 0.171 35 14.3 0.28 


* Adjusted with H2SOu. 


Note: Batch tests. 10 gpl {30 ml per liter) of resin of 1.3 gpl UsOs, 
3 gpl Fet+++ solution, 2 hr. 


Table IV. Displacement of Ferric by Uranium 


Initial Solution, End Solution, 
Gpl Gpl 


Test Resin pH U308 Fet+++ U308s Fet+++ UsOg Fet+tt+ 


Gpl Resin* 


A Cl-form 1.0 0.708 — 0.092 — 10.3 — 
B Cl-form 1.0 = 19.4 —= 18.9 — 0.8 
(e From B 1.0 0.708 — 0.096 0.45 10.2 0.08 


* By difference. ; 
Note: Batch tests. 20 gpl (60 ml per liter) resin. Time was 2 hr. 


Table V. Effect of Retention Time on Elution 


Solution Used to Load Resin 


Retention Column Column 
Time, Min Volume Total Min Volumest Total Min 
ali 9 115 11 140 
7.6 7 133 8 152 
15.2 5 187 5) 187 


* Column loaded to cutoff with X solution (pH 1.0) to 5.5 gpl 
UsOs; with Y solution (pH 3.3) to 22 gpl UsOs. k 
Column volumes of 1 mol NH:iCl, 1 mol HCl solution needed 
for complete elution. 


Table VI. Effect of Cation and Sulfate on Elution 


Cation Nat Mgt+ 
M SOu= 0.5 1 1.5 0.5 1 2 0.5 1 2 
Column 

volumes* 13.5 11.2 10.5 17 16 16 19 20 28 


* For complete elution. : 
+ Removed from eluted column by NOs- solution. 
Note: Each eluting solution was 1 mol in chloride and at pH 1.0. 
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Fig. 2—Control panel for ion exchange units in uranium 
plant. Courtesy A. B. Mindler, The Permutit Co. 


For the second curve at the faster rate, the 64 
column volumes to cutoff are less than the 136 
column volumes from cutoff to saturation, and are 
equal to the column volumes from cutoff to 55 pct 
saturation. 

The optimum retention time then is between these 
values, say 7 min total, or 3.5 min per column. For 
the standard 7x12-ft column with 200 cu ft of resin, 
this is 172 gpm. 

Data on the effect of varying retention time on 
the volume processed to cutoff and on resin loading 
at cutoff are given in Table II. 

With each solution, increasing retention increases 
loading. With each solution, loadings at cutoff of 
over 24 gpl U;O, (1.5 lb U;O, per cu ft resin) can be 
obtained. Loading at saturation would be appre- 
ciably higher. The more neutral solution (Y) re- 
quires only 1.5 min retention while the more acid 
solutions require 5 or 8.7 min to obtain this loading. 
Long and Olsen” state that retention time is not an 
adequate index of performance and, with deeper 
beds, improved performance per volume of resin is 
obtained. This will tend to introduce a safety factor 
into plants designed from laboratory results with- 
out their correction. 

Ionic Concentration—The data in Fig. 4 show the 
effect of pH on resin performance under different 
conditions. Curve 1 shows, for saturation of the 
resin with a synthetic solution, that loading decreases 
as pH decreases. Curve 2, for batch equilibration 
in leach liquor, shows the sharp decrease below pH 
1.3. Curve 3 has two points at pH 1.3. The higher 
point was obtained when the pH was raised with 
CaCO, which precipitates sulfate, and the other 
when NH,OH was used and sulfate remained con- 
stant. The decrease of loading on curve 4 with in- 
crease of pH above 1.4 is due to competition with 
ferric iron. Ferric iron also forms a sulfate complex 
anion which is held by the resin.” Comparison of 
curves 3 and 4 shows again how retention time 
affects loading. The effect of pH is indirect; it affects 
ion concentrations which in turn affect loading. 

The indirect effect of pH is also demonstrated by 
the data of Table III for batch tests. Dilution with 
pH constant decreases loading, and dilution without 
pH adjustment increases it. Dilution with or with- 
out adjustment improved selectivity relative to Fe. 
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To demonstrate the effect of ferric iron, a sample 
of resin was equilibrated with a uranium solution, 
and another sample was equilibrated with a much 
stronger ferric solution, washed, and then equi- 
librated with the uranium solution. Results are 
shown in Table IV. 

The ferric complex is held less tightly than the 
uranyl complex, and is displaced by it when opera- 
tion is continued. The presence of Fe*** does, how- 
ever, result in slowing down absorption of the ura- 
nium complexes (see Fig. 4), and slower flow rates 
have to be used to get the same capacity (Table II). 


Elution and Recovery—The uranyl complexes can- 
not be adsorbed from solutions containing 0.5 to 6 
mol of Cl or over 0.5 mol NO,. Therefore, uranium 
is eluted from the resin by either chloride or nitrate 
solutions of about 1 mol concentration acidified to pH 
1 to 2. The choice is dominantly economic. Nitrate 
is used in South Africa where it is obtained locally 
by oxidation of ammonia, and where salt is im- 
ported. It is also used in RIP plants to avoid cor- 
rosion of the stainless steel baskets holding the resin. 
Elsewhere, chloride is used because it is cheaper. 

Retention time in elution is longer than in adsorp- 
tion. Results with various retention times are shown 
in Table V. Increasing the retention time threefold 
about halves the volume required, but little extra 
solution was needed for the Y column despite its 
fourfold greater loading. Elution is something it 
does not pay to rush. It takes time for the uranium 
to diffuse out of the resin. 

A typical elution curve is given in Fig. 5. The 
first half of the eluate contains over 90 pct of the 
uranium. This has led to the reuse of the second 
half of the eluate for the first half of the next 
elution, which gives a more concentrated solution 
to be precipitated and saves somewhat on makeup 
chemicals. 

The Fe***, being less tightly held, is displaced first. 
The first two column volumes can be separated and 
returned to the leach to reuse over half the ferric 
iron left on the column with only a small recycle of 
uranium. This would increase the purity of the 
uranium precipitate. For more effective purification, 
the eluate can be neutralized by CaCO; to pH 3.5 to 
precipitate all the ferric iron and filter it out for 
recycle before the uranium product is precipitated 
by further neutralization. As iron in the leach liquor 
is at least ten times the uranium, and as iron in the 
eluate is one tenth the uranium, over 99 pct of the 
iron has been rejected by the resin while recovering 
99.8 pet of the uranium. These eluate purification 
steps pertain only to increasing the rejection of the 
last 1 pet of the iron to match the 99.9 pct plus 
rejection of other impurity cations. 


Uranium is precipitated from the eluate by various 
alkalis. Ammonia precipitation results in the least 
contamination of the product. Magnesia, if suitably 
calcined, adds little to the precipitate and gives a 
precipitate which is easier to thicken and filter. The 
uranium precipitate, after calcining to remove water 
of hydration, has a minimum grade of 75 pct U,Os. 
Ammonium salts are decomposed in calcining but 
the magnesium and/or sodium salts must be washed 
out before calcining. 

The barren eluting solution, when the chloride or 
nitrate left on the resin and its acidity has been 
replaced, is ready to be reused. During elution, while 
chloride or nitrate is put on the resin, equivalent 
sulfate is added to the eluate. The sulfate is allowed 
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to build up in the recycled eluate to 0.5 to 1.5 mol 
Sulfate is controlled by a bleed either in the un- 
washed precipitate when NH, is used, or from the 
precipitate wash if MgO and/or NaCl is used, or as 
gypsum if CaCO; is used to precipitate ferric iron. 

The cation present in the eluate does make a dif- 
ference in elution. In solutions containing 1 mol SO, 
and 1 mol Cl the quantity of acid needed to adjust 
to pH 1.0 when Na* is the cation gives pH 1.1 when 
NH," is the cation and pH 0.6 when Mg** is the cation. 
This shows differences in cation activity which will 
affect sulfate and bisulfate concentration. Solutions 
with different cations and levels of sulfate buildup 
were used to elute a resin column loaded in a stand- 
ard way. After elution, 2 mol NH,NO, was passed 
through the column to remove the Cl- and SO- left 
on the column at the end of elution. Data are given 
in Table VI. 

Elution with NH,‘ solutions takes the least volume 
and is not impaired by sulfate. Elution with Meg** 
takes the most volume and is impaired by sulfate 
buildup. Elution with Na* gives intermediate results. 
The low Cl:SO, ratio for NH,’ solution indicates 
that sulfate is participating in this elution to a 
major extent. The choice of eluting chemicals de- 
pends on their delivered cost at the plant and on the 
comparative value of elution time and precipitate 
dewatering. 


Total Cycle 

In addition to adsorption and elution the cycle 
used includes a rinse after each of these steps and 
a backwash. 

The upflow backwash (to remove any turbidity 
filtered out on the bed, any precipitate formed, and 
any flakes of decrepitated resin) is done after adsorp- 
tion because the anion resin loaded with uranium 
is heavier than in the chloride form after elution. 
Hence a higher backwash rate can be used without 
elutriating good resin out of the column. 

The rinse after adsorption allows the pregnant 
solution in the column to be recovered for recycle, 
rather than be discarded with the backwash. The 
rinse after elution is needed to get the chloride 
or nitrate solution out of the column, so that the 
chloride or NO, displaced from the resin at the start 
of the adsorption cycle will not add to that still 
present to make a 0.5 mol or stronger solution and 
prevent uranium adsorption. 

In the complete cycle the many steps through 
which the resin goes can be divided into three 
periods. The barren resin is used first for complete 
uranium absorption from solution which has pre- 
viously gone through another bed to saturate it. 
Secondly, the resin is saturated by treating pregnant 
solution. Thirdly, the resin is taken off the main 
solution flow, rinsed, backwashed, eluted, rinsed, 


and left on standby until a fresh column is needed. 

A typical complete cycle for any of a set of three 
columns 7 ft diam, 12 ft high, with 18 in. of gravel 
and 5 ft of resin working on a 0.5 gpl U,O, solution 
at a South African leach plant is given in Table VII. 
During each 15-hr period, the other columns are 
each performing a different function. 

When the cutoff point is reached in the column on 
period 1, flows are switched and the next period 
begins for all columns. 

This cycle is nicely balanced. Elution retention 
time can be varied from 32 to 48 min (10 to 15 
Imperial gpm) to get elution done in time. 


Table VII. Typical Complete Cycle 


Total Flow 
Rate, Col- 
Reten- Impe- umn 
tion, rial Vol- Imperial 
Period Function Min Gpm Time, Hr umes Gal 
1 Complete 
adsorption BES) 90 15:00 67 81,000 
2 Saturation 5:3 90 15:00 67 81,000 
3 Rinse 5.3 90 0:56 ) 4 5,000 
Backwash no 80 1:00 4,800 
Elution 40 12 11:40 > 15:00 vi 8,400 
Rinse 32 15 1:20 1 1,200 
Standby — — 0:04 J 


Note: 405 lb UsOs in 81,000 Imperial gal, 404.2 lb adsorbed and 
eluted, 99.8 pct recovery. 


Tabie VIII. Effect of Leaching Method 


* + 
st 
Single-Stage Countercurrent 


Retention time, min 156 0.75 
Column volumes per cycle 27.5 65 
Leading, gpl U30s 17 
Loading, lb UsOs per cu ft 0.445 1.06 
Pct of cycle on adsorption 35 57 
Total cycle, min 255 430 
lb per cu ft resin per day 2.5 
Cu ft resin per 1 tod UsOs 800 563 
Eluate makeup, lb HCl per lb U30s 6.2 1.0 
Eluate makeup, lb NHz per lb UszOs 3.2 0.6 
x Y 
Solution, Precip- Solution, Precip- 
Assay Gpi itate, Pct Gpl itate, Pct 
U30s8 0.26 76.4 0.26 94.6 
e 7.1 10.8 4.2 1.3 
Al,Q3 2.0 0.32 0.36 
SiOz 1.9 2.17 well 1.92 
SO 59.4 0.32 42.5 0.39 
MgO 4.1 0.84 3.6 0.15 
CaO 0.75 0.76 0.58 1.56 
Mn 8.9 0.07 9.0 0.15 


* X solution: pH 1.3, 0.26 gpl UsOs, 2 to 3 gpl Fett++. 

+ Y solution: pH 3.3, 9.26 gpl U3Os, nil Fet+++. 

Note: Data from locked batch cyclic laboratory tests using two 
columns in series on adsorption. 


Table IX. Summary of Plant Performance 


Performance per Cu Ft 


Adsorption Resin per Day 
Retention, U30s, Lb Elution ons 
Plant Gpl pH Min per Cu Ft System Hr per Cycie U30s, Lb Solution 
3Qs, 
4 1.5 NO3- 60 0.6 2.0 
B 05 i 3 3 6 2.0 NOs- 50 1.0 1.0 
2 1.3 3 8 3.0 NO3- 40 1.8 0.75 
20 2.5 4 2.4 3.5 11 7.6 1.9 
E 2.0 1.5 4 5 3.0 Cl- 20 3.6 0.9 


* Number of columns in set; two on adsorption plus one or two on elution. 
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Fig. 3—Typical adsorption curves. Note: 0.26 gpl U;Os, 3 
gpl Fe***, and pH 1.4. 


If the time required for period 3 is greater than 
for periods 1 and 2, a set of four columns is used 
with two on adsorption and two on elution. This 
occurs when rich solutions load the column faster 
and/or when Mg** or Na* are added to the eluate. 
Recycling the last half of the eluate is easily prac- 
ticed under these conditions. 


Poisoning 

There are some anions which are held more tightly 
by the resin than the uranyl sulfate complexes, and 
these are not removed in normal elution. As they 
build up on the resin, its capacity drops, and the 
resin is said to be poisoned. Periodically a special 
treatment is needed to restore the resin. Some of 
the poisoning problems and their solutions are as 
follows: 


1) Vanadate (V”) poisoning can be avoided by 
reducing the leach liquor with a little iron to obtain 
Wi 

2) Molybdate can be removed with NaOH. 


3) Silicate is eluted but may hydrolyze to de- 
posit silicic acid in the resin pores, but this is also 
removed with NaOH. 


4) Cobalti-cyanide (formed by cyanidation of 
South African ores prior to uranium leaching) can 
be removed with NH,SCN or preferably with hot 
NaNoO.. 


5) Polythionates such as tetrathionate (also 
formed in cyanidation of ores containing sulfides) 
react with nitrate eluting solutions to deposit sulfur 
in the resin pores. This is removed by NaOH plus 
Na.s. 


The record to date is that each ion causing poison- 
ing can be identified and a treatment devised which 
will remove it without destroying the resin. Poison- 
ing also tends to upset the balance of the time cycle. 
Poisoning ions not only give lower capacity so that 
the adsorption cycle grows shorter, but clogging of 
resin pores by elemental sulfur on silica makes the 
elution time longer. If there is a poisoning problem, 
extra capacity is installed to minimize the frequency 
of the special elution treatment. As there is no as- 
surance that a new plant will not make a solution 
with some poisoning ions, a safety factor should be 
used in plant design. The factor of 2, which is quite 
conservative, can safely be reduced to perhaps as 
little as 1.3, if extensive testing shows no poisoning 
ions. - 
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Effect of Leaching Method 

As described in the general paper,’ development 
work included both a single-stage leach X and a 
countercurrent leach Y. A comparison of the ion 
exchange of these solutions is given in Table VIII. 
There is a major difference in the quantity of resin 
and chemicals required by the different solutions. 
It is therefore not enough to determine the optimum 
conditions for ion exchange of a leach liquor. Opti- 
mum plant design requires calculations based on the 
whole process. 

Since these tests were run, it has been found de- 
sirable to decrease adsorption flow rate to get a 
higher loading and up to 67 pct of the cycle on 
adsorption even with low pH liquors like X (see 
Table VII), but the comparison is still valid. The 
more acid solution which is cheaper to produce takes 
more resin and makeup chemicals to recover the 
uranium and gives a less pure product. 


Plant Data 

The plants for ion exchange recovery of uranium 
include: 13 in South Africa now treating current 
residues from 22 mines and cyanide mills plus sev- 
eral being built;* four in Canada, built or being 
built; two in Australia, with others planned; one in 
the United States on solutions, plus four using RIP, 
built or being built, with others planned; and one 
in Belgian Congo on gravity plant tailing leach solu- 
tion. The data in Table IX summarize the perform- 
ance of ion exchange at various plants. 

For the South African plants (A, B, and C) the 
retention time increased for the richer solutions, but 
not proportionately, so that the quantity of uranium 
recovered per unit of resin is greater for the richer 
solution. The Congo solution (D) at pH 2.5 is cleaner 
with less competition for the uranyl complex, so 
that nearly as much solution can be treated as at 
Rand Plant (A) with only one tenth the uranium 
concentration in the feed solution. Comparison with 
the Australian (E) solution shows that only a little 
of the improvement is due to increase in uranium 
concentration alone. 


Economics 

The cost of ion exchange for uranium recovery 
will vary with the solution composition, local eco- 
nomic factors, and size of plant. For illustration, 
assume a plant producing 1 ton of U,O; per day with 
the median performance from 'l'able IX, namely 1.8 
lb U,O; per cu ft resin per day and 1.0 ton solution 
per cu ft resin per day or 0.9 gpl U;Os. 


Fig. 4—Effect of So 
pH. Legend: curve 
1, column to satura- 50 
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i ee is 2000/1.8 or 1111 cu ft—say 
7 ft two sets of three columns 
igh with 200 cu ft of resin in 
resin life at some plants now 
three years ago is till 
still in use, the poisoning problem 
t ’ y due to cyanidation prior to leaching, 
is the most complex yet found and initial batches 
of resin had considerable abuse before effective 
poison-removal methods were found. Although up 
to 20-year resin life may be attainable, assume a 
five-year writeoff. At $45 per cu ft, 1200 cu ft = 
$54,000. Amortization in five years of 330 days per 
year = $33 per day or 1.65¢ per lb U,O.. 

The equipment has an installed cost three to six 
times the cost of the resin, depending on location 
and degree of automation, or $160,000 to $320,000. 
Amortization at 10 pct per year for the higher figure 
is $100 per day or 5¢ per lb U,O,. 

This plant (or a bigger one) would need one man 
per shift in the U.S., with perhaps another on day 
shift to handle the product. Elsewhere more men 
might be used with less pay. Therefore, the daily 
cost of labor is about 32 man-hr at $2 per hr plus 
100 pct for supervision and overhead, or $128 per 
day or 6.4¢ per lb U,O,, and maintenance at 4 pct 
per yr = $40 per day or 2.0¢ per lb U,0O,. 

The median loading is 3 lb U,O, per cu ft. During 
elution the resin will adsorb up to 1 g equivalent 
per liter or 0.0628 lb equivalent per cu ft of nitrate 
or chloride. This is 0.021 lb equivalents per lb U.O.. 
This is 1:3 lb HNO, or 0.75 Ib HCl per Ib UO, re- 
quired in makeup to replace the chloride or nitrate 
put on the resin. There will also be losses of eluate 
in rinsing and in the precipitate. Assuming losses 
equal to 50 pct of resin adsorption, the plant will 
need 2.0 tpd HNO, (100 pct) or 1.15 tpd HCl (100 
pet). Current market quotes 3.5¢ per lb HNO, and 
2.7¢ per lb HCl f.o.b. works in tank cars. Assuming 
4¢ per lb for HCl at the plant gives $92 per day or 
4.6¢ per lb U,Os. 

For precipitation a stoichiometric quantity of 
alkali is needed. This is 0.63 tod MgO or 0.53 tpd 
NH;. Assuming $120 per ton for NH; or $100 per 
ton for MgO gives $65 per day or 3.25¢ per lb U,Os. 
For miscellaneous chemicals needed, assume $10 per 
day or 0.5¢ per lb U;Os. 

From Table VII, 11,000 Imperial gal per cycle per 
column is needed for backwash and rinse. This gives 
400 lb U,O,. Therefore, water required is 66,000 gal 
per day at 10¢ per mol, or $7 per day or 0.35¢ per Ib 

The uranium recovery plant will need about 50 
kw of power, largely for vacuum filters for dewater- 
ing the uranium precipitate. At 1¢ per kw-hr, cost 
is $12 per day or 0.6¢ per lb U,Os. 

These costs for the assumed plant producing 1 tpd 
U,O; are summarized in Table X. 

A rough check is given by Mindler and Paulson® 
who quote, for strong anion operation in general, 
capital costs at $35,000 per 200-cu ft column in- 
stalled, including the resin, or $210,000 and $15.25 
per lb equivalent operating costs or 22¢ per lb as- 
suming the tetravalent complex (4.5 lb U,Os per 
cu ft) or 33¢ per lb with a loading of 3 lb U,Os per 
cu ft. 

‘Costs for smaller plants and for plants in remote 
locations can be much higher,” but the cost of re- 
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Fig. 5—Elution of ferric iron and uranium. 


covering uranium from its leach solutions by ion 
exchange is only a few percent of the value of 
uranium in the product. The main cost is for obtain- 
ing the leach solution. 

At the time when ion exchange was first found 
applicable to uranium leach solutions, alternative 
methods involving precipitation were under de- 
velopment. These involved neutralization with alkali 
and upgrading the resulting 2 pct U,O, precipitate, 
or selective precipitation. Estimated costs for the 
best of them were 50¢ to $1 per lb U,O;. Thus, ion 
exchange costs only one fourth to one half as much 
as the alternative precipitation methods and gives a 
purer product. 


Future of ton Exchange in Extractive Hydrometallurgy 

For other elements perhaps cheaper resins can be 
used, and perhaps higher loadings can be obtained. 
Larger operations will reduce unit labor costs. 
Adsorption and desorption rates are being increased 
by making resins with fewer cross links. Finer 
resins also have faster rates and may be advan- 
tageous if the equipment is designed for operation 
with higher pressures. Increased production of resins 
and equipment will also lower capital costs. 

However, costs below 7 to 10¢ per lb for the 
largest, simplest plants now do not appear likely, 
especially where selectivity is required. As recovery 
from solution is generally less expensive than pro- 
ducing the solution, use of ion exchange to recover 
metals less valuable than copper from their leach 
liquors probably will not be economical. However, as 
costs are mainly dependent on the quantity adsorbed, 
use of ion exchange to remove a small quantity of 
a troublesome impurity may be economical for a 
solution of any metal. 

Economical application of ion exchange either for 
recovery or purification is dependent on finding one 
or more ions which is selectively adsorbed by 
present resins or on developing new resins. The 
work on uranium has already shown that anions of 
vanadium, molybdenum, and cobalt are selectively 
held by the strong base anion exchangers, and other 
work has shown similar possibilities for anions of 
tantalum, zirconium, and the precious metals.” ” 
New resins with chelating or redox groups have 
been made also. 
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Wider application of ion exchange in extractive 
hydrometallurgy therefore seems likely. 


Table X. Cost of lon Exchange: Assumed Plant, 1 Tpd U;Os 


Cents per Lb 


Dollars per Day U30s 

Resin at 20 pct per year on $54,000 33 1.65 
Equipment at 10 pct per year 

on $320,000 100 5.0 
Labor, supervision, and overhead 128 6.4 
Maintenance at 4 pct per year 

on equipment 40 2.0 
Elution acid, HCl or HNO3 92 4.6 
Elution alkali, MgO or NH; 65 3:25) 
Miscellaneous chemicals 10 0.5 
Water tf 0.35 
Power 12 0.6 
Total $487 per day 24.35¢ per lb 
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Technical Note 


Embrittling Effect of Molybdenum on Electrodeposited Copper 


by H. R. Skewes 


N the course of small scale experiments on the 
electrodeposition of copper, extremely brittle de- 
posits were obtained from electrolytes prepared by 
leaching calcined chalcopyrite with aqueous sulfuric 
acid. It was not possible to strip the metal without 
fracture after it had been deposited from such elec- 
trolytes onto smooth oiled copper sheets, the usual 
plant procedure for the production of so-called 
starting sheets. The embrittlement did not occur 
with electrolytes made either by leaching the calcine 
with water or by treating an acid leachate to remove 
iron as hydrous ferric oxide. The electrolytes which 
produced brittle deposits were found to contain 
molybdenum in concentrations of 10 to 25 mg per 1, 
whereas those which produced ductile deposits con- 
tained <0.5 mg per 1. Synthetic electrolytes having 
the composition: Cu”, 40 gpl; Fe”, 0.5 to 1.0 gpl; 
Fe**, 0.5 to 1.0 gpl; and H.SO,, 10 to 50 gpl, were 
prepared from reagent-grade salts; by adding am- 
monium molybdate, the embrittling effect of the 
higher concentrations of molybdenum (VI) was 
strikingly confirmed. The brittle deposits contained 
up to 0.03 pet Mo. The importance of oxidation state 
of the molybdenum was demonstrated when the elec- 
trolyte containing it was circulated continuously 
through a bed of fine copper metal during deposi- 
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tion. Under these reducing conditions, the cathode 
deposit was ductile and molybdenum could not be 
detected. 

Molybdenum has not been recognized as one of 
the metals causing embrittlement of copper nor is it 
listed among the usual impurities. In most elec- 
trowinning plants there is a purification step which 
removes iron from the leachate before electrolysis. 
In these cases molybdenum would be coprecipitated 
with hydrous ferric oxide. In the case of the large 
leaching plant at Chuquicamata, Chile, where the 
leachate is reported. to contain considerable molyb- 
denum, it would be reduced to a lower oxidation 
state during removal of chlorine by means of ce- 
ment copper. This may explain why the embrittling 
effect of molybdenum has not been reported pre- 
viously. Moreover, in copper refining plants where 
soluble anodes have been prepared by a high tem- 
perature smelting process, it is most unlikely that 
any molybdenum would remain with the copper, 
whereas the calcines in this work were prepared in 
a fluidized bed reactor at a temperature not exceed- 
ing 720°C. 
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Phase Diagram and Vapor Pressure in the Systems 
NaCl-ZrCl,, KCI-ZrCl,, 
and NaCIl-KCI (1:1 molar )-ZrCl, 


Portions of the phase diagrams of the systems NaCl-ZrCl,, KCI-ZrCl,, and 
NaCI-KClI (1:1 molar)-ZrCl, have been determined. Particular attention was given 
to locating compositions which might be useful for electrodeposition of zirconium 
metal. The vapor pressure of ZrCl, in equilibrium with the condensed phases at 
various temperatures has been measured by a dew-point technique. Several melt 
regions which show promise as potential electrolytes for deposition of zirconium are 


described. 


by L. J. Howell, R. C. Sommer, and H. H. Kellogg 


ORK described herein was undertaken with 

the aim of determining some of the physical- 
chemical properties of electrolytes suitable for the 
electrodeposition of pure zirconium metal. In this 
paper the phase diagram, vapor pressure, and activi- 
ties in the melt are considered. In a companion 
paper,’ the electrolytic conductivity of some of these 
melts is reported. 

The melts studied were mixtures of NaCl and/or 
KCl with ZrCl, Chloride melts were chosen for 
study because 1) if the electrolyte is to be useful 
for industrial electrodeposition of zirconium, the 
chlorides will be preferred to the relatively costly 
bromides and iodides; 2) fluoride melts were being 
studied in another laboratory (Horizons Inc., Cleve- 
land); and 3) melts containing oxygen, in any form, 
are unsuitable for preparation of pure zirconium, 
because of the great affinity of this metal for oxygen. 

Unlike electrodeposition from aqueous solution, 
the fundamental behavior of fused-salt electrolysis 
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is poorly understood. In most cases, such basic elec- 
trochemical information as the phase diagram of the 
melt system, activities in the melt, conductivity, the 
nature of the current-carrying ions, the equilibrium 
electrode potentials, and the overvoltage behavior 
of the electrodes is unknown to the researcher 
who would develop a new electrodeposition process 
employing a fused salt. This research project was 
designed to supply information about some of these 
basic physical-chemical properties so that an intel- 
ligent choice of electrolyte for electrodeposition 
studies could be made. 


Experimental 

The experimental difficulties encountered in this 
work result from the properties of zirconium metal 
and ZrCl,. ZrCl, is a solid which sublimes at 334°C. 
It is rapidly hydrolyzed by moist air to HCl, ZrOClL., 
and ZrO.. Unusual precautions were exercised in 
this work to prevent hydrolysis of ZrCl, and rigidly 
to exclude oxygen, nitrogen, hydrogen, and carbon 
from the melts under study. These elements are 
known to react with and contaminate zirconium 
metal. All melts were studied in vacuum systems, 
i.e., in the presence of ZrCl, vapor only. Transfer of 
ZrCl, to or from the melts was accomplished entirely 
by vacuum sublimation. In this way, neither the 
melts nor the ingredients thereof were permitted to 
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Fig. 2—Schematic diagram of apparatus for introduction of 
ZrCl, into the experimental system. 
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contact air or any other gas at any point during the 
experiments. 

A further difficulty arises from the relatively high 
vapor pressure of many of the melts under study. 
Because of this, all parts of the experimental system 
which communicate with the melt must be main- 
tained at a temperature (350° to 400°C) sufficient 
to prevent condensation of ZrCl,. This precludes the 
use of glass stop-cocks or other lubricated joints in 
the glass apparatus. Several novel methods for 
opening and closing parts of the system (ordinarily 
accomplished by use of stop-cocks) were developed, 
and will be described. 
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Materials—The alkali chlorides were reagent- 
grade chemicals. They were used without further 
purification except for the vacuum treatment at 
400°C described below. The ZrCl, was essentially 
hafnium-free material obtained from the U. S. 
Bureau of Mines, Albany, Oregon. It was purified 
by treatment with hydrogen gas at 200°C to reduce 
iron to the involatile ferrous form, followed by vac- 
uum sublimation into glass capsules which were 
sealed from the vacuum line and stored. Reference 
2 gives complete details of the purification method. 
Spectrographic analysis of the purified ZrCl, indi- 
cated the following impurities: 30 ppm Al, 2 ppm 
Bi, 10 ppm Cu, 15 ppm Fe, 5 ppm Mn, 5 ppm P, 
10 ppm Pb, 20 ppm Sn, and <1 ppm Mg. 

Temperature Measurements — Chromel-Alumel 
thermocouples were used with ice junctions; they 
were calibrated at the freezing points of zinc, lead, 
and tin. Thermocouple emf was measured with a 
Speedomax recorder, and checked against a type 
K-2 potentiometer. 


Attack of Pyrex by Melts—Most melts were con- 
tained in a Pyrex cell. No visible etching of the 
glass was found after melt exposures of several 
months when moisture was rigidly excluded. In a 
few cases a slight etching of the glass near the sur- 
face of the melt was noticed. Limited experience 
with Vycor cells indicated that this material is even 
more resistant to attack by these melts. 


Apparatus—The apparatus used for the deter- 
mination of the phase diagram and vapor pressures 
is shown schematically in Fig. 1. A Pyrex cell of 
130 ml capacity, in which the melt was formed and 
contained, communicated with a dew-point bulb for 
measurement of the vapor pressure of ZrCl, and a 
sample collection tube for removing portions of the 
ZrCl, from the system. The entire apparatus was 
heated by means of Nichrome-wound Pyrex heaters. 
The heater for the melt was lined with a % in. Al 
sheath with slots cut on opposite sides to permit a 
clear view of the melt. The melt temperature was 
controlled within +0.25°C by means of a Brown 
controller actuated by a thermocouple placed be- 
tween the heater and the melt chamber. The melt 
was agitated by means of an Alnico bar-magnet 
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encapsuled in Pyrex, which was actuated by an ex- 
ternal, rotating Alnico horseshoe magnet. 

The heater for the dew-point bulb was lined with 
a % in. Al sheath with slots to permit visual obser- 
vation of the bulb. The dew-point bulb was 5/16 in. 
diam, and was made with a very thin wall at the 
curved surface where the crystals formed. The dew- 
point thermocouple was sealed in so that the bead 
was in contact with the thin wall of the bulb. 


Forming the Melt—A weighed amount of alkali 
chloride was placed in the melt chamber, and the 
chamber then sealed into the system. A Pyrex 
capsule filled with purified ZrCl, was then sealed 
Into a larger bulb. The large bulb was sealed at 
one end to a vacuum line and at the other end to 
the top of the sample-collection tube. Fig. 2 shows 
the arrangement of these parts. 

The entire system was evacuated by a mechanical 
pump in series with a dry-ice trap and a McLeod 
gage. The heaters were turned on and the pumping 
continued. The temperature in the melt chamber 
was raised gradually over a period of two days to 
400°C, and held at this temperature overnight to 
insure maximum removal of adsorbed moisture from 
the alkali chlorides. The pressure in the system was 
reduced to 0.2u, the limit of the mechanical pump, 
as a result of this treatment. 


During the degassing of the alkali chloride, the 
temperature of the ZrCl, capsule was maintained 
at 125°C. After the degassing was complete, the 
capsule was heated rapidly so as to crack the 
capsule as a result of the thermal expansion of the 
ZrCl,. When the capsule had broken, the tempera- 
ture was reduced to 180°C and evacuation continued 
for 2 hr to remove the last traces of gas evolved 
from the ZrCl, sample. 


The temperature of the broken capsule was next 
raised to 340°C in order to yield a vapor pressure 
of about 1 atm in the system. A plug of condensed 
ZrCl, soon formed in the vacuum line at the first 
unheated portion, and this plug effectively sealed 
the line and permitted build up of pressure to more 
than 1 atm. As the hot ZrCl, vapors contacted the 
hot alkali chloride a layer of melt was formed. 
When all of the solid alkali chloride was converted 
to clear melt, the temperature of the capsule was 
raised to yield a pressure of 4 atm, and the melt was 
saturated with ZrCl, at this pressure. After comple- 
tion of the saturation, the temperatures of the cap- 
sule and melt were lowered to 300°C and the system 
was sealed off at the end of the sample collection 
tube. 


Cooling Curves—A cooling rate of 1° per min was 
used for determining cooling curves. Visual detec- 
tion of the first crystallization was possible in most 
cases, and agreed with the break in the cooling 
curve recorded by the Speedomax. In some cases, 
particularly those compositions near 65 mol pct in 
the KCI-ZrCl, system, considerable supercooling was 
encountered. The eutectic halts were 15 to 25 min 
in duration when the composition was near the 
eutectic composition. 


Vapor Pressure—The melt was brought to con- 
stant temperature and held within Se) ADS. sit 2 
hr. The dew-point bulb was adjusted to 4° to 6 
above the expected dew-point. The dew-point bulb 
was then cooled rapidly with a stream of CoO, until 
the first crystals appeared. The rate of supply of 
CO, was then reduced so as to obtain a slow but 
steady reduction in the size and number of the 
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Table |. Experimental Vapor Pressure Data for NaCl-ZrCl, System 


Vapor Pressure of Homogeneous Liquid 


Melt 
Melt ZrClh, Composition,* 
Temperature Vapor Pressure Mol Pet ZrCl, 
Uncor- Cor- 
Run No. °C 1/°Kx10! Pmm Hg Log Pmm rected rected 
5-A-12 381.0 15.29 1159 3.0541 62.43 62.28 
5-A-13 379.0 15.34 1159 3.0541 62.43 62.28 
5-A-11 366.0 15.65 878 2.9435 62.43 62.31 
5-A-2 358.0 15.85 731 2.8639 62.43 62.33 
5-A-10 356.5 15.89 694 2.8414 62.43 62.34 
5-A-9 356.0 15.90 682 2.8338 62.43 62.34 
5-A-4 345.5 LEU 528 2.7226 62.43 62.36 
5-A-3 345.0 16.18 501 2.6998 62.43 62.36 
5-A-1 342.5 16.25 467 2.6693 62.43 62.37 
5-A-6 326.5 16.68 326 2.5132 62.43 62.39 
5-A-5 326.0 16.69 315 2.4983 62.43 62.39 
5-A-7 319.0 16.89 272 2.4346 62.43 62.39 
5-A-8 318.0 16.92 234 2.3692 62.43 62.40 
5-C-4 387.0 15.15 1070 3.0294 58.24 58.06 
5-C-3 371.0 15.52 755 2.8780 58.24 58.12 
5-C-1 360.0 15.80 585 2.7672 58.24 58.14 
5-C-5 348.0 16.10 451 2.6542 58.24 58.17 
5-C-2 345.9 16.18 413 2.6160 58.24 58.17 
5-D-5 391.0 15.06 923 2.9652 53.44 53.25 
5-D-1 379.5 15.33 755 2.8780 53.44 53.28 
5-D-2 368.0 15.60 575 2.7597 53.44 53.32 
5-E-1 417.0 14.49 1361 3.1339 46.66 46.30 
8-D-4 650.0 10.83 17007 3.230 33.23 32.79 
8-D-5 661.0 LOc72 1800+ 3.255 33.23 32.76 
8-F-1 599 11.47 747 1.869 27.55 27.52 


Vapor Pressure for Univariant Equilibria 


ZrCh, 
Vapor 
Temperature Pressure Compo- 
sition,= 
Run Pmm Log Mol Pct 


Zz 
n 
n 


°C Hg Pmm ZrCh 


5-C-6 Y + liquid 333.0 16.50 338 2.5289 58.18 
5-C-9 Y + liquid 324.0 16.75 277 2.4425 58.19 
5-C-12 Y + liquid 319.5 16.88 252 2.4014 58.20 
5-C-8 Y + liquid 319.0 16.89 243 2.3856 58.20 
5-C-11 Y + liquid 318.5 16.91 248 2.3945 58.20 
5-C-10 Y + liquid 316.5 16.96 261 2.4166 58.20 
5-D-3 Y + liquid 354.0 15.95 467 2.6693 53.34 
4-D-4 Y + liquid 339.0 16.34 377 2.5763 53.36 
5-E-4 Y + liquid 378.0 15.36 682 2.8338 46.48 
5-E-2 2NaCl - ZrCl, + liquid 397.5 14.91 955 2.9800 46.41 
5-E-3 2NaCl-: ZrCl,; + liquid 382.0 15.27 744 2.8716 46.46 
5-G-5 2NaCl- ZrCl; + liquid 458.0 13.68 1977 3.2860 36.90 
5-G-4 2NaCl- ZrCl; + liquid 442.0 13.99 1694 3.2289 37.00 
5-G-2 2NaCl- ZrCl, + liquid 425.5 14.32 1384 3.1411 37.12 
5-G-1 2NaCl- ZrCl; + liquid 417.5 14.48 1218 3.0857 37.18 
5-G-3 2NaCl- ZrCl; + liquid 413.0 14.58 1122 3.0500 37.21 
8-C-2 2NaCl : ZrCl, + liquid 465 13.55 23807 3.376 34.56 
8-D-3 2NaCl- ZrCl, + liquid 602 11.43 3907 2.591 33.13 
8-D-1 2NaCl:ZrCli+ NaCl(?) 466 13.53 77 0.845 33.23 
8-D-2 2NaCl:ZrCli+ NaCl(?) 522 12.58 60+ 1.778 33.22 


* Uncorrected composition is based on total mol ZrCl, in system. 
Corrected composition is corrected for content of ZrCli in gas 
phase. 

+ These measurements, made with crude form of dew-point bulb, 
are less accurate than others. 

t These are overall compositions of the condensed system, cor- 
rected for content of ZrCly in gas phase. Since a solid phase is pres- 
ent in all cases, these are not melt compositions. 


crystals on the bulb. The temperature at which just 
a few tiny crystals remained on the bulb was re- 
corded. The CO, flow was then increased a little to 
achieve a cooling rate of 0.3°C per min. Soon the 
crystals were observed to grow slowly. The average 
of the temperatures for slow crystal growth and 
slow crystal evaporation was taken as the equi- 
librium dew-point. These two temperatures were 
always within 1° of each other. The vapor pressure 
of ZrCl,, corresponding with these dew-point tem- 
peratures, was calculated from the data of Kuhn, 
Ryon, and Palko.** 

* Kuhn, Ryon, and Palko give the following equation for the 


vapor pressure of ZrCli: logio ppm = —5400/T + 11.76 (500° to 
710°K). 


Change of Melt Composition—The melt tempera- 
ture was raised to yield a ZrCl, pressure of 1 atm. 
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Table Il. Thermodynamic Properties of the Melt in the 
NaCl-ZrCl, System 


Melt Calculated 
Compo- Tempera- Vapor Partial Molal 
sition, ture Pressure Activity Free Energy 
Mol Pet Range, of ZrCli, of ZrCly,* of ZrCl,,* 
ZrCl, oK Log Pmm Log ag Fg 
62.4 587 to 654 —4160/T + 9.46 1240/T —2.31 5660—10.6T 
58.1 611 to 660 —4000/T + 9.09 1400/T—2.67 6400—12.2T 
53.3 636 to 664 —3750/T + 8.62 1650/T—3.14 7550—14.4T 
46.3 690 Sls —0.81 —2560 
32.8 934 3.26 ~-2.72 —11,600 
872 1.87 —3.70 — 14,800 


* Both activity, ay, and partial molal free energy, Fs, are referred 
to pure solid ZrCly standard state. To obtain activity and partial 
molal free energy referred to the liquid ZrCl standard state, the 
approximate vapor pressure of liquid ZrCli8 may be used as follows. 
For pure liquid ZrCly: 


log pmm = —3400/T + 9.11 f 
an = (pmm) melt/(pmm) pure liquid 
Fy, = RT Inarz. 


Table Ill. Experimental Vapor Pressure Data for KCI-ZrCl, System 


Vapor Pressure of Homogeneous Liquid 


Melt 
Melt Vapor Pres- Composition,* 
Temperature sure of ZrCl, Mol Pet ZrCh, 
Run Pmm Log Uncor- Cor- 
No. °C 1/°Kx104 Hg Pmm rected rected 
2-A-6 388.5 15.12 3048 3.484 70.36 69.85 
2-A-5 382.5 15.26 2754 3.440 70.36 69.90 
2-A-1 377.5 15.37, 2481 3.395 70.36 69.95 
2-A-3 372.0 15.50 2371 3.375 70.36 69.96 
2-A-2 371.5 15.52 2301 3.362 70.36 69.98 
2-B-8 410.0 14.64 2168 3.336 67.21 66.77 
2-B-5 389.0 15,11 1545 3.189 67.21 66.90 
2-B-7 388.5 15.12 1521 3.182 67.21 66.90 
2-B-4 376.0 15.41 1199 3.079 67.21 66.97 
2-B-6 373.0 15.48 1159 3.064 67.21 66.97 
2-B-3 365.0 15.67 1003 3.001 67.21 67.01 
2-B-2 345.0 16.19 682 2.834 67.21 67.07 
2-B-1 327.0 16.67 451 2.654 67.21 67.12 
2-B-9 322.0 16.81 405 2.608 67.21 67.13 
2-B-10 309.0 17.18 287 2.458 67.21 67.15 
2-C-9 443.0 13.96 3047 3.484 66.20 65.55 
2-C-8 434.0 14.14 2673 3.441 66.20 65.63 
2-C-10 406.0 14.73 1722 3.236 66.20 65.84 
2-C-7 406.5 14.72 1708 3.233 66.20 65.84 
2-C-6 387.5 15.14 1208 3.082 66.20 65.95 
2-C-5 369.0 15.58 823 2.915 66.20 66.03 
2-C-12 352.5 15.99 575 2.760 66.20 66.09 
2-C-4 326.5 16.68 300 2.477 66.20 66.14 
2-C-3 308.5 17.20 188 2.274 66.20 66.17 
2-C-2 292.0 17.70 116 2.065 66.20 66.18 
2-C-13 276.0 18.21 72.6 1.861 66.20 66.19 
2-C-11 251.5 19.07 32.6 1.513 66.20 66.20 
2-D-1 Bhs) 15.86 483 2.684 65.22 65.12 
2-D-2 384.5 UB 878 2.944 65.22 65.03 
2-D-3 410.0 14.64 1496 3.175 65.22 64.89 
2-D-4 318.0 16.92 172 2.236 65.22 65.18 
Vapor Pressure for Univariant Equilibria 
Vapor Pres- 
Temperature sure of ZrCl, Compo- 
sition,* 
Run Pmm Log Mol Pct 
No. System °C 1/°Kx104 Hg Pmm ZrCh, 
2-A-4 ZrCl4 + 
liquid 367.5 15.61 2068 3.316 70.02 
2-B-11 ZrCly + 
liquid 308.0 aly RPA 282 2.450 67.15 
2-C-1 ZrCly + 
liquid 268.0 18.48 57.5 1.760 66.19 
2-D-x N + liquid 305.0 17.31 120§ 2.08 65.2 


* Uncorrected composition is based on total mol ZrCli in system. 
Corrected composition is corrected for content of ZrCl; in gas phase. 

7+ This measurement is for a liquid supercooled below the ZrCl 
liquidus. 

¢{ These are overall compositions of the condensed system, cor- 
rected for content of ZrCl, in the gas phase. However, the amount 
of solid phase is very small (absent in some cases due to super- 
cooling), hence these are also liquid compositions at the liquidus 
temperature. 

§ This is an estimated value, obtained by extrapolating the vapor 
pressure of the homogeneous liquid melt (composition 2-D) to the 
measured liquidus temperature. 
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The heaters on the sample-collection tube were then 
adjusted so as to cool the end-most bulb. A dense 
deposit of ZrCl, was condensed in the cool bulb. 
When the required amount of ZrCl, was condensed, 
the melt was cooled to reduce the pressure to 300 
mm or less, and the sample bulb removed from the 
system by sealing at the next constriction. The com- 
position of the melt was calculated from the weights 
of alkali chloride and ZrCl, initially introduced, the 
amount of ZrCl, removed in each sample bulb and, 
finally, a correction for the content of ZrCl, in the 
gas phase for each vapor pressure of ZrCl,. 

The weights of ZrCl, were determined by two 
methods which gave results in excellent agreement: 
1) The weight of glass in a particular capsule was 
subtracted from the total weight of the capsule, to 
yield the weight of ZrCl, contained. 2) The contents 
of a capsule were analyzed for zirconium by stand- 
ard gravimetric procedure, and the weight of an 
equivalent amount of ZrCl, calculated from the zir- 
conium analysis. Further details of the experimental 
procedures will be found in ref. 2. 


Results and Discussion 

The melts obtained in all of the systems studied 
were water clear and colorless to pale straw-colored. 
The viscosity of the melts did not appear to be much 
different from that of water. In all cases the vapor 
in equilibrium with the melts was essentially pure 
ZrCl,. All samples of solid condensed from the vapor 
contained negligible quantities of alkali chlorides. 

In all of the systems there are compositions for 
which the vapor pressure at the liquidus exceeds 
4 atm. These regions could not be safely studied in 
the type of apparatus used. This was the case from 
about 70 to 100 mol pet ZrCl, in each system, and 
was true in the NaCl-ZrCl, system for a region in 
the range of 35 to 47 mol pct ZrCl,.. It is quite pos- 
sibly also true in the same composition range for 
the other two systems. 

There was evidence that stable complex salts, of 
the type (MCl),(ZrCl,),, were precipitated from 
many of the compositions studied, at temperatures 
below the liquidus. Owing to the difficulty in isolat- 
ing a sample of these precipitates for analysis, no 
positive identification was possible. Only in the case 
of the compound 2NaCl-ZrCl, was the information 
gathered conclusive as to the composition of the salt 
which precipitated. The lack of information on the 
solid species, however, was not serious, since the 
primary aim of the study was to obtain information 
on fused electrolyte properties. 


NaCl-ZrCl, System—The phase diagram data for 
this system are given in Fig. 3. Two eutectics were 
found: one at 314°C and 62.4 mol pet ZrCl,, and the 
other at 548°C and 28 mol pet ZrCl. 

At the high temperature eutectic, one solid in 
equilibrium is 2NaCl-ZrCl,. The other solid is prob- 
ably NaCl, but this was not proved. The stability of 
the compound 2NaCl- ZrCl, was established from the 
fact that from 34.5 to 47 mol pct ZrCly and 465°C 
the system was composed of two phases (solid and 
liquid) and had a vapor pressure of about 3 atm. 
When the composition was changed to 33.2 mol pct 
ZrCl,, the system was entirely solid and the vapor 
pressure had fallen to 7 mm. This abrupt change in 
properties is evidence that the compound 2NaCl- 
ZrCl, (33.3 mol pet ZrCl,) is stable. Further evi- 
dence pointing to the same conclusion was the fact 
that the composition 32.8 mol pct ZrCl, melted com- 
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pletely within a very narrow temperature range at 
646°C, which behavior is indicative of a congruent 
melting compound. 

At the 314°C eutectic both solids in equilibrium 
are evidently double salts. The cooling curves indi- 
cate a peritectic reaction about 3°C above the eutec- 
tic temperature, on the ZrCl,-rich side of the eutec- 
tic. The double salt which melts incongruently at 
this temperature is probably NaCl: 2ZrCl, (66.7 mol 

Further evidence that pure ZrCl, (solid) is not in 
equilibrium at the eutectic is supplied by the vapor 
pressure data. The vapor pressure at the eutectic is 
227 mm Hg; the vapor pressure of pure ZrCl, (solid) 
is 364 mm Hg at the same temperature. 

At temperatures above the 317°C peritectic reac- 
tion, the solid in equilibrium with the melt is prob- 
ably ZrCl, but the vapor pressure data in the region 
are not complete enough to prove this. 

On the NaCl-rich side of the 314°C eutectic, there 
is evidence for the existence of at least one and 
possibly three compounds between NaCl and ZrCl,. 
Three arrests in the cooling curves, below the liqui- 
dus but above the eutectic, were found (381°, 373°, 
and 362°C) for compositions in the region 35 to 50 
mol pet ZrCl,. The evidence is inconciusive as to 
the meaning of these arrests. Only one incongruent 
melting compound, Y (m:p-381°C) is tentatively 
postulated in the phase diagram. Compound Y is 
probably NaCl: ZrCl,. 

The isobars on Figs. 3, 4, and 5 were determined 
from the vapor pressure studies discussed below. 
They are included in the phase diagrams to orient 
the reader to the relations between composition, 
temperature, and vapor pressure. 

The phase diagram of the NaCI-ZrCl, system was 
investigated by Belozerskii and Kucherenko,* and 
their results differ markedly from those of this in- 
vestigation. They found three eutectics at 10, 40, 
and 62 mol pct ZrCl, melting respectively at 390°, 
220°, and 160°C. The fact that their melts were 
made in an atmosphere of chlorine, which may have 
an appreciable solubility in the melt, may explain 
the great difference in phase diagram results be- 
tween the present work and theirs. 

Kroll, Carmody, and Schlechten’ have also report- 
ed some phase diagram studies on the system NaCl- 
ZrCl, in the range 9.7 to 50.1 mol pet ZrCl,. Only a 
partial correlation with the present work is possible 
because they failed to prevent loss of ZrCl, by 
vaporization. 
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- Fig. 4—Phase diagram of KCI-ZrCl, system. Heavy lines 
represent liquidus and solidus. Light lines are isobars show- 
ing the vapor pressure of ZrCl, in equilibrium with the melt. 
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Horrigan’ presented a tentative phase diagram for 
this system based partly on his data, partly on early 
results from the present investigation, and partly 
on the aforementioned work of Kroll et al. It is 
believed that the phase diagram presented here, 
while not complete in ail details, represents the sys- 
tem with greater accuracy. 

The vapor pressure data for this system are shown 
in Table I and Fig. 6. Three types of vapor pressure 
measurements were obtained: for the univariant 
equilibria between solid and liquid phases; for the 
univariant equilibria between two different solids; 
and for the divariant equilibria of homogeneous 
liquid melts at constant composition. All of the uni- 


Table IV. Thermodynamic Properties of the Melt in the 
KCI-ZrCl, System 


Melt Calculated 
Compo- Tempera- Vapor Partial Molal 
sition, ture Pressure Activity Free Energy 
Mol Pet Range, of ZrCh, of ZrCl4,* of ZrCly,* 
ZrCl, oK Log Pmm Log ag Fy 
70.00 640 to 665 —3430/T + 8.67 1980/T —3.09 9040—14.1T 
67.15 579 to 685 —3610/T + 8.67 1790/T —3.09 8210—14.2T 
66.20 541 to 720 —3910/T+9.01 1490/T —2.75 6810—12.6T 
65.20 578 to 685 —4130/T + 9.24 1270/T—2.52 5820—11.5T 


* Both activity, as, and partial molal free energy, F's, are referred 
to pure solid ZrCly standard state. To obtain activity and partial 
molal free energy referred to the liquid ZrCl, standard state, the 
approximate vapor pressure of liquid ZrCl48 may be used as follows. 
For pure liquid ZrCl;: 

log pmm = —3400/T + 9.11 
2L = (pmm) melt/(pmm) pure liquid 
Ravina. 


variant equilibria and some of the divariant equi- 
libria are plotted in Fig. 6. 

The univariant boundaries in Fig. 6 were estab- 
lisned as follows (the lettering corresponds to that 
of the phase diagram, Fig. 3): 

1) The liquidus HDE and the vapor pressure 
along the liquidus were determined by experiment. 
Invariant point D (381°C) is the highest arrest 
found from the cooling curves. It was assumed to 
be a peritectic reaction, probably for the decomposi- 
tion of the double-salt NaCl-ZrCl,. 

2) The temperature and vapor pressure for in- 
variant point E, the eutectic at 314°C, were deter- 
mined by experiment. The temperature of invariant 
point F (317°C) was determined from the cooling 
curves. It was assumed that F corresponds to the peri- 
tectic reaction between ZrCl,(s), NaCl-2ZrCl(s), 
and liquid. This fixes the vapor pressure of F as a 
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Table V. Experimental Vapor Pressure Data for NaCl-KCl 
(1:1 Molar)-ZrCl, System 


Vapor Pressure of Homogeneous Liquid 


Melt 
Melt Vapor Pres- Composition,* 
Temperature sure of ZrCly Mol Pet ZrCly 

Run Pmm Log Uncor- Cor- 
No. °C 1/°Kx10+ Hg Pmm rected rected 
1-A-1 298.5 17.50 186 2.2695 65.50 65.49 
1-A-2 333.0 16.50 467 2.6693 65.50 65.46 
1-A-3 373.5 15.47 1179 3.0715 65.50 65.38 
1-B-1 301.5 17.41 142 2.1523 63.41 63.40 
1-D-1 311.0 17.12 142 2.1523 60.97 60.95 
1-D-2 358.0 15.85 483 2.6389 60.97 60.91 
1-D-3 413.0 14.58 1568 3.1954 60.97 60.77 
1-D-4 293.0 ECT 82 1.9138 60.97 60.96 
1-G-1 381.5 15.28 661 2.8202 56.59 56.49 
1-G-2 348.5 16.09 292 2.4654 56.59 56.55 
1-G-3 432.0 14,18 1694 3.2289 56.59 56.32 
1-I-1 406.5 14.73 863 2.9360 51.97 51.80 
1-I-2 433.0 14.16 1406 3.1480 51.97 51.69 
1-I-3 457.0 13.70 2058 3.3135 51.97 51.56 


Vapor Pressure at the Liquidus+ 


Vapor Pressure Melt 


Temperature of ZrCl, Compo- 
sition, 
Run Pmm Log Mol Pet 
No. System °C 1/°9Kx10! Hg Pmm ZrCh, 


1-A-x ZrCl, + 
liquid 279 18.11 95.5 1.980 65.50 
1-B-x NaCl-2ZrCh 
+ liquid 271 18.40 55 1.740 63.41 
1-I-x Y + liquid 399 14.88 750 2.875 51.82 
1-G-x Y + liquid 343 16.23 257 2.410 56.56 
1-D-x Y + liquid 276 18.21 49 1.690 60.97 


* Uncorrected composition is based on total mol ZrCl; in system. 
Corrected composition is corrected for content of ZrCl; in gas phase. 

7 The values in this table were obtained by extrapolating the 
vapor pressure of the homogeneous liquid at constant composition 
to the measured liquidus temperature. 


point on the vapor pressure curve for pure ZrCl,(s) 
(curve GG’). GG’, the vapor pressure curve of 
ZrCl.(s), was determined by Kuhn, Ryon, and 
Palko.’ 

3) The temperature for point C was taken as 
648°C. This was 2° higher than the melting point 
for the composition 32.8 mol pet ZrCl, which was 
determined by experiment. The vapor pressure at 
point C was taken as a little less than the measured 
pressure for composition 32.8 mol pct at 650°C. 
Curve CB was drawn through point C and one meas- 
ured point (601°C) along the liquidus CB. The tem- 
perature of invariant point B, the 546°C eutectic, 
was determined by experiment. 

4) Rough vapor pressure measurements at 466° 
and 522°C were made for the composition 33.2 mol 
pet ZrCl, At these temperatures, the system was 
completely solidified, and the pressures measured 
should correspond to the univariant equilibrium be- 
tween 2NaCl-ZrCl, and the other solid phase in 
equilibrium (probably NaCl) at the eutectic B. The 
line BC’ representing this equilibrium was drawn 
to correspond closely with these two points, but the 
slope was adjusted to correspond with the correct 
sequence of univariant curves about an invariant 
point, as suggested by Darken.'’ The rule is that the 
metastable extension of each univariant curve 
through an invariant point should fall between the 
stable portions of the other two univariant curves. 

5) Line AB, representing the univariant equilib- 
rium between liquid and NaCl, was estimated as 
follows: It must originate at B; it must terminate at 
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zero pressure at the melting point of pure NaCl 
(800°C); and it must le below the vapor pressure 
of the one experimental point (on line IV) for the 
vapor pressure of homogeneous liquid at 27.2 mol 
pet ZrCl, and 599°C. 

6) The line CH, the extension of the CHDE liqui- 
dus, was drawn to connect the known pressures at 
C and H. The curvature of this line is expected, 
since the composition of the ZrCl,-rich phase, the 
liquid, is changing rapidly along this liquidus. 

7) Lines DD’ and F’E, representing the univariant 
equilibria between 2NaCl-ZrCl, and NaCl-ZrCl,(?), 
and NaCl-ZrCl,(?) and NaCl-2ZrCl, were drawn so 
as to obey the proper sequence of univariant lines 
about an invariant point, but no experimental re- 
sults were available for exact location of these lines. 

8) Lines I, II, III], and IV show some of the experi- 
mental vapor pressure results in the homogeneous 
melts at constant composition. 

The experimental data permit calculation of the 
activity and partial molal properties of ZrCl, in the 
homogeneous melts. These properties are listed in 
Table II. The activities show marked negative de- 
viation from ideality, as would be expected in a 
system showing compound formation. 

KCI-ZrCl, System—Only a narrow range of com- 
positions, from 64.8 to 70.7 mol pct ZrCL, was in- 
vestigated in this system. Fig. 4 shows the phase 
diagram for this portion of the system. There is a 
eutectic at 235°C and 65.5 mol pct ZrCi,. The liqui- 
dus rises very sharply on either side of the eutectic. 
The solid in equilibrium with the liquid on the 
ZrCl,-rich side of the eutectic is ZrCl, This was 
established from the vapor pressure measurements, 
which showed that the vapor pressures of melts at 
the liquidus temperature were equal to that of pure 
solid ZrCl, within the experimental error. No infor- 
mation was obtained on the nature of the double- 
salt, N, which precipitates on the KCl-rich side. 
From the shape of the liquidus, BC, and from the 
position of the melting point of ZrCl, (point G) it 
seems likely that a region of liquid immiscibility 
exists at high concentration of ZrCl,. 
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Fig. 6—Vapor pressure of ZrCli in the NaCl-ZrCl, system. 
Heavy lines represent vapor pressure of univariant equilibria. 
Light lines represent yapor pressure of the melt at constant 
composition. |, Il, Ill, and IV represent the melt composi- 
tions 62.4, 58.1, 32.8, and 27.5 mol pct ZrCl,, respectively. 
Lettered points refer to the phase diagram, see Fig. 3. 
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There was a marked tendency of these melts to 
supercool both at the liquidus and the eutectic. At 
66.2 mol pct ZrCl, for example, crystals formed 
overnight at 252°C, but liquidus crystallization was 
delayed until 243°C when cooling curves were run. 
Further evidence of supercooling for this composi- 
tion was a vapor pressure measurement for a homo- 
geneous melt which exceeded the vapor pressure of 
pure ZrCl, at the same temperature. Supercooling 
at the eutectic temperature was 3° to 6°C. 

Horrigan® has also presented a tentative phase 
diagram for this system. He found the composition 
of the low melting eutectic to be 88 wt pet, Zrely 
(70.1 mol pet) with a melting point of 215°C. Hor- 
rigan has stated in a private communication that his 
cooling rates were rather high, which might lead to 
supercooling. It is believed that the diagram pre- 
sented here is of greater accuracy. 

The vapor pressure results for this system are 
given in Table III and Fig. 7. In Fig. 7, the univari- 
ant equilibrium BC between liquid, ZrCl(s), and 
vapor is that given for pure ZrCl,(s) by Kuhn, Ryon, 


Table VI. Thermodynamic Properties of the Melt in the NaCI-KCl 
(1:1 Molar)-ZrCl, System 


Calculated 
Compo- Tempera- Vapor Partial Molal 
sition, ture Pressure Activity Free Energy 

Mol Pct Range, of ZrClh, of ZrCly,* of ZrCly,* 

ZrCly OK Log Pmm Log ag Fy 

65.44 558 to 653 —4120/T + 9.46 1280/T—2.30 5860—10.5T 
60.90 549 to 694 —4180/T+9.31 1220/T—2.46 558C—11.3T 
56.45 616 to 709 —4150/T + 9.14 1250/T—2.62 5720—12.0T 
51.70 672 to 741 —3880/T + 8.65 1520/T—3.11 6960—14.2T 


* Both activity, as, and partial molal free energy, Fs, are referred 
to pure solid ZrCl, standard state. To obtain activity and partial 
molal free energy referred to the liquid ZrCl standard state, the 
approximate vapor pressure of liquid ZrCli8 may be used as follows. 
For pure liquid ZrCly: 

log pmm = —3400/T + 9.11 
n= (pmm) melt/(pmm) pure liquid 


and Palko.* The position of invariant point B, the 
eutectic, was established from the measured eutec- 
tic temperature (235°C) and the fact that point B 
must lie on the vapor pressure line for ZrCl, (GG’). 
The univariant equilibrium AB, between an un- 
known double salt, N, and the liquid is established 
from the position of point B and one measured vapor 
pressure at the liquidus (305°C). Lines I, I, and III 
give some of the data for the vapor pressure of 
homogeneous melts at constant composition. The 
activity and partial molal properties of ZrCl, in these 
melts are given in Table IV. 

NaCI-KCI-ZrCl, System—The only compositions 
studied in the ternary system NaClI-KCI-ZrCL were 
those lying on the pseudo-binary between ZrCl, and 
a 1:1 molar mixture of NaCl and KCl. 

The phase diagram data for this system are shown 
in Fig. 5.. Final interpretation of the phase diagram 
cannot be made because of the limited composition 
range studied (48 to 65.5 mol pet ZrCl,), but the fol- 
lowing conclusions are reasonably well established. 

1) The minimum temperature of a homogeneous 
melt in the system was about 260°C at the compos!- 
tion 61.8 mol pct ZrCl, (point B). This is a point 
on a boundary curve in the full ternary system. The 
vapor pressure at point B is considerably less than 
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Fig. 7—Vapor pressure of ZrCl, in the KCI-ZrCl, system. 
Heavy lines represent vapor pressure of univariant equilibria. 
Light lines represent vapor pressure of the melt at constant 
composition. I, Il, and lil represent the melt compositions 
70.0, 67.2, and 65.2 mol pct ZrCli, respectively. Lettered 
points refer to the phase diagram, see Fig. 4. 


the vapor pressure of pure ZrCl, at the same tem- 
perature. It is concluded, therefore, that ZrCl, is 
not the solid precipitating along liquidus BC. Ref- 
erence to the NaCl-ZrCl, and KC1-ZrCl, binary sys- 
tems suggests that point B lies on the boundary 
curve emanating from the 314°C eutectic in the 
NaCl-ZrCl, system. If this is so, the solid precipitat- 
ing along liquidus BC is NaCl-2ZrCl,, and along 
AB, compound Y (probably NaCl-ZrCl,). 


2) At 65.5 mol pet ZrCl, and 279°C, the vapor 
pressure of the melt at the liquidus becomes equal 
to the vapor pressure of ZrCl, (point C). It is con- 
cluded that point C lies on a ternary peritectic line 
(between ZrCl,, NaCl-2ZrCl,, and melt) which em- 
anates from the binary peritectic (317°C) in the 
system NaCl-ZrCl.. 


3) Final solidification of all melts richer in ZrCl, 
than 60 mol pct took place at 220°C. This is believed 
to be a ternary eutectic. 


4) Final solidification of all melts leaner in ZrCl, 
than 60 mol pct took place at 248°C. This is prob- 
ably a ternary peritectic. 


5) The compositions of the ternary eutectic and 
peritectic are probably richer in KCl than the 1:1 
molar NaCl-KCl melts chosen for study. 

All of the conclusions and suppositions have been 
tested for thermodynamic consistency, and were 
found to be in agreement with one reasonable model 
of the ternary system. Further data would be neces- 
sary to establish that this model and the suppositions 
are the correct ones. This model is not presented 
here for the sake of brevity, and because presently 
available evidence is inconclusive. 

The vapor pressure data for the system NaCl-KCl 
(1:1 molar)-ZrCl, are given in Table V and Fig. 8. 
The univariant equilibrium AB, between solid Y, 
liquid (1:1 molar NaCl-KCl), and gas, was deter- 
mined by extrapolation of the vapor pressure results 
at constant composition to the experimentally deter- 
mined liquidus temperatures. The univariant equi- 
librium CD, between solid ZrCl, liquid, and gas, is 
identical to the vapor pressure of solid ZrCl, (GG’) 
determined by Kuhn, Ryon, and Palko.* Lines I 
through IV show some data for the vapor pressure 
of homogeneous melts at constant composition. 
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Fig. 8—Vapor pressure of ZrCl, in the NaClI-KCI (1:1 
molar)-ZrCl, system. Heavy lines represent vapor pressure 
on the liquidus surface of the ternary system at constant 
molar ratio of NaCI/KCI. Light lines represent vapor pres- 
sure of the melt at constant composition. I, II, Ill, and IV 
represent the melt compositions 65.4, 63.4, 60.9, and 51.7 
mol pct ZrCl,, respectively. Lettered points refer to the 
phase diagram, see Fig. 5. 


The activity and partial molal properties of ZrCl, 
in the melt are given in Table VI. 


Significance of Results 

The studies reported herein point to two types of 
melt that are promising electrolytes for electrodepo- 
sition of zirconium. These are 1) melts in the vicin- 
ity of the ZrCl,-rich eutectic (60 to 65 mol pct 
ZrCl,); and 2) melts in the vicinity of the NaCl- 
rich eutectic (25 to 30 mol pet ZrCl,). The evidence 
presented on the former of these is reasonably com- 
plete for the systems NaCl-ZrCl,, KCl-ZrCl, and 
NaCl-KCl (1:1 molar)-ZrCl,. The latter type of 
melt has been investigated only for the NaCl-ZrCl, 
system, but corresponding melts very probably exist 
in the KCI-ZrCl, and NaCl-KCl-ZrCl, systems. 


ZrCl,-Rich Eutectic Melts—The ZrCl,-rich eutec- 
tic melts are characterized by the lowest melting 
points in the systems studied. Because the melting 
points are low, the vapor pressures of these melts 
are also low. The isobars on Figs. 3, 4, and 5 show 
that the KCI-ZrCl, system and the NaCl-KCl (1:1 
molar)-ZrCl, system have melts with vapor pres- 
sures below 200 mm Hg. In the latter system the 
range of liquid compositions for melts of less than 
200 mm pressure is large enough for practical use 
as an electrolyte. 

The ZrCl,-rich eutectic melts are also character- 
ized by a high concentration of ZrCl, (60 to 65 mol 
pet ZrCl,) and a high activity of ZrCl, (0.1 to 1.0 
referred to pure solid ZrCl, standard state). Both of 
these properties should be advantageous in electro- 
deposition. The high concentration of ZrCl, will 
permit rapid transfer of zirconium-containing ions 
to the cathode by diffusion. The high activity of 
ZrCl, will result in reversible decomposition poten- 
tials which are only slightly larger than the standard 
potential for the reaction ZrCl,(s) =Zr(s) +2Cl,(g). 

The electrical conductivity of the ZrCl,-rich eu- 
tectic melts is reported in another paper.’ This work 
shows that the conductivity is electrolytic in nature, 
and that the specific conductivity is in the range 
0.3 to 0.5 ohms* cm™~ for these melts. This conduc- 
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tivity is about one tenth of that for pure molten 
NaCl, but is still large enough to conduct a practi- 
cal electrolysis. 


NaCl-Rich Eutectic Melts—These melts have con- 
siderably higher melting points than the ZrCl,-rich 
eutectic melts, but regions of low vapor pressure 
exist because the decreasing activity of ZrCl, coun- 
terbalances the effect of the higher temperature. The 
isobars of Fig. 3 show a melt region with a vapor 
pressure less than 200 mm near the eutectic B. The 
exact shape of the 200-mm isobar is not known from 
these studies, but it seems likely, from the limited 
evidence available, that the region of liquid com- 
positions within the 200-mm isobar will be large 
enough to permit practical use as an electrolyte. 
This may be especially true if studies of alkali- 
halide-rich melts were made in the system KCl- 
ZrCl, and the ternary NaCl-KCl-ZrCh,. 

The concentration of ZrCl, in these melts (20 to 
28 mol pct ZrCl,) is still large enough to permit 
rapid diffusion of zirconium salts to an operating 
cathode. The activity of ZrCl, (referred to pure 
solid ZrCl, standard state) in these melts is in the 
range 10° to 10%. This will cause the reversible de- 
composition potential to be 0.1 to 0.2 volts larger 
than the standard potential. 

The electrolytic conductivity of NaCl-rich melts 
has not been measured in this work but, by analogy 
with other systems, it can be expected to be large 
—perhaps 1 to 2 ohm™ cm” at 600°C. The higher 
conductivity of these melts is a distinct advantage 
over the ZrCl,-rich melts. 

Other factors than those discussed above must be 
considered before it can be concluded that either 
ZrCl,-rich or NaCl-rich melts will be successful 
electrolytes for electrodeposition of zirconium. Some 
of these are stability and rate of formation of lower 
valence states of zirconium when the melts are in 
contact with zirconium metal, behavior of impuri- 
ties, the nature of the electrode processes, and the 
physical form of the cathode deposit. It can be con- 
cluded, however, that all-chloride melt systems offer 
attractive possibilities for electrodeposition of pure 
zirconium metal, 
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Formation of Cracks in Soederberg Electrodes 


Used in Aluminum Reduction Plants 


Shrinkage and crack formation durin i 

: crac g baking of Soederberg anode paste for 
eeininum furnaces is discussed, and the authors demonstrate how this shrinkage 
may be reduced by applying suitable raw materials and paste compositions. 


by Ove Sandberg, Leif Olsen, and Torgrim Eftestoel 


|p the vertical contact Soederberg electrode for 
aluminum furnaces more or less serious cracks 
are sometimes formed in the electrode, with harmful 
effect on furnace operation. The problem of crack 
formation has been studied on a laboratory scale to 
obtain a better understanding of this phenomenon. 

The primary cause of crack formation is the 
shrinkage of the electrode carbon, which is opposed 
by the normal thermal expansion of the steel con- 
tact studs. The forces thus set up are active in the 
temperature interval from which the electrode ob- 
tains a rigid structure (450° to 500°C) to furnace 
operational temperature (950°C). A visualization of 
our reasoning is given in Fig. 1, which shows the 
different behavior of mild steel and electrode carbon 
during baking. 

Research work performed to determine relation- 
ships between crack formation and shrinkage will 
be described. A brief description of the method 
developed for measurement of shrinkage will be 
given, as well as a critical analysis of this method. 
Also, raw material quality and paste composition 
variables will be related to shrinkage phenomena. 


Laboratory Test of Crack Formation 


To test the tendency toward crack formations of 
Soederberg electrodes from different pastes, experi- 
ments were performed to simulate conditions of 
actual commercial electrodes, and are described as 
follows. 

A cylindrical test electrode is prepared by tamp- 
ing the electrode paste to be examined in a sheet 
iron casing, 350 mm diam by 700 mm height. The 
casing is perforated, with the holes (2 mm diam) 50 
mm apart, to facilitate the escape of volatile matter 
during baking. A cylindrical steel stud of actual 
service size, 100 mm diam, is welded eccentrically 
to the bottom steel plate, and protrudes up through 


O. SANDBERG is Chief and L. OLSEN and T. EFTESTOEL are 
Research Chemists, respectively, Research Laboratory, Fiskaa Verk, 
Elektrokemisk A/S, Oslo, Norway. 

TP 4363D. Manuscript, Mar. 26, 1956. New Orleans Meeting, 
February 1957. 
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Fig. 1—Diagram showing different behavior upon heating of 
Soederberg anode and mild steel. Numbers refer to: 1, curve 
showing shrinkage of electrode during baking; and 2, curve 
showing dilatation of mild steel. 


the paste. During baking, a crack may thus occur in 
the weaker part of the test electrode. 

The electrode is baked by lowering the assembly 
slowly into an electric furnace, the temperature of 
which is kept constant at 900°C. After baking of the 
electrode, the sheet iron casing is removed and the 
electrode inspected for cracks. 

The pictures in Fig. 2 are of three different pastes 
baked according to the present method. Electrode 1 
has a large crack; electrode 2, a somewhat smaller 
one; and electrode 3, only a minor crack. As will be 
seen from the simplified sieve analysis diagram of 
Fig. 2, the compositions of the pastes in question 
are very different. This subject will be discussed 
later in greater detail. 


Crack Formation and Shrinkage Relationships 
It is well known that shrinkage occurs in coke 
in the higher temperature ranges of coal carboniza- 
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Fig. 2—Connection between crack formation and shrinkage. 
Ingot sections are from crack test of three different pastes. 
Shrinkage diagram is in upper left hand corner; simple dia- 
gram of the granular composition of the dry aggregate of 
the pastes, in upper right hand corner. 


tion, and it is postulated that the prime reason for 
crack formations is a similar shrinkage of the elec- 
trode during baking. Therefore, dilatometric in- 
vestigations of the shrinkage of electrodes during 
baking have been made. The temperature interval of 
interest for these investigations will be limited to 
the temperature at which the electrode obtains a 
rigid structure, and furnace operational tempera- 
tures. 

Measurements were taken on specimens pre- 
pared from the pastes used for demonstration of 
crack formations. The pastes were prebaked to 


Table |. Sieye Analyses of Dry Aggregate Coke for All Test Pastes 
Where Variations in Granulometric Composition Haye Not Been 
Investigated 


Cumulative Pct 


U.S. Sieve No. Opening, Mm Retained 

4 4.76 3 

8 2.38 14 

16 1.19 27 

30 0.59 42 

50 0.297 54 

100 0.149 67 

200 0.074 80 


500°C to obtain a rigid structure. From the coked 
paste, test specimens were prepared and measured 
in a special dilatometer, constructed for this very 
purpose. Results are presented in Fig. 2. Relation- 
ships between cracks and shrinkage are clearly 
demonstrated by comparing the pictures and the 
shrinkage diagram. 


Investigations of Shrinkage of Electrode 
Paste During Baking 


Description of the Method—The method applied 
to shrinkage investigations involves the prepara- 
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tion of test specimens from a prebaked electrode 
sample, and dilatometric measurements on these 
specimens. The test specimens are prepared in the 
following manner: Raw paste is filled to a depth of 
110 mm in a perforated sheet iron casing, 100 mm 
diam by 150 mm height. During baking, the paste is 
kept under a pressure of about 0.4 kg per sq cm. 
Temperature is raised from 20° to 500°C at a rate of 
1°C per min, and held at 500°C for 2 hr, after which 
the furnace is cooled. From the resulting carbon 
cylinder, the specimens for shrinkage determina- 
tions are drilled out with a diamond core drill, after 
both ends have been turned in a lathe to give correct 
length. Finally, the specimen is longitudinally pro- 
vided with a central hole, large enough to allow a 
protected thermocouple to protrude half way into it. 

Shrinkage is then measured in the dilatometer, an 
assembly of four of which is shown in Fig. 3. A ver- 
tical cut of one dilatometer is shown in Fig. 4. It 
consists of a vertical tube furnace, in which the 
specimen is placed between parts of fused silica. The 
temperature is read by a thermocouple, the hot 
junction being placed in the center of the specially 
prepared specimen. 

The temperature is raised at a uniform rate of 
3°C per min. The expansion or contraction of the 
test specimen is transmitted by silica parts to a 
microgage, with a dial readable to 0.002 mm. The 
dilatometer is calibrated by measurement of a test 
specimen of fused silica. Since the coefficient of 
thermal expansion of fused silica is known, the ex- 
pansion or contraction of the electrode specimen 
may be calculated by difference. 

Investigation of Experimental Wariables—Lab- 
oratory baking conditions are much different from 


Table Il. Sieve Analyses of Dry Aggregate Coke for Test Pastes 
Designed to Investigate Effect of Granulometric Composition* 


U.S. 
Sieve Opening, 
No. Mm Cumulative Pct Retained? 
UL 2 3 4 5 6 7 8 9 
% 9.52 0 0 0 0 0 0 0 0 0 
4 4.76 3 3 3 0 0 0 22 17 5 
8 2.38 14 10 17 22 16 4 34 24 8 
16 1.19 27 23 34 36 25 8 45 30 14 
30 0.59 42 32 52 45 33 16 52 35 22 
50 0.297 54 41 67 49 38 25 55 39 30 
100 0.149 67 52 84 53 46 39 57 46 42 
200 0.074 80 60 100 63 63 63 62 62 62 


* Paste numbers refer to Figs. 8 and 9. 
7 Column numbers refer to different pastes. Paste No. 10 was the 
same as mixture 4; paste No. 11, the same as mixture 8. 


those of electrode paste in commercial operation, 
where the time of baking is at least 100 times 
greater. The effect of prebaking time and tempera- 
ture rise during measurement, therefore, had to be 
investigated in some detail. 

Fig. 5, diagram a, demonstrates the effect of pre- 
baking time on resulting shrinkage as shown by 
curve 2, 8 hr prebaking time (2 hr at 500°C); and 
curve 1, 24 hr prebaking time (18 hr at 500°C). 
Fig. 5, diagram b, demonstrates the effect of various 
upheat rates during measurement. Fig. 6 presents 
the effect of prolonged heating at 950°C upon 
shrinkage. It is evident from the preceding that the 
normal method of measurement does not yield total 
shrinkage. 

Raw Materials and Paste Compositional Variables 
—tThe crack formation tests indicated a definite cor- 
relation between paste composition and shrinkage. 
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Fig. 3—Assembly of four dila- 
tometers applied in the pres- 
ent work. 


Systematic investigations have been carried out to 
test the effect of binder quality and content, coke 
quality (with special emphasis on the degree of 
calcining), and granulometric composition. 

Investigations on raw materials and binder con- 
tent were carried out with a constant granulometric 
composition of the test pastes, Table I. When granu- 
lometric composition was varied, binder quality and 
content were kept constant, a British coal tar pitch 
being employed at a concentration of 30 pct by 
weight. American petroleum coke was used for dry 
coke aggregate in the pastes. 

Effect of Binder Quality and Amount of Binder: 
Three different binders, i.e., a British coal tar pitch, 
a vacuum pitch from Barrett,* and a petroleum 


* Barrett Div., Allied Chemical & Dye Corp., New York, N. Y. 


pitch, were investigated. Differences in shrinkage 
were actually within the limits of experimental 
error. Binder content was varied from 20 to 40 pet 
by weight of the total paste, without any remark- 
able effect on shrinkage. Since binder content is 
kept within narrow limits in actual plant operation, 
this variable is not considered significant as far as 
variations in shrinkage are concerned. 

Degree of Calcination of Coke Aggregate: The 
effect of degree of calcination of the coke aggregate 
on shrinkage is shown in Fig. 7. Calcining degree is 
measured in terms of real density, and the figure 
demonstrates clearly the marked effect of this vari- 
able. Shrinkage increases significantly with decreas- 
ing real density of the coke. 

In Fig. 7, the curves are drawn for observations 
up to 1000°, while in all other series the curves end 
at 950°C. This demonstrates that curves 3 and 4 
(and certainly 1 and 2) still exhibit, in the tempera- 
ture interval 950° to 1000°C, a marked sloping 
tendency, while curve 5 has flattened out. This is the 
effect of prolonged heating at 950°C on shrinkage. 
As will be discussed later, only aggregate 5 consists 
of a dry aggregate coke with higher real density 

‘than the maximum obtained by heating raw petro- 
leum coke to 950°C, which maximum real density 
has been determined to be 1.98 to 2.00 g per cu cm. 
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Fig. 4—Simpiified 
vertical cut of the 
dilatometer, showing 
important parts. 
Numbers represent: 
1, thermocouple; 2, 
fused silica disk; 3, 
test specimen 24 mm 
diam by 75 mm 
height; 4 and 5, 
fused silica tubes; 
6, steel disk; and 7, 
microgage. 
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Effect of Granulometric Composition: Various 
tests were performed to investigate the effect of 
variations in coarse fractions (including maximum 
particle size), medium fractions, and fine fractions. 
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Fig. 5—Inyestigation of the conditions of measurement. Di- 
agram a covers variations in prebaking time up to 500°C. 
Numbers refer to: 1, 24 hr prebaking time (18 hr at 500°C); 
and 2, 8 hr prebaking time (2 hr at 500°C). Diagram b 
shows results from variations in temperature rise during 
measurement. Numbers represent: 3, 3°C per min; and 4, 


1°C per min. 
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Fig. 6—Effect of prolonged measurement at 950°C on 
shrinkage. Upper curve (temperature abscissa) shows meas- 
ured shrinkage up to 950°C, while lower curve (time ab- 
scissa) gives shrinkage at 950°C as a function of time. 
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Fig. 7—Effect on 
shrinkage of calcin- 
ing degree of dry 
aggregate coke. 
Numbers represent 
real densities of: 

1, 1.65 g per cu cm; 
2, 1.81 g per cu cm; 
3, 1.89 g per cu cm; 
4, 1.95 g per cu cm; 
5, 2.05 g per cu cm. 
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Fig. 8—Effect on shrinkage of granulometric composition of 
the dry aggregate. (For sieve analyses, compare with Fig. 9.) 
Diagram a demonstrates effect of variations in amount of 
fine fractions; diagrams b and c, effect of variations in pro- 
portion of coarse fractions to medium fractions. In diagram 
d, curve 10 is identical with curve 4 from diagram b, and 
curve 11 is identical with curve 8 from diagram c. 
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Fig. 9—Simplified sieve analysis diagrams of test pastes ap- 
plied for investigation of variations in granulometric compo- 
sition. Diagram a demonstrates effect of yariations in 
amount of fine fractions; diagrams b and c, effect of varia- 
tions in proportion of coarse fractions to medium fractions. 
In diagram d, curve 10 is identical with curve 4 from diagram 
b, and curve 11 is identical with curve 8 from diagram c. 
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Fig. 8, a through d, presents the shrinkage curves 
while Fig. 9, a through d, gives the corresponding 
sieve analyses, which are also presented in Table II. 

Fig. 8a shows mainly the effect of variations in the 
fine fraction. Fig. 8, b and c, shows separately the 
effect of changing the ratio of coarse fraction to 
medium fraction, with the fine fraction constant. 
Comparison of pastes of equal numbers in Fig. 8, b 
and ¢, gives an indication of the effect of maximum 
particle size on shrinkage, as all the former pastes 
have 5 mm maximum size and all the latter 10 mm 
maximum size. Fig. 8d gives an idea of the order of 
importance of large maximum size vs high ratio 
coarse to medium fraction. 

For speculative reasons, which will be discussed 
later, a measurement on a mixture of only fine frac- 
tion and binder has been performed. Results of this 
measurement are given in Fig. 10 (curve 5) to- 
gether with results from three different pastes 
(curves 4, 3, 2), a theoretical shrinkage curve (curve 
6) based on a calculated shrinkage curve for the 
coked binder (curve 7), and the thermal expansion 
curve of dry aggregate coke (curve 1). The shrink- 
age curve of the coked binder is obtained by cal- 
culating contraction from real densities of binder 
coke calcined to different temperatures. 

The theoretical paste shrinkage curve is computed 
by assuming a column of paste composed of 80 pct 
dry aggregate coke and 20 pct binder coke. The dry 
aggregate coke is assigned the normal thermal ex- 
pansion (curve 1), while the binder coke on heat- 
ing from 500° to 950°C follows curve 7 (both curves 
referring to total length of column). By algebraic 
addition of thermal expansion of dry aggregate 
coke and shrinkage of binder coke, the theoretical 
shrinkage is calculated as shown in curve 6. 


Discussion 


Precision of Shrinkage Measurement—tThe pre- 
cision of the method is dependent on the preparation 
of test specimens and measurement of shrinkage 
in the same or in different dilatometers. If direc- 
tions are closely followed, with special emphasis on 
temperature distribution and measurement, this ex- 
perimental procedure gives a high degree of pre- 
cision. 

Critical Considerations of the Method—The com- 
parison of crack tests and shrinkage indicates that 
dilatometric measurements are a suitable tool for 
research work in this field. Crack formations in 
actual furnace operations and shrinkage measure- 
ments on the electrodes in question also correlate 
well. 

The true magnitude of electrode shrinkage in ac- 
tual furnace operation will not be obtained by these 
measurements. Variations in prebaking time, tem- 
perature rise during measurement, and prolonged 
heating at 950°C indicate that higher shrinkage 
values should be expected in furnace operation than 
found by these measurements. Special attention is 
directed to the fact that prolonged heating at 950°C 
may have different effects on pastes of different 
quality, as has been especially demonstrated on 
pastes with varying degrees of calcination of the dry 
aggregate coke component. In such cases, laboratory 
measurements should also include prolonged heat- 
ing at 950°C. As a means of comparing relative ten- 
dencies toward crack formations of different pastes, 
this method is considered suitable. 

Effects of Variations in Raw Materials—The most 
important effect of variations in raw materials is 
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Fig. 10—Shrinkage curves drawn for demonstration of shrink- 
age mechanism. Numbers represent: 1, thermal expansion of 
coke; 2 through 4, pastes with decreasing amounts of coarser 
fractions; 5, mixture of milling product and binder; 6, theo- 
retical shrinkage of anode; and 7, shrinkage of binder coke. 


that of the degree of calcination of the coke aggre- 
gate. The real density of a petroleum coke heat 
treated at 950°C reaches a maximum of 1.98 to 2.00 
g per cu cm. Accordingly, a coke of this or higher 
densities will undergo no further shrinkage during 
furnace operation, and the total shrinkage may be 
attributed to the shrinkage of the binder coke. 

Cokes of lower real density than 1.98 to 2.00 g 
per cu cm will, in the electrode of an aluminum fur- 
nace, shrink during the heating to 950°C. Electrodes 
with such cokes will contribute additional shrinkage, 
which may be far more severe than the shrinkage 
caused by the binder coke alone. 

This point is emphasized, as there must be a com- 
promise between the favorable effect of low cal- 
cined coke on electrode consumption, and the un- 
desirable effect of serious crack formations. 

Effect of Granulometric Composition—Variations 
in granulometric composition introduce complexi- 
ties, since it is not possible to vary one fraction with- 
out also affecting the others. Even with this reserva- 
tion, however, there seems to be a definite trend 
toward higher shrinkage with: 1) increasing amount 
of aggregate fine fraction (milling product); 2) de- 
creasing ratio of coarse fractions (e.g., 10 to 2 mm 
particle size) to medium fractions (e.g., 2 to 0.2 
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mm); and 3) decreasing maximum size of coarse 
particles. The latter variation, within reasonable 
limits, gives the least pronounced effect. 

While a decreasing amount of fine fraction has a 
favorable effect on the shrinkage of Soederberg 
electrodes, a rather high amount of this fraction will 
still be necessary to obtain the required flow proper- 
ties in the final paste charged to the anode. 


Mechanism of Shrinkage—To explain the effect of 
granulometric composition on shrinkage, Fig. 10 
should be further considered. All the measured 
shrinkage curves show large deviations from the 
one theoretically calculated because of the assump- 
tion that the entire shrinkage of the binder coke is 
transmitted to the electrode. 

Thus, it seems that the dry aggregate acts as a 
reinforcement in the electrode, counteracting the 
shrinkage of the binder coke. This reinforcement be- 
comes greater the higher the percentage of coarse 
fraction contained in the paste and, most probably, 
the closer the packing of the dry aggregate particles. 


The paste mixture of fine fraction and binder curve 
(curve 5) in Fig. 10 comes closest to the theoretical 
curve 6, and it is quite evident that shrinkage tends 
to decrease with increasing amount of coarse par- 
ticles in the paste. 

If, however, a dry aggregate coke is used which 
itself will shrink with prolonged heat treatment in 
the furnace, the aggregate reinforcement action will 
certainly be reduced. 


Summary of Results 

The correlation between crack formation and 
shrinkage of the Soederberg electrode during bak- 
ing has been established by laboratory experiments. 

Laboratory experiments point to the fact that 
electrode shrinkage during baking may be mini- 
mized by selecting a suitable granulometric com- 
position of the coke aggregate component in the 
Soederberg paste. 


Discussion of this paper sent (2 copies) to AIME by May 1, 1957 
will appear in AIME Transactions Vol. 209, 1957, and in JOURNAL OF 
Metats, October 1957. 


Equilibrium Between Titanium Metal, 
Titanium Dichloride, and Titanium Trichloride In 


Molten Sodium Chloride-Strontium Chloride Melts 


The equilibrium which exists between titanium metal, Ti, and Ti‘ in fused sodium 
chloride-strontium chloride baths has been determined. The effects of total titanium con- 
centration, temperature, and the ratio of strontium to sodium chloride have been studied. 
In order to conduct the investigation a method for determining Ti was developed. 


by S. Mellgren and W. Opie 


N equilibrium state of importance in the proc- 
ess of electrolytically depositing titanium from 
fused chloride electrolytes is that which exists be- 
tween titanium metal, titanium dichloride, and 
titanium trichloride. This can be expressed by the 

reaction 

* The disproportionation equilibrium 
2 TiCle > TiCl, + Ti 

is neglected in this study since it is assumed that the quantity of 
Ti+4 in the melt is small. The reason is that the same amount of 
total titanium is found with or without zinc amalgam reduction of 
the solution of salt containing Ti+? and Tit*. If any Tit+4 existed, the 


zine amalgam reduction would be expected to give a higher value 
for total titanium in the melt. 


An investigation was undertaken to determine 
this equilibrium and to show the effect upon it of 


S. MELLGREN and W. OPIE, Members AIME, are associated with 
the Research Laboratory, Titanium Division, National Lead Co., 
South Amboy, N. J. 
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titanium concentration of the solution, temperature, 
and the proportion of strontium chloride and sodium 
chloride in the solution. 


Procedure 

The general procedure used consisted of the fol- 
lowing steps: 

1) Development of an analytical method for 
determining Ti*’ and total titanium. 

2) Preparation of batches of fused salt solutions 
containing various amounts of total titanium, Ti’, 
and Ti®. 

3) Blending of the prepared batches and ex- 
cess titanium metal in Vycor tubes and allowing the 
solutions to come to equilibrium. By blending, solu- 
tions with different total titanium content could be 
prepared and equilibrium could be approached from 
the high Ti” and low Ti” sides. 

4) Studying the effect of titanium concentra- 
tion, temperature, and the mole ratio of the solvent 
chlorides, SrCl, and NaCl, upon the equilibrium. 
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Analysis for Titanium Dichloride 
The method developed for determination of tita- 
nium dichloride is based on the fact that TiCl, will 


evolve hydrogen quantitatively from a weak acid 
solution according to the reaction 


To measure the evolved gas an apparatus, shown 
in Fig. 1, was assembled. The 50 ml gas burette was 
calibrated from the upper stopcock in divisions of 
0.1 ml. The side leveling tube is needed to bring the 
gas volume to atmospheric pressure when the read- 
ings are taken. 

Analyses were made as follows: 

1) Samples were taken from the salt melts by 
drawing the melt up into a piece of Pyrex tubing. 
A small amount of silica wool was placed in the 
tube end and the molten salt drawn through it to 
filter out any metal particles. 

2) The 400 ml beaker shown in Fig. 1 was filled 
with dilute hydrochloric acid. Then, by means of a 
vacuum line, the acid was drawn up, filling the 
burette to the upper stopcock. The stopcock was 
then closed. 

Since H, is soluble in acid-water solutions (up to 
2 ml H, per 100 ml of solution at room tempera- 
ture), the acid solution had to be saturated with 
hydrogen before using. This was accomplished by 
storing the acid in the presence of aluminum sticks. 
Hydrogen evolves and saturates the solution. 

It is necessary to keep the acid concentration low 
because finely divided titanium, if present in the 
salt sample being analyzed, will also evolve hydro- 
gen. The rate of evolution is very slow, however, 
compared to the rate of evolution due to titanium 
dichloride. A 50 to 1 volume ratio of H,O to HCl 
(specific gravity: 1.19) solution was found to be 
satisfactory. 

3) Enough of the sample salt sticks were 
weighed to give a gas volume of from 20 to 40 ml. 


Table 1. Composition of Batches of Reduced Chlorides Prepared 
in Fused SrClo-NaCl Eutectic Melts 


Wt Pct 
Batch 
No. Ti Tis Total Ti Pct Ti” Remarks 
1 -78 0.43 1.21 65 No metal deposition 
2 1.76 0.24 2.00 88 Some metal deposition 
Bhiz 2.45 0.00 2.45 100 Much metal deposition 
4 1.54 5.06 6.60 23 No metal deposition 
5 1231 6.31 7.62 aly No metal deposition 


* Batch No. 3 was produced using 8 faradays per mole of tetra- 
chloride introduced. The diaphragm was quickly removed from the 
cell and chilled. 


2 mm. 
O mi. 
2mm. 

50 mi. 
Fig. 1—Hydrogen 
evolution apparatus 
for determining Ti*”. 

RUBBER TUBING 


400 ml. BEAKER 
80 mm. dia. 


| 65mm. dia. 


These were introduced between the 400 ml beaker 
and the bell and maneuvered into the center of the 
beli as quickly as possible. The evolved gas dis- 
places the acid in the burette. It was found that the 
salt samples could be stored for as long as two years 
without changing if the ends of the glass tubes hold- 
ing them were sealed with rubber stoppers. 

4) After evolution was complete the leveling 
tube was used to obtain a volume reading and the 
percentage titanium dichloride calculated using the 
equation 


% 


x xX 2x 47.9 x 273 100 
T X 22410 x 760 xX W 


where X equals ml of displaced volume in the gas 
burette at atmospheric pressure; P, pressure in mm 
of evolved hydregen (corrected barometric pressure 
minus the vapor pressure of water at the tempera- 
ture of measurement); T, temperature in °K; and 
W, weight of the sample in grams. 


Analysis for Titanium Trichloride 


By dissolving the salt samples in dilute HC] under 
an inert atmosphere and titrating directly with 


Table II. Effect of Total Titanium Content upon the Titanium Metal, Ti’, Ti® Equilibrium in a Fused Solution 
able ES of 3 Mole NaCl to 2 Mole SrClz at 700°C 


i+2 Compesition Tit2 
x 100 at Equilibrium SSS 100 No. of 
E i Total Tita- Ti? + Tits Ti? + Tis Analyses Variation 
Ne Pet at Start Pet Tit? Pet Tit? at Equilibrium at Equilibrium Range, Pct 
m 
+0.5 
88 1.41 27 84 2 ae 
100 2.03 0.42 83 2 
3.96 38 3.24 0.72 82 2.5 
4 4.38 50 3.58 0.80 82 3 #2. 
5 4.95 40 4.03 0.92 81 4 +9'0 


*If finely divided metal is used the equilibrium is reached as soon as the salt is fused. If coarse Kroll sponge is used, 2 to 3 hr may 


elapse before equilibrium is reached. 
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standard ferric ammonium sulfate using an am- 
monium thiocyanate indicator the total titanium can 
be determined without reduction of the solution by 
zine amalgam. Trivalent values were obtained by 
subtracting the hydrogen evolution divalent re- 
sults from the total titanium. The direct titration 
method was checked against the standard zinc 
amalgam method for determining total titanium. 


Sample Preparation 


Samples of reduced titanium chlorides were pre- 
pared in an electrolytic cell using a 2 in. ID Norton 
RA98 Alundum diaphragm % in. thick and 6 in. 
deep as a cathode chamber. A graphite plate served 
as an anode and was located in the salt bath outside 
of the diaphragm. A eutectic melt of strontium 
chloride-sodium chloride was used as the electrolyte 
and titanium tetrachloride was introduced into the 
cathode chamber through a hollow nickel cathode 
at a temperature of about 700°C. The cell was 
sealed against air contamination. By varying the 
ratio of the tetrachloride introduction rate to the 
direct current the compositions shown in Table I 
were made. 


Equilibrium Results 


From the salt batches listed in Table I a number 
of melts were made up containing various amounts 
of total titanium with excess titanium metal, intro- 
duced either as fine Kroll sponge or metal from 
batch 3, Table I. The compositions were sealed in 
Vycor tubes and maintained at constant tempera- 
ture by submerging the tubes in a molten salt bath. 
The temperature of the bath could be kept within 
+2°C. A static argon atmosphere was kept over the 
salt melts in the tubes. The melts were sampled 
periodically and analyzed until constant results 
were attained indicating an equilibrium condition. 


Effect of Titanium Concentration 


Table II contains data obtained at 700°C in a 
melt containing 3 mole NaCl to 2 mole SrCl.. The 
total titanium content was varied between 1.68 and 
4.95 wt pct. The equilibrium value was approached 
from the low dichloride side in runs 3 to 5 and from 
the high dichloride side in runs 1 and 2. 


Table III. Effect of Temperature upon the Ti, Ti*®, Ti** Equilibrium 
in a Fused Solution of 3 Mole NaCl to 2 Mole SrClz containing 4.3 
Wt Pct Total Titanium 


Tit2 


There may be a slight tendency for the equi- 
librium value of Ti*® to increase with decreasing 
total titanium content, but the difference noted was 
within analytical experimental error. 


Effect of Temperature 


The change in the equilibrium value in the tem- 
perature range 650° to 850°C was found to be 
within the expected error of the analytical method, 
Table III. 


Effect of Varying the NaCl to SrCl. Ratio 

There was reason to believe that the equilibrium 
between TiCl, TiCl,, and titanium metal depends 
on the relative amounts of NaCl and SrCl, in the 
salt melt. The system, SrCl., NaCl, TiCl,, TiCl, and 
titanium metal, is determined by three phases and 
four components. Using the phase rule, the number 
of degrees of freedom existing is three, F = C — P 

If the temperature and the pressure are fixed 
there is still one degree of freedom which can be 
eliminated by fixing a ratio such as NaCl/SrCl. The 
amount of TiCl, and TiCl, that can exist in equi- 
librium thus depends on the above ratio. To study 
this effect melts were made up in such a manner 
that the final total reduced titanium in the salt melt 
was between 2.5 and 3.0 pct. The SrCl./NaCl mole 
ratio was varied from 20/80 to 80/20. Data are in- 
cluded in Table IV. In the two extreme cases the 
temperature was varied between 700° and 850°C 
with no appreciable effect noted. 


Solution Ideality 

From Table II the mole fractions of TiCl, and 
TiCl,, assuming Eq. 1, existing at equilibrium for 
each experiment have been calculated and are listed 
in Table V. Calculations were based on 40 mole pct 
SrCl.-60 mole pct NaCl as the solvent and it is as- 
sumed that this ratio did not change during the 
runs. 

Writing the equilibrium equation in the following 
way 


3 TiCl, (in solution) = 2 TiCl, 


(in solution) + Ti (solid) [4] 
the equilibrium constant will be 
(Nricis)” 
[5] 
(Nricie) 


If the solution is ideal, the ratio (Nricis)*/ (Nriciz)?® 
would be constant when the mole fractions listed in 
Table V are substituted in Eq. 5. Such is not the 


case. Table VI shows that the calculated K values 
change as the total titanium in the salt melt varies. 
0 82 to 8 

Discussion of Results 
ae eecoa No change was noted in the temperature range 
between 650° and 800°C. It is estimated that the 

Table IV. Effect of SrCl, to NaCl Mole Ratio on the Ti, Ti, Ti’* Equilibrium 

Ratio, 
Mole Pct SrCl, Reduced Ti+? of Ti+? of Reduced 


Reduced Titanium 
at Start, Pct 


Titanium at 


Mole Pct NaCl Equilibrium, Pct 


Titanium at 
Equilibrium, Pct 


No. of Analyses 


at Equilibrium Variations, Pct Temperature, °C 


20/80 2.5 20 
40/60* 3.96 38 
40/60* 2.45 100 
80/20 3.0 20 


6 40.3 700 to 850 
5 +2.5 700 
2 +1.0 700 
5 1.5 700 to 850 


* From Table II. 
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78 

82 

83 

93 


Table VY. Concentration of Titanium and Mole Fractions of TiCl. 
and TiCl; in the Melt 


Nrici,, 
ole 
Experi- Total Tita- Fraction Fraction 
ment No. nium, Pct TiCl, TiCl; 
1 1.68 3.23x10-2 
6.15x10-3 
2 2.45 4.56x10-2 9.68x10 
3 3.96 7.44x10-2 16.57x10-3 
4 4.38 8.28x10-2 18.80x10-3 
5 4.89 9.33x10-2 21.20x10-3 


Table VI. Concentration of Titanium in the Melt and Exponential 
Ratios of Mole Fractions of TiCl; and TiCl» 


(Nric1,)? 

Experiment No. Total Titanium, Pct (Nric1,)* 
1 1.68 1.21 
2 2.45 0.99 
3 3.96 0.67 
4 4.38 0.63 
5 4.89 0.56 


analytical error can be as high as 5 pct. Therefore 
if the equilibrium is affected by an amount less than 
this by varying the temperature within this range 
it could not be noted. 

There is a definite trend for the ratio (Nvici,)?/ 
(Nrici.)* to decrease with increasing titanium con- 
centration in the salt melt, although this variation 
is not great, Table VI. Because of the changing 
value of K it must be concluded that the solution is 
not ideal considering Eq. 1. 

If the divalent and trivalent titanium chlorides 
are converted to mole fractions assuming complex 
formation such as 


2) LiCl, Ti-Cl, and TiCl, — Ti,Cl, 
and 


a constant value for K may be obtained. 


Summary 
It has been demonstrated that an equilibrium 


exists between divalent, trivalent, and metallic tita- 
nium in a fused chloride system using sodium and 
strontium chlorides as solvents. This equilibrium 
is unaffected by temperature change between 650° 
and 800°C (within analytical error range of 5 pct) 
or by varying the total titanium concentration be- 
tween 1.7 and 5.0 pct total titanium in solution. It 
is markedly affected by varying the SrCl, to NaCl 
mole ratio of the solvent, the divalent titanium at 
equilibrium decreasing with increasing NaCl con- 
tent. The solutions studied are not ideal. 
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Roasting Reaction of Ferrous Sulfide 


The rate and mechanism of oxidation of ferrous sulfide have been studied by means of the 
spring balance and X-ray diffraction analysis over the temperature range from 500° to 700°C. The 
complete oxidation to oxides begins at 600°C. At the initial stage of oxidation, a slight increase 
of weight was found. It was observed by X-ray that the deficiency of iron ion in FeS occurs in this 
stage. This is interpreted as follows: iron ton reacts with oxygen by migrating from the interior of 
FeS crystal to the surface, without evolution of SO., until the deficiency of iron attains to a limit- 
ing value. Above 600°C the rate of oxidation does not change with temperature, so the rate-deter- 
mining factor is diffusion of gas. Since the observed rate of oxidation depends upon the amount 
of the sample, the diffusion in the bed of the sample may determine the rate. 
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LTHOUGH studies on the roasting of ferrous 
sulfide have been carried out by several investi- 
gators, some disagreements still remain among those 
results. Schwab and Philinis' have measured the 
rate of oxidation by a precise thermobalance and 
have concluded that the rate is controlled by diffu- 
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Fig. 1—Change in weight during oxidation of ferrous sulfide. 


sion of gas, similar to the case of pyrite. Chufarov 
and Averbukh’ have found that the oxidation of 
ferrous sulfide proceeds as follows: Up to 250°C the 
oxidation takes place without evolution of gas, show- 
ing that the product is FeSO,. At 350° to 450°C the 
product is a mixture of FeSO, and iron oxides, and 
above 450°C it is a mixture of FeO, and Fe,Q,. 
Kameda, Yazawa, and Kurosawa’ have investigated 
the kinetics of the oxidation of artificial ferrous sul- 
fide, and have shown that the initial stage of the 
reaction is autocatalytic, an induction period being 
observed. According to Kushima and Kondo,‘ who 
have studied the oxidation products by a thermo- 
balance, sulfate which is produced during oxida- 


Table |. An Example of X-Ray Powder Photographs* 


d, (kX) I Substance 
5.72 Ww FeS (001) (?) 
2.97 m FeS (100) 
2.70 vw Fe2O3 
2.64 st FeS (101) 
2.52, w FesO4, 
2.21 vw Fe2Oz 
2.16 Vw FeO 
2.10 vw Fe304 
2.06 st FeS (102) 
1.840 vw Fe2O3 
reyes st FeS (110) 
1.680 vw Fe203; 

1.612 vw Fe304 

1.602 w FeS (103) 
1.483 Ww FeS (200) 
1.440 w FeS (201) 
1.426 w FeS (004) 
1.319 m FeS (202) 


* Sample: No. 7, 600°C, 100 sec. 


tion is presumed to be Fe.(SO,);; also, complete 
formation of oxides is observed above 600°C. 

In the present report, the kinetics of oxidation is 
studied by means of a spring balance, and the mech- 
anism of reaction during the initial stage is discussed 
upon the basis of observations by the X-ray diffrac- 
tion method. 

Ferrous sulfide usually contains some excess sul- 
fur, forming the so-called nonstoichiometric com- 
pound over the range of from FeS,,,. to, as the most 
reliable value, FeS,.,.. The formation of this non- 
stoichiometric compound is due to the escape of ca- 
tions from their lattice sites to form the cation va- 
cancies.”® The crystal structure of FeS is the hex- 
agonal of NiAs type, and the lattice constants a and 
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¢ vary with the change of composition, such that the 
lattice contracts when the atomic fraction of sulfur 
is increased.** The change of composition is, there- 
fore, detectable by X-ray diffraction. 


Experiments on Oxidation Process 


The rate of oxidation of artificial ferrous sulfide 
in a stream of air was measured by a spring balance 
over the temperature range from 500° to 700°C. 

Experimental Method and Material: The spring 
balance used was the same as that described in a 
previous paper. Its sensitivity is about 0.3 mg per 
0.1 mm elongation. The rate of flow of air was fixed 
at 200 cu cm per min, because no effect on the rate 
of reaction was observed when the rate of flow was 
increased above this. 

Ferrous sulfide used was prepared as follows: 
Two boats which had been filled with electrolytic 


Table II. Products of Initial Stage Detected by X-Ray Diffraction 


Reaction Detected 
Temper- Substances 
ature, °C Time, Sec (Except FeS) 

500 30 

500 15 

500 120 

500 180 Fez04 

500 240 Fes04, (Fe2Os) * 

600 20 = 

600 40 FesO4 

600 60 Fes04 

600 100 FesO4, Fe2Os, (FeO) 

600 150 Fe30:, Fe2Os, (FeO) 


* The existence of substances in parentheses is not certain. 


iron and sulfur, respectively, were put in a quartz 
tube, and after evacuation up to about 10° mm Hg, 
the tube was heated to 800° to 900°C. After the 
sulfurization had been finished, which took about 
two days, the product was powdered and was then 
evacuated again at 900°C to remove excess sulfur. 
The final product was powdered again and its frac- 
tion between 170 and 200 mesh was collected by 
sieving. 

The analysis of sample resulted in 61.98 pct Fe 
and 38.11 pet S. These values were slightly differ- 
ent from those of the stoichiometric composition, 
63.52 pct Fe and 36.48 pct S. The atomic percentage 
of sulfur was 51.71. Thus the sample remained non- 
stoichiometric, in spite of such a treatment in vac- 
uum at elevated temperature. No other lines except 
those of ferrous sulfide were observed by X-ray 
powder photograph. In every run 0.1 g of sample 
was used. 

Results and Discussion: Results of experiments 
are shown in Fig. 1, in which the coefficients of de- 
crease of weight (pct) are plotted against reaction 
time (min). 

At reaction temperature of 504°C, some increase 
of weight appears first, and continues for about 15 
min until the weight begins to decrease gradually. 
(In this case the scale of abscissa in Fig. 1 is re- 
duced to a half of others.) The decrease of weight, 
however, is only 2.8 pct even after 90 min, which is 
far less than that of oxides; viz., 9.1 pct for Fe.O, 
and 12.2 pct for Fe,O,. Thus, the sulfate may exist. 
At 553° small amounts of sulfate may also be formed; 
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Table III. 


Change of Lattice Constants and Composition of FeS During the Initial Reaction 


Initial 


Oxidized at 500°C Oxidized at 600°C 


Lattice Atomic Atomic 


Lattice Atomic Atomic Lattice Atomic Atomic 
Cacdien oe A Eee : Pet S by Constant, Pet S Pct S by Constant, Pet S Pct S by 
y Ueda Haraldsen (kX) by Ueda Haraldsen (kX) by Ueda Haraldsen 
3.440 ~50 52.0 3.436 52.7 52.5 
Mean =a ee 51.4 5.723 52.5 52.5 5.704 52.8 53.0 
051 51.4 _ 51 to 52 52.3 as 52.8 52.8 


above 604°C, the product is undoubtedly oxides 
only. 

It must be noticed, however, that these results 
were obtained under the condition of very large ex- 
cess of the air flow. It is quite certain that a signifi- 
cant amount of iron sulfate will form in roasting at 
500° to 600°C, if the roasting is done in a limited 
supply of air, as in practical fluid-bed roasting. 

Two striking phenomena are observed from Fig. 
1. First, for every temperature there is an increase 
of weight of about 1.0 to 1.8 pct at the initial stage 
of reaction. Secondly, above 604°C the rate of oxi- 
dation does not change with temperature. The latter 
means that the energy of activation for the reaction 
is very small, so the rate-determining factor may be 
diffusion of gas. 

On these two points the discussions will be offered 
and the further experiments will be described in 
the following section. 


The Mechanism of Initial Reaction 


An interesting problem is what causes the initial 
increase of weight. The amounts of increase are too 
great to regard the cause as adsorption of oxygen. 
The formation of sulfate is more probable. No re- 
liable evidence has been published up to now, how- 
ever, as to whether or not the formation of sulfate 
is an intermediate stage of oxidation to oxides. 

The mechanism of the increase of weight will now 
be discussed on the basis of the results from X-ray 
diffraction analysis of oxidized samples. 

Experiments: Samples were quenched in nitrogen 
gas in a way similar to that adopted in previous 
work,® and then analyzed by means of an X-ray 
powder photograph. In two cases of reaction tem- 
perature, 500° and 600°C, the change of weight was 
observed as shown in Fig. 2A, in which each point 
represents the prepared sample and its weight. 
Since 200 mg of sample was taken, the rate of oxida- 
tion was somewhat lower than that shown in Fig. 1. 
(The reason will be discussed later.) X-ray diffrac- 
tion patterns were obtained by means of ordinary 
photographic methods, using a powder camera with 
diameter of 90 mm and CoKa radiation. 

For the ordinary material, the minimum amount 
to be detectable by X-ray diffraction is somewhere 
between 0.5 and 5 pct by weight,’ although it de- 
pends on the material in question. While the oxides 
of iron are relatively easy to detect, sulfates are 
supposed to be rather insensitive. Therefore, 5 pet 
or more sulfate may be necessary to obtain the dis- 
tinct lines. These points are important when the 
results of X-ray diffraction are discussed. 

Results and Discussion: Since all data of X-ray 
diffraction cannot be present on account of space 

limitation, only one example is shown in Table I. 
In this case Fe,O, and FeO, were identified, while 
the existence of FeO is not certain because the ob- 
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served line is only a very weak one. Identified sub- 
stances are summarized in Table II. 

A striking phenomenon is the shift in lines of FeS, 
some of which are shown in Fig. 2B. This indicates a 
contraction of lattice constant of ferrous sulfide, 
which is probably due to the increase of the atomic 
fraction of sulfur in it. 

This fact suggests that during the initial stage the 
iron ions in FeS combine with oxygen, forming iron 
oxides on the surface, but sulfur ions remains in FeS 
without formation of sulfur dioxide, resulting in the 
increase of atomic fraction of sulfur. Since the rela- 
tion between the lattice constants and the atomic 
pet of sulfur have been reported,” ‘ it can be esti- 
mated what change of the composition corresponds 
to such a contraction of lattice. If it is assumed 
that the initial reaction is mainly proceeded as 


2 x 


it can be determined what increase of weight is to 
be expected for such a change of composition, or x, 
in the initial stage. The calculation and the com- 
parison with the experimental values are done as 
follows. 


500°C 
A 
2.08 
(102) 
2.06 
1.62 
(103) 
no} 
A 
| 133 
(202) 
O 
132 — 
B 
3 4 5 


TIME, MIN 


Fig. 2—Reaction of the initial stage; A, change of weight; 
B, change of interplanar spacings of FeS. 
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Fig. 3—The relation between the lattice constants and the 
atomic percentage of sulfur in FeS,,-. 


The lattice constants a and c of initial and oxi- 
dized ferrous sulfide are calculated from a set of two 
lines (103) and (202), using the well known equa- 
tion for the hexagonal lattice 


3 
= + hk + k’) + (la/c)?}? [2] 


where d,,, is the interplanar spacing of (hkl). The 
results are shown in the first column of each speci- 
men of Table III. The relation between lattice con- 
stants and the composition was determined by Har- 
aldsen’ and Ueda,’ but there is a slight disagreement, 
particularly for a, between their results, as shown 
in Fig. 3. The second and the third column of each 
specimen in Table III give the atomic percentage of 
sulfur estimated by using these two results, respec- 
tively. Of the two results, Haraldsen’s seems to 
be more reliable, since the agreements between the 
atomic percentage of sulfur calculated from a and 
that from c are better. Particularly, 51.4 pct of 
the initial specimen shows a good agreement with 
51.7 pet obtained by the chemical analysis. From 
Table III, the increases of atomic percentage of sul- 
fur are estimated to be 0.9+0.3 pct and 1.4+ 0.3 
pet for 500° and 600°C, respectively. If Eq. 1 is 
assumed, the increase of atomic percentage of sulfur 
A Syet 1S given by 


1+ 1 
= 100% [3] 
2t+a—-2x 2+a if 
and the increase in weight percentage A W,,.; is 
ae 
A Wyee = 100 ————— [4] 


FeSiya 


where Mres,,, represents the molecular weight of 
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FeS,,.. From Eqs. 3 and 4, eliminating x, we obtain 


21.33 (2 + a)’ 


= 100 


FeSi+a 


{ AS I [5] 
AS(2 4a) 100 a) 


Using Eq. 5, and regarding the initial composition as 
51.4 pet S, or a= 0.058, the increases of weight 
A Wet to be expected are 0.8 + 0.3 and 1.3+ 0.3 wt 
pet for 500° and 600°C, respectively, as far as Eq. 1 
is assumed. The experimental values are 1.5 pct for 
both cases, and the agreement is good, particularly 
for the case of 600°C. The minor discrepancy at 
500°C is probably due to the formation of the small 
amount of sulfate. 

From these experimental results the mechanism 
of the initial reaction is conceived to be as follows. 
First, iron ions combine with oxygen, forming 
oxides on the surface. This stage is continued by 
migration of iron ions from interior of FeS crystal, 
and no evolution of SO, occurs, resulting in the de- 
ficiency of iron ions in FeS and an increase of 
weight. When the deficiency of iron reaches a limit- 
ing value, the production of SO, starts and weight 
begins to decrease. 


On the Rate of Oxidation 


The rate-determining factor in this reaction is 
diffusion of gas, because the energy of activation is 
very small, as noted in the previous section. Schwab 
and Philinis* have considered that the observed rate 
is controlled by diffusion of oxygen through the 
pores of the product layer formed on the surface of 
each particle. The diffusion coefficient thus deter- 
mined from their observations, however, was of the 
order of 10° cm’ sec”, which was far less than the 
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Fig. 4—Dependence of the rate of oxidation upon the amount 


of sample. The broken lines indicate the relative rate of 
oxidation cited in Table IV. 
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theoretical value of about 10“ em? sec indicating 
according to their Opinion, that the porosity of the 
product was very low. 

This interpretation is rather open to question 
however, because the rate may be determined not 
only by the diffusion in a particle, but also by that 
in the bed of the whole sample. The latter control- 
ling factor was neglected by these authors. 

‘Ga an attempt is made to determine the diffusion 
coefficient from the present observation in a way 
similar to Schwab’s calculation, D is found to be 
about 4 X 10* cm’ sec’, which is also a very small 
value. In this calculation, the fraction a of the pore 
or Opening in the product was considered as 


6 
] 


a=1— 


where Vres and Vresos are the equivalent volumes of 
FeS and Fe.O,, respectively. Since sulfate was not 
formed in the present case, « may not be lowered 
very much. 

An experiment was carried out to decide whether 
or not the diffusion in a particle is the only factor 
in the rate-determination; namely, the rate of oxi- 
dation was measured by using various amounts of 
the samples. If the diffusion in a particle is the rate- 
determining factor, the rate should be independent 
of the amount of sample. If, on the other hand, rate 
is controlled by the diffusion in the bed of sample, 
it may vary with the amount of sample. The results 
are shown in Fig. 4. They indicate that the rate 
depends on the amount of sample. Thus the obser- 
vation supports the latter case of the two considera- 
tions mentioned above. 

The shape of sample bed in the bucket was ap- 
proximately a disk-type, with diameter from sev- 
eral millimeters to about 1 cm and a few millimeters 
thickness. The diffusion will occur in the direction 
normal to the upper surface of the disk, so the molar 
rate of oxidation should be proportional to the area 
of upper surface, or the area of extent of the sample 
bed in the bucket, as far as the diffusion in the bed 
is the rate-determining factor. 

The second and third columns of Table IV record, 
respectively, relative and molar rate of oxidation 
determined from the slope of curves in Fig. 4, and 
A in the fourth column is the area of extent of 
sample bed in the bucket. As shown in. the fifth 
column of this table, the molar rate of oxidation per 
unit of A is almost constant. This is a valid evidence 
for the view that the diffusion in the bed contributes 
predominantly to the rate of oxidation. 

As a simple approximation, the rate of reaction v 
controlled by the diffusion in the bed is 


NE 
v = ¢o AD —— [7] 
AL 


where o iS the fraction of the effective area in the 
apparent area A, AC/AL is the concentration gradi- 
ent of gas in the diffusion layer of the thickness 
AL, and D is the diffusion coefficient. Regarding 
AC as the concentration of oxygen in the air of 1 
atm pressure and at the temperature of the reaction, 
it is about 2 X 10° mol per cm*. There is an uncer- 
tainty in A L, which will vary from zero to the thick- 
ness of sample bed as the reaction proceeds. As a 
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rough estimation, however, it can be assumed to be 
10° to 10° cm. The o may be 1/2 to 1/5. If D is of 
the order of 10° cm’ sec”, the rate of reaction per 
unit area should then be 10° to 10° mol cm” sec”. 
Although this is a very rough estimation, the order 
of magnitude is thus in good agreement with the 
experimental value given in the final column of 
Table IV. 

It depends, of course, on complicated factors such 
as the particle size, the amount of the sample, and 
the shape of the bed, etc., whether the rate of re- 
action is predominantly controlled by the diffu- 
sion in the bed or by that in a particle. It is of in- 
terest, however, that the diffusion in the bed con- 
tributes even in such a system containing such small 
amounts of material. 


Summary 


The rate and mechanism of oxidation of ferrous 
sulfide were studied by means of a spring balance 
and X-ray diffraction analysis over the temperature 
range from 500° to 700°C. The conclusions reached 
are as follows: 1) Complete oxidation, in which only 


Table IV. Relative and Molar Rate of Oxidation for Various 
Amounts of Samples at 700°C 


1 dm 
Amount of as dt 
Sample, daf/dt, dm/dt, Mol Sec 
Mg Sec-1* Mol Sec-1** A, Cm? Cm-? 
20.3 0.76x10-2 1.8x10-6 0.35 0.51x10 
48.5 0.49x10-2 2.7x10-6 0.50 0.54x10-5 
100 0.30x10-2 3.4x10-8 0.70 0.49x10-5 


*f is the fraction of oxidized ferrous sulfide. 
** m is the moles of oxidized ferrous sulfide. 


the formation of oxides proceeds, begins at 600°C. 
2) At the initial stage of oxidation, a slight increase 
of weight is found. It was observed by X-ray that 
the deficiency of iron ion in FeS occurs in this stage. 
This is interpreted as follows: Iron ion reacts with 
oxygen by migrating from the interior of the FeS 
crystal to the surface, without evolution of SO.,, until 
the deficiency of iron attains a limiting value. 3) 
Above 600°C the rate of oxidation does not change 
with temperature, so the rate-determining factor is 
diffusion of gas. Since the observed rate of oxidation 
depends upon the quantity of the sample, the diffu- 
sion in the bed of sample may determine the rate. 
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Use of Oxygen At 
Abbey Melting Shop, Steel Co. of Wales Ltd. 


A water-cooled probe, introduced through the roof of an open hearth furnace for 
jetting oxygen into the steel, is described. Effects on carbon elimination and other operat- 
ing data are given. A system of slag control for sulfur elimination, involving control of 
oxygen utilization, lime addition and bath carbon, is described. 


by A. J. Kesterton 


ORE than 90 pct of the total tonnage of ingots 

made at Abbey Melting Shop is for steel sheet 
to specifications ranging between 0.055 and 0.07 pct 
maximum carbon. Since the rate of carbon elim- 
ination in the open hearth declines considerably as 
the carbon approaches these low levels, the use of 
oxygen for this purpose constituted a profitable field 
for development, particularly to increase ingot out- 
put. 

Development 

Several experiments were carried out initially in 
which water-cooled guns, originally of all-steel con- 
struction and later with fabricated copper heads, 
were introduced manually through a hole in the 
back wall of one of the 225 net ton furnaces, the 
oxygen being delivered about 4 to 6 in. above the 
slag. Successful blows were obtained, but manipu- 
lation of the gun was cumbersome. 

Application through the charging doors by means 
of bare steel lances was considered but rejected, 
because much of the scrap was light, necessitating 
a large number of buggies per charge, and conse- 
quent long occupation of the track in front of the 
furnaces by buggies. 

To construct an efficient mechanism it was de- 
cided to experiment with the introduction of the 
gun through a hole in the roof. This was eventually 
successfully achieved, with the following advan- 
tages. 

1) The actual mechanism required is simplified, 
and can easily be remotely controlled. 

2) No large steel framework projects out over 
the back platform, possibly interfering with tapping, 
and there is no danger of damage by casting cranes. 

3) The railway track in front of the furnaces is 
left entirely clear for the passage of scrap buggies, 


A. J. KESTERTON is Superintendent of Steel Production, Abbey 
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eliminating interference with adjacent furnaces 
charging. 
4) As compared with the use of bare steel lances, 
a water-cooled jet eliminates the manpower re- 
quired to handle, control and change the bare pipes. 
5) A jet through the roof can be situated over 


the center of the bath so that, whatever the direc- 


Fig. 1—Diagram of apparatus used in experiments. 
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tion of flow in the furnace, there is a full half bath 
length available in which to burn the combustible 
gases arising from the oxygen reaction. If entry of 
a water-cooled gun is made through the back wall 
this cannot generally be done over the taphole and 
must be offset toward one end of the furnace, eke 


ing combustion of the reaction gas less efficient from 
one direction. 


Description of the Equipment 

Operation is simply effected by means of an elec- 
tric winch situated inside the main gantry girder 
above the furnace, which moves a wire rope pass- 
ing over a series of pulleys to the oxygen gun, see 
Fig. 1. The hoisting and lowering of the oxygen gun 
are carried out by remote control push button 
switches situated on the furnace instrument panel. 

Attached to the gun near the top are two diamet- 
rically opposed steel pins which, as the gun is low- 
ered, move into position between guides fixed to the 
top steel binders of the furnace. The guides consist 
simply of 2 in. diam steel tubes which are bent out- 
wards to form a four-pronged splay to receive the 
pins. Two of the steel tubes are also lengthened and 
splayed in the direction at right angles, to act as a 
guide for and to gather together the hose pipes 
carrying the inlet and outlet water, and oxygen. 

The steel pins, when located in the guides, pre- 
vent the oxygen gun twisting in any direction, and 
thus ensure that the gun fires longitudinally along 


Table |. Heat Losses Due to Water Cooling 


Heat Loss, 
Water Flow, Temperature BTU per 
Cooling Unit Imperial Gpm Rise, °F Min 
Gun retracted into roof 106 1) 1,590 
Gun lowered 106 9.5 10,085 
Roof cooler 48.7 5.0 2,435 


the furnace, and is not directed toward front or 
back lining. The position of the pins on the gun is 
also such that should the wire rope break, they will 
strike the top binders, and prevent the end of the 
gun, which is water-cooled, dipping below the sur- 
face of the liquid steel. 

The gun passes into the furnace through a hole 
in the roof, in which is fitted a water-cooled steel 
pipe spiral. This enters the 15 in. thick roof to a 
depth of about 9 in., the water being delivered to 
the lowest spiral, and then circulates upward around 
the spiral at high velocity, before being removed at 
the top. This design of roof cooler is efficient, in 
that it prevents excessive wear of the roof due to 
the flame passing through the hole, and it has a long 
life. 

Surrounding the water-cooled spiral is one ring 
of chrome magnesite bricks, and in the longitudinal 
direction in which the oxygen blows, there is a 
further panel of chrome magnesite 5 ft 6 in. long 
by 4 ft 6 in. wide, which enhances roof life in this 
area. It is more resistant to any splashes which may 
reach the’ roof, and to the effects of flame arising at 
the reaction zone, the latter particularly if the Oxy- 
gen is blown at high carbon. The present design of 
the oxygen gun is the result of trial and error 
development. 

The gun, which is 4% in. OD, is held vertically, 
and freely suspended from the wire hoisting rope. 
The lower end is cranked away from the vertical 
at an angle of 25°, the function of which is to ensure 
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Fig. 2—Gun No. 13 after 75 blows, illustrating type of cham- 
fering leading to failure. 


that the reaction zone is not immediately below the 
gun. This greatly reduces the quantity of slag and 
metal splashing back around the orifice, which is 
found to lengthen the life of the gun appreciably. 
The amount of crank in the end is such that the gun 
wil! pass freely through water-cooled annulus in the 
roof. 

The lower part of the gun for a length of about 
16 in., the central 1 in. bore oxygen tube throughout 
its length, and the end plate are fabricated in cop- 
per, using copper welding. 

Surrounding the oxygen tube is a cluster of three 
symmetrically situated %4 in. bore steel pipes con- 
veying cooling water to the end plate. These pipes 
pass through a diaphragm plate at the top of the 
gun and receive their water from a single large bore 
inlet pipe above the diaphragm. The return water 
is taken off below the diaphragm plate. 

The average life of this design of gun is approxi- 
mately 60 oxygen blows of about 40 to 50 min dura- 
tion each. The record run without repairs is 236 
blows. Failure usually occurs due to chamfering of 
the orifice at the point of exit of the oxygen, with 
eventual cutting through the tube and end plate 
into the water jacket. Repairs are, however, effected 
by copper welding quite cheaply, and the gun will 
run again for as many lives. This repair process has 
been repeated many times on some guns. As an 
example, one gun may be quoted which has had five 
spells of operation involving four repairs, the total 
lives to date being 298. Fig. 2 shows the type of 
chamfering leading to failure. 

The water cooled gun and roof spiral subtract 
little heat from the furnace. See Table I. 


Operation 


Operation by the first helper is extremely simple, 
lowering and withdrawal of the gun being effected 
by push button control from the instrument panel. 
The oxygen supply is controlled by the operation of 
a single valve from the same position. 

The oxygen is produced at the present time by 
evaporators at a pressure of approximately 250 lb 
per sq in., which is reduced to 175 lb per sq in. to 
maintain steady conditions in the main. 

However, in the near future, the oxygen will be 
supplied directly into a main running the full length 
of the valve house from a generating plant on the 
Works boundary operated by the British Oxygen 
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Table Il. Rimming Steel, 0.07 Pct C Maximum 


FeO, Fe203, Fe, 


Type of No. of CaO, SiO», P20:;, MnO, MgO, AlsOs, Ss, 

Heat Samples Pet Pet Pet Pet Pet Pet Pet Pet Pet Pct 
Oxygen 51 42.92 8.22 4.65 4.38 6.24 3.14 0.23 19.71 9.81 22.11 
Non-Oxygen 72 41.00 7.89 4.47 4.47 6.19 2.74 0.21 22.28 10.56 24.60 
Probability 0.001 0.32 0.27 0.71 0.88 0.001 0.075 <0.001 0.13 <0.001 


Co. Ltd. Steady pressures up to 250 lb per sq in. 
may then be obtained if required. 

On the instrument panel of each furnace there is 
an oxygen pressure gage measuring the pressure 
before the flow control valve, and a combined oxy- 
gen flow rate indicator and total flow integrator. 
‘he integrator has been arranged so that it can be 
reset to zero before each oxygen blow, in order that 


Table III. Comparative Fettling Times; Rimming Steel, 
0.07 Pct C Maximum 


Type of Heat No. of Samples Fettling Time, Min 


Oxygen 101 55.6 
Non-Oxygen 101 78.4 
Probability 0.003 


the number of cu ft of oxygen consumed can be read 
directly at any time during the process. 

The use of oxygen is normally begun as soon as 
the bath is clear melted or virtually so, at any point 
below approximately 0.45 pct C. Above this level 
of carbon the reaction may become violent in the 
bath, producing a good deal of flame which, even 
with the oil completely off the furnace, may never- 
theless locally raise the roof temperature high 
enough to melt the silica bricks. Also, the fume 
issuing from the stack is heavy. Occasionally, how- 
ever, the oxygen may be used for a few minutes at 
a reduced rate of flow, at higher carbon levels than 
this, for the purpose of clearing up the final stages 
of the melt or promoting action in a sluggish bath. 

However, below 0.35 to 0.40 pct C, the whole 
process in the Abbey open hearth furnaces is en- 
tirely manageable, and the discharge of fume from 
the chimney is usually less than that following the 
normal introduction of hot metal. Fume formation 
rapidly tails off, and below 0.20 pct C is slight. 

Splash varies mainly with the height of the jet 
orifice above the bath, increasing as this distance is 
increased above an optimum figure of about 4 in. If 
the jet is lifted 9 or 10 in. above the bath a good 
deal of splash occurs in droplet form, which can and 
does reach the roof. 

The oxygen flow rates used, assuming a straight- 
forward refining condition, in which the sulfur is 
not a complicating problem (the main consideration 
is rapid carbon removal), are adjusted to the high- 
est level which the bath will accept. This may mean, 
for instance, that if the oxygen is commenced at 
relatively high carbon, such as 0.45 pct, the flow 
rate will be about 40,000 cu ft per hr, in order for 
the reaction and flame produced to be controlled 
to a safe level. As the carbon drops, however, the 
oxygen flow rate will be increased to about 60,000 
cu ft per hr. 

It has been found that the delivery of a specific 
volume of oxygen, proportional to the carbon con- 
tent at the commencement of the blow, will reduce 
the carbon to that required to meet the 0.07 pct 
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maximum specification in the pit samples. Operation 
therefore is as follows. 

A sample is sent to the laboratory at the same 
time as the oxygen blow is commenced, the inte- 
grator on the oxygen recorder being reset to zero. 
When the carbon analysis is available, the quantity 
of oxygen required is calculated, and as soon as this 
volume has been delivered, as read off directly from 
the integrator, the furnace is tapped without further 
reference to carbon analysis. 

During the oxygen blow, the fuel oil input can 
normally be considerably reduced. It may vary from 
zero up to about two thirds of that required for 
normal operation, depending on bath conditions, the 
amount required being a matter of judgment. Dur- 
ing the oxygen blow, bath temperatures are taken 


Table IV. Comparative Sulfur Analyses (Pit Samples); 
Rimming Steel, 0.07 Pct C Maximum 


Pct S, 
Type of Heat No. of Samples Pit Analyses 


Oxygen 101 0.031 
Non-Oxygen 101 0.031 
Probability 0.575 


and serve as a guide to the oil flow required to sup- 
plement the heating effect of oxygen. However, with 
very little oil being used, the bath temperature may 
easily be increased from between 2805° and 2815°F 
to between 2885° and 2905°F during an oxygen 
blow from 0.35 to 0.40 pet C. 

While the oil input is normally reduced during 
the oxygen blow, the air/fuel ratio is appreciably 
increased, in order for the CO generated at the re- 
action zone to receive sufficient air for burning as a 
supplementary fuel. 

An experiment has been attempted to achieve the 
most efficient transfer of the heat from this supple- 
mentary fuel to the bath. It was thought that this 
could be done by providing a long path for the flame 
over the bath. 

Instead of a single retractable gun placed over the 
center of the hearth, two guns were provided, enter- 
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Fig. 3—Average rate percentage of carbon drop per hr for 
oxygen blown and normal heats. 
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ing the roof close to the ends of th 

was supplied alternately through eae 
on the same end of the furnace as that through 
which the fuel and air were entering. The oxygen 
flow to each end was controlled by electrically 
operated valves connected to the automatic reversal 
system, SO that reversal of the oxygen flow was also 
automatic. Therefore, approximately 80 pct of the 
bath length was always provided for combustion 
and heat transfer from the reaction gas. 

However, no significant improvement in oil con- 
sumption was achieved, compared with the single 
central gun, indicating that a half bath length for 
combustion of the reaction gas is adequate. Since 
double the installation and gun maintenance costs 
were involved, all furnaces have now been con- 
verted to single central guns. 


Rates of Carbon Elimination 


There is a considerable increase in the rate of 
elimination of carbon. The effect on the furnaces at 
Abbey is conveniently summarized in the graphs 
shown in Fig. 3. These show the average rate of 
carbon elimination in pct per hr from various carbon 
levels, calculated over the range from the bath 
carbon analysis at which the oxygen is commenced, 
to the bath analysis prior to tapping, which is ap- 
proximately 0.06 to 0.07 pct for normal heats, and 
0.05 to 0.06 pct for oxygen blown heats. 

Three curves are shown, indicating the carbon 
elimination rates for heats blown at average rates 
of 35,460 cu ft O per hr, 46,500 cu ft O per hr, and 
non-oxygen heats, respectively. 


Table V. Low Sulfur Steel Specifications; Maximum Su! fur, 
0.027 Pct; 225 Net Ton Heats 


Oxygen,* Flow Rates 


S at Cat Add Hot Feed At 36,000 At 60,000 
Melt, Melt, Metal Lime Cu Ft Cu Ft 
Pet Pct Long Tons Boxes per Hr per Hr 
0.05 0.50 6 5/6 
0.05 0.45 9 5/6 
0.05 0.40 12 6 27,000 cu ft Remainder 
0.05 0.35 14 6 
0.05 0.30 15 6 
0.05 <0.30 Divert 
0.045 0.45 5 
0.045 0.40 8 5 
0.045 0.35 Ly 5/6 24,000 cu ft Remainder 
0.045 0.30 13 6 
0.045 0.25 6 
0.045 <0.25 Divert 
0.040 0.45 Nil 4/ 
0.040 0.40 5 4/5 
0.040 0.35 8 4/5 i 
0.040 0.30 10 5 21,000 cu ft Remaincer 
0.040 0.25 12 5 
0.040 0.20 15 5 
0.040 <0.20 Divert 
0.035 0.45 Nil 4 
0.035 0.40 Nil 4 
0.035 0.35 4 
0.035 0.30 8 4 18,000 cu ft Remainder 
0.035 0.25 10 4/5 
0.035 0.20 12 5 
0.035 0.15 15 5 
0.030 0.45 Nil 3 
0.030 0.40 Nil 3 
0.030 0.35 Nil 3 x 
0.030 0.30 Nil 3 15,000 cu ft Remainder 
0.030 0.25 6 3 
0.030 0.20 9 33 
0.030 0.15 12 4 


* Total required cubic feet are as required by carbon after hot 
metal addition, if made; see Table VI. 


The beneficial effects of using oxygen are im- 
mediately apparent. At the higher level of oxygen 
flow rate, i.e., 46,500 cu ft per hr, the carbon elim- 
ination rate is increased approximately threefold 
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Fig. 4—Time from given percentage of carbon to tap for 
oxygen blown and normal heats. 


throughout the whole range, as compared with non- 
oxygen heats. 

In Fig. 4 graphs are given, showing the refining 
time required from a given carbon to tapping for 
both non-oxygen and oxygen blown heats, the latter 
at the two blowing rates. As an example, from 0.35 
pct C, the use of oxygen at the higher rate reduces 
the time to tap from 140 to 48 min. From 0.15 pet C 
the corresponding reduction is from 96 to 33 min. 

In Fig. 5 the time saved for oxygen-blown as 
eocmpared with non-oxygen heats is graphed over 
the full range of carbon levels, and for the higher 
oxygen flow rate varies from 40 min saved at 0.1 
pet C to 95 min at 0.40 pct C. 

Fig. 6 shows the specific consumption of oxygen 
in cu ft per 0.01 pct C per long ton of steel, plotted 
against the percentage of carbon at the start of the 
blow. From this it is quite clear that there is a 
rapid reduction in the efficiency of the use of oxygen 
as the percentage of carbon at the start of blow de- 
clines. The reduction in efficiency is at a spectacular 
rate below 0.15 pct C. 

This fact, together with the increase in time 
saved the higher the percentage of carbon at which 
oxygen blowing is commenced, suggests that the 
higher the carbon at which blowing is commenced 
the greater is the net gain from all points of view. 
This is counterbalanced by the physical fact that 
above 0.45 pet C the reaction is too violent, and 
accordingly approximately 0.40 pct C has been se- 
lected as the best compromise at which to commence 
oxygen blowing. 


Tapping Slag Analysis 

In Table II a comparison is made between the 
average tapping slag analyses for 51 oxygen blown 
heats and 72 non-oxygen heats. The slag analyses 
are routine determinations from heats of the same 
grade of steel, taken at random from the furnaces 
during the same period of time. Two furnaces were 
operated with oxygen, and six on ore heats. 

The probability that the difference between the 
various analyses is not significant is given below 
each slag constituent. It is clear that the differences 
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Fig. 5—Time saved from given percentage of carbon to tap 
for oxygen blown compared with normal heats. 


shown for CaO, Fe, FeO, and Al,O, have only one 
chance in 1,000 of being random. 

There is therefore a useful significant difference 
in the iron oxide concentration favorable to the 
oxygen blown heats. Expressed as iron, this con- 
stituent is about 2.5 pct less for the oxygen heats. 

Also significantly different, and probably con- 
nected with the slag percentage of iron being lower, 
the percentage of CaO is higher by 1.92 pct in the 
oxygen heats. 

The oxygen heats therefore work with a slag 
lower in iron oxide, but higher in CaO, to produce 
the same carbon specification in the steel. Accord- 
ingly, if other things are equal, the iron loss in the 
slag will be reduced, and the steel yield slightly 
increased. 

Fettling 

There is a good indication of a reduction in fet- 
tling time resulting from the use of oxygen. 

This probably arises from the shorter refining 
times during which the hearth refractories are ex- 
posed to the most severe conditions of temperature 
and high iron oxide concentration in the slag. Also 
the oxygen jet generates heat directly into the metal 
bath itself which, together with the lower fuel in- 
puts, appears to give lower slag temperatures. Ac- 
cordingly, reduction in fettling time may be reason- 
ably expected. 

Table III compares the average fettling time for 
101 oxygen and 101 non-oxygen heats. The selected 
samples are successive heats of the same grade of 
steel, 1.e., a maximum of 0.07 pet C rimming steel, 
made during the same period. The oxygen heats are 
made on two furnaces fitted up to use oxygen, and 
the non-oxygen heats are made on the remaining 
six furnaces. In the latter case an approximately 
equal number of heats was selected from each 
furnace. 


Sulfur 

Table IV shows the average percentage of sulfur 
of the pit samples for 101 oxygen heats compared 
with the same number of non-oxygen heats. The 
selected samples are the same heats used in Table 
III for the comparison of fettling times. 

There is no significant difference between the 
oxygen and non-oxygen heats. However, it is inter- 
esting that the same sulfur elimination is secured 
in oxygen blown heats, even though the refining 
time is cut to approximately one third. 

Roof Life—If properly applied as described in the 
text, the use of oxygen does not cause splashes 
which affect the roof or linings of the furnace. 
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Sulfur as a Complicating Factor—Abbey Melting 
Shop operates on relatively high sulfur fuel oil, 
i.e, 1.6 pct S. Much of the scrap is light, which 
lengthens charging times and increases sulfur pick- 
up from the fuel. There is 50 to 55 pct of high 
phosphorus (0.70 pct) and low sulfur hot metal 
(0.02 to 0.025 pct). Under these circumstances sulfur 
becomes a complicating factor for steel specifications 
less than 0.03 pct S. 

The extent of the problem of refining sulfur de- 
pends upon the percentage of sulfur at melt in rela- 
tion to the tapping analysis required. If the per- 
centage of sulfur at melt is close to the final speci- 
fication, the carbon may be confidently removed at 
high speed by the use of oxygen. On the other hand, 
if the final specification required is low and difficult 
to attain, e.g., less than 0.027 pct, and the percentage 
of sulfur at melt is relatively high, e.g., 0.04 to 0.045 
pet or more, then experience dictates that the bath 
be refined primarily in relation to sulfur removal, 
and the elimination of carbon subordinated to this 
end. 

It is thought, however, that this need not neces- 
sarily curtail the use of oxygen for carbon removal 
during refining, and the following analysis of the 
problem of refining sulfur is put forward for dis- 
cussion, in which the use of oxygen is proposed as 
an essential tool. 

The percentage of sulfur at melt will vary due to 
the influence of the variable operating factors up to 


Table VI. Oxygen Volumes for Carbon Elimination to Obtain 0.05 
Pct C at Tapping; Assumed Steel Weight, 235 Net Tons 


Carbon, Pct Oxygen, Cu Ft 


42,000 
38,500 
35,000 
32,000 
29,000 
26,250 
25,500 
24,800 
24,000 
23,000 
22,000 


PP 


that time, including the variable pickup of sulfur 
from the fuel, the variable condition of the scrap 
in respect to entrained silica and sulfur-bearing 
constituents, variations in the hot metal analysis for 
silicon, phosphorus, and sulfur, variable analyses 
and quantities of flush slag, and variable carbon 
percentages in melt outs. 

The extent of the refining problem in relation to 
sulfur when aiming for a given specification is not 
known, therefore, until melt-out or close to it. 

It is further suggested that the melt percentage 
of sulfur is self adjusting to the above factors, and 
that this figure is therefore proportional to the total 
sulfur in the system at melt-out and the sulfur 
carrying capacity of the slag. If the melt percent- 
age of sulfur is higher than the steel specification, 
the capacity of the slag to remove sulfur must be 
increased during the refining period, and it is sug- 
gested that the amount of alteration which has to 
be effected during the refining period to the slag 
bulk and composition can be equated fairly closely 
to the difference between melt percentage of sulfur 
and final steel percentage of sulfur specification. 

This therefore determines, in ‘the first place, the 
amount of lime which it is necessary to put into 
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solution in the slag during the refining period, since 
this is the only convenient addition which can be 
made deliberately to the slag to increase its total 
sulfur-carrying capacity. 

Whatever lime is used must first be put into fluid 
solution in the slag, following which there must be 
adequate slag/metal interfacial exchange or agita- 
tion to ensure that the sulfur is transferred from 
metal to slag. 

The operation of dissolving the lime is one re- 
quiring the absorption of heat to raise it to slag 
temperature, together with a thorough mixing with 
the slag to facilitate solution. It is thought that 
initially, the best procedure is not an all-out attack 
on the carbon with oxygen, but that the lime should 
be helped into solution by a combination of a rea- 
sonable time exposure to the flame and a carbon 
boil vigorous enough to ensure that all the lime is 
continuously surrounded by moving slag. It is pro- 
posed that the provision of these requirements, 
without excessive loss of carbon, should be secured 
by blowing with oxygen at a moderate rate initially. 
For instance, in the Abbey furnaces a rate of 36,000 
cu ft per hr is selected at this stage. The length of 
time during which the moderate blowing rate is 
maintained to get the lime into solution is propor- 
tional to the lime addition made, and hence to the 
melt percentage of sulfur. It should be noted that 
a quantity of carbon will be blown out at this stage 
which is proportional to the volume of oxygen used 
at this low rate, and hence also to the lime addition 
and melt percentage of sulfur. 

Having dissolved the lime, a further period of 
vigorous agitation betwen slag and metal to provide 
an adequate amount of slag/metal interfacial ex- 
change for completing the sulfur transfer must be 
provided. The slag being fluid and reactive at this 
stage, it is thought that the agitation may be pro- 
vided rapidly. The proposal is to step up the oxygen 
delivery rate to 60,000 cu ft per hr, i.e., twice that 
used to put the lime into solution. In any case, the 
carbon will be getting lower, and a higher rate of 


blowing is required to maintain a comparable rate of 


agitation. For this stage also, therefore, an amount 
of carbon must be available which will provide the 
necessary quantity of agitation. 
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Fig. 6—Specific oxygen consumptions in cubic feet per 0.01 
pet C per long ton steel for yarious percentages of carbon. 
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Fig. 7—Degree of success attained in sulfur slag control in 
100 heats. 


Therefore, there must be available at the melt an 
amount of carbon proportional to the melt percent- 
age of sulfur, which will be sufficient to put the 
necessary lime into solution, and then adequately 
agitate the slag with the metal. If this carbon is not 
present at the melt, it should be added by hot metal 
addition. The quantities of hot metal proposed in 
Table V have been calculated from a statistical 
examination of data. 

The proposed slag control method for sulfur re- 
moval during refining, using oxygen as an essential 
tool, is as follows. 

1) Analyze a bath sample for carbon and sulfur 
as near to the clear melted stage as possible. Slightly 
before is preferable so that action based on the 
analyzed result can be taken immediately when the 
bath is melted. 

2) Depending upon the sulfur analysis, two 
factors will be determined, i.e., the amount of lime 
to be fed, and the amount of carbon required to 
provide the necessary agitation. The greater the 
melt percentage of sulfur, the greater the lime re- 
quired, and the higher the percentage of carbon 
necessary. If the carbon is below that required, a 
hot metal addition is made. 

3) Depending on the lime addition, a specific 
proportion of the total oxygen volume required is 
blown at a reduced rate to get the lime into solu- 
tion. After this, the remainder of the oxygen is 
blown at a high rate. 

4) The total oxygen required is determined by 
the carbon analysis after hot metal addition (if 
any), at the moment the oxygen blow is started. 
The completion of the refining can then proceed 
without further reference to carbon or sulfur analy- 
sis, the furnace being tapped at the end of the 
oxygen blow. 

5) Tables V and VI have been prepared laying 
down the hot metal addition, lime addition, oxygen 
blowing rates, and oxygen volumes required for 
specific carbon analyses. 

The refining procedure is given in the Appendix. 
To date the proposals are in a tentative experi- 
mental stage subject to change in the light of ex- 
perience, and are put forward at this juncture 
mainly for the purpose of indicating that it is recog- 
nized that the refining of sulfur is a complicating 
factor in the use of oxygen for decarburization, and 
also to draw critical comments, which it is hoped 
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will help to effect improvement. Results to date, 
however, indicate that the desired sulfur specifica- 
tion can be achieved successfully, using the proposed 
system. 

Fig. 7 shows the degree of success attained in 
securing the desired sulfur specification of 0.027 pct 
maximum in 100 heats operated in this way. The 
number within specification is 96 pct. Hot metal 
additions were made, as part of the process, to 33 
pet of the heats. 

Quality 

Oxygen is now used for the manufacture of low 
carbon sheet steel, including the highest qualities 
of extra deep drawing, fully stabilized, etc., with no 
observable difference in quality as compared with 
previous practice. 

In the case of steel for tinplate, the Tinplate Divi- 
sion reports that the oxygen blown coils pickle well, 
and have a lower than average RB hardness figure 
for the hot rolled band. They also roll very well in 
the 5-stand cold mill, with fewer instances of delay. 
Performance at the temper mill is reported as ex- 
cellent, with fewer coils needing to be rerolled for 
fluting, and the tempered Rockwell hardness figures 
are well grouped together in the center of the range. 


Appendix: Low Sulfur Steel Specifications—Maximum 
Sulfur, 0.027 Pct 


Refining Operations Using Oxygen—1) Prior to 
30 min before melt, the bath is worked in the usual 
way so far as additions of oxide, hot metal, etc., are 
concerned, but a melt carbon of about 0.50 pct is 
aimed for. 

2) Approximately 30 min before melt, a sample 
is sent to the laboratory for analysis of carbon, 
sulfur, phosphorus, and manganese. 

3) Approximately 15 min before melt, a sample 
is sent to the laboratory for carbon only. 

4) While waiting for these samples, lime is fed 
to the bath, if the condition is suitable. This lime 
counts as part of the total addition required as 
calculated later from Table V. 


5) When the bath is melted, the above two bath 
samples should be ready, i.e., one sample for sulfur, 
30 min before melt, and two samples for carbon, 
one 30 min and one 15 min before melt. The per- 
centage of carbon at melt can then be deduced from 
the two samples, and the percentage of sulfur at 
melt can be estimated by deducting 0.002 pct from 
the result of the first sample. For example, first 
sample, 30 min before melt, 0.45 pct C, 0.043 pct S; 
second sample, 15 min before melt, 0.40 pct C, no 
sulfur. Therefore, at melt 0.35 pet C and 0.041 pct 
S is estimated. 

6) Table V is now read to deduce the action 
required. In the example given above, for 0.35 pct 
C and 0.041 pct S at melt, the additions required 
are eight tons of hot metal, and four or five boxes 
of lime. 

7) The hot metal is added as quickly as possible, 
giving more of the lime with the hot metal, to make 
use of the boil from the latter. 

8) Oxygen blowing is begun as soon as the bath 
subsides after hot metal addition, and a sample is 
sent to the laboratory for carbon analysis only, 
which determines the volume of oxygen to be used. 

9) The remainder of lime required is added as 
early as possible in the oxygen blow. 

10) Oxygen is blown at the reduced rate of 
36,000 cu ft per hr for the period specified in Table 
V to put the lime into solution, and then increased 
to 60,000 cu ft per hr for the remainder of the 
oxygen required. 

11) The furnace is tapped as soon as the oxygen 
volume specified in Table VI has been delivered, 
without sending further samples to the laboratory 
for carbon and sulfur analysis. However, a running- 
out sample is sent to the laboratory for carbon, 
sulfur, and manganese analyses. 

12) Fluorspar is used with lime additions to 
assist rapid solution. 


Discussion of this paper sent (2 copies) to AIME by Apr. 1, 1957 
will appear in AIME Transactions Vol. 209, 1957 and in JOURNAL OF 
October 1957. 


Some Aspects of The 
Physical Chemistry of Hydrometallurgy 


Some of the principles of physical chemistry underlying hydrometallurgical processes 
are discussed and an attempt is made to evaluate the various thermodynamic and kinetic 
factors which influence their operation. Recent research in this field is reviewed and a 
number of specific leaching and precipitation reactions are discussed in detail. The appli- 
cation of kinetic measurements to the elucidation of reaction mechanisms is emphasized. 


by J. Halpern 


HYSICAL chemistry contributes to the under- 
standing and efficient operation of hydrometal- 
lurgical processes in many ways, among them by 
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providing quantitative answers to the following 
questions. 

1) Can a given chemical reaction or process be 
made to operate and, if so, under what conditions? 

2) What are the factors which determine the 
rate of the reaction and how can this rate be regu- 
lated in practice? 

Thermodynamics attempts to answer the first of 
these questions and kinetics the second. The answer 
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to the latter is intimately related to considerations 


of the mechanism by which the reaction takes 
: place. 
the mechanism is therefore of 
mechanisms depending on con- 
itions and on what catalysts, if any, are present 
A number of hydrometallurgical 
been used for man 
years and the practices relating 
well established, although 
e of the physi- 
ich govern their operation 
chieved. Examples of common 
leaching processes are: the extraction of gold and 
silver by cyanidation; leaching of zine oxide and 
copper oxide with acid; leaching of metallic copper 
with ammonia; leaching of alumina with caustic 
soda; and leaching of uranium with acid or car- 
bonate. The common precipitation processes include: 
the cementation of copper from acid solution by 
Iron; precipitation of gold and silver from cyanide 
solutions by zine dust; precipitation of uranium and 
vanadium from either acid or carbonate solutions 
by neutralization; precipitation of insoluble sulfides; 
and many other chemical precipitation processes. 
In recent years, interest in hydrometallurgical 
processes has been greatly intensified. Many of the 
newer developments in this field involve leaching 
and precipitation operations which are conducted 
at elevated temperatures and pressures.” ? The ad- 
vantages which may result from operating under 
autoclave conditions are 1) greatly increased rates 
of reaction, 2) favorable displacement of thermo- 
dynamic equilibria, and 3) the possibility of using 
certain gaseous or highly volatile reagents such as 
O., H., and NH;. Among the new processes which 
have resulted from the application of high tempera- 
ture, high pressure techniques are: the direct leach- 
ing of nickel, copper, and cobalt sulfides with am- 
monia;* * carbonate leaching of pitchblende ores;® ° 
leaching certain sulfide ores with water, ail the 
necessary acid being generated in situ by autoxida- 
tion of the sulfides;*® the precipitation of metallic 
nickel, cobalt, and copper from aqueous solutions 
of their salts by hydrogen reduction; *” and pre- 
cipitation of uranium and vanadium oxides from 
aqueous carbonate solution by hydrogen reduc- 
This paper is concerned in large measure with 
these newer developments in the field of hydro- 
metallurgy, although recent advances relating to the 
physical chemistry of some of the older hydrometal- 
lurgical processes are also reviewed. Electrolytic 
processes which have been widely employed to re- 
cover metals from solutions, often in the purest 
obtainable forms, are excluded from the present 
discussion, as are some of the newer recovery tech- 
niques such as ion exchange and solvent extraction. 
Also excluded from consideration are the many 1m- 
portant problems of physical chemistry connected 
with mineral dressing, a field very intimately asso- 
ciated with hydrometallurgy. 


Thermodynamic Considerations 


Through the use of thermodynamics it is possible 
to define the equilibrium in a chemical system and 
to predict how the equilibrium will shift with 
changing conditions such as temperature, pressure, 
concentration, etc. In general an increase In the 
concentrations or partial pressures of the reactants 
will shift the equilibrium of a reaction 1n the for- 
ward direction, while an increase in the concentra- 
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tions of the products will have the reverse effect. 
Where any of the reactants or products are gases 
or highly volatile substances, the role of pressure 
In influencing the thermodynamics becomes readily 
apparent. The principles and procedures involved 
in such thermodynamic calculations are well known, 
and several comprehensive tabulations of thermo- 
chemical data are available. 

The thermodynamic aspects of a number of sys- 
tems of hydrometallurgical interest have been dis- 
cussed in detail by Pourbaix,” and conveniently 
represented by him in the form of potential-pH 
diagrams. A typical diagram for the system, Cu-H.O, 
defining the regions of stability of different forms 
of copper as functions of the potential and pH, is 
shown in Fig. 1. For details of construction of the 
diagram, the reader is referred to Pourbaix.” Follow- 
ing the convention used by him, the boundaries 
have been drawn so that the solution regions cor- 
respond to total concentrations of dissolved copper 
exceeding 10° mol per liter. Because of the loga- 
rithmic nature of the dependence of both pH and 
potential on the concentration, these boundaries are 
shifted only slightly if a different concentration 
limit is selected. On the same diagram the thermo- 
dynamics of the reduction of oxygen (at 1 atm) are 
represented, i.e. 


O, + 4H* + 4e = 
and the oxidation of hydrogen (at 1 atm), ie. 
2 H* + 2e = [2] 


From the diagram the following thermodynamic 
information is readily apparent. 

1) Throughout the pH range considered (0 to 
14) metallic copper is thermodynamically stable in 
contact with an aqueous solution, in the absence of 
oxygen or other oxidizing agents; i.e., the potential 
for the oxidation of copper lies appreciably above 
that for the liberation of hydrogen. 

2) Oxidation of the copper can be effected by 
gaseous oxygen at ordinary pressures, since the 
potential for the reduction of oxygen lies well above 
that for the oxidation of copner throughout the 
diagram. Several oxidation products are possible, 
corresponding to different reaction paths, which may 
be represented as follows: 


+ 2 OH [3a] 
CuO -+ HOH [3b] 
CuO, + 2 H’. [3c] 


Cu + % O, + HOH > 


In the pH region between about 6 and 13, the in- 
soluble oxides, Cu,O and CuO, are thermodynami- 
cally favored, while at lower and higher pH values, 
the copper can dissolve as Cu** and CuO,°, respec- 
tively. 

3) All the oxidized forms are thermodynamically 
reducible to metallic copper by gaseous hydrogen at 
ordinary pressures, since the potential for the oxida- 
tion of hydrogen lies well below that for copper 
throughout the diagram. 

The properties of the system can be profoundly 
influenced by the presence of a reagent which forms 
a complex ion of the metal in the solution. This is 
shown in Fig. 2, which depicts the potential-pH 
diagram for copper in contact with an aqueous solu- 
tion containing 1 mol per liter total NH, (ie., NH, 
4+ NH,*). The concentration of free NH, (the species 
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which complexes with Cu‘) is uniquely defined by 
the pH of the solution through the equilibrium 


NH, + H* = NH,’. [4] 


At pH < 3 the concentration of free NH, is negli- 
gible, while above pH 9 it approaches the limiting 
value of 1 mol per liter. 

The diagram defines the regions of stability of all 
the forms of copper, including the various cuprous 
and cupric ammine complexes. The solution regions 
correspond to conditions under which the total dis- 
solved copper concentration (including simple and 
complex forms) can exceed 10° mol per liter. Among 
the notable effects arising from the presence of NH,, 
evident from a comparison of Figs. 1 and 2, are: 

1) The potential for the oxidation of metallic 
copper is generally lowered because of complex 
formation. Thus, from a thermodynamic standpoint, 
leaching is greatly facilitated, while reduction with 
hydrogen, although still feasible, becomes more 
difficult. 

2) The region of insolubility of the oxide phases 
is greatly reduced. From the standpoint of leaching, 
this is a great advantage. 

In addition to those given here, potential-pH dia- 
grams have been published for the following metals: 
silver,” chromium,” zinc,” lead,” aluminum,” 
arsenic,” gold,” beryllium,” cadmium,” cobalt,” 
mercury,” selenium,” tin,” titanium,” and thallium.” 
In principle, such diagrams can also be constructed 
for systems involving minerals, such as oxides, sul- 
fides, etc., in contact with aqueous solutions, and 
they should prove very helpful in understanding the 
thermodynamic problems connected with the leach- 
ing of these minerals. The applicability of potential- 
pH diagrams to other processes of hydrometallur- 
gical interest, including chemical and reductive pre- 
cipitation, electrolysis, and corrosion, is also readily 
apparent. Unfortunately the construction of such a 
diagram is often a laborious process, particularly for 
systems in which many compounds can be formed 
or in which such effects as complexing are taken 
into account. A further obstacle is the lack of re- 
liable thermodynamic data for many systems, par- 
ticularly in concentrated solutions and for the higher 
temperatures which are often of interest to the 
hydrometallurgist. 


Kinetic Considerations 

In general, hydrometallurgical processes, particu- 
larly leaching reactions, are conducted under condi- 
tions in which the thermodynamics are very favor- 
able (i.e., there is a large decrease in free energy 
associated with the desired process) and the limita- 
tions are therefore largely of a kinetic nature. In 
particular, where the thermodynamics of several 
alternative reactions do not differ greatly, kinetic 
factors may determine what products are formed. 
Because of these considerations, it appears increas- 
ingly important to understand the kinetic aspects 
of hydrometallurgical processes. However, up to the 
present only limited progress has been made in this 
direction. 

Most hydrometallurgical processes, whether they 
relate to leaching or precipitation, involve hetero- 
geneous reactions occurring at a solid-liquid inter- 
face, and in all but a few special cases, such re- 
actions are rate-determining. Most of the hetero- 
geneous reactions of interest in the present connec- 
tion may be regarded as involving the following 
sequence of steps: 1) absorption of gaseous react- 
ants, if any, by the solution; 2) transport of dis- 
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solved reactants from the main body of the solution 
to the solid-solution interface; 3) adsorption of 
reactants on the solid surface; 4) reaction on the 
surface; 5) desorption of the soluble products from 
the surface; and 6) transport of the desorbed prod- 
ucts into the main body of the solution. 

There appear to be only a few systems (one re- 
ported example involves the initial stages of am- 
monia leaching of a nickel sulfide concentrate’) in 
which step 1, the absorption of a gaseous reactant 
by the solution, is rate-limiting. In most cases, suffi- 
ciently fast gas absorption can be maintained* by 


* This becomes increasingly difficult with increasing size of the 
equipment used. 


using efficient agitators for the solution to remain 
saturated with the gas, and subsequent steps in the 
process become rate-determining. This is particu- 
larly true where 1) the partial pressure of the gas 
is high, 2) the pulp density is not excessive, and 
3) the temperature is not too high (since the rates 
of most chemical reactions have a higher tempera- 
ture coefficient than that of gas absorption). 

The transport of a dissolved reactant to the sur- 
face, step 2, or of a product away from the surface, 
step 6, is more often rate-determining. The essen- 
tial features of systems to which this applies are 
depicted in Fig. 3, which shows how the solution 
concentration of the pertinent species varies as a 
function of distance from the surface. In each case, 
the rate of transport to or from the surface is deter- 
mined by the diffusion of the species across a dif- 
fusion layer of thickness 6, immediately adjacent 
to the surface at which it is consumed or formed. 
Within this layer, the concentration of the diffusing 
species can be represented to a first approximation 
as a linear function of the distance (corresponding 
to the broken line in Fig. 3), while on the solution 
side, its value is that for the bulk of the solution. 

On the basis of this approximate model, the rate 
at which a dissolved substance diffuses to a solid 
surface (where it is consumed by reaction) is repre- 
sented mathematically by Fick’s law 


dn DA C_c 5 
7 5 ( o) [5] 
where n is the amount of diffusing material which 
moves across the diffusion layer in time, t; D is the 
diffusion coefficient (usually of the order of 2x10~° 
sq cm per the value of D increases only slightly 
with temperature); A is the area of the diffusion 
layer (i.e., of the surface) ; C, is the concentration at 
the surface; and C is the bulk solution concentration. 

The diffusion rate reaches a limiting value given 
by 


—~=——c [6] 


when the solution at the interface is completely 
depleted (by reaction) of the diffusing species, and 
hence C, = 0. This represents an upper limit for the 
reaction rate. 

Frequently the dependence of the rate on the con- 
centration of a leaching reagent is of the form shown 
in Fig. 4. This figure depicts the rate of solution of 
copper in aqueous ammonia as a function of the 
oxygen partial pressure (or concentration).* The 
rate is initially determined by the diffusion of oxy- 
gen to the copper surface and, in accordance with 
Eq. 6, is directly proportional to the oxygen concen- 
tration (region A). However, as the oxygen concen- 
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tration (and consequently its diffusion rate) is in- 
creased, a point is reached where the leaching rate 
becomes determined by a chemical process which 
does not involve oxygen and hence is independent 
of the oxygen concentration. This corresponds to 
region B. Increased agitation increases the rate in 
region A, but does not affect the limiting rate, B. 

A similar dependence of leaching rate on oxygen 
concentration has been observed for the cyanidation 
of silver.” However, in this system the oxygen-in- 
dependent limiting rate corresponds to a condition 
in which the diffusion of cyanide, instead of oxygen 
has become rate-determining. 

For a given system, the thickness of the diffusion 
layer, 6, depends primarily on the agitation. Its 
value normally ranges from about 0.05 cm in an un- 
stirred system to about 0.001 cm in a vigorously 
agitated one.” Using these values it can be shown 
that the maximum attainable (diffusion-limited) 
rate of a heterogeneous reaction is of the order of 
10~ mol per sq cm per hr when the concentration, 
C, of the diffusing reactant is 1 mol per liter, or 
about 10° mol per sq cm per hr when one of the 
diffusing reactants is a gas such as oxygen or hydro- 
gen whose concentration is unlikely to exceed 107 
mol per liter except at very high pressures. 

A number of criteria have been advanced to dis- 
tinguish diffusion-controlled reactions from those 
which are chemically controlled. In contrast to the 
latter type, the rates of diffusion-controlled reac- 
tions are usually characterized by a marked depen- 
dence on agitation and by a low temperature coeffi- 
cient, usually corresponding to an apparent activa- 
tion energy between 1 and 4 kcal per mol. 

Diffusion of a soluble product away from the re- 
acting surface is less often rate-determining, al- 
though such cases are known.” The rate is repre- 
sented by 


[7] 


where the symbols have the same meaning as in Eq. 
5. C., and hence the diffusion rate, can increase un- 
til the solubility of one of the products is exceeded, 
causing it to precipitate. For example, during the 
leaching of metallic copper, Eq. 3, slow diffusion may 
result in localized accumulation of Cu** and OH in 
the vicinity of the metal-solution interface with the 
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Fig. 1—Potential-pH diagram for the Cu-H2O system. 
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resulting precipitation of CuO even when the bulk 
solution concentrations favor the formation of solu- 
ble products. Once formed, the precipitated oxide 
redissolves slowly, and hence tends to passivate the 
copper surface. 

Steps 3 through 5 (those involving adsorption, 
chemical reaction at the surface, and desorption) 
vary greatly from system to system and do not lend 
themselves to consideration in general terms. 
Among the complications which may arise in this 
connection is the formation of insoluble products 
(sometimes resulting from side reactions) which 
often accompanies leaching. As in the example dis- 
cussed above, the leaching of copper, such products 
may tend to deposit on the surface of the reacting 
solid and form a passivating layer, through which 
the reactants and products must diffuse in order for 
the reaction to be sustained. Such diffusion, which 
is usually much slower than the liquid diffusion dis- 
cussed earlier, even where the solid layer is fairly 
porous, may become rate-determining. 

These and other features of the kinetics and 
mechanisms of hydrometallurgical reactions are best 
considered for individual systems, a number of 
which are discussed below. 


Leaching Reactions 


Cyanidation of Silver and Gold—Both the thermo- 
dynamics and kinetics of the cyanidation of silver 
have been examined.” The principal reaction ap- 
pears to be 


2Ag+0O,+4CN +2H,0O-> 
2 Ag(CN). + 2OH + H,O, [8] 


although it has been suggested” that at high H.O, 
concentrations the following reaction may also con- 
tribute 


2Ag+H.0, + 4CN > 2Ag(CN), + 20H. [9] 


Under all conditions investigated, the diffusion of 
one of the reactants (CN or O., depending on their 
relative concentrations) to the silver surface was 
found to be rate-limiting. The measured activation 
energy was 2 to 3 kcal per mol. Thus the chemical 
reaction appears to be very fast, and kinetic meas- 
urements fail to provide information about the 
chemical mechanism. It was established” that the 
adverse effect of lime on the cyanidation of silver 
is due to the formation of a protective deposit of 
insoluble calcium peroxide on the silver surface 


H.O, + Ca(OH). CaO, + 2H,0. [10] 


Similar considerations apply to the cyanidation of 
gold. Kudryk and Kellogg™ have shown this to be 
an electrochemical process, and found the rate of 
reaction and the potential of the dissolving metal to 
be in agreement with the values predicted from 
anodic and cathodic polarization measurements. 
Their results suggest that the principal reaction is 


4Au+8CN- +0,+2H,0> 4Au(CN), + 40H. 
[11] 


However, other investigators” have claimed the for- 
mation of H.O, as an intermediate and confirmed its 
presence analytically. The reason for this discrep- 
ancy is not clear. As in the case of silver, the rate 
of solution of gold is controlled by the diffusion of 
one of the reactants (CN or O.) to the surface; the 
apparent activation energy is 3 to 5 kcal per mol. 
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Fig. 2—Potential-pH diagram for the Cu-NHs-H2O system. 
Total NH: equals 1 mol per liter. 


The kinetics of dissolution of silver in acid solu- 
tions containing various oxidants have also been 
determined. When Ce***t was employed as oxidant, 
its diffusion to the silver surface was rate-limiting,” 
while with Fe*™ the rate was chemically controlled.” 
This has led to the conclusion” that, in general, 
metal dissolution reactions with a large potential 
difference between the metal and the oxidant are 
diffusion-controlled, while those with a small poten- 
tial difference are chemically (i.e., desorption) con- 
trolled. Because of the great stability of the silver- 
cyanide and gold-cyanide complexes, the potentials 
for the dissolution of gold and silver are so much 
lowered by the presence of cyanide that the cyani- 
dation reactions apparently fall into the former 
category. 


Leaching of Copper—The thermodynamics of this 
system have been discussed earlier and are sum- 
marized in the form of potential-pH diagrams in 
Figs. 1 and 2. 

The reaction involving acid solutions in the pres- 
ence of oxygen is 

Cu + 1/20, + 2 H* > + 
The kinetics in sulfuric acid solution were found by 
Lu and Graydon” to conform to 
the apparent activation energy being 14.1 kcal per 
mol. 


The proposed mechanism involves the following 
sequence of steps 


[14a] 
Cu* 4+-OH > [14c] 
OH + HO. [14d] 


This mechanism is consistent with the observed 
kinetics if reaction 14b is assumed to be rate- 
determining. 
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The following kinetics were observed in HCl 
solutions” 


[H*] [Os] 


rate = 
1+ (k./k.) [H*] + K.[0.] 


where the various equilibrium constants, K, and 
rate constants, k, refer to the following reaction 
sequence. 


2Cu + O, = Cu,: O.(adsorbed) 


Cu,:O.(adsorbed) + HCl (orH* + Cl) = 
Cu.:O,:HCl(adsorbed) [16b] 


[16a] 


2Cu* + HO, + 3H*—> 2Cu** + 2H.0O. [16d] 
Displaying an unusual effect, Cl inhibits the disso- 
lution of copper by competing for surface sites in 
reaction 16b. 

Dissolution of copper is generally much more 
rapid in the presence of NH, and NH,’, where stable 
complex ions of Cu** are formed according to the 
reactions 


Cu + 1/20, + 4NH, + H.O > Cu(NH,).** + 20H™ 


[17] 
or 
Cu + 1/2 0, + 2NH, + 2NH,' > Cu(NH,),** +H.0. 
[18] 


Several kinetic investigations have been report- 
ed***** on this system. At low values of the ratio 
[O.] : [Cu(NH,),**] the reaction is autocatalytic,” 
corresponding to the following kinetics 


rate = k [Cu(NH,),“*]"? [19] 


where V is the stirring velocity. The apparent acti- 
vation energy is 2.9 kcal per mol. The proposed 
mechanism” assumes that the equilibrium 


Cu(NH,),** + Cu= 2 [20] 


is rapidly established and that the rate-determining 
process is the removal (by diffusion) of Cu(NH,).* 
from the surface to the bulk of the solution, where 
it is presumably oxidized rapidly to Cu(NH,),”*. 

At high values of [O.] and of the ratio [O.]: 
[Cu(NH,),**] (corresponding to region B in Fig. 4), 
the kinetics are given by 


rate = k, [NH,] + k. [NH] [21] 


where k,./k, ~ 20..Thus NH,’, which does not influ- 
ence the thermodynamics of the leaching reaction, 
apparently exerts a powerful influence on the rate. 
The constants k, and k, are independent of [O,] and 
of [Cu(NH,),**]. The following mechanism has been 
proposed 


Cu + 1/2 Cu..O(adsorbed) [22a] 
Cu..O(adsorbed) + NH, + H.O oe 
Cu(NH,;)** + 2 [22b] 


Cu..O(adsorbed) + NH Cu(NH,)* + OH- 
[22c] 
[22d] 


This mechanism assumes that the copper surface is 
completely covered by a film of adsorbed oxygen (or 


Cu(NH,)* + 3 NH,—> Cu(NH,),”*. 
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by a thin layer of copper oxide) which is formed 
rapidly in reaction 22a. Attack on this film by NH. 
(reaction 22b), or NH, (reaction 22c), is the rates 
determining step in the dissolution process. The 
higher rate constant for NH,’ probably reflects its 


ability to attack the copper and oxygen surface sites 
simultaneously 


INTERMEDIATE 


This represents a phenomenon which is fairly gen- 
erally encountered, i.e., metal oxides are often more 
readily attacked by an undissociated acid molecule, 
HX (particularly when X~ is capable of forming a 
complex ion of the metal) than by either H* or X- 
separately. 

Alloying copper with small amounts of gold 
(which does not dissolve in ammonia) lowers its 
rate of solution markedly.” This is due partly to the 
protective influence of the inert gold-rich phase 
which is left behind as the copper dissolves and 
partly to the fact that favorable conditions are 
created for the formation of passivating deposits of 
copper oxide. 

Leaching of Oxides—An understanding of the fac- 
tors which influence the solution of oxides is impor- 
tant not only because of the intrinsic interest of 
these systems but also because it is probable that 
oxides (or compounds resembling oxides) are often 
formed as intermediates during the leaching of 
metals and metallic sulfides. A number of oxide 
leaching reactions have been studied. 

Pryor and Evans” investigated the decomposition 
of ferric oxide by aqueous solutions of various acids. 
Hydrated ferric oxide dissolves readily in most acids. 
The a-ferric oxide, prepared by ignition above 
300°C, is readily dissolved by a reductive mecha- 
nism, but direct dissolution by the reaction 


Fe,O, + 6 H*> 2 + [24] 


proceeds only slowly even under very favorable 
thermodynamic conditions. Acids whose anions 
form complexes with Fe*** decompose the oxide 
more rapidly than those of non-complexing anions. 
Thus the rate of solution in different acids decreases 
in’ the erder HIF > HCl > H.SO, > HCIO,. The-rate 
of solution of ferric oxide by HCl increases with the 
HCl concentration but is unaffected by addition of 
neutral Cl- salts. The mechanism of dissolution 
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Fig. 3—Solution concentration of a diffusing species in the 
vicinity of a reacting solid surface. 
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probably involves simultaneous attack of H* and Cl- 
(presumably at oxygen and iron sites respectively). 
The attack apparently occurs only in the vicinity of 
surface lattice defects which are formed during 
ignition of the oxide, rather than uniformly over the 
whole surface. 

Wadsworth and Wadia” have examined the de- 
composition of cuprite by sulfuric acid solutions. 
The reaction, involving disproportionation of Cu(I), 
is represented by 


2H Cu Cus [25] 


The rate, which depends on the concentration of 
both H* and undissociated H.SO,, is given by 


1+ K, [H.SO,] 


rate = 


[26] 


The following mechanism has been proposed to ex- 
plain the kinetics: 


Cu.0 + H.SO, = Cu.0-H.SO, (adsorbed) [27a] 
Cu.0- H.SO, (adsorbed) 
Cut* + Cu®° + H,O+SO- [27b] 
+ H* 
+ Cu®° + + HSO,. [27c] 


The reaction may occur either through reactions 
27b or 27c, the rates being additive. 

The kinetics of the oxidative leaching of pitch- 
blende by oxygen-containing carbonate-bicarbonate 
solutions have been investigated.* The reaction is 


U;O; + 1/2 0, + 3. CO; + 6 HCO; 


The kinetics are given by 
rate = k [O.]"”. [29] 


The k is nearly independent of the concentrations of 
CO, and HCO,, providing these concentrations 
exceed certain critical values. The apparent activa- 
tion energy is about 12 kcal per mol. By application 
of the absolute reaction-rate theory, the kinetics 
were shown to be consistent with the following 
mechanism: 


U,O, + 1/20, > 3 UO, [30a] 


In this case, the initial oxidation reaction 30a ap- 
pears to be rate-determining; dissolution of the oxi- 
dized surface product follows rapidly. 

Leaching of Sulfides—The chemistry of the leach- 
ing of metal sulfides is usually more complicated 
than that of metals or oxides and a greater variety 
of products may be encountered. Hence progress 
toward the understanding of such systems has been 
more limited. 

One of the first reactions to be investigated kineti- 
cally was the leaching of galena by oxygen-contain- 
ing sodium hydroxide solutions.” 

PbS + 20, +3 OH > HPbO, + SO; + H.O. [31] 
This reaction proceeds with moderate rates at tem- 
peratures of 100° to 180°C, O, partial pressures of 
2 to 10 atm, and NaOH concentrations of 0.5 to 6 
mol per liter. Its study is simplified by the fact that 
all the products are solubie and hence the galena 
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surface does not change chemically during leaching. 
The rate appears to be chemically determined and 
has an apparent activation energy of 6.3 kcal per 
mol. The kinetics were analyzed in terms of the 
absolute-rate theory and the following mechanism 
was originally proposed:”* 


Pbs + 1/2 0, =PbsS...O (adsorbed) [32a ] 
PbS ..O(adsorbed) + H,O 
PbS: (OH).(adsorbed) [32b] 


PbS: (OH).(adsorbed) + 11/20, + 3OH > 
HPbO, + SO, + [32c] 


This mechanism was intended to account for the 
insensitiveness of the rate to the OH” concentration 
and its apparent 0.5 order dependence on the O, 
concentration. However, it has been pointed out® 
that the results are equally well fitted by a model 
involving adsorption of molecular O, (i.e., non-dis- 
sociative adsorption) if a greater degree of surface 
coverage is assumed. In view of the large valence 
change involved, the mechanism by which the sulfur 
is oxidized from the sulfide to sulfate form is prob- 
ably fairly complex. 

Under comparable conditions, lead can also be 
leached from galena by neutral ammonium acetate 
solutions” according to the reaction 


PbS + 1/20, + 2 NH,Ac> 
PhAc, + S° + 2NH,+ [33] 


The liberated sulfur appears in elemental form, as 
a film which covers the galena surface and isolates 
it from the solution. The parabolic kinetics” suggest 
that diffusion through this film is rate-limiting, al- 
though the nature of the diffusing species has not 
been established. 


A kinetic study of the leaching of molybdenite 
by alkaline solutions 


MoS, + 1/2 O, + 6 OH > MoO; + 2 SO, +3H.O [34] 


has recently been described.” This reaction is super- 
ficially similar to the leaching of galena, Eq. 31, and 
proceeds under comparable conditions, i.e., at tem- 
peratures of 100° to 175°C. However, the kinetics 
are appreciably different, particularly in respect to 
the dependence of the rate on the concentration of 
OH’. In this case a sulfur compound of intermediate 
valence, S.O;, could be identified in the solution. 
To explain the kinetic results, a mechanism was pro- 
posed” in which oxygen adsorption, followed by 
slow attack of OH, is rate-determining. 

A kinetic study has been made” of the leaching of 
pyrite by alkaline solutions under oxygen pressure. 


286—JOURNAL OF METALS, FEBRUARY 1957 


The chemistry of the system is very complex. The 
final products comprise a soluble sulfate salt and a 
mixture of iron oxides, notably Fe,O, and Fe.O;. The 
iron oxides form a stable layer around the sulfide 
particles. The results are qualitatively consistent 
with a model in which the diffusion of sulfur and 
oxygen in opposite directions through the oxide 
layer determines the rate. 

It is probable that similar considerations apply 
to the ammonia leaching of pentlandite under oxy- 
gen pressure, a process now being used commercial- 
ly to extract nickel, along with copper and cobalt, 
from sulfide concentrates.** It has been suggested’ 
that the principal reaction is 


NiS:FeS + 3 FeS + 70, + 10 NH; + 4H,O-> 

Ni(NH,).SO, + 2 Fe.O,-H.O + 2 (NH,).S.0O, [35] 
followed by oxidation of the (NH,).S.O, in solution. 
Diffusion of soluble reactants and products through 
the insoluble layers of iron oxide which coat the 
sulfide particles appears to be among the most im- 
portant rate-determining factors. Adsorption of 
Ni** and Co by the iron oxide may be important in 
limiting the ultimate recovery of these ions. The 
system is one of great complexity and many features 
of its chemistry remain to be elucidated. 

The oxidation of iron sulfides has also been 
studied in neutral and acid solutions.“ At tempera- 
tures of 100° to 125°C, and moderately high oxygen 
pressures, pyrrhotite reacts to form elemental sul- 
fur in good yield 


While the kinetics of the reaction have not been 
investigated in detail, the following mechanism has 
tentatively been proposed to explain the results 


FeS + 20,> FeSO, [37a] 
6 FeSO, + 11/2 0,5 2 Fe,(SO,), + Fe.0,  [37b] 
Fe,(SO,). + 3 H,O > Fe.O, + 3 H.SO, [37c] 
FeS + H.SO, > FeSO, + H.S [37d] 
HLS -++ Fe,(SO,),> 2 FeSO, +H,SO,+S°. [37£] 


This mechanism is intended to account for the fact 
that no elemental sulfur is observed to form unless 
a solution pH of below about 1.5 is established. At 
temperatures below 130°C only about 10 to 15 pct 
of the sulfur is oxidized to sulfate form. 

The oxidation of pyrite under the same conditions 
yields hardly any elemental sulfur, but results 
almost exclusively in the formation of sulfate. It 
has been suggested that the following are among the 
principal contributing reactions: 


2FeS, + 70, +2H,O> 2FeSO,+2H,SO, [38a] 
2 FeSO, + H.SO, + 1/2 O,> Fe.(SO,); + H.O [38b] 


Fe,(SO,)s + (3 + x)H,O = Fe.O;:x + 3 H.SO; 
[38c] 


2 Fe(OH)SO,-2 H,O + H.SO,. [38d] 


The kinetics and mechanisms of these reactions re- 
main to be elucidated. Also, it is not clear why ele- 
mental sulfur fails to form in this system. 

Of interest is a recent kinetic study of the oxida- 
tion of sulfide minerals by aqueous chlorine solu- 
tions.” The reactions are faster than the correspond- 
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ing reactions involving oxygen and may be studied 
at much lower temperatures and pressures. How- 
ever, the results parallel those obtained with oxygen 
in that pyrite, which is oxidized very rapidly by a 
diffusion-controlled reaction, yields only sulfate 
while pyrrhotite and galena generally react to yield 
elemental sulfur. An explanation for this has been 
suggested which attributes the formation of elemen- 
tal sulfur to the hydrolysis of a sulfur chloride in- 
termediate. 

Certain metal ions, notably Cu**, are known to 
exhibit catalytic activity in a variety of oxidation- 
reduction reactions, including the reactions of mol- 
ecular O, with compounds such as and 
There is good reason to believe that such ions, which 
are often present in leach solutions, may exert an 
important catalytic influence on the various homo- 
geneous and heterogeneous reactions which occur 
during leaching, particularly of sulfides, thus affect- 
ing not only the leaching rates but also the nature 
of the final products. The investigation of this phe- 
nomenon by kinetic methods would appear to offer 
promising possibilities, but so far little work has 
been done in this direction. 


Precipitation Reactions 


Chemical Precipitation—Chemical precipitation, 
involving the formation of insoluble hydroxides (by 
neutralization), sulfides, or other insoluble salts, is 
generally fast, since usually only simple ionic reac- 
tions are involved. The limitations in such processes 
are thus frequently of a thermodynamic nature. 
There are two important classes of exceptions. 

1) When the substance being precipitated is pres- 
ent in low concentration, even though its normal 
solubility is exceeded, precipitation may be slow 
because of the tendency for a supersaturated solu- 
tion to persist. In such cases, seeding the solution 
with precipitates is helpful. 

2) Substitution reactions involving complex ions 
(including hydrolytic complexes), particularly of 
metals of high valence such as V(V) or U(VI) are 
often slow. Important examples are the precipita- 
tion of vanadic acid by neutralization of a vanadate 
solution®* 


5 + 11 Ht > H,V.0, + 4 OH- [39] 


and the precipitation of sodium uranate from a 
carbonate solution by addition of caustic soda’ 


4-2 Na+ 4 OH > 
Na,UO, + 3CO,,+2H,O. [40] 


Reactions such as these may take many hours to go 
to completion. Similarly, while most ammine com- 
plexes are readily decomposed by addition of acid, 
some like Co(NH,).’** dissociate only very slowly. 
In many cases, the slow rates reflect the strong cova- 
lent bonds between the metal ion and the complex- 
ing ligand. For a comprehensive discussion of the 
rates and mechanisms of the substitution reactions 
of metal complex ions, the reader is referred to 
Taube’s excellent review.” 

Precipitation of Gold from Cyanide Solutions by 
Zinc—The physical-chemical factors influencing the 
precipitation of gold from cyanide solutions by zine 
have recently been investigated by Hancock and 
Thomas.” They showed that the overall reaction 


2 Au(CN); + Zn> 2 Au + Zn(CN). [41] 


may be considered as an electrochemical process 
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involving separate anodic and cathodic steps as 
follows 


Anodic process: Zn+4CN Zn(CN);+4+ 2e [42] 


Cathodic process: Au(CN)..+e> Au+2CN-. [43] 


The efficiency of gold precipitation is regulated by 
a competing cathodic reaction involving liberation 
of H, 

2H,O + 2e> H, + 2 OH. [44] 


The potential of this reaction is similar to that for 
the reduction of gold. Therefore, to minimize its 
effect, it is important that the hydrogen overpoten- 
tial be kept as high as possible. 

The presence of ions such as Ni* is often particu- 
larly detrimental to gold precipitation, since metallic 
nickel, which may be precipitated on the zinc sur- 
face, has a very low hydrogen overpotential. Con- 
versely, salts of metals with high hydrogen over- 
potentials, such as lead, increase the efficiency of 
gold precipitation, as do addition agents such as gel- 
atin. The detrimental effect of lime on gold precipi- 
tation also finds explanation in terms of this model. 

Reduction by Hydrogen—The ability of gaseous 
hydrogen to reduce many dissolved metal salts pro- 
vides a powerful method of recovering these metals 
from solution, either in metallic form or as insolu- 
ble compounds of lower valence. A number of proc- 
esses of commercial interest have been developed 
using this procedure. 

One of the applications first reported relates to 
the precipitation of metallic nickel from ammonia- 
cal nickel sulfate solutions.” The reaction proceeds 
most conveniently in a solution in which the ratio 
of concentrations of NH, to Ni*™ is close to two, most 
of the nickel being present as the diammine com- 
plex, Ni(NH;).**. Under these conditions the over- 
all reaction is 


Ni(NH,).** + H,> Ni° + 2 [45] 


If a higher starting ratio of NH; to Ni* is employed, 
higher nickel ammine complexes are formed (par- 
ticularly as the reaction proceeds and excess NH; is 
liberated) whose reduction by hydrogen is less fav- 
orable both from a thermodynamic and a kinetic 
standpoint than that of the diammine. A lower 
starting ratio results in free H* being generated by 
the reaction with adverse effects on the thermo- 
dynamics. 

The reaction does not appear to proceed homo- 
geneously in solution under the conditions usually 
employed (about 150° to 200°C and up to 400 psi 
H.), but only on the surface of the metallic nickel 
which is already present, usually in the form of a 
suspended powder. This reflects the well known 
ability of metallic nickel to activate molecular hy- 
drogen heterogeneously, a property responsible for 
its catalytic activity in many hydrogenation reac- 
tions. Nickel is thus an ideal metal to reduce with 
hydrogen, since the reaction is autocatalytic. To 
initiate the reaction, it is necessary either to add 
some metallic nickel powder, or to add a suitable 
catalyst such as a ferrous salt, which induces nuclea- 
tion, i.e., the formation of very finely divided nickel 
particles. Once such particles are present, they 
serve as the seed for the subsequent heterogeneous 
growth reaction. The growth pattern of these par- 
ticles has been investigated” and it has been estab- 
lished that beyond the first stages of growth the 
number of particles remains substantially constant 
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and that the rate of reaction at any subsequent time 
is directly proportional to the total surface area of 
the nickel particles present (as determined by an 
adsorption method). The effects of temperature and 
hydrogen pressure on the kinetics have been inves- 
tigated” but more work remains to be done on these 
and other chemical variables before the detailed 
mechanisms of either the nucleation or growth re- 
actions can be established. 

The properties of cobalt are very similar to those 
of nickel and it is probable that considerations sim- 
ilar to those discussed above govern the precipita- 
tion of metallic cobalt from ammoniacal cobalt sul- 
fate solutions in the absence of added catalysts. By 
suitable adjustment of conditions, to take advantage 
of a number of thermodynamic and kinetic factors, 
it is possible to achieve a high degree of separation 
of nickel and cobalt, starting with a solution con- 
taining both metals, by selectively precipitating 
them with hydrogen in separate stages.” 

While metallic copper can also be precipitated by 
reducing cupric salt solutions with hydrogen, it is 
distinguished from nickel and cobalt by two impor- 
tant considerations. 

1) Thermodynamically, cupric salts are much 
more readily reducible than either nickel or cobalt 
salts and hence metallic copper can be precipitated 
with hydrogen from either ammoniacal or acid solu- 
tion (see Figs. 1 and 2). 

2) Unlike nickel and cobalt salts, cupric salts can 
react homogeneously with hydrogen in aqueous so- 
lution under certain conditions and hence no catalyst 
is required to initiate the reaction. 

The kinetics of the initial homogeneous reaction 
between Cu* and H, have been investigated in some 
detail” ” and are represented at moderate acidities 
by 

where 

= 1.0 x 10” exp [—26,600/RT] liter mol“ sec™. [47] 
It is probable that the formation of metallic copper 
proceeds through the following sequence of steps: 


k 
4--H, + H* 


[48a] 
Cube Cue [48b | 


At high pH, such as in acetate buffered solutions, the 
disproportionation reaction 48c is replaced by an- 
other reaction”” which leads to the formation of 
cuprous oxide instead of metallic copper, especially 
at low temperatures 


2 Cu* + 20H Cu.O + H.O. [49 ] 


Complexes of Cu** with certain anions such as SO,, 
Cl, and Ac react more readily with H. than the 
uncomplexed Cu** ion, while ammine type com- 
plexes® probably react more slowly. Because of 
their ability to activate hydrogen, cupric salts can 
also function as homogeneous catalysts for the hy- 
drogenation of other compounds, such as Cr.O; in 
aqueous solution.””” 

Among the few other metal ions which share with 
Cu* the ability to react homogeneously with H. in 
aqueous solution under moderate conditions are 
Ag’ He? and MnoO,.* 

The use of nonmetallic catalysts in hydrogenation 
reactions involving the reduction of dissolved metal- 
lic salts offers a particularly interesting and promis- 
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ing approach. Thus Kaneko and Wadsworth” have 
shown that colloidally dispersed graphite, or certain 
dissolved organic compounds such as hydroquinone, 
catalyze the reduction of ammoniacal cobalt sulfate 
in aqueous solution to metallic cobalt. The kinetics 
suggest that the function of the catalyst is to acti- 
vate the hydrogen molecule and enable it to form an 
active hydrogen-carrying intermediate, Co(II) - 2H, 
which decomposes rapidly to form metallic cobalt. 
The analogy between this mechanism and that pro- 
posed earlier for the reaction between Cu™ and 
Eq. 48, is readily apparent. 

A number of systems are known in which hydro- 
genation of a dissolved metal salt results in the pre- 
cipitation of an insoluble oxide of lower valence. 

1) Precipitation of cuprous oxide from a solution 
of cupric acetate” 


2 CuAc, +H, + H,O > Cu,O + 4 HAc. [50] 


2) Precipitation of uranium oxide from a uranyl 
carbonate solution” 


UO; (CO). 4 CO; 2HCO 


3) Precipitation of vanadium oxide from a vana- 
date solution” 


2VO, + 2H.> V.O; + 2 OH + H,O. [52] 


All these reactions have been studied kinetically. 
The first occurs homogeneously and does not require 
a catalyst.” The last two reactions require the pres- 
ence of a catalyst such as finely divided metallic 
nickel. 


Conclusions 


In this paper an attempt has been made to discuss 
some of the thermodynamic and kinetic factors 
which infiuence hydrometallurgical processes and 
whose understanding is important in the long run to 
the efficient operation and control of such processes. 
A number of specific reactions have been discussed 
in some detail. The list of these was intended to be 
selective rather than comprehensive, and the task 
of selection was greatly facilitated by the fact that 
of the great number of known reactions of hydro- 
metallurgical interest only a few have been sub- 
jected to sufficiently systematic investigation to per- 
mit elucidation of their physical chemistry. Pref- 
erence was given to the review of recent work and 
to the consideration of subject matter and ideas 
which seem to the author to have an important 
place in the future development of the subject as 
a whole. 

In general, our knowledge about the thermody- 
namics of hydrometallurgical reactions is in a fairly 
advanced state. The principles involved are well 
understood and a sufficient body of thermodynamic 
data is readily available in tabulated form to per- 
mit thermodynamic calculations to be made for most 
systems to a satisfactory degree of approximation. 
Unfortunately, thermodynamic data for aqueous so- 
lutions are usually available only for room tempera- 
ture and there is a need for more reliable data at 
higher temperatures, particularly above 100°C. 
More data on the activities of salts in concentrated 
solutions and on the thermodynamic properties of 
complex ions would also be helpful. However, there 
is an encouraging amount of interest and activity in 
this field and it is reasonable to expect that such 
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gaps as now exist in our knowledge will continue to 
be filled at a satisfactory rate. 


Our understanding of the kinetics and mecha- 
nisms of most hydrometallurgical reactions is in a 
much less satisfactory state, an unfortunate situa- 
tion in view of the fact that the application and effi- 
ciency of many hydrometallurgical processes appear 
to be limited by kinetic considerations. There is a 
great need for more careful and systematic work on 
the kinetics of many reactions, and the importance 
of careful design of experiments and control of vari- 
ables if an investigation is to yield useful informa- 
tion can hardly be emphasized sufficiently. Often 
the conditions under which a reaction must be 
studied in order to derive the greatest amount of 
information (including practical information) are 
far removed from those under which it is conducted 
commercially, and failure to appreciate this has 
resulted in the expenditure of much wasted effort 
in the past. For example, in studying the leaching 
of a solid, it is usually preferable, where possible, to 
use large specimens whose surface area can be accu- 
rately determined and held constant during an ex- 
periment, rather than a pulp of finely divided mate- 
rial whose surface area and variation as leaching 
proceeds are usually very uncertain. It is also very 
important, in studying heterogeneous reactions, for 
the effect of agitation to be carefully examined in 
each case and, if possible, for the reaction to be 
studied under conditions where the rate is free from 
transport control. 


Where suitably designed kinetic experiments have 
been performed and the necessary kinetic data ob- 
tained, application of the absolute reaction rate 
theory” has permitted the elucidation of the reac- 
tion mechanism, sometimes even in fairly complex 
systems. Most of the work which has been done 
along these lines is reviewed in this paper. One of 
the striking impressions which emerges is that each 
of the reactions which has been studied is highly 
individual in character. Even in a group of super- 
ficially related reactions such as the oxidative leach- 
ing of metals or of metallic sulfides, the differences 
in kinetics and mechanism between individual re- 
actions are often more significant than the similari- 
ties. This suggests that many more processes will 
have to be studied in detail and their mechanisms 
elucidated before it is possible to advance any gen- 
eralizations or to make confident predictions about 


new systems. 
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Technical Note 


Information from Normal Grain Growth 


by C. G. Dunn and P. K. Koh 


N an investigation of the rolling and recrystalliz- 
ing textures obtained from single crystals of Si-Fe, 
Koh and Dunn included specimens in the (111) 


[110] orientation." * This note reports some addi- 
tional results obtained on samples of this orientation 
set aside for further study. After primary recrys- 
tallization longer annealing treatments at 980°C 
produced only normal grain growth; after 16 hr at 
980°C the largest grains were approximately 0.010 
to 0.020 in. in diam. 

The orientations of 13 of the larger grains were 
found by the transmission Laue method. The un- 
identified {110} poles of these grains have been 
added to the {110} pole figure obtained after pri- 
mary recrystallization® to give the plot shown in 
Fig. 1. When grain identifications are also included, 
such a plot reveals the following. Two orientations 
agree almost exactly with the peak pole density 
positions of component B of the primary recrystal- 
lization texture, one with component A, and one 
with component C. All the remaining orientations 
except one have {110} poles near weaker and un- 
identified pole density peaks. In fact, the correla- 
tion is good enough for an identification of eight 
components. Previously only components A, B, and 
C were certain. 

The results are perhaps even more informative 
when combined with the {110} pole figure of the 
cold-rolled crystal to give the plot shown in Fig. 2. 
Each of the 13 orientations is identified and uniquely 
determined by selecting two {110} poles per crystal, 
which are 90° apart. The plot shows that every 
grain of the 13, except grain 6, has a {110} pole in 
common with a {110} pole concentration of the 
cold-rolled crystal. The orientation relationship with 
the cold-rolled orientation may be expressed as 
approximately 25° rotations about <110> axes, 
which is in agreement with the results found for 
coarse-grained primary recrystallization.* If pri- 
mary recrystallization had occurred according to the 
<110> rule without preference, there would have 
been 12 components. Actually our limited data re- 
veals nine of the possible 12. The integrated pole 
figure also shows preferences among them, since 
three are considerably stronger than the rest. 

In addition to the above direct information, the 
following conclusions may be drawn. Primary re- 


crystallization of the (111) [110] cold-rolled crys- 
tal produces a limited number of weak and strong 
components with the larger than average primary 
grains from these components related to the cold- 
rolled crystal by 25° <110> relationships. In arriv- 
ing at this conclusion of limited orientations the 


(111) [110] orientation has to be ruled out as a 
source of large primaries for two reasons. First, 
growth in this orientation was not observed, despite 
an expected high grain boundary mobility (due to 
its 25° <110> relationship with every component of 
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Fig. 1—{110} poles (closed circles) of 13 grains superim- 
posed on the {110} pole figure obtained for primary recrys- 
tallization. 


Fig. 2—{110} pole stereogram limited to two {110} poles 
per grain (identified by number) superimposed on the {110} 
pole figure of the cold-rolled crystal. 


the texture). Secondly, primary recrystallization 
usually produces grains in new orientations, par- 
ticularly in a single orientation matrix; but (111) 


[110] is not new. Other orientations besides those 
of the <110> type may be considered unlikely, of 
course, because the <110> relationship holds quite 
well for primary recrystallization® and should pro- 
duce the large primaries. There ‘are exceptions to 
this rule, but probably not enough to provide large 


TRANSACTIONS AIME 


/ 


primary grains in all orientations. If large primary 
grains are not present in all orientations, oriented 


growth theory* cannot be applied t i 
present results. 
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Technical Note 


Preferred Orientation in Extruded Uranium Rod 


by L. K. Jetter and C. J. McHargue 


Dae of preferred orientation in 

7 uranium is of interest because of the strongly 
anisotropic properties of the orthorhombic crystal 
structure. Harris* reported inverse pole figures for 
rolled uranium rods which showed <010> and 
<410>* to be parallel to the rolling direction after 


ve Previous investigators have reported the fiber textures of ura- 
nium in terms of poles of planes parallel to the rod axis. In this 
paper these have been translated into indexes of direction. 


hot-rolling. The relative strengths of the two com- 
ponents varied with the amount of reduction—the 
<010> component was stronger for a rod given a 
light reduction and the <410> component was 
stronger for a rod given a heavier reduction. Cold- 
rolling with a light reduction produced a strong 
concentration of <010> parallel to the rolling axis 
and a weaker concentration of <320>. Foote,* in a 
review paper, stated that early investigators re- 
ported textures having <010> and <410> parallel 
to the axis in rods produced by rolling at 300° and 
600°C. The <010> component seemed to predomi- 
nate at the lower temperature and <410> at the 
higher temperature. Mueller, Knott, and Beck at 
Argonne National Laboratory determined inverse 
pole figures by a modified Harris method which 
showed the maximum axis density to be near 
<031> for a reduction of 70 pct by rolling at 300°C. 
Rods rolled at 600°C after having been f-treated 
developed a strong <410> component with consid- 
erable spread toward the <010> and some spread 
toward <100>.° 

Early investigators reported that the textures of 
swaged or rolled rods did not change after recrys- 
tallization;?> however, Chernock and Beck" found 
definite textural changes occurring upon recrystalli- 
zation. After an anneal at 575°C, the <410> com- 
ponent of a 300°C rolled rod was found to be re- 
placed by a near <110> or <321> component and 
the retained <010> component was much decreased 
in intensity. 

This note presents the results of a study on the 
textures of extruded rod which was carried out a 
few years ago. 

Billets, of uranium were extruded at 500°C to 
give rods of 1.5-in. and 0.9-in. diam (reductions in 
area of 77 pct and 91.7 pct, respectively). A portion 
of the 0.9-in. rod was annealed 1 hr at 550°C. 
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Fig. 1—Fiber axis distribution chart fcr uranium rod extruded 
at 500°C (reduction in area, 77 pct). 


On 0.19-in. spherical X-ray diffraction specimens 
taken from the center of the middle section of each 
rod, pole distribution data were obtained by the 
spectrometric method described previously.* The 
specimen was rotated rapidly about the axis coin- 
ciding with the rod axis in order that a large num- 
ber of grains could be scanned and was rotated 
slowly about an axis perpendicular to the rod axis. 
The variation in the diffracted X-ray intensity was 
recorded as a function of the latter motion (angle ¢). 

Fiber-axis distribution charts (inverse pole fig- 
ures) were prepared by the method described by 
Jetter, McHargue, and Williams.’ After having been 
corrected for background radiation, the pole distri- 
bution data (I vs ¢) were normalized. A normaliz- 
ing factor for each plane has been shown to be 


1/2 


Isinéd¢ and was obtained by graphi- 


cal integration from the data for that plane plotted 
as I sin ¢ vs $. The axis-distribution charts deduced 
from the normalized pole densities are shown in 
Figs. 1 to 3. On these charts, the contours indicate 
angular positions of equal normalized axis density, 
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Fig. 2—Fiber axis distribution chart for uranium rod extruded 
at 500°C (reduction in area, 91.7 pct). 


and a value of unity corresponds to a random dis- 
tribution. 

The axis distribution chart for the rod given a 
reduction in area of 77 pct by extruding at 500°C 
shows a duplex texture (Fig. 1). Forty-six pct of 
the material is within 20° of the maximum which 
lies between <031> and <010> and 52 pct of the 
material has orientations within 20° of a peak which 
is 10° from <410> and 27° from <100>. The posi- 
tions of peak intensity are approximately 10° from 
<010> and <410>. The microstructure of this spec- 
imen showed no evidence of recrystallization. 

The axis distribution chart for the rod given a 
reduction in area of 91.7 pct is shown in Fig. 2. The 
maximum density is still at a position between 
<031> and <010>, but is now shifted toward 
<010>. Approximately 30 pct of the volume is 
associated with this component. The second peak, 
which is shifted toward <100> and <410>, is 7° 
from <410> and 21° from <100>. Approximately 
70 pct of the volume is associated with this com- 
ponent. The microstructure of this specimen ex- 
hibited a number of small recrystallized grains. 

Fig. 3 shows the axis distribution chart for the rod 
reduced 91.7 pct at 500°C and annealed 1 hr at 
550°C. Quite obviously, recrystallization produced 
changes in the texture. The texture is duplex, hav- 
ing one component near <431> and a second com- 
ponent which is approximately 13° from <100> and 
17° from <410>. Approximately 65 pct of the vol- 
ume is associated with the former component and 
35 pct with the latter. 

None of the axis distribution charts was found to 
have the peak intensity at directions of low indexes. 
The previously reported components of <010> and 
<410> were found to lie 10° to 15° from those re- 
ported here. It is not unlikely that a quantitative 
treatment of the eariier data would show the com- 
ponents to be similar to those reported here. This 
is also indicated by the work of Mueller, Knott, and 
Beck reported by Foote,* who found the position of 
peak intensity in a rod rolled 70 pct at 300°C to be 
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Fig. 3—Fiber axis distribution chart for uranium rod extruded 
at 500°C (reduction in area, 91.7 pct), and annealed 1 hr 
at 550°C. 


very near that reported for the as-extruded rods in 
this paper. The <110> or <321> annealing com- 
ponent reported by Chernock and Beck* may actu- 
ally be similar to the recrystallized component which 
lies between these directions, namely <431>. 

The present study indicates that the component 
near <031> decreases with increasing reductions 
with a corresponding increase in the near <410> 
component. In this case, increasing the reduction in 
area from 77 to 91.7 pct resulted in a decrease in 
the volume of material associated with the <031> 
component from 46 to 30 pct. These results are in 
somewhat qualitative agreement with the predic- 
tions by Calnan and Clews’® that <010>—> <320> 
directions should align with the rod axis for low 
amounts of deformation, and <410> for high 
amounts of deformation above 300°C. 


Summary 

The deformation texture of uranium rod extruded 
at 500°C is duplex—the components being near 
<031> and 10° from <410>. Increasing amounts 
of deformation result in shifts from these positions 
toward <010> and <410>, respectively. The <031> 
component appears to be favored for low amounts of 
deformation and the near <410> component for 
high reduction. 

The texture for uranium rod extruded at 500°C 
and annealed at 550°C is also duplex—one com- 
ponent near <431> and the other component being 
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Powder Metallurgy Symposium —1956 


Pe a ee is presented of the various methods utilized to strengthen metals and alloys 
Ni g Reaciouite service by a suitable dispersion of finely divided hard particles. 

oys such as SAP, produced by powder metallurgy, and other sintered aluminum powders 
molybdenum containing small quantities of refractory oxides and magnesium containing 
q dispersed intermetallic, are considered. Internal oxidation and other methods of achiev- 
ing a hard particle dispersion are discussed. New data on the high temperature strength 
and stability of the alloy systems Cu-Al,O3, Ni-AloO; and Be-Be.C are shown. The theo- 
retical aspects of the hardening and strengthening mechanism are presented and consid- 


eration is given to the problems associated with the powder metallurgy of the various 
processes. 


by Nicholas J. Grant and Oliver Preston 


Dispersed Hard Particle Strengthening of Metals 


P UBLICATION of data by Irmann* indicating out- 
standing thermal stability and elevated-tempera- 
ture strength properties in a sintered aluminum 
powder product (SAP) stimulated interest in the 
strengthening of metals by means of a highly dis- 
persed oxide phase. 

This material was produced by compacting, sin- 
tering and extruding a fine flake aluminum powder, 
resulting in a dense product containing 10 to 16 
volume pct alumina, which arises from the thin 
oxide film on the starting powder, highly dispersed 
in a matrix of pure aluminum. The method of pro- 
ducing SAP, and the stable high-temperature prop- 
erties obtained from it, introduced the possibility 
of developing superior materials for high-tempera- 
ture service by powder metallurgy methods. 

The composition of the materials of this type 
which are presently under consideration is pre- 
dominantly metallic, containing from less than 1 pct 
up to about 20 volume pct of the oxide. As a result, 
other properties of these materials, such as elec- 
trical and thermal conductivity, thermal shock re- 
sistance, and to a certain extent ductility, notch 
sensitivity, machinability and hot working prop- 
erties, are also predominantly metallic. 

These alloys do not constitute, therefore, a com- 
pletely new class of materials as do the cermets, but 
rather present a new means of modifying the prop- 
erties of a metallic matrix. In this sense, SAP type 
alloys are more closely analogous to the alloy aging 
systems. While the strength properties realized in 
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Fig. 1—Tensile strength at room temperature after exposure 
of 100 hr at temperature for SAP and 1 hr for 18S-T61. 


the oxide-pure metal systems at the lower tempera- 
tures are substantially less than the best attainable 
in the aging systems, the thermal instabilities in the 
latter make them of less value for use at tempera- 
ture much above their optimum aging temperatures, 
as indicated in Fig. 1. While the means of obtaining 
an oxide dispersion are more difficult and costly 
than conventional aging processes, in the light of the 
as yet limited understanding of such systems there 
is considerable promise of improved high tempera- 
ture properties arising from the thermal stability of 
these structures. 

Since the development of SAP in 1946, its prop- 
erties and the properties of a series of similarAl.O,- 
Al products containing from about 1 to 20 pct alumi- 
num oxide have been fairly extensively studied and 
reported.’* Particular attention has been given to 
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Fig. 2—Log stress vs log rupture life for various Al-Al.O; 
alloys at 900°F. Alloy XF 18S-T61 at 600°F is shown for 
comparison with the wrought powder products.° 


creep-rupture*”’ and fatigue properties’” at tempera- 
tures up to 900°F. Fig. 2 summarizes the results of 
creep-rupture tests made at 900°F on four alloys 
containing from 2 to 20 pct Al,O, and compares the 
results with those of one of the best known high 
temperature age-hardenable wrought aluminum al- 
loys, XF18S-T61, tested at only 600°F. Not only has 
there been a gain of 300°F by several of the oxide- 
metal alloys at useful engineering stresses but there 
is also a large improvement in rupture life (and 
creep resistance) even at the 300°F higher temper- 
ature. Of particular importance to the high temper- 
ature metallurgist are the unusually flat slopes of 
the curves of Fig. 2 for the higher oxide materials, 
showing a temperature-time stability of unusual 
proportions. 

While these stress-rupture properties are quite 
outstanding for an aluminum-base material, parti- 
cularly at the longer rupture lives, the temperature 
of application is still nevertheless limited for many 
applications by the intrinsic properties of the matrix 
metal, notably its melting point. Since the most ur- 
gent need at present is for materials to operate at 
temperatures above 1000°F, and especially above 
1600°F, for gas turbine blade materials for example, 
and in view of the success with the aluminum- 
aluminum oxide alloys, a considerable amount of 
attention has been directed toward the problem of 
producing a highly dispersed hard particle phase in 
a matrix of a more refractory metal or alloy. The 
hard particle in known instances has been oxide, 
carbide, silicide or boride. Of considerable impor- 
tance at this early stage of development is that some 
effort has been directed toward a study of the fun- 
damental mechanisms of strengthening through the 
presence of a dispersed phase, introduced by powder 


metallurgical means; although at best the effort is 
much too small. 


Results of Some Preliminary Studies 


With respect to the problem of obtaining the oxide 
phase in highly dispersed form, most of the methods 
being considered depend primarily on the techniques 
of powder metallurgy. The most direct method em- 
ploys simple mechanical mixing of the desired 
quantities of the oxide and metal powders, by either 
dry or wet ball-milling, followed by compacting, 
sintering and extruding as in the case of the Al- 
Al,O; alloys. 

The applicability of mechanical mixing methods 
to produce oxide-metal alloys is illustrated in Fig. 3 
for a copper-10 volume pct alumina alloy. Fig. 3, a 
log stress-log rupture life plot, shows the 350° and 
450° curves for the copper-alumina product in com- 
parison to the 350°C curve for wrought pure copper. 
Not only is the copper-alumina product stronger at 
450°C than pure copper at 350°C, but the slopes of 
the curves for the powder product are extremely and 
characteristically (for this type of alloy) flat. The flat 
slope, as in the case for the Al-Al.O, alloys in Fig. 
2, is a meaure of the thermal stability of the struc- 
ture at 450°C. 

If a comparison is made of the stress for a 1000 
hr rupture life, the copper-alumina alloy is four 
times as strong as pure copper at 350°C and is still 
three times as strong 100°C higher (at 450°C). 
Based on a rupture time comparison at 350°C and 
16,500 psi, the admixture of 10 pct (volume) of 
Al,O, to pure copper increased the rupture time 
from about 0.05 hr to about 1000 hr, approximately 
a 20,000 times increase in life. 

Thus, in spite of an as yet incompletely under- 
stood process, large gains in strength at elevated 
temperatures have been achieved. 

Significant gains were also achieved in the room 
temperature yield strength with this same product. 
Table I shows the results of tests performed on 
wrought pure copper and on the Cu-10 pct ALO, 
alloy. 

Heating of the Cu-10 pct Al.O; alloy to 800°C re- 
sulted in only a small loss of hardness over the as- 
extruded condition, again in agreement with the 
results attained with the Al-Al.O,; products. 

These results are somewhat surprising, for several 
reasons. Relatively coarse copper (—200 mesh) was 
used, and virtually no comminution was obtained in 
the mixing operation. Mixing was far from optimum 
in view of the many unknown aspects of the art, and 
some significant segregation of alumina was noted 
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in the microstructure, see Fig. 4. (The above results 
have been taken from the more extensive work of 
Klaus Zwilsky of this laboratory.") 

Supporting these encouraging results on alloys 
made from mechanically mixed powders are the 
data recently obtained with much finer nickel pow- 
der (—10 #) mixed with fine alumina. In tests at 
815°C (1500°F), a Ni-10 pct (volume) A1,O, alloy 
showed similar improvements over wrought pure 
nickel as that noted for the copper-alumina system 
namely, an increase of four to five times the stress 
for rupture in 200 hr, and a 10,000 times increase in 
rupture life at 815°C and 5,000 psi (0.2 hr for pure 
nickel vs 2000 hr for the Ni-Al.O, alloy). Once more 
limitations of mixing efficiency pose the important 
problem of achieving even better alloys. These re- 
sults are from the work of Walter Cremens of this 
laboratory.” 

Bruckart, Craighead and Jaffee® have recently re- 
ported on the effects of dispersions of various oxides 
in molybdenum, obtained by powder metallurgy 
techniques. These involved both mechanical mix- 
tures of the oxides with fine molybdenum powders, 
and deposition of the oxides by decomposition of 
certain nitrates and acetates. Significant improve- 
ments in creep and stress-rupture properties were 
noted in some cases with only very slight oxide addi- 
tions, as seen in Fig. 5. The small amounts of oxide, 
while only slightly increasing the room temperature 
tensile strength, were found to have a marked effect 
in restricting grain growth at the higher tempera- 
tures. It was noted during vacuum annealing of 
molybdenum that the presence of small quantities of 


Table |. Yield Strength and Ductility of Copper and Cu-Al.0; 
Product 


Yield Strength 
(0.2 Pet Offset), 


Psi after 400°C Elongation, Reduction 
Product Anneal, 1 Hr Pet in Area, Pct 
Pure copper 7,900 52 94 
Cu-10 pet 30,200 15 


oxide at the grain boundaries continued to inhibit 
grain growth; growth occurred only after the oxide 
content was diminished to extremely low level.’ 
Such cases are to be compared with thoriated tung- 
sten light filaments, in which both grain growth 
and creep are restricted by the presence of small 
amounts of the oxide phase. 

Internal oxidation of powders offers an especially 
important means of obtaining a highly dispersed 
oxide phase in a metal matrix. If an alloy consist- 
ing of a dilute solution of a base metal in a more 
noble solvent metal is oxidized under suitable con- 
ditions of temperature and oxygen pressure, oxygen 
diffuses into the alloy to precipitate small dispersed 
particles of the oxide of the solute metal without 
the formation of a surface oxide of the more noble 
solvent metal. The basic mechanism of internal 
oxidation or subscale formation was proposed by 
Smith” in“1930. Meijering and Druyvesteyn” showed 
that appreciable hardening could be achieved 
through internal oxidation in alloys of copper and of 
silver. De Jong” has reported high creep resistance 
in Be-Cu alloys after internal oxidation. 

More recent work by Martin and Smith™ covering 
both single crystals and polycrystalline solid speci- 
mens of dilute copper alloys showed a marked im- 
provement in creep resistance at 200°C for poly~ 
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Fig. 4—Longitudinal section of extruded Cu-10 volume pct 
Al:O; alloy. Note Al,O; segregation and regions of coarse 


copper powders. Etched with potassium dichromate etch. 
X500. Reduced approximately 20 pct for reproduction. 


crystalline samples of a Cu-0.05 pet Al alloy in- 
ternally oxidized at 850° and 900°C. Much of this 
improvement was retained after an annealing treat- 
ment at 1000°C, as shown in Fig. 6. It was further 
noted, Fig. 7, that the creep resistance increased 
with decreasing temperature of the internal oxida- 
tion treatment. The mean size of alumina particles 
produced by internal oxidation at both 850° and 
900°C was estimated to be 500A. Smith and Gregory™ 
have recently studied the tensile properties of inter- 
nally oxidized silver alloys both at room tempera- 
ture and at elevated temperatures. 

Dispersions of hard and stable phases other than 
oxides should, of course, also receive similar ex- 
tensive consideration. An interesting case involv- 
ing a dispersion of an insoluble intermetallic com- 
pound by powder metallurgy means was reported 
by Busk and Leontis.” Powders of Mg-0.6 pct Zr 
and of the Mg-Al eutectic were mixed, followed by 
compacting, sintering and hot-working. Subsequent 
thermal treatment caused diffusion of the zirconium 
and aluminum, bringing about precipitation of a 
fine dispersion of the Al-Zr compound, which is 
insoluble in the magnesium matrix even above its 
melting point. Yield strengths of 45,000 psi and 
tensile strengths of 50,000 psi at room temperature 
were reported for magnesium alloys produced in 
this manner. While the high-temperature properties 
were not studied, the materials showed marked re- 
sistance to grain growth and retention of mechanical 
properties even after prolonged annealing treat- 
ments. Similar properties were reported by these 
authors on Mg-MgO materials analogous to the Al- 
Al.O, alloys, in spite of the use of a rather coarse 
flake magnesium powder. 

Interesting results are reported by Greenspan 
wherein pure beryllium powder was mixed with fine 
carbon, pressed, sintered and hot extruded.” The 
results of creep rupture tests at 1200° and 1350°F 
are shown in Table II. 

Be.C, which is essentially insoluble in solid beryl- 
lium, is much more finely and uniformly dispersed 
than if the alloy were made by melting. The results 
in Table II show the large benefits derived from 
making the alloy by powder methods. In fact, the 
creep rupture strength of the powder product at 
1350° is considerably greater than that of the pure 
berryllium at 1200°F, and once more shows the 
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Fig. 5—Effects of dispersions 
of small quantities of various 
oxides on the creep of molyb- 


denum at 1800°F.* 
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characteristic flat slope in a log stress-log rupture 
time plot. 

It is clear that the possibility exists of producing 
dispersions of insoluble intermetallic compounds in 
other metallic systems by similar means to those 
described above or by mechanical mixing of the 
metal and the intermetallic. 

Working with platinum wires produced by pow- 
der metallurgy, Middleton, Pfeil and Rhodes” noted 
a marked increase in recrystallization temperature 
over that of the conventional cast and wrought 
metal, which they attributed to the presence of a 
small amount of suitably dispersed porosity. Im- 
proved creep resistance and stress-rupture prop- 
erties were also reported for the powder product. 
While the validity of the explanation of increased 
resistance to recrystallization imparted by the pres- 
ence of slight porosity has been questioned, sintering 
studies on copper by Alexander and Balluffi® clearly 
showed that the location of grain boundaries after 
prolonged heating at temperatures near the melting 
point is to a certain extent controlled by the voids 
present. The effect of voids in this respect is similar 
to the blocking effect of boundary movements due 
to the deoxidation products in killed steels. It would 
appear that the stabilizing effects which the voids 
or dispersed phase exert on the grain boundaries 
make an important contribution to the strength of 
these materials at the higher temperatures. 

In fact, studies of grain boundary migration in 
creep clearly support the importance of -holes or 
voids as well as of extra phases on the restriction 
of the movement of the grain boundary. Fig. 8 
shows the restraining effect of a small pin indentation 
and an etch pit on the migration of a boundary. Once 
the surface energy is overcome, however, the boun- 
dary quickly straightens out to assume a lower en- 
ergy position.* 


Theoretical Considerations 


Any system of two or more phases, whether origi- 
nating by a precipitation reaction, phase decomposi- 
tion, internal oxidation, or produced by means of 
mechanical mixing, must be considered as under- 
going strengthening through dispersion hardening to 
some extent. The extent of strengthening is in gen- 
eral dependent upon the nature and degree of dis- 
persion. 
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A great deal of work has been done on precipita- 
tion hardening systems, which constitute a very im- 
portant field of alloys. An extensive review of pre- 
cipitation hardening data was made by Geisler,” 
who attributed the strengthening for the most part 
to the effects of coherency strains set up in the 
matrix by the precipitated particles with only a very 
minor contribution from dispersion hardening. While 
there is no evidence available at present to indicate 
that such coherency strains exist in the oxide-metal 
systems, it is conceivable that strains of a similar 
type might arise through interfacial free energy 
relationships even in the case of mechanical mix- 
tures. 

Theories of dispersion hardening have been pro- 
posed by Mott,” by Orowan,” and more recently by 


Table II. BesC Extruded Powder Product 


Rupture 


Material Stress, Psi Life, Hr 


1200°F 
Pure beryllium 


Be + C powder product* 


Pure beryllium 


Be + C powder product* 


* Contains 0.8 pet C, equivalent to about 2.5 pct BesC. 


Fisher, Hart and Pry,” expressing strength as a 
function of particle spacing, derived from the inter- 
action of dislocations with the dispersed phase. 

An earlier work by Gensamer and co-workers” on 
a number of irons and carbon steels in various con- 
ditions of heat treatment showed a linear relation- 
ship between yield strength and the logarithm of the 
mean free ferrite path between carbide particles, as 
shown in Fig. 9, taken from a later work by Roberts, 
Carruthers and Averbach.” 

An investigation has been made’ relating mechan- 
ical properties to microstructure in Al-Al,O, alloys. 


TRANSACTIONS AIME 


02 

5,000 1.6 

2,500 35.0 

1,500 455.0 

10,000 4.0 

7,500 22.0 

5,000 181.0 

3,000 2800.0 

1350°F 

2,000 0.95 

1,000 8.0 

700 22.0 

600 164.0 

5,000 2.55 

4,000 29.3 

3,000 860.0 


A typical microstructure of SAP containing 13 pct 
seas is shown in the electron micrograph of Fig. 

at X20,000. The spacing between oxide particles 
was measured for a series of such materials cover- 
ing oxide contents from 1 pct to 17 pet. These values 
(surface to surface) ranged from 0.35 to 2.2 » with 
decreasing oxide content. The strength at various 
temperatures from room temperature up to 900°F 
1S plotted In Fig. 11 against the reciprocal of the 
average interparticle spacing. The straight line re- 
lationship indicates agreement with Orowan’s theory 
of dispersion hardening in this range of interparticle 
spacings. The plot of strength vs logarithm of spac- 
ing in Fig. 12 does not show the straight line neces- 
sary to satisfy Gensamer’s relationship. Using in- 
ternally oxidized Ag-0.05 pct Al specimens, in which 
the size and spacing of the alumina particles were 
varied by varying the temperature of the internal 
oxidation treatment, Gregory” found agreement 
with Orowan’s prediction and disagreement with 
Gensamer’s. 

On the other hand, data presented by Lenel, Back- 
ensto and Rose,” on Al-Al.O, alloys prepared under 
somewhat different conditions, such that a more dis- 
tinct flake Al,O, particle results than shown in Fig. 
10, appear to favor the Gensamer relationship. 

The theoretical considerations discussed thus far 
were originally based on strength evaluations at the 
lower temperatures, where plastic deformation is 
predominantly through the mechanism of slip. At 
the higher temperatures, where the usual form of 
slip is often not apparent, or is absent, and the role 
of the grain boundaries becomes increasingly impor- 
tant in the deformation process, the emphasis in 
the study of dispersion hardening must not be di- 
rected solely at the effect on strength within the 
grains, but on the effect of the dispersed phase in 
strengthening and immobilizing the grain boundary. 
No data have been published relating specifically to 
this area of research, although the effectiveness of 
the small oxide content in the molybdenum work 
previously discussed tends to suggest that the 
amounts and locations of the dispersed phase in this 
case give rise to increased creep resistance, pri- 
marily through interaction with the grain boun- 
daries. 

It has been observed in many cases that the re- 
sistance to recrystallization and the creep strength 
at elevated temperatures are not directly related to 
the amount of the oxide present. Fig. 13 shows the 
strength of SAP type materials as a function of oxide 
content at various temperatures. This cannot be 
interpreted as indicating directly the increase in 
strength with increasing oxide content, since the 
higher oxide contents are obtained through the use 
of finer aluminum powders. Thus, a large part of the 
strength increase must be attributed to the decreased 
oxide spacing as previously discussed. The curves 
for the higher temperatures must also be interpreted 
with caution, since it is not possible to show in Fig. 
13 or in Fig. 11 the effect of the higher oxide con- 
tent or smaller oxide spacing in reducing the slope 
of the stress-rupture curves. Fig. 14 shows the actual 
benefits achievable at longer times, 1000 hr, as a re- 
sult of increased oxide content or, more accurately, 
as a result of the decreased average interparticle 
spacing. In this plot it is also obvious that the 
benefits of the fine alumina dispersion are equally 
great at 900°F as at the lower temperatures when 
the long time stability is take into consideration. 

Further observations concerning the strength of 


TRANSACTIONS AIME 


oxide-metal systems and of dispersion-hardened 
systems in general may be made from studies of cer- 
mets and sintered carbides. In an investigation of 
tungsten carbide bonded with cobalt, Gurland and 
Norton™ showed that the high strength of these 
materiais did not arise from a rigid carbide skeleton 
as had been previously believed. It was determined 
that the cobalt bonding metal showed a strength 
many times greater than that of the same material in 
bulk form. They pointed out that restraint of plastic 
yielding of a metal increases its flow stress to values 
approaching the fracture stress, in the same manner 
that the strength of a soldered or brazed joint may 
show values five or more times that of the bonding 
metal.“ They also considered the effects of stresses 
set up in the cobalt bonding phase through the dif- 
ferential contraction between the carbide and the 
bond during cooling from the sintering temperature. 
It is possible that similar stresses may arise in the 
matrix adjacent to the oxide particles in the oxide- 
metal systems, analogous to the coherency strains in 
precipitation hardening. 

In studies of crystal breakdown, Wood” had pro- 
posed that the minimum crystallite size which is 
achieved after severe deformation is of the order of 
10“ em. Further fragmentation will not take place 
readily and fracture will occur. It has been sug- 
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Fig. 8—Restraining effect of a small indentation on the 
movement of a grain boundary during creep in pure aluminum 
at 700°F.* X50. Reduced approximately 15 pct for reproduc- 
tion. 


gested that the resistance of SAP to deformation at 
elevated temperatures is due to a powder size which 
is already at approximately 10% cm. The ultra-fine 
flake aluminum powder therefore represents an al- 
loy at the minimum particle or crystallite size in 
which recrystallization and grain growth are pre- 
vented by the fine Al.O, barriers. 

In fact, studies of SAP show that cold work (up 
to a maximum of about 29 pct) increases the hard- 
ness and tensile strength very little.’ Efforts to re- 
crystallize either the as-extruded or the 29 pct cold 
worked SAP have been unsuccessful, although the 
hardness increase through cold work is recoverable 
on high temperature annealing, see Table III. 

This suggests that energy equivalent to a large 
amount of cold work already exists in the Al-Al,O, 
structure, as indicated schematically in Fig. 15. 

A further measure of the stored energy in the Al- 
Al,O,; alloy is evidenced in Figs. 11 and 13. If the 
room temperature curves are extrapolated to 0 pct 
Al.O;, a value of tensile strength of 19,000 psi is in- 
dicated for pure aluminum, which is considerably 
higher than that expected for annealed pure alum- 
inum. 

On the other hand, if annealed powders are used, 
as in the case of copper’ with a powder size consider- 
ably larger than 10 cm (—200 mesh, for example), 
mixed with 10 pct alumina, and followed by extru- 
sion as a final step, a very strong alloy is obtained as 
described above, which shows high temperature 
strength and stability. It must follow that at the 
high extrusion rates used, sufficient strain harden- 
ing of the matrix must occur, including fragmenta- 
tion to a small crystallite size approaching 10“ cm, 
to give the necessary strength plus the stability of 
the structure as insured by the recovery and recrys- 
tallization blocking effects of the finely dispersed 
hard phase. 

Accordingly, severely cold worked powders are 
not a necessity to produce a strong product. Thus, 
the factors of powder size or crystallite size, and 
the importance of deformation (strain hardening) 
on the properties of the system, must be considered 
in any theoretical approach to the strengthening 
mechanism. 
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At present, no final decision can be made concern- 
ing the important mechanism or mechanisms of 
strengthening in the oxide-metal systems, either at 
room temperature or at elevated temperatures, until 
data become available from the fundamental studies 
now in progress or yet to be undertaken. 

Of considerable practical and theoretical interest 
is the reason for the marked decrease in ductility 
with increasing temperature and time at tempera- 
ture exhibited by the Al-Al,O, products as well as 
by the Cu-Al,O, and Ni-Al.O, products. 

Orowan™ has stated that, at maximum deforma- 
tion, the slip band spacing is inversely proportional 
to the stress and is independent of temperature. 

Experimental studies by Yamaguchi” and Servi 
and Grant™ have confirmed this hypothesis. Accord- 
ingly, if for pure aluminum the minimum slip band 
spacing should be about 1 to 10 » for stresses of 
20,000 to 5,000 psi, respectively,” it is obvious that 
the size of the starting aluminum powder (50 pct 
with one dimension less than % » for SAP) as well 
as the interparticle spacing of 0.35 to 2.2 w for the 
alloy are equal to or less than the slip band spacing 
for normally observable slip. With increasing tem- 
perature and the use of lower stresses, difficulty 
would therefore be expected in realizing the opera- 
tion of normal slip because of the blocking effects 
of the Al.O, particles, with a resultant drop in duc- 
tility with increasing temperature. 

Efforts to utilize alloys instead of pure metal have 
been made by Irmann,* who substituted an age 
hardenable powder matrix for the usual pure alum- 
inum to produce a 10 pet Al.O; SAP product. De- 
finite aging response was found using aging treat- 
ments common for the wrought aging alloy of the 
same composition... However, as soon as overaging 
temperatures were reached in testing, the higher 
strength and hardness of the alloyed SAP decreased 
to the same or lower values than those of the un- 
alloyed SAP product, in this case above 200°C. 


Principles of Alloy Development 
Specification of the details of alloy systems of this 
type must await the outcome of these same funda- 
mental studies. Some of the general principles gov- 
erning the production of these materials may, how- 
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Fig. 9—Stress vs log mean free ferrite path between carbide 
particles in iron and yarious carbon steels.* Circle refers to 
spheroidite (1070 and 10100); square, ferrite-pearlite (1045 
and 1020); cross, Puron; and triangle, high purity iron 
(National Research). 
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Fig. 10—Electron micrograph of SAP containing 13 pct 
Al2Os.° X20,000. Reduced approximately 15 pct for reproduc- 
tion. 


ever, be outlined at the present stage of develop- 
ment. 

Mott™ has suggested that the ideal material for re- 
sistance to creep is one of very fine grain size, with 
the grain boundaries filled with a phase which ad- 
heres sufficiently strongly to the grain to inhibit the 
grain-boundary diffusion of dislocations. He pro- 
poses that this is the mechanism responsible for the 
excellent high-temperature properties in SAP. Data 
presented above, however, do not yet indicate that 
adherence between the matrix and hard phase are 
necessary. 

The most important consideration in developing 
a system of this type is the means of obtaining the 
necessary degree of dispersion of the minor phase. 
The change in solid solubility with temperature, 
characteristic of the precipitation hardening alloys, 
would appear to offer the most convenient and effec- 
tive means of accomplishing this to yield superior 
properties for room temperature and relatively low 
temperature applications. The precipitation systems, 
however, suffer overaging, agglomeration, and 
finally resolution, as the temperature or time is pro- 
gressively increased. The more stable phases such 
as the oxides, on the other hand, are correspond- 
ingly more difficult to form in the necessary state of 
dispersion. The techniques of powder metallurgy 
offer the most suitable means for obtaining a dis- 
persion of a stable phase. 

In the problem of the production of oxide-metal 
aggregates through the use of powder metallurgy, 
either by surface oxidation of the original metal 
powder, by mechanical or chemical methods of de- 
position of oxide on the metal powder particles, or 
by subsequent diffusion treatment of mixed alloy 
powders, as discussed briefly above, the following 
considerations become important: 1) the intrinsic 
properties of the metal which constitutes the matrix; 
2) the shape and size of the metal powder particles 
and of the hard particle, and their relationships to 
each other; 3) the type and amount of the dispersed 
phase and its properties in relation to the matrix 
metal; and 4) the steps in the production of the final 
aggregate body from the constituent powders. 

The properties of the matrix metal are deter- 
mined to a certain extent by the temperature and 
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Fig. 12—Stress vs logarithm of average spacing between ox- 
ide particles in Al-Al,O; alloys for room temperature tensile 
strength and 0.01 hr rupture life at 400°, 600°, and 900°F,° 
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Fig. 13—-Stress vs weight percent of oxide for room tempera- 
ture tensile strength and 0.01 hr rupture life at 400°, 600°, 
and 900°F for various AI-Al,O; alloys.” 


environment of the anticipated service. Consider- 
ation must be given to the melting point and re- 
crystallization range of the metal, its’ crystallo- 
graphic form, its oxidation and corrosion resistance, 
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its availability in suitable powder form, and suit- 
ability for handling by powder metallurgy methods. 

The shape and size of the metal powder particles 
in most instances directly determine the degree of 
dispersion obtainable in the final product. Since a 
very fine dispersion is indicated for the attainment 
of significant increases in strength, the metal powder 
must usually be very fine. This introduces the prob- 
lem of high cost of powder, and rather expensive 
and difficult handling problems, which make the 
overall cost an important consideration for these 
materials. 

The type of dispersed phase must be considered 
in relation to the matrix metal. For elevated-tem- 
perature service the minor phase should show either 
no or extremely limited solubility or other thermal 
instability in contact with the matrix. In this respect 
the oxides with high heat of formation have been 
found suitable in many systems. The deformation 
and fracture characteristics and mechanical strength 
of the dispersed phase influence the properties of 
the aggregate in a manner that is not yet completely 
understood. There are indications that quantity and 
size of the dispersed particles necessary for attain- 
ment of optimum properties in the aggregate vary 
with testing temperature. The possibility of wetting 
or bonding of the minor phase with the matrix 
metal must also be considered. This brings into con- 
sideration the possibility of treatment of the dis- 
persed phase prior to mixing to enhance wetting on 
bonding properties. 

The various processing steps employed to pro- 
duce the final aggregate have a marked effect on the 
properties of the material obtained. After incorpora- 
tion of the oxide phase, the materials are com- 
pacted, sintered, then hot worked (preferably by 
extrusion). Care is necessary in deposition or mix- 
ing of the minor phase since the uniformity of the 
final dispersion and with it the properties of the 
aggregate are strongly influenced by the effective- 
ness of the blending operation. More extensive 
knowledge is urgently needed on mixing of the hard 
phase with the metal powders when important dif- 
ferences in size, shape and density exist. Avoidance 
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of segregation during mixing is especially important. 
Recent efforts to produce metallic deposited layers 
on the hard phase offer great hope for uniform, non- 
segregable composite powders.” The compacting 
and sintering steps appear to be of relatively minor 
importance, being for the most part only necessary 
for convenience in handling of the material for the 
subsequent hot working. Very little overall densi- 
fication of the compacted material has been observed 
during the solid state sintering operation. The very 
low porosities typical of these materials are devel- 
oped as a consequence of the hot extrusion, which 
is considered to be the most important operation in 
its effects on the final properties attained in the 
oxide-metal systems. Along with the densification of 
the material, the extremely high degree of plastic 
flow of the aggregate during the extrusion operation 
produces considerable rearrangement and improve- 
ment or worsening in the dispersion of the minor 
phase. 

Additional work must also be done to study the 
extrusion characteristics of sintered and unsintered 
powder compacts composed of a mixture of a soft, 
relatively coarse metallic powder containing a much 


Table Ill. Hardness Changes in SAP After Cold Work and 


Annealing 
Condition Hardness, RF 

As extruded 84 

20 pet cold reduction in area 86 } 

29 pct cold reduction in area 87 (maximum cold 

work possible) 

29 pet cold work, 20 hr at 1140°F 86 

29 pct cold work, 124 hr at 1140°F 84 


finer hard particle distributed in the soft matrix. 

Work is in progress in a number of the oxide- 
metal systems, including some of the more refrac- 
tory metals and alloys such as nickel and Ni-20 pct 
Cr, and more fundamental studies are being made 
in some systems, including the Al-Al.O, alloys. 
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Discussion of the Powder Metallurgy Symposium 


Chairman: F. V. Lenel, Professor of Metallurgical 


Engineering at Rensselaer Polytechnic Institute, Troy, N. Y. 


Atkinson (Westinghouse Electric Corp., Pittsburgh) 
—May we hear your comments on the possible simi- 
larity between SAP and thoriated tungsten? 


Grant—They are similar types of products. There is 
very definite evidence of restriction of grain growth— 
evidence of strengthening similar to that for molybde- 
num alloys where the oxide phase gets to rest at grain 
boundaries. 


Atkinson—Is there a difference between what you 
have observed on high creep rate of thoriated tungsten 
as opposed to SAP. 


Grant—Yes, but the amount of thorium added is 
small in relation to SAP, which has a far greater 
amount of oxide. 


Bruckart (Universal Cyclops Steel Corp., Bridge- 
ville, Pa.)—Why do you think that dispersions, par- 
ticularly in molybdenum, are necessarily located at the 
grain boundaries. Our own work showed that this is 
not the case. 


Grant—The only thing we have noted is that there 
is a marked restriction on grain growth. You would 
not expect the effect to occur if oxides are in the grain 
—they must be in the grain boundary rather than in 
the grain. So the conclusion must be that it is not in 
the grain itself. 


Bruckart—I think you are right on this, but the point 
I wanted to make is that even in melting, the disper- 
sions have not agglomerated and are still random. One 
other point: Did you note that dispersions do effect 
the grain growth of molybdenum? 


Grant—One would have to go to exceedingly high 
temperatures to obtain a proper measure; but in the 
case of copper, where we could go to the melting point, 
the restriction on grain growth was clearly evident 
to be a large effect. 


Bruckart—Do you have any information to show the 
effects of the combination of dispersiveness in an 
alloy whose strength would ordinarily be derived from 
the strength of the alloy? 


Grant—Not enough to be sure of it. To the best of 
my knowledge, such studies have not yet been made. 
Thus far, aside from the addition of oxides to pure 
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metals, we have studied only the added benefits, if 
any, of cold work after extrusion. 


Bruckart—Normally when one makes an alloy there 
is an optimum combination of solution and cold work. 
This can be removed by annealing. When you make 
dispersion strengthened alloys, could combined benefit 
be obtained? Does the dispersion act equally effective- 
ly in an alloy? 


Grant—-We do not have an answer now, but we are 
studying the 80 Ni-20 Cr system to determine if fur- 
ther benefits can be achieved. We believe that they 
will be. 


Smith (LaSalle Steel Corp., Chicago)—Is any work 
being done on measuring resistance to wear of these 
materials? 


Grant—Only indirectly. I have sent out small sam- 
ples to people interested in wear characteristics. We 
assume there will be some benefits, considering what 
happens to tools in machining these alloys. 


Cochardt (Westinghouse Electric Corp., Pittsburgh) 
—What is the reason for the high temperature stability 
of SAP? Is the improvement due to the high dissocia- 
tion energy of the oxide, the low solubility of the oxy- 
gen, the low diffusivity, or the high hardness of the 
oxide particles? 


Grant—Without having done too much work in this 
regard, it seems that in the case of the ageing systems 
the change is due to change in solubility with tem- 
perature. In the case of SAP, while solubility may 
change with temperature, the solubility change is so 
exceedingly small for Al.O, that the structure remains 
fixed. We believe that low solubility is necessary; a 
high dissociation energy is also vital; hardness of the 
excess phase is of smaller importance. 


Preston—It is primarily a matter of solubility of 
oxygen in the matrix metal. 


From the floor—I wonder if you could tell what the 
effect was on properties such as conductivity? 


Preston—We have measured electrical conductivity 
of copper with 10 pet Al.O;. The effect of the dispersed 
phase is approximately the arithmetic average. In the 
case of 10 pct Al alioy, we have 90 pct of the conduc- 
tivity of pure copper, but the drop in conductivity may 
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be down to 80 pct in other instances possibly due to the 
strained (cold worked) condition of the extruded alloy. 


Atkinson—Has there been any effect on residual 
resistance—or have you made these measurements in 
the hot, extruded plus annealed condition? 


Grant—In the particular cases where resistivity was 
measured, we could not really anneal the material. 
Resistivity remained pretty much constant since we 
had not recrystallized the Cu-Al.O; alloy by reheating 
up to 800°C. 


Atkinson—In other words, resistivity is pretty much 
the same in the extruded material as in the annealed? 


Grant—Yes, provided that the structure does not 
recrystallize or soften, as is true of SAP. 


Bruckart—I have been thinking of the possible an- 
swer to Atkinson’s question regarding thoriated tung- 
sten. We combined a number of oxides in one molyb- 
denum alloy. As a result of comparing its behavior 
with others, it fell into the class of those considered 
to be ineffective, and in most cases a microscopic ex- 
amination of the structure revealed that oxides were 
strung out in the alloy. This is a direct indication that 
the oxides were very soft at the working temperature. 
Most effective were oxides of the transition elements. 
Most ineffective were oxides of the alkali and alkaline 
earth metals. 

It seems there are a number of differences in be- 
havior between SAP and precipitation hardened type 
alloys. For instance, it is hard to anneal SAP and have 
low hardness whereas in conventional precipitation 
hardened systems, softening is easy to accomplish and 
the work hardening function is not significantly dis- 
turbed. 


Gregory (Sintercast Corp of America, Yonkers, N. Y.) 
—Concerning the effect of oxide additions on recrys- 
tallization. I did some work some time ago on silver 
containing alumina dispersions made by the internal 
oxidation of silver-aluminum alloys. One example 
shows clearly how these phases can inhibit recrystal- 
lization, and then when recrystallization is finally 
achieved how the disperse phase can inhibit grain 
growth. 

A single crystal of Ag-0.25 pet Al, produced in a 
vacuum furnace, was oxidized throughout at 850°C, cold 
rolled and then heated in oxygen at 800°C for 20 hr. 
There were no visible signs of recrystallization. A 
further heating for % hr at 930°C in oxygen caused 
recrystallization to start, but the grains after anneal- 
ing for 20 hr at this temperature were still only a few 
microns in diameter. 

The importance of hot working on the properties of 
SAP has been mentioned. In this connection the effect 
of extrusion variables such as extrusion ratio, temper- 
ature, and speed are of interest. The effect of these on 
powdered magnesium products have been shown by 
Brown of the Magnesium Elektron Company in Eng- 
land. It is reasonable to suppose that similar effects 
should be found with SAP. 


Stanley (Crucible Steel Co., Pittsburgh)—Is there 
any data to indicate how properties relate to direction 
of extrusion? 


Lenel (Rensselear Polytechnic Institute, Troy, N. Y.) 
—We have extruded strip from aluminum powder 
which was tested both in the direction of extrusion and 
perpendicular to it. We found that the strength was 
the same in both directions. 


Grant—That was the case for Professor Lenel’s 
Al-Al.O; alloys, and also for SAP, wherein measure- 
ments by X-rays showed only a small preferred orien- 
tation; but in an Al-2 pct Al.O,; alloy, Gregory and 
Grant measured a rather severe preferred orientation. 
In our Cu-Al.O; alloys, orientation effects were severe 
according to microstructural evidence, and we would 
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expect large differences in properties in the transverse 
direction. Better mixing would of course diminish these 
defects of structure. 


From the floor—How about ductility? 
Lenel—Ductility was the same in both directions. 


From the floor—The test results point out that a 
major drawback of SAP is its high tensile notch sensi- 
tivity. That bothers designers. 


Grant—This material (SAP) still follows many of 
the same type of rules that ordinary materials do. We 
ran notch stress rupture tests at 600° and 400°F; at 
400°F where we had 6 to 8 pct elongation in short time 
tests, the material was not notch sensitive. In tests last- 
ing from 200 to 400 hr, ductility had fallen to less than 
5 pet. Under these conditions the alloy was notch 
sensitive. 


At 600°F, we found notch sensitivity set in at a more 
rapid rate. These are the results obtained with SAP. 
On the other hand, one thing to keep in a mind is that 
these Al-Al.O, compositions constitute a series of alloys 
each of which has a different combination of proper- 
ties. If we had taken 4 pct oxide alloy we would have 
had a much more ductile alloy which would have 
shown different and improved notch sensitivity. 


Hirsch (General Electric Co., Schenectady, N. Y.)— 
During the past several years we have had the occa- 
sion to extrude many metal powders; we did not make 
SAP, but with other alloy systems found that 100 to 
300 mesh powders could produce strong, fully dense 
bodies, superior to products made from cast metals. 
I ascribed these improvements in part to the oxide 
films around each particle and the resultant grain size. 
I felt that now the powder metallurgist need no longer 
bow to the conventional metallurgist when it came to 
considerations of the mechanical properties of metals. 


Gatti (General Electric Co., Schenectady, N. Y.)— 
Could Professor Grant describe stress-strain curves at 
high temperatures? 


Grant—We performed a number of tensile tests on 
the Cu-Al.O; alloys at room temperature only. A rather 
interesting behavior resulted: the stress-strain curves 
showed two yield regions, one near 10,000 psi, and an- 
other near 30,000 psi. This behavior was the direct re- 
sult of using —200 mesh copper powder. The first 
region of yielding was that due to pure copper, with 
attendant work hardening of these coarse copper 
islands. The second yield was the yielding of the aggre- 
gate. In the Al-Al.O; alloys, such as SAP, the stress- 
strain curve was normal, because of the more homo- 
geneous structure. 


Gatti—Could you describe the flow characteristics 
at high temperatures? 


Grant—The creep ‘curves appear normal. We have 
not run high temperature tensile tests. We have not yet 
been able to resolve the structure of these alloys to 
determine the nature of the deformation which takes 
place. 


Preston—Along with creep, we measured modulus, 
by dynamic means, at temperature. It was unfortunate 
that we had copper, because anisotropy of modulus in 
copper masked the modulus effect. Where we had high 
copper content, we had high modulus because of the 
anisotropy, with values as high as 20 million psi in 
low oxide materials and 14 million to 16 million psi for 
high oxide. Whether this is due entirely to anisotropy 
is hard to say; it is unfortunate that we did not use an 
isotropic material such as aluminum. 


Lenel—I want to emphasize a point Prof. Grant 
made. The properties of extruded material vary widely 
depending on the degree of dispersion of the second 
phase. In aluminum powder extrusions, this degree of 
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dispersion can be varied by varying the average thick- 
ness of the aluminum flake are 
extruded. Extrusions made from powder with an aver- 
age thickness of 0.17 « have a tensile strength both at 
room temperature and at 750°F of nearly twice that of 
extrusions from a powder with an 0.8 mw average flake 
thickness. On the other hand, the extrusions from 
coarse powder are more ductile than those from fine 
powder. The extrusions are also quite different with 
regard to preferred orientation, which is very pro- 
nounced in the extrusions made of coarse powder, but 
almost absent in the one made of fine powder. Finally 
the extrusions differ with respect to the case of re- 
crystallization after cold work. Commercial Swiss 
SAP extrusions, which are made from powder with 
quite thin flake thickness, cannot be recrystallized after 
cold working, even when they are heated to just be- 
low the melting point. 

Extrusions from coarser flake powder can be re- 
crystallized after cold working although the recrystal- 
lization temperature is much higher than for ordinary 
wrought aluminum. This phenomenon is being further 
investigated and, we hope, will lead to a further clari- 
fication of the strengthening mechanism in SAP. An- 
other way to improve our understanding of the 
strengthening mechanism in despersion strengthened 
materials would be to investigate the relationship be- 
tween degree of dispersion and the mechanical and 
physical properties in materials other than with an 
aluminum base. 


Busk (Dow Chemical Co., Midland, Mich.) —With 
respect to stability at high temperatures for long 
times, we see the same effects in magnesium. If hot 
work is combined with annealing, the stability is much 
decreased. Is this also true with SAP? 


Grant—I don’t know what Dr. Lenel’s experience 
has been, but our work indicates that one cannot get 
much cold work into SAP. Hot work could be carried 
out readily, without apparent-loss of properties. An- 
nealing did not diminish the properties after hot or 
cold work in the case of SAP. Was your work done 
with oxides or other hard phases? 


Busk—Both. I assume it might depend on the mate- 
rial added. 


Lenel—In aluminum powder exirusions prepared in 
the laboratory in which the time of extrusion, and 
therefore the time during which the material is sub- 
jected to high stresses at elevated temperatures, is 
very short, the particles of the aluminum oxide appear 
platelike under the electron microscope; in other words, 
in the same shape as they were as oxide skins on the 
original particles. When these experimental extrusions 
are examined after repeated working and annealing 
and also when commercial extrusions which are sub- 
jected to high stresses at elevated temperatures for 
long times are examined, the shape of the oxide par- 
ticles appears to be more or less spherical. This is an 
indication that particles change their shape under con- 
ditions of commercial extrusion. It should be empha- 
sized however, that extrusions with such spherical 
particles dispersed in a matrix have still quite high 
strength. 


Cochardt—It is important to have a small particle 
size of the matrix powder in the case of mechanical 
mixtures. However, this is not true if you use internal 
oxidation—as long as the diffusion times do not become 
excessive. 


Hirsch—The concept of internal oxidation is indeed 
clever but it has its limitations, too. For it to work, 
one element of the system must have much greater 
susceptibility to oxidation than any of the other ele- 
ments. The more universal solution is to disperse a 
finely divided oxide throughout any chosen metal 
matrix. For such a system to succeed, both the oxide 
(or any other hardening phase) and metal must be 
extremely fine and intimately mixed. 
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Grant—It is too expensive to get less than 1 u pow- 
der. It is easier to get better particle dispersion and 
fineness by internal oxidation. 


_ Gregory—It is true that internal oxidation has its 
limitations. It must be borne in mind that this method 
is only suitable for the introduction of small oxide 
percentages in certain limited matrix materials. How- 
ever, due to the very fine dispersions which can be 
obtained by internal oxidation, these low percentages 
may be as effective as larger percentages introduced by 
other methods. 


Hirsch—A major difficulty of the internal oxidation 
method is the slow rate of oxygen diffusion and, there- 
fore, the slow treatment of thick, dense bodies. Would 
it not be possible to prepare the material in the form 
of a porous mass, internally oxidizing the material 
taking advantage of the pores for ready access of the 
oxygen and, subsequently, consolidating the body with 
pressure and heat? 


Grant—This isn’t a bad idea. Much of the work in 
the past has been done with dense materials. I vis- 
ualize that one will be able to get 104 powders in a 
wide variety of compositions in the near future. I don’t 
believe that diffusion through —104.u particles will be 
difficult to control. You might get a sintering effect 
that would cause some difficulty. In our own work we 
are using mechanical mixing now and hope to use in- 
ternal oxidation much more extensively. 


From the floor—Speaking still in terms of powder 
particles of internally oxidized materials, an additional 
factor to keep in mind is that the powder particle sur- 
face must be clean enough to get good bonding soc oxides 
will do some good. I noticed all the oxides are melted. 
Did you have an oxide that actually melted? 


Preston: In some studies we have worked with cop- 
per wherein a film of cuprous oxide was formed; the 
product was then compacted, sintered, and extruded. 
While the oxide was not liquid, it was quite plastic at 
the extrusion temperature. Under these conditions we 
obtained a uniform dispersion of cuprous oxide, elon- 
gated in the matrix. They were small, discrete parti- 
cles with 5 to 10 length to diameter ratio. 

Properties obtained at 250°-450°C in creep rupture 
indicated that some gain was found at 450°. The prop- 
erties obtained were lower than for pure copper at 
250°C. What would the structure look like? Similar to 
wrought iron, with the cuprous oxide readily resolv- 
able at 500X. 


Lesznyski (Schwarzkopf Development Corp., New 
York, N. Y.)—A few years ago Seitz gave data on dif- 
fusion measurements of several metals into SAP and 
pure aluminum. The interesting result was that, in 
general, these elements diffused faster in SAP than in 
pure aluminum. I wonder if the same thing was ob- 
served in copper? 


Grant—We have not made similar studies as yet, but 
one might expect that diffusion in SAP would be 
higher due to the very much finer grain size. 


Webber (Clevite Corp., Cleveland)—Are these par- 
ticles of Al.,O; in your copper and aluminum bonded 
to the matrix? We know in the case of SAP, that the 
Al,O, is bonded to the matrix phase, and Lenel said this 
morning that when Linde B alumina was added to 
atomized aluminum there was no increase in strength 
even though oxide content was increased. My question 
is: Is there any evidence of bonding in your work? 


Preston—We have at present no evidence that there 
is any bonding in the case of the alumina-copper sys- 
tem. This work was all performed in the solid state. 
This of course does not rule out the possibility of bond- 
ing or wetting, but we have no evidence and no meas- 
ure of bonding between the Al.O; and copper, and do 
not expect any to exist. 
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It seems in the case of Al,O;-aluminum that the at- 
traction between the aluminum and the oxygen atom 
would be considered quite a strong bond. In the case 
of the copper matrix and AIl,O,, the bond is probably 
non-existant. If there is bonding in the system, it is 
by no means as important as in SAP. 


The high strength increases which we have observed 
in the Cu-Al.O, alloys tends to indicate that bonding 
between oxides and metal may not be too important, 
or necessary. 


Hamblin (Westinghouse Electric Corp., Pittsburgh)— 
Can you tell us the oxide content in the molybdenum 
experiments? 


Grant—I understand these molybdenum powders 
were of high purity, 0.001 to 0.002 pet O at most. The 
refractory oxide additions were of the order of 1 pct 
or less in most instances. 


Hirsch—I would like to know if it is essential for the 
oxide to be coherent with or wetted by the matrix 
metal if the maximum strength of a composite body 
is to be developed. 


Grant—An absolute answer can’t be given at this 
time; however in the case of Cu-Al.O; alloys which 
were sintered in hydrogen, there is little reason to 
expect wetting between copper and AIl,O,, yet signifi- 
cant gains in both low and high temperature strength 
were achieved. 

These results were repeated with copper-silica and 
also with copper-copper oxide, and in all instances 
there was some gain in mechanical properties. But we 
are not yet in a position to rationalize these gains to 
the extent of saying that there is not a contributory 
effect to strength due to wetting. My personal feeling 
is that on the basis of existing theories and experi- 
mental evidence, I would say you don’t need wetting 
to get a strong material. 


Technical Note 


X-Ray Microscopy of As-Grown and Deformed Single Crystals of Aluminum 


by J. H. Auld, R. A. Coyle, A. M. Marshall, and N. A. McKinnon 


1 making a study of the slip deformation and 
strain hardening of single crystals of aluminum, 
it has been found that considerable information 
additional to that provided by the usual metal- 
lographic techniques can be obtained by the use of 
the microfocus X-ray method described by Schulz.’ 
This technique has been applied to crystals both in 
the state as-grown by the strain-anneal method and 
after they have been subjected to increasing amounts 
of plastic strain. Kelly and Wei’ have recently re- 
ported the use of this method for a study of lineage 
structure in aluminum single crystals grown from 
the melt. 

The crystals, prepared from aluminum of 99.99 
pet purity supplied by British Aluminium Co. Ltd., 
were grown in the form of flat tensile specimens 
with a gage section of 0.3 by 0.1 in. and a gage 
length of 2.3 in. The microfocus X-ray tube used 
provided a focus of approximately 50 » half width. 

Examination of a large number of as-grown crys- 
tals showed no sign of any macroscopic defects in 
the majority of cases. However, occasionally crys- 
tals grown by the strain-anneal method did show 
defects similar in nature to those shown by Kelly 
and Wei to occur in crystals grown from the melt. In 
some other cases a more regular appearance of black 
and white lines, corresponding to valleys and ridges, 
respectively, in the lattice, was obtained, Fig. 1. 
This particular crystal was slightly deformed as the 
lines when present in the image of an as-grown 
crystal are only barely visible. The angle of tilt of 
the blocks is of the order of 3’. It seems likely that 
these tilt boundaries arise during the growth of the 
crystal due to the specimen not being perfectly flat 
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Fig. 1—Single crystal 
of high-purity alumi- 
num. White lines 
correspond to ridges 
in the iattice. X3. 


on the hearth of the furnace and straightening 
under its own weight at the elevated temperatures. 

For the deformation studies the crystals were 
strained in a Polanyi-type tensile machine. A typical 
photograph taken after 1.2 pet elongation of a single 
crystal oriented with its axis fairly close to the 
center of the stereographic triangle is given in Fig. 
2. The reflection, which is from the {111} planes, 
is traversed by two systems of parallel lines. These 
have been identified as traces of the primary (111) 
slip plane and the (110) plane perpendicular to the 
primary slip direction. 

The latter lines correspond to kink bands which 
could not be detected by the ordinary techniques of 
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Fig. 2—Image from 
a deformed crystal 
shows a) bands 
parallel to the pri- 
mary slip bands and 
b) kink bands. 
Blackening corre- 
sponds to high X-ray 
intensity. X3. 


optical microscopy at this small amount of plastic 
strain. However, the subsequent application of a 


modified phase contrast method confirmed the pres- 
ence of kink bands in the positions indicated by 
the X-ray micrograph. The change in orientation 
across a kink band is shown by the displacement of 
the edge of the image at the kink band. This change 
is of the order of 34° in this case. 

With regard to the lines parallel to the primary 
slip lines, bands of secondary slip’ were observed 
optically and a count of these gave approximate 
agreement with the number of lines seen in the 
X-ray image. The operation of a second slip system 
would cause these regions to have a slight localized 
orientation change and thus produce markings in 
the X-ray images. Using a straight knife edge as 
a reference line across the incident beam enabled 
orientation changes for these lines of up to 27’ to 
be measured. 
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Cominco’s New Sinter Plant 


A lead smelter treating a high proportion of hydrometaliurgical zinc plant residues re- 
quires specialized technique of feed preparation to incorporate the residues with other 
feed into a pelletized form for sintering. The design and operation of such a plant at 


Trail, B. C., is described. 


by E. A. Mitchell, J. F. Melvin, and R. Bainbridge 


N the fall of 1953, The Consolidated Mining and 

Smelting Co. of Canada Ltd. put into operation a 
completely new and modern plant for sintering the 
rather complex assortment of materials which com- 
prise the feed to the Lead Smelter at Trail, British 
Columbia. This Lead Smelter is one section of an 
integrated metallurgical plant producing lead, zinc, 
silver, gold, cadmium and other metals. Since most 
of the incoming lead concentrate contains appreci- 


E. A. MITCHELL, Member AIME, J. F. MELVIN, and R. BAIN- 
BRIDGE, Member AIME, are, respectively, Superintendent, Smelting 
Dept.; Plant Superintendent, Sintering Plant; and Assistant Super- 
intendent of Development, Smelting and Refining Depts., Metallur- 
gical Div., The Consolidated Mining and Smelting Co. of Canada 
Ltd., Trail, B. C., Canada. 

"TP 4393D. Manuscript, May 16, 1956. Pacific Northwest Regional 
Conference, Seattle, May 1956. 


TRANSACTIONS AIME 


able zinc values, and most of the zinc concentrate 
similarly contains appreciable lead values, the 
cross-routing of residues or tails from the respec- 
tive lead and zinc plants offers obvious advantages 
in recovery of metals, and has been practiced for 
many years. A disparity has existed, however, be- 
tween the output of zinc plant residue and the capa- 
city of the Lead Smelter to treat it, with the result 
that over the years a stock-pile of residue had been 
accumulating, and by the end of World War II had 
reached the formidable total of half a million tons. 

To treat this stock-pile, in addition to all current 
zinc plant residues and, of course, the regular quota 
of lead concentrates, became a prime objective of the 
Lead Smelter following World War II. As zinc plant 
residue plays an important part in the operations to 
be discussed in this paper, some consideration of its 
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properties is in order. Cominco has two types of this 
residue to deal with; one from the acid leaching of 
the regular zinc calcine (roasted concentrate), and 
one from the acid leaching of zinc oxide fume pro- 
duced by retreatment of smelter blast furnace slag. 
The latter residue is the smaller portion of the cur- 
rent make, at 120 to 160 dry tons per day and, being 
rich in lead, is never stocked. In both cases the resi- 
due is produced as a wet filter cake which is either 
pumped or trammed in V cars to its destination. 
The calcine leach residue, which is the major por- 
tion, at about 360 tons per day, contains from 32 to 
35 pct moisture as produced. Any which is ponded 
gradually sets up as it air-dries to about 20 pct moist- 
ure, forming a fairly firm mass which can be re- 
claimed with power shovels and trucks. Metal con- 
tent of the stock-pile material runs about 22 pct Zn 

During the years immediately prior to World War 
II, a technique of sinter plant feed preparation had 
been developed whereby the zinc plant residue was 
premixed with the dry ingredients of the sinter 
charge, and the mixture dried to the correct moist- 
ure content for sintering. (This step has become 
Known as the wet-mix step and the term will be 
used in this sense in what follows.) A pilot mixing 
and drying plant had been built, but the installed 
drying capacity was not adequate to treat the daily 
output of residue from the zinc operations. The old 
sinter plant, moreover, dated back to the early 
nineteen hundreds and was not only inadequate ton- 
nage-wise but was in very poor mechanical con- 
dition. 

With this background, preliminary study of the 
problems involved in modernizing and enlarging the 
sintering operation was begun. Such factors as the 
correct integration of the proposed new plant with 
the other metallurgical operations, space limitations, 
and the general arrangement of equipment were 
given careful consideration. It was recognized that 
the main problems to be faced in designing a new 
plant were fundamentally mechanical, not metal- 
lurgical, and involved the handling of large tonnages 
of material—solid, liquid and gaseous. 

After numerous arrangements had been drawn 
up and studied, a final design was developed which 
appeared to answer all the requirements. A scale 
model of the proposed new plant was built and sub- 
mitted to careful scrutiny before being finally modi- 
fied and accepted as the approved design, see Fig. 1. 

The following sections of this paper will outline 
some of the more pertinent data which served as a 
basis of plant design and will discuss plant operation 
subsequent to erection from both a metallurgical 
and mechanical standpoint. 


Plant Design 

Production and metallurgy required that the new 
plant would: 

1) Produce 2,000 tons of finished sinter per cal- 
endar day containing up to 500 tons of lead. Treat- 
ment rates were based on a 110-hr week. 

2) Treat all current zinc plant residue and permit 
the reclamation of up to 250 tons per calendar day of 
stock-pile residues. 

3) Roast in two passes, producing a finished sin- 
ter low in sulfur content and of suitable physical 
quality for optimum blast furnace operation. 

In addition to the above, the plant design should 
be such that: 1) wherever possible, automatic in- 
strumentation would control the process; 2) routine 
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maintenance would be facilitated to the maximum 
degree; and 3) a high standard of industrial hygiene 
would be maintained through proper dust control 
and building design. 

A plant charge, based on a reasonable forecast of 
future requirements, was calculated as showil in 
Table I. 

Mixing and Drying—The purpose of the mixing 
and drying section is to receive the weighed dry in- 
gredients; add a predetermined quantity of wet zinc 
plant residue; thoroughly mix to assure homogene- 
ous distribution of the various components, particu- 
larly fuel; and dry the mixture to a controlled moist- 
ure content. 

From the basic charge it was calculated that the 
production of a first pass sinter feed with an average 
7 pct moisture content would require the evapora- 
tion of 283 tons of water per calendar day or 18 tons 
per hr for a 110-hr week. (It is to be noted that 150 
dry tons per day of current zine plant residue will 
have been predried to 15 pct H.O in existing dryers 
and treated as dry ingredients.) Based on recom- 
mendations of various manufacturers, it was decided 
that three 10 x 80 ft concurrent-fired rotary dryers, 
each rated at 6 tons water evaporation per hr, would 
be installed. By referring to the basic charge again, 
it will be seen that the average moisture content of 
the first pass charge would be 18.0 pct. At such a 
moisture content the mixture would be a slurry and 
relatively free-flowing. Such a material is not suit- 
able for efficient rotary dryer performance. Also, 
during drying, the mixture would pass through an 
extremely viscous stage which would have the effect 
of building up dryer crusts, creating a serious oper- 
ating problem. To minimize this problem and as- 
sure the maximum dryer efficiency it was decided to 
recirculate sufficient dryer product to give a net 
water content of 11.5 to 14 pct, depending on the 
physical characteristics of the charge. In this moist- 
ure range it had been determined by test that the 
feed mixture would be crumbly. It was expected 
that dryer crusting would be held to a minimum and, 
with the material showering throughout the whole 
length of the dryer, fuel efficiency would be high. 
The material flow is illustrated by flowsheet, see 
Fig. 2. 

In addition to the customary dryer draft indica- 
tors, a system of recorder-controllers was included 
in the design for this section of the plant. The pur- 
pose of this instrumentation was to control auto- 
matically 1) the rate of flow of pulverized coal to 
the burners to maintain the required rate of water 
evaporation, 2) the additions of secondary combus- 
tion air, and 3) the addition of tempering air to 
maintain a constant predetermined gas temperature 
at the dryer inlet. 

Sintering—Basically, the sintering operation is one 
of roasting and, as in most roasting processes, oxi- 
dation takes place through the proper use of air, 
with the production of heat. 

Experience had shown that an improperly pel- 
letized and conditioned charge would tend to pack 
when layered on a standard sintering machine, 
throttling the passage of an adequate quantity of air 
for proper roasting. Although the product from a 
rotary dryer tends to be pelletized, the degree of 
pelletization can vary over a wide range, depending 
on such factors as moisture content of the dryer 
product, the relative proportion of binding material 
in the charge, and the physical characteristics of the 
charge components. 
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Fig. 1—Photograph of model of new sintering plant, showing general arrangement of equipment. The roof structure with a sus- 


pended ceiling is particularly noteworthy. 


To minimize variations in the texture of the 
roaster feed, a pelletizer was provided ahead of each 
sintering machine. These pelletizers were simple 
rotating rubber-lined drums, 9 ft diam by 16 ft long. 
Since the degree of pelletization of any feed mixture 
could vary with the peripheral speed of the drum 
and the retention time, the pelletizers were designed 
for variable speed and adjustable slope. 

Sinter Machine Design, Windbox Area: The 
grate capacity was determined by experience and 
test to be 0.21 tons of sinter per hr (net) per sq ft 
of windbox area on first-pass and 0.095 tons overall. 
Hence the basic charge tonnage in a 110-hr week 
would require 554 sq ft of windbox grate area for 
first pass and 787 for second. 

After weighing the merits and disadvantages of 
few large machines vs numerous small machines, 
the decision was for the former. Three machines 10 ft 
wide were finally chosen, each with 630 sq ft of 
windbox area, one of which could act as spare for 
either first or second-over. 

Fan Equipment: Test data and plant experience 
had shown that the requisite air volume for satis- 
factory sintering was: 1) for first pass, 65 cfm (stp) 
per sq ft of windbox area at the grates or, allowing 
25 pct leakage, 81 cfm (stp) at the fan, and 2) for 
second pass, 90 cfm (stp) per sq ft of windbox area 
or 113 cfm (stp) at the fan. 

To determine true volumes at operating condi- 
tions which would serve as a basis for fan design, 
average plant data were utilized. These are illus- 
trated graphically in Fig. 3. This graph portrays air 
volume, the percentage of SO., and the gas tempera- 
ture prevailing as roasting proceeds. It will be noted 
that gas temperatures are high and SO, concentra- 
tions relatively low toward the end of the roasting 
time indicated. It was recognized that, ideally, a 
series of fans should be installed along the length 


TRANSACTIONS AIME 


of each machine, each being controlled separately 
through a series of windboxes. This was deemed im- 
practical. As a compromise it was decided to divide 
the windbox area into six equal sections and install 
two fans, one handling the rich gas from the first 
four windboxes and the second, the gases from the 
last two. This arrangement would make it possible, 
if it were required at some future date, to recirculate 
the weaker gas and so produce a gas of higher SO, 
concentration. 

Based on predicted gas temperatures and volumes, 
and in consultation with fan manutacturers, fan spe- 
cifications were drawn up as in Table II. 

For the preliminary design, fan speed control 
through the fluid drive would be based on draft at 
the fan inlets. Since the gas would be relatively wet 
(dew point estimated at 135°F), and of relatively 
high SO, content, all fan casings and windbox ducts 
would be of mild steel construction, but heavily in- 
sulated. Fan runners would be stainless steel. 

No attempt was made at this time to design a new 
flue and humidification equipment to condition the 
gas for dust recovery in the existing Cottrell pre- 
cipitator. The old flue system would be used until 
such time as gas data were confirmed by operation. 

Sinter Machine Design, General: Generally speak- 
ing, the machine design followed the normal Dwight- 
Lloyd (straight-line) pattern. However, certain 
modifications were incorporated. Because of the size, 
it was decided that the loaded pallets, when dis- 
charging, should not be allowed to run free from the 
top. A discharge sprocket, controlled by a brake, 
was provided at the discharge end of the machine to 
release the loaded pallets at the bottom. This would 
permit a bump adequate to remove the sinter cake 
without damaging impact. 

Another feature of the sintering machine design 
worthy of note is the method of removing windbox 
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Fig. 2—Schematic flow sheet of mixing and drying. 


cleanings. Those familiar with a lead-bearing charge 
know the problem involved in removing metallic 
lead from a dry windbox. A wet windbox will pro- 
duce a granulated product but its removal from six 
10x10 ft windboxes presented a challenge. The 
final design included a continuous 9 ft 7 in. wide 
rubbex belt conveyor. This belt ran within the water 
windboxes and close to the bottom, discharging any 
cleanings into a boot at the end of the machine. An 
inclined drag conveyor was provided to remove this 
material continuously from the boot. A general ar- 
rangement of the new machine is illustrated in Fig. 
4. A flowsheet of the sintering section is shown in 

Instrumentation: In the sintering process, there 
are certain key data which, properly interpreted, 
will indicate such factors as degree and rate of 
roasting, gas volumes and, indirectly, physical qual- 
ity of final sinter. A centrally located control room 
was designed from which all the plant, with the 
exception of the sinter crushing section, is visible. 
All control instruments and recorders were located 
in this room. Each sintering machine had its own 
instrument panel. Instruments included in the de- 
sign were: 1) SO, recorders on each fan, 2) draft 
recorders on each fan, 3) indicating ammeters on 
each fan motor, 4) six point temperature recorders 
on each machine to show individual windbox tem- 
peratures, and 5) machine speed indicators with 
push-button control. 

In addition to the above, recording instruments 
were provided for such general information as main 
flue temperature, draft at certain key locations, SO, 
concentration at the absorption plant, plant air pres- 
ELC: 

Sinter Crushing Plant—In a sintering operation 
where sulfur is to be removed in two passes the first 
pass roast must be crushed to as fine a product as is 
practical without actually pulverizing. This exposes 
the residual sulfides tied up in the first pass material 


364—JOURNAL OF METALS, MARCH 1957 


and permits further sulfur removal in the second and 
final roasting operation. 

From basic charge data it is evident that 116 tons 
per hr of first pass sinter had to be crushed ex- 
clusive of any recirculation. Added to this would be 
some 15 to 20 tons per hr of fines (—%4 in. material) 
screened out of the final sinter and returned to the 
first-pass sinter conveyors. For the proposed crush- 
ing plant flow sheet, see Fig. 6. 

Allowing a circulating load of 100 to 125 pct the 
following plant requirements were outlined: 1) two 
sets of 54 x 24 in. smooth rolls, operating at 1,250 ft 
per min; 2) roll drive, 50 hp individual drive for 
each roll shell; 3) roll setting, 3/16 in.; 4) screening 
area, not less than 50 sq ft per roll; 5) screen, double 
deck Ty Rock or other similar type, with throw in 
direction of flow; 6) screen cloth, standard or medium 
light Ty-Rod with 0.250 in. opening on bottom deck; 
7) theoretical capacity, 72 tons per hr; 8) screens 
and rolls to be close-circuited by a pivoted bucket 
elevator conveyor; 9) to allow for surges and return 
sinter on first pass charge, it was considered that the 
load to be handled by the pivoted bucket elevator 
might be as high as 400 tons per hr and, therefore, 
a 36 x 36 in. conveyor should be installed; and 10) 
to prevent vibration from the rolls carrying through 
to other parts of the building, particularly the in- 
strument control room, the rolls would be mounted 
on oak blocks on an island free of the main building 
structure. 


General Aspects of Plant Design—A design re- 
quirement that was given careful consideration and 
observed wherever possible was ready access to all 
equipment, particularly the heavy equipment, for 
maintenance purposes. The main building was de- 
signed to accommodate a 40-ton crane which would 
have this access. Equipment was located to provide 
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ing time. 
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Fig. 4—Pictorial diagram of sintering machine. 


adequate working space. A standard gage railroad 
track was run into the building so that heavy equip- 
ment could be transferred to the main repair shops 
if and when required. Truck access was provided on 
two levels. Floor space was reserved for a repair 
shop section where routine maintenance could be 
handled. 

The importance of industrial hygiene was stressed 
in all phases of the plant design. Lead-bearing dusts 
and fumes being toxic, all conveyors were hooded, 
and all points of material transfer were designed to 
minimize plugging and were ventilated, as was any 
operating equipment which might produce dust. The 
application of a wet scrubber* to this service was 


* The Doyle scrubber, developed by Cominco, available through 
Dorr-Oliver in the United States and through Power-Gas Canada 
Ltd. in Canada. 


carried through to completion. This equipment, built 
in several standard sizes, was installed throughout 
the plant to collect and recover the ventilated dusts. 
Building design provided for a suspended roof and 
for all structural steel to be imbedded in concrete 
where possible, to avoid ledges on which dust could 
accumulate. 

Another section of the plant was designed to store 
final sinter, blast furnace coke, and other miscel- 
laneous materials on blast furnace charge, and to 
proportion them out as required. However, dis- 
cussion of this section will not be included here. 

Construction of the new plant took place in stages, 
with the section comprising the sinter machines 
and crushing equipment in full scale operation by 
October 1953. The drying and feed preparation sec- 
tion, housed in the same building, was completed one 
year later. 

In general, the plant has proven its potential capa- 
city of 2,000, tons of sinter per day. Current require- 
ments of 1,700 tons per day allow for the treatment 
of a relatively greater proportion of wet residues 
and for more down time. The somewhat altered feed 
program from that postulated when the original 
plant design was worked out has necessitated some 
changes in the equipment. Comments on these will 
be included in the remaining portion of the paper. 
which deals with operation. 
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Plant Operation 

A fairly detailed description of the equipment in 
the new plant has been published,’ and in this paper 
only as much of this ground will be retraced as is 
necessary for clarity and continuity in the present 
account. 

Proportioning of the concentrates, fluxes, re- 
claimed dump residues, conditioned flue dusts, fuels 
and other materials on charge is carried out in the 
old section of the plant, where reconstruction has 
not yet started. There are 17 primary charge bins 
having a total capacity of 26,000 cu ft. The bins are 
in line and are accessible only by narrow gage tram- 
ming. Each bin has two 30 in. discharge feeder belts 
which are driven through clutches from three sepa- 
rate line shafts. Bin gates are adjustable and weights 
checked by a weigh bucket suspended on a monorail. 
A long conveying system transports this material to 
the new wet-mix plant. Here 2 mechanical feed 
splitter proportions the feed evenly to as many of 
the three dryers as are operating. 

Current zine plant residue at 33 to 35 pct moisture 
is pumped 1,700 ft from the zinc plant and is re- 
ceived in two 100-ton storage tanks. To maintain 
this residue as a homogeneous slurry, continuous cir- 
culation is provided by a 3x 3 in. SRL pump which 
moves the material from the bottom of the tanks to 
constant head boxes at the top level of the plant. 
From these head boxes the required amount of 
slimes for each dryer is drawn by adjustable-stroke 
diaphragm pumps, and the excess returns by laun- 
der to the storage tanks. The heavy (specific gravity 
2.1 to 2.3) and viscous nature of the slimes requires 
close coupling of the diaphragm pumps to the head 
boxes to maintain the required flow and to achieve 
reasonably accurate control of delivery. Small dis- 
charge boxes on each pump allow frequent checking 
of volume and density. 

It has already been mentioned in considering de- 
sign requirements that the normal charge of dry 
materials, when mixed with the planned quota of 
current residues, would produce a mixture contain- 
ing some 18 pct moisture. Such a mixture, it was 
realized, would not be suitable as a feed to the 
dryers. It would, in drying, pass through a sticky 
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Table |. Basic Sinter Plant Tonnage Data 


Wet Wt 
Dry Wt Wet Wt Pb, Zn, Ss, H20, Tons 
Tens per Tons per Tons per Tonsper Tons per Tons per per Hr, 
Calendar Calendar Calendar Calendar Calendar Calendar 110 cag! 
Day H20, Pct Day Day Day Day Day w 
Dry Components of First Charge 
Sullivan lead concentrates 389 9 428 248 31 71 39 “ 
Custom concentrates 265 6 283 129 20 45 18 ses 
Other Cominco concentrates 33 1 36 21 2 6 3 34 
Iron concentrates 120 9 132 1 1 42 12 a 
Silicious ores 155 2 158 Ss = ax 2 11.6 
Limerock 180 1 182 = 11.2 
Stock, zinc plant residue 150 15 176 18 Si) 10 26 87 
Dried zinc plant residue 115 15 136 12 26 7 21 : 
Total 1,407 — ily! 429 1S; 181 124 97.4 
Wet Components of First Charge 
Zinc plant residue, calcine leach 360 34 546 38 82 24 186 fae 
Zinc plant residue, fume leach 160 42 276 48* 16 14 116 : 
Total 520 — 822 86 98 38 302 52.2 
Mixed feed 1,927 18 2,353 — _ 219 426 149.6 
Dryer product, net 1,927 7 2,070 — — — 143 132.0 
Water to evaporate — — = == — = 283 mah 
Circulating load at 7 pct to produce 13 pct HzO feed 1,840 7 1,970 — — — — 125. 
Second Pass Feed 
First pass sinter 1,820 91 — 116.0 
Granulated slag to second pass 180 — — 5 aL _— — — 
Gypsum (binder) to second pass 100 — = = == 17 — — 
Second pass total 2,100 6 2,240 472 — 108 — 142.0 
Second pass sinter 2,000 — — — — 24 — 122.0 


* Circulating load. 


stage before reaching a crumbling stage, and severe 
crusting of the dryers would be a certainty. To over- 
come this, provision was made to recirculate dryer 
product sufficient to reduce the average moisture 
content of the feed to the range 11.5 to 14 pct. Ex- 
perience since operations commenced has shown that 
even this was too wet and that the proper range is 
10 to 12 pet. The recirculation needed to attain this 
is some 500 pct, and the load through each dryer is 
between 225 and 250 tons per hr. This high load 
proved too much for the original system of premix- 
ing the slimes and dry feed in a double-shafted 
paddle blade mixer and delivering the aggregate to 
the dryer by an inclined screw feeder. The mixers 
and feed screws were supplanted by 36 in. feed belts 
and chutes for solid material, and the metered slime 
routed directly by 4 in. pipe line into the top end 
of the dryers. Sufficient mixing takes place in the 
first few feet to absorb the slimes before they con- 
tact the shell of the dryer, and crusting is not now 
a problem. Two shell rappers at the feed end of each 
dryer provide further aid in keeping crusting to a 
minimum. These are steel disks 16% in. diam, 
weighing about 160 lb each, riding in a frame on top 
of the dryer, and running on a stepped flat-bar track 
welded to the dryer shell. The disks have a free drop 
of 5% in., and strike six times in every revolution of 
the dryer. 

The 10 x 80 ft dryers are driven by 250 hp motors 
through V-belt drives to reduction gear units and 
mechanical clutches. They turn at 4 rpm and have 
a slope of % in. per ft. The heavy live load intro- 
duced a serious spillage problem at the feed end, 
which was largely corrected by altering the lifter 
arrangement to provide faster take-away. The lifter 
arrangement is now as follows: in the top 3 ft of 
length, six equispaced spiral lifters 10 in. high set 
at 45°; in the next 16 feet, six at 8 in. and set at 30°; 
in the next 50 ft, seven sections each having 12 lift- 
ers 10 in. high by 8 ft long, set parallel to the dryer 
axis and staggered with respect to adjoining sec- 
tions. The last 11 ft have no lifters. 

Firing of the dryers is concurrent and is by pow- 
dered coal flame, the fire boxes having a design capa- 
city of 1 ton of coal per hr. Actual normal operat- 
ing rate has been 1.1 ton per hr. Average dryer ca- 
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pacity is 6 tons of water removed per dryer hour. 
The gases at 350°F are exhausted by 175 hp double- 
inlet fans to Doyle scrubbers, where practically all 
of the entrained values are removed. The scrubbers 
discharge the gas to a flue tunnel and thence to a 
plywood stack. The effluent from the scrubbers is 
treated in 8 in. liquid cyclones. Cyclone underflow at 
30 pct solids is added to the plant slimes circuit 
while the overflow recirculates continuously to the 
scrubbers. 

The product from each dryer is conveyed by a 
short 30 in. belt to a long 24 in. inclined belt which 
returns it to a point above the feed chute to the 
dryer inlet. A two-way splitter permits separation 
of the required fraction of product, and the major 
portion returns to the dryer circuit. A 50-ton surge 
bin levels out minor disparities between wet-mix 
plant production and sinter machine requirements. 

Dryer Product Control—As is well known, the 
proper preparation of the sinter feed is of the utmost 
importance to good sintering metallurgy. Close con- 
trol of the physical properties of the dryer product 
is maintained by frequent moisture analysis. For this 
purpose a Speedy Moisture Analyser has proven in- 
valuable, giving dependable moisture determinations 
in less than 10 min. Optimum moisture varies with 
the nature of the charge, being about 7.5 pct on 
high-lead charges and as high as 9.5 pet on low-lead 
high residue charges. 

First Pass Feed Preparation—Although the dried 
feed is partially pelletized by the rolling action of 
the wet-mix dryers, further preparation is decidedly 
necessary and is provided by the pelletizers: ahead 
of the sinter machines. These 9 x 16 ft cylindrical 
rubber-lined drums, through the rolling action they 
induce in the feed pellets, serve both to harden them 
and to incorporate on their surface some of the fines 
which come through in the feed. Water or plant 
slimes are added in discreet amounts to the pellet- 
izers when necessary to adjust the moisture content 
upward for best sintering. Retention time in the 
pelletizers at present is about 142 min and indica- 
tions are that up to 4 min would be beneficial. 

Zine plant residue is a satisfactory binder for the 
formation of a pellet product when mixed with con- 
centrates and fluxes. For low-concentrate high- 
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Fig. 5—Schematic flow sheet of sintering process. 


residue charges, pellet formation is no problem, al- 
though conditioning is still necessary. For high-con- 
centrate mixtures (over 38 pct Pb), some additional 
binding effect can be obtained by the use of gypsum 
in place of limerock fiux in the charge mixture. Gyp- 
sum in large quantities is available as a by-product 
from Cominco’s nearby phosphoric acid plant. Its 
use for this purpose is attractive or otherwise, de- 
pending on whether the cost of reclaiming dump 
gypsum or dewatering current gypsum, plus the cost 
of additional fuel for decomposition, is offset by 
limerock saving and value of additional sulfur 
evolved. 

Fuel in the form of coke breeze is added to the 
feed if the sulfur content is below about 10 pct. For 
present operation, with sulfur running from 8.5 to 
9 pet, the breeze requirement is about 1 pct of the 
charge. For a high concentrate charge with much 
over 10 pct S, more than enough fuel is present and 
the practice is to recirculate enough of the crushed 
first sinter to maintain sulfur at 10 pct. 

First Pass Sintering—As indicated in the first por- 
tion of the paper, three sinter machines were pro- 
vided, identical except for capacity of the exhaust 
fans. Windbox size is 10 ft wide by 63 ft long; over- 
all length of each machine is 107 ft and they are 
set parallel at 36 ft centers. One serves for first pass 
roasting, another for second pass, and the center unit 
is a spare for either. 

The pelletized product is conveyed by belt to a 
vibrating .deck distributor at the feed end of each 
sinter machine. Even distribution of the pelletized 
feed across the width of the pallets is one of the 
problems inherent in the design of large sintering 
units. The obvious and tried methods such as swing- 
ing belts, table feeders, etc., which have stood the 
test of time in narrower machines, are not so readily 
applied to the greater width of present day design. 
At any rate, for Cominco’s installation the space 
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Fig. 6—Schematic flow sheet of sinter crushing. 


savings offered by vibrating deck feeders looked 
attractive in the design stages, and such feeders 
seemed in plant tests to offer few operating or main- 
tenance problems. Experience has not confirmed 
these findings unreservedly. With the best of feeder 
performance the feed is well spread and gently 
bedded on the grates behind the levelling hopper, 
but all too frequently the feed sticks to the vibrator 
decks and builds up, requiring periodic shutdowns 
for cleaning. The interruptions are, of course, un- 
satisfactory both for drying and sintering. Perform- 
ance on second pass feed is considerably better than 
on first, due to the harder, less sticky nature of the 
feed. The remedy may lie in better pelletization of 
the dryer product in the first-over pelletizers, either 
by longer retention as is planned, or possibly by 
flame hardening. 

Ignition equipment is a brick muffle supported by 
water-cooled beams above the pallets. Opposing oil 
burners fire across the bed from each end. Oil con- 
sumption ranges from 0.72 Imperial gallons per ton 
of sinter on high concentrate charges to 0.92 on high 
residue charges. 

A sinter bed depth of 9% in. is standard practice 
and allows adequate volumes at low drafts to ensure 
fast sintering rates. Typical data are presented 
showing volumes, temperatures and drafts, Fig. 7. It 
should be noted that sintering time is sometimes 
cut to a minimum so that there may be a small band 
of incompletely roasted material left. 

The roasted sinter is quenched by water sprays 
over the discharge end dead plate. Adjustment of 
the sprays to give a dust-free product which is not 
too wet for subsequent handling requires careful hand 
control by an operator. The sinter discharges from 
the dump end of the machine into a hopper above a 
9 ft wide single-roll crusher set at 3% to 4 in., with 
the breaker plates held in position by 4x6 in. 
wooden blocks. The coarsely crushed sinter falls 
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Table Il. Fan Specifications 


Standard Fluid 
Temper- Pressure, Fan, Fan, Drive, Elevation, 
Fan Duty Cfm ature, °F WG Rpm Bhp Bhp t 
No. 1, first pass roast, windboxes 1 to 4* Peak 62,000 426 20 1,055 266 296 
Normal 47,500 217 20 910 210 271 1,530 
No. 2, first pass roast, windboxes 5 and 6} Peak 39,000 655 20 1,340 175 182 
Normal 28,400 355 20 1,123 132 164 1550) 
No. 1, second pass roast and spare machine, Peak 117,000 750 20 1,310 567 591 
windboxes 1 to 4¢ Normal 87,500 430 20 1,102 408 495 1,530 
No. 2, second pass roast and spare machine, Peak 68,000 940 20 1,552 306 319 
windboxes 5 and 6§ Normal 52,000 617 20 1,348 232 273 1,530 


* No. 72 in. FH, Dl, DW type MD sintering fan with type SCR4, size 26 fluid drive and 350 hp motor. 
7+ No. 62 in. FH, D1, DW type MD sintering fan with type SCR4, size 23 fluid drive and 250 hp motor. 
t No. 72 in. FH, D1, DW type MD sintering fan with type SCR4, size 29 fluid drive and 650 hp motor. 
§ No. 62 in. FH, D1, DW type MD sintering fan with type SCR4, size 26 fluid drive and 350 hp motor. 


through the rolls directly to shaker conveyors, and 
thence to the crushing plant. The conveyors are used 
for both first-pass and finished sinter, and will be 
discussed later. 

First Sinter Crushing—Fig. 6 shows the schematic 
flow sheet, much as it is now, except that the inter- 
connecting of the two sets of screens and rolls has 
been found unnecessary and two cross conveyors 
have been eliminated. Experience has taught the 
need of carefully designed cast iron chute liners. 
Either of the parallel systems can carry 70 pct of the 
full plant tonnage. Bottom deck screens combine 
one %g in. and two 4% in. Ty-Rod openings. 

Of special interest is the beading of the roll shells. 
The normal roll set is between % and 3% in. The 3 
to 4 in. sizing in the crusher feed material failed to 
nip in the rolls, causing plug-ups. A single welded 
bead of hard surfacing across the roll face in two 
opposite positions has solved this problem without 
any ill effects. 

There is a magnet above a special stainless steel 
pan trough on the shaking conveyor supplying first- 
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Fig. 7—First pass sintering of off-gas temperature ys time. 
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Fig. 8—Second pass sintering of off-gas temperature vs time. 
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pass sinter feed. Most of the tramp iron is removed 
here. However, circulating loads of tramp iron have 
to be cleared by picking manually from the pivoted 
bucket carrier (Peck Conveyor). 

The screen undersize originally discharged to rub- 
ber-lined steel hoppers and thence by conveyor to 
second-pass feed storage. The hopper sides were 
divided in three sections and inflatable canvas hose 
placed between the rubber and steel. Replaceable 
all-rubber panels are now installed and are more 
successful in preventing build-ups. They are poked 
manually at frequent intervals. 


Second Pass Sintering—The crushed first sinter is 
practically all minus % in. and contains 4% to 5 pct 
total sulfur, of which only 2% to 3 pct is sulfide. This 
is too low in fuel for good sintering and the addition 
of up to 1 pct coke breeze has been found essential. 
The crushed first roast is lacking in any binder to 
promote pelletization, and by itself beds very tightly, 
roasts slowly and gives a poor quality finished sinter. 
Various binders are used to improve this. Among 
them are moistened flue dust recovered by Cottrell 
treater from the sinter machine smoke, thickened 
plant slimes from the ventilation scrubbers, and 
dried zinc plant residue. The roast material, coke 
breeze, and binder are mixed in a Stehli-type drum 
mixer before being pelletized with water or plant 
slimes in the second-over pelletizer. Enough water 
is added in the pelletizer to bring the moisture up to 
about 5 pct. 

This sintering step is similar in most respects to 
the first-over sintering. There is a notable differ- 
ence, however, in that metallic lead is formed in the 
hot mass and percolates down through the grates. 
This molten lead, for the most part, is chilled into 
globules or shot in the water bath of the windboxes, 
but any which adheres to the windbox separators 
(which are just clear of the bottom of the travelling 
grates) causes binding and can eventually stall the 
machine. The remedy for this was to water-cool the 
separator top plates, so that the lead chills quickly 
and does not adhere to the cold surface. Some 
typical operating data are shown in Fig. 8. 


Sinter Machines—A sketch of the machines them- 
selves is given in Fig. 4. The speed of the pallets can 
be varied from the control room between 2 and 6 
ft per min. Depth of the bed is regulated by an ad- 
justable talus plate at the feed end, normal depth 
being 9% in. on first stage roasting and 9 in. on 
second. 

The individual pallets, of which there are 60 ona 
full machine, are illustrated in Fig. 9. This also 
shows the grate bar arrangement. The original her- 
ring-bone type of grate has been supplanted by 
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Fig. 9—Pictorial diagram of sinter machine pallet. 


straight bar grates, as shown, although it is possible 
that use of the former may be resumed at a later 
date. Finger lugs at each end of the grate project 
under the horizontal top fianges of the longitudinal 
structural members of the pallet casting. The lug 
fit is loose, which prevents the bars from falling out 
on the return travel but permits ample movement 
between them. Double-length bars at intervals of 
6 or 8 prevent the short bars from wracking side- 
ways and falling out. Cast steel has been found 
superior to cast iron and is standard. Grate con- 
sumption figures have not yet been established. 

The sinter which falls through the grates into the 
windbox water bath forms the so-called windbox 
cleanings; and in a normal day with a production of 
1,700 tons of sinter the cleanings will amount to 
some 20 to 30 tons of first pass, and 20 tons contain- 
ing much shot lead on second pass. Continuous re- 
moval of this material by the 9 ft 7 in. rubber belt 
is one of the prime achievements of the new ma- 
chines and this improvement has been patented. A 
word of caution to others contemplating this pro- 
cedure: keep the bearings on the belt roller shafts 
out of the water by carrying the shafts through 
glands in he side plates to outside bearings. 

Corrosion of mild steel anywhere in the windbox 
is severe and it has been found necessary to line the 
boxes in their entirety with light gage stainless steel 
plate. Conditions are not quite so severe in the boot 
where the belt discharges and a protective coating 
of Permolite gives satisfactory protection. The flat 
bottom plate of the windbox requires special con- 
sideration, as the scouring action of any hard mate- 
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rial getting under the belt (despite the fact that the 
make-up water is added under the belt) and being 
dragged over the plate by the belt movement causes 
abrasion and corrosion of the stainless steel. The 
only known answer as yet is thicker plate, and all 
three machines now have ¥% in. stainless steel plate 
bottoms. Corrosion of the insulated mild steel flues 
and fan casings has not been a problem. Dust fall- 
out is negligible also, and the collector screws on the 
bottom of the roaster fans and main collecting flues 
are not required. 

Sinter Conveying—There are probably few con- 
veying problems in industry more exacting than the 
movement of a quenched lead sinter, with individual 
chunks of every conceivable shape, and ranging in 
size from about 80 lb down to dust particles. The 
larger pieces still have red-hot centers and give off 
steam and gas for quite some time. The small sizes 
form a gritty mud with the excess water. A closed, 
vented, spill-proof conveyor with few moving parts 
for such a material is much to be desired. The shaker 
conveyors incorporated into Cominco’s plant are one 
solution and, with further adaptation to the peculiar 
conditions of sinter plant service, should be satisfac- 
tory. 

The first-over sinter is conveyed to the crushing 
section and the final sinter to the blast furnace feed 
section by these conveyors. Pan life of the 3/16 in. 
plate pans is about 120,000 tons on first-over and 
100,000 tons on final sinter, with pans of abrasion- 
resistant steel fabricated with grain structure cross- 
wise to direction of material flow. The stroke ampli- 
tude is 7 to 9 in. and frequency 72 to 83 strokes per 
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min. Drive motor hp is 20 on most units, 15 on light 
duty ones. 

Ventilation and Plant Slime Recovery-——All mate- 
rial dump or transfer points are vented through 
Doyle Scrubbers to exhaust fans and thence to ply- 
wood stacks. Ducts and scrubbers carrying heavy 
dust loads are attended every day. Careful design 
is, of course, necessary in the construction of hoods 
and positioning of off-take ducts. 

It is of interest that Herisite-coated weatherproof 
grade plywood has stood up well for vent duct con- 
struction and has proven cheaper and more satisfac- 
tory than rubber-lined steel pipe. 

The water-borne solids from the scrubbers and 
floor washings are carried by launders through a 
surge tank to six settling tanks. Settled solids are 
pumped to a 1,000 cu ft storage tank in the wet-mix 
drying plant. There solids are further dewatered in 
two stages with three 8-in. liquid cyclones. Original 
equipment provided 12 3-in. liquid cyclones. Fine 


particle recoveries were good enough on the 8 in. 
units and a simpler arrangement resulted. The large 
dryer scrubbers are serviced by a separate system 
including one 8-in. cyclone. 

Labor—The crew works under the direction of a 
shift-boss and two assistants. On each 8-hr shift there 
are three men on the feed belts, six in the wet-mix 
plant, one in the control room, four on the sinter 
machines, two in the crushing plant, two on the 
shaking conveyor floor, one on plant slimes, one on 
plant clean-up and three in the flue dust section 
(Cottrell Treater). There are also two men on steady 
day shift servicing dust scrubbers and two recon- 
ditioning pallets. Services such as tramming, oilers, 
janitors, etc., bring the total up to about 87 per 24 
hr day. 


Reference 
1 Canadian Mining Journal, 1954, vol. 75, p. 233. 
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| spite of considerable interest among blast fur- 
nace operators on the question of the penetration 
of air into the furnace, there is still uncertainty as 
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to how far the blast does, in fact, penetrate. More- 
over, it is not always clear just what is meant by 
the word penetration in this sense. 

In 1952, Elliott et al.* showed that at the end of 
each tuyere of a blast furnace there is more or less 
of a void. In this region, coke particles are blown 
around by the force of the air. This explained the 
well-known observation reported by Sweetser’ that 
if a bar is pushed into a furnace through a tuyere 
it will go easily into the furnace a distance of some 
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3 to 4 ft before coming up against a firm resistance. 
It is apparent that the bar penetrates across the 
width of the raceway before coming up against the 
lower part of the deadman. Thus the penetration of 
the bar corresponded approximately to the diameter 
of the raceway. 

In 1953, Wagstaff* considered the subject in more 
detail. The raceway was shown to be approximately 
spherical in shape and a correlation was given for 
predicting the size of the raceway. This correlation 
was criticized by Gardner,’ who proposed some 
modifications. 

Following this work, two independent studies 
have been made. In the first, further work on models 
has led to an improved correlation. In the second, 
a large number of measurements of raceway size 
were made at the Steubenville plant of Wheeling 
Steel Corp. The data were obtained by rodding all 
tuyeres of each of five furnaces at frequent inter- 
vals, usually hourly. In this way, more than 3000 
measurements of individual raceway sizes have be- 
come available for analysis. This report discusses 
and compares these two studies. 


Model Studies 


The earlier studies of raceways in small models 
had been restricted to observation of a single jet and 
its raceway in a model that was rectangular in plan. 
Since raceways seem to be about as wide as they 
are long, there was some question as to the appli- 
cability of the earlier work to the blast furnace that 
has many tuyeres arranged around the circumfer- 
ence of a circle so that the raceways might overlap. 
Experiments were therefore carried out in models 
shaped, in plan, like a segment of a circle, such as 
is shown in Fig. 1. The jets in the model were 
arranged so that one of them was close to the plexi- 
glas side, and the raceway could be observed di- 
rectly. It would be comparable to those reported in 
the earlier work. The other three jets were arranged 
so that the middle one was between two normally 
operating raceways and any interference would be 
the same as that in a completely cylindrical model. 

Observation of this central raceway was difficult 
because it could not be seen through the surround- 
ing particles. However, it was found possible to use 
polystyrene particles that were sufficiently trans- 
parent to allow some light to penetrate to the race- 
way. It was then found that the movement of par- 
ticles could be observed with a closed-end glass 


tube. The eye could easily detect movement at the 
end of the tube though it was quite insensitive to 
the conditions along the side. 

As a result of these studies, and of a further re- 
view of the earlier work, a new correlation for race- 
way size was obtained. It is shown in Fig. 2, in 
which the data have been plotted on logarithmic 
scales. Had linear scales been used, the points would 
have fallen on a straight line but much of the infor- 
mation would tend to bunch into the corner of a 
linear plot. The data cover a rather wide range of 
1 to 20 on the ordinate and 1/10 to 20 on the abscissa. 
By using logarithmic scales, it is a little easier to see 
the spread of the points. 

The relationship shown has been determined 
empirically and is considered to be the best expres- 
sion so far found to correlate the large number of 
variables that have an influence on raceway size. 
Both ordinate and abscissa are dimensionless. It has 
been found that the technique of employing dimen- 
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sionless ratios instead of raw numbers usually 
enables a wider range of information to be cor- 
related easily. To obtain a dimensionless ratio, it is 
necessary to arrange variables so that the result is 
independent of the units employed, provided they 
are consistent. For example, the ordinate is the 
ratio of two lengths; specifically, it is the diameter 
of the raceway D expressed as a ratio by dividing it 
by the jet diameter D,. This obviously is the same 
whether both tuyere and raceway are measured in 
feet or inches. 

The abscissa, which for convenience in this report 
will be referred to as the raceway factor, consists 
of three ratios multiplied together and incorporates 
the main variables that control raceway size. The 
first ratio incorporates the linear velocity of the air 
in the tuyeres V in feet per second, and the size of 
the particles. Here, size is taken as the square root 
of the surface of a typical particle S expressed in 
square feet. The force of gravity g (ft per sq sec) 
is also included. 

The next ratio relates the density of the air (p lb 
per cu ft) to that of the solid particles (p,), in the 
form of the ratio [p/(p, — p) ]. The final relationship 
is the ratio of the total tuyere area A, (sq ft) to the 
hearth area of the furnace, A,, (sq ft). The impor- 
tance of this relation comes as a surprise to the 
authors and was found by working with a number 
of models of different size. Its exact significance is 
not known. It is known, however, that the velocity 
of gas up the furnace affects the flow of solid, prob- 
ably by reducing the friction between the particles. 
It would therefore seem reasonable that the velocity 
of gases up the furnace might have an influence on 
raceway size. The ratio of gas velocity up the fur- 
nace to that in the tuyeres is the inverse of the ratio 


J 


of the appropriate areas. The ratio is raised to 


the power 0.75. The value of this exponent is not 
known with accuracy and must be regarded as 
approximate. 

The value of any empirical correlation depends 
to a great extent on the range of variables studied. 
Table I has been compiled to show the wide range 
of experimental conditions used in this model study. 
It should also be noted that the granular materials 
used consisted of regularly shaped particles of wood, 


Table I. Range of Variables Used in Model Studies 


Variable Range 
Diameter of jet, in. to 1 
Gas velocity, ft per sec 50 to 500 
Particle size, in. 0.06 to 0.21 
p, lb per cu ft 0.08 to 62.4 
(os — p), lb per cu ft 9.1 to 94 
Am, sq ft 0.145 to 1.0 
AJ, sq in. 0.049 to 0.785 


crushed coke, gravel, or smooth plastic particles. 
Therefore, it would seem that reasonable confidence 
might be placed in the validity of the relationship. 
Fig. 2 also includes a few points taken on individual 
tuyeres at different blast furnace plants. These 
points, which were published earlier,® are not aver- 
ages of all tuyeres around a furnace and hence are 
not as reliable as the information presented in Fig. 
3. However, they do show general agreement with 
the model data. 
Plant Studies 

Since the raceways at all tuyeres were measured 

at Steubenville, it was possible to take an average 
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size that should be a good estimate of the raceway 
produced by a particular condition in the furnace. 
These averages are plotted in Fig. 3, which is simply 
a portion of Fig. 2 to which the furnace data have 
been added, enlarged so that the furnace data can 
be more clearly seen. An idea of the variation be- 
tween the readings on individual tuyeres can be 
obtained from Table II. These give the mean race- 
way size at a particular time for the different fur- 
naces and both the variance and range of individual 
observations. The question of scatter is discussed 
more fully later in this report. 

Fig. 3 shows that the agreement between furnace 
and model is remarkably good. The results for the 
different furnaces are separated somewhat, but over- 
lap each other and the model data. Furthermore, if 
a linear relationship is assumed between the pene- 
tration D/D, and the raceway factor, a line can be 
obtained by the usual statistical techniques for fur- 
naces 1, 3, and 5, which best represent the data. 
There are not enough data on the other furnaces. 
These lines have been included in Fig. 3, where they 
appear slightly curved owing to the logarithmic 
scale. The lines are almost parallel and very close 
to the line for the model. It would therefore seem 
reasonable to conclude that the correlation is essen- 
tially sound, but that some other factor may have 
been different for the different furnaces, which is 
responsible for the furnaces not being identical with 
the model. This other factor is not known at the 
moment. Apparently the raceway is a function of 
the conditions of fluid flow and is little affected by 
the energy released by combustion. 

The agreement between the furnace and model 
data is so good that the assumptions used in the 
calculation of the latter must be examined critically. 
The two principal uncertainties were the distribu- 
tion of air among the tuyeres, which affects the 
velocity in each tuyere, and the size of the coke. 
The only assumption that seemed practical for the 
former was that of equal linear velocity in each 
tuyere, no matter what its size. This is probably 
wrong, because it was observed that in a furnace 
having tuyeres of two different sizes the penetration 
with the smaller ones was not proportionally smaller. 
It is also a fact that the ducting, gooseneck, blow- 
pipe, and other equipment are the same size for all 
tuyeres and only the 15-in. length of the tuyere is 
changed. This may well fail to change the volume 
blown in proportion to the change in tuyere area. 
Therefore, the only logical assumption would seem 
to be that the volume of air to each tuyere was 
independent of the tuyere size, and this seems rather 
worse than the assumption used here. 

The estimate of coke size presented rather a dif- 
ferent problem. Only a few estimates of coke size 
in the tuyere zone are known to the authors. In an 
earlier report, measurements of a few coke samples 
were given and one of these was an estimate of a 
coke in the Pittsburgh area. Accordingly, for want 
of better information, the coke in these furnaces 
was assumed to be the same size as that previously 
reported for Eastern practice.* 

It would seem that this correlation might be used 
to predict the effect of small changes of the different 
variables on the raceway size in the furnace. Un- 
doubtedly the best way to do this is to plot the posi- 
tion of the existing conditions on Fig. 2 or Fig. 3 
and deduce the effect of the proposed changes with 
the aid of the chart. However, this may not always 
be possible and, further, it may sometimes be ad- 
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vantageous to have a qualitative picture of the 
general effect of a given variable. The three vari- 
ables considered here to be of most interest are the 
wind rate, blast temperature, and tuyere size. The 
first affects the linear velocity in the tuyeres V; the 
second affects both velocity V and density p. Chang- 
ing tuyere size while holding constant the volume 
of wind blown changes velocity V, area of the jets 
A,,and the diameter of the tuyere D, on the ordinate. 
This makes it difficult to estimate the effect of 
changes in tuyere size without calculation. 


Fig. 4 presents curves showing the approximate 
effect on raceway size of changes in the three vari- 
ables discussed. It was obtained by calculation, 
assuming a typical set of conditions and deducing 
the effect of changing the particular variable being 
studied. In each case, all other variables are held 
constant except the one under study. The effect of 
increasing wind rate is always to increase raceway 
size and to somewhat the same extent in most cases. 
Similarly, increasing blast temperature increases 
raceway size but not, in general, as much as increas- 
ing blast rate. 


The effect of changing tuyere size is quite un- 
expected and depends on the value of all the vari- 
ables in the raceway factor. Fig. 4c shows the shape 
of the curve of raceway diameter against tuyere 
size. It is a curved line sloping down to a minimum 

-and rising again so that, as tuyere size increases, 
raceway size diminishes, then increases again. It 
has been possible to examine three furnaces, of 
which one had an appreciable negative slope show- 
ing increasing raceway with decreasing tuyere size. 
The other two were operating close to the minimum 


point where raceway size is comparatively insensi- 
tive to tuyere size. 

This peculiar effect of tuyere size seemed suffi- 
ciently interesting to study further, so two equations 
were developed, see Appendix, for giving, first, the 
slope of the curve and secondly, the tuyere diameter 
for minimum raceway size. 
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Table II. Variation in Readings 


Wind Temper- Pressure,Mean Pene- Wariance, 
Date Time Rate, Cfm ature, °F Psi tration, In. Sq In. Range, In. Remarks 
Furnace No. 1 
11/29/54 10:30 a.m. 65,000 800 17 to 18 47.45 15.52 52.5 to 44 
12/ 3/54 11:02 60,000 800 17 to 18 39.81 2.89 42 to 36.5 
1:10 p.m 60,000 800 17 to 18 40.50 0.61 41.5 to 38.7 
3:15 60,000 800 17 to 18 42.15 22.57 50 to 33 
5:15 60,000 800 17 to 18 43.17 7.33 48 to 37 
7:15 60,000 800 17 to 18 43.12 16.28 52 to 38 
9:15 60,000 800 17 to 18 42.83 22.33 50.5 to 36 Cast 
11:15 60,000 800 17 to 18 40.58 10.99 44 to 34 
12/ 4/54 1:15 a.m 60,000 800 17 to 18 38.83 19.97 45 to3l Cast 
3:15 60,000 900 17 to 18 39.75 17.66 47 to3l 
5:15 60,000 900 17 to 18 40.42 15.17 48 to 36 Cast 
9:30 60,000 900 17 to 18 46.00 4.45 48.5 to 42 Cast 
11:30 60,000 850 17 to 18 44.95 6.47 48 to41 
1:00 p.m 60,000 900 17 to 18 44.04 10.84 48 to37 
3:15 60,000 900 17 to 18 43.31 31.23 51.8 to 28 Cast 
5:15 60,000 850 17 to 18 43.75 20.85 49 to 33.5 
7:15, 60,000 850 17 to 18 42.77 8.06 47 to 37 
12/ 7/54 9:15 a.m 62,000 900 17 to 18 45.41 3.44 48 to 43 
11:30 63,000 900 17 to 18 43.23 18.38 48 to 38 
1:00 p.m 63,000 900 17 to 18 45.88 5.31 49 to 41.2 
Average 13.26 
Furnace No. 2 
12/ 7/54 9:00 p.m 59,750 900 17 to 18 35.73 4,28 39 to 32 
11:15 59,750 900 17 to 18 35.60 IG eit 41 to29 
12/ 8/54 1:15 a.m 57,450 800 17 to 18 31.20 ote iz 39 to18 
3:20 59,750 850 17 to 18 29.13 31.70 39 to 16 
5:15 59,750 850 17 to 18 32.27 9.64 39 to 28 
7:15 59,750 850 17 to 18 31.33 9.95 38 to 27 
9:15 59,750 850 17 to 18 36.40 5.54 40 to 32 
11:15 59,750 850 17 to 18 34.53 4.55 39 to 32 
1:30 p.m 59,750 850 17 to 18 35.67 11.81 41 to29 
3:45 59,750 850 17 to 18 36.27 3.17 40.5 to 34 
6:15 59,750 850 17 to 18 33.57 20.50 42 to 29.5 
8:15 59,750 850 17 to 18 35.07 13.64 42 to 33.5 
10:00 59,750 850 17 to 18 36.86 18.71 42.5 to 29 
12/ 9/54 12:15 a.m 59,750 850 17 to 18 33.70 25.24 40 to19 
2:30 59,750 850 17 to 18 32.80 19.10 38 to 23.5 
5:00 59,750 800 17 to 18 30.97 25.27 Stemtorat 
8:15 59,750 800 17 to 18 33.30 7.78 38 to 27.5 
10:20 60,500 800 17 to 18 34.43 31.82 38 to 28 
12:10 p.m 61,300 850 17 to 18 36.10 8.33 42 to31 
2:10 62,050 850 17 to 18 37.07 23.07 44 to29 
Average 15.41 
Furnace No. 3 
8:00 a.m 53,000 850 13.5 40.13 5.87 43 to 35 Before flush 
9:00 53,000 900 13.25 37.21 14.61 43.5 to 27.5 Before flush 
10:00 53,000 900 13 38.04 10.34 43 to 31.5 Flush 
11:00 53,000 900 13 40.17 9.38 45 to 34 Before cast 
12:00 53,000 900 14 40.38 5.42 45.5 to 36 Before cast 
1:00 p.m 53,000 900 14 38.42 8.31 43.5 to 33 Cast 
2:00 55,000 950 15 40.54 6.34 42.5 to 35.5 Before flush 
3:00 57,000 950 15 41.33 9.29 46.5 to 35.5 Before flush 
4:00 58,000 950 15 38.67 4.61 44 to 37 Before cast 
5:00 59,000 950 16 39.71 9.93 46.5 to 34 After cast 
6:00 60,000 950 16 40.00 7.95 44 to 35.5 After cast 
7:00 60,000 900 16 40.46 8.34 45 to 36 Before flush 
8:00 60,000 900 16 39.79 9.11 45 to 35 Flushing 
9:00 60,000 900 16 40.29 12.25 46.5 to 36 Before cast 
10:00 60,000 900 16 37.88 6.37 2 to 34 After cast 
11:00 60,000 900 16 40.63 7.14 43 to 35 After cast 
1:00 a.m 50,000 900 13 36.54 6.61 41 to33 Before cast 
2:00 50,000 900 LS 37.88 4.55 ae tOiworo Before flush 
3:00 50,000 900 13 37.75 5.43 41 to 32.5 Before cast 
4:00 50,000 900 13 34.71 12.75 40.5 to 30 After cast 
5:00 50,000 900 13 36.54 3.98 40 to 33.5 Before flush 
6:00 50,000 900 13 37.08 4.77 40.5 to 33.5 Before flush 
7:00 50,000 900 13 37.58 4.49 40 to 34.5 Before cast 
8:00 50,000 900 13 35.67 9.33 40 to 30 After cast 
9:00 51,000 900 13 34.33 3.52 38 to 32 Flushing 
10:00 52,000 900 13 34.42 8.99 40 to 30 Flushing 
11:00 53,000 900 14 36.63 2.55 39 to 34 Before cast 
12:00 noon 54,000 900 14 37.21 7.34 41 to 32.5 After cast 
1:00 p.m 55,000 900 14 36.04 4.57 40 to 32.5 After cast 
2:00 55,000 900 14 37.50 11.00 44 to33 Before flush 
3:00 55,000 800 14 37.25 1.66 39 to 36 Before flush 
4:00 55,000 900 14 Sato 4.89 43 to 35.5 Before cast 
5:00 55,000 900 14 37.13 5.82 42 to 34 Before cast 
6:00 55,000 900 15 32.38 4.73 37 to 29 After cast 
7:00 55,000 850 15 35.08 7.54 40 to3l After cast 
8:00 55,000 800 15 34.83 8.70 39 to 31 After cast 
9:00 55,000 800 15 32.29 4.93 36 to 29 Casting 
10:00 55,000 800 15 35.04 13.75 41 to30 After cast 
11:00 55,000 800 15 36.25 8.02 41 to 32.5 After cast 
Average 7.31 
The slope is given by the expression where K, and K, are constants, W is the volumetric 
d(Dn) 849 K flow of air in cfm, and n is the number of tuyeres. 
( ) These expressions are rather complicated but they 
d(D,) DY Vg-V/S pp do serve to show that both the slope and position of 
Ww? the line of raceway diameter as a function of tuyere 
+ Ks size depend on all the furnace variables. It is there- 


0.75 _1.25,,1.25 
Am 


and the tuyere size for minimum penetration by 
D,) min — 


( Kk, )( p )( ) 
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fore to be expected that changing tuyere size will 
have a different effect in different furnaces, or even 
in the same furnace under different operating condi- 
tions. 

An alternative explanation is that the precise 
value of all the different variables in the raceway 
factor affects the position of any particular furnace 
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Table Il. Variation in Readings (Continued) 


Wind Te = 
Date Time mper Pressure, Mean Pene- Variance, 
Rate, Cfm ature, °F Psi tration, In. Sq In. Range, In. Remarks 
60,000 Furnace No. 4 
006 16 41.05 16.14 47 to 36 Before cast 
60/000 aa 16 40.25 11.74 46 to35 After cast 
60'000 pans 16 54.40 14.34 59 to 46.5 Before cast 
60000 a 16 41.65 9.34 45 to35 After cast 
16 41.20 21.79 49 to 34.5 Before cast 
Average 14.67 
10/29/54 Furnace No. 5 
11/ 1/54 68,000 1000 32.28 18.33 44 to25 
12/ 8/54 16 21.03 4.05 25.5 to 18 
BeinoG et 18 34.16 3.72 37.5 to 30.5 Before cast, 1 hr 
12/ 9/54 eatoce eee 18 25.56 15.23 31.5 to 20 After cast, 1 hr 
18 35.03 25.92 46 to 23.5 Before cast, 1 hr 
6/24/55 8 to 4 60,00 18 28.59 29.41 38.5 to 21 After cast, 1 hr 
0 1050 16.25 35.57 9.65 40 to3l 
4 to 12 60,000 950 16 38.21 re ee 
4.64 41 to 34 
6/26/55 60,000 850 17 38.79 2.64 41 to 36 
58,000 1000 15 35.43 14.30 42 to 28 
to 3 58,000 1000 34.64 11.48 39 «to 28 
6/27/55 58,000 900 34.04 12.02 39 to 28 
58,000 850 16 34.43 3.65 37 to3l 
iaiee 50,000 950 13 32.07 6.73 37 to 28.5 
6/28/55 50,000 1000 14 30.89 16.31 
+o 4 50,000 950 14 34.14 9.29 40 to29 
o 12 50,000 1050 15 33.36 4.09 38 to 30 
12 to 8 50,000 1100 17 30.25 33.5 to 28 


on the curve of raceway size against tuyere size. If 
it happens that a furnace is operating on the flat 
part of these curves, changing tuyere size will have 
little effect. On the other hand, if the furnace hap- 
pens to be on the steep part of the curve, a change 
in tuyere size will have a major effect. This may 
explain, in part at least, why there is considerable 
controversy among operators about the effect of 
tuyere size. 
Variance of Penetration 

So far only the average penetration of all tuyeres 
at a particular time has been considered, but the 
variation in the data that make up these averages 
is of interest. This variation is best studied by calcu- 
lating the variance of the readings. The variance is 
a well-known statistical function, which has the 
dimensions of the square of the dimension of the 
individual readings. It was found convenient to use 
the original penetration measurements, in inches, 
for this part of the investigation. Therefore, the 
variance is given in square inches. The variances 
for the readings for the different furnaces are given 
in Table II for furnaces 1 through 5, respectively. 
The average variance for each furnace is also shown. 
The average variance of 7.31 sq in. in furnace 3 was 
much less than that of the other furnaces of similar 
magnitude, varying from 12.6 to 15.4 sq in. Since 
it was reported that furnace 3 was the smoothest 
working furnace, with furnace 5 the roughest, there 
is some confirmation of the theory that the variation 
in the raceway size is a measure of roughness of 
operation. 

Next, the variances were checked to see whether 
the changes in variance for each particular furnace 
could be assigned to chance alone. If not, it could 
reasonably be expected that there is some factor 
influencing the performance of the furnace that 
caused the differences in variation. The test is known 
as Bartlett’s test for homogeneity. The results may 
be expressed as a degree of significance. An insignifi- 
cant result means that the amount of difference can 
probably be assigned to chance alone, whereas a 
significant result means that probably some other 
factor causes the differences. It was found that only 
- furnace 3 was insignificant, furnaces 1 and 2 were 
highly significant, and furnace 5 was very highly 
so. This checks with the observation that furnace 3 
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was smooth. It would seem to mean that in furnaces 
1, 2, and 5 there was some variable that from time 
to time influenced the size of the raceway so as 
to make it more variable. The most obvious cause 
would be some minor hanging. There is reason to 
believe that interruptions to the smooth flow of solid 
can occur in such a way that the irregularities are 
ironed out within the stock column and do not show 
in the stockline movement. 

Experiments with models have been carried out 
in the laboratory in which coke particles were fed 
continuously through a simulated furnace to study 
the solid flow condition. In these models, it was 
found that when a furnace started to become rough 
the raceway no longer remained the same size but 
increased for a time and then collapsed, only to in- 
crease again. It therefore seemed reasonable that 
a smooth blast furnace should be characterized by 
reasonably steady raceway size and a rough one by 
irregularities in the raceway size. 

In view of this information, further data were 
obtained on furnace 5. This new test work covered 
a period of six days and probably represents the 
most thorough study ever made. The variance of 
the individual readings has been plotted in Fig. 5 
as a function of time. This figure shows that the 
curve of variances against time was somewhat 
irregular, as would be expected. However, it con- 
tains sorne notable peaks, the first occurring at 7 
a.m. on Sept. 7, 1955. At noon on Sept. 8, 1955, there 
seemed to be uncertainty. At midnight Sept. 8 to 
Sept. 9, 1955, there was another peak, which was 
much broader or longer in duration. It was followed 
by a valley, which in turn gave rise to a slow, steady 
rise over more than a 24-hr period, culminating in 
a high peak and sudden drop to the lowest point 
observed. 

Again drawing a parallel with the model experi- 
ments, it has been observed that if the solid charged 
to the model contains excessive fines there is a tend- 
ency for the raceway to become irregular and the 
fines to accumulate in the center of the furnace. 
Perhaps something would change slightly and then 
the furnace would appear to work smoothly for a 
while, although the center above the deadman was 
not in good condition. It would not take much under 
these conditions to make the furnace rough again 
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and the condition would be cured only when the 
furnace hung sufficiently for the raceway to become 
big enough for a large amount of the deadman to 
fall when the hang collapsed. In this way, poorly 
sized material in the center of the furnace would be 
dropped and the furnace would be working much 
more smoothly on new material. With this back- 
ground in mind, there is a question as to whether 
such a condition occurred in furnace 5 during the 
period between Sept. 6 and Sept. 11, 1955. However, 
there is little evidence in the pressure record of any 
unusual occurrences of this type. If it did occur, it 
is interesting to note the long period, nearly a week, 
over which this condition slowly developed. It 
would surely be of value to have some technique 
available for detecting it in its early stages. 

After studying Fig. 5, it is not surprising to learn 
that the variances when tested for homogeneity 
were highly significant. It is most reasonable to 
suppose that some disturbing factor, such as a hang, 
was influencing the furnace at some times. It was 
found that this set of data was about equally in- 
homogeneous with that taken on furnace 5 earlier. 


Summary and Conclusions 


Once the model results are accepted as applicable 
to the blast furnace, the effect of different variables 
on raceway size can be calculated. Although as yet 
there is no evidence on the optimum raceway size, 
this work has shown that changing to larger tuyeres 
may produce a considerably smaller raceway in one 
case and make little or no change in another. 

The agreement between the model work on race- 
“way size with the measurements taken on the blast 
furnace seems remarkable. The model work is all 
carried out without combustion and the enormous 
release of energy might be expected to affect the 
raceway size. Possibly there is some cancellation 
of different effects but it would seem that the model 
work cannot be far wrong. This of itself is a con- 
siderable step forward. 

As yet it cannot be taken as proved that there is 
any relation between the variance of the penetra- 
' tion readings and the roughness of the furnace, but 
this report at least raises the question. Unfortunately, 
the physical difficulty of taking these penetration 
readings probably rules out any thought of using 
them as a control measurement unless some me- 
chanical means is found to take them. If some such 
means could be tried, it might well give useful 
advance information on furnace irregularities. 


Appendix. Calculation of Slope of Curve of Penetration 
As a Function of Tuyere Size 


The relation shown in Figs. 2 and 3 of D/D, as a 
function of the complex term 


p ( A; 
(ps—p) ‘An 


has been drawn on logarithmic scale in order to get 
a wide range of the variables onto a single plot. 
However, had the figures been drawn on rectilinear 
coordinates, the line representing the band of points 
would have been nearly straight. Therefore the 
following relationship will hold to a reasonable 
approximation 


ps — 


where K, and K, are constants and the other symbols 
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are explained in the main report. The lines shown 
for the furnaces were obtained by assuming that 
this relationship held. 

Consider a case where all variables except the 
diameter of the tuyere D, are held constant, except 
that the total volumetric wind rate is held constant 
rather than the linear velocity. Then the terms on 
the right-hand side that will vary with D are V and 
A, where 


Ww 
A; 
and 
A 
J n 4 J 


where n is the number of tuyeres and W is the actual 
volumetric wind rate. Grouping all variables that 
are independent of D,; with K, to form K, gives 


D 
K, 
D, 
from which 
K, 
D K.D,. [2] 
IDs 


The slope of the curve of D against D; is obtained 
by differentiating Eq. 2, as follows 


dD KG 
= 


Ke 3 
dD, ID [ J 


It is also possible to find the value of D, correspond- 
ing to minimum raceway size. If the slope is equated 
to zero 


[4] 


D,) min — 
Writing out Eqs. 3 and 4 in full, that is, substituting 
for Ks, gives slope 


dD 8.49K, ( p ) 
dD, WAS Ps 


w 
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+ Ky 


and the tuyere diameter for minimum raceway size 


Dy) min = 
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Differential High-Temperature Sulfatization 
Of Cuyuna Manganese Ore 


This paper is confined to a discussion of some of the experimental work by the Bureau of Mines 


metallurgical staff at the North Centr 
Progress report describing a sulfur dio 
pilot-plant scale. Although individual 
a _unitized basis, further investigation 
rials from the Cuyuna range, Minnesot 


al Experiment Station, Minneapolis, and in particular to a 
xide-air roast process now under development on a small 
steps of this process have been carried out successfully on 
will be required on a variety of manganese-bearing mate- 
a, to obtain the data necessary for designing a continuous 


Process plant. Only the Cuyuna carbonate slate formation has been studied on a pilot-plant scale. 


by Charles Prasky 


) NERS five years ago the Bureau of Mines began 
a study, at Minneapolis, of the various methods 
for beneficiating the low-grade manganese deposits 
of the Cuyuna range. Several samples of green car- 
bonate slate from the Cuyuna range, containing 
about 7 pct Mn and about 28 pct Fe, were obtained 
for this study. The component minerals in the car- 
bonate slate formation were so intimately associated 
that mineral dressing methods were not suitable for 
concentrating manganese to a ferrograde product. 
Although upgrading of manganese and iron minerals 
has been effected by flotation methods, it appears 
that manganese cannot be separated froin iron ex- 
cept by chemical means. Because the flotation studies 
at Minneapolis were carried out simultaneously 
with the hydrometallurgical studies, only crude slate 
was available for process testing. 

An important economic consideration in selecting 
any one of the several chemical methods proposed 
for recovering ferrograde manganese is the avail- 
ability of the chemical reagent. Fortunately, large 
tonnages of sulfur are available on the Cuyuna 
range in low-grade pyrite and pyrrhotite deposits 
that are readily concentrated by flotation to a suit- 
able feed for a sulfide roasting furnace as indicated 
by a Bureau of Mines investigation in 1950-1951. 
The roasted residue from the sulfide concentrates is 
a potential source of marketable iron oxide. There- 
fore, if these sulfide deposits were employed in re- 
covering manganese, utilization of two heretofore 
unused mineral deposits would be accomplished. 

Laboratory investigations of several proposed 
leaching processes were made as a preliminary step 
in the investigation of hydrometallurgical methods 
for the treatment of Cuyuna carbonate slate using 
sulfur as a chemical reagent. From results obtained 
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in the laboratory tests, these leaching processes did 
not appear entirely suitable for treating Cuyuna 
carbonate slate. 

The method developed at the North Central Ex- 
periment Station and selected for a more intensive 
pilot-plant investigation has been termed the differ- 
ential high-temperature sulfatizing process. 

Essentially, this sulfatizing process consists of the 
following steps, described in the order in which the 
small-scale pilot-plant investigations were made. 
The first and perhaps most significant step in the 
process consists of a sulfate roast. Carbonate slate 
is roasted in an atmosphere of sulfur dioxide gas 
and air. The overall chemical reaction for convert- 
ing manganese carbonate to a sulfate at a high tem- 
perature in a sulfur dioxide atmosphere follows 


MnCo, + SO, + % O, = MnSO, + CO, 
(AH = —64,180 cal per g mol).” 


The need for concentrated sulfuric acid is avoided. 
Fine grinding is not essential. Removal of carbon 
dioxide from the slate during roasting produces a 
more porous structure and permits easier permea- 
tion by the sulfatizing gas mixture. The temperature 
limits for this conversion of manganese have been 
established as 600° and 850°C. Iron sulfate is un- 
stable and is not formed at these temperatures; 
phosphorus is not converted to a water-soluble 
form; and polythionates are not formed. 

The second step in the process consists simply of 
a water leach of the sulfatized product. Manganese 
sulfate in the sulfatized product is dissolved in 
water. Iron, phosphorus, and calcium remain in the 
leach residue as water-insoluble products. 

The third and final step consists of the recovery 
of ferrograde manganese oxide from manganese 
sulfate leach solution. Water is evaporated from the 
leach solution, and impure monohydrate crystals of 
manganese sulfate are recovered. The moist crystals 
are formed into pellets or extrusions and thermally 
decomposed to produce a ferrograde manganese 
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product, suitable for blast-furnace feed, and sulfur 
dioxide, which is returned to the sulfatizing furnace. 

A repetition of the three steps in the process, as 
follows, describes briefly how these steps were ap- 
plied on a unitized basis to the pilot-plant study. 

Preliminary, small-scale, batch studies of the dif- 
ferential sulfatization reaction step were conducted 
with an electrically heated stainless steel retort, sus- 
pended from a torsion balance. These batch tests 
were not a reproduction of larger continuous tests; 
they could be made in a much shorter time and 
were useful for determining the effect of process 
variables. 

Commercial refrigerant sulfur dioxide in cylinders 
was used in the sulfatizing gas mixture to expedite 
the laboratory investigations. Sulfur dioxide gas, 
diluted with nine parts of air, approximates the 
composition of a gas that could be readily produced 
in roasting pyrite and pyrrhotite concentrates. 

Although advantages of a fluidized-solids-type 
furnace were indicated for the sulfatizing reaction, 
an externally heated alloy shaft furnace was avail- 
able for immediate use, with only minor adapta- 
tions. Preliminary sulfatizing tests in this 8-in. by 
6-ft alloy shaft encouraged continuation of the study 
in a shaft furnace. Ten batch tests and two con- 
tinuous runs were made with this furnace. 

Products from the continuous test contained 85 to 
90 pct of the manganese as the soluble sulfate. 

There were no traces of phosphorus in the leach 
solutions of the furnace products, and manganese- 
iron ratios averaged about 25:1. The ratio of man- 
ganese to iron in the sulfatized material before 
leaching was 0.25:1. 

About 48 pct of the sulfur dioxide entering the 
system was recovered as soluble manganese sulfate. 
This utilization of sulfur dioxide was considered 
satisfactory in view of the short column of material 
treated. However, the need for a larger shaft fur- 
nace designed to carry out the sulfatizing reaction 
on a more practical basis was indicated. 

Preparations were therefore made for designing 
and constructing a 20-in. diam cylindrical shaft 
furnace in the Mines Experiment Building, on the 
University of Minnesota campus (Fig. 1). 

The refractory-lined, 23-ft, cylindrical column of 
this vertical furnace contains three zones. In de- 
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scending order, there is a 6-ft calcination zone at 
the top, a 12-ft sulfatization or reaction zone, and 
then a 5-ft soaking or cooling zone. Encircling the 
furnace at the bottom of the calcination zone is a 
combustion box fired with two gas burners. The 
combustion gases are introduced through four ports 
in the refractory lining of the furnace. Sulfatizing 
gas enters the furnace through the stainless steel 
manifold at the lower end of the 12-ft reaction zone 
and passes upward through the furnace, counter- 
current to the descending carbonate slate. Sulfatized 
material is discharged from the bottom of the fur- 
nace by means of a modified traveling-grate mecha- 
nism. 

Five continuous tests were made with this fur- 
nace. A burden of —%4-in. pellets prepared from 
—65-mesh carbonate slate was employed for the 
first four tests, and —%g-in. +6-mesh carbonate 
slate was used in the fifth test. After the material 
was fed into the top of the shaft furnace it was 
heated to a temperature of not more than 480°C. 
As the hot charge descended through the furnace, 
it was treated with sulfatizing gas in an amount not 
exceeding one and one-half times the stoichiometric 
manganese equivalent in the charge. The discharged 
product, which contained about 80 pct of the man- 
ganese as water-soluble manganese sulfate, was 
stored for subsequent use in pilot-plant leaching 
studies. 

After operating temperatures (600° to 850°C) 
had been reached in the furnace, it was no longer 
necessary to operate the gas-fired burners to main- 
tain temperatures. The heat of reaction of carbonate 
slate, treated with a countercurrent flow of sulfat- 
izing gas, was sufficient for maintaining a self- 
sustaining reaction. 

Several tons of an acceptable sulfatized product 
were stockpiled for leaching studies. In line with the 
unitized approach adopted in the pilot-plant de- 
velopment of the sulfatizing process, operation of 
the sulfatizing furnace was recessed temporarily 
while a more intensive investigation of the leaching 
of sulfatized products and the subsequent produc- 
tion of a ferrograde manganese product from the 
leach solution was undertaken. 

Preliminary pilot-plant leaching tests on the 
sulfatized products were made in a rubber-lined 
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agitator. Manganese sulfate in the sulfatized car- 
bonate slate was dissolved completely when leached 
with water at room temperature. The separation of 
10 to 20 pet manganese sulfate solution from the 
leach residue by vacuum filtration was too slow, 
however, due to plugging of the filter cloth. To 
facilitate operations, a box filter was constructed and 
used as a combined leach tank and filter. A charge 
of —6-mesh sulfatized ore and water was agitated 
by forcing compressed air upward through the filter 
cloth and ore. The ore charge was agitated suffi- 
ciently for good leaching and stratified so that, upon 
reversal of air pressure, the coarse fraction of the 
charge was in contact with the filter cloth. The 
filtering rate was very rapid under these conditions. 
To expedite pilot-plant operations leaching equip- 
ment was improvised for a more continuous opera- 
tion. Five 20-gal wooden barrels, each containing 
225 lb of —%-in. +6-mesh sulfatized slate, were 
connected in series. Fresh water was added to the 
top of the slate in the first barrel, and the percolat- 
ing leach liquor was removed by gravity from the 
bottom and added to the top of the next barrel in 
the series. Pregnant leach liquor was recovered from 
the fifth barrel in the countercurrent system. The 
sulfatized slate, containing about 6 pct soluble man- 
ganese, was leached at an average rate of 28 lb per 
hr; 0.66 lb of fresh water was required for each 
pound of slate. Leach liquor contained 102 gm Mn 
per 1, and the coarse leach residue retained about 
0.06 pct of soluble manganese. A feed material con- 
sisting of —%4-in. sulfatized pellets was leached 
with equal efficiency in this simulated counter- 
current-percolation system. 

The recovery of manganese sulfate monohydrate 
crystals from solution and the evaporation of water 
were accomplished in a gas-fired, submerged com- 
bustion unit, which was constructed in the shop. 
The evaporator consisted of a 9-gal, insulated, stain- 
less steel, cylindrical tank with a conical bottom, 
where the manganese sulfate leach liquor was 
heated by che submerged burner to an average tem- 
perature of about 90°C. Two openings at the top 
of the tank provided an entry for the burner and 
an exit for the exhaust gases. Thermocouples were 
installed to record exhaust gas, leach solution, and 
discharge-slurry temperatures. A floating valve with 
a mercury switch was used to control the liquid 
level in the tank. During operation a hot slurry of 
MnSO,:H.O crystals and concentrated leach liquor 
were removed from an opening in the conical 
bottom of the tank and directed onto a vacuum 
filter mounted directly below the tank assembly. 
MnSO,-H.O crystals remained on a canvas filter and 
the filtrate liquor was returned to the evaporator. 


During operation, the gas-fired stainless steel 
burner was completely submerged in the liquor. 
The burner consisted essentially of a 242-in. diam, 
8-in. long cylinder, which served as a combustion 
chamber. Combustion gases were exhausted through 
six holes in the bottom of the combustion chamber 
and bubbled through the liquor. A stainless-steel 
velocity tube connected the top of the combustion 
chamber with a flowmixer to which air and natural 
gas were fed. 

The MnSO,-H.O crystals obtained by vacuum 
filtration of the hot slurry from the evaporator con- 
tained about 15 pct of moisture and were plastic 
enough to be formed into pellets or fed directly to 
an extrusion press. Both sulfate pellets and extru- 
sions have been prepared. The pellets, or extrusions, 
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Fig. 2—6-in.-diam shaft furnace used in calcining sulfate 
pellets. 


Fig. 3—LEFT: Improved shaft furnace for calcining manga- 
nese sulfate pellets. RIGHT: Shaft furnace for sulfatizing 
manganese with sulfur dioxide gas from calcination furnace. 


or the filter cake when air-dried, formed a hard, 
dense, cementlike product that may be fed to a shaft 
furnace. 

In the decomposition studies of sulfate pellets, 
made in a small shaft furnace (Fig. 2), the sulfate 
pellets did not melt or stick together. Over 95 pct 
of the sulfur was removed, and the SO, content of 
the exhaust gases was 7 pct. A second pass through 
the furnace reduced the sulfur content of the pellets 
to about 0.2 pct, and the fired pellets contained over 
50 pet Mn with a Mn:Fe ratio of about 25:1. 

An improved shaft furnace designed for the de- 
composition of sulfate pellets is now under con- 
struction (Fig. 3). Future furnace studies will in- 
clude the effect of adding carbon to increase the rate 
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Fig. 4—Tentative flowsheet of 
high-temperature differential 
sulfatizing process. 


of decomposition and to raise the SO, content of the 
exhaust gases. A small sulfatizing shaft furnace is 
being installed and will be used to determine the 
feasibility of sulfatizing raw ore with sulfur dioxide 
gas from the decomposition of sulfate pellets. Both 
units will be in operation soon. 

Although a good deal of process development 
work on the sulfatizing process remains to be car- 
ried out, particularly in regard to the sulfate de- 
composition step, the preliminary operating results 
have been encouraging. An evaluation of these re- 
sults disclosed the following: 

1) A shaft furnace was suitable for converting 
Cuyuna manganese to a water-soluble sulfate. The 
amount of iron converted to sulfate was insignificant. 
The 12-ft reaction column of the 20-in. diam shaft 
was considered adequate for efficient utilization of 
sulfur. When operating conditions appeared opti- 
mum, no trace of sulfur dioxide or sulfur trioxide 
could be detected in the furnace exhaust gases. Fine 
grinding of Cuyuna carbonate slate was not essen- 
tial for the sulfatizing treatment; however, a feed 
for the sulfatizing roast consisting of fine, ground 
flotation concentrate may possibly be treated more 
efficiently in a fluidized-solids-type reactor. Future 
studies of the sulfatizing step should include the use 
of such a reactor. 

2) Fine grinding was not essential for extract- 
ing soluble manganese from the sulfatized material 
in a countercurrent-percolation system. Both coarse 
slate and pellets were leached efficiently in the 
pilot-plant simulated countercurrent-percolation 
system. Acid-resistant equipment will be required 
to handle the manganese sulfate solution, which has 
a pH of about 2. 

3) Evaporation of water and precipitation of 
the monohydrate crystals of manganese sulfate in 
a submerged-burner-type evaporator was satisfac- 
tory; thermal efficiency of the small pilot-plant unit 
was 78 pct. Any conventional vacuum filter or 
centrifuge should be adequate for separating the 
crystals, providing it is resistant to solutions hav- 
ing a pH of 1.0. 

4) Moist filter cake of manganese sulfate mono- 
hydrate may be fed to an extrusion press and a 
uniform product obtained suitable for feed to a shaft 
furnace. It is expected that the addition of lignite 
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to the sulfate extrusions will increase the rate of 
thermal decomposition and raise the sulfur dioxide 
content of the exhaust gases. 

5) Manganese oxide products obtained from the 
treatment of raw carbonate slate in the pilot plant 
contained 50 to 60 pet Mn. A product containing 
60 to 65 pct Mn probably can be obtained in a con- 
tinuous process plant. In addition to the carbonate 
slates, the Cuyuna brown and black formations will 
be treated, as well as a blend of the three general 
types. Magnesium, the largest contaminant in the 
manganese oxide product from carbonate slates, is 
present in smaller quantities in the marginal black 
and brown deposits. The slate materials contain as 
much as 3.50 pect MgO, whereas the marginal black 
and brown deposits contain about 0.6 pct MgO. 
Beneficiation of these materials before chemical 
processing might permit recovery of higher grade 
manganese oxide products low in MgO. 

The tentative flowsheet (Fig. 4) shows briefly 
how the sulfatization process can be adapted to the 
treatment of crude carbonate slate and marginal 
manganese oxide material. 

Iron oxide resulting from the roasting of pyrite 
and pyrrhotite concentrates for the production of 
sulfatizing gas, and iron oxide recovered from leach 
residue following extraction of soluble manganese, 
might be beneficiated to produce a marketable 
material. 

Pilot-mill studies of the sulfatizing process are 
being continued to determine more fully the prac- 
ticability of the procedures that are being developed 
and the amenability of a variety of manganiferous 
carbonate slates and oxidized materials from the 
Cuyuna range to these procedures. Future studies 
should include the process testing of manganese 
concentrates obtained from the low-grade materials 
by flotation methods to obtain more complete oper- 
ating data for commercial application and cost 
estimation. 
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Electron Probe Microanalyzer and Its Application 


To Ferrous Metallurgy 


by R. Castaing, J. Philibert, and C. Crussard 


/ eae described in this paper uses the 
properties of X-radiation, emitted by substances 
under electron bombardment, as a means of rapid 
chemical point analysis. The method is based upon 
the principles of emission X-ray spectrography 
pioneered by Moseley in 1913. 

A very finely focused beam of electrons—the 
electron probe—is projected on the surface of a 
sample, which has a very large area compared with 
the beam diameter, at the point where it is desired 
to know the chemical composition. The minute vol- 
ume of the sample which is thus irradiated emits 
a complex X-ray spectrum consisting principally of 
the characteristic radiations of the elements present 
in the volume. Measurement of the wavelength and 
intensity of each component of this spectrum thus 
affords a simple method of determining the chemical 
identity and concentration of these elements. 

The volume of sample which is analyzed at each 
position of the beam is limited by the diffusion of 
electrons in the sample. For an accelerating poten- 
tial of the electron beam of about 30 kv, which is 
a convenient value for producing the characteristic 
radiation, this diffusion extends over a diameter of 
about 1 » normal to the beam, and about 2 uw in the 
direction of the beam. Thus a beam of 1 y» in diame- 
ter leads to a volume of about 2 » in diameter being 
irradiated. The limits of the analyzed region are 
thus considerably smaller than those obtained by 
using spark or arc emission spectrometry, which 
must extend to about 50 » at right angles to the 
beam, and those obtained in X-ray fluorescence 
analysis, where the penetration of the specimen is 
considerably greater. 

The apparatus itself consists of three main parts: 
an electron optical system, an X-ray spectrograph 
and an optical microscope. The electron optical sys- 
tem consists of a tungsten cathode emitting the elec- 
trons, and a pair of magnetic lenses which focus the 
electron beam on the specimen to be analyzed. The 
specimen is prepared in the usual way, as in optical 
micrography. The X-radiation, emitted at the focal 
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Fig. 1—General layout of the electron probe microanalyzer. 


spot where the electrons strike the sample, is ana- 
lyzed with a curved crystal, Geiger-Muller counter, 
vacuum spectrograph. The light microscope, de- 
signed to observe the surface of the sample in the 
region to be analyzed, is provided with a reflecting 
objective placed on the axis of the second magnetic 
lens. Its magnification is X450. 

The quantitative determination of an element A 
in the analyzed region is made by measuring the 
intensity I, of a strong characteristic line of the ele- 
ment, as emitted from the sample, and then the 
intensity I1(A) of this same line as emitted from a 
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Fig. 3—Hadfield steel with segregation bands, annealed 2 hr 
at 850°C. Note that the impact spots are smaller than the 
black dots, due to a spreading of the contamination around 
the impact. Etched with nital. X450. Reduced approximately 
35 pct for reproduction. 
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Fig. 4—Manganese segregation in Hadfield steel. Zones of 
high manganese content (a, b, b’, and c) correspond to the 
carbide-containing bands, see Fig. 3. 
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Fig. 2—View of the open spec- 
trometer. 


piece of pure element A mounted near the sample. 
It can be shown, and this is one of the greatest ad- 
vantages of this technique, that the ratio I,/I(A) is 
to a first approximation equal to the concentration 
of element A in the sample. The comparison of these 
intensities of radiation of the same wavelength 
makes the method absolute, and avoids the use of 
standard alloys of composition covering a range of 
composition including that of the specimen. This 
factor is of prime importance if the method is to be 
of any practical use, since it would be impossible 
to make a series of standards which would be homo- 
geneous on the small scale required for this tech- 
nique. 

An exact analysis requires that corrections for 
self-absorption in the specimen and fluorescence 
radiation be made. Graphs and equations giving 
these corrections have been established and, after 
due allowance, it is possible to obtain a precision of 
about 1 pct for chemical analyses. 

The equipment described here, called hereafter 
a microanalyzer, enables the determination to be 
made of all the elements of atomic number greater 
than that of chlorine. It may be possible, by the 
use of special counters, to extend this limit down- 
ward in atomic number to include aluminium and 
magnesium. The analysis for very light elements, 
such as carbon, whose characteristic radiation is 
extremely soft, raises problems of technique which 
might make the method unsuitable for industrial 
use. 

This method of rapid chemical analysis has already 
found many uses in the field of metallography, and 
may also be extended to the study of non-conductors, 
providing these are first coated with a very thin 
metallic layer (about 3 mp thick), which makes the 
surface conductive. Thus an important field of ap- 
plication is opened up in mineralogy. The study of 
certain elements in marine sediments has already 
been successfully carried out with this equipment. 

It must be pointed out that the limit of resolution, 
normal to the beam, so far obtained (about 2 ,), is 
not inherent in the method itself, but results from 
the use of relatively thick samples. If very thin 
samples were used, such as can be obtained by ionic 
bombardment through which the beam could pass 
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without scattering, this limit could be decreased 
still further without the technique becoming signifi- 
cantly more complicated. 


Construction of the Apparatus and Preliminary Trials 


Two microanalyzers have been constructed at the 
Office National d’Etudes et Recherches Aéro- 
nautiques (ONERA) to the design of one of the 
authors.” * The cost of construction was borne by 
ONERA and IRSID (Institut de Recherches de la 
Sidérurgie), each of which now has one complete 
model in operation. The layout of the apparatus is 
shown in Figs. 1 and 2. 

The remainder of this paper is devoted to a de- 
scription of some preliminary tests which have been 
made at IRSID to establish some possible applica- 
tions in metallurgy. These were confined to studies 
of segregation, diffusion, identification and analysis 


of metallic phases and, finally, the microanalysis of 
minerals. 


Segregation of Manganese—Although manganese 
is reputed not to show major segregation, it has 
long been known from microradiographic studies 
that minor segregation occurs.’ A typical case of this 
is to be found in the banded structure of steels that 
contain a rather high percentage of manganese. 
Quantitative information on the degree of manga- 
nese segregation can be obtained with the equip- 
ment described. For the purposes of illustration two 
steels have been chosen. 

Tire Steel: The tire steel analyzed as follows: C, 
0.020 pct. 

The Comstock etch, which reveals the segregation 
of phosphorus, showed the typical structure of the 
bands of segregation. It is interesting here to note 
the presence of sulfides in the high phosphorus zones. 
Table I shows the results of the authors’ analyses 
for manganese and iron at different locations. 

These results show that, besides the regions of 
high manganese content resulting from the presence 
of sulfides, there is a considerable increase of man- 
ganese in the metallic matrix in the regions where 
phosphorus segregates. 

Hadfield Steel (12 Pct Mn, 1.28 Pct C): A thorough 
investigation of the decomposition of austenite in 
this steel* ° has led to the conclusion that manganese 
segregation should be important in this steel. For 


Fig. 5—Open-hearth steel scale; mechanical polishing. 1) 
metal; 2) FeO, ash grey; 3) FeS, yellowish grey; and 4) dark 
grey silicate. X1200. Reduced approximately 30 pct for repro- 
duction. 


TRANSACTIONS AIME 


A 
a 
fi. © © 
ZONE 
2 
fe & Cr 205 
Ni 
® 
ZONE 
1 
Ni-Cr 


Fig. 6—Schematic diagram of oxidation of a Ni-Cr alloy. 


that purpose, sections parallel to the axis of the rod 
have been examined by conventional micrography 
and with the microanalyzer. The banded structure 
is revealed markedly after an annealing at 850°C 
for 2 hr by carbides precipitated along some bands, 
as shown in Fig. 3. 

A row of black dots seen in the same figure repre- 
sents the successive impacts of the electron probe, 
when the sample has been analyzed in the appa- 
ratus. These impacts are due to contamination by 
an electron beam of increased intensity. 

Segregation has been observed along that line, 
Fig. 4. Zones of high manganese content correspond 


Table |. Manganese and Iron Contents 


Analyzed Region Pct Mn Pct Fe 
High phosphorus 1.4 
Medium phosphorus 0.9 to 1.1 
Low phosphorus 0.7 
Sulfide 42.5 20.5 


to the carbide-containing bands, but it should be 
noted that the reported manganese content corres- 
ponds to that of the matrix, and not to that of the 
carbides, which are richer in manganese. 

Selective Oxidation During Scaling—Scaling: 
Billets heated in an oil-fired furnace are coated with 
complex scales. With the microanalyzer, the various 
constituents can be studied, using a micrographic 
section. The photomicrograph of the interior of this 
scale, as found on a typical open-hearth billet (0.4 
pet C, 0.6 pet Mn, 0.31 pct Si, 0.22 pct Ni, 0.14 pct 
Cu), shows the existence of four phases, Fig. 5. The 
results of the analyses, shown in Table II, enable 
the phases from the iron (+ manganese) content to 
be identified, the approximate composition of the 
phases being known in advance. The identifications 
are given in the last column of the table. 

Considerable enrichment of nickel has been ob- 
served in the metal which is surrounded by oxides, 
sulfides, and silicates, whereas those phases them- 
selves contain no trace of nickel. An increase in the 
copper content has been found in the sulfide, while 
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Table II 


. Results of Analyses 


Analyzed Pct Pet Pct Pet Total of Identifi- 
Region Fe Mn Ni Cu Metals cation 
1—White 96 0 3 0.75 100 Metal 
2—Ash grey tie <0.5 0 0 77 to 77.5 Oxide:FeO 
3—Yellowish 
grey 62 <0.5 0 0.8 63 to 63.5 Sulfide:FeS 
4—Dark grey 52 1to1.5 0 0 53 Silicate 


none was observable in the oxide or in the silicate. 
Finally, manganese was found in the silicate. 

Internal Oxidation of Ni-Cr Alloys: In the field 
of studies of the oxidation mechanism of binary 
alloys of iron, nickel, or chromium,° analyses have 
been made of the products of oxidation of a Ni-Cr 
alloy (4.6 pct Cr). A section, perpendicular to the 
surface, shows three distinct zones: 1) metal, 2) 
metal + precipitates of Cr.O;, and 3) dense oxide, 
Fig. 6. 

From the analysis of zone 2 it has been verified 
that the only metal in the precipitates is chromium. 
In the metallic matrix the percentage of nickel 
varies progressively from 95 pct near zone 1 to 99 
or 99.5 pct near the oxide zone 3, which corresponds 
to a decrease in chromium due to Cr.O, precipita- 
tion. 

Identifying and Studying the Phase-Equilibrium 
Diagrams—It has been shown above, in the study 
of the scaling of billets, that the microanalyzer can 
be used for identifying phases of nearly stoichio- 
metric compounds. Further examples of this will 
be given for various substances, e.g., sulfides and 
carbides. It should be noted here that the micro- 
analysis of two phases in equilibrium makes the 
establishment of the equilibrium diagram possible 
with considerably fewer samples than with any 
previous method. 

Sulfides: Microanalyses have been made of two 
types of sulfides encountered in cast iron. The 
yellowish grey sulfides, the so-called iron-sulfides, 
contain 60 to 61 pct Fe and 2 to 3 pct Mn. The ash 
grey sulfides, or manganese-sulfides, contain 43 to 
25.5 pct Mn and 20 to 37.5 pct Fe. In both cases the 
total metal content is always about 63 pct. It is 
important to note that the iron-sulfide contains 
hardly any manganese, while the manganese-sulfide 


Fig. 7—Fe-30 pct Cr alloy annealed at 1050°C. Ferrite and 
carbides; electrolytic polishing. X700. Reduced approximately 
30 pct for reproduction. 
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often has a higher percentage of iron than of 
manganese. 

Carbides: In high-alloy steels the microanalyzer 
can be used to follow the growth of carbides during 
high-temperature heat treatment. 

A. High Speed Steel. Analyses have been, made 
of samples used (by J. Papier) in a study of high- 
speed steel of the type 18-4-2.7 The analysis of this 
steel gave, in weight percent: C, 0.8; W, 18.8; Cr, 
4.4; and V, 1.9. 

Here again a direct study of the metallic matrix 
was made whereas, in the usual method, which uses 
electrolytic extraction of carbides, the composition 
of the matrix has to be determined by difference. 

The samples have been treated in two ways: 
annealing at 1300° and at 1050°C. In the first case, 
the carbides were relatively large (about 5 »), while 
in the second case their dimensions were as small 
as the limit of resolution of the microanalyzer. 
Three elements, iron, tungsten, and chromium, have 


Table Ill. Results of Analyses 
Temperature 
of Heat 
Treatment Phase Pet Fe Pct W PctCr Total 

Matrix 84. 8.5 5 98 

1300°C Carbide 31.5 60 3 94.5 
Matrix 87.5 aro: 5 98 

1050°C Carbide 81.5 56 3 90.5 


been determined, and analyses for vanadium will 
be carried out shortly. 

The results in Table III refer to the complex car- 
bides of tungsten and to the matrix, excluding the 
small carbides (of vanadium). 

B. Austenitic Steel for Turbine Blades. Small 
precipitates were observed on a micrographic speci- 
men of an austenitic steel (for turbine blades) con- 
taining nickel, chromium, and cobalt, and a small 
percentage of molybdenum, tungsten, and colum- 
bium; these were carbides of columbium, this ele- 
ment being found in the precipitates only and not 
in the matrix. It was immediately verified that this 
was columbium and not tantalum. 

Fe-Cr Alloys: The results of G. Pomey on the 
o-transformation of Fe-Cr alloys*® show that for 
a 45 pet pure chromium alloy the percentage of iron 
and chromium in the a and o-phases (o formed by 
cold-working) are equal. These results have been 
confirmed. Thus, the transformation takes place 
without diffusion. 

By maintaining the temperature at 1050°C and 
using impure alloys, complex carbides of iron and 
of chromium can be formed, which redissolve only 
above 1200°C. For a 30 pct Cr alloy, annealed at 
1050°C, Fig. 7, it was found that the matrix was 
only slightly impoverished (28.5 pet Cr) but, within 
4 to 5 w of the carbides, the percentage of chromium 
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went down to 26 pct. The analysis 
ing composition for the 
ae which probably corresponds to the carbide 
_Studies of Diffusion—The microanalyzer is espe- 
cially useful in studying the interdiffusion between 
two metals, or alloys, at high temperature. With 
this apparatus, the penetration curves can be traced 
ae P sued: one concerning the 
iffusion couple Fe-Cu; the other, in collaboration 
with the Atomic Energy Commission, concerning 
the couple U-Zr. From these curves the diffusion 
coefficients, their variation with concentration, the 
activation energy, and (for diffusion in multiple 
phases) the limits of solubility, can be obtained. 

Both concentration penetration curves are given 
here in order to indicate the high degree of pre- 
cision the method can yield. 

1) For a general study of U-Zr diffusion, U-Zr 
couples formed by welding at 600°C under a high 
pressure have been utilized, and diffusion curves 
obtained in the temperature range where y-uranium 
dissolves in all proportions in §-zirconium.” 

Fig. 8 shows the penetration curve studied after 
a diffusion treatment of 4 hr at 1000°C. For these 
measurements, the Ka, rays of zirconium and La, 
rays of uranium were chosen. The diffusion co- 
efficient was observed to vary considerably with the 
atomic concentration C of zirconium. The values of 
the diffusion coefficient at C = 10 pct and C = 95 
pet are 3.2x10° sq cm per sec and 8.0x10™ sq cm 
per sec, respectively; the diffusion coefficient is also 
seen to pass through a minimum of 4.3x10™ sq cm 
Perasec atc: — 

2) The Fe-Cu couples were made by vacuum 
melting pure copper in pure iron crucibles above 
the temperature at which e«-phase is formed, i.e., 
above 1094°C.* 

The diffusion of copper in iron was seen to pro- 
ceed mainly along grain boundaries. After quench- 
ing and etching, each grain is seen to be surrounded 
by a succession of differently colored rings. The 
copper concentration in these aureoles have been 
measured from the interface Fe-Cu or from grain 
boundaries to the interior of the grains. Fig. 10 
shows the results obtained by a diffusion treatment 
of 64 hr at 1100°C. The solubility limit of copper 
in iron, measured very near the y/y + liquid inter- 
face, is seen to be 10 pct (in weight). 

The penetration of copper in iron indicated in the 
graph is measured along a direction in the plane of 


Table IV. Results of Oolite Analysis 


Iron Ore Analyzed Region Fe, Pct 

First oolite Black zones 5 to 44.5 
White zones 48.5 to 49.5 
Grey zones 45.5 to 46.5 
Central nucleus 

Second oolite Black zones z 
Dark grey zones 45.5 to 46.5 
White zones 48 to 49 


observation, but this plane is oblique to the plane 
of the interface. 

Studies of Iron Ore—lIt is possible to study non- 
conductors as well as metals, provided they receive 
a special preparation such as metallizing. 

Oolites, extracted from a Lorraine ore, were 
studied in this manner. These were first embedded in 
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Fig. 8—Concentration-penetration curve of U-Zr diffusion for 
48 hr at 1000°C. 
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plastic, and mechanically polished, Fig. 11. Analy- 
ses of the iron contents were made of the nucleus 
and the various concentric layers of the oolite, Table 
IV. The percentage of manganese in oolite is too 
low to permit precise measurements; however, it 
seems that the zones which are richest in iron are 
also the richest in manganese. 


Conclusion 

This short survey of the first results obtained 
with the fine-focus emission spectrometer demon- 
strates the great variety of its applications. It is 
possible to carry out local analyses of non-conductors 
(such as ores) as well as metals or alloys of one 
or more phases and, further, to measure all the 
variations of composition within one phase such as 
a segregate. The very light elements cannot be de- 
termined, as has been stated in the introduction. 
The microanalyzer has also been used to find the 
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Fig. 11—Oolite from the ore of Sainte-Barbe, embedded in 
plastic and mechanically polished. X150. Reduced approxi- 
mately 25 pct for reproduction. 


composition of non-metallic inclusions, of sulfides, 
carbides, and oxides formed by internal or surface 
oxidation. By analyzing the surrounding matrix, 
the distribution coefficient of various elements be- 


tween precipitates and matrix is automatically 
obtained. If the precipitates have been obtained by 
prolonged annealing at a fixed temperature, it is 
easy to establish the equilibrium diagram. 
Experience has shown that the accuracy of these 
analyses is excellent. The relative error is about i 
pet for percentages which are not too low. The 
detection threshold of an element seems to be at 
concentrations of about 0.2 to 0.3 pct. 
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Oxidation of Zirconium Between 400° and 800°C 


The vacuum microbalance method is used to study the oxidation reaction for two surface prep- 
arations over the temperature range of 400° to 800°C. The results fit in well with the authors pre- 
vious work at temperatures of 200° to 425°C and with the work of other groups at higher tempera- 
tures. An analysis of the rate data shows that the cubic rate law fits the experimental data best 
for the abraded specimens. However, the parabolic rate law can be fitted to the data if an initial 
deviation is disregarded. With chemically polished specimens, a good fit is obtained with the para- 
bolic rate law. The parabolic rate law constant A gives two straight lines when plotted as log A vs 
1/T. For the temperature range of 200° to 525°C an energy of activation of 18,200 cal per mol is 
calculated while a value of 28,600 cal per mol is calculated for the temperature range of 525° to 
750°C. The results of this work bring together the previously determined high-temperature oxida- 
tion studies of Cubicciotti with the early low-temperature studies of Gulbransen and Andrew. 


by Earl A. Gulbransen and Kenneth F. Andrew 


ye oxidation of zirconium has been studied by 
several groups.” The present work extends our 
early study* to the high-temperature studies of 
Cubicciotti’ and Belle and Mallett.’ Gulbransen and 
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Andrew’ showed that the parabolic rate law fitted 
the 2-hr experiments between 200° and 425°C after 
an initial deviation. An energy of activation of 
18,200 cal per mol was calculated. Cubicciotti,? in a 
study between 593° and 880°C, showed that the 
parabolic rate law fitted the data and an energy of 
activation of 32,000 cal per mol was calculated. In 
contrast to these studies on sheet specimens, Belle 
and Mallett*® studied the oxidation reaction on rod 
specimens and found a cubic rate law to fit the data. 
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In view of the growing importance of zirconium 
and its alloys as metallurgical materials, this work 
was undertaken with three purposes in view: 1) to 
study the reaction between 400° and 800°C to ascer- 
tain if a change occurs in the reaction mechanism 
between 400° and 600°C; 2) to test the application 
of the cubic and parabolic rate laws to the data for 
long-time oxidations and for specimens of varying 
surface preparation; and 3) to test the mechanism 


of the reaction by the use of theoretical rate expres- 
sions. 


Experimental 


The vacuum microbalance method was used in 
this work.” ’ To extend the range of our earlier 
work, smaller specimens were used together with a 
specially constructed low-sensitivity microbalance. 
The balance had a sensitivity of 0.21 x 10° cm per 
vg weight change. Weight changes were estimated 
to 1.5 pg. 

A gas-tight mullite furnace tube was used to 
enclose the sample.* This tube was sealed directly 
to the all-glass vacuum system. Pressures of less 
than 10° mm Hg could be achieved in the system.‘ 

To minimize reaction of zirconium with the gases 
present in the vacuum system during the heat-up 
period, the specimen and furnace tube were evacu- 
ated at room temperature for 16 hr at pressures of 
less than 10° mm Hg. After raising the furnace 
around the furnace tube, purified oxygen’ was added 
as soon as thermal equilibrium was established. 

Table I shows the spectrographic analyses of the 
hafnium-free grade of zirconium. 

Three specimen sizes were used. The 0.5000-g 
specimens had surface areas of 11.3 to 12 sq cm and 
a thickness of 0.0127 cm, the 0.2500-g specimens had 
surface areas of about 6.5 sq cm, and the 0.1000-g 
specimens had surface areas of 2.5 sq cm. The sam- 
ples were abraded and cleaned following procedures 
used in earlier studies.* 

Some of the specimens were chemically polished 
in a special acid bath having a composition 45 pct 
HNO,, 10 pet HF, and 45 pct H.O. 


Results and Discussion 

Figs. 1 to 3 show the results of the oxidation ex- 
periments. In these figures the weight gain in micro- 
grams per square centimeter is plotted as a func- 
tion of the time in minutes. An oxygen pressure of 
7.6 cm Hg and oxidation times of 6 hr are used for 
all of the experiments. 

To convert the weight gain in micrograms per 
square centimeter to thickness in Angstrom units, 
a factor of 61.5 is used. This factor is calculated 
from the crystal structure of the oxide,’ assuming a 
surface roughness ratio of unity. The reproduci- 
bility of the data is 10 to 25 pct below 500°C and 
5 to 10 pet above 500°C. 

Abraded Surface Treatment—Fig. 1 shows weight 
gain curves for the temperature range of 450° to 
750°C. A rapid initial rate of reaction occurs with 
the rate of reaction decreasing as the oxide thickens. 
Table II shows a summary of the thickness data 
after 6 hr of reaction, together with the color of the 
oxide film. All of the oxide films adhered to the 
metal on cooling. At 750°C the oxide grew to a 
thickness of 125,000A in 6 hr. This corresponds to 
20 pct reaction of the specimen. 

At 800°C an extremely rapid reaction occurred. 
Before an observation could be made on the weight 
gain after adding oxygen, the specimen and sup- 
porting wire melted and fell to the bottom of the 
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Fig. 1—Reaction of zirconium with oxygen at 450° to 750°C; 
7.6 cm of Hg of Os, abraded through 4/0. A, 750°; B, 700°; 
C, 650°; D, 600°; E, 550°; F, 500°; and G, 450°C. 
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Fig. 2—Effect of temperature on oxidation of chemically 
polished zirconium; 7.6 cm of Hg of Os. A, 500°; B, 450°; 
and C, 400°C. 
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Fig. 3—Effect of temperature on oxidation of chemically 
polished zirconium; 7.6 cm of Hg of O2. A, 700°; B, 600°; 
and C, 550°C. 
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Fig. 4—Oxidation of zirconium (cubic plot) at 500°C; 7.6 
cm of Hg of Os, abraded through 4/0. 
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Fig. 5—Oxidation of zirconium (parabolic plot) at 500°C; 
7.6 cm of Hg of O:, abraded through 4/0. A equals 1.48x10-2 
(g per sq cm)* per sec. 
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Fig. 6—Oxidation of zirconium (cubic plot) at 700°C; 7.6 
cm of Hg. O», abraded through 4/0. 
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Fig. 7—Oxidation of zirconium (parabolic plot) at 750°C; 
7.6 cm of Hg of Os, abraded through 4/0. A equals 1.42x10-° 
(g per sq cm)” per sec. 
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Fig. 8—Oxidation of chemically polished zirconium (parabolic 
plot) at 550°C; 7.6 cm of Hg of Os. A equals 2.89x10-” 
(g per sq cm)* per sec. 
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furnace tube. This type of spontaneous ignition of 
zirconium has been reported by Hayes and Roberson” 
using thicker specimens at 1000°C. 

Spontaneous ignition results from the rapid rate 
of oxidation, the high heat of formation of the 
oxide," and the high surface-to-mass ratio for 5-mil- 
strip specimens. 

Chemically Polished Specimens—Figs. 2 and 3 
show weight gain curves for the temperature ranges 
of 400° to 500°C and 550° to 700°C, respectively. 
Typical oxidation curves are obtained. However, the 
rates of oxidation are smaller than those obtained 
on abraded specimens for the same temperatures. 
We attribute the lower rates of oxidation to the 
smoother surfaces formed by chemical polishing and 
to the presence of a passive oxide film formed in the 
chemical polishing process.” 

Table II summarizes the 6-hr oxide film thickness 
data and the color of the oxide film for the chemi- 
cally polished specimens. 

Rate Law Correlation—Both the cubic rate law 
and the parabolic rate law have been used to explain 
the oxidation rate data on zirconium.** The cubic 
rate law states 


At +C. 


Here A’ and C’ are constants, t is the time, and W 
is the weight gain. Mott and Cabrera” derived this 
law from physical principles for a limited thickness 
range. No general derivation for a wide range of 
film thicknesses has been given. 

The parabolic rate law states 


= At+C. 


Here A and C are constants and the other symbols 
have the same meaning as in the previous equation. 


Table I, Spectrographic Analyses of Zirconium 


Element Wt Pct 
Si 0.002 
Fe 0.015 
Al 0.007 
Hf 0.009 
Cu 0.0006 
Ti 0.001 
Ca <0.05 
Mn <0.001 
Mg <0.001 
Pb 0.002 
Mo <0.001 
Ni 0.002 
Cr 0.001 
Sn <0.001 
Co <0.0005 
B 0.00005 
Cd <0.00005 


Wagner and Griinewald“ and later Mott” derived 
this equation from fundamental physical principles. 

Two points of view may be taken in applying rate 
laws to the experimental data. First, from a prac- 
tical point of view one may be interested in finding 
the best empirical rate law. Second, from a theo- 
retical point of view one may be interested in inter- 
preting the mechanism of the reaction. In the latter 
case it is essential to realize that the properties of 
the oxide and the surface depend upon the initial 
pre-treatment and the amount of reaction. Thus, it 
is difficult to interpret theoretically the initial stage 
of oxidation in terms of the physical and chemical 
properties of thicker oxide films. 

At least five factors may affect the initial stages 
of the reaction. 1) The surface area exposed to the 
reacting gas decreases as oxidation proceeds. 2) The 
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surface temperature may vary due to the rapid 
initial reaction. 3) Certain impurities may concen- 
trate in the oxide during the initial stages of the 
reaction. 4) The crystallite size of the oxide changes 
rapidly during the initial stages of the reaction. 
5) The metal may be covered with an oxide film of 
variable thickness and properties. 

To test the fit of the two rate laws, plots are made 
of the experimental data. Fig. 4 shows a plot to test 
the cubic rate law. Here the weight gain cubed is 
plotted against time. Fig. 5 shows a test of the 
parabolic rate law. Here the weight gain squared 
is plotted against time. These figures and Table II 
show that the cubic rate law gives a better fit to 
the data for the experiments on abraded specimens 
between 400° and 650°C. 

Figs. 6 and 7 show cubic and parabolic rate law 
plots for the 700°C oxidation of abraded specimens. 
An initial deviation is found for the parabolic rate 
law plot while the cubic rate law plot shows a 


Table II. Thickness and Color of the Oxide Films Formed 
on Zirconium 


Oxide Thickness* 


Temper- per 

ature,°C Sq Cm A Color Rate Law 

Abraded 
450 126 7,750 Blue-black Cubic 
475 160 9,840 Blue-black Cubic 
500 207 12,730 Blue-black Cubic 
525 264 16,240 Blue-black Cubic 
550 361 22,200 Blue-black Cubic 
600 530 32,600 Blue-black Both cubic and 
650 880 54,100 Blue-black parabolic iaws 
700 1310 80,570 Blue-black show deviations 
750 1850 113,800 Black 
800 Runaway reaction; specimen melted. 

Chemi- 

cally 

Polished 
400 22.6 1,390 Green-pink Parabolic 
450 512 3,150 Metal gray Parabolic 
450 59.1 3,630 Metal gray Parabolic 
500 112 6,890 Metal gray Parabolic 
550 254 15,600 Metal gray Parabolic 
600 449 27,600 Metal gray Parabolic 
700 1270 78,100 Metal gray Both cubic and 


parabolic laws 
show deviations 


* For 6-hr experiments. 


steadily increasing slope. Similar deviations of the 
rate laws are found for the 750°C experiment. 

We conclude that for practical predictions the 
cubic rate law gives the best correlation. 

For the chemically polished specimens, Table II 
summarizes the fit of the two rate laws. Figs. 8 and 
9 shows the parabolic rate law plots for the 550° 
and 700°C experiments. An excellent fit is found 
for the 550°C experiment. At 700°C the data only 
fit the rate law after a reaction time of 140 min. 

The good fit to the parabolic rate law below 600°C 
for these specimens is probably due to the lower 
surface roughness of the specimen and to the pres- 
ence of a passive film which limits the initial rate 
of reaction. Mathematically, the parabolic rate law 
predicts a slower initial rate of reaction than the 
cubic rate law. It would be expected, therefore, that 
the parabolic rate law would explain the oxidation 
of chemically polished specimens, with the cubic 
rate law giving a better fit for the abraded speci- 
mens. 

- Temperature Coefficient—Table III shows a sum- 
mary of the parabolic rate law constants for the 
two surface preparations, while Fig. 10 shows a plot 
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Fig. 9—Oxidation of chemically polished zirconium (para- 
bolic plot) at 700°C; 7.6 cm of Hg of Oz, abraded through 
4/0. A equals 6.2x10-" (g per sq cm)? per sec. 


of the logarithm of the rate law constant against 
1/T. The results of the present study are shown 
together with the results of our earlier work’ and 
those of Cubicciotti.” The figure shows that the 
abraded and chemically polished specimens oxidize 
at nearly the same rate for temperatures of 600°C 
and higher. At lower temperatures, the chemically 
polished specimens react at a much lower rate. The 
high temperature results are in fair agreement with 
those of Cubicciotti,’ considering the fact that a 
different quality of zirconium was used as well as 
a different experimental method. 

The results on the abraded specimens of Fig. 10 
are explained by two straight lines. Below 525°C 
a heat of activation of 18,200 cal per mo! is calcu- 
lated while a heat of activation of 28,600 cal is 
calculated for the data between 525° and 750°C. The 
reason for the break in the plot at 525°C is not 
understood. 


Theoretical 

One method to establish the mechanism of the 
oxidation reaction is to apply theoretical rate laws 
to the data and test the agreement. In our earlier 
paper’ we applied the transition state theory of 
oxidation” to interpret the parabolic rate laws. 
Using the experimental value of 18,200 cal per mol 
for the heat of activation an entropy of activation 
of —25.6 cal per mol per °C was calculated. The 
negative entropy of activation was interpreted in 
terms of diffusion occurring at oxide grain bound- 
aries rather than through the oxide lattice. 

With the restatement of the classical theory of 
diffusion by Zener,” it has been possible to clarify 
the processes involved in oxidation and diffusion 
and to interpret the entropies and heats of activa- 
tion experimentally observed in terms of assumed 
models. 

Two types of processes are involved in oxidation: 
thermodynamic processes which involve the free 
energy of formation of a vacancy or interstitial 
defect AF°, and rate processes which involve a free 
energy of activation of diffusion AF*. For oxidation 
reactions where the parabolic rate law has been 
found to fit the data, it is possible to set down sev- 
eral mechanisms for the reaction depending upon 
the details of forming defects by which reactions 
occur. 

Mechanisms for the Oxidation—Four mechanisms 
have been proposed for the oxidation of metals. 
These are: 1) migration of anions via anion vacan- 
cies, 2) migration of cations via cation vacancies, 
3) migration of anions via interstitial sites, and 
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4) migration of cations via interstitial sites. Mecha- 
nism 1 has been proposed to be rate controlling with 
the vacancies being formed at the metal-oxide inter- 
face. Before discussing these mechanisms further, 
it is important to consider the crystal structure of 
LA 

Structure of ZrO., Vacancies, and _ Intersitial 
Holes—Electron diffraction studies by Hickman and 
Gulbransen’ have shown the formation of mono- 
clinic ZrO, when zirconium is oxidized. The mono- 
clinic lattice is a distorted form of the fluorite struc- 
ture. The oxygen ions in ZrO, are in a close-packed 
arrangement with oxygen spacings of 2.6 to 2.7A. 
Every other distorted cube of eight oxygen ions 
contains a zirconium ion. 

Since the oxygen ions are in a close-packed 
arrangement, it would be extremely difficult for 
another oxygen ion or atom to occupy the center 
of this close-packed group. From a structural view- 
point, the migration of anions interstially is rather 
improbable. 

The evidence to support the existence and diffu- 
sion of anion vacancies is the fact that inert markers 
placed on the metal surface remain on the surface 
during oxidation® and to the fact that the oxide 
may contain less oxygen (or more metal) than the 
stoichiometric amount. To maintain electrical neu- 
trality, two zirconium ions near the anion vacancy 
must assume a charge of +3 instead of +4. 

In the fluorite structure, the interstitial sites for 
cation diffusion are the same as those discussed for 


Table III. Parabolic Rate Law Constants Abraded and Chemical 
Polished Surfaces (New Data) 


Chemically 


Polished, Abraded, 
Temper- A (G per Sq cm)2 A (G per Sq Cm)? 
ature, °C per Sec per Sec 
400 2.11x10-14 — 
450 1.41x10-18 5.60x10-13 
1.08x10-13 9.55x10-18 
475 — 8.94x10-18 
500 5.70x10-13 1.48x10-2 
525 —_— 2.70x10-2 
550 2.89x10-2 4.88x10-2 
600 8.44x10-2 1.08x10-11 
650 3.01x10- 
700 6.20x10-0 6.80x10-4 
750 1.42x10-10 
800 — Ignited 


interstitial oxygen ion diffusion. The six adjacent 
distorted cubes of oxygen ions to a Zr** ion are 
vacant. The thermodynamic evidence suggests that 
the Zr“ ion is strongly bonded to the neighboring 
oxygen ions. 

Cation vacancies are formed by solution of oxygen 
in the lattice and the removal of a Zr** ion. To 
maintain electrical neutrality, four neighboring O* 
ions may give up an electron forming O*. 

To simplify the use of rate theory in evaluating 
the mechanism of oxidation, we will consider the 
details of two most probable oxidation mechanisms: 
1) anion diffusion via anion vacancies, and 2) cation 
diffusion via cation vacancies. Cation diffusion via 
interstitial sites can be classed with mechanism 1 
since the entropy of the formation of an interstitial 
ion is probably small. In contrast, mechanism 2 
involves a rather large entropy change for the 
formation of defects. 

Fig. 11 shows the two possible mechanisms con- 
sidered here for the oxidation of zirconium and the 
defect equations. 
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Parabolic Rate Law Equations—Using the classi- 
cal theory of oxidation and diffusion,” we can derive 
theoretical expressions for the parabolic rate law 
constant A. 

Assuming anion diffusion with the vacancies 
formed by mechanism A of Fig. 11, we have the 
following expression based on 1 g atom of oxygen 
reacting with the metal. 


AS°/3 + AS* 
A = 1.260Nva’*y exp | ( = ) | 


Assuming cation diffusion with vacancies formed 
by mechanism B of Fig. 11, we have the following 
expression based on 1 g atom of oxygen reacting 
with the metal. 


(AS°/2.5 + AS*) 
R 


— (AH°/2.5 + AH*) | 1/5 
6 JE 2 
p RT [2] 


A = 0.660Nva’y exp [ 


Here © is the volume of oxide formed per ion 
diffusing through the lattice, P is the pressure of O.,, 
N is the number of anion or cation sites per cubic 
centimeter, v is the frequency of vibration along the 
reaction path, a is the distance between diffusing 
sites, y is a constant determined by the geometry 
of the jump processes and AS* and AH* are the 
entropy and heat of activation of diffusion. AS° and 
AH® are the entropy and heat of formation of 1 g 
atom of oxide following mechanisms A and B of 
Fig. 9. The factors 3 and 2.5 by which AS° and AH° 
are divided arise from the number of defects formed 
per gram atom of oxide formed. 

Except for numerical constants and the pressure 
of oxygen in equation 2, these expressions are 
similar. 

In the discussion that follows we shall estimate 
the entropy of defect formation for the two proc- 
esses. The other quantities in the rate expressions 
are determined from the structure of the oxide. 
Since the heat of formation of defects plus the heat 
of activation of diffusion are determined experi- 
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Fig. 10—Log A vs 
1/T oxidation of 
zirconium. = 
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AHp-» = 32,000 cal 
per mol, according [ 
to Cubicciotti.” 

1.0 1.2 1.4 1.6 1.8 
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mentally, the only undetermined quantity is the 
entropy of activation of diffusion. This can be calcu- 
lated experimentally from the rate expression. Ac- 
cording to the Zener picture of diffusion.” the entropy 
of activation of diffusion must take on positive 
values for normal diffusion processes. 


Calculation of Absolute Rate of Oxidation of Zir- 


conium—The following steps are used to evaluate 
the parabolic rate law constant A. 


1) The frequency » is evaluated from the Debye 
temperature 6, by the equation 


k 
Vmax = Op 


h 


Here k is Planck’s constant and h is Boltzman’s con- 
stant. Appendix 1 shows the calculation. 

2) y, a@,Q and N are determined from the struc- 
ture of ZrO.,. 

3) AH* + AH* are determined as a sum from the 
experimental plot of log A vs 1/T. Fig. 10 shows 
two values of AH’ + AH*. These are 18,200 cal per 
mol for the temperature range of 200° to 550°C and 
28,600 cal per mol for the temperature range of 
590° 10.750°C. 

4) AS° can be estimated from two considera- 
tions: a) entropy change assuming no distortion of 
the ZrO, lattice; or b) entropy change of distortion 
of the ZrO, due to the formation of the vacancy and 
other lattice defects. Gulbransen and Andrew have 
made these calculations in detail for NiO.” Appendix 
2 shows the calculation of AS° for the two processes 
of forming vacancies. 

5) AS*, the entropy of activation of diffusion has 
been shown by Zener to take on positive values for 
lattice diffusion. AS* may be evaluated theoreti- 
cally.“ * However, the accuracy of the experi- 
mental data does not warrant the calculation. We 
judge a mechanism as a probable one if a small 
positive value is obtained for AS”. 

Correlation with Theory—Table IV summarizes 
the experimental and calculated values for the para- 
bolic rate law constants, the heats, entropies, and 
free energies of activation as evaluated from the 
theoretical rate expressions. The results for the two 
mechanisms are given for the temperature range of 
10-150 

Table V summarizes the results of the calculations 
on AS° and AS* for the two processes. Since our 
criterion of a fit of the mechanism is a positive value 
for AS*, the cation diffusion process gives the best 
agreement with the data. This result is surprising 
since previous work has suggested anion diffusion 
as the rate controlling mechanism.” 

The results at 200° to 525°C are difficult to inter- 
pret on the basis of lattice diffusion. The negative 
values of AS* may be interpreted on the basis of 
diffusion at grain boundaries or other short circuit- 
ing paths in the oxide. This has been discussed in 
an earlier paper.” 


Summary 

The oxidation of zirconium has been studied over 
the temperature range of 400° to 800°C. The results 
on abraded specimens can be fitted best to the cubic 
rate law. However, the results on chemically polished 
specimens can be fitted to the parabolic rate law. 
The temperature dependence of the parabolic rate 
law leads to an energy of activation of 18,200 cal 
per mol between 200° and 525°C. Above this tem- 
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Fig. 11—Two mechanisms of oxdiation of zirconium. 


perature the calculated energy of activation is 28,600 
cal per mol. 

The oxide film adheres to the surface up to a 
temperature of 800°C where spontaneous ignition 
occurred. In general, the specimens given a chemi- 
cally polished treatment reacted at a slower rate 
with oxygen than the abraded specimens. 

The classical theory of oxidation and diffusion is 
applied to the data assuming two mechanisms of 
reactions. A fit is obtained with a mechanism based 
on the diffusion of zirconium ions in cation vacan- 
cles. 


Appendix 1—Frequency of Vibration of O*-O* and 
Bonds in ZrO. 


Let us assume that the atoms in ZrO, are acting 
as harmonic oscillators and that Hooke’s law governs 
the interactions. It is necessary to assume that the 
calculated frequency is characteristic of the move- 
ment of O* ions and Zr** ions in the lattice. The 
assumption of harmonic oscillators is a reasonable 
one as the atoms spend the great bulk of their time 
in these energy states. 

The value of the frequency vx is calculated from 
the characteristic Debye temperature 4p, 


h Vmax 


k 


Here k is Boitzman’s constant and h is Planck’s con- 
stant. For ZrO., 0) is 345," which gives a value of 
Of 1.25 10° vibrations! per sec: 


Appendix 2—Entropy of Vacancy Formation 


Cation Vacancies—According to the model of Fig. 
11, the vacancies are formed by the defect equation 
% O,(g) —™% ZrO, % Zr (x) + 2 (y). 
Here Zr (x) refers to cation vacancy and (y) is a 
positive hole. Since zirconium has only four valence 
electrons, the positive hole may be associated with 

an O* site giving 

The entropy of ZrO.” ™ at 873°K is 22.94 cal per 
mol per °C. The entropy of the 20° in ZrO, is as- 
sumed to be two thirds of 22.94 or 15.30 cal per mol 
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Table IV. Parabolic Rate Law Constants, Entropies, Heats and Free Energies of Activation As Calculated by the 
Two Mechanisms in Abraded Specimens 


AS°® + AS* 
AH® + AH* —T(AS° + AS*) 
Temper- A, Sq 2.5 Cal per Mol 2.5 AF, 
ature, °C Cm per Sec Cal per Mol per °C Cal per Mol Cal per Mol 
Anion diffusion 
525 1.00x10-%2 28,600 —9.1 7260 35,860 
550 1.82x10-2 28,600 —8.7 7160 35,760 
600 4.02x10-2 28,600 —9.3 8120 36,720 
650 1.12x10- 28,600 —8.8 8120 36,720 
700 2.53x10-1 28,600 —9.1 8850 37,450 
750 5.28x10-41 28,600 —9 8310 37,910 
AS° + AS* 
Temper- A, Sq 3 Cal per Mol 3 AF, 
ature, °C Cm per Sec Cal per Mol per °C Cal per Mol Cal per Mol 
Cation diffusion 
525 1.00x10-12 28,600 —6.9 5510 34,110 
550 1.82x10-2 28,600 —6.5 5350 33,950 
600 4.02x10-2 28,600 —7.1 6200 34,800 
650 1.12x10-4 28,600 —6.4 5910 34,510 
700 2.53x10-1 28,600 —6.9 6710 35,310 
750 5.28x10-4 28,600 — 7060 35,660 


per °C. On the basis of 1 g atom of oxygen ions, 
this is 7.65 cal per °C. 

The entropy of 1 g atom of oxygen™ at 873°K is 
28.55 cal per °C. For the above reaction the entropy 
change is —20.9 cal per g atom per °C. 

The total entropy change is made up of two 
terms: 1) the entropy change without lattice dis- 
tortion, and 2) the entropy change associated with 
the two types of distortion. For solution of 1 g atom 
of oxygen in NiO the authors have shown that this 
entropy term amounts to —2.3 cal per mol. We shall 
assume the same value for the zirconium reaction. 
Since 2.5 defects are involved, the effect of the dis- 


Table V. Summary of Oxidation Data 


Anion Diffusion Cation Diffusion 


200° to 
525°C 


525° to 
750°C 


200° to 
525°C 


525° to 
750°C 


(AH® + AH*) 


3 
(experimental) 
cal per mol 
(0.4 AH® + AH*) 
(experimental) 
cal per mol 
(AS® + AS*) 
3 
(experimental) 
cal per mol 
per °C 
(0.4 AS® + AS*) — 
(experimental) 
cal per mol 


18,200 28,600 


18,200 28,600 


—21.9 —9.0 


—19.6 —6.7 


per °C 
AS® (theory) —0.6 —0.6 


3 
0.4 (theory) 


AS* (experimental) —21.3 —8.4 


tortion entropy term on the calculation is minor. 
If we assume this value for the distortion effect the 
total entropy change associated with 1 g atom of 
oxygen is —20.9 + (—2.3) or —23.2 cal per °C. The 
entropy change per mol of defects is --9.3 cal per °C. 

Anion Vacancies—The entropy of % g atom of the 
metal is 8.2 cal per °C, while the entropy of 1 g 
atom of zirconium in ZrO, is 7.65 cal per °C, as- 
suming that the zirconium ions contribute one third 
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of the entropy in ZrO... We assume the entropy 
associated with the quasi-free electron to be small. 
The entropy change for the reaction above without 
distortion is —0.55 cal per °C. Adding the entropy 
change of —1.3 cal per g atom per °C for the forma- 
tion of an anion defect, assuming the value to be 
similar to that for a cation defect, we have —1.9 cal 
for the above reaction. Since three defects are in- 
volved, the entropy change per g atom of defects 
is —0.6 entropy units. This calculation is very ap- 
proximate. However, the entropy change associated 
with this particular mechanism is small. 
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Prot Fatigue Study of an Aircraft Steel in The 
Ultra High Strength Range 


Fatigue properties were determined, using the Prot method, for a Ni-Cr-Mo-V steel 
(AMS-6434) in the ultra high tensile strength range up to 280 ksi. A useful Hata 
fatigue strength of carefully ground specimens was found up to about 240 ksi tensile 
strength with an endurance ratio of from 0.40 to 0.42. Above this level the fatigue strength 
appeared to level off, or drop slightly. Comparison with the Wohler method showed worth- 
while Savings in specimens and test time through use of the Prot progressively increas- 
ing load method. Some trend for failure stress to decrease as inclusion size increased 


was noted. 


by P. W. Ramsey and D. P. Kedzie 


NCREASING demand for improved strength- 

weight ratios made on aircraft structures has 
resulted in a gradual increase in the tensile strength 
requirements for steels used in such applications. 
As the cyclic loads often are more critical than static 
loads, and the fatigue properties are generally the 
design criteria, the question arises as to whether an 
improvement in fatigue properties accompanies the 
increased tensile strength. 

The present investigation was undertaken to deter- 
mine the relationship between fatigue and tensile 
properties for an aircraft quality steel in the 155 to 
280 ksi (1000 psi) tensile strength range, using the 
Prot method of fatigue testing. 


Procedure and Results 


After preliminary work to establish proper heat 
treating procedures for this heat of aircraft quality 
electric furnace steel (a Ni-Cr-Mo-V steel,* AMS- 

* Aeronautical Material Specification (SAE) 6434: 0.31 to 0.38 pet 
C, 0.60 to 0.80 pet Mn, 1.65 to 2.00 pct Ni, 0.65 to 0.90 pct Cr, 0.30 
to 0.40 pct Mo, 0.17 to 0.23 pct V, 0.20 to 0.35 pct Si, 0.040 pct maxi- 
mum P, and 0.040 pct maximum S 
6434), about 100 flexure fatigue specimens were 
prepared at tensile strength levels of 155, 180, 195, 
225, 240, 260 and 280 ksi. 

The specimens were tested individually at their 
resonant frequency, using an electromagnetic vibra- 
tion exciter. Prot progressively increasing load fa- 
tigue tests were made of all tensile strength levels, 
and a Wohler conventional S-N fatigue test was 
made of the 195 ksi level. 

In addition, tensile and hardness tests were made, 
as well as microstructure and inclusion studies. 


P. W. RAMSEY, Member AIME, and D. P. KEDZIE, Junior Mem- 
ber AIME, are with the Metallurgical Research Dept., A. O. Smith 
. Corp., Milwaukee, Wisc. 

TP 4395E. Manuscript, Apr. 16, 1956. Cleveland Meeting, Octo- 


ber 1956. 
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Prot Fatigue Testing Method—The determination 
of the endurance limit by the conventional Wohler 
method can be time-consuming and easily require 
20 specimens when statistical variance is to be 
established. This is also true when endurance limit 
loads are determined on actual parts or subassem- 
bles, and the desirability of a reliable accelerated 
method has been evident for some time. 

The primary advantage of the Prot method of 
fatigue testing is in reducing the number of speci- 
mens and the time required for each test. Unlike 
the Wohler method, every Prot specimen tested con- 


Table |. Summary of Prot Endurance Limit Data for AMS-6434 Steel 


Prot Endurance 


Limit, Ksi Corre- 
lation 
Tensile No. of 95 Pet Endur-_ Slope, Coeffi- 
Strength, Speci- Median Confidence ance Ksi/ cient, 
Ksi mens* Value Range Ratio 
155 10 80.9 75.5 to 86.4 0.52 55.0 + 0.86 
180 8 90.4 80.0 to 100.7 0.50 57.5 +0.72 
195 19 76.1 712to 81.0 0.39 72.4 + 0.84 
225 10 91.0 80.8 to 101.3 0.40 58.8 +0.71 
240 9 101.2 92.3 to 110.1 0.42 34.6 +0.61 
260 7 94.8 89.7 to 99.9 0.36 63.9 +0.95 
280 10 100.1 88.5 to 111.8 0.36 43.3 + 0.53 


* Specimens that failed outside of test area are not included. 


tributes to the determination of the endurance limit, 
and the authors have been able to duplicate Wohler 
results obtained with 20 specimens with only half 
the specimens and a fourth of the total cycles. 

This new technique for defining the endurance 
limit was proposed in 1948* by Marcel Prot and 
consists of progressively increasing cyclic stress un- 
til fatigue failure occurs. By varying the load rate, 
a, a useful relationship is found to exist with failure 
stress, so that for steel the failure stress appears to 
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PLATE | TENS! STRENGTH _FATIGUE TENSILE 


140 KSI 13 - 22 57, 58 
155 KSI 23 - 32 59, 60 
180 KSI 33 - 42 61 , 62 
225 KSI 43 - 52 63 64 
46 4 34 27 20 
a9 42 35 28 
50 43 36 29 22 


58 

14 
‘5 

44 | 37 | 30 23 5 
17 

63 

64 


SPECIMEN NUMBERS K-13 THROUGH K-88 
85 | 8 77 73 69 | 65 


ANALYSIS: 56,56 


HEAT TREATING: 65 - 88 


s2 | 45 | 38 3 24 


s3 | 46 | 39 32 25 | 18 
$4 | 47 | 40 | 33 26 19 
67 | 83 | 79 | 75 7 67 
68 | 64] ec | 76 72 | 68 


UNASSIGNED? 53,54 


PLATE 2 TENSILE STRENGTH FATIGUE TENSILE 
SPECIMEN NUMBERS K-89 THROUGH K-160 
(PROT) |09-128 
53 49 45 14 137 
54 50 46 142 138 
o [i103 | 96 | a9 ANALYSIS: {31,132 
125 18 104 97 90 
26 | 119 12 | 105 ge] 9 HEAT TREATING 137 - 160 
27 20 o6 99 92 
121 [107 | 100 93 UNAS 122) 1180 
Be 29 122 us 108 10 94 
135 
123 109 102 95 
155 5 147 143 39 
160 56 52 148 144 140 
PLATE 3 TENSILE STRENGTH FATIGUE TENSILE 
SPECIMEN NUMBERS K-16! THROUGH K- 236 240 KSI TOTS SRUEG 205, 206 
260 KSI I71 - 180 207, 208 
280 KSI 181 - 190,201 209, 210 


206 ANALYSIS: 203,204 


164 177 | 170 | 163 HEAT TREATING : 213 - 236 


UNASSIGNED : 19! - 200,202 211,212 


ROLLING 
DIRECTION 


Fig. 1—Specimen blank layout for three 9/16 x 15 1/16 x 
66 in. plates of AMS-6434 steel. 


300 HEAT TREATMENT LEGEND 
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Q 2404 
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oe . 
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SPECIMEN: ASTM FLAT TENSILE, 2°GAGE, 1/4” THICK = 
HEAT NO. : AC9X6487 L 30 
COMPOSITION: .34C, 61 Mn, .29 Si, .OIIP, O19 S,1.73Ni, 
x 80Cr,.42 Mo, 22V. 
x 5, TENSILE ELONGATION = 
10 
400 600 800 1000 1200 
AS QUENCHED 


TEMPERING TEMPERATURE — °F 


be a linear function of a”. By extrapolating this 
line to the ordinate, a value of failure stress, called 
the Prot endurance limit, is obtained. This can also 
be considered the failure stress for an infinitely slow 
loading rate, which corresponds to Wohler test con- 
ditions (a= 0). 

The Prot method has limitations for nonferrous 
materials which do not show well-defined endurance 
limits at room temperatures, as well as for ferrous 
materials that are affected by cyclic stressing below 
the endurance limit.” In a later report,’ Prot indi- 
eated that the function may not be linear for all 
metals. 

Material—Three plates of hot rolled AMS-6434 
steel, 9/16 x 15 1/16 x 66 in., were used for this in- 
vestigation. The chemical composition of these 
plates is covered by the following ranges: 0.32 to 
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0.36 pct C, 0.60 to 0.65 pet Mn, 0.28 to 0.29 pct Si, 
1.72 to 1.83 pct Ni, 0.79 to 0.80 pct Cr, 0.42 to 0.43 
pet Mo, 0.20 to 0.23 pct V, 0.011 to 0.012 pct P, and 
0.019 pet S. 

The arrangement and identification of specimen 
blanks on the three plates are shown in Fig. 1. The 
fatigue and tensile specimens were confined to the 
central portion of each plate to avoid possible edge 
effects, while the edge material was assigned to ten- 
sile specimens for the preliminary heat treating 
tests. 

In carrying out the program, the 140 ksi tensile 
strength group was not tested in fatigue, although 
it was included in the tensile tests. 


Heat Treatment and Properties—Preliminary tests 
performed to determine the heat treating charac- 
teristics of a particular heat of AMS-6434 steel 
(U. S. Steel Corp. Heat No. AC9X6487) consisted of 
austenitizing 2 hr at 1650°F, oil quenching, tem- 
pering 2 hr at temperature and water quenching. 
Tempering temperatures ranged from 400° to 
1200°F in 100° increments. After heat treating, 
duplicate ASTM flat tensile specimens having a 2 in. 
gage length, 4% in. gage width, and % in. thickness 
were prepared. The tensile specimens were ground 
to final dimensions after heat treatment to remove 
any decarburized layer. 

Following this survey, heat treating procedures 
were then specified for the desired tensile strength 
levels. The remaining specimen blanks were first 
normalized for 2 hr at 1650°F, air cooled, and then 
heat treated as before, using predetermined temper- 
ing temperatures of 350°, 500°, 675°, 775°,: 1000°, 
1150°, 1225° and 1275°F. Tensile specimen blanks 
were heat treated along with each group of fatigue 
specimen blanks so that tensile properties as well 
as hardness values could be checked. The results of 
the tensile and hardness tests for both the prelimi- 
nary and final heat treatment series have been com- 
bined and are shown in Fig. 2. Yield strength values 
were determined at 0.2 pct offset from strain gage 
data. 

Poisson’s ratio was measured, using strain gages 
mounted transversely and longitudinally on a fa- 
tigue specimen (K-103) having 195 ksi tensile 
strength. Baldwin CD-7 gages were used for the 
dynamic determination, and A-7 gages for the static 
determination. The ratio was 0.303 under dynamic 
bending, and 0.293 under static tension. 

With this information, a strain gage could be 
mounted transversely on a fatigue specimen and its 
output converted to longitudinal strain. In this way 
very high longitudinal stresses could be measured 
without fatigue failure of the strain gage. 


Fatigue Specimen Preparation—The flexure fa- 
tigue specimens were flat bars, 0.250+0.001 x 1.000 
+0.001 x 8+% in., with a radius of 1/32 in. on the 
longitudinal edges. In rough machining the blanks, 
an equal amount of material was removed from each 
side to within 0.050 in. of the final size. To remove 
any decarburization an equal amount of material 
was ground from each side of the fatigue specimens 
after heat treatment, using light passes and a cool- 
ant. The final passes were on the order of 0.002 in. 
or less, to attain the Profilometer roughness specifi- 
cation of 7 » in. RMS (maximum), measured per- 
pendicular to the grinding marks. All grinding 
marks were parallel to the length of the specimens. 

In order to minimize failures due to clamping 
stresses during fatigue testing, it was found neces- 
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sary to shot peen the ends of the specimens. The 
center 1% in. of each specimen was masked off and 
the peening done with nominal 0.007 in. heat treated 
steel shot (SAE Shot No. 70) to produce an arc 
height of 0.004 to 0.006 in. on a peening intensity 
test strip (SAE designation: 0.004 to 0.006A). 

Fatigue Testing—Testing was done with an elec- 
tromagnetic vibration exciter at the resonant fre- 
quency of the specimen. The exciter is powered by 
a motor-generator set which supplies alternating 
current of controllable frequency (5 to 500 eps) to 
the driver coil, causing it to move in a magnetic 
field. The driver coil is attached to a movable table 
which in turn transmits motion to the test fixture. 
Both displacement and frequency of the movable 
table can be controlled. The exciter is designed to 
withstand 50 times the force of gravity and has a 
rated force output of 200 lb. Maximum peak to peak 
displacement is 1.0 in. 

A typical test setup is shown in Fig. 3. The speci- 
men is shown under vibration, with weights added 
which permit an increase in outer fiber stress. The 
weights were only necessary for the Prot tests and 
were not used for the Wohler tests. A filar microm- 
eter microscope was used to observe specimen dis- 
placement, a velocity pickup to measure the dis- 
placement or acceleration of the exciter, and a 
Baldwin CD-7 strain gage on special calibration 
specimens to determine maximum strain. The strain 
gage signal was fed into a bridge-amplifier circuit, 
and then displayed on an electronic voltmeter and 
cathode ray oscillograph. The dynamic strain gage 
signal was then measured by means of a calibrated 


Fig. 3—MB electromagnetic vibration exciter with flat fatique 
specimen under test. A, specimen (blurred because of mo- 
tion); B, velocity pickup, attached to exciter table; C, filar 
micrometer microscope; and D, inductive pickup, automatic 
frequency controller. 
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SPECIMEN STRESS (STRAIN GAGE) ~- +107 PSI 
10) 10 20 30 40 50 


Fig. 4—Calibration 
curyes for fatigue 
specimen No. K-40 
with CD-7 type 
strain gage, mounted 
transversely. 
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Fig. 5—Prot fatigue 
data on AMS-6434 
steel of various 
tensile strengths. 
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Fig. 6—Prot endur- 
ance limit vs 
strength and hard- 
ness of AMS-6434 
steel. 


PROT ENDURANCE LIMIT - KS/ 


potentiometer in the bridge-amplifier circuit using 
a chop line on the oscillograph. 

Calibration tests were run over a stress range So 
that velocity pickup signals could be correlated to 
maximum specimen strain or displacement. During 
fatigue tests, the velocity pickup signal was used 
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Fig. 7—-S-N curve 
AMS-6434 steel 
at 195 ksi tensile 
strength. 
N-CYCLES TO FAILURE 
Fig. 8—Macro- 


graph of typical 
fracture of AMS- 
6434 fatigue 
specimen No. 
K-32, with a ten- 
sile strength of 
155 ksi, which 
failed at 90 ksi, 
1.2x10° cycles. 
Prot testing rate 
was 0.04 psi per 
cycle. Unetched 
specimen. X2. 


for controlling and monitoring. A typical calibra- 
tion curve, shown in Fig. 4, demonstrates good lin- 
earity. The calibration constants were then used to 
relate specimen stress to pickup signal. As a further 
check, a calibration at one displacement was made 
with the micrometer microscope on each individual 
specimen prior to fatigue test. 

Specimens were tested singly to permit better 
control of stress level, although the test fixture was 
designed to accommodate up to five specimens. 
During constant stress Wohler tests, the exciter was 
first adjusted to the natural frequency of the speci- 
men, and the desired stress level was attained by 
increasing the power input to the driver coil man- 
ually. Minor adjustments were required in some 
tests to maintain the stress level. 

Frequency was held at resonance by means of an 
automatic controller which utilized a phase angle 
relationship between specimen displacement and 
driver coil voltage (displacement). The phase angle 
was adjusted with manual controls, and then main- 
tained automatically by the controller, which in- 
creased or decreased the frequency as necessary. 
The test was monitored continuously, and at the first 
indication of a drop in natural frequency, as shown 
by an electronic counter, the power was turned off. 
In this manner failures could be detected before 
fracture had progressed very far. The number of 
cycles to failure was measured by multiplying the 
testing time by the average natural frequency. If 
no failure occurred in eight million cycles, the test 
was discontinued and the specimen considered to 
have run out. 

During Prot testing, the specimen was initially 
stressed at a level approximating 25 pct of its tensile 
stress. At predetermined cycle increments the stress 
level was increased 2 ksi, held at the new level for 
another cycle increment, and the process repeated 
until failure occurred. Three cycle increments were 
used, so that loading rates of 0.01, 0.04 and 0.09 psi 
per cycle were obtained in a stepwise manner. The 
increments were 200, 50 and 22.2 kilocycles, respec- 
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tively. In other respects, these tests were conducted 
as were the constant stress level Wohler tests. 

The data indicate that the authors’ discontinuous 
method of varying the stress gives the same linear 
relationship as does the continuous loading method. 
The Prot data for each tensile strength were ana- 
lyzed, using a card-programmed calculator, to de- 
termine the line of best fit as determined by the 
least-squares method. Specimens which failed out- 
side the 114 in. long test areas were plotted, but not 
included in the least-squares calculation. 

The individual Prot curves for seven tensile 
strength levels are shown in Fig. 5. A summary 
curve, Fig. 6, plotting the extrapolated average Prot 
endurance limits as a function of tensile strength, 
shows the leveling off at higher tensile strength 
levels, indicating that no useful increase in fatigue 
strength for carefully ground specimens is realized 
above 240 ksi tensile level. The trend shown appears 
clear and confirms the general conclusion of other 
investigators in this ultra high tensile strength 
range.*” 

Due to the statistical nature of fatigue properties, 
there is much scatter in the data and Table I shows 
the 95 pct confidence limits’ for the extrapolated 
Prot endurance limit, the correlation coefficient* 


* Indicates the extent of correlation between two variables. Val- 
ues under 0.2 indicate slight correlation; 0.2 to 0.4, low; 0.4 to 0.7, 
moderate; 0.7 to 0.9, high; and over 0.9, very high correlation. The 
sign indicates whether the relationship is direct (+) or inverse (—). 


and other pertinent information. The confidence 
limits define the range that can be expected to in- 
clude the line of best fit (least-squares method) 
through these data. The limits are actually curves 
that diverge and are wider at the extrapolated value 
of failure stress than in the test range. 

A comparison of Prot endurance limits with speci- 
men hardness averaged from four readings, meas- 
ured in the polished test section but away from the 
fatigue crack, is also shown in Fig. 6. Again the 
trend is similar with a leveling off above a hardness 
of approximately Rc 47. 

The anomalous fatigue behavior of the 195 ksi 
tensile strength group is difficult to explain. At this 
strength level a drop in fatigue strength occurred. 
Microstructure gave no clue as to the reason for this 
difference, although the tempering curve, Fig. 2, 
indicates that the 195 ksi group was tempered in 
the 1000°F region, where so-called secondary hard- 
ening occurs. This is an age-hardening process asso- 
ciated with the nucleation and growth of alloy car- 
bides.’ It is also possible that this drop is associated 
with the temper brittleness phenomenon. More work 
would be required to determine if this is indeed an 
unfavorable tempering region with regard to the 
fatigue properties. 

To compare Prot endurance limits with conven- 
tional, but time-consuming Wohler tests, 20 speci- 
mens of 195 ksi tensile strength were tested at con- 
stant stress levels between 65 and 100 ksi until fail- 
ure occurred, or until at least eight million cycles 
were withstood. Results are plotted as an S-N curve 
in Fig. 7, where a minimum endurance limit of 
about 70 ksi was found. Some run-outs, however, 
occurred at stresses as high as 80 ksi. The data agree 
reasonably well with those from the Prot test, 
Figure 5c, where an endurance limit of about 75 
ksi was found. 


Inclusions—Fatigue fracture surfaces from the 
155, 180, 225 and 280 ksi tensile strength level speci- 
mens were examined under plane polarized light to 
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Specimen No. K-49, with a tensile strength of 225 ksi; inclu- 
sion size, 2.5 mil. X50. Reduced approximately 15 pct for 
reproduction. 


Specimen No. K-184, with a tensile strength of 280 ksi; in- 
clusion size, 1.2 mil. X50. Reduced approximately 20 pct for 
reproduction. 


Fig. 9—Typical nonmetallic inclusions found on fracture surfaces of AMS-6434 fatigue specimens. Micrographs taken with plane 


polarized light. 


determine the origin of fracture and the relationship 
between inclusion size and failure stress. 

Practically without exception, failure was found 
to have started at nonmetallic inclusions on the 
surface of the specimen. Radial lines on the fracture 
surface centered at the point of origin. A macro- 
graph of a typical fracture is shown in Fig. 8. In 
some of the higher tensile strength specimens where 
the radial lines defined an area rather than a single 
source, the largest inclusion occurring in the area 
was measured. 

The inclusions found on the unetched fracture 
surfaces, as shown in Fig. 9, were essentially spheri- 
cal in shape, which is typical of alumina-type inclu- 
sions not malleable at steel rolling temperatures. 
The fracture surfaces were examined at X50, and 
photographed with plane polarized light to increase 
the contrast between parent stock and inclusion. 

An inclusion rating was also made of specimen 
K-191 from Plate 3, see Fig. 1, on an unetched pol- 
ished section cut parallel to the rolling plane. The 
rating was 0-0-C, according to ASTM practice E45, 
with sulfide stringers predominating. Apparently 
these were not as damaging to the fatigue properties 
as alumina types. 

As the specimens had been tested at various load- 
ing rates, the data were grouped in that manner, 
and an analysis of variance made. To eliminate 
differences due to tempering treatment, the median 
fatigue failure strength was picked for each tensile 
strength group, as shown in Table II, so the data 
could be combined for variance study. 

Inclusion size was averaged in the case of elliptical 
shapes by taking the square root of the product of 
the length and thickness. The correlation coefficient 
was then determined for equivalent inclusion diam- 
eter vs deviation from median failure stress. A plot 
of these variables for the three loading rates is 
shown in Fig. 10. The lines of best fit were deter- 
mined, using the least-squares method. In addition, 
the correlation coefficient was determined for each 
set of data. For the 0.01 and 0.09 psi per cycle 
groups, a marginal correlation was found, but for 
the 0.04 psi per cycle group, complete randomness 
is indicated. It was concluded that there seems to 
be a trend for failure stress to decrease as the inclu- 
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sion size increased, but this tendency can easily be 
obscured by other variables. 

This trend is in agreement with the work of Ran- 
som,° in which the transverse endurance limit of an 
inclusion-free, vacuum-melted forging of SAE 4340 


Table II. Inclusion Size Vs Prot Failure Stress for AMS-6434 Steel 
at Various Tensile Strength Levels 


Deviation 
From 
Loading Median, Inclusion Size, 10-° In. 
Speci- Rate, Failure Failure 
men Psi per Stress, Stress, Thick- 
No, K- Cycle Ksi Ksi Length ness (LxT)1/2 
155 Ksi Tensile Strength 
23 0.01 88.6 +1.4 a5 1.0 1.23 
26 0.01 85.3 —1.9 1.6 1.5 155 
29 0.01 89.0 +1.8 1.0 is 1.14 
24 0.04 89.9 —0.3 1.50 
27 0.04 88.7 —1.8 2.0 2.0 2.00 
30 0.04 91.7 +1.5 ily 1.70 
32 0.04 90.3 +0.1 2.6 alts) 1.73 
25 0.09 94.2 —3.4 1.9 1.9 1.90 
28 0.09 100.9 +3.3 1.4 1.2 1.30 
Sil 0.09 +3.2 1.6 1.6 1.60 
180 Ksi Tensile Strength 
So 0.01 100.0 +6.3 1.0 i109) 1.00 
36 0.01 99.8 +6.1 1.8 15 1.64 
39 0.01 87.3 —6.4 3.0 2.0 2.45 
34 0.04 100.0 —3.0 HED 1.0 1.23 
37 0.04 106.1 +3.1 2.0 Ue) Ls 
41 0.04 102.0 —1.0 3.0 3.0 3.00 
35 0.09 102.0 —4.0 3.0 2.0 2.45 
38 0.09 104.0 —2.0 2.0 Ts} 1.73 
42 0.09 110.0 +4.0 2.0 1.0 1.41 
225 Ksi Tensile Strength 
43 0.01 92.0 —7.0 
46 0.01 100.6 +1.0 1.0 1.0 1.00 
49 0.01 98.0 —1.0 a5 2:5 2.50 
44 0.04 104.0 +1.0 2.0 i045) 1.73 
47 0.04 108.0 +5.0 1.0 1.0 1.00 
50 0.04 98.0 —5.0 a0: 1.0 1.00 
45 0.09 112.0 +4.0 1.0 1.0 1.00 
48 0.09 116.0 +8.0 1.0 1.0 1.00 
0.09 100.0 —8.0 2.0 
52 0.09 106.0 —2.0 1.2 1,0 1.10 
280 Ksi Tensile Strength 
181 0.01 105.0 +2.8 12D: 15 1.50 
184 0.01 102.0 —0.2 1-2 1.20 
201 0.01 99.4 —2.8 iN 1.50 
182 0.04 114.4 +3.7 3.0 2.0 2.45 
185 0.04 101.4 —9.3 1.0 1.0 1.00 
188 0.04 113.5 +2.8 iy 1.0 1.12 
190 0.04 119.9 +9.2 1.0 1.0 1.00 
183 0.09 112.7 +2.1 55) 1.0 1.23 
186 0.09 111.2 +0.6 13: 1.3 1.30 
189 0.09 108.5 —2.1 1.0 1.0 1.00 


steel was found to be 50 pct higher than that ob- 
tained from commercial SAE 4340 steel forging. It 
was concluded that nonmetallic inclusions were the 
major source of fatigue weakness in many forged 
machine elements. Epremian and Mehl’ show also 
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that “two SAE 4340 heats of identical chemical com- 
position but with different inclusion ratings have 
correspondingly different dispersions in fatigue life; 
large variability being associated with high inclu- 
sion rating.” Further confirmation is found in 
Stulen’s” comment that “in carefully prepared speci- 
mens, the origin of failure is almost always at a 
microscopic non-metallic inclusion which is open to 
the surface or only slightly subsurface.” 


Conclusions 

1) There is a useful increase in fatigue strength 
of carefully ground specimens of AMS-6434 steel 
accompanying higher tensile strengths up to about 
the 240 ksi tensile level with an endurance ratio of 
0.40 to 0.42. Above this tensile strength the fatigue 
strength appears to level off, or even drop slightly. 

2) Almost every fatigue failure initiated at a non- 
metallic inclusion, pointing up the importance of 
cleanliness of microstructure in fatigue applications. 


Some trend for failure stress to decrease as inclu- 
sion size increased was noted. 

3) The Prot method appears to be a useful fatigue 
testing technique for high strength aircraft steels, 
and correlated well with the Wohler method at the 
195 ksi tensile strength level. By means of Prot 
testing, endurance limits were determined with half 
the specimens and a fourth of the test cycles re- 
quired with the Wohler method. 
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Effect of Dissolved Oxygen on the Grain Size Of 
Annealed Pure Copper and Cu-Al Alloys 


The grain growth restraint which occurs far in advance of the aluminum oxide front 
during the internal oxidation of Cu-Al alloys is shown to be a result of oxygen in solid 
solution. Studies show that oxygen in solid solution in pure copper restrains grain growth. 


by D. L. Wood 


| FS ieee oxidation’ is a process in which oxy- 
gen, diffused into a suitable alloy, causes pre- 
cipitation of solute oxide particles as the oxidation 


D. L. WOOD is with the Metallurgy & Ceramics Research Dept. 
Research Laboratory, General Electric Co., Schenectady. 

TP 4407E. Manuscript, May 22, 1956. New Orleans Meeting, 
February 1957. 


406—JOURNAL OF METALS, APRIL 1957 


front moves inward. During an investigation of 
internal oxidation now in progress it was observed 
that the grain size is relatively small in thin strip 
specimens that have been internally oxidized in the 
as-rolled condition. This may be due to the restraint 
of grain growth by the precipitated oxide particles. 
It was observed also that the grain size in unoxi- 
dized portions of partially oxidized specimens was 
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somewhat smaller than the grain size in specimens 
given identical thermal treatment in the absence of 
oxygen. The structures shown in Fig. 1 are those 
resulting from a 1 hr anneal at 1000°C of copper + 
0.84 wt pct Al cold rolled 92 pct to 0.040 in. The 
sample shown in Fig. la was annealed in argon in 
a quartz tube containing titanium chips. That shown 
in Fig. lb was annealed in an air tight copper tube 
containing a mixture of cuprous oxide and copper 
to supply oxygen at a partial pressure equal to the 
decomposition pressure of cuprous oxide. The darker 
zones show the extent of internal oxidation. The 
inner portion, in which no aluminum oxide has yet 
been formed, is finer grained than the specimen in 
Fig. la, which has undergone similar annealing, but 
in the absence of oxygen. 

A possible cause of this grain growth restraint could 
be the precipitated oxides of some impurity element 
in the Cu-Al alloy. The growth restraint occurs far in 
advance of the aluminum oxide front. If precipi- 
tation on an impurity oxide is responsible, this oxide 
must form at a lower oxygen concentration than 
does aluminum oxide. Barring tremendous differ- 
ences in nucleation requirements, this oxide must 
then be more stable than aluminum oxide. In order 
to determine the relative stabilities of aluminum 
oxide and the hypothesized grain growth retarding 
particles, specimens were annealed in argon with 
titanium chips after partial internal oxidation. Fig. 
2 shows that the grain size in the aluminum oxide 
region remained unaltered, while the grain growth 
restraint was removed in the center. Therefore, the 
central region must not contain oxide particles even 
as stable as aluminum oxide, and the grain growth 
inhibition cannot be attributed to oxide particles. 

The formation of aluminum oxide at the oxida- 
tion front does not reduce the concentration of dis- 
solved oxygen to zero but only to some minimum 
concentration that is necessary for the oxidation re- 
action to occur. If the grain growth restraint is due 
to dissolved oxygen ahead of the oxidation front, 
then a similar effect should also be evident in pure 
copper. 

To investigate this possibility vacuum remelted 
OFHC copper was cold rolled 92 pct to 0.040 in. and 
annealed at 1000°C in argon with titanium chips or 
in a cuprous oxide-copper pack. The grain sizes re- 
sulting after various times are shown in Fig. 3. After 
5 min the grain size in the two differently treated 


Fig. 3—Pure copper rolled 92 
pct to 0.040 in. and annealed 
for various times at 1000°C in: 
TOP ROW, cuprous oxide-cop- 
per pack; and BOTTOM ROW, 
argon with titanium. LEFT, 5 
min; CENTER, 15 min; and 
RIGHT, 30 min. X100. Re- 
duced approximately 30 pct for 
reproduction. 
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specimens is similar, but at longer annealing times 
the difference becomes appreciable. The chemical 
analysis of copper annealed for 30 min in argon at 
1000°C in the presence of titanium gave 0.0009 + 
0.0003 pet O; copper annealed for 30 min in the cup- 


Fig. 1—Cu-0.84 pct Al annealed 1 hr at 1000°C in a) argon 
with titanium chips, and b) a cuprous oxide-copper pack. 
X50. Reduced approximately 15 pct for reproduction. 


Fig. 2—Cu-0.84 pct Al rolled 92 pct to 5.040 in. and then a) 
annealed in a cuprous oxide-copper pack for 20 min at 
1000°C, b) treated as in 2a, plus 10 min at 1000°C in 
argon with titanium, and c) annealed in a cuprous oxide- 
copper pack for 30 min at 1000°C. Specimens were nickel- 
plated. X100. Reduced approximately 30 pct for reproduction. 


LPP 
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rous Oxide-copper pack contained 0.0108 + 0.0009 

The removal of the oxygen from specimens ini- 
tially annealed in cuprous oxide-copper packs can 
be accomplished by a subsequent anneal in argon 
with titanium. Such removal of oxygen allows grain 
growth to resume in a normal manner, as shown in 
Fig. 4. 

Summary 

During internal oxidation of Cu-Al alloys there 
is a grain growth restraint far ahead of the internal 
oxidation front. Relative stabilities of this restraint 
and aluminum oxide have shown that the restraint 
is not due to the precipitated oxides of an impurity 


Fig. 4—Pure copper, 92 pct 
deformation, annealed at 
1000°C for a) 1 hr in cuprous 
oxide-copper pack, b) same as 
4a plus 1 hr in argon with 
titanium, and c) 2 hr in cu- 
prous oxide-copper pack. X100. 
Reduced approximately 35 pct 
for reproduction. 


element. The grain growth restraint in partially 
internally oxidized specimens is removed by anneal- 
ing at lower oxygen pressure. Studies of pure cop- 
per indicate that the grain growth restraint is due to 
oxygen in solid solution. 
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Some Properties of Certain High-Conductivity 


Copper-Base Alloys 


by Webster Hodge 


MALL generators and motors are required to 

operate, in some critical applications, at temper- 
atures where cold-worked silver-bearing copper re- 
crystallizes. Copper containing up to 30 oz Ag per 
ton has been used for many years to build the high- 
est grades of commutators and slip rings. With fail- 
ure of commutators impending because silver-bear- 
ing copper cannot withstand the stresses imposed at 
these higher temperatures, Cr-Cu was tried as a 
substitute with varying degrees of success. Cr-Cu 
proved difficult to fabricate because a critical heat 
treatment was necessary to obtain sufficient ductility. 
Besides, its rupture strength was shown to be low at 
operating temperatures, its electrical conductivity 
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lower than desired, and its cost high. Furthermore, 
it often contained hidden flaws. 

The Nippert Electric Products Co. set out to find 
a better material by undertaking a research project 
with the stated objective of providing a material 
suitable for commutators that would have 1) a soft- 
ening temperature above 750°F (400°C), 2) a mini- 
mum electrical conductivity of 90 pct of that of pure 
copper, 3) a strength not less that that of cold- 
worked silver-bearing copper, and 4) a materials 
cost of not over 1.5 times the cost of copper contain- 
ing 25 to 30 oz Ag per ton. No commercial alloy met 
these specifications. However, it was found that 
copper containing from 0.18 to 0.35 pet Zr could be 
produced quite easily in the laboratory, and prom- 
ised to fulfill the major requirements noted above. 
Interest naturally centered in the lower part of this 
composition range, since such alloys gave somewhat 
better electrical conductivities, and were lower in 
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materials cost. Later, a 0.25 pet Zr alloy was made 
commercially. 

This paper describes and compares some prop- 
erties of Zr-Cu, important to commutator manufac- 
ture, with similar properties of silver-bearing copper 
and of Cr-Cu. Specifically, these properties are elec- 
trical conductivity, softening temperature upon 
long-term exposure, hot hardness, tensile properties 
at room and elevated temperature, and stress-rup- 
ture properties on notched and unnotched specimens 
and on specimens representing the longitudinal and 
transverse direction to rolling during fabrication. 


Materials 


The approximate compositions of the three com- 
mercial alloys used are shown in Table I. The vari- 
ation from the analysis shown in Table I for the 
commercial Zr-Cu was +0.02 pct. 

All specimens not otherwise described were cut 
parallel to the rolling direction. The Zr-Cu speci- 
mens were obtained from a standard wire bar rolled 
in a commercial mill. The material had been cast 
from oxygen-free copper with zirconium added. 
Specimens taken in the transverse to rolling direc- 
tion of Zr-Cu and of silver-bearing copper were ob- 
tained from a wire bar of each material that had 
been rolled lengthwise to form flat plates about 5 
in. wide. Transverse specimens of Cr-Cu were cut 
from an 8-in.-wide flat plate supplied by the same 
commercial source as the Cr-Cu wire bar from 
which the longitudinal specimens were taken. Spec- 
trographic analysis of these two Cr-Cu alloys 
showed that they were practically identical in com- 
position. Some of the properties of Zr-Cu were 
determined on alloys cast and rolled in the labora- 
tory. Wherever materials produced in the labora- 
tory were used, the actual analysis is shown to dis- 
tinguish these results from those obtained on the 
material from a commercial source. 


Softening Temperature and Electrical Conductivity 


Experiments showed that the addition to copper 
of zirconium in amounts less than 0.12 pct had little 
effect on the softening temperature, while larger 
additions caused the softening temperature of the 
alloy, cold rolled to 50 pct reduction, to rise rapidly 
from about 570°F (300°C) with 0.12 pct Zr to 
930°F (500°C) with 0.18 pct Zr. These determina- 
tions were made after %-hr exposure to tempera- 
ture. Still larger additions of zirconium produced 
only a minor increase in the short-time softening 
temperature. The room-temperature hardness of 
Zr-Cu and of silver-bearing copper, after limited 
exposure to elevated temperatures, is shown in Fig. 
1. It is apparent that the softening temperature is 
markedly higher for the Zr-Cu even though the test- 
ing conditions were different for the two alloys. The 
softening temperature of nominal 0.35 pct Cr-Cu, 
cold rolled and aged to RB 82, was found to be 
slightly above 930°F (500°C) after a 30 min ex- 
posure to temperature. The softening temperature 
of the 0.8 pct Cr-Cu alloy is believed to be about the 
same. 

Age-hardening treatments had a slight effect on 
the mechanical properties of Zr-Cu alloys with from 
0.20 to 0.27 pet Zr that were produced in the labora- 
tory. Solution-annealing temperature, however, did 
_ have an effect on the ability of the cold-rolled alloy 
to resist continued exposure to elevated temperature. 
Fig. 2 shows the hardness and electrical conductivity 
of the nominal 0.25 pct Zr alloy, cold rolled 60 pet 
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Fig. 1—Softening 
temperature of 

per and Zr-Cu alloys. | 


The silver-bearing 
0.22 % Zr 

copper was annealed 

for V2 hr at 850°F 


Silver bearing copper, 
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to RB 62, and held =A 
1 hr at temperature 
shown. The Zr-Cu 
was annealed for 1/2 60 
hr at 1700°F 
(925°C), water 
quenched, cold 50 
rolled, and aged 10 
min at 750°F 
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Fig. 2—Hardness 
and electrical con- 
ductivity of nominal 
0.25 pct Zr-Cu solu- 
tion annealed at 
temperatures shown, 
then cold rolled 60 
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and aged for 2 hr at 800°F (425°C) after solution 
annealing at various temperatures. These data show 
that the zirconium alloy that had been solution an- 
nealed at temperatures below 1500°F (815°C) be- 
came softer upon aging at 800°F (425°C) for short 
periods. The electrical conductivity of the alloy 
solution annealed, but not aged, decreased with in- 
creasing solution temperature above 1300°F (705°C). 
The decrease in conductivity indicates that more zir- 


Table |. Composition of Commercial Alloys 


Alloy Type Nominal Content 
Zr-Cu 0.25 Wt Pct Zr 
Cr-Cu 0.8 Wt Pct Cr 


Silver-bearing copper 25 to 30 Oz Ag per Ton* 


* Longitudinal specimen—25.4 oz Ag per ton, by analysis. 


conium entered into solid solution as the annealing 
temperature increased. When the alloy, after solu- 
tion annealing at temperatures from 1300°F (705°C) 
to 1500°F (815°C) was, however, reheated to 800°F 
(425°C) for 2 hr, the electrical conductivity was 
again high. This gain in conductivity is the most 
notable effect that can be obtained by aging treat- 
ments. 

The electrical conductivity measurements shown 
in Fig. 2 were made on wire specimens that under- 
went the same percentage reductions by drawing 
that the hardness specimens underwent by rolling. 
Microhardnesses of the strip and wire were almost 
identical. Wire and strip were heat treated together. 
Precision measurements on rolled strip produced 
the somewhat higher electrical conductivity values 
noted in Table II. 

The temperature coefficient of resistivity, a, of a 
0.21 pet Zr alloy wire, solution annealed at 1700°F 
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Fig. 3—Microstructure of 0.21 pct Zr-Cu alloy solution an- 
nealed 45 min at 1700°F (925°C). Etchant: potassium di- 
chromate. X500. Reduced approximately 30 pct for repro- 
duction. 


(925°C) for 45 min, cold drawn to 50 pct reduction, 
and aged at 770°F (410°C) for 30 min in a salt bath, 
was 0.00363 per °C over the range from 32° to 482°F 
250°C); 

Alloys with 0.21 and 0.52 pct Zr that were re- 
heated for 500 hr at 750°F (400°C), after solution 
annealing at 1700°F (925°C), increased in hardness 
from 98 to 100 Rr, and from 98 to 101 Rr, respec- 
tively, after an initial rapid increase (the alloys 
had been aged for 10 min at 770°F (410°C) before 
this test was started). Alloys with less than 0.18 pct 
Zr softened after exposures of less than 100 hr at 
750°F (400°C). 

Resistance of the Zr-Cu alloy to softening during 
continued exposures to elevated temperatures re- 
quires solution-annealing temperatures of at least 
1300°F. Resistance to softening probably increases 
slightly with the amount of zirconium taken into 
solid solution. When the 0.21 pct Zr-Cu was solution 
annealed at 1700°F (925°C) for 45 min, some zir- 
conium remained out of solution, see Fig. 3. With all 
the zirconium in solution, the properties of this alloy 
were not appreciably altered. This confirmed the 
observation already mentioned that, above a certain 
amount, larger additions of zirconium have little 
effect on the softening temperature. 

Fig. 4 shows the change in hot hardness of the 
three types of alloys during short exposures to ele- 
vated temperature. The hardness measurements 
were made at intervals during the heating and cool- 
ing of the specimens. Silver-bearing copper was 
permanently softened at temperatures slightly over 
500°F (260°C). Cr-Cu and Zr-Cu showed no perma- 
nent change in hardness characteristics after heating 
to 800°F. Cr-Cu showed the highest hardness at 
550°F (288°C) and above. 


Tensile Properties 

Table III shows the usual tensile properties of the 
three types of alloys studied, both at room tempera- 
ture and at 550°F (288°C). The silver-bearing cop- 
per, both strip (longitudinal) and plate (transverse) 
specimens, was cold rolled to Rs 61 after annealing 
at 850°F (405°C). The Cr-Cu was annealed at 
1830°F (1000°C) for 15 min, cold rolled to about 
Res 70, and aged at 830°F (445°C) for 16 hr. The 
Zr-Cu was annealed at 1300°F (705°C) for about 
20 min, cold rolled to about RB 65, and aged at 800°F 
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(425°C) for 1 hr. After identical treatment, the 
final hardness of the longitudinal and transverse Cr- 
Cu specimens was RB 82 and RB 78, respectively. 
Similarly, the hardness of the longitudinal and 
transverse Zr-Cu specimens was RB 64 and RB 66, 
respectively. These differences in the hardness 
values of similar materials after identical heat 
treatments may have been caused by slight differ- 
ences in composition, since the longitudinal and 
transverse specimens originated in separate melts. 
Table III also shows room-temperature properties of 
Zr-Cu prepared in the same way, except that aging 
preceded cold rolling. The final hardness of these 
specimens was RB 68. 

The tests on silver-bearing copper indicated little 
anisotropy at 550°F, although there was lower duc- 
tility in the specimens taken in the direction trans- 
verse to rolling. Cr-Cu, on the other hand, showed 
a considerable decrease in strength and elongation in 
specimens taken in the transverse to rolling direction 
as compared with those taken in the longitudinal 
direction. Ductility of this alloy, measured in either 
direction, was markedly lower when the tempera- 
ture was increased to 550°F. Specimens of Zr-Cu 
taken in the transverse direction were slightly 
stronger than those in the longitudinal direction. 
The ductility was about the same in each direction. 
The loss in ductility upon heating to 550°F was 
much less than for the Cr-Cu. 


Stress-Rupture Data 


A commutator segment is subjected to severe com- 
pressional stresses in the parallel to rolling direc- 
tion. These stresses are exerted by the locking 
mechanism. The segments are notched at each end 
and, in service, centrifugal stresses are set up across 
the notches (i.e., in the transverse to rolling direc- 
tion). These centrifugal forces are relatively small, 
but the stress they develop is augmented by the com- 
pression forces that develop in the lengthwise direc- 
tion in the segment as a result of thermal expansion 
as the commutator temperature rises. 

On the test stands, when the generators were 
subjected to unusually high temperatures over ex- 
tended periods, commutators of silver-bearing cop- 
per failed by deformation and displacement. The 
alloy had softened permanently. Under similar con- 
ditions, some segments of Cr-Cu failed by cracking. 
All of the cracks originated at the root of the locking 
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Fig. 5—Stress-rupture strength of the silver- bearing copper 


tested in the notched and unnotched conditions at 550°F 
(288°C). 


notch. The cracks appeared to be tensile failures. 
Segments of Zr-Cu in commutators, on the other 
hand, did not fail either by displacement or by 
cracking. 

This service behavior of the three alloys cannot be 
explained readily by results of short-time tensile 
tests at the maximum operating temperature. How- 
ever, stress-rupture tests at 550°F (288°C) of 
notched specimens loaded in the transverse to rolling 
direction make the observed behavior understand- 
able. Fig. 5 shows the results of stress-rupture tests 
at 550°F on specimens of silver-bearing copper in 


Table II. Electrical Resistivity and Conductivity of Zr-Cu and 
Cr-Cu at 68°F (20°C) 
Sample Number 1* 3% 48 51 


Resistivity, Ohm-Cm x 10-6 1.78 1.82 1.80 1.79 2.07 
Conductivity, Pct IACS 96.9 94.7 95.8 96.3 83.3 


* Zr-Cu—0.259 in. thick, solution annealed at 1300°F (705°C) for 
20 min, water quenched, Rr 56. 

+ Zr-Cu—0.259 in. thick, solution annealed at 1300°F (705°C) for 
20 min, water quenched, aged 1 hr at 800°F (425°C), cold rolled to 
Res 68, 0.097 in. thick. 

t Zr-Cu—0.259 in. thick, solution annealed at 1300°F (705°C) for 
20 min, water quenched, cold rolled to Rs 66, 0.126 in. thick; aged 
1 hr at 800°F (425°C), Rp 64. 

§ Zr-Cu—0.259 in. thick, solution annealed at 1300° xe (705°C) for 
20 min, water quenched, aged 1 hr at 800°F (425°C), Rr 58. 

Cr- Cu—0.259 in. thick, solution annealed at 1830°F ©) for, 
15 min, water quenched, cold rolled at Rs 68, 9.096 in. thick; aged 
16 hr at 830°F (445°C), Rp 82. 


both the notched and unnotched conditions loaded 
either parallel or transversely to the rolling direc- 
tion. Sharp changes in direction in three of the 
curves after about 25 hr and in the fourth curve 
after 70 hr are believed to mark the beginning of re- 
crystallization and permanent softening. After 150 
hr, the hardness at room temperature of three of the 
specimens had dropped from RB 61 to about Rs 17. 
The hardness of the fourth specimen, which was un- 
notched and taken in direction transverse to rolling, 
was Rp 24 after 195 hr. The strength of notched 
specimens was consistently lower than the strength 
of unnotched specimens. 

Results of similar stress-rupture tests on Cr-Cu 
are shown in Fig. 6. The original hardness of these 
specimens ranged from Rs 78 to RB 82. At the con- 
clusion of the tests the room-temperature hardness 
varied from RB 71 to Rs 78. However, the strength 
of notched and unnotched specimens taken in direc- 
tion transverse to rolling dropped to 15,000 psi after 
196 and 286 hr, respectively. Strengths measured in 
the longitudinal to rolling direction were consist- 
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Fig. 6—Stress-rupture strength of the Cr-Cu tested in notched 
and unnotched conditions at 550°F (288°C). 


ently higher than those in the transverse direction. 
In the unnotched condition, the strength of the 
longitudinal specimen decreased only to 30,000 psi 
after 305 hr under load. 

The results of stress-rupture tests on Zr-Cu, Fig. 
7, were notably different from those on the other 
alloys examined, in that the notched specimens taken 
in either direction to rolling were stronger than cor- 
responding unnotched specimens. The strength in 
the direction transverse to rolling for both notched 
and unnotched specimens was appreciably higher 
than in the direction longitudinal to rolling. After 
a period of 328 to 353 hr at 550°F, the room-temper- 
ature hardness had dropped from RB 66-64 to RB 
59-58. Although the rate of loss of strength and 
hardness of the notched specimens was somewhat 
greater than for the unnotched specimens, the data 
indicate the probability that the resistance of a 
notched, transverse specimen to a load of 25,000 psi 
at 550°F would be high. One specimen of Cr-Cu 
failed under this load after 1.4 hr. Fig. 6 indicates 
that similar Cr-Cu specimens would be expected to 
fail after about 10 hr under the same conditions. 

Machinability of the three different alloys was 
not measured. However, no difference in speed of 
cutting or of tool life was noted after the substitu- 
tion on the production line of Zr-Cu for silver-bear- 
ing copper. Cr-Cu, because of the hard particles of 
undissolved chromium it contains, often caused dam- 
age to cutting tools. 


Conclusions 
Properties of a Zr-Cu alloy were determined and 
compared with those of silver-bearing copper and 
Cr-Cu alloys that are used to make commutator seg- 
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Fig. 7—Stress-rupture strength of the Zr-Cu tested in the 
notched and unnotched conditions at 550°F (288°C). 
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ments. The Zr-Cu (0.25 pet Zr) alloy showed some 
important advantages. 

1) After aging, its electrical conductivity was 
about 95 pet IACS. This was almost as high as the 
conductivity of silver-bearing copper and much 
higher than that of Cr-Cu. 

2) Its softening temperature and that of Cr-Cu 
was about 930°F (500°C) or above. Silver-bearing 
copper softened at a much lower temperature. 


Table III. Tensile Properties of Three Copper-Base Alloys* 


Yield 
Strength, Reduc- 
Testing 0.2 Pet Ultimate Elonga-  tionin 
Temper- Rolling Offset, Strength, tion, Pct Area, 
ature Direction Psi Psi in 2 In, Pct 
Silver-Bearing Copper; Cold Rolled 
Room tem- 
perature Parallel 47,000 50,000 8.5 OL 
550°F Parallel 28,000 35,000 12.1 42.7 
550°F Transverse 31,000 36,500 8.2 25. 
Cr-Cu; Solution Annealed, Quenched, Cold Rolled, Aged 
Room tem- 
perature Parallel 64,000 71,000 16.0 43.4 
550°F Parallel 46,000 50,000 4.2 7.2 
550°F Transverse 41,000 47,000 2.7 5.8 
Zr-Cu; Solution Annealed, Quenched, Cold Rolled, Aged 
Room tem- 
perature Parallel 50,500 53,000 Loo 54.3 
550°F Parallel 40,500 42,000 {ics 37.0 
550°F Transverse 42,000 44,200 6.5 43.6 
Zr-Cu (Special); Rolled After Aging 
Room tem- 
perature Parallel 56,000 59,000 6.4 61.3 


* Average from tests on two specimens. See text for heat treat- 
ments and hardness of these alloys. 


3) Its room-temperature tensile strength, proc- 
essed to the hardness level preferred for the manu- 
facture of commutator segments, was slightly greater 
than the strength of silver-bearing copper. The ten- 
sile strength of Cr-Cu was much higher than that 
of either of the other alloys. The same order of 
merit in strength of the three alloys persisted in 
short-time tensile tests at 550°F (288°C). In the 
elevated temperature tests there was little differ- 
ence in strength between Cr-Cu and Zr-Cu, when 
determined on specimens taken transverse to rolling. 


4) Its electrical conductivity, after a solution 
and aging treatment, was high. 

5) Upon extended exposure under load to a tem- 
perature of 550°F (288°C), its room-temperature 
hardness was not impaired. Cr-Cu also resisted 
softening, but the silver-bearing copper was perma- 
nently softened. 

6) Its tensile strength increased when notched, 
whereas Cr-Cu and the silver-bearing alloy were 
greatly weakened by a notch. 

7) Its rupture strength at 550°F (288°C) for 
notched and unnotched specimens was greater in 
the direction transverse to rolling than in the direc- 
tion longitudinal to rolling. In the notched condition 
and at the same temperature, the rupture strengths 
of both Cr-Cu and silver-bearing copper were low- 
est in the direction transverse to rolling. 

From all of these tests, and from limited experi- 
ence with practical applications, it was concluded 
that Zr-Cu containing 0.18 pct or more zirconium is 
a superior material for commutator manufacture. 
The superiority of Zr-Cu over silver-bearing copper 
would be expected to be most evident when these 
alloys are used as commutators subjected to greater 
than normal temperature rise, greater than normal 
speed of rotation, or both. 

Zr-Cu should be useful in all applications requir- 
ing high electrical conductivity and retention of 
strength at elevated temperatures. 
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HEORETICAL analysis by Wechsler, Lieberman 
and Read' of the crystallography of martensite 
formation has shown that the requirement for the 
existence of a macroscopically undistorted plane 
between austenite and martensite permits a calcula- 
tion of the indices of the habit plane of the marten- 
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site. Their calculations are based on the experi- 
mental observation that the distortion involved in 
the formation of martensite is inhomogeneous on a 
microscopic or submicroscopic scale. The inhomo- 
geneous character of the transformation distortion 
can be expressed as a simple shear superimposed on 
the homogeneous distortion required to bring about 
the change in structure. Since it does not affect the 
crystal structure, the simple shear must correspond 
to a slip or twinning distortion. 

The analysis has also shown that if the simple 
shear referred to above occurs on a unique plane in 
a unique direction, then for given initial and final 
structures the habit plane indices must have a 
unique value. Successful predictions have been made 
in a number of systems.** An extension’ of the anal- 
ysis to include a number of possible modes of in- 
homogeneous deformation indicated that the habit 
planes in iron alloys were restricted to certain ranges 
of values. The extent of each range depended on 
the range of permissible lattice parameters. Similar 
analyses have been published during the past few 
years and have been reviewed recently.” 

The most reliable data’ now available show, how- 
ever, an appreciable distribution in the observed 
values of the habit plane indices in a single steel. If 
this distribution is real, it must mean that even 
within a single austenite grain different planes 
and/or directions of simple shear are involved in the 
formation of the individual martensite plates. 

It is one of the purposes of the present work to 
determine to what extent this distribution of values 
is real and not the result of experimental scatter. 

The alloy chosen as being most suitable for this 
investigation was one with 2.8 pct Cr, 1.50 pet C 
(28Cr150) because it had an M, temperature con- 
veniently below room temperature. ‘ 


Experimental Methods 


In this section particular attention will be given to 
those parts of the experimental procedure which 
may be sources of error and thus contribute to the 
scatter in the observations. 

Preparation of Specimens—The alloy was pre- 
pared by melting a 120 g ingot under a helium 
atmosphere using high purity materials. Negligible 
melting losses were encountered and the nominal 
composition was therefore assumed to be approxi- 
mately the actual composition. A specimen, about 
¥, x Wy x % in., was cut from the ingot and austen- 
itized for 50 hr at 1200°C in dry helium gas (con- 
taining 8 pct H.). By placing the specimen in a 
small graphite container, direct contact with which 
was prevented by wrapping wolfram wire around 
the specimen, a perfectly neutral atmosphere was 
obtained. The specimen was neither carburized nor 
decarburized. Test samples showed that after the 
first few hours at 1200°C little further increase in 
grain size occurred, but the additional time was 
given to ensure homogeneity of the specimen 
(judged by the distribution of martensite plates 
throughout the specimen on cooling a little below 
M,). Homogeneity was important since the habit 
plane appears to vary somewhat with composition.® 
The M, temperature of the present alloy was a little 
below —35°C so that at room temperature the speci- 
men was fully austenitic after water quenching from 

-1200°C. The largest austenite grains were about 1 
mm in diam. 

Determination of the Habit Plane—Unlike the 

case of single interface transformations, where the 
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Fig. 1—Edge of specimen with surface mechanically polished; 
etched with Nital. Arrows indicate twin plane. X1400. Re- 
duced approximately 10 pct for reproduction. 


habit plane can be precisely measured as the inter- 
face plane, in steels measurements have to be made 
on very small martensite plates embedded in the 
austenite matrix. Consequently, the habit plane is 
frequently ill-defined. Two definitions of the habit 
plane are possible: 1) the plane of the mid-rib or 
2) the plane parallel to the martensite plate. In the 
literature difficulties are avoided by assuming these 
two planes parallel. This is not necessarily always 
so. Fig. 1 shows a martensite crystal in which the 
mid-rib runs out of the plate before the plate 
reaches the edge of the specimen. Experimental 
determination of the mid-rib plane by a two surface 
analysis of such martensite crystals would yield a 


Table I. Rotation as a Result of Slip in Austenite 


Angle Made with Austenite 
Slip Lines by Martensite 


Deformation of 
Specimen, Pct 
True Strain in 


Compression Plate A Plate B 
0 56° Dilla 
55° 56° 
4.4 544° 


polemical interpretation of the habit plane, since 
the significance of the mid-rib is not known at the 
moment and to assign to it the role of the interface 
may be misleading. In addition, the mid-rib was fre- 
quently found to have a slight curvature. For the 
present work, therefore, definition 2 seemed more 
acceptable. Hence, measurements were made along 
the length of the martensite plate. These measure- 
ments were considered to give the most probable 
value of the true interface; namely, the interface 
which would be observed if the transformation could 
be induced to proceed in a single crystal by the 
movement of a single interface, as in certain other 
systems.”* 

Measurements of the same martensite plate were 
made on two adjacent faces and the traces plotted on 
a 30 cm diam stereographic net. The angle (which 
was close to 90°) between the two adjacent faces 
was measured on a two-circle optical goniometer. 
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Fig. 2—Distribution of habit planes of martensite plates 
formed at the surface of the specimen. 


The orientation of the austenite was determined 
by the usual Laue back-reflection technique, using 
a 3 cm specimen to film distance and a 0.020 in. 
collimator with tungsten radiation. To prevent ex- 
cessive background blackening of the film due to 
fluorescent radiation from the iron, two photo- 
graphic films, placed on top of each other, were 
employed, one serving the purpose of a filter;’ this 
proved a little more effective and convenient than 
aluminum foil. The films were measured on a 
Greninger net® and all results plotted on a 30 cm 
stereographic net. 

For the two-surface analysis the specimen had to 
be mechanically polished in a clamp so that a sharp 
edge could be preserved between the two adjacent 
faces. The mechanical polishing, however carefully 
performed, always produced sufficient cold-working 
of the surface of the austenite to prevent really good 
Laue patterns being obtained. For these, therefore, 
the specimens were electrolytically polished (with 
a 2:1 acetic anhydride: perchloric acid solution). To 
reveal the grain boundaries, the polished specimen 
was etched for several minutes in a 2 pct Nital solu- 
tion. No tempering treatment was given, since it 
was found that after such treatment the austenite 
grains could not be persuaded to show up in the 
presence of martensite. 


Fig. 3—Distribution of habit planes of martensite plates 
formed in grains 0.05 in. below the surface. 


Results and Discussion 


Accuracy of Measurement—In order to determine 
the precision with which measurements could be 
made, a number of twins were analyzed. As shown 
in Fig. 1, the twin plane was extremely straight and 
could be measured to any desirable degree of ac- 
curacy. The position of the poles of the twin planes 
agreed to within +%° with the Laue orientation, 
and this was taken to represent the experimental 
error under the present conditions. 

Martensite plates, however, unlike twin planes, 
always show a finite width and, in addition, are only 
a fraction of the length of the twin trace, Fig.1. 
Furthermore, the martensite crystals rarely ex- 
hibited a straightness such as observed for the twin 
plane. All these factors contributed to a slight un- 
certainty involved in tracing a well-defined straight 
line through a martensite plate. For the plates on 
which measurements were made, however, it was 
estimated that this uncertainty rarely exceeded 
+1%°, Overall reproducibility of results may there- 
fore be placed at +1°. 

Magnitude of Scatter—The poles of twelve mar- 
tensite plates formed in three austenite grains at the 
surface of the specimen on quenching to —52°C 
were measured and the results, after plotting, ro- 


c 


Fig. 4—Surface relief on specimen electropolished at room temperature, then quenched to —23°C: a) undeformed, b) deformed 
2.2 pct at room temperature, and c) deformed 4.4 pct at room temperature. X350. Reduced approximately 20 pct for reproduction. 


414—JOURNAL OF METALS, APRIL 1957 


TRANSACTIONS AIME 


3 
e? 
3 ere e 
3 2 e 
(9) 
259 259 

a b 


tated into one st y i i i 

pole belongs has been 
marked in the figure. Each pole in Fig. 2 represents 
a different variant of the habit plane in the given 
grain. As only a relatively small number of marten- 
site plates were formed, not many of the same 
variant were observed. When observed, those which 
were adjacent were generally found to be parallel to 
within 1° or less. Those separated by plates of a 
different variant (in the same austenite grain) were 
identical to within 2° or 3°, though one result gave 
a somewhat larger difference. In Fig. 2, all poles, 
with one exception, fall within a cone of semi-angle 
of approximately 5°. This represents a scatter out- 
side experimental error. 

In the first theoretical treatment referred to 
earlier, any constraints resulting from the fact that 
the martensite plates are embedded in the austenite 
crystal were considered as minor effects and not 
taken into consideration. The constraints result from 
the interference with: 1) the volume expansion of the 
martensite and 2) the macroscopic average shear of 
the plate. These become vanishingly small as the 
plate is made increasingly thinner compared with its 
lateral dimensions. Actual martensite plates do, 
however, have a finite thickness and consequently 
the constraints must be accommodated in some man- 
ner. Adjustments can take place in either the aus- 
tenite or the martensite or both. A reason for the 
scatter was therefore sought in these adjustments by 
attempting to evaluate the nature of the distortions 
in the austenite and the martensite and the extent 
of their influence on the scatter of the results. This 
proved fairly successful for the austenite, but less so 
for the martensite. The role of deformation was first 
examined by considering the constraints at a free 
surface and within the material. 

The constraints at a free surface may differently 
affect the separate variants of the habit plane and 
produce a slight scatter. If deformation (of the 
austenite or martensite, or both) plays an appreciable 
role in causing this scatter, then its magnitude would 
most likely be less at the surface than inside the 
material, where the constraints are larger. The 
possibility that a larger scatter might be found when 
observations were made on plates formed well within 
the specimen was investigated as follows. 


Fig. 5—Surface relief on specimen electropolished at room 
temperature, then quenched to —23°C; deformed 4.4 pct at 
room temperature. X700. Reduced approximately 10 pct for 
reproduction. 
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Fig. 6—Electron micrograph of surface relief on Fe-32 pct 
Ni. Arrow indicates direction of striations. X10,000. Re- 
duced approximately 55 pct for reproduction. 


By careful grinding on a wet belt, 14% mm (0.05 
in.) were removed from the two adjacent faces of 
the specimen examined above. The removal of 1% 
mm ensured that any grain exposed at the surface 
would be completely removed, as even the largest 
grain did not exceed 1 mm. The poles of 24 mar- 
tensite plates were determined in four of the new 
grains revealed by this procedure, and are given in 
Fig. 3. No change in the amount of scatter resulted. 
It must thus be concluded that if the free surface has 
any effect on the habit, it is outside the observable 
range and (within the same limits) that deforma- 
tion is not a factor producing the scatter. This con- 
clusion also found support from the subsequent ob- 
servations on the nature of the deformation in the 
austenite and martensite described in the remainder 
of this paper. 

Deformation of the Austenite—The slip in the 
austenite which frequently accompanies the forma- 
tion of martensite is readily seen in the surface re- 
lief of the polished specimen shown in Fig. 4a.* The 


* Figs. 4, 5, 8 and 9 are actually from an 8.8 pct Cr, 1.0 pct Cc 
steel austenitized 23 hr in vacuo at 1225°C and water quenched into 
a 10 pet NaOH solution at 15°C. Ms temperature of alloy was about 
—10°C. 


slip lines are easily identified by comparison with 
Figs. 4b and 4c which were obtained from the same 
specimen after light mechanical deformation. Pro- 
fuse slip in the austenite as a result of the additional 
mechanical deformation is visible and the position 
of the martensite plates is affected. Though the di- 
rection of the externally applied stress naturally 
governs the choice of the particular slip plane va- 
riant which becomes operative in the austenite, Fig. 
5 shows that after 4.4 pct deformation slip will also 
occur on other variants in the vicinity of the marten- 
site plate. Table I gives numerical values for the 
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Fig. 7—Specimen deformed 4.4 pct at room temperature, 
tempered 30 sec at 425°C, electropolished and etched with 
Vilella reagent. X1500. Reduced approximately 15 pct for 
reproduction. 


amount of rotation of two almost parallel marten- 
site plates (A and B, Fig. 4a), as a result of slip in 
the austenite. The initial positions of the two plates 
differ slightly, probably because plate A has several 
other martensite plates attached to it while around 
plate B mainly slip in the austenite can be detected. 
Table I shows that an appreciable amount of slip in 
the austenite seems necessary in order to make a 
measurable difference to the position of the habit 
plane, and thus merely confirms the conclusion 
reached above, viz., that deformation may be elim- 
inated as a factor producing scatter. This would not 
be expected if the formation of martensite consisted 
of two successive stages in which the production of 
the new structure (first stage) was followed by 
slip in the parent (or product) phase (second stage), 
as has been suggested.” 

Deformation of the Martensite—Martensite plates 
freshly formed in relief show a perfectly smooth sur- 
face under the optical microscope even at the highest 
magnifications examined (about X3,000). Under the 
electron microscope, however, striations were ob- 
served at X10,000, as shown in Fig. 6,* taken from 


* Obtained by shadow-casting with an Au-20 pct Cr alloy the car- 
bon replica of surface relief of an electrolytically polished and 
transformed specimen. Surfaces in the shadow—lighter on the photo- 
graphs—thus show no detail. Contrast depends on the relative posi- 
tion of the replica with respect to the angle of shadow-casting. 


an Fe-32 pct Ni alloy. (This photograph was the 
best of several obtained from both the Fe-32 pct 
Ni and the 28Cr150 alloy.) These striations could 
be interpreted as thin twins or as clusters of slip 
lines. A clear choice between the two does not seem 
possible at the moment, but they can be discussed 
with a view to selecting the more probable one. 

Twinning: Transformation twins are known to oc- 
cur in pure iron,” though there is little evidence at 
the moment of their existence in martensite. X-ray 
back-reflection Laue observations of a single mar- 
tensite plate in a special case” did not yield any sug- 
gestion of twins. Jf martensite were a twinned prod- 
uct, then the ratio of the twin thicknesses should, 
according to theory 1, be 2:1, whereas the electron 
microscope photograph (Fig. 6), suggests a ratio 
more in the neighborhood of 10:1. 

Transformation twins thus appear to be absent in 
martensite, but observations on the behavior of mar- 
tensite during deformation suggest that martensite 
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is at least capable of twinning mechanically. Evi- 
dence for this may be obtained from the deformed 
martensite shown in Figs. 4 and 5. Visible in relief 
on the martensite and lying approximately per- 
pendicular to the length of the plate are straight 
narrow ridges. They may be seen as dark etching 
bands running across the plate after tempering, 
polishing and etching the specimen. These bands, 
shown in Fig. 7, appeared to be twins, since they 
could be easily detected in an untempered specimen 
as well. This is illlustrated in Fig. 8, obtained after 
electropolishing.* Note that the slip lines in the 


* This also causes partial etching of the specimen. 


austenite do not show up. Fig. 7 shows twins in 
martensite which bear great resemblance to those 
reported by Greninger and Troiano” in martensite 
mechanically polished. 

It would thus appear that if martensite were a 
twinned product, metallographic observation of this 
would be possible. 

Slip: Suppose that slip of only one interatomic 
distance in the [111], direction on any given (211), 
plane were to occur in the martensite during its 
formation, then theory’ predicts that approxi- 
mately every sixth plane would have to slip in order 
to preserve an invariant interface plane. The scale 
of this would be too fine to be seen by the electron 
microscope (which has an optimum resolution of 
about 50A under favorable conditions). If, however, 
sufficiently large and widely separated clusters of 
slip occurred, they could be detected by the electron 
microscope. The observations in Fig. 6 interpreted 
on such a basis indicate that the clusters of slip 
planes would be about 100A thick and separated by 
a distance of approximately 1000 to 1500A. This 
implies slip by more than one interatomic distance 
on most of the planes in the cluster. Scatter in the 
habit planes could then arise from slight variations 
in the amount of slip on these planes as a result of 
external constraints during the formation of a mar- 
tensite plate. External constraints could be accom- 
modated by small deviations from the position of 
the theoretical strain-free interface. 

In the foregoing discussion it has been assumed 
that the striations were traces from {211}, planes. 
This may not be so. The choice of a crystallograph- 
ically different slip plane leads, in the extended 
theoretical treatment to different habit planes—pro- 


Fig. 8—Specimen deformed at room temperature and electro- 
polished only (untempered and unetched). X700. Reduced 
approximately 15 pct for reproduction. 
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viding that it is, possible to satisfy the criterion of 
an unstrained interface at all. Thus, the fact that 
body-centered-cubic crystals exhibit a diversity of 
slip planes suggests that the habit planes could also 
be associated with some variation in the effective slip 
plane from one martensite plate to another. 

Consideration of the general diffuseness of X-ray 
diffractions from martensite“ would indicate that, 
if simple slip is to be associated with the formation 
of a martensite crystal, it must be accompanied by 
a considerable number of defects in the martensite 
lattice. These defects may form a rather complicated 
pattern and further speculation at this stage seems 
premature. 


Conclusions 

The observed scatter in the habit planes of mar- 
tensite in steel has been found to be greater than the 
experimental error and must therefore be con- 
sidered real. A small amount of the real scatter 
results from an inherent inability to define the inter- 
face plane precisely enough. The remainder is a 
consequence of the constraints arising during trans- 
formation. These give rise to two effects. One seems 
fairly well established and may be assigned to slip 
in the austenite accompanying the transformation. 
The contribution of this to the scatter appears to be 
small. The other is of an undetermined nature and 


is to be associated with the rather imperfect struc- 
ture of the martensite. It is suggested that slip in 
the martensite is involved. 
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Effects of Solid Solution Alloying On 


Creep Deformation of Aluminum 


The effects of solid solution alloying on the creep-rupture properties, deformation 
characteristics, ductility, and fracture of pure aluminum were studied by means of creep- 
rupture tests on polished specimens of three alloys each of Al-Cu (0.24, 0.79, and 2.05 
pet Cu), Al-Zn (4.93, 9.89, and 19.78 pct Zn), and Al-Mg (0.94, 1.92, and 5.10 pct Mg) 


at 500°, 700°, and 900°F. 


by Gordon D. Gemmell and Nicholas J. Grant 


REEP rupture characteristics of high purity Al- 
Mg solid solution alloys were studied by Mul- 
lendore and Grant‘ to investigate solid solution 
strengthening of pure aluminum and the accompany- 
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ing effects on deformation and fracture character- 
istics. This paper presents the results of an exten- 
sion of that work to Al-Cu and Al-Zn alloys to 
permit a comparison of the relative effects of the 
three solute elements on the high temperature 
strength and on the deformation and fracture char- 
acteristics. 
Experimental Procedure 

A total of nine alloys was studied. They were all 
made of ultra high purity aluminum alloyed with 
high purity copper, zinc and magnesium. The com- 
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positions are listed in Table I. Constant stress creep 
rupture tests were made on electrolytically polished 
(Jacquet’s solution) specimens of each alloy at 500°, 
700°, and 900°F. All specimens were annealed at 
1000°F for a time necessary to produce the desired 
grain size of approximately 1 mm average diameter. 
The constant stress testing apparatus has been de- 
scribed previously.” 

The test conditions permitted testing in the solid 
solution region of each binary phase diagram, with 
the exception of the 0.79 pct Cu alloy at 500°F and 
the 2.05 pct Cu alloy at 500° and 700°F, which were 
two-phase alloys. These two-phase alloys were in- 
cluded to permit an examination of strength and 
deformation changes in going from the single phase 
field into the two-phase field to facilitate extension 
of the current work to other two-phase alloys. 
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The limits of solubility for the three alloy sys- 
tems are shown in Table II. 

The Al-Mg alloys are the same as those studied 
by Mullendore and Grant." However, whereas they 
used constant load tests, it was found advantageous 
to perform the present work at constant stress to 
permit easier comparison of creep rates and ductili- 
ties. 

Results 

Creep-Rupture Properties—Figs. la, b, and c show 
the total creep-rupture results plotted as log stress 
vs log rupture time for each of the three alloy 
series. Curves for high purity aluminum from the 
work of Servi and Grant® are included in each of 
the figures for purposes of comparison. The data for 
pure aluminum shown in other figures are from the 
same source. Similar plots were obtained of log 
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sented. 
; Fig. 1 is based on the plotting convention of draw- 
ing the best straight line through the experimental 
points, with a break in slope to indicate and empha- 
size a region of material instability with respect to 
the test conditions.* Such instabilities were con- 
firmed by metallographic examination or other evi- 
dence. For the alloys in this series the slope changes 
which are shown are associated with the incidence 
of active grain boundary sliding and/or intercrystal- 
line cracking; the metallographic as well as normal 
visual observation clearly showed the start of such 
grain boundary deformation and intercrystalline 
cracking.’ Marked decreases in ductility at fracture 
support these observations of intercrystalline crack- 
ing and simplify the detection of these regions of 
equicohesion. 

With reference to Fig. la, it was observed that 
the 2.05 pet Cu alloy underwent intercrystalline 
cracking at 500° and at 700°F. Regarding Fig. 1b, 
intercrystalline cracking was noted for the 5.10 pct 
Mg alloy at 500°F, and at high strain rates at 700°F. 
Some intercrystalline cracking was also observed in 
the 1.92 pct Mg alloy at 500°F. However, the frac- 
ture was mostly transgranular due to the increased 
strain rates as a result of a decreased cross section 
resulting from the intercrystalline cracks. In gen- 
eral, the results observed on the Al-Mg alloys at 
constant stress are in close agreement with the tests 
performed on the same alloys at constant load. 
Extensive intercrystalline cracking and fracture also 
occurred in the 19.78 pct Zn alloy at 500°F. 

In the lower alloy content compositions of all the 
solid solution alloys other than those noted above, 
there was a marked tendency at 500°F for some 
intercrystalline cracking to occur, as evidenced by 
the heavy and highly restricted deformation along 
the grain boundaries, with restricted or no evidence 
of grain boundary migration. However, intercrystal- 
line cracking occurred only in localized regions. On 
the other hand, at 700°F there was extensive grain 
boundary migration and freedom from intercrystal- 
line cracking except as noted above. This trend was 
completed at 900°F in that not one of the nine alloys 
showed any evidence of intercrystalline cracking, 
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Fig. 2—Total elongation ys test temperature. Each yalue is 
the average of all tests at that temperature for each alloy. 
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but all showed extensive grain boundary sliding and 
migration. 

Ductility Observations—Since it has been ob- 
served in the past that elongation at the end of 
second stage of creep (and sometimes total elonga- 
tion) is a good indicator of intercrystalline crack- 
ing,’”’ considerable attention was given to measure- 
ments of both elongation values. Some small error 
exists in that an exact value of strain on loading 
was not obtainable with the existing equipment, but 
the interpretation of the data was not complicated 
by this. 

Fig. 2 shows the average total elongation at frac- 
ture for each alloy for all of the specimens tested 
at a given temperature plotted against the test tem- 
perature. The comparative values for pure alu- 
minum are also shown. At 500°F, where inter- 
crystalline cracking was observed, it will be noted 
that with one minor exception (9.89 pct Zn alloy), 
as the alloy content increased the elongation de- 
creased. Further, the 5.10 pct Mg and the 19.78 pct 
Zn alloys, which showed the most severe intercrys- 
talline cracking, also showed the most severe em- 
brittlement. As recovery processes are enhanced 
with increasing temperature of test above 500°F, 
and intercrystalline cracking is largely or wholly 
eliminated, elongation values increased sharply at 
700°F, and continued to increase up to 900°F. In 
fact, at 900°F most of the aluminum alloys show 
greater elongation than pure aluminum. Of par- 
ticular interest is the high ductility of the 5 pct Mg 
alloy, which not only exhibits the highest values of 
stress for rupture at all three test temperatures, but 
is also the most ductile at 700° and 900°F. In fact, 
the 5.1 pct Mg alloy, a solid solution alloy, is 
stronger at all three temperatures than the 2.05 pet 
Cu alloy, which is a two-phase alloy at 500° and 
700°F (although no effort was made to produce a 
structure to yield optimum strength). 
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Fig. 4a—Log-log plot of minimum creep rate ys rupture 
time for Al-Cu alloys. 
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Fig. 4c—Log-log plot of minimum creep rate ys rupture 
time for Al-Zn alloys. 


The true elongation (elongation at end of second 
stage creep), because it presents a somewhat dif- 
ferent ductility picture, is worth examining, and is 
shown in Fig. 3. Again, at 500°F, due to slow re- 
covery processes with attendant intercrystalline 
cracking, there is in all instances a decrease in 
elongation with increasing alloy content. In this 
case the two-phase copper alloy (2.05 pct) shows 
a sharp drop in elongation. At 700°F, where re- 
covery is enhanced, there is a significant gain in 
ductility by those alloys which showed low values 
at 500°F. The change in second stage elongation 
from 700° to 900°F is small in all instances except 
for the 2 pet Cu alloy, which becomes a single phase 
alloy above 700°F. These results indicate that those 
alloys which had very limited intercrystalline crack- 
ing or none at all at 500°F do not show an important 
change in elongation at the end of second stage 
creep in the entire 500° to 900°F temperature range. 
Where recovery processes, as evidenced by grain 
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Fig. 4b—Log-log plot of minimum creep rate ys rupture 
time for Al-Mg alloys. 


boundary migration, prevent intercrystalline crack- 
ing, large gains in elongation at the end of second 
stage creep result, as compared to the 500°F values. 

Furthermore, by comparing Figs. 2 and 3, these 
results indicate that large amounts of third stage 
deformation were possessed by these alloys at 700° 
and 900°F. This is especially the case for the solid 
solution magnesium alloys of aluminum. 

In Figs. 4a, b, and c, plots of log rupture time vs 
log minimum creep rate are shown for all the alloys, 
with all alloys of one type being plotted on a com- 
mon graph, independent of temperature. In most 
cases, a straight line may be drawn for each alloy 
composition in each alloy system at each tempera- 
ture which is only slightly displaced from the rest 
of the curves. These curves can be represented by 
the following equations 


log ¢ = log E, — log t, 
or 


Gy. 


where ¢ is the minimum creep rate, E, is a constant 
and t, is the rupture time. E, had an average value 
of 0.316 for high purity aluminum, and 0.350 for 
2S aluminum. 

Fig. 4 shows that for each alloy system almost all 
of the points can be represented by a narrow band 
of slope (—1). Points or lines which fall outside 
(1.e., below) the main band correspond to tests 
which failed with low ductility. These alloys are 
the following: 2.05 pct Cu alloy at 500° and 700°F; 
0.94, 1.92, and 5.10 pet Mg alloys at 500°F; and 19.78 
pet Zn alloy at 500°F. 

It will be seen from Figs. 2 and 3 and the dis- 
cussion above that these are the low ductility tests 
in which the specimens failed by or showed inter- 
crystalline cracking. 

The main bands, which include most of the lines, 
can be represented by the relationship 


e= 


E, varies inappreciably for these alloys with increas- 
ing alloy content or with change in temperature, 
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except insofar as a combination of these variables 
results in low ductility at fracture. 

Solid Solution Strengthening at Elevated Temper- 
atures—In order to determine the relative strength- 
ening effects of the three alloying elements, a com- 


parison was made using the ratio Tailoy~Fat 
Oar 


os, is the stress which gives a 10 hr rupture life for 
pure aluminum at a given temperature, and oaiioy 
is the stress for 10 hr rupture time of the alloy at 
the same temperature. This ratio gives the fractional 
increase or decrease in strength of the alloy com- 
pared to pure aluminum. 

Because little is known regarding the basis of 
high temperature solid solution strengthening, a 
number of variables were examined. Fig. 5 shows 
the variation of the strength ratio plotted against 
the concentration, in atomic pct, of the solute ele- 
ment, including the two-phase copper alloys. Copper 
and magnesium have similar strengthening effects, 
copper having a slightly greater effect on a per 
atomic pct basis, but magnesium having the greater 
effect within the solubility limits. Zinc, on the other 
hand, shows either a very small strengthening effect 
at 900°F or a weakening effect at 500° and 700°F. 
Similar weakening effects for zinc in solution on 
the creep resistance of aluminum have been re- 
ported by Robinson, Tietz, and Dorn,‘ and by McLean 
and Farmer.’ 

To observe the strengthening by each solute ele- 
ment as a function of the degree of saturation, the 
same strength ratio has been plotted vs fraction of 
saturation of the solute element (c/c,). It was ob- 
served that per fraction of saturation, magnesium, 
which is more soluble than copper in aluminum, 
has the greater strengthening effect. On this basis, 
strengthening with magnesium is greater at the 
lower temperatures, but appears inferior to copper 
at the higher temperatures. It should be pointed 
out, however, that at 900°F the limit of saturation 
of the magnesium alloys is the a plus liquid field 
whereas the limit of saturation of the copper alloys 
is the a plus CuAl, field, giving a different and im- 
perfect basis of comparison of the saturation frac- 
tion. 

Lattice strain is a factor in solid solution strength- 
ening, and the variations of lattice parameter with 


where 
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Fig. 5—Strength 
parameter ys atomic 
pct solute element 
| for copper, zinc, and 
magnesium in alumi- 
num; o is the stress 
required to give a 
10 hr rupture life. 
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Fig. 6c—Stress vs slip band spacing for Al-Zn alloys. 
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concentrations of copper, zinc, and magnesium in 
aluminum, as determined by Axon and Hume- 
Rothery,’ were considered. While the effect of zinc, 
per atomic pct of addition, is small, nevertheless 
the contribution to the solid solution strengthening 
at high temperatures for large additions is not pro- 
portional to the lattice change as compared to either 
copper or magnesium. Copper additions, on the 
other hand, appear to have the most profound 
effects per atomic pct of solute addition. 

On the assumption that the density of slip band 
spacing would change with increasing alloy con- 
tent, measurements of average slip band spacing at 
fracture were made on all specimens in which slip 
was observed. According to Orowan, the slip band 
spacing at maximum strain is inversely proportional 
to the applied stress.’ This was confirmed by Servi 
and Grant® for pure aluminum and was shown to be 
independent of temperature. Their values are shown 
in Figs. 6a, b, and c as a basis of comparison for the 
solid solution alloys. The values for the alloys also 
fit into a band of slope of approximately (—1). In 
the case of the copper and the magnesium alloys, 
the values are above the curve for pure aluminum 
with only occasional exceptions, suggesting that a 
higher stress is required to achieve the same density 
of slip bands at fracture as compared to pure alu- 
minum. In the case of the zinc alloys, the points 


Fig. 1O—AI-0.79 pct 
Cu alloy. Creep rup- 
ture tested at 500°F 
and 1400 psi. Re- 
duced approximately 
25 pct for reproduc- 
tion. 


422—JOURNAL OF METALS, APRIL 1957 


Fig. 8—AI-19.78 pct Zn alloy. Creep 
rupture tested at 700°F and 1500 psi. 
X100. Reduced approximately 35 pct 


Fig. 9—AI-0.79 pct Cu alloy. Creep 
rupture tested at 500°F and 5000 psi. 
X100. Reduced approximately 35 pct 
for reproduction. 


are distributed equally about the curve for pure 
aluminum, lending support from a deformation 
point of view to the observation that zine does not 
significantly strengthen aluminum in hot creep as 
a solute element. 

Metallographic Observations—The deformation 
mechanisms which occur in hot creep of pure alu- 


minum*” and in solid solution alloys of magnesium 
Table I. Compositions of Alloys* 

Lattice 
Elements, Wt Pct Spacing? 

Alloy Atomic at 25°C, 

No. Pet cu Fe Ni Mg Zn kX 

1 0.10 Cu 0.24 0.002 0.005 0.008 0.000 4.0408 

2 0.34 Cut 0.79 0.001 0.002 0.000 0.000 4.0397 

3 0.88 Cus 2.05 0.001 0.001 0.001 0.000 4.0372 

4 2.09 Zn 0.005 0.002 0.002 0.000 4.93 4.0400 

5 4.33 Zn 0.004 0.002 0.001 0.000 9.89 4.0383 

6 9.23 Zn 0.005 0.004 0.001 0.000 19.78 4.0335 

7 1.04 Mn 0.002 0.007 0.004 0.94 0.000 4.0445 

8 2.12 Mn 0.002 0.003 0.002 1.82 0.000 4.0495 

9 5.65 Mn 0.002 0.002 0.004 5.10 0.000 4.0630 


* All the alloys and their analyses were furnished by the Alu- 
minum Co. of America. 

+ By interpolation or extrapolation from data by H. G. Axon and 
W. Hume-Rothery.® 

t Two phase at 500°F. 

§ Two phase at 500° and 700°F. 


in aluminum’ have been reported. The observations 


on the three magnesium alloys of aluminum reported 
by Mullendore and Grant were substantiated in the 
present work, and only a few brief observations on 
the effects of copper and zine will be made. 

As in the case of alloying with magnesium, alloy- 
ing with copper and zinc also resulted in the inci- 
dence of intercrystalline cracking at 500°F in those 
alloys in which recovery processes were too slow at 
sufficiently high strain rates to permit strain accom- 
modation and migration of grain boundaries to new 
unstrained positions. An increase of test tempera- 
tures to 700° or 900°F enhanced recovery processes, 
particularly boundary migration, resulting in the 
avoidance of intercrystalline cracking (except at 
700°F at very high strain rates in the case of the 
highest magnesium and copper alloys). 

Fig. 7 shows some of the deformation character- 
istics observed for the 19.78 pct Zn alloy tested at 
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500°F and 4500 psi, which failed by intercrystalline 
means. At the high strain rate of this test some slip 
1s evident in a number of grains. A sharp but small 
offset at the triple point is also observed which is 
associated with the broad fold in the grain into 
which the offset took place. Fig. 8 shows the same 
alloy tested at 700°F and 1500 psi: little or no slip 
is evident and a sharp intercrystalline crack is noted 
along two of the grain boundaries. At lower stresses 
Conger time tests) at 700°F this alloy failed with 
increasing ductility and by transcrystalline means 
as recovery processes were enhanced and grain 
boundary migration became increasingly prevalent. 

In the Cu-Al alloys only the 2.05 pct composition 
showed complete intercrystalline failures at 500°F. 
Nevertheless, there was a marked change in the 
deformation characteristics in going from 500° to 
700°F or with changing strain rate at 500°F. This 
is shown in Figs. 9 and 10, for the 0.79 pct Cu alloy 
at 500°F. Fig. 9 shows the high strain rate structure 


Table Il. Concentration Limits of the a Phase 


Atomic Pct 
500°F 700°F 900°F 
Cu in Al 0.13 0.47 153 
Zn in Al 12.0 66.0 26.0 (above eutectic) 
Mg in Al 6.0 10.0 14.5 (above eutectic) 


with extensive slip and absence of significant bound- 
ary sliding. Fig. 10 shows the low strain rate struc- 
ture, with extensive boundary sliding and a fold 
plainly evident in grain C. A few intercrystalline 
cracks were discernible but the fracture was trans- 
crystalline. This same type of transition in deforma- 
tion was observable in all the alloys to a greater or 
lesser extent at about 500°F, the sharpness of the 
change being associated with the extent of inter- 
crystalline cracking or fracture. 


Summary 


Both copper and magnesium in solid solution are 
highly effective in improving creep resistance and 
rupture life of aluminum, although a clear-cut cri- 
terion for strengthening was not found and is not 
warranted on the basis of only the three alloy sys- 
tems studied in this program. The largest benefits 
occur with the first small additions of solute ele- 
ment. Significant strength improvements over pure 
aluminum occur at all temperatures from 500° to 
900°F. 

Zinc in solid solution has little or no effect on the 
high temperature creep resistance of aluminum, and 
for certain test conditions appears to have a weak- 
ening effect. An explanation of this behavior is not 
yet available but should make an important con- 
tribution to some of the theories of hot strengthen- 
ing. 

eo 500°F at certain strain rates all alloys undergo 
a marked. change in the deformation mechanism, 
changing from slip predominantly to high tempera- 
ture processes, such as grain boundary sliding and 
fold formation. As alloying content increases in the 
solid solution range the change is considerably more 
marked. When recovery processes are slowed suffi- 
ciently so that grain boundary migration is highly 
restricted, and accommodation of strains across 
grain boundaries cannot be achieved, extensive 
intercrystalline cracking occurs with large loss of 
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ductility. At longer times (lower strain rates) at 
500°F, grain boundary sliding and migration and 
fold formation become more active and result in a 
resumption of transcrystalline failures. This effect 
was, of course, much more evident at 700° where 
intercrystalline cracking was present only in the 
most highly alloyed metals at high strain rates, and 
was completely absent at 900°F. Above 500°F large 
gains in ductility were noted with the advent of 
extensive grain boundary sliding and migration and 
fold formation. 


Thus, in three alloy systems based on aluminum, 
in which the alloys were maintained at ultra high 
purity levels, it has been observed that intercrystal- 
line cracking takes place when boundary deforma- 
tion processes (sliding) begin to take place but 
cannot be fully accommodated because of the high 
recovery temperatures of the grains due to the in- 
creased alloy content. Under these circumstances 
continuity of strains cannot be transmitted across 
grain boundaries due to lack of fold formation, grain 
boundary migration, slip, etc., and brittle inter- 
crystalline fracture occurs. With increased test tem- 
perature or time at test, recovery processes, espe- 
cially migration, become operative and prevent 
intercrystalline cracking. Impurities such as oxygen, 
nitrogen, or carbon, or certain tramp elements are 
not necessary therefore to initiate or cause inter- 
crystalline cracking, but if present would of course 
make intercrystalline cracking easier, more severe, 
and less subject to elimination by increases in tem- 
perature or decreases in strain rate. 


None of the modes of deformation noted for pure 
aluminum at these same temperatures was elim- 
inated by solid solution alloying, but there were 
definite changes in the extent of their participation 
in deformation. For example, as noted above, grain 
boundary migration is often reduced by. alloying, 
and folds become shorter and broader with increas- 
ing alloy content. Average slip band spacing, 
measured at fracture, remained inversely propor- 
tional to the stress, but there appeared to be a wider 
spacing of slip bands for a given stress with alloy- 
ing. Kinks and subgrains were noted but were not 
studied in detail in this instance. 
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Technical Note 


Stepped Austenitizing Treatment for 4340 Steel 


by E. P. Klier, Volker Weiss, and George Sachs 


T has been shown that the isothermal transforma- 
tion of austenite in a special steel can be modified 
by isothermal holding in the high subcritical trans- 
formation range.’ Since this treatment potentially 
leads to increased hardenability, limited testing has 
been completed to determine if the stabilization 
effects observed with this treatment can be used to 
advantage in the heat-treating of 4340 steel. As an 
index of the effects of the several austenitizing 
treatments on the hardenability of the steel, Jominy- 
type hardenability tests were completed for speci- 
mens 2.5 in. in diameter and 8 in. long. 

Since the steel studied is to be used at strength 
levels where notch sensitivity is of major concern, 
notch sensitivity after selected austenitizing treat- 
ments has been evaluated by notch tensile tests for 
several specimen sizes. 

The steel composition and the austenitizing treat- 
ments are given in Table I. The test specimens are 
presented in Fig. 1. The hardenability data are given 
in Fig. 2 and the notch tensile properties are pre- 
sented in Fig. 3. 

The hardenability of the steel investigated when 
determined by use of the standard Jominy test 
specimen*® was high and remained essentially un- 
changed for the different austenitizing treatments. 
For the larger test specimen, as has been shown by 
other investigations,*° the characteristic harden- 
ability indexes are changed and it becomes possible 
to isolate austenitizing treatments which promote 
maximum hardenability. The stepped austenitizing 
treatment promotes higher hardenability as is indi- 
cated in Fig. 2. 

The evaluation of notch sensitivity for very high 
strength steels is best accomplished by means of the 
notch tensile test. The experimental conditions of 
the test, however, modify the notch strengths meas- 
ured, and in the present experimentation an effort 
was made to achieve a limiting notch condition by 
fixing the notch root radius at 0.001 in. while the 
specimen diameter was allowed to increase from 0.3 
to 1.1 in.* For this root radius the notch strength, 


* The section-size effect which modifies the notch test results will 
be treated in a later publication. It is important to note that as the 
test section is suitably increased both the tensile and notch tensile 
properties are markedly reduced. 


i.e. the average fracture stress on the cross section 
under the notch, was measured at room tempera- 
ture as indicated in Fig. 3 for the different speci- 
mens as the tempering temperature was raised from 
400° to 1000°F. 

The trend of the notch strength vs tempering 
temperature has been established earlier’ for the 
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Fig. 1—Test specimens: a) hardenability specimen, b) 0.3- 
in.-diam notch tensile specimen, and c) 1.1-in.-diam notch 
tensile specimen. 
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Fig. 2—Hardenability of 4340 steel after selected austenitiz- 
ing schedules; end-quench test of 2.5-in.-diam x 8-in. long 
Jominy-type specimens. 


0.3-in.-diam specimen, and this trend differs from 
that for the larger specimens. At the highest tem- 
pering temperatures the 1.1-in.-diam specimens 
yield comparable results for the austenitizing treat- 
ments compared. However, as the tempering tem- 
perature is progressively lowered below 800°F, em- 
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brittlement or notch sensitivity progressively in- 
creases. Further, in contrast to results obtained with 
the impact test, the notch strength for the large 
specimens does not reveal a 500°F embrittlement 
range. 

The notch sensitivity as determined with the 
0.3-in. specimen of 4340 steel given the stepped 
austenitizing treatment has been discussed else- 
where.* This quantity as measured for the 1.1-in.- 


Table I. Composition and Heat Treatments 


Composition of 4340 Steel, Pct 


Cc Mn 12 Ss Si Cr N Mo 


0.43 0.73 0.012 0.022 0.26 0.78 1.9 0.24 


Heat Treatments 


Holding 
Temper- Time, 
No. ature, °F Hr Cooling Procedure* 

1 1550 4+ O.Q. or J.Q. 
2 1550 4+ F.C. to and hold for 1 hr at 1325°—O.Q. 
3 1550 4 F.C. to and hold for 1 hr at 1350°—J.Q. 
4 1550 4 F.C. to and hold for 1 hr at 1375°—J.Q. 
5 1550 4 F.C. to and hold for 1 hr at 1400°—J.Q. 
6 1500 12 J.Q. 
7 1625 2 A.C. 

1525 2 0.Q. 


* O.Q. refers to oil quench; A.C., air cool; F.C., furnace cool; and 
J.Q., Jominy quench. 

7 For the 0.300-in.-diam notch tensile specimens this holding time 
was 1 hr. 


diam notch tensile test and given in Fig. 3, is taken 
to signify that reduced notch sensitivity is encoun- 
tered in the 600° to 800°F tempering range for 
specimens given the stepped austenitizing treatment. 

The stepped austenitizing treatment may, there- 
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fore, be of use in promoting deeper hardenability 
for a 4340 steel while at the same time giving re- 
duced notch sensitivity in the high-strength range 
in which this steel is now being used. 
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Central Region of the Mg-Zn Phase Diagram 


The phase equilibria in the Mg-Zn system from 0 to 85 wt pct Zn and from 335° 
to 93°C have been redetermined. In this region four intermetallic phases, Mg7Znz, MgZn, 
Mg2Znz, and exist. Below 325°C, the Mg;Znz phase decomposes eutectoidally 
to magnesium solid solution + MgZn. The MgZn phase is stable over the temperature 
range from 335°C to 93°C; below 325°C, it is in equilibrium with the magnesium solid 


solution. 


by J. B. Clark and F. N. Rhines 


J. B. CLARK, Junior Member AIME, is associated with the Metal- 
lurgical Laboratories, Dow Chemical Co., Midland, Mich., and 
F. N. RHINES, Member AIME, is Aluminum Co. of America Pro- 
fessor of Light Metals, Dept. of Metallurgical Engineering, Car- 
negie Institute of Technology, Pittsburgh. 

TP 4365E. Manuscript, Jan. 16, 1956. Cleveland Meeting, Octo- 
ber 1956. 


TRANSACTIONS AIME 


9 ek most recent phase diagram of the Mg-Zn 
system is that of Késter and Miiller,* Fig. 1. 
Certain diffusion studies, that will be described in 
a future paper, led to the conclusion that this phase 
diagram is incorrect in indicating that the MgZn 
phase decomposes by a eutectoid reaction at 3405C; 
instead of persisting to low temperature. Accord- 
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ingly, that portion of the MgZn diagram lying be- 
tween 0 and 85 wt pct Zn and between 93° and 
335°C has been re-examined and a revised phase 
diagram is presented. 


Preparation of Alloys 

The alloy compositions prepared for this study are 
listed in Table I. These alloys were prepared by 
melting, singly, sublimed magnesium and_ high- 
purity zinc under a chloride flux in a graphite cru- 
cible. The magnesium was melted first and the zinc 
addition was stirred into the molten magnesium 
with a carbon rod until alloyed. The alloy melt was 
stirred vigorously at about 700°C for 15 min and 
chill cast into a rod form. 

All the alloys were studied in the cast condition 
except the 20 and 35 wt pct Zn alloys which were 
extruded. For a given composition and heat treat- 
ment, the phases present in the cast and extruded 
condition were identical. 


Heat Treatment 


Samples of each of these alloys were homogenized 
by annealing first at 335°C for 10 days. Subse- 
quently, samples of each alloy were annealed at 
320°, 260°, 204°, 149°, and 93°C respectively, for 
periods up to 1000 hr, followed by a rapid air cool- 
ing, or an ice water quench. No difference was 
observed between the structures of water-quenched 
specimens and air-cooled specimens. In addition, 
some diffusion couples composed of a disk of pure 
magnesium welded to a disk of the MgZn phase 
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Fig. 2—Equilibria in the central region of the Mg-Zn phase 
diagram as determined by the authors. 
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> 


Fig. 3—74.5 wt pct Zn alloy after a 139-hr anneal at 335°C, 
followed by a water quench. Glycol etch. X500. Reduced 
approximately 20 pct for reproduction. 


were diffused at 335°C and were examined to verify 
the existence of the Mg:Zn, phase field at 335°C. 
During these treatments the alloy samples were 
protected from deterioration in Pyrex vials contain- 
ing an argon atmosphere. The heat treatments were 


Table I. Alloy Compositions 


Nominal Composition, Composition by Analysis, 


Wt Pct Zn Wt Pct Zn 
10 10.2 
20 20.4 
30 30.8 
35 35.3 
40 39.8 
50 49.9 
60 59.17 
70 70.5 
71 72.0 
72 72.6 
73 73.42 
75 76.2 
77 76.5 
53 (Mg7Zns) 52.9 
74 (MgZn) 74.5 
80 (Mg2Znsz3) 79.0 
84 (MgZnz) 85.1 


carried out in an electric furnace which maintained 
the temperature within +1.5°C. No surface attack 
or depletion of zinc or magnesium was observed 
metallographically. 


Method of Analysis 


The heat-treated alloy specimens were analyzed 
by metallographic examination and powder X-ray 
diffraction. The alloys were polished and etched 
using standard procedures for magnesium. Table II 
lists the main etchants used in the study, and out- 
lines the procedure used to distinguish metallog- 
raphically between Mg,Zn, and MgZn. 

Powder X-ray diffraction was performed on a 
143.2-mm-diam camera with nickel-filtered copper 
radiation. Powder patterns of homogenized alloys 
of MgZn, Mg,Zn;, and Mg.Zn, were prepared and 
used as standards for phase identification in other 
alloys. The d-values for these phases are listed in 
Table III. 

Discussion of Results 


Those regions of the revised diagram, shown in 
Fig. 2, that were not re-investigated by the authors, 
are taken from the literature. The liquidus curves, 
the temperatures of the eutectic and of the peri- 
tectics associated with the formation of MgZn and 
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pct for reproduction. 


in Fig. 4 after an 83-hr anneal at 149°C. The Mg:Zns has 
decomposed, leaving a fine dark eutectoid structure. Pre- 
cipitation has occurred in the MgZn matrix. Glycol etch. 
X1500. Reduced approximately 15 pct for reproduction. 


mately 5 pct for reproduction. 
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Fig. 4—73 wt pct Zn alloy after a 5-day anneal at 335°C. 
A small amount of Mg;Zns (darker gray) is shown in a matrix 
of MgZn. Glycol etch. X1500. Reduced approximately 10 


Fig. 6—35 wt pct Zn alloy after a 5-day anneal at 335°C 
Magnesium solid solution (outlined, darker gray) is shown in 
a matrix of Mg:Zns. Glycol etch. X500. Reduced approxi- 


Fig. 7—53 wt pct Zn alloy after a 5-day anneal at 320°C. 
Nodules composed of lamallae of magnesium solid solution 
(dark) and MgZn (gray) are shown impinging in a matrix 
of Mg;Znz. Glycol etch. X200. Reduced approximately 10 
pet for reproduction. 


Fig. 8—Cross section 
of a couple of mag- 
nesium and the 
MgZn phase after 
diffusion for 1000 hr 
at 335°C, showing 
the diffusion layer 
of Mg;Znz. Glycol 
etch. X75. Reduced 
approximately 30 pct 
for reproduction. 


= 
Fig. 9—Decomposition of the Mg;Zns phase along the inter- 


face of the Mg/MgZn diffusion couple. Unetched. X250. 
Reduced approximately 10 pct for reproduction. 
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Fig. 10—80 wt pct Zn alloy after a 10-day anneal at 260°C. 


The structure consists entirely of the Mg2Znz phase. Glycol 
etch. X500. Reduced approximately 10 pct for reproduction. 


Mg;Zn,;, and the short vertical line representing the 
limited existence of the phase Mg,Zn; are taken 
from the data of Urazov and coworkers.* The mag- 
nesium-rich solidus is taken from the diagram re- 
ported by Adenstedt and Burns’ and the correspond- 
ing solvus from the diagram reported by Hess.° The 
peritectic temperature of the Mg.Zn,; phase is taken 
from the diagram reported by Laves,* as are the 
vertical lines representing the range of existence of 
the phases MgZn, and Mg.Zna,. 

It was found that the phase field of the MgZn 
compound lies at 74.5 wt pct Zn, as evidenced by 
the single-phase alloy shown in Fig. 3, rather than 
at 72.9 wt pct Zn, as predicted from the stoichiom- 
etry of the MgZn compound. That the phase MgZn 
is stable down to low temperature, as indicated in 
Fig. 2 by a vertical line at 74.5 wt pct Zn, extending 
from 366°C to the base of the diagram, has been 
demonstrated in several ways. All alloys up to and 


Table Il. Etchants and Procedure Used to Distinguish Between the 
MgZn and Mg;Zn; Phases 


Time of 
Specimen 
Etchant Immersion, 

Phase Used* Sec Reaction 
MgiZn3 10 Roughened, pitted 
MgZn 37 10 Remained relatively unattacked 
Mg7Zn3 2 Slightly attacked 
MgZn if 2 Severely attacked 


* Etchants used were composed of: No. 1, 50 g CroOz, 4 g Na2SOu, 
and 1000 cu cm water; No. 2, 75 cu cm ethylene glycol, 24 cu cm 
distilled water, 1 cu cm concentrated HNOs; and No. 3, 1.5 cu cm 
HCl, 2.5 cu cm HNOs, 0.5 cu cm HF, and 95.5 cu cm water. 

+ Diluted 100 times with water. 


including 60 wt pct Zn, which had been stabilized 
at 320°C and below, were found to be composed of 
the two phases, magnesium-rich solid solution and 
MgZn, and exclusively these. The phase identifica- 
tion was made positive by the analysis of the corre- 
sponding X-ray diffraction spectra. 

Above 320°C, the 73 wt pct Zn alloy was found 
to be made up almost entirely of MgZn, with a 
small amount of Mg,Zn, (see Fig. 4). Upon an- 
nealing at lower temperature, the MgZn phase re- 
mained untransformed except for the appearance of 
a Widmanstatten precipitate (Fig. 5). This precipi- 
tate has not yet been identified, although it seems 
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Glycol etch. X500. Enlarged approximately 30 pct for re- 
production. 


most probable that it is magnesium-rich solid solu- 
tion. In any case it is evident that MgZn is stable 
throughout the temperature range examined, and 
that it must have some, though perhaps a small, 
composition range of existence. 

The studies by Koster’ show clearly that the phase 
Mg,Zn, is not stable at low temperature; rather it 
undergoes eutectoid decomposition at a temperature 
not far from that of the eutectic. This temperature 
has been found in the present research to lie be- 
tween 335°C and 320°C, probably close to 325°C, 
as shown in Fig. 2. The evidence derives from both 
equilibrium and diffusion-couple experiments. All 
alloys containing up to 49.9 wt pct Zn, when an- 
nealed at 335°C, were found to be composed of 
magnesium-rich solid solution and Mg.Zn;. See, for 
example, Fig. 6. Those alloys from 59.17 to 73.42 
wt pct Zn, stabilized at the same temperature, 
were composed of MgZn and Mg,Zn,, as has been 
shown in Fig. 4. Both series of alloys, upon slow 
cooling or stabilization at 320°C and below, undergo 
the eutectoid decomposition of Mg,Zn, to a more or 
less well developed lamellar constituent of mag- 
nesium-rich solid solution and MgZn. This can be 
seen in a zinc-rich alloy, Fig. 5, and in the partly 
transformed alloy of Mg;Zn, composition shown in 
Fig. 7. Accordingly, a eutectoid horizontal has been 
drawn in Fig. 2, at 325°C, connecting the phases: 
magnesium-rich solid solution at 8 wt pct Zn, 
Mg,Zn,; at 53 wt pct Zn, and MgZn at 74.5 wt pct Zn. 

As a final check upon the correctness of these 
deductions, an alloy couple that was made up of a 
disk of pure magnesium and a disk of the 73.42 
wt pet Zn alloy (MgZn) was diffused 1000 hr at 
335°C. In accordance with expectation, a new layer 
corresponding to Mg,Zn, developed between the 
magnesium and the MgZn layers (see Fig. 8). 

Upon air cooling, over a period of 10 min, de- 
composition of the Mg;Zn, progresses by the nuclea- 
tion and growth of eutectoid nodules. A state of 
partial decomposition is illustrated in Fig. 9; pref- 
erential nucleation upon the oxide film of the orig- 
inal interface is to be noted. X-ray diffraction 
studies upon Mg,Zn,, transformed isothermally, in- 
dicate that the change proceeds in two steps. The 
MgZn first appears in an unstable transition form, 
which subsequently changes to the stable state. At 
temperatures below 204°C, the unstable form has 
been observed to persist in the diffraction pattern 
for more than 1000 hr. Table III includes a list of 
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° 
ee Fig. 11—80 wt pct Zn alloy after 24-hr anneal at 149°C. 


Table Ill. Main Reflections of Phases Studied 


Metastable 
Mg;Zns MgZn MgoZn; Structure of MgZn 
qd, A d,A d,A d,A 
10.0 23 12.9 43 15.0 
: : 6 4.55 4 
7.0 17 43 13.0 6 
G4 6 4.25 4 
5.1 17 
5.0 20 5.4 4 2.33 4 
: : 3 4.90 2 .23 to 2.1 1 
4.44 20 4.28 50 4.73 30 ee : 
4.07 13 4.69 0 2.08 
4.10 7 3.80 3 4.38 38 
3.78 23 3.62 8 £23 15 2.00 3 
3. .09 25 
3.51 9 3.30 5 3.99 6 1.77 3 
3.37 1 3.20 3 3.65 4 
Sat 5 3.58 4 ils 
3.22 1.5 2.70 1 3.41 6 
3.17 1.5 22 1 2.61 6 1.24 2 
1 2.50 63 
3.04 1 2.56 3 2.39 6 1.112 2 
2.75 7 2.47 31 2.36 75 
2.44 8 2.35 75 
6 * The intensity values 
2195 100 sce 6 are relative to those of 
257 13 the matrix of magnesium 
253 3 220 3 220 100 solid solution. 
2.16 43 2.16 75 
2.46 10 2.11 13 2.12 13 
2.43 23 2.06 13 2.11 25 
2.05 50 2.07 25 
2.41 10 2.00 15 2.04 13 
2.33 23 1.98 3 2.03 19 
1.95 5 1.98 6 
2.29 100 1.92 25 1.93 6 
DOP 8 1.87 5 1.915 6 
1.83 20 1.904 6 
2.19 1.5 1.805 10 1.87 13 
2.17 1.5 1.78 5 1.835 13 
1.74 8 1.80 
2.13 1.5 1.725 8 Tae 25 
2.07 3 1.70 3 1.73 6 
1.675 3 1.70 6 
1.99 9 1.615 1 1.69 6 
1.95 1.5 1.60 3 1.67 6 
1.55 18 1.499 6 
1.91 5 1.50 1 1.484 13 
1.895 3 1.450 15 1.459 13 
1.424 75 1.450 13 
1.85 3 1.410 38 1.431 13 
1.78 1.5 1.393 50 1.429 38 
1.375 8 1.405 6 
1.75 3 1.360 15 1.398 13 
1.70 1.5 1.343 43 1.390 13 
1.320 3 1.374 6 
1.68 1.5 1.312 1 1.366 6 
1.64 1.5 1.304 15 1.350 63 
1.261 23 1.335 6 
1.59 1.5 1.231 18 1.320 6 
1.480 3 1.229 10 1.305 38 
0.5 1.300 6 
1.446 5 1.208 5 1.287 6 
1.426 13 1.199 23 1.280 6 
1.184 8 1.276 6 
1.420 13 1.170 15 1.268 6 
1.404 5 1.151 3 1.258 13 
1.139 3 1.245 38 
1.395 5 1.120 13 1.192 6 
1.370 4 1.104 10 1,181 13 
1.095 18 1.170 6 
1.230 1.5 1.160 6 
1.214 4 1.153 6 
1.140 6 
1.135 6 
1,121 25 
1,110 6 
1.096 13 
1.080 6 
1.071 6 
1.060 6 
1.050 6 


the main Debye-Scherrer reflections identified with 
the transition state, in addition to those of the stable 
crystal forms. 

A comparison of the microstructures of samples of 
the 80 wt pct Zn alloy stabilized at various lower 
temperatutfes after prior homogenization at 335°C 
shows a precipitation of a second phase with de- 
creasing temperature; compare, for example, Figs. 10 
and 11. Evidently there is a finite range of composi- 
tion over which Mg.Zn, can exist. In the absence of 
a measure of the width of this range, no attempt has 
been made to display it upon the phase diagram. 

Summary 
1) The phase equilibria in the Mg-Zn system 
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from 0 to 85 wt pct Zn between 335° and 93°C have 
been redetermined. 

2) The phase MgZn is stable at least over the 
temperature range 93° to 335°C. 

3) The temperature of eutectoid decomposition 
of Mg,Zn, is near 325°C. 

4) The phases MgZn and Mg,.Zn; both have some, 
though probably small, composition ranges of exist- 
ence at elevated temperature. 
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Electron Diffraction Study of Flake Graphite 
Extracted from Molten Pig Iron 


Single graphite flakes segregated from molten carbon or silicon-rich iron at 1200° to 1500°C 
were subjected to electron diffraction experiments. The results indicated that the well developed 
thick flakes are composed of one single crystal, while the thin almost colorless flakes consist of two 
or three single crystals oriented with the basal plane parallel to the flake surface and rotated at 
an angle of 15°, 18°, 22°, 25° or 28° about the C-axis. The stacking of the atomic layers in each 
single crystal indicates that they are a and 8-type, or a more disordered structure, at each instant. 
Double diffraction evidence and additional electron microdiffraction observations showed that the 
thin single flake has an aggregate structure with two close-packed single crystals. 


by Kichizo Niwa and Goro Shimaoka 


N the past, the crystalline states of graphite in cast 
iron have been studied by many investigators. 
Recently several authors’ have published interest- 
ing information on the crystal texture of the indi- 
vidual graphite grain, especially spherulites in 
nodular cast iron. 

In regard to the crystal structure of graphite, 
Lipson and Stokes’ showed by powder X-ray analy- 
sis that most of the crystals contain about 14 pct 
rhombohedral structure (8-form) which differs from 
the hexagonal structure (a-form) in the sequence 
of layer stacking. Hoerni® confirmed the existence 
of the 8-form in a single crystal with electron dif- 
fraction by Kossel-Moellenstedt’s method. Further- 
more, Hoerni and Weigle’ found extra reflections in 
electron diffraction patterns, which are given by a 
unit cell twice as large as the usual one in the basal 
plane. Recently, Lukesh® observed graphite twin- 
ning and satellite reflections in his X-ray work and 
considered them as evidence for the existence of an 
orthorhombic superstructure. 

Owen and Street? and Matuyama”™ studied the 
structures of graphite crystals in several types of 
cast iron, using the X-ray powder method, and they 
showed that the graphite crystal contains a certain 
amount of the 6-form, an amount which varies with 
the sources of the cast iron used. 
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The present study was made in order to secure 
structural information on graphitization in cast iron. 
Electron diffraction studies on the structure of single 
graphite flakes segregated from molten carbon or 
silicon-rich iron at 1200° to 1500°C are reported. 


Experimental 
Honkeiko pig iron (4.05 pet C, 1.59 pct Si, and 
0.65 pect Mn) was used as the solvent of carbon or 
silicon. The pig iron was melted in an open furnace 
and a small quantity of metallic silicon was added 
to the melt at 1300°C. The melt was heated to 
1500°C, and then retort black carbon or metallic 


Table |. Classification of Segregated Graphite Specimens 


Specimen* Temperature, °C 
Cr 1480 to 1310 
Cre 1310 to 1240 
Cc 3} 1240 to 1220 
Sil 1500 to 1290 
Si 2 1290 to 1220 
Si 3+ 1220 to 1200 


_ *Specimens C1, C2, and C3 were extracted from carbon-rich 
iron; Si 1, Si 2, and Si 3 were extracted from silicon-rich iron. 
+ The residue in the crucible after casting. 


silicon was added little by little. The components 
added to the bath contained approximately 5.0 pct 
C and 2.0 pct Si in the carbon-rich material, and 
3.8 pet C and 5.4 pct Si in the silicon-rich iron. 
These two types were held at 1500°C and then 
cooled without graphitizing by cutting the heat sup- 
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a—Specimen C 1. 


b—Specimen C 2. 


c—Specimen C 3. 


d—Specimen Si 1. 


e—Specimen Si 2. 


f—Specimen Si 3. 


Fig. 1—Transmission patterns of thin single graphite flakes. | — 30 cm. Specimens C 1, C 2, and C 3, and Si 1, Si 2, and Si 3 


were extracted from carbon and silicon-rich iron, respectively. 


ply from the furnace. As the temperature fell, 
graphite precipitates came to the surface of the 
molten iron at successive intervals. Graphite speci- 
mens were segregated by blowing air against the 
surface in the temperature ranges shown in Table I. 

Various sizes and thicknesses of the single flake 
graphite were obtained. The thin almost colorless 
flakes were suitable for electron diffraction trans- 
mission study. Relatively large crystals were studied 
both by cleavage and powder method. For the pur- 
pose of cleavage, chisels ground from sharp points 
of steel needles were used. Powder specimens were 
prepared by drying, on 200-mesh brass gauze, a sus- 
pension of graphite flakes that had been ground 
down in an agate-mortar. 

Most electron diffraction experiments were car- 
ried out by the transmission method. The accelerat- 


Table II. Electron Diffraction Data from Fig. 1 


Specimen* dovs., AT Yovs., Degreest 
Gal 15, 25 
2 
Cres) 2.12 25 
Si 1 2.12 22 
2°12 18 
Sins 2.12 22 


* Specimens C1, C2, and C3 were extracted from carbon-rich 
iron; Si 1, Si 2, and Si 3 were extracted from silicon-rich iron. 

+d is interplanar spacing; y is the rotation angle between two 
N-patterns. 


ing potential was about 45 kv, the specimen-to- 
plate distance, L, was approximately 30 or 5x0). eral, 
and the Ld value was calculated from the diffraction 
pattern of an evaporated film of pure silver. 


Results 
Thin Single Graphite Flake—Typical diffraction 
patterns from thin single graphite flakes normal to 
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the electron beam are shown in Fig. 1. Each pattern 
consists of two or three sets of N-pattern, arrayed 
as regular triangles rotating at an angle about the 
center. The interplanar spacings, d, and the rotation 
angles, , obtained with these patterns are given in 
Table II. 

The structure assigned to graphite by X-ray is 
hexagonal in the a-form with the dimensions: a = 
2.456A and c = 6.696A;" the structure was hexa- 
gonal in 8-form with the dimensions: a = 2.456A 
and c = 3/2 x 6.696 = 10.044A.° The unit of the 
reciprocal lattice corresponds in the e-form to: 


= ¢ = 
and in the B-form to: 
1/c* = 10.044A deen: 


Observed spacings d.»,. = 2.12 to 2.13A agree with 


dao in both the and £-structure. It is evident 
therefore that each specimen consists of two or three 
single crystals oriented with the (0001) planes 
parallel to the flake surface, and rotated at an angle 
of w about the [0001] axis. 

However, if the patterns in Fig. 1 are examined 
more closely, the following will be seen: For exam- 
ple, in the pattern of Fig. 1b, a number of faint 
spots occur all over the pattern. In Fig. lf each spot 
is broken up into several minute bits. It seems that 
there is some relation either to impurities or to 
irregularities in the graphite structure. These points 
will be discussed later. 

Diffraction patterns from the flakes inclined ob- 
liquely to the beam gave information about the layer 
arrangement in the graphite lattice and such an 
oblique photograph is shown in Fig. 2. The spacings 
and the intensities corresponding to the diffraction 
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Fig. 2—Oblique 
photograph of thin 
single graphite 
flake. The film was 
inclined at 45° to 
the beam. | — 

50 cm. 


Fig. 3a—Double dif- 
fraction pattern of 
thin single graphite 
flake. | = 50 cm. 


spots are given in Table III. By comparing the 
present data with calculated spacings from the 
a-structure, it was observed that the pattern con- 
tained several extra spots which could not be ex- 
plained on the basis of simple a-structure. Among 
these spots, those indexed (101°/;), (101‘/;), and 
(101°/,) must be due to #-structure, but unassigned 
and unaccountable spots, e.g., (101°/.) or (101‘/; 
and (101°/,), are present. The oblique photographs 


Table III. Electron Diffraction Data from Fig. 2 


B-Struc- 
Observed a-Structure ture 
Pair of Spots, 
Intensity* d,A hkil dealic., A hkil 
1 (vw) 3.85 = = — 
1(s) 2.124 1010 2.127 1010 
1(ms) 2.088 (101 2/3) 2.081 1011 
1(m) (101 3/4) 2.069 
(101 4/5) 2.062 = 
2(s) 2.032 1011 2.027 == 
1(m) 1.986 (101 5/4) 1.977 —_ 
1(ms) 1.961 (101 4/3) 1.959 1012 
Y%(m), Ye(m) 1.948 — — 
2(m) 1.791 1012 1.795 1013 
(w) 1.748 — — 
Ye (vw) 1.627 (101 8/3) 1.623 1014 
(s) 1.537 1013 1.540 
1(m) 1.313 1014 1.315 1016 
3 (ms) 10227 1190 1.228 1120 
1 (vw) 1.209 1121+ 1.208 
6 (ms) 1.154 1122 1.153 1123 
(s) 1.081 1123+ 1.076 == 
1(m) 1.058 2020 1.063 2020 
2(m) 1.014 2022 1,013 2023 


* Relative intensity abbreviations represent: (s), strong; (ms), 
medium strong; (m), mnedium; (w), weak; and (vw), very weak. 
+ Forbidden reflection of structure factor. 


obtained with the other five specimens also indi- 
cated the existence of similar extra spots. 

Thin curved graphite flakes gave more compli- 
cated patterns which contained many extra diffrac- 
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(1/070) 


Fig. 3b—Diagrammatic representation of double diffraction. 
Large circles represent spots given by primary scattering and 
small symbols indicate spots arising from secondary elastic 
scattering. 


tion patterns that did not conform to the a or B-struc- 
tures. Furthermore it appeared that a complete 
analysis of these extra spots was almost impossible. 
Except for weak irregular spots, however, strongly 
paired spots symmetrically disposed about the inci- 
dent spot belonged mostly to the a and @-structures. 

An abnormal pattern obtained with the flake 
normal to the beam is shown in Fig. 3a and the 
pattern consists of a normal graphite pattern with 
a rotation angle of » = 25°, and many extra spots 
asymmetrically disposed about the central spot. 
These extra spots cannot be ascribed to impurities 
but might be explained as follows: 

When the electron beam passes through the com- 
posite film of two single crystals, the primary beam 
will reveal the spot pattern of the first crystal. The 
transmitted beam and the diffracted beams nearly 
parallel to the primary beam will reveal the other 
spot patterns formed by the underlying crystal. In 
electron diffraction, the Ewald sphere of reflection 
is so large that the sphere may be considered as a 
plane normal to the incident beam. If the two single 
crystals are tightly bound in a thin film, a resem- 
blance to the actual pattern can be expected from 
a pattern constructed by translating the origin of 
one reciprocal lattice, on the Ewald sphere, to each 
point of the other reciprocal lattice. A schematic 
diagram of a pattern constructed around a rotation 
axis of » = 25° is given in Fig. 3b and is in good 
agreement with the observed pattern, Fig. 3a. 

Thus, it was concluded that the extra spots were 
the result of double diffraction, formed by two 
single crystals of a close-packed aggregate. Accord- 
ingly, a similar effect in case of the specimens with 
other y values would also be expected. 

Further electron microdiffraction studies were 
made to investigate the binding state of two single 
crystals forming a single flake. Electron microscope 
shadow images and patterns of very small areas of 
the specimen, limited with masking plate, were ob- 
served without changing the specimen position. It 
was found that the flake specimen consisted of small 
portions of varying thicknesses and types of diffrac- 
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a—one Fig. 5—N-pattern of thin flake 
cleayed from a relatively large graph- 
ite flake. / = 50 cm. 


Fig. 4—Diffraction patterns of slightly thick single graphite flakes. |! — 30 cm; 
single crystal, and b—aggregate of several single crystals. 


tion patterns, e.g., Kikuchi lines, Laue zones, N-pat- 
terns, and mixtures of these. It was also observed 
that jagged portions near the edge of the flake , 
usually gave complicated spot patterns is really rhombohedral with a = 3.635A and 
continuously flat portions in the flake oft 
Fig. as that for w-graphite, with a periodic repetition of 
results may be taken to indicate that thin single 
graphite flakes consist of two single crystals of a 
close-packed aggregate. Therefore, it is suggested t t 
that such a binding state has a close relationship to 
vig iron relations may be considered between these two 
Slightly Thick Single Graphite Flakes—As the Press Gabe... a 0 
thickness of the specimen increases, the contrast di c,ac,ac...; ete. Suc 
indistinct, in such a way that clear patterns can not I 
faint to the reflections of l-indices being multiples of 2/3, 
a fairly strong reflections of the other fractional 
diffraction pattern) were observed, to the extent 
that the electron beam penetrated the specimen. Table TI. 
Some specimens gave nearly complete N-patterns 


flections of fractional l-indices in electron diffrac- 
with a single crystal arrangement, Fig. 4a, bu many tion of Ceylon graphite (using thin films about 20A 
of them showed an aggregate of several single 


i ; ee thick) and called them secondary reflections, equiva- 
crystals with a common [0001] axis rotated with a lent to fractional orders of normal Laue indices, 
a few degrees of 2° to 3° about the [0001] axis, 


i I he thi 

Fig. 4b. Although quantitative measurements of the 
thickness of these specimens were not performed, present 
the thicker films would have microscopic method to be much thicker. Further- 

d attern, which gave little evidence of ab- 
ceeded smoothly, thin films cut from well developed, it 
single graphite flakes consist of a and f-type or a 

-pattern, Hg. 0, an s more disordered structure. 

Kikuchi line pattern. On the other hand, films 
damaged during cleavage and thick graphite flake 
powder specimens showed diffraction rings—indi- 
cating a mixture of a and 8-structure—and several 
extra diffractions, such as (101°/,) or (101*/;) and 
(101°/,). 

From these results, it may be concluded that the 
well developed relatively large flakes are composed 
of one single crystal in which the stacking sequence 
of each atomic layer is not completely regular. 

In addition to those flake types already described, 
there were some cases where an entirely different 
powder pattern was observed. This pattern con- 
sisted of rather diffuse continuous rings next to the 
spot-bearing graphite rings, indicating that the 
extra rings might be due to impurities. The origin 
of these impurities will be discussed elsewhere. 


hexagonal layers—a bc,abc..., Fig. 6—and has 
a unit cell* in which the c-axis is 3/2 times as long 


Discussion Fig. 6—Arrangement of atomic layers in (-graphite. Lines 
Lipson and Stokes’ showed that the structure of represent: solid, layer a; medium dashed, layer b; and light 
B-graphite consists of a repeating unit of three dashed, layer c. 
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On the other hand, the reflection of (1/2 0 0) or 
(1/2 1/2 0) indices, reported by Hoerni and Weigle,’ 
was not observed when irregularities in the hexa- 
gonal basal plane existed. Some of the specimens 
gave the satellite reflections that were observed by 
Lukesh,* and some showed an aggregate structure 
in which the basal planes rotated at small angles 
about the c-axis, Figs. 1f and 4b. Furthermore, 
from the results already described, considerable dis- 
order in the basal plane may be expected. Further 
study of these points is desirable. 


Summary 

The structure of single graphite flakes extracted 
from molten carbon or silicon-rich iron at 1200° to 
1500°C has been studied by the electron diffraction 
transmission. 

It has been found that well developed relatively 
large flakes are composed of one single crystal. Thin 
almost colorless flakes consist of two or three single 
crystals oriented with the (0001) planes parallel to 
the flake surface and rotated at an angle of 15°, 18°, 
22°, 25°, or 28° about the [0001] axis. 

The arrangement of the atomic layers in each 
single crystal is of the a and 6-types or of a more 
disordered structure in each instant. 

In the diffraction pattern of thin single graphite 
flakes, new spots have been discovered which can 
be regarded as forbidden reflections resulting from 
the structure. It has been explained (and confirmed 


by electron microdiffraction study) that these new 
spots are the result of double diffraction which 
occurs in two single crystals of a close-packed 
aggregate. 
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Some Estimates of the Thermal Stability Of 
Dispersion-Hardened Alloys 


The mechanism of overaging is explained, and the time is estimated in which struc- 
tural changes should occur in alloys hardened with NizAl, Al,O3, FesC, TiC, and TiN. 
It is found that particles of the intermetallic, carbide, or nitride of 200A radius would 
dissolve at 1340°F in a nickel-base matrix within minutes or hours while the size of the 
oxide particle would not change appreciably within several hundred years. 


by A. W. Cochardt 
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TP 4415E. Manuscript, July 16, 1956. New Orleans Meeting, 
February 1957. 


434— JOURNAL OF METALS, APRIL 1957 


M OST of the current high temperature materials 
are precipitation-hardened alloys. These alloys 
are usually soft when quenched from a solution 
heat-treatment temperature, but become harder 
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Table |. Results of the Calculation 


Temper- 
Hardener Matrix ature, °K Element —log D log woo log t 

NisAl Ni-4 pct Al 1000 

AlsOz Ni-4 pct Al 1000 
AlzOz Ni-8 pct Al 1500 Oo i 6 
FesC Fe-0.025 pet C 995 6 0 
TiC Ni-0.1 pet C 1000 iS 8 4 2 
TiN Ni 1000 N 7 7 4 


when aged at a temperature at which precipitation 
takes place. If the aging treatment is continued fur- 
ther, the distance between the precipitated particles 
increases above a critical value and the alloy be- 
comes soft again, a process which is called over- 
aging. 

Mott and Nabarro’ have explained this phenome- 
non on the basis of dislocation theory. The alloys 
are relatively soft in the quenched and in the over- 
aged condition, because the distance between the 
dispersed particles is either too small or too large 
to impede the dislocation motion effectively. How- 
ever, if the distance between the particles is of the 
order of 50 atomic spacings, the alloy should be rela- 
tively hard according to this theory, since moving 
dislocations are then most effectively stopped by the 
precipitate. 

The service temperatures of existing precipitation- 
hardened high temperature alloys are often in the 
range where over-aging and structural changes can 
take place. As a result, the strength of such alloys 
may be initially high, but often decreases rather 
rapidly at longer periods of time. This is probably 
one of the reasons for the relatively short high 
temperature life of such alloys. Thus, the question 
of the thermal stability of dispersion-hardened al- 
loys is of great practical importance. It is the object 
of the present paper to describe the factors that 
govern this process. Also, an attempt is made to 
estimate the time in which over-aging should occur 
with some of the most common hardeners of exist- 
ing nickel and iron-base high temperature alloys 
and with Al,O, as a hardener. 


Mechanism of Over-Aging 

To explain the mechanism of over-aging, a pre- 
cipitate of the intermetallic compound Ni,Al, which 
is the principal hardener’ in such alloys as Inconel 
X 550, Inconel 700, and Superior Waspaloy, will be 
used as an example. When the alloy is aged to max- 
imum hardness, the distance between the dispersed 
particles is probably of the order of 50 atomic spac- 
ings and the diameter of the particle, therefore, 
probably of the order of 25 atomic spacings, since the 
hardener content is generally of the order of a few 
per cent by volume. A certain fraction of each par- 
ticle dissociates into nickel and aluminum atoms 
which dissolve in the nickel-base matrix. Since the 
matrix solubility for aluminum increases with de- 
creasing Ni,Al particle size, there is a concentration 
gradient between smaller and larger particles. As 
a result, aluminum atoms diffuse through the matrix 
from a small particle to a larger one and combine 
with the larger particle provided the temperature 
is high so that diffusion can occur readily. In this 
manner the smaller Ni,Al particles slowly dissolve 
while larger particles grow, and the alloy finally 
over-ages. It is assumed that the rate controlling 
process is the diffusion of the element (in this case 
aluminum) which has the lowest diffusivity. 


“TRANSACTIONS AIME 


The time required for solution of the smaller par- 
ticle can be estimated in the following way. Let a 
in Fig. | be the radius of a small, spherical particle 
of initial radius a; c, the radius of a larger one, of 
initial radius c,; and b, the distance from the center 
of the small particle to the surface of the larger 
particle. According to the Thomson-Freundlich re- 
lation, the concentration wu of the diffusing element 
at a is then 

u(a) a 


In [1] 


D 


in which u, is the concentration of the diffusing ele- 


ment in equilibrium with a particle of infinite radius 
and 
2My 


[2] 


The y is the interfacial energy per unit area between 
the particle and the matrix; M is the molecular 
weight and p, the density of the particle; R, the gas 
constant; and T, the absolute temperature. Similarly, 
the concentration u(b) at b is 


[3] 


Since atoms should generally diffuse radially from 
a small particle to larger ones that surround it, we 
shall use the spherical diffusion equation 


ou ( ) 
+ — 
ot or” 
rather than the linear one, although the order of 
magnitude of the results is the same in both cases. 
D is the diffusion coefficient; r, the distance from the 
center of the small particle, Fig. 1; and t, the time. 
The total time t, in seconds, in which a small par- 
ticle dissolves, is usually large compared to the dif- 


fusion times b’/D. We can, therefore, use the steady 
state solution of the diffusion equation. 


B 
u(r) =A +— 
where the constants A and B are determined from 
the boundary conditions, Eqs. 1 and 3. 


bu(b) —au(a) 
b—a 


A= 


u(a) —u(b) 
= 
b—a 


ab. 


The u-r relationship is indicated in Fig 1 on the 
assumption that the matrix concentration of the 
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U ( 

ln 
U, Cc 


diffusing element near the larger particles is nearly 
equal to the average matrix concentration. 


The amount of material that is transported 


through the surface 47 a° per sec is 47 a’ D for 


or 


r=a. This amount must be equal to —p 47a” ae 


which is the amount of material that has disap- 
peared from the small particle in that time. This 
then leads to 


In order to simplify the integration of this differ- 
ential equation, we shall approximate the Thomson- 
Freundlich relation, Eqs. 1 and 3, for the range of 
interest a<a<a, by the functions 


, 


u'(a) = u, (a =) 


a’ 
u'(b) =u, (a 
Cc 
where we define a’ through the relation 
u'(a) = u(a) 


which leads to a’ = (e—1) ae. Functions wu and w’ 
differ by not more than 13 pct in the range of in- 
terest a<a<d. 

By replacing in Eq. 4 the two wu functions by the 
two u’ functions, by substituting Eq. 2 for a, and by 
integrating Eq. 4 from a=a, to a= 0, we find the 
total time t in which the small particle dissolves 


p RTa,’ 


t= ———_ J : 5 
3.6MyDu, 


The f is a function which depends on the relative 


c 
initial particle size c* = *_ and the relative diffu- 
Ao 
sion distance b* = 
j c* 1 (b* *) ( c* 1 )| 
= — —c —c* —— }]. 
2 


The f is of the order of one for c* larger than about 
1.01 and for hardener concentrations of a few vol- 
ume percent. 


Discussion of Results 


The actual over-aging process is much more com- 
plicated than the simple case that was considered. 
Particles which have first grown at the expense of 
smaller particles may themselves later disappear. 
The actual times in which particles grow until they 
can be resolved with the light microscope will be 
longer than the time t, Eq. 5, since the actual time 
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will be a sum of such expressions. Nevertheless, 
the time t is a measure of the thermal stability of 
an alloy. If t were infinite, the structure of the 
alloy would not change; whereas if t were small, the 
particles would grow rapidly. 

It is noticed from Eq. 5 that the time required for 
solution of a particle depends very markedly on its 
initial size. It is found, after substituting values for 
all the constants, that Ni,Al particles with radii of 
the order of 50A will probably be dissolved quite 
rapidly, while it takes a much longer time to dis- 
solve a particle of the order of a few hundred A. 
The average particle size will, therefore, increase 
quite rapidly during the first stages of aging and at 
a much slower rate whenever the average particle 
size reaches a value of @>>a. 

Table I lists some of the hardeners of current 
high temperature alloys plus aluminum oxide as a 
hardener. The time, in seconds, in which a particle 
of a, = 200A dissolves when surrounded by particles 
of c. = 220A at a distance of about 1000A (2 pct 
hardener by volume) has been estimated for all 
these hardeners. The interfacial energy y between 
the particle and the matrix is in all cases assumed 
to be 710 erg per sq cm, a value which has been 
determined for cementite in a-iron.*’ The error in- 
troduced by this assumption is not large because the 
interfacial energy values for most substances prob- 
ably lie between 300 and 1500 erg per sq cm. The 
diffusion coefficients D, in units of sq cm per sec for 
the element that controls the rate of the process, 
are estimated in those cases where they have not 
been reported.* 

Probably the most important factor in Eq. 5 is the 
solubility u,. The values of u, for Ni,Al and Fe,C 


were taken from the phase diagrams. In the other 
cases, they were derived from the free energies of 
formation of the compounds, which have been re- 
ported;* and from values for the free energy of 
solution, which were estimated. The procedure used 
for Al,O; at 1000°K is explained in detail in the 
Appendix. 

It is seen from the log t-values in Table I that 
cementite is the least stable hardener of those listed. 
Ni,Al, TiC, and TiN are more stable. However, par- 
ticles of these compounds, under the stated assump- 
tions, would dissolve in a matter of minutes or 
hours, while an Al,O,; particle of the same size would 
last more than a thousand years. It is further no- 
ticed in Table I that the alloy hardened with A1,O, 
is even more stable at 1500°K (2240°F) than the 
other alloys at 1000°K (1340°F). This difference in 
stability is due to the low solubility of oxygen in the 
matrix in equilibrium with the oxide, and the low 
solubility in turn is mainly due to the much higher 
free energy of formation of the oxide compared to 
that of Ni,Al, TiC, and TiN. Generally, alloys hard- 
ened with a stable oxide are more stable at high 
temperature than alloys hardened with intermetal- 
lics, carbides, and nitrides, since the free energy of 
formation of a stable oxide is generally much higher 
than the free energy of formation of the most stable 
intermetallics, carbides, and nitrides. However, 
some practical difficulties have to be overcome be- 
fore oxide hardened nickel base alloys can be pre- 
pared. 


Appendix 


The solubility of oxygen u_, in a Ni-4 pet Al ma- 
trix at 1000°K in equilibrium with Al,O, is derived 
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Ou 
da IBY ( ) = 
dt p a 


‘rom the standard free energy change AF,° of the 
reaction 
2 4 


As is ordinarily done when eritiae such reactions, 
the symbols of elements in solution are underlined, 
and the standard state of the solute is taken as 1 
wt pet. 


The AF,° can be derived from the free energy 
AF,° of the reaction 


A 
ALO. =— Al +0, [7] 


which has been reported‘ to be AF.° = 220 kcal at 
1000°K and from the free energies of solutions of 
aluminum and oxygen in nickel. The free energy 
AF,° of the reaction 


4 4 
= 4Ni + — Al [8] 


can be estimated’ from the measured heat of forma- 


fiom: — 49-5) keal at 1000°K. AF,° of the 
reaction 

4 


at 1000°K is taken from the Ni-Al phase diagram 
using the relation 


4 4 
IND JRE = RT In ca, = —3.7 keal. 


The error introduced by substituting the activity 
of aluminum in solution in nickel a,, by the weight 
percentage of aluminum c,, is small since the solu- 
bility of aluminum at 1000°K is only 4 wt pct and 
since the standard state was taken as 1 wt pct. The 
free energy AF,° of the reaction 


4 
—Al=—Al [10] 


is then found by subtracting reaction 9 from re- 


action 8. 
AF.° = —53 +5 kcal. 


The free energy of solution of oxygen in nickel is 
Jerived in a similar manner. The AF,° of the reaction 


2NiO = 2Ni + O, [11] 


has been reported‘ to be AF,° = 70 kcal at 1000°K. 
The AF,° of the reaction 


2N10 = 2Ni+ 20 [12] 


s taken from the Ni-O phase diagram, again using 
the relation 
AF,° = RT Ina, = RT Inc = 15 kcal. 


rhe error in the derived AF;,° is small, since the oxy- 
sen concentration c, is low. Subtracting reaction 12 
rom reaction 11, the reaction 
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Fig. 1—Concentration as a function of distance between a 
small and a larger particle. 


O, = 20 [13] 


is obtained, and AF,° = —55 kcal. Finally, AF,° is 
found by adding reactions 7, 10, and 13: AF,° = 

The equilibrium constant of reaction 6 is 


The Al.O, is of substantially constant composition, 
and its activity may be taken as unity. The activity 
of aluminum in solution in nickel is of the order of 
unity, since the standard state was taken as 1 wt pct, 
and since the solubility of aluminum is of the order 
of 1 pct. As the oxygen concentration is low, the 
activity of oxygen may safely be taken as equal to 
the weight percentage. Hence, K = u,* x 10° or log 


—14 if the relation 


log K = — 
4.575 


is used. It is not likely that the derived wu, is off by 


more than a factor of 10 from the actual value. Such 
an error is negligibly small since it would change 
the total time t by only an extremely small fraction. 
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Grain Growth of Titanium Carbide in Nickel 


The infiltration technique was employed to study the grain growth of titanium car- 
bide in liquid nickel. Three successive stages of growth were observed; formation of 
idiomorphic grains, spheroidization accompanied by rapid growth, and a period of coales- 
cence and closer packing of the carbide grains. The primary mode of grain growth ap- 
pears to be by dissolution of high energy surfaces, transport of carbide through the liquid 


phase and isothermal redeposition. 


by Leonard P. Skolnick 


ROPERTIES of materials containing a hard con- 

stituent dispersed in a metallic matrix are de- 
pendent on the distribution of the hard phase.*” The 
grain growth of titanium carbide in liquid nickel 
was studied in order to understand microstructural 
development in this and similar systems. 

Smith® has examined the influence of surface en- 
ergy on the distribution of phases in alloys. The 
grain growth of tungsten carbide in cobalt has been 
the subject of many conflicting theories. Those prior 
to 1950 have been summarized by Goetzel.” Re- 
cently, Gurland and Norton’ and Gurland® have in- 
dicated that growth occurs primarily by diffusion 
through the liquid phase in order to lower the inter- 
facial energy between the carbide and the liquid 
metal. In the development of the Ti-C-Ni ternary 
phase diagram, Stover and Wulff® have shown that 
both eutectiferous dendritic titanium carbide, and 
primary titanium carbide which had developed 
crystals of cubic symmetry, were rounded by heat- 
ing below the solidus, and that if primary carbide 
was already present the typical eutectic decomposi- 
tion products were not formed. 


Experimental Procedure 

The infiltration technique was used to study the 
grain growth of titanium carbide in nickel. In con- 
trast to sintering, infiltration more readily assures 
uniform dispersion of the two phases, and the prob- 
lems associated with mixing by milling; ie., mill 
contamination, breakdown of original carbide size 
in the operation, development of interfering sur- 
face films, etc., are avoided. In addition, the com- 
plicating effect of densification by shrinkage is 
eliminated. 

The titanium carbides used were commercial 
grades. Their chemical analyses, size distributions 
and shapes are summarized in Table I. Size analysis 
was conducted by microscopic count on a minimum 
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Fig. 1—Micrograph of grade 1 titanium carbide infiltrated 
with nickel for 1 min; etched with Marble’s reagent. X750. 
Reduced approximately 30 pct for reproduction. 


% 


with nickel for 1 min; etched with Marble’s reagent. X750. 
Reduced approximately 30 pct for reproduction. 
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‘a > : 
Fig. 2—Micrograph of grade 2 titanium carbide infiltrated 


of 5000 particles. Chemical analysis was conducted 
by the laboratories of the Titanium Alloys Mfg. Div., 
National Lead Co. Titanium carbide powder grade 
Nos. 1, 2 and 3 were prepared by the arc melting 
of pigment grade rutile with an excess of carbon, 
crushing the product to —325 mesh, leaching to 
remove iron and other contaminants and finally 
lowering the free carbon content by a flotation 
process. Grade 1 powder was the as-received prod- 
uct from which grades 2 and 3 were derived. These 
finer particle distributions were obtained by a simple 
laboratory sedimentation to remove the coarser 
fractions, followed by a drying operation at 60°C. 
Grade 4 powder was presumably manufactured in 
a menstruum type process and was used in the as- 
received condition. This powder was almost spher- 
ical in shape and it was hoped that despite the vari- 
ation in manufacturing technique some information 
on the effect of particle shape on the rate of grain 
growth might be ascertained. 

A skeleton body of each of the titanium carbides 
was made by pressing the powder without binder or 
lubricant in a tungsten carbide lined die 24% x %4x 
¥Y4 in. at a pressure of 1 ton per sq in. and sintering 
at 1400°C for 1 hr in a carbon tube induction furnace 
at a vacuum of about 10° mm. Each of these specimens 
was then cut into ™% in. cubes for infiltration. This 
specimen size was chosen as the smallest that could 
conveniently be examined metallographically. The 
small size was employed to minimize any tempera- 
ture gradient and time lag due to penetration rate of 
the infiltrant. As far as could be detected, the in- 
filtrated structures were uniform throughout the 
section. 

The infiltration was conducted in a furnace similar 
to that used for sintering at a vacuum of less than 
100 » Hg. The titanium carbide body was placed on 
a beryllia support plate and the infiltrant allot- 
ment, in the form of cuttings of electrolytic nickel 
sheet, was placed on top of the porous carbide skele- 
ton. The infiltrant allotment was selected so that 
the ratio of carbide to nickel was about 50 pct by 
weight. The entire assembly was heated up to the 
melting point of nickel within a period of 15 min. 
The temperature was measured optically. Melting 
occurred in all cases at 1450° to 1460°C. Tempera- 
ture was controlled at the level of incipient melting 
within +5°C. 


Fig. 3—Micrograph of grade 2 titanium carbide infiltrated 
with nickel for 10 min; etched with Marble’s reagent. X750. 
Reduced approximately 25 pct for reproduction. 
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Fig. 4—Effect of time of infiltration with nickel upon the 
standard deviation of the grain size distribution of titanium 
carbide. 


Metallographic preparation of the nickel-infil- 
trated carbide specimens was made by sectioning, 
mounting in Bakelite, grinding and polishing through 
0 to 3 » diamond paste. 

Representative X500 micrographs were used to 
make the statistical measurements to describe the 
changes in microstructure that occurred. The exact 
analytical methods are discussed in a variety of 
references” and will not be detailed here. 

Four basic parameters were chosen to describe the 
structure of the titanium carbide phase in terms of 
quantitative mathematical values: 

1) A statistical measure of average grain diam- 
eter. The statistical size employed was that derived 
for uniform spherical particles by Fullman” and 
used by Gurland and Norton.* 

2) The logarithmic standard deviation of the dis- 
tribution of particle sizes (i.e., particle diameters). 

3) A coefficient describing the shape of the par- 
ticle. A factor of spheroidity was used which was 
the ratio of the surface area of the carbide grains to 
the surface area calculated for spherical grains of 
equivalent diameter. 

4) The volume fraction of carbide phase present, 
simply derived from the principle of equality of 
point, line, area and volume fractions. 


Experimental Results 

The grain growth of titanium carbide in nickel 
can be described in three successive stages: 

1) Tendency toward Idiomorphism—This period 
is evidenced in several ways. Fig. 1 shows the grade 
1 carbide after 1 min in contact with molten nickel. 
The grain in the center of the micrograph is typical 
of many grains of the same type in the specimen. 
This rather coarse carbide contains some typically 
rugged crushed surfaces and some idiomorphic faces 
which are a result of intercrystalline cleavage in 
crushing of the titanium carbide melt. It is apparent 
that solution of the noncrystalline surfaces is oc- 
curring preferentially. 

On the other hand, the finer carbide powder 
fraction has virtually no crystalline faces remaining, 
as evidenced by powder examination before proc- 
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Fig. 5—Micrograph of grade 2 titanium carbide infiltrated 
with nickel for 20 min; etched with Marble’s reagent. X750. 
Reduced approximately 30 pct for reproduction. 


essing, and in Fig. 2 which shows the grade 2 carbide 
after 1 min of infiltration. The marked formation 
of idiomorphic grains after 10 min of infiltration can 
be seen in Fig. 3. 

During this stage, as well as the succeeding one, 
a narrowing of the particle size distribution occurs. 
This can be seen in Fig. 4 where the logarithmic 
standard deviation of the carbide grain size is 
plotted against time of infiltration. The major de- 
crease in the spread seems to occur within this initial 
period. This trend is clear in the case of the mate- 
rials with the widest initial distribution, that is, 
grades 1 and 2; see Table I. It is also apparent that 
the broader the starting size distribution, the more 
pronounced the change in the standard deviation. 

2) Rounding and Growth Period—This stage, 
which takes place between 10 and 20 min of infil- 
tration at these temperatures, is characterized by 
spheroidization accompanied by rapid growth. The 
typical changes that occur are illustrated by com- 
parison between Figs. 3 and 5, showing the structure 
of a grade 2 nickel-infiltrated specimen after 10 and 


Table I. Analysis of Titanium Carbide Grades 


Carbide Grade 


1, Arc 2, Arce 3, Arc 4, 
Melted Melted Melted Menstruum 
Chemical Composition 
Titanium 79.10 79.10 79.10 80.07 
Combined Carbon 19.07 19.07 19.07 19.46 
Free Carbon 0.30 0.30 0.30 0.13 
Iron 0.05 0.05 0.05 0.02 
Balance 1.58 1.58 1.58 0.32 
Size Analysis, Pct by Count 
—lu 32.2 56.3 65.5 5.3 
1 to 4 18.1 31.9 28.9 28.5 
4 to Tu 10.9 11.1 5.5 53.2 
7 to 10u 19.4 0.6 0.1 12.6 
10 to 20u 13.6 0.1 me 0.4 
20 to 50u 5.8 


20 min of infiltration, respectively. Fig. 6 shows the 
increase in average size during infiltration for all the 
carbide grades. The major increase in size occurs 
during the period of spheroidization. 

The coefficient of spheroidity, mentioned in the 
experimental method, is plotted vs time of infiltra- 
tion in Fig. 7. The curves for grades 1 and 2 show 
a typical steep increase in the 10 to 20 min period. 
These carbides also show a small increase in the 
spheroidity coefficient initially, as the rugged as- 
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Fig. 6—Effect of time of infiltration with nickel upon grain, 
size of titanium carbide. 


crushed surfaces become idiomorphic and thus have 
lower surface area. In view of the similarity of grade 
3 carbide a curve of similar shape was drawn for it, 
although only three experimental points were ob- 
tained. 

The curve for the grade 4 carbide shows interest- 
ing characteristics relating to the stage of idio- 
morphic grain formation, as well as the rounding 
and growth period. The starting carbide material in 
this case consisted of substantially spherical particles 
which after 1 min in contact with molten nickel had 
already undergone considerable changes and become 
more angular. With continuing infiltration time up 
to 10 min the coefficient of spheroidity decreases as 
the grains tend to become idiomorphic, thus illus- 
trating that the surface energy can be lowered de- 
spite an increase in interfacial area. Continued 
grain growth finally results in spheroidization again 
as in the case of the other carbides. 

3) Period of Increasing Carbide Concentration— 
After the second stage, growth of the carbide comes 
virtually to a standstill as can be seen in comparing 
Fig. 8, which shows the grade 2 material after 1 hr 
in contact with molten nickel; with Fig. 5, which 
shows the same material after 20 min. Measurement 
of the carbide structure revealed an increase in car- 
bide concentration of about 8 pet in grades 1, 2 and 
4 during the period of from 20 to 60 min of infiltra- 
tion. 


Discussion 

Three modes of grain growth for tungsten carbide 
in cobalt have been suggested® and, in view of the 
similarities in the phase diagram of the titanium 
carbide-nickel pseudo-binary diagram’ with the 
above system,” it seems reasonable to discuss the 
phenomena observed in light of these mechanisms: 
1) grain growth by isothermal dissolution and re- 
deposition, 2) solution and reprecipitation in cooling, 
and 3) growth by coalescence of adjoining carbide 
grains. 

For the most part, grain growth of titanium car- 
bide infiltrated with nickel occurs by the mechanism 
of dissolution of high energy surfaces, transport of 
the carbide through the liquid phase and redeposi- 
tion on existing grains to realize a condition of 
lower interfacial energy. This phenomenon is mani- 
fested initially by preferred dissolution of non- 
idiomorphic surfaces and the formation of grains 
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tending toward cubic or rectangular shapes. During 
this phase little grain growth occurs. 

It is plausible that the formation of idiomorphic 
grains does not take place by growth, but occurs by 
solution of the highest energy regions until the 
binder becomes saturated. This hypothesis is partly 
substantiated by the fact that grain growth is limited 
during this stage. Furthermore, the size of the idio- 
morphic grains seems to be closely related to the 
maximum starting size. Thus those materials with 
the widest starting size distributions appear to grow 
the most during the first stage since the average 
size increases. For example, the grade 4 carbide, 
which had a very narrow initial distribution, ex- 
perienced essentially no growth during the forma- 
tion of idiomorphic grains, while grade 1, with the 
widest size distribution, had a rather substantial 
increase in average size. It seems reasonable to 
assume, then, that this stage is a dissolution phe- 
nomena and is in keeping with the Gibbs-Thomson 
surface energy relationship. 

The second stage of rounding and growth to form 
the spheroidized structure typical of these composi- 
tions can be explained as an attempt to lower the 
interfacial energy by a minimization of surface area. 
It occurs in the liquid phase sintering of most cubic 
metals.” 

This stage of growth represents a significant de- 
parture from the behavior typical of cobalt cemented 
tungsten carbide. Gurland® has shown that in the 
latter system isothermal dissolution and redeposi- 
tion is the primary mode of grain growth, just as 
this investigation has indicated for titanium car- 
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Fig. 7—Effect of time of infiltration with nickel upon round- 
ing of the titanium carbide grades. 
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Fig. 8—Micrograph of grade 2 titanium carbide infiltrated 
with nickel for 60 min; etched with Marble’s reagent. X750. 
Reduced approximately 30 pct for reproduction. 


bide-nickel. The difference in the behavior of the 
two systems can be explained in terms of the crystal 
structure of the carbide phase. Tungsten carbide is 
a simple hexagonal structure and therefore might be 
expected to be strongly anisotropic. In this case 
interfacial energy cannot be minimized by lowering 
the interfacial area, since the unit interfacial energy 
of the few densely packed low index planes is much 
lower than that of the other crystal planes. On the 
other hand, the less anisotropic cubic titanium car- 
bide possesses more uniform surface energy from 
plane to plane and therefore rounding can occur. The 
round grains need not be round, in the sense of pos- 
sessing vicinal faces, but may consist of submicro- 
scopic steps of relatively low index faces.” Thus the 
minimum interfacial energy is realized in the two 
systems by the formation of different structures. 

The third stage, in which the titanium carbide 
grains become more closely packed, is a result of the 
surface tension forces. This has been used to explain 
the shrinkage in sintering of tungsten carbide. The 
reasons for densification of the titanium carbide 
plane in nickel is somewhat different since no voids 
were present. Silverman” has also observed a similar 
effect in infiltration of titanium carbide with certain 
cobalt alloys. 

During this stage certain grains favorably oriented 
to one another undergo coalescence, Fig. 8. During 
the coalescence period grain growth proceeds very 
slowly, indicating that this mode of grain growth 
is relatively unimportant. 


Conclusions 

Preliminary work on the grain growth of titanium 
carbide in nickel has indicated that the primary 
mechanism is by dissolution of high energy surfaces 
and isothermal redeposition to minimize interfacial 
energies. It has been suggested that although lower- 
ing of interfacial energy is the basic driving force 
for the development of a certain structure, this cri- 
terion can be realized in different manners, depend- 
ing on the particular system involved. In order to 
understand and control the development of certain 
structures of theoretical and practical importance 
better, it would be desirable to investigate a number 
of cogent factors, such as the role of surface energy 
and its anisotropy; how this anisotropy is affected by 
such influences as foreign atoms and lattice strains; 
the mechanism of diffusion in such systems; and 
the atomistic picture of the crystal growth process 
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per se. Such information would be necessary to pro- 
vide a comprehensive understanding of grain growth 
of one phase in another. 
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Strength of Silver Brazed Joints in Mild Steel 


An investigation was made of the dependence of the strength of silver brazed, low 
carbon steel joints on the geometry of the joint. The experimental results indicate that 
for cylindrical test specimens having transverse brazed joints, the ultimate tensile strength 
is really a linear function of the thickness to diameter ratio rather than only of the 
thickness of the filler metal for constant specimen diameter. 


by W. G. Moffatt and J. Wulff 


bBo joints and their strength have for some 
time been of great practical as well as theo- 
retical interest. A good summary of the previous 
work in this field may be found in the reports of the 
Armour Research Foundation.’ In spite of excessive 
scatter in test data, the fact that the strength of a 
brazed joint may exceed the ultimate strength of 
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the brazing material itself by many times continues 
to be of interest and of value in engineering. That 
this is qualitatively due to plastic constraint of the 
brazing material by the faying surfaces of the base 
metal is not in dispute, yet no complete interpreta- 
tion of the data exists. The purpose of the present 
work is not to provide such a new interpretation, 
but to report new experimental data which we hope 
may lead to a better understanding of the important 
variables concerned. 

The work of Bredz' definitely shows that the 
thinner a brazed joint is, the greater is its strength. 
Diameter of a joint has seldom been taken into 
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Table |. Experimental Test Data* 


Silver 


Thickness, Diameter, Area, Sq t/D Pmax 
nh. In. OB-OF Comments 

A-1 0.0026 0.5296 0.2203 0.0049 11,550 i 

52,450 0.871 Flaw in center 
jen eae 0.3476 0.0949 0.0075 5,150 54,250 0.921 
RS. Outer 0.1578 0.0196 0.0165 510 26,000 0.138 Large flaw edge to center 
0.3182 0.0795 0.0082 4,240 53,350 0.896 
ie .0026 0.3550 0.0990 0.0073 5,240 52,950 0.885 
re, 0.0026 Broke in machining 
om 0.0026 0.2678 0.0563 0.0097 3,050 54,150 0.918 
ae 0.0055 0.3290 0.0850 0.0167 4,300 50,600 0.820 
a 0.0055 Broke in machining 
BS 0.0055 0.5640 0.2498 0.0098 12,800 51,250 0.838 
Ein 0.0055 0.1988 0.0310 0.0276 1,460 47,100 0.723 
ae 0.0055 Broke in machining 

-6 0.0055 0.2800 0.0616 0.0196 S570 51,450 0.843 
Ba 0.0055 0.3429 0.0923 0.0160 4,560 49,400 0.787 

-8 0.0055 0.1706 0.0229 0.0322 1,090 47,600 0.737 
C-1 0.0007 0.6352 0.3169 0.0011 17,350 54,750 0.935 
C-2 0.0007 0.6797 0.3628 0.0010 19,650 54,150 0.918 
C-3 0.0007 0.4645 0.1694 0.0015 9,150 54,000 0.914 
C-4 0.0007 0.3748 0.1103 0.0019 5,970 54,150 0.918 
C-5 0.0007 0.3447 0.0933 0.0020 4,950 53,050 0.888 
D-1 0.0006 0.6486 0.3304 0.0009 14,400 43,600 0.626 Flaw at edge 
D-2 0.0006 0.6000 0.2827 0.0010 15,150 53,600 0.903 Flaw in center 
D-3 0.0006 0.4982 0.1949 0.0012 10,550 54,150 0.918 Flaw in center 
D-4 0.0006 0.3995 0.1253 0.0015 6,840 54,600 0.931 
D-5 0.0006 0.2975 0.0695 0.0020 3,760 54,100 0.917 
E-1 0.018 0.4620 0.1676 0.0390 8,500 50,700 0.823 
E-2 0.018 0.3594 0.1014 0.0501 5,020 49,500 0.789 
E-3 0.018 0.1278 0.0128 0.1408 500 39,100 0.502 
E-4 0.018 0.2063 0.0334 0.0873 1,480 44,300 0.645 
E-5 0.018 0.1607 0.0203 0.1120 850 41,850 0.577 
E-6 0.018 0.1434 0.0162 0.1255 650 40,100 0.529 
F-1 9.040 0.5190 0.2116 0.0771 9,300 43,950 0.636 
F-2 0.040 0.4000 0.1257 0.1000 5,290 42,100 0.584 
F-3 0.040 Broke in machining 
F-4 0.040 0.3197 0.0803 0.1251 3,050 38,000 0.471 Small gas hole 
F-5 0.040 0.1520 0.0181 0.2632 450 24,850 0.107 
F-6 0.040 0.2001 0.0314 0.1999 1,050 33,450 0.345 


* Blank: diameter, 0.5030 in.; area, 0.1987 sq in.; yield load, 6,125 lb; ultimate load, 11,350 lb; yield point, 30,825 psi; and ultimate ten- 


sile strength, 57,100 psi. 


2 


account save in the work of Meissner and Baldauf. 
For metal joints made with adhesives they find a 
strength dependence on the thickness to diameter 
ratio. For brass soldered with Pb-Sn, the relation- 
ship is not as obvious. This may be due in part to 
the formation of intermetallic compounds at the 
basis metal interface and in part to gas pockets and 
inclusions. That it should also obtain with brazed 
surfaces, provided wetting occurs without the forma- 
tion of intermetallic compounds, is also suggested 
by the Prandtl** analysis for the compression of a 
cylindrical specimen between the platens of a press. 
Assuming perfect sticking, this analysis shows that 
the stress varies and is a function of ratio of thick- 
ness to diameter of the slab. The latter work as 
well as that of Bredz' and Meissner and Baldauf* led 
the present authors to believe that in the case of 
brazed joints new experimental results were needed. 


Experimental 


The base metal used in this work was hot-rolled 
SAE 1020 steel. Pure silver was used as a brazing 
material. Brazing was carried out in a resistance- 
wound furnace in an atmosphere of purified hydro- 
gen. The specimens in both cases were taken from 
room temperature to 1100°C and slowly cooled to 
room temperature. 

In order to insure flat and and plane-parallel 
faying surfaces, the steel was cut into blocks 2%x 
214%4x2% in. Before grinding, a %4 in. diam hole was 
bored through the center of half of the twelve 
blocks cut. All blocks were squared by milling and 
then one surface of each block was ground flat with 
a Blanchard grinder and in all cases, except those 
to be used on the 0.018-in. and the 0.040-in. joints, 
were finish ground to a rms surface finish of 10 yp in. 
Each pair of blocks, one with a (hole) reservoir 
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and one without, was then degreased and separated 
at the four corners with molybdenum wire or sheet 
shims. In the case of the two thick joints, shims 
were not used, and the two blocks were separated 
as shown in Fig. 1b. Ali others were separated as 
shown in Fig. la. The steel at the periphery of the 
joint was painted with colloidal graphite to prevent 
flow-out of the silver. Solid silver was then inserted 
in the holes in the top blocks, and all blocks were 
loaded in one furnace for brazing. The heating 
schedule to 1100°C took 4 hr. The current was shut 
off after 5 min at temperature, and the blocks were 
allowed to furnace cool under atmospheric pressure 
of pure hydrogen for 6 hr. 

After removal from the furnace, the top surface 
and the bottom surface of the blocks were accu- 
rately scribed so that center holes could be located 
for turning bars whose axes were perpendicular to 
the brazed joint. 

Rectangular prisms were next cut and then turned 
into rounds and finely finished in the region of the 
joint. The joint thicknesses were then measured 
with the filar eyepiece of a Bausch & Lomb metallo- 
graph. Tensile specimens of various diameters were 
next turned from the brazed prisms. This gave a 
range of diameters for each joint thickness. In this 
manner, it was possible to machine five or six tensile 
bars from each large brazed block, so that the 
brazed joint was accurately perpendicular to the 
axis of the test bar and had plane-parallel faces. 
The forementioned variation of specimen diameter, 
D, in any one large block provided, in every case, 
specimens having a_ thickness-to-diameter ratio, 
t/D, which overlapped with the t/D ratios obtained 
from the block having the next thinner joint. 

For the tension test, the specimens were threaded 
into grips having ball seats which were heavily 
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SHIMS VE: 
tro} Fig. 1—Illustration of manner 
{ in which large steel blocks <5 
were assembled for brazing. 
(a) (b) 


a) Assembly for thin joints: molybdenum 
wire or thin sheet molybdenum was used 
at four corners as shims, silver wire was 
introduced in vertical reservoir in upper 
block and both blocks were luted with a 
colloidal graphite suspension around the 
periphery of the joint. 


UTS OF STEEL =57,100 PSI 
LEGEND 
t%t=00055 IN 
a © %=0.0026 IN. 
9 t=0,0007 IN 
30,000 
A 
Ib UTS OF SILVER = 21000 PS! SS 
10,000 
° = 
Gio 0.20 0.25 0:30 


Fig. 2—Plot of c, ultimate tensile strength of brazed joint, 
ys t/D, the thickness to diameter ratio of the brazed joint. 
Only one point is shown on the plot for t = 0.0007 in. and 
none for t = 0.0006 in. because they are all clustered in 
the immediate neighborhood of the one point shown and 
cannot be separated on this graph. 
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8 8 
Ib] = 
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thy 
Fig. 3—Plot of the dimensionless quantity ys thick- 


OR-OF 
ness to diameter ratio, t/D, of the brazed joint. 
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b) Assembly for thick joints (0.020 and 
0.040 in.): no shims used, but cylindrical 
projection on upper block machined off 
until proper joint spacing was achieved; 
silver wire was introduced in yertical res- 
eryoir in upper block; and joint periphery 
was luted with a colloidal graphite sus- 
pension. 


greased. They were all pulled in tension using the 
same crosshead speed. In all cases the maximum 
load was measured. The failure of small diameter 
specimens with thick joints occurred at low loads. 
Indeed, after the ultimate load was reached the 
applied load dropped so rapidly that the load at 
failure could not be measured with any precision. 
For larger diameter specimens with thin joints, the 
fracture load and the ultimate load were practically 
identical. Data obtained are given in Table I, and 
plotted in Figs. 2 and 3. 

Examination of the fracture joints in the case of 
thin joints indicated that failure always occurred in 
the center plane of the silver joint. The appearance 
of the fracture is shown in Fig. 4. Where the t/D 
ratio was very small (thin joints) the silver of the 
joint could be observed to neck before yielding of 
the steel could be observed. When the steel began 
to yield, as determined visually by the change in 
appearance of the highly polished surface of the 
steel, the load continued to rise and fracture took 
place at stresses considerably in excess of the yield 
point of the steel. 


Discussion and Conclusions 

It is evident from Fig. 2 that a straight line can 
be drawn through the experimental points using 
ultimate tensile strength of the joint, c, as ordinate, 
and thickness to. diameter ratio, t/D, as abscissa. 
For a series of bars having constant joint thickness, 
a straight line can also be drawn using ultimate 
strength of the joint, o, as ordinate and reciprocal 
of diameter, 1/D, as abscissa. The overlap of values 
of t/D chosen, and the ultimate tensile strength ob- 
served at those values, indicate that the same 
strength may be achieved with different joint thick- 
nesses provided the ratio t/D is the same, i.e., if the 
joints are geometrically similar. It should be noted 
that the joints having thicknesses of 0.0006 and 
0.0007 in. could not all be plotted because of crowd- 
ing and that actually a cluster of points exists near 


the o axis on Fig. 2. These are within 5 pct of the 
ultimate strength of the steel. With a steel or base 
material of low ductility, if perfect wetting and 
freedom from gas pockets are achieved, the strength 
of the joints should be expected to approach the 
ultimate strength of the base material. 


TRANSACTIONS AIME 


Fig. 4—Two views of fracture 
surface of test bar E-1, show- 
ing the considerable amount of 
necking of the brazing mate- 
rial encountered in this work. 
This bar had a joint thickness 
of 0.018 in. and an original di- 
ameter of 0.4620 in., and failed 
at an ultimate strength of 


50,700 psi. 


The straight line relationship shown in Fig. 2 may 
be replotted so that both coordinates are dimension- 
less as in Fig. 3. There, the ordinate is the quantity 

O-Of 


,» where o is the observed ultimate stress 


withstood by the joint, o, is the ultimate strength of 
the filler metal and o; is the ultimate strength of the 
base metal. This dimensionless ratio indicates that 
fraction of the total difference between the ultimate 
strengths of the base metal and the filler metal 
which the joint is supporting in excess of its uncon- 
strained strength. 

In conclusion, the experimental work reported 
indicates that the ultimate tensile strength of low 
carbon steel joints brazed with pure silver is not 
merely a linear function of the thickness of the 


joint, but is also a linear function of the ratio of 
thickness to diameter. 
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Flaking of Heavy Alloy Steel Sections 


In this investigation, potential antiflaking cycles were tested. A 15-ton experimental heat of 
Cr-Ni-Mo steel was produced in a basic electric furnace with an abnormally high hydrogen content. 
The proposed cycles were then applied to this steel. As a result, an antiflaking cycle which was 
primarily an isothermal transformation in the pearlite range produced flake-free steel forgings in 
spite of extremely high hydrogen content. Proposed cycles in the bainite range were not successful 
primarily because a 100 pct isothermal transformation in this range was not attained. Sound forg- 
ings from this experimental heat of steel that were previously produced flake-free by the use of 
appropriate antiflaking cycles were severely flaked by subjecting them to a subsequent heat treat- 
ment. Evidence is presented which shows the profound effect of transformation stress on the pro- 


pensity to flaking. 


by C. R. Garr and A. R. Troiano 


LAKING or hair-line crack formation has been a 
major problem confronting the producer of large 
alloy steel forgings.’ Today it is generally conceded 
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that hydrogen in one or more forms in alloy steel 
sections is a requisite for flaking. Hence an obvious 
remedy is a thermal cycle that reduces the hydrogen 
content to some low level. In practice, this generally 
means holding the material at some subcritical tem- 
perature for a period of time depending on the size 
of the ingot or forging. Another method that will 
suffice in some cases is to cool large forgings slowly, 
i.e., bury in ashes. In practice, this hydrogen bake 
is sometimes accomplished inadvertently by a series 
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Fig. 3—Micrograph showing flake in block No. 2. Etched Fig. 4—Micrograph showing flake in block No. 7. Etched 
with 3 pct Nital. X200. Reduced approximately 25 pct for with 3 pct Nital. X200. Reduced approximately 25 pct for 
reproduction. reproduction. 


Fig. 5—Transverse slice of block No. 5, originally produced flake free and recycled to produce flakes. Surface ground and macroetched. 
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of homogenization and tempering treatments. How- 
ever, it should be noted that these treatments are 
not always successful in preventing flakes, particu- 
larly in the case of large forgings. The time required 
for the baking period may be prohibitive and there 
is evidence occasionally to cause doubt about the 
effectiveness of the baking treatment. 

However, a second possible remedy becomes ap- 
parent when all the factors required for flaking are 
considered. In a recent publication by Dana, Short- 
sleeve and Troiano,’? it was shown on a laboratory 
scale that hydrogen alone will not cause the con- 
ventional type of flaking but that a combination of 
transformation stress and hydrogen is required. 
Therefore, if a steel section can be heat treated so 
that transformation stresses are eliminated, flaking 
will be prevented regardless of the hydrogen con- 
tent of the steel. 

The objectives of the investigation presented in 
this paper are primarily to answer the following 
two questions: 1) if antiflaking procedures can be 
developed for commercial practice by extension of 
these recent laboratory results;’ and 2) if steel sec- 
tions that were previously subjected to these treat- 
ments and are flake-free can be flaked upon subse- 
quent heat treatment. 


Material and Procedure 

In order to determine the applicability of anti- 
flaking treatments to commercial practice, it became 
desirable to produce a heat of flake-susceptible alloy 
steel following conventional mill practice. The only 
deviation from mill practice was to devise some 
method to introduce an unusually high hydrogen 
content into the steel. 

A 15-ton heat of steel was produced by the Mid- 
vale Co. of Phila. in a basic electric furnace. The 
chemical composition of this heat was as follows: 
0.45 pet C, 0.74 pet Mn, 0.27 pct Si, 1.83 pct Ni, 0.95 
pet Cr, 0.28 pet Mo, 0.010 pet P, and 0.011 pct S. 

The steel was produced with a high hydrogen 
content (10 cu cm per 100 g) by injecting steam 
into the heat after the oxidizing period was com- 
pleted and again after the introduction of manga- 
nese and chromium. Steam was introduced by 
means of a 1% in. diam steel pipe under about 90 
lb of steam pressure. The pipe was plunged below 
the surface of the liquid metal and moved back and 
forth. A noticeable reaction occurred below the 
surface of the molten metal with a pronounced boil. 
This violent action appeared to cause considerable 
electrode erosion and hence increased the carbon 
content of the heat. 

It was desirable to prevent the flushing action of 
a boil with the concomitant decrease of hydrogen. 
To prevent this, the removal of oxygen was accom- 
plished by intermittent additions of ferrosilicon to 
the bath during the period of steam introduction. 
The final chemical composition of the heat makes 
it evident that large amounts of this silicon were 
oxidized in preference to the carbon. The total time 
of steam introduction was 70 min. The teeming of 
the heat occurred without incident, and there was 
no activity in the ladle. 

Three ingots were produced as follows: 1) 26 in. 
corrugated, 20,000 lb; 2) 19 in. octagon, 7,400 Ib; 
and 3) 13 in. dodecagon, 3,100 lb. 

During solidification of the ingots in the mold, a 
_ slow gas evolution was apparent. As a result of 
this slow evolution, the tops of the sink heads or 
hot tops for the 13 and 19 in. ingots were essentially 
flat. The 26 in. ingot did show some shrinkage but 
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it was considerably less than is normally encoun- 
tered. The ingots were stripped and fired for forg- 
Ing as soon as they were completely solidified. 

The forging of the three ingots was initiated ap- 
proximately 12 hr after the stripping operation. The 
ingots were forged as follows: 

1) The 26 in. corrugated ingot was forged in 
two steps to a 13 in. diam billet and hot cut into 
30 in. long blocks. 

2) The 19 in. octagonal ingot was forged in two 
steps to a 9 in. diam billet and hot cut into 25 in. 
long blocks. 

3) The 13 in. dodecagonal ingot was forged in a 
single step to a 6 in. diam billet and hot cut into 
12 in. long blocks. 

The forging temperature was 2200°F. A 200°F 
drop in temperature was allowed during forging. 
The ingots forged with no indication of tears, cracks, 
seams, blow holes or other discontinuities. After 
the forging, the blocks were cut and numbered as 
follows: 13 in. rounds, 1 through 12, starting at 
bottom of ingot; 9 in. rounds, 20 through 31, start- 
ing at bottom of ingot; and 6 in. rounds, 40 through 
61, starting at bottom of ingot. The blocks were 
then heat treated as described in Table I. The blocks 
employed for the various heat treatments were in 
pairs consisting of one block from near the top and 
one from near the bottom of the original ingot. The 
blocks were not allowed to cool to room tempera- 
ture prior to the isothermal treatments indicated in 


Table |. Heat Treating Cycles 


13 In. 9 In. 6 In. 
Diam Diam Diam 
Treatment Block No. Block No. Block No 
A, air cooled after forging al 20 40 
10 29 57 
B, equalized 1250°F, cooled 5 24 44 to 53 
30°F ‘per’ hr to” 1150°F, 9 25 inclusive 
held 48 hr, cooled 30°F 11 30 58 to 61 
per hr to 600°F, held 24 12 31 inclusive 
hr, air cooled 
C, equalized 1250°F, cooled 2 eal 41 
30°F per hr to 1150°F, 7 26 54 
held 48 hr, air cooled 
D, air cooled to 1700°F, 3 22 42 
charged into furnace run- 8 27 50) 
ning at 600°F, held 24 hr, 
air cooled 
E, air cooled to 700°F, 4 23 43 
charged into furnace run- 6 28 56 


ning at 600°F, held 48 hr, 
air cooled 


Table I; rather, they were charged directly into 
heat treating furnaces. 

Hydrogen analyses employed vacuum fusion tech- 
niques on samples taken during teeming and on 
some blocks after heat treating. The samples taken 
from the melt were cast as % in. rounds in split 
chill molds. The samples taken from the heat treated 
blocks were trephined 34 in. cores about 4 in. in 
length. The trephine was cooled with ice water 
during cutting. Immediately after the samples were 
cast or trephined, they were plunged into liquid 
nitrogen and held until the analyses were made.* 


* Hydrogen analyses were supplied by the Republic Steel Corp. 
and the Babcock and Wilcox Co. 

The heat treated blocks were ultrasonically tested 
for flakes with both a 1 and 2% megacycle crystal 
by the Midvale Co. All forgings were aged at room 
temperature for 36 days after the date of forging 
before ultrasonic tests were made. This aging period 
was at least 32 days after completion of all heat 
treatment. The delay is necessary to be assured 
that the incubation period for flake formation has 
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Table Il. Results of Isothermal Treatments and Hydrogen Analyses 


13 In. Diam 9 In. Diam 6 In. Diam 
Hydrogen Hydrogen Hydrogen 
Content, Content, Content, 
Block Cu Cm Block Cu Cm Block Cu Cm 
Treatment No. Result per 100G No. Result per 100G No. Result per 100G 
A 1 Flaked 20 Flaked 40 Flaked 
10 Flaked 29 Flaked 57 Flaked e 
B 5 No flakes 24 No flakes 4.84 44 to 53 No flakes 3.19(#45) 
9 No flakes 25 No flakes 58 to 61 No flakes 
11 Flaked 9.60 30 No flakes 
12 Flaked 31 No flakes 
Cc 2 Flaked 21 No flakes 41 No flakes 
7 Flaked 26 No flakes 54 No flakes 
3 Flaked 9.78 22 Flaked 42 No flakes 
8 Flaked 27 Flaked 55 Flaked 
E 4 Flaked 23 Flaked 43 No flakes 
6 Flaked 5.39 28 Flaked 56 No flakes 


passed before examination. Further examination for 
flakes was accomplished by taking transverse slices 
from the center of the blocks. These slices were 
surface ground, macroetched and photographed. 

Six to nine months after this work was com- 
pleted, the possibility of flaking sound forgings pro- 
duced from this heat was investigated by subjecting 
them to subsequent heat treatment. This material 
consisted of two 9 in. diam forgings (Nos. 25 and 
30) and two halves of the 13 in. diam forgings (Nos. 
5 and 9). The sections were austenitized at 1750°F 
for 1 hr and then air cooled, after which they were 
allowed to age for one month before examination. 
They were then examined ultrasonically and by 
macroetching as previously described. 


Results and Discussion 


The hydrogen contents, whenever analyzed, were 
consistently high in terms of normal commercial 
practice for the various treatments employed, and 
are indicated in Table II. The results of the ultra- 
sonic inspection of the hydrogen impregnated blocks 
after the treatments described in Table I are given 
in Table II. All blocks air cooled from the forging 
temperature (treatment A) were severely flaked, 
indicating a strong susceptibility for flaking. The 
photograph of a transverse slice cut from block 
No. 1, Fig. 1, shows the flakes resulting from a 
simple air cool (treatment A). 

The isothermal treatments designed to produce a 
completely pearlitic microstructure (treatments B 
and C) were successful in preventing flaking of all 
6 and 9 in. diam blocks and some 13 in. diam blocks. 
Treatment B had an added safety factor, since the 
treatment designed to obtain a completely pearlitic 
structure was followed by a bainite transformation 
cycle. Considering the very high hydrogen content 
of this heat of steel (four to five or more times 
greater than normal mill practice), the 6 and 9 in. 
blocks would probably have flaked without special 
precautionary heat treating, as evidenced by the 
blocks given treatment A (air cooled). 

The results obtained with the large blocks (13 in. 
diam) require a more detailed consideration, but 
are amenable to rationalization. Two of the 13 in. 
diam blocks subjected to treatments B and C were 
flake-free and four were flaked. Blocks Nos. 5 and 
9 were completely flake-free. The remaining blocks 
given this treatment (Nos. 2, 7, 11 and 12) were 
very slightly flaked, as shown in Fig. 2. The micro- 
structure of the slightly flaked blocks is practically 
complete pearlite with some evidence of low tem- 
perature transformation products typified by the 
structures shown in Figs. 3 and 4. In addition, these 
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figures indicate that the flakes in these blocks were 
associated with the microconstituents that are low 
temperature transformation products. It is interest- 
ing to note that blocks Nos. 11 and 12, although they 
were given the additional bainite transformation 
treatment, were still slightly flaked. On the other 
hand, these two blocks originated from near the 
top of the ingot, where positive segregation may 
occur and contribute to flaking susceptibility.® 

It is entirely possible, considering the extremely 
high hydrogen content of the steel, that very minute 
amounts of bainite and/or martensite in these blocks 
would cause flaking. As previously demonstrated,” 
there is a delicate balance of hydrogen embrittle- 
ment and stress required for flaking. Hence, for 
very high hydrogen content, as in this case, only a 
low stress would be required. 

The isothermal treatments designed to produce a 
completely bainitic microstructure (treatments D 
and E) failed as antiflaking cycles except for three 
of the 6 in. diam blocks. Examination of the micro- 
structures of some of these blocks revealed a mixed 
structure of low temperature bainite and martensite. 
Hence, these blocks would be expected to flake in 
accordance with the proposed theory.” It is obvious 
that the heat treatment prescribed did not satisfy 
the conditions for complete transformation to lower 
bainite. In fact, it is extremely difficult, as shown 
by the TTT diagram, to transform a steel of this 
composition completely into 100 pct lower bainite. 
Segregation will contribute to the difficulty of trans- 
forming to 100 pct bainite, since the variation in 
composition would dictate corresponding differences 
in the time-temperature relationships for complete 
transformation which cannot be predicted. Indeed, 
even if the treatment had been successful in pro- 
ducing 100 pct lower bainite, the possibility should 
not be ruled out that the microstresses associated 
with the formation of lower bainite might be suffi- 
cient to produce flakes in steels with these exces- 
sively high hydrogen contents. 

If transformation stresses play a major role, then 
it might be possible to flake a forging by improper 
cooling (incomplete transformation), which had 
previously been produced flake-free by the use of 
an appropriate cycle (complete transformation), 
despite the fact that the hydrogen level would be 
lower during the second treatment. The 13 in. blocks 
(Nos. 5 and 9) that were originally cooled accord- 
ing to antiflaking cycle B and were flake free, were 
halved and recycled. This recycling was comprised 
of simple air cooling (cycle A) and, as anticipated, 
resulted in severe flaking, see Fig. 5, although the 
hydrogen content at the initiation of this recycling 
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was less than half that prior to the original cycle. 
Precisely the same treatments were applied to the 
unflaked 9 in. diam forgings (Nos. 25 and 30), but 
recycling did not produce flakes in this case. In the 
smaller size forgings, the hydrogen content would 
be expected to reduce relatively more than in the 
larger 13 in. diam forgings. In addition, the con- 
tributing influence of cooling stresses would be ex- 
pected to be relatively less than for the larger sec- 
tion. 

The results of this investigation indicate that 
transformation stresses play a major role in the 
flaking of heavy steel sections and that the influence 
of hydrogen is primarily through its action as an 
embrittling agent. However, it should be appre- 
ciated that any stress in the presence of hydrogen, 
regardless of its origin, could be sufficient to cause 
ruptures which may be considered flakes from a 
generalized point of view, although it is felt that 
the conventional flake patterns familiar to the in- 


dustry are largely the result of transformation stress 
where other stresses, such as cooling, residual, ex- 
ternally applied, etc., may be contributory. 
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Nucleation of Dislocation Loops 
by Cracks in Crystals 


It is shown by observations of etch-pits that dislocation loops are nucleated ahead 
of slowly moving cleavage cracks in LiF crystals. The loops are nucleated in dislocation- 
free regions of crystals. Loops larger than ~5 ,» diam are stable at room temperature, 
but collapse at 400°C. The loops expand and contract under applied stresses. 


by J. J. Gilman 


T is well established that dislocations exist in 
crystals and account for crystal plasticity." How- 
ever, the origins of the dislocations are not clear. 
Among the means by which dislocations might orig- 
inate are: a) through crystal growth accidents, b) 
by the collapse of condensed sheets of vacancies, or 
c) by stress-induced. nucleation. Theoretical calcu- 
lations' have indicated that the last means should 
require very high stresses in order to operate. The 
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purpose of this paper is to show that the stresses 
around the tips of cracks are large enough to nu- 
cleate large numbers of dislocation loops. Specifi- 
cally, it will be shown that (100) cleavage cracks 
in LiF crystals nucleate dislocations in regions of 
the crystals where dislocations did not exist pre- 
viously. It is believed that the use of LiF for this 
investigation does not restrict the significance of the 
results. In fact, it is believed that this complements 
and extends previous papers by the same author 
which dealt with metal crystals.” ™ 

The dislocations were detected by means of the 
etching techniques that were described in a previous 
paper by Gilman and Johnston.* In that paper it 
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Fig. 1—Etch pits at region of a LiF crystal where a cleavage crack was stopped. Arrows show crack propagation directions. a) A 
(100) surface of crack after the stopped crack has been moved farther on. X500. b) An (001) surface perpendicular to the plane of 


the crack. X250. Reduced approximately 20 pct for reproduction. 


CLEAVAGE SHAPE OF 
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CLEAVAGE STEPS 


was shown that certain chemical reagents produce 
etch pits at dislocations in LiF in a highly specific 
way. The pits form only at dislocations and it is 
believed that all the dislocations (both screw and 
edge) that are present produce pits. Two reagents 
were used in the present work: 1) modified CP-4— 
100 cu cm HF, 160 cu cm HNO,, 100 cu cm HAc, 
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Fig. 2—Successive positions of 
the front of a cleavage crack 
as it passes through a LiF crys- 
tal. a) UPPER LEFT: Schematic 
diagram. b) UPPER RIGHT: 
Crack front positions in an 
etched and silvered crystal. X1. 
Enlarged approximately 50 pct 
for reproduction. c) LEFT: 
Bulging of crack front as crack 
starts moving. X250. Reduced 
approximately 30 pct for re- 
production. 


1 cucm Br., and at least 15 mg Fe; and 2) etch A— 
1 pt HF and 1 pt HAc, saturated with FeF.. 


Experiments 


If a cleavage chisel is placed on a LiF crystal and 
is struck sharply with a hammer, the high velocity 
cleavage crack that results will not appreciably 
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change the dislocation content of the crystal (ex- 
cept near corners and edges). This has been shown 
by etching both halves of cleaved crystals and then 
matching the etch pit patterns of the two halves.* 
On the other hand, if the cleavage chisel is tapped 
lightly, a cleavage crack can be passed relatively 
slowly into a crystal and stopped somewhere inside. 
A second tap on the chisel completes the cleavage. 

At regions of the cleavage surfaces of crystals 
where a cleavage crack has moved slowly, and espe- 
cially where it has stopped, etching produces multi- 
tudes of characteristic dislocation etch pits. An 
example of this phenomenon is illustrated in Fig. la. 
The line of highest etch pit density in Fig. la shows 
where the crack front stopped. Note how the pits 
increase in density in the region where the crack 
was slowing down just before it stopped. Note also 
that the cleavage steps (the continuous dark lines) 
lie perpendicular to the line of the stopped crack 
front. Fig. 1b shows an end view of a stopped crack 
and the deformation at the tip.” When the stopped 


* The primary glide plane in LiF is the {110} plane and the glide 
direction is the [110] direction. 


crack was set in motion again, it began to move at 
the middle of its front first, and then propagated 
forward and sidewise. The field of Fig. la was near 
the side of the crystal, so that the new crack front 
made a large angle with the old one, see Fig. 2a. 
The cleavage steps, which always lie approximately 
perpendicular to a moving crack front, indicate the 
successive positions of the bulging crack front. It 
may be seen that the number of etch pits caused 
by the crack decreased as its velocity increased, and 
approached zero at high velocities. Fig. 2 summarizes 
the way in which a cleavage crack passes through 
a crystal. 

The significance of the etch pits in regions like 
the one shown in Fig. la was determined by pro- 
gressively etching several regions of a crystal; Fig. 
3 shows one of these regions. Five important factors 
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Fig. 3—Progressive etching of 
a region in a LiF crystal where 
a cleavage crack produced dis- 
locations. [100] direction is 
vertical. a) 1/3 min etch, b) 
1 min etch, c) 5 min etch, d) 
10 min etch, and e) 40 min 
etch. X500. Reduced approxi- 
mately 55 pct for reproduction. 


Fig. 4—Matched cleavage surfaces at region in crystal 
where a cleavage crack stopped momentarily. TOP: piece 1, 
printed normally; BOTTOM: piece 2, reversed in printing. 
Note the matched pits at the left. Also, although the pits at 
the right do not match, they lie along the same lines on 
both cleavage faces. X1000. Reduced approximately 10 pct 
for reproduction. 
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Fig. 5—Schematic drawing of dislocation loops formed by 
cleayage cracks: a) showing the planes of maximum shear 
stress (plane strain) on which glide would be expected to 
occur; b) end view showing the directions of the shear strains 
for the dislocation loops of Fig. 5a; and c) half-loops with 
their ends lined up after cleavage. Crystal a etched immedi- 
ately after cleavage, aged 24 hr at room temperature, then 
re-etched. Crystal b etched after cleavage 2 hr at 400°C, 
then re-etched. 


were observed. 1) The pits occur in pairs; 2, 4, 6, 
8, etc. 2) The pits are asymmetric, see Fig. 3d, indi- 
cating that screw dislocations are being etched,* and 
that the dislocations lie on (110) planes which make 
an angle of 45° with the surface. 3)As etching pro- 
ceeds the pits suddenly become flat-bottomed in 
pairs, indicating that the dislocations which produce 
them suddenly pop out of the crystal surface. In 
the absence of the dislocations, the pits do not get 
deeper, but continue to grow sidewise, and so pro- 
duce flat-bottomed pits. 4) As the depth of etching 
increases, the distance between two pits of a pair 
decreases, indicating that one dislocation line con- 
nects two pits of each pair. 5) The pit densities in 
regions like this vary widely, but a typical value is 
10° dislocations per sq cm. This is 500 to 1000 times 
higher than the 2 to 5 x 10* dislocations per sq cm 
that are typical after a fast crack has cleaved a 
crystal. 

From these facts it may be deduced that the stress 
field of a slowly moving crack has sufficient time 
to form small dislocation loops in a LiF crystal. 
Some of the loops are created ahead of the tip of 
the crack, as may be shown by Fig. 4. Here matched 
cleavage surfaces are shown at a place where a 
crack stopped momentarily. Note the matching sets 
of pits on the two crystal faces. Each set of match- 
ing pairs of pits indicates the four ends of a dis- 
location loop that formed ahead of the crack and 
was severed as the crack passed. The sequence of 
events is illustrated schematically in Fig. 5. Not all 
of the pairs of pits on one surface can be matched 
with pairs on the other surface. In some cases, this 
may mean that dislocation half-loops were formed 
after the crack had passed. However, the fact that 
the unmatched pits usually lie along the same lines 
on both halves of a crystal suggests that most of 
the half-loops come from whole loops that formed 
ahead of the crack front. After these whole loops 
were severed by the advancing crack, their ends 
moved so that the two cleavage surfaces no longer 
matched. 

The dislocation half-loops which cracks produce 
in LiF are not rigidly fixed in the crystal. The 
loops tend to creep out of a crystal at a rate that 
depends on the temperature. Also, the action of an 
applied stress moves them in and out of LiF crystals. 
The creep of the loops has been demonstrated by 
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etching crystals immediately after loops have been 
produced in them, waiting 24 hr at room tempera- 
ture, and then etching again. The second etch re- 
veals that during the period between etches some 
of the dislocation half-loops move entirely out of 
the crystal and others shrink in size by various 
amounts, Fig. 6a. The process can be accelerated 
by heating a crystal. Fig. 6b shows that virtually 
all of the dislocation half-loops move out of a 
crystal if it is heated at 400°C for 2 hr. 

A unique opportunity for observing individual 
dislocations in motion is provided by the half-loops 
caused by cracks. The dislocation loops are pro- 
duced by a stress-state in which the principal tensile 
stress is normal to the plane of the cleavage crack, 
Fig. 5b.* Therefore, if a tensile stress is applied 


* On the interior of the crystal, plane strain prevails, so that the 
maximum shear stress is on (110) planes containing the crack prop- 
agation direction. Near the side external surfaces, plane stress pre- 
vails, so the shear stress is higher on the (110) planes that do not 
contain the propagation direction. Thus, two active glide planes 
operated in Fig. la, whereas four operated in Fig. 1b. 


parallel to the cleavage surface, it will tend to cause 
shrinkage of the half-loops, whereas a compressive 
stress parallel to the cleavage surface will tend to 
cause expansion of the loops. In the present experi- 
ments, thin cleaved plates of LiF crystals were 
etched after they had been slowly cleaved. Then 
bending stresses were applied to them. Finally, they 
were re-etched. Where the cleavage surface was 
stressed in tension, the loops tended to disappear, 
leaving two or more flat-bottomed etch pits in their 
wake. On the other hand, where the surface was 
placed in compression, the loops tended to expand, 
as shown in Fig. 7. 

In Fig. 7, isolated dislocation loops can be seen 
which were expanded by a stress. They appear as 
two pyramidal etch pits lying on the same line, but 
on either side of two flat-bottomed etch pits. One 
case of the expansion of a double loop may also be 
seen. This appears as four flat-bottomed pits on the 
same line as two nearby pyramidal pits and two 
pyramidal pits that lie some distance away. 


Discussion 

Origin of Loops—The evidence of the above ex- 
periments indicates quite clearly that the observed 
dislocation loops are nucleated in dislocation-free 
regions of the crystals and do not come from exist- 
ing Frank-Read sources.” Three factors are in evi- 
dence: a) an incubation time precedes the appear- 
ance of the loops,* b) the density of loops is large 


* Since the loops are about 54 in diameter, and the maximum 
crack velocity’ in LiF is expected to be about 2 x 105 cm per sec = 
1 Cu 
3 p 
incubation time is at least 10-3 «4 sec and probably is much larger. 
Also, the time for appearance of the loops does not seem to be lim- 
ited by the possible dislocation velocity. A crack moving at 1/3 
sound velocity would require the loop to expand at about 1/6 sound 
velocity. This should not restrict the dislocation motion,! and there- 
fore is not expected to cause the incubation time. 


, Where Ci is the elastic constant and p the density, the 


compared with the initial dislocation density, and 
c) no pits are found inside the loops; therefore, no 
dislocations seem to have been present which cuuld 
have multiplied by the Frank-Read or other self- 
multiplication mechanisms. 

Two observations make it apparent that the dis- 
location loops are heterogeneously rather than homo- 
geneously nucleated. First, the loops appear at irreg- 
ularly spaced places along a crack front. Second, 
more loops than one often appear in sequence at 
the same place. Both observations indicate that 
there are special places in the crystals that are pre- 
ferred for dislocation nucleation and for retention 
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in the crystal. On the other hand, there are a great 
many places where dislocations are nucleated, so 
the difference between a preferred site and any 
other place in the crystal may not be very great. 
Even though heterogeneous dislocation nucleation 
occurs, it will be shown that homogeneous disloca- 
tion nucleation is possible near a crack tip. 

The energy of a dislocation loop of radius r in a 
LiF crystal is equal to the loop perimeter, 277, times 
the energy per unit length of dislocation, 


T 
Kb* In ( a) + C.” The first term of the expression 


To 


is the elastic energy around the dislocation line 
outside a tube of radius 7. This radius 7, is estimated 
to be about 5.7A from the latent heat of fusion; AH,, 
= 1.1x10” erg per cu cm.’ K is an elastic constant, 
and b is the Burger’s vector = 2.85A. According to 
Eshelby, Read, and Shockley, for (110) [110] dis- 
locations in cubic crystals 


1 
4a 


COS’ 

where the C,,’s are the crystal elastic constants and 
a is the angle between the Burger’s vector and the 
dislocation line. Using Cy, = 11.8, Cn = 4.34, and 
C,, = 6.3x10" dyne per sq cm,° the average value 
of K is: K = 4.4x10" dyne per sq cm. C is the in- 
elastic energy inside 7; estimating from the results 
of Huntington, Dickey, and Thomson* it should 
average about 1.9x10“ erg per cm for (110) [110] 
dislocations in LiF. 

When a dislocation loop is formed by a stress, 7, 
the glide inside the loop does work equal to —arbr’. 
Therefore, the energy of formation of a dislocation 
loop in LiF is 


(CuCi2) sin® a 
[Cu ( J 


r 
U = (Kb? In— + C)2ar — roar’. 


This energy is a maximum at a critical radius 


Te C 
(In +1) +——. 


Kb 


T 


= 
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Fig. 6—Movement of dislocation half-loops in absence of an applied stress. X500. Reduced approximately 10 pct for reproduction. 


The graphical solution of this equation is plotted 
in Fig. 8 together with the energies of dislocation 
loops of critical size. 

The shear stress at a distance (d, @) from the tip 
of a crack is given approximately by 


1 
\/a/d sin 6 cos 6 


11 


where a is a dimension of atomic scale = 6A,” and 
S, is the elastic compliance = 10.6x10-* dyne per 
sq cm. In-the present case the crack is on a (100) 
plane of LiF and the glide plane is (110), so @ = 
45°. If stresses as high as 2.6x10" dyne per sq cm 
are required to nucleate dislocation loops, Fig. 8, 
then the stress near a crack tip is high enough to 
nucleate dislocations at distances not more than 
about 50A from the crack tip. 

Stability of Loops—Many newly formed disloca- 
tion loops probably disappear when the stress that 
produced them near the crack tip is no longer 
present. However, some of the loops stick in the 
crystals and they are the ones that are observed as 
half-loops. It is believed that the reason for their 


Fig. 7—Expansion of dislocation half-loops under an applied 
shear stress (approximately 1 kg per sq mm). The screw 
orientation of the dislocations is seen and the intercept of 
the glide plane (110) with the cleavage surface (100) is hori- 
zontal in the photograph. Several pairs of pyramidal pits 
may be seen which left a pair of flat-bottomed pits in their 
wake. Note the two concentric loops indicated by two sets 
of four pits just above the center of the photograph. X900. 
Reduced approximately 50 pct for reproduction. 
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Fig. 8—Critical radius and energy of dislocation loops in 
LiF crystals. 


stability is that the crystal lattice offers a resistance 
to the motion of a dislocation and the line tension 
of the loops is not strong enough to overcome the 
lattice resistance. 

The stress required to hold a semicircular loop of 
diameter, D, inside a crystal is 


7 = 2(Kb* In D/2r, + C)/bD 
= 4.5x10° dyne per sq cm 


when D is large compared with atomic dimensions. 
This is believed to be approximately equal to the 
resistance of the LiF lattice to dislocation glide, 
since it is within a factor of two of the macroscopic 
yield stress of LiF crystals (unpublished results). 

Implications for Fracture and Glide—lIt is clear 
from Fig. 7 that the dislocations introduced by 
cleavage can cause glide during subsequent stress- 
ing of a crystal. If the loops glide without multi- 
plication, the amount of glide that they could pro- 
duce would be relatively small. Actually, they will 
multiply and hence produce arbitrary amounts of 
glide. Therefore, the manner in which a crystal is 
cleaved and treated after cleavage can play an im- 
portant role in its plastic behavior, as will be dis- 
cussed in detail in a later paper. 

The cleavage process itself is affected by the pro- 
duction of dislocation loops. The work that is done 
during its production must come from the energy 
of the moving cleavage crack. For a loop of 5 » diam, 
the work done, z7bD’/4, is about 10~ erg if it forms 
under a stress of 2x10" dyne per sq cm. Therefore, 
the energy absorbed by a typical density of loops 
(10° per sq cm) is about 10° erg per sq cm, or a few 
times the surface energy. Clearly, this amount of 
energy absorption can reduce the velocity of a 
cleavage crack” and thereby raise the stress needed 
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to cause fast cleavage. In addition, since a screw 
dislocation crosses the cleavage plane at each end 
of a loop, two small cleavage steps are formed at 
each loop, and these absorb energy.” In previous 
papers” “ it was postulated that certain cleavage- 
step patterns in zine crystals are caused by screw 
dislocations introduced by local deformation at the 
tips of cracks; it was also predicted that a strong 
velocity effect might be expected. Both of these 
ideas have been confirmed by the present results. 

This investigation also has shown that the exist- 
ing theories of fracture are incomplete. The theories 
are based on the idea that local stresses as large as 
the cohesive strength of a solid can be created by 
piling-up a large number of dislocations at an ob- 
stacle.” Fracture is supposed to be nucleated by the 
high local stresses. The difficulty is that the local 
stresses might nucleate dislocations (plastic flow) 
instead of fracture. The concentrated stresses at a 
dislocation pile-up are similar to those at a crack 
tip. Since the latter can nucleate dislocations, it is 
reasonable to suppose that the former can also. The 
present results show that this possibility must be 
taken quite seriously in attempts to construct frac- 
ture theories. 


Summary 

It is shown that slowly moving or stopped cracks 
in LiF crystals nucleate dislocation loops just ahead 
of the crack tips. The loops can be nucleated in 
dislocation-free regions of the crystals. The resist- 
ance of the crystals to glide holds the loops in place 
at room temperature but at 400°C they move out 
of the surface. The dislocation loops may be ex- 
panded or contracted by applied stresses. It is shown 
that the stresses near a crack tip are sufficiently 
high to nucleate dislocation loops at distances less 
than about 50A from the crack tip. It is pointed 
out that the dislocation nucleation phenomenon has 
important implications for studies of crystal plas- 
ticity and fracture. 
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Strain Induced Transformation in Beta Brass 


The @-phase of Cu-Zn and Cu-Zn-Ga alloys partially transforms when cold worked at 
ow temperatures. X-ray data are presented on the new structures formed (which depend 
upon composition), on densities of stacking faults in them, on M, temperatures, and on 
the tendency to revert to body-centered-cubic structure. 


by T. B. Massalski and C. S. Barrett 


metals and alloys of the body-centered- 
cubic structure tend to become unstable at low 
temperatures is so nearly universal that any excep- 
tions are worthy of special attention. Studies of the 
exceptions may disclose unrecognized examples of 
metastability or may shed light on the nature of 
some of the factors that stabilize the body-centered- 
cubic phase. 

Among the structurally analogous body-centered- 
cubic 3/2 electron compounds, the 8-phase in the 
Cu-Zn system deserves further attention for, al- 
though this phase is known to undergo partial mar- 
tensitic transformation on cooling below room tem- 
perature to the temperature of liquid nitrogen 
when the composition is less than about 42 wt pct 
Zn, it does not transform on cooling when there is 
more than this amount of zinc present.** The present 
authors recently found that an alloy containing 
48.35 wt pct Zn could be transformed, however, if 
deformed severely at room temperature or lower 
temperatures.’ This discovery led to the suggestion 
that the jerky flow of 8-brass single crystals* and some 
of the unusual temperature variations of the yield 
strength and hardness are due to strain-induced 
transformation during the tensile tests. The present 
investigation is an extension of that work to cover 
the entire available range of compositions of Cu-Zn 
B-phase alloys and certain interesting compositions 
of the 6-phase in the Cu-Zn-Ga system. Particular 
attention is given to the structure of the transfor- 
mation product resulting from cold work, which is 
found to vary with alloy composition, and to the 
temperature range in which transformation can be 
induced in the various alloys. 

The composition limits of the body-centered-cubic 
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phase in the Cu-Zn system, based on a recent re- 
view by Raynor’ and the precision determinations 
of Beck and Smith,* are shown in Fig. la; in the 8 
region the alloys are disordered and in the #’ region 
they are ordered. The rate of ordering is so rapid 
that a high degree of order is found in any of these 
alloys immediately after quenching. 


Experimental 

The nine binary and four ternary alloys of this 
investigation were prepared from cathode copper 
(99.99 pct purity), electrolytic zinc (99.99+ pct), 
and galliuin (99.98+ pct). All alloys were cast in 
transparent Vycor tubing, homogenized at tempera- 
tures between 800° and 890°C, and quenched in 
water. Ternary alloys were cast in small amounts 
(~5 g) to predetermined compositions to fall along 
a line of constant electron concentration in the ter- 
naiy system. Changes of weight during the casting 
operation of the ternary alloys were not greater 
than 1 part in 2500 from the intended nominal 
weights and therefore their compositions were ac- 
cepted without chemical analyses. All binary alloys 
were cast in larger amounts (100 to 150 g), homo- 
genized, and hot rolled after preheating to 800°C. 
The central portion of the rolled strip of each alloy 
was annealed for eight days and quenched in brine. 
All binary alloys were analyzed chemically. The 
compositions, heat treatments, and metallographic 
appearances of all alloys are tabulated in Table I. 

Various samples were subjected to heat treatment 
or cold work at several temperatures and were then 
examined metallographically or by means of X-rays. 
Specimens about 6x6x3 mm in size were examined 
metallographically to confirm the presence of the 
B’-phase after quenching. Cold work was intro- 
duced by fastening each sample between two pieces 
of steel, cooling the assembly to the desired tem- 
perature, and transfering it rapidly to a vise where 
moderate or severe compression was immediately 
applied. Cold working at liquid helium temperature 
was done by a chisel-shaped tool mounted on an 
X-ray spectrometer, described elsewhere.’ All metal- 
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Fig. 1—Cu-Zn diagram. A: portion of the equilibrium di- 
agram showing the boundaries of the S-phase. 8B: variation 
of the M, temperature with composition after Kurdjumow 
and Titchener and Bever; and variation of the Mz tempera- 
ture with composition after present work. 
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xamination, cold working was intro- 
the samples at various temperatures; 
d helium temperature, in which case 
¢ was done by severely deforming the 
f a flat specimen mounted inside the X-ray 
eter. Specimen filings were examined in 
1e powdered form either immediately after filing 
r after a specified heat treatment. 
litial X-ray work was carried out at low tem- 
peratures in the X-ray spectrometer on one alloy 
(X); the details of these tests have been published 
> Subsequently the powder X-ray method 
was employed, using CuKe, FeKe, and CrKe radia- 
tions, and for most of the investigation a General 
ic X-ray diffractometer was employed with 
nonochromatized CuKe 
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radiation and a 
ing speed of 12° per hr. The recorder charts 

were calibrated with a copper sample of high purity 
r which an accurate parameter was obtained by 
ision powder methods. In later stages of the 
rk additional calibration was introduced by mix- 
the sample filings with annealed filings of Car- 
bony! nickel of known parameter (d = 3.5230 +1A). 
o chart-recording of X-ray intensity 
f the transformation product in 

-e also investigated by the point count- 
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Experimental Results 


Metallographic—The metallographic appearance 
at room temperature of alloys cold worked at vari- 
ous temperatures is tabulated in Table II. Alloy X, 
ieformed at liquid helium temperature, showed 
traces of the transformation product when examined 
Samples of alloys 6, X, 7, and 
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cold working, after prior electropolishing. No scars 
due to transformation were observed on subsequently 
examining these alloys at room temperature. 

The appearance and the amount detected of the 
transformation product varied with composition. In 
alloys where the transformation could be induced 
relatively easily, i.e., at low zinc contents, the trans- 
formation product appeared in the form of large 
patches or streaks of indefinite shape with slightly 
pink coloration, as well as in the form of thin plate- 
lets lying along certain crystallographic planes of 
the matrix. In all cases the platelets could be seen 
to join smoothly into the larger bulk material of the 
transformation product. A typical microstructure is 
that of alloy 2 deformed at room temperature, and 
is shown in Fig. 2. 

In samples with high zine content less transfor- 
mation product could be produced by cold work and 
in these it took the form of fine streaks of pink 
coloration aligned along certain directions of the 
matrix. Deformation bands could now also be seen 
within the remaining strained body-centered-cubic 
(8) matrix. A typical microstructure in this case 
is that of alloy 6 deformed at liquid nitrogen tem- 
perature and examined at room temperature. This 
is shown in Fig. 3. 

With still higher zinc content the amount of ob- 
servable transformation product decreased further, 
so that the traces detectable in alloy 7 deformed at 
liquid nitrogen temperature, see Table II, could well 
be, at least in part, due to some very fine cracks. 
However, when the width of the transformation 
product could be resolved sufficiently to show the 
typical pink coloration, the identification was un- 
mistakable. The approximate variation of the M, 
temperature with composition in zinc-rich alloys is 
indicated in Fig. 1b. 


X-Ray Diffraction Patterns—Details of X-ray 
work are set out in Table III, and the general ap- 
pearance of the X-ray spectrograms of several 
binary and ternary alloys deformed by filing at 
room temperature are shown in Figs. 4 and 5. 

From these two figures it can be seen that both 
the amount of the transformation product and its 
general character in the cold worked state changed 
with composition. In the binary system, alloy 1, 
when quenched from 891°C into brine, underwent 
a complete transformation from the §’ structure into 
the face-centered-cubie structure (by means of a 
mechanism recently referred to as massive trans- 
formation,” in which high speed interphase bound- 
ary migration probably plays a prominent role). 
This alloy was thus face-centered-cubic at room 
temperature before filing, and no further change of 
structure occurred with filing. All other alloys 
possessed the body-centered-cubie structure before 
filing. In alloys 2 to 7, after filing at room tempera- 
ture, the amount of the transformation product de- 
creased as the zine content increased, and in zinc- 
rich alloys there was observable a gradual reversion 
to body-centered-cubic at room temperature. (Per- 
haps this accounts for the failure of previous inves- 
tigators to notice the transformation.) 

Another interesting feature of the X-ray pattern 
is that as the alloys increase their resistance to 
transformation the lines from the decreasing amount 
of transformation product change from the typical 
face-centered-cubic pattern to a pattern that pos- 
sesses certain characteristics of the close-packed- 
hexagonal structure. This is evidenced by the grad- 
ual disappearance of the face-centered-cubic 200 
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lographic examinations were carried out at room 
temperature 
8 were cooled to liquid helium temperature without a 


Table |. Appearance of Alloys As Quenched 


rer Final Annealin i 
oy Wt Pct Cu WtPctZn Wt Pct Ga Time 
1 62.05 37. 
95 — 8 days 891°C spontaneously transformed to a* by massive grain 
2 60.27 39.73 8d 
850°C + traces of a at grain boundary 
= B’ + traces of a at grain boundary 
— 8 days 800°C aul 
8 days 800°C all B 
4 days 800°C all B 
8 48.11 51.89 800°C 
ays 800°C B’ + traces of yt at grain boundaries and inside grains 
7 days 750°C spontancously transformed to close~packed-hexagonal 
23.90 12.16 7 days 750°C 
ae pee 43.35 2.88 5 days 750°C all p’ 
: 37.97 5.51 5 days 750°C all p’ 


* The qa represents the face-centered-cubic phase. 


+ The f’ represents the body-centered-cubic phase, presumably ordered. 


} The y represents the complex cubic phase. 


reflection and the appearance of a broad intensity 
peak identified as the close-packed-hexagonal 10-0 
reflection as the zinc content increases. The nature 
of the patterns suggests that stacking faults are 
numerous in the transformation products of all of 
the alloys, analogous to the faulted products found 
in lithium and sodium, the patterns of which were 
recently discussed in detail by Barrett.’ 

Thus, although the transformation product has a 
close-packed structure at all compositions, the struc- 
ture has predominantly cubic packing in alloys rich 
in copper and tends to equal probability of cubic 
and hexagonal packing at higher zinc contents, with 
hexagonal predominating in alloys 7 and 8. In terms 
of atomic configuration this indicates a tendency for 
the close packed planes gradually to change from 
the ABCABCABC stacking arrangement into the 
ABABABABAB stacking arrangement. 

Additional evidence for the above general con- 
clusions was provided by the X-ray patterns ob- 
tained at liquid nitrogen and liquid helium tem- 
peratures from the cold-worked alloys X, 7, and 8, 
see Table III. These alloys showed increasing amounts 
of transformation with increasing cold work and 
decreasing temperature. In alloy X the indefinite 
dual character of the transformation product indi- 
cated by the presence of both the 200 face-centered- 
cubic reflection and 10-0 close-packed-hexagonal 
reflection was maintained, although the relative 
intensities of these reflections varied somewhat from 
one experiment to another; some filings yielded only 
a trace of the 200 face-centered-cubic reflection, 
while in others the relative intensities were nearly 
equal. In alloys 7 and 8, however, the transforma- 
tion structure showed only the close-packed-hexa- 
gonal reflections. 

The four alloys studied in the ternary system Cu- 
Zn-Ga were chosen to fall upon a line of constant 
electron concentration (e/a = 1.476) corresponding 
with alloy X of the binary system. Along that line 
all ternary alloys possess the 6-brass structure at 
high temperatures.” On rapid quenching the struc- 
ture undergoes a martensitic type of transformation 
in alloys rich in gallium, but can be retained un- 
decomposed in alloys of low gallium content. The 
retained structure is, however, metastable and can 
be transformed by cold working, as in the binary 
Cu-Zn alloys. Of the four ternary alloys studied, 
the first three (1Ga, 2Ga, and D5) were completely 
body-centered-cubic (presumably ordered, 8’) be- 
fore filing and the last (alloy 11) had transformed 
on quenching into a structure that was predom- 
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inantly close-packed-hexagonal. After filing, alloy 
11 retained the predominantly close-packed-hexa- 
gonal character, alloy D5 transformed completely, 
and alloys 2Ga and 1Ga transformed partially and 
showed increasing amounts of retained body-cen- 
tered-cubic phase. It can be seen from Fig. 5 that 
the character of the transformation product now 
changes from almost completely close-packed- 
hexagonal in the alloy with least zine to a pattern 
with nearly equally intense 200 face-centered-cubic 
and 10-0 close-packed-hexagonal reflections in the 
alloys with least gallium. 

Attempts to repeat the experiments of Greninger,* 
in which additional lines were found after quenched 
filings of 40 wt pct @’-brass were very lightly de- 
formed, resulted in such irreproducible patterns that 
structure determination was not possible. 

Lattice Parameters—An attempt was made to at- 
tain some precision in the measurement of lattice 
parameters of the phases in the binary Cu-Zn alloys 
in order to see whether or not the face-centered- 
cubic product resulting from the strain-induced de- 
composition of the f’ phase has parameters that 
would be expected from an extrapolation of the a- 
phase parameters to the higher zinc contents, and 
to look for line shifts due to stacking faults, of the 
type predicted by Paterson.” In this work two meth- 
ods were used for calibration of the charts: the 
body-centered-cubic lines were used as an internal 
standard, as was recently done in a similar prob- 
lem,°® and admixed nickel filings were employed. The 
lattice constants computed from various individual 
lines indexed as face-centered-cubic reflections are 
plotted in Fig. 6. The 311 reflection, which was free 
from overlapping reflections and should have been 
shifted least* by the stacking faults, is seen to lie 


* Twelve components of this line are sharp and unshifted, six 
shift outwards, and six shift inwards five times as far. 


on an extrapolation of the data for the a-phase re- 
ported by Beck and Smith.* 

The superposition of the least broadened close- 
packed-hexagonal reflections, 00-2, 11-0, 11-2, and 
00-4 on the corresponding reflections from the face- 
centered-cubic component, namely 111, 220, 311, 
and 222, respectively, prevented an accurate deter- 
mination of the axial ratio of the hexagonal mate- 
rial. It was obvious, however, that the axial ratio 
was near the value c/a = 1.633 of ideal packing of 
spheres, as was concluded in the study of alloy X.° 

Stacking Fault Densities—Paterson” has shown 
that an estimate can be made of the frequency of 
occurrence of stacking faults, from the shifts of 
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Table Il. Metallographic Appearance of Alloys After Cold Work 


Deformed at Liquid Nitrogen 
Temperature; Repolished, 
Then Examined at Room 


Deformed at Room Temperature; 
Repolished, Then Examined 


Deformed at Liquid Helium 
Temperature; Repolished, 
Then Examined at Room 


Alloy Metallographically Temperature 
1 deformed q@;* no other structure 
2 B’ + pink transformation product 
3 B’ + pink transformation product, 
shows deformation bands 
= 8’ + pink transformation product, 


shows deformation bands 

= 8’ + pink transformation product, 
shows deformation bands 

6 8’ + pink transformation product, 
shows deformation bands 

x g’ + pink transformation product, 
shows deformation bands 

7 B’ + traces of pink transformation 
product, shows deformation bands 


deformed close-packed-hexagonal 


D5 appears completely transformed 
1-Ga 8’ + transformation product 
2-Ga 8’ + transformation product 


8’ + pink transformation product 


8’ + pink transformation product 


Bs’ + pink transformation product 


8’ + pink transformation product 


B’ + pink transformation product 


* The a@ represents the face-centered-cubic phase. 


7 The 6’ represents the body-centered-cubic phase, presumed to be ordered. 


powder diffraction lines in face-centered-cubic 
metals. Warren and Warekois® and Greenough and 
Smith” have used Paterson’s method and the former 
have shown that stacking fault densities in cold 
worked a-brasses increase from about one in every 
200 planes to one in every 26 planes as the zinc 
content increases from 0 to 35 wt pet. The patterns 
of strain-induced face-centered-cubic material of 
the present investigation provide an opportunity to 
extend these determinations of fault densities to 
higher zine content. 

Referring to Fig. 6, it is seen that the apparent 
lattice constants computed from the calibrated chart 
records differ when different reflections are used, 
and only the 311 reflections, relatively unshifted by 
faults, lie on the extrapolated a-phase curve. The 
200 and 420 reflections are shifted to lower diffrac- 
tion angles (higher apparent lattice constants), 
while the 331, 220, and 111 are shifted oppositely. 
These shifts are of the nature expected from faults, 
and if stacking fault densities are computed from 
the shifts of 111 and 200 lines, the results of Fig. 7 
are obtained. In this plot the probability that a 
fault will be induced by deformation at any given 
close-packed plane, denoted by a, is shown as a 
function of zinc content for the present alloys and 
those previously investigated. The probability para- 
meter a can be determined from measurement of 
the difference in the diffracting angle between two 
suitable lines, first in the annealed state and then 
in the cold worked state. In the present work the 
angular distance 29 between the 111 and 200 lines, 
corresponding to the lattice parameter computed 
from the 311 reflection, was assumed to represent 
the annealed state separation. 

The exact values shown in Fig. 7 are probably not 
highly significant, for the theory is based on the 
assumption that the faults are distributed randomly 
on a single set of parallel planes, and that the effects 
of the various parallel sets in a crystal are super- 
imposed in the pattern. The assumption is also made 
that cold-work broadening is symmetrical about the 
Bragg angle. Also, the precision of the data in the 
present series was not as high as would be desired. 
Nevertheless, the general trends seem clear: fault 
densities increase steadily with zinc concentration 
through strain-induced face-centered-cubic 
phase, in agreement with a similar trend found in 
the cold-worked equilibrium a-phase. 
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Reversal of the Transformation Induced by Cold 
Work—In zinc-rich alloys small amounts of the 
transformation product produced by severe cold 
working and filing were unstable and reverted to 
the §’-phase if the filings were left at room tempera- 
ture for a period of time. In alloy 8 transformation 
induced by cold work at temperatures of liquid 
helium, N:, and solid CO. disappeared on warming 
to room temperature. (Roughly % hr was required 
for this.) The small amount of the transformation 
product observed in alloy 7 immediately after filing 
at room temperature, see Fig. 4, was almost un- 
detectable after about 12 hr. In the case of alloy X 
a trace of the transformation product was still 
present after three to four months, annealing at room 
temperature. In all alloys reexamined after such 
prolonged annealing some evidence of general re- 
covery of the matrix and the transformed phase was 
observed: the X-ray reflections were less broad. 

Alloys X and 7 were also subjected to cold work 
and annealing above room temperature. In alloy X 
decreasing amounts of transformation could be de- 
tected after filing at 50° and 100°, and practically 
none after filing at 115°C. In each of these tests the 
filings were immediately quenched to room tem- 
perature. The M,; temperature for this alloy is there- 
fore in the vicinity of 115°C. If filings obtained at 
room temperature, which were partially trans- 
formed, were annealed for 15 min at 100°C no re- 
maining transformation product lines could be de- 
tected. No transformation could be detected in alloy 
7 after filing at 75°C and exposing at room tempera- 
ture. 

Similar experiments were also tried with alloys 2 
through 6. In these cases, however, the transforma- 
tion product produced at room temperature was 
sufficiently stable to resist reversion to body-cen- 
tered-cubic or to 6’ up to temperatures at which 
change of composition by interphase diffusion could 
no longer be neglected. 


Discussion 

The copper-rich boundary of the 8-phase in the 
equilibrium diagram, Fig. 1, slopes to higher zinc 
contents with decreasing temperatures. It is inter- 
esting to note that this tendency is continued both 
in the M, curve and the M,; curve at lower tempera- 
tures. It would not be expected, of course, that either 
of these curves should be an exact continuation of 
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Fig. 2—Microstructure of alloy 2, cold worked at room tem- 
perature; showing transformation product within the 8 matrix. 
Polished and etched in dichromate. X500. Reduced approxi- 
mately 40 pct for reproduction. 


the high temperature equilibrium phase boundary, 
for at low temperatures there is no segregation of 
zine to provide different compositions in the two 
phases.* Nevertheless it is clear that with increas- 


S A reader suggests, with reference to Fig. 1, that Ma must lie 
within the qa + 8’ field. This, however, is not a necessity, since the 
a + B’ field refers to equilibrium compositions of a@ and f’, whereas 
the transformation product formed at Ma is of nonequilibrium com- 
position. It was also proposed that the free energies of the structures 
present are equal at Ma, but this, too, is not necessarily true. 


ing zinc content the stability of the face-centered- 
cubic structure decreases and that of the body-cen- 
tered-cubic increases. M, drops approximately 47°C 
per 1.0 wt pct Zn, which, within experimental accu- 
racy, is the same as the rate of drop of the M,. 

Since f-brasses of any compositions below about 
50 wt pet Zn transform if cold worked at room tem- 
perature it appears likely that the single crystals 
tested by Ardley and Cottrell’ at room temperature 
were subject to transformation, since their composi- 
tion was 48.81 wt pct Zn. It therefore remains a 
possibility, as suggested in an earlier report,’ that 
the jerky flow observed by these investigators was 
due to strain-induced transformation in their crys- 
tals. Jerky flow in #-brass of about 49 wt pct Zn 
has also been observed in polycrystalline samples.” 
This, however, is in the very low temperature 
region, where a variety of metals of different struc- 
ture show this type of stress-strain behavior, per- 
haps for reasons having nothing to do with phase 
transformations. 

It is now apparent that 8 Cu-Zn is metastable at 
all compositions at which it can be made homo- 
geneous when quenched to room temperature, and 
probably at even the highest zinc concentrations. 
It should be noted that it is perhaps only the dis- 
ordered phase that is metastable above 43 pct Zn, 
since plastic deformation is required to initiate the 
transformation in this composition range, and plastic 
deformation always causes some disordering of the 
superlattice. Perhaps also any reversion of the 
transformation product occurs only to f’. Reversion 
of the strain-induced phase to f or to f’ occurs at 
room temperature in alloys containing more than 
48 pet Zn. 

If the M, curve is extrapolated to lower zinc com- 
positions than those for which it can be determined 
experimentally, a remarkably large temperature 
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Fig. 3—Microstructure of alloy 6, cold worked at liquid ni- 


trogen temperature; showing transformation product and 6 
matrix with deformation bands. Polished and etched in di- 
chromate. X150. Reduced approximately 40 pct for repro- 
duction. 
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Fig. 4—X-ray diffraction charts of binary Cu-Zn alloys filed 
at room temperature. One binary Cu-Ga alloy is included as 
an example of deformed, ideally close-packed-hexagonal 
structure. 
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Fig. 5—X-ray diffraction charts of Cu-Zn-Ga alloys lying 
along a line of constant electron concentration e/a — 1.476, 


interval is found between M, and M,, roughly 625°C 
at 42 pct Zn. Plastic strain is therefore unusually 
effective in overcoming the barrier to transforma- 
tion compared with other low temperature body- 
centered-cubic transformations, such as those in 
lithium and sodium.° 

Theoretical attention has been given to the basis 
for stability of the 8 Cu-Zn phase by Zener™ and 
Jones." Zener has emphasized the importance of a 


low (110) [110] shear constant, i.e., a low value of 
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Table II. Structures as Indicated by X-rays of Cold Worked Alloys After Various Treatments 
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= 
BS 
1~Ge a, 
* The @ represents the fee-cemtered-cubie identified by the Dresence af 200 resection. 
The represents the body-cemtered-cubie structure idemiified hy the presence of 110 reGection. 
= The represents the diose-pecked-hexssomel Structure idemiifed by the presence af 18.0 reGection. 
corresponadins temperatures and compoasiuons. ine 
San ie Au-Cd alloys thus transform on simple cooling at 
ali compositions, Showing thet electron concenite— 
won must be GF aniy secongsry immportence m 
= Vert; 
Fig. 6—Vanation stabtizing the 8 structure. Similariy, the ternary 
2 tathice porometers ali of 43 Foi =} 
aliovs OF the present series. aithougn fying along 2 
Composton o ine of comstent electron comecentration in the phase 
4 imme OF CONStent electron conceniravion Mm whe phas 
Giastam, were completely unstable when rich m 
= Salilium and nesriv Stable when rch Mm znNc. 
orrespoading = 
=~ > > 
ee Pp mes indexed as Although these ternary alloys were prepered with 
= 1Genucali election concentration the size and 
= > 
= Sf Su a ere shown individe- the degree of order were noi constant throughout 
olly, omd parometers the series. The Cu-Ga §-phase is almost ceriainhy 
aisorgered, since it 3S only Stebdle near atomic 
fT ‘ 5 pci Ga. and it may well be thai it is umsiable at low 
= = temperatures Decause OF the feck OF Order. Un 
other hand. the increasme distortion of a latiice due 
r= = less. to the relative numobder end size af the Soluce atoms 
= present May Oe an Important facwr. In the ternary 
we S¥stem Cu-4n-Ge the size Tractor increases on pass- 
= = ing irom the geilum-rch to the zinc-ncn alloys: 
previ0us saudies heve Shown tat SMeli OF negative 
size fevor the equillbrium close-pecked- 
See hexesona!l siructure over the body-centered-cubic 
the stacking fault ihe nature of the transformation product and its 
probability cocffi- amount with compasition in the bimary alloys. but 
ca > wr s+ se = +} — 
cient with com- not possible at the present time State waich 
= factor rectors is responsible. 
oltoys. 
Summary 
= = = = Be ~ 29 72 
Bimery §-phase 'Cu-Zn alloys from 39.73 wi pet 
Zn through 51.89 pct Zn were found io transform oan 
cold WOrkK at temperatures. acoordms both 
2 (C. — C..) as a factor decreasing the stability of metallographic and X-ray diffraction evidence. The 
Hes proposed that the imiter- amount QF the proguct mecressed 
heariy iree elecirons with the $110! feces With increasing zine content and siructure 
Zone increases shear constant cChansea irem tface-centered-cubic with Stecamsg 
and therebw imcrease= the <tahihiv of the bodyr- Far opr.) 
ab OQ: the body close-packed -hexesonai wiih Stacams 
siructme. From this laiier oF raultS ihe face—centered-cubic siructwre has pare- 
wWiew it is posshie that «mrt ona nected meter< that hea fron: 
View COM connecied thet would Oe expeckea irom an exirapaie- 
With it, blorrime of the Brillouin rone throuch <erk tionm of the a-ph2ese nareameter<c bt woth 
ing ieult broadening” and perhaps also through of the type expecied from stacking faults. The clese— 
Oroadenms. reduces the zone stabilization Siructure has 2n axial ratio near 
SEROSRUY 1 allow trensiormation. However. the 1.633. 
recent work of Zirinsky on transformations of the The 8-brasses of any composition below about 50 
eleciron compound im Wt pet Waensiorm if cold worked at room temper-— 
Au-—Cd allows shows thai the decree af on} a = 
“Au-Ca@ alloys shows thai the desree of elastic ani- ature; the M, temperature drops ~47°C per each 
sdiropy (and the tendency toward transformaiion) additional wi pct Zn. similer to the M. curve. The 
Mm Case larger than m the Cu-“£m ai product is metastable at room tem- 
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perature and reverts to the bod 
8 phase when the zinc conten 

It is pointed out that possibly 
work necessarily precedes the tra 
43 wt pct Zn), and that reversion 
to the ordered (f’) phase. 


phase. 
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High-Strength Zirconium Alloy: Zr-4 Wt Pct 
Sn-1.6 Wt Pct Mo 


A heat-treatable, ternary alloy of zirconium is described. This alloy is readily rolled 
at 800°C and has more than four times the creep strength of pure zirconium at 500°C. The 
tensile strength of the alloy in the annealed condition is about 90,000 psi, and it may be 
heat-treated to a strength of more than 140,000 psi. In the annealed condition, the alloy 
can be cold reduced more than 20 pct. The alloy is harder in the air-quenched condition 
than as water quenched. This behavior was found to be associated with a reaction similar 


to age hardening. 


by W. Chubb 


OR the past several years there has been con- 
F siderable interest in the development of zir- 
conium and zirconium alloys for application in 
nuclear reactors. In a portion of the development 
work being conducted, attention has been given to 
the development of high-strength zirconium alloys. 


W. CHUBB, Member AIME, is Principal Metalluraist, Battelle 
Memorial Institute, Columbus, Ohio. : 

TP 4329E. Manuscript, Dec. 20, 1955. Cleveland Meeting, Octo- 
ber 1956. 
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One of the most outstanding alloys developed in the 
course of this work is Zr-4 wt pct Sn-1.6 wt pct Mo.’ 


Fabrication and Test Methods 


Over 50 ingots of zirconium containing either tin 
and molybdenum or both have been evaluated in 
the process of selection of an optimum composition. 
Most of these were prepared as 20-g arc-melted 
buttons; a few were prepared by induction melting. 
All ingots were prepared by the use of Foote Mineral 
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Fig. 1—Micrograph of Zr-4 wt pct Sn-1.6 wt pct Mo alloy; 
cold rolled, heated to 900°C for 1 hr, and water quenched; 
a-zirconium in a matrix of retained 8, 293 Dph. X500. Re- 
duced approximately 20 pct for reproduction. 


to 1000°C for 15 min and water quenched; martensite, 285 
Dph. X100. Reduced approximately 15 pct for reproduction. 


Co. iodide zirconium. The tin used had a purity of 
99.9 wt pct, and the molybdenum was 99 wt pct pure. 

Two large ingots have been prepared by double 
arc melting in a copper crucible, and the properties 
of these two ingots constitute the basis for most of 
this report. One ingot weighed 1000 g and had an 
analysis of 4.0 wt pet Sn and 1.6 wt pct Mo. The 
other ingot weighed 3800 g and had an analysis of 
3.9 wt pct Sn and 1.6 wt pct Mo. 

Both ingots were forged at 900°C to 1-in.-thick 
slabs. Hot rolling to sheet and bar stock was accom- 
plished at 800°C. These operations were performed 
in air, and no cracking or splitting of any degree 
was encountered. The hot-rolled products were 
coated with a powdery white oxide to a depth of 
0.001 to 0.002 in. This was removed by sandblasting 
and by pickling in 50 pct nitric, 2 pet hydrofluoric 
acid solution. 
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Fig. 2—Micrograph of Zr-4 wt pct Sn-1.6 wt pct Mo; heated 
to 1000°C for 15 min, quenched to 900°C for 10 min, and 
water quenched; acicular a in 8, 274 Dph. X500. Reduced 
approximately 15 pct for reproduction. 


Quenching rate studies were accomplished by 
sealing Y%-in. cubes of metal in evacuated Vycor 
tubes. The capsules were heated to temperature, 
held for 1 to 3 hr, depending on the temperature, 
and cooled at one of three different rates. Water 
quenching was accomplished by breaking the Vycor 
capsules directly over a water bath; air quenching 
was accomplished by pulling the Vycor capsule 
from the furnace and allowing it to cool on a well- 
ventilated asbestos sheet; furnace cooling was ac- 
complished by leaving the capsules in a furnace 
which cooled at a rate of about 100°C per hr. 

Isothermal transformation studies were done in 
much the same manner, except that all samples 
were heated to 1000°C for 15 min. These samples 
were quenched by breaking the Vycor capsules 
under the surface of a lead bath. After a predeter- 
mined length of time, the samples were removed 
from the lead and water quenched. 

An end-quench test was performed on a ¥%-in. 
sq bar. This bar was 3 in. long and was supported 
in the end-quench apparatus by means of a carriage 
bolt screwed into one end of the bar. The bar and 
attached bolt were sealed in an evacuated Vycor 
tube. This was heated to 900°C for 1 hr. The Vycor 
tube was broken on the lip of the furnace, and the 
bar was end-quenched by a %4-in. water stream. 
One side of the bar was ground to a depth of about 
0.001 in., and the entire length of the bar was sur- 
veyed by Dph measurements at appropriate in- 
tervals. 

The metallographic technique for this alloy is 
identical to that for any zirconium alloy containing 
tin. Zirconium alloys containing tin tend to stain 
brown or black when etched with dilute HF or 
NH,HF;. This stain can be removed by any strong 
acid that dissolves tin faster than it does zirconium. 
The procedure used for this alloy involved grinding 
to 600 grit, followed by polishing on a cloth lap, 
and using Linde B alumina. Worked metal was 
removed by alternate polishing and etching with 10 
pet NH,HF, solution. Final etching was accom- 
plished by using a solution containing 10 to 20 pct 
HNO, and % to 1 pct NH.HF,. 
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Fig. 4—Effect of cooling rate on the hardness of Zr-4 wt pct 
Sn-1.6 wt pct Mo alloy taken at room temperature after 
equilibrating at temperature for 1 to 3 hr. 


All tensile tests were made in duplicate on a 
20,000-lb Baldwin-Southwark universal testing 
machine. A clip-on extensometer with a l-in. gage 
length was used to measure strain. This exten- 
someter utilized SR-4 gages on compression loops 
and is accurate to +0.0001 in. per in. The speed of 
travel of the head of the testing machine was 0.02 
in. per min. Tests at room temperature were made 
in air; tests at 500°C were made in helium. Tensile 
specimens were made from sheet stock about 0.07 
in. thick, and the reduced section of the specimens 
was '% in. wide and 2 in. long. Tensile specimens 
were heat treated in evacuated Vycor tubes or in 
a stainless steel vacuum furnace. Creep testing at 
500°C was performed in vacuum creep units. 

Hardness data were obtained at elevated tempera- 
tures by means of a hardness-testing device operat- 
ing in a vacuum chamber. Both the specimen and 
the indenter are heated to the test temperature. In- 
dentations are made by applying a dead-weight 
load of 1000 g to a 136° pyramid indenter. By 
moving the specimen after each indentation, a large 
number of indentations can be made at any tem- 
perature or series of temperatures from room tem- 
perature to 1000°C. This equipment has been de- 
scribed in greater detail elsewhere.” 

Impact tests were run on standard V-notch 
Charpy impact specimens. Specimens were ma- 
chined from %-in. sq bar and were heat treated in 
a stainless steel vacuum furnace. 

Olsen ductility tests were performed by using a 
standard Olsen testing machine (%-in.-diam ball) 
and sheet test specimens about 0.07 in. thick. 

The weldability of the alloy was evaluated by 
seam welding strips together. Tensile specimens 
were cut from the resultant sheet in such a manner 
that the weld comprised the longitudinal axis of the 
test specimen. Welding was accomplished in a 
vacuum-tight chamber in an atmosphere of argon 
gas. 


Heat-Treatment Response 


In their paper on the binary Zr-Mo system, 
Domagala, McPherson, and Hansen* pointed out that 
the 8 allotrope of zirconium can be retained on 
quenching alloys containing more than 5 wt pet Mo. 
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Fig. 5—End-quench test on Zr-4 wt pct Sn-1.6 wt pct Mo 
alloy; bar quenched from 900°C. 


Alloys containing less than 5 wt pct Mo transform 
on air quenching to acicular a or, on very rapid 
quenching, to martensite. 

By means of suitable heat treatments, it is pos- 
sible to produce all three forms of zirconium in the 
Zr-Sn-Mo alloys. The retention of 6-zirconium is 


Table |. Effect of Heat Treatment Upon the Tensile Properties of 
Zr-3.9 Wt Pct Sn-1.6 Wt Pct Mo Alloy 


Ten- 
Elon- sile 
0.2 Pet gationto Total Modu- 
Heat Offset Maxi- Elon- Reduc- lus of 
Treat- Yield Ultimate mum gation tion Elas- 
ment Strength, Strength, Load, intiIn., of Area, ticity, 
No.* Psi Psi Pet Pet Pet 106 Psi 
1 86,400 111,700 6 24 41 10 
2 71,200 90,600 10 20 24 15 
3 86,200 124,000 3 5 9 12 
4 89,000 103,300 3 3 2 10 
5 123,800 143,300 2 2 1 13 
6 74,900 97,600 10 12 3 13 
62,800 


88,600 10 10 10 14 


* Treatment 1: Hot rolled at 800°C and air cooled. 

Treatment 2: Hot rolled at 800°C, furnace cooled, cold rolled, 
heated to 730°C for 3 hr, and furnace cooled, see Fig. 13. 
Treatment 3: Hot rolled at 800°C, reheated to 800° for 2 hr, and 

water quenched. 
Treatment 4: Heated to 900°C for 1 hr and water quenched, see 


ig. 1. 
Treatment 5: Heated to 900°C for 1 hr and air cooled in a Vycor 
capsule, see Fig. 6. 
Treatment 6: Heated to 900°C for 1 hr and furnace cooled at a 
rate of 50°C per hr. 
Treatment 7: Heated to 900°C for 1 hr, cooled to 700°C and held 
for 24 hr, and furnace cooled, see Fig. 7. 


accomplished by equilibrating the alloy at 800° or 
900°C to produce an a phase low in molybdenum 
and a 8 phase enriched in molybdenum. When the 
equilibrated alloy is water quenched, the enriched 
B phase is retained. Martensite is produced by heat- 
ing the alloy to 1000°C and water quenching. Acic- 
ular a-zirconium is produced by heating the alloy 
to 1000°C and cooling at any rate slower than about 
1000°C per min. Coarse acicular a-zirconium is 
sometimes called Widmanstatten a-zirconium. Figs. 
1 through 3 are examples of these structures. The 
structure shown in Fig. 2 has slightly lower hardness 
than the structure shown in Fig. 1. This effect may 
be a grain-size effect, or it may be that there is more 
retained 6 in Fig. 2. 
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Fig. 6—Micrograph of Zr-4 wt pct Sn-1.6 wt pct Mo alloy; 
cold rolled, heated to 900°C for 1 hr, and air cooled in a 
Vycor tube; equilibrium o-zirconium in a matrix of acicular 
a-zirconium formed from #-zirconium, 380 Dph. X500. Re- 
duced approximately 15 pct for reproduction. 


Fig. 8—Micrograph of Zr-4 wt pct Sn-1.6 wt pct Mo; cold 
rolled, heated to 950°C for 1 hr, and water quenched; 
equilibrium a-zirconium in a matrix of martensite, 287 Dph. 
X250. Reduced approximately 15 pct for reproduction. 


The effect of quenching rate upon the hardness 
of the Zr-4 wt pct Sn-1.6 wt pct Mo alloy is shown 
in Fig. 4. This figure shows that a high quenching 
rate produces hardnesses intermediate to hardnesses 
produced in air cooling and in furnace cooling. The 
low hardness produced by furnace cooling was ex- 
pected, and the low hardness produced by water 
quenching could be explained by assuming that 6 
solid solution was retained at room temperature. It 
has been shown that £-zirconium is much weaker 
and softer than a-zirconium of the same alloy con- 
tent.” The high hardnesses produced in air quench- 
ing were difficult to explain on the basis of any 
previous work done with zirconium alloys. Further 
tests showed that variability of the quenching rates 
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Fig. 7—Micrograph of Zr-4 wt pct Sn-1.6 wt pct Mo; cold 
rolled, heated to 900°C for 1 hr, cooled to 700°C and held 
for 24 hr, and furnace cooled. ZrMoz spheroids formed at 
a-zirconium grain boundaries, 258 Dph. X500. Reduced ap- 


proximately 15 pct for reproduction. 


Fig. 9—Micrograph of Zr-4 wt pct Sn-1.6 wt pct Mo; heated 
to 1000°C for 15 min, quenched in lead at 600°C, held for 
2 hr, and water quenched; acicular a-zirconium, 366 Dph. 
X250. Reduced approximately 15 pct for reproduction. 


was not at fault; the faster the quenching rate (be- 
tween air-quenching rates and water-quenching 
rates) the softer the alloy became. 

As a final check on the validity of the data shown 
in Fig. 4, a subsize end-quench test was run. The 
results of a hardness traverse on this bar are shown 
in Fig. 5. An X-ray diffraction pattern obtained 
from the quenched end of the bar disclosed the 
presence of retained §-zirconium; a-zirconium was 
also present as an equilibrium structure. The mi- 
crostructure of the end of the bar was identical to 
that shown in Fig. 1. Near the end of the bar, small 
spikes of acicular a-zirconium began to appear in 
the microstructure of the 6 phase. At about ™% in. 
from the quenched end of the bar, the microstruc- 
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ture was identical to that shown in Fig. 6. At about 
3 in. from the end of the bar, a darker etching be- 
havior suggested that ZrMo, was beginning to pre- 
cipitate from the 6 phase. About 1 in. from the 
quenched end of the bar, the microstructure was 
similar to that in Fig. 7. Microscopic particles of 
acicular a-zirconium appeared long before peak 
hardness was reached, and microscopic particles of 
ZrMo, appeared considerably after peak hardness 
was reached. Since microscopic a-zirconium is 
usually relatively soft, and since the quantity of 
ZrMo, available for hardening this alloy is ex- 
tremely small, the microstructural data do not seem 
Bee uate to explain the hardness peak shown in 
ig. 5. 

Possibly the hardness phenomena found in this 
alloy are related to a very similar type of age- 
hardening reaction that has been noted in certain 
titanium alloys.* Titanium metallurgists have shown 
that the hardening reaction is intimately associated 
with the decomposition of the 6-titanium phase. The 
exact nature of the hardening of £ is still a matter of 
considerable speculation. 

The foregoing results on the end-quench bar sug- 
gested that useful information might be obtained by 
studying the time-temperature-transformation char- 


Table II. Creep Properties of Zirconium and Zr-3.9 Wt Pct Sn-1.6 
Wt Pct Mo Alloy at 500°C 


Zr-3.9 
Wt Pct 
Arc Melted Sn-1.6 Wt 

Iodide Pct Mo 

Property Zirconium Alloy 
Stress to cause 1 pct total deformation 

in 100 hr, psi 3,700 16,000 
Stress to cause 1 pct total deformation 

in 1000 hr, psi 1,800 11,000 
Stress to cause % pct total deformation 

in 1000 hr, psi 1,400 7,500 
Estimated stress to cause 1 pct total 

deformation in 10,000 hr, psi 900 4,000 


acteristics of the Zr-4 wt pct Sn-1.6 wt pct Mo alloy. 
Generally speaking, the results were disappointing. 
Apparently the rate of decomposition of B-zirconium 
containing 1.6 wt pct Mo is many times faster than 
the rate of decomposition of the enriched 6 produced 
by equilibrating the alloy at 900°C. Conversely, the 
rate of precipitation of ZrMo, from the enriched £ is 
much faster and more readily detectable than in the 
case of the homogeneous alloy produced at 1000°C. 
Figs. 2, 3, 8, 9, and 10 show some of the structures 
obtained in the course of these studies. Fig. 8 shows 
that the 6 to a+f transus is near, but above, 950°C. 
Fig. 10 shows that the a+f to a+ZrMo, transus is 
above 700°C. The results of the isothermal-trans- 
formation studies are summarized in Figs. 11 and 12. 
These figures show once again that the hardening 
reaction is associated with the early stages of B 
decomposition. Within the limits 400° to 700°C, the 
maximum hardness achieved in isothermal trans- 
formation is lower and occurs at shorter times the 
higher the temperature of transformation. 

It is apparent that a wide variety of properties 
and structures can be produced in the Zr-4 wt pct 
Sn-1.6 wt pct Mo alloy by controlling fabrication 
procedures, heat-treatment temperatures, and 
quenching and aging schedules. Some of the tensile 
properties that result from typical fabrication and 
heat-treatment procedures are listed in Table I. 
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Fig. 10—Micrograph of Zr-4 wt pct Sn-1.6 wt pct Mo; 
heated to 1000°C for 15 min, quenched in lead at 700°C, 
held for 2¥%2 hr, and water quenched; acicular a-zirconium 
and ZrMoz, 302 Dph. X500. Reduced approximately 15 pct 
for reproduction. 


Treatments 1 and 2 illustrate the high strength and 
ductility that are achieved in the normal course of 
fabricating this alloy by standard procedures. Fig. 
13 illustrates the disperse structure that results from 
treatment 2. Treatments 2, 3, and 4 show the effects 
of heating the alloy to progressively higher tempera- 
tures and water quenching; the yield strength of 
the alloy tends to increase slightly, but the ductility 
and modulus are drastically reduced. The effect on 
the modulus is interesting, and can be directly re- 
lated to the amount of 8-zirconium retained in the 
alloy. It is known that the modulus of f-zirconium 
is much lower than that of a-zirconium,’ but a value 
for retained 8 at room temperature has never been 
reported. Assuming that the structure produced by 
treatment 4, Fig. 1, contains 50 pct retained B and 


Table Ill. Deep Drawing Properties of Zirconium Alloys 
Sheet Load at Cup Depth 

Thickness, Fracture, at Frac- 

Alloy Identification In. Lb ture, In. 
Are melted, iodide zirconium 0.072 1040 0.24 
Arc melted, iodide zirconium 0.071 1950 0.31 
Zr-4 wt pct Sn-1.6 wt pct Mo 0.077 1310 0.12 
Zr-5.1 wt pet Sn 0.068 860 0.10 


that the moduli of a- and £-zirconium in a mixture 
of the two are additive, then the modulus of 8-zirco- 
nium at room temperature must be about 6 X 10° psi. 
As illustrated in Figs. 4 and 5, retained £-zirconium 
is a comparatively soft and weak material. This 
material is probably responsible for the low tensile 
ductility produced by treatments 3 and 4. 
Treatments 4 through 7 illustrate the effects of 
cooling the alloy at progressively slower rates from 
a temperature at which the alloy contains £-zirconi- 
um. Treatment 5 shows that, at first, the tensile 
strength is greatly increased in accordance with the 
results shown in Figs. 4 and 5. The ductility is very 
low, but the modulus has already begun to increase. 
Treatments 6 and 7 show that considerable ductility 
can be restored by cooling the alloy at very slow 
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Fig. 11—Transformation characteristics of Zr-4 wt pct 
Sn-1.6 wt pct Mo alloy. 
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Fig. 12—Transformation hardness characteristics of Zr-4 wt 
pct Sn-1.6 wt pct Mo alloy. Isothermal transformation at 
temperatures indicated. 


rates. The ultimate difference between treatments 
2 and 7 is evidently an effect of grain size and dis- 
persion of the ZrMo., as illustrated by Figs. 7 and 13. 
The coarser ZrMo, and larger grain size produced 
by treatment 7 result in lower strength and lower 
ductility. 
Variation of Properties with Temperature 

The effects of temperature upon the tensile and 
hardness properties of the Zr-3.9 wt pct Sn-1.6 wt 
pet Mo alloy are shown in Fig. 14. Compared with 
the alloy in the a-annealed condition, the hot-rolled 
alloy is harder at low temperatures and softer at 
elevated temperatures. This seems to be a charac- 
teristic of many zirconium alloys. The effect is prob- 
ably caused by the presence of unstable 8-zirconium 
and by the unequal distribution of alloying elements 
between the a and £ phases in the hot-rolled alloy. 
The low hardness of the alloy at 800°C is responsible 
for the ease with which the alloy can be hot rolled 
at this temperature. 

The tensile properties shown in Fig. 14 are for the 
alloy as fabricated by hot rolling at 800°C, furnace 
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cooling, cold rolling, and annealing at 730°C for 3 hr 
and furnace cooling. In this condition, the alloy has 
also been tested in creep at 500°C. The data con- 
tained in Table II show that the Zr-Sn-Mo alloy is 
much superior to pure zirconium in creep at this 
temperature. Fig. 15 shows that the alloy is prob- 
ably superior to pure zirconium in creep at 700°C, 
but that it is inferior to pure zirconium in creep at 
800°C. This reversal is undoubtedly caused by the 
appearance of #-zirconium in the Zr-Sn-Mo alloy 
at 800°C. 

As hot rolled at 800°C and air cooled, the Zr-3.9 
wt pct Sn-1.6 wt pct Mo alloy had an impact strength 
of 9 ft-lb. It was thought that perhaps this low 
value was caused by the well-known effect of hy- 
drogen upon zirconium,’ so the alloy was degassed 
at 840°C and furnace cooled in a vacuum of less 
than 0.1mm Hg. The results of impact tests on the 
material in this condition are shown in Fig. 16. Evi- 
dently the embrittlement caused by heating this al- 
loy into a 8 region is more severe than the effects 
of hydrogen. No solution to this problem has been 
found. 


Secondary Fabrication Characteristics 


As hot rolled at 800°C and furnace cooled, the 
Zr-4 wt pet Sn-1.6 wt pet Mo alloy can be cold re- 
duced about 20 pct in thickness without cracking. 
If this worked material is annealed for 3 hr at 730°C 
and furnace cooled, it can be cold rolled to some- 
what greater reductions. A 1-in.-wide strip of this 
alloy was cold reduced in 42 passes from a 0.076-in. 
thickness to 0.006-in. thickness. Edge cracking was 
first noticed at about 40 pct reduction and cracking 
became appreciable at about 50 pct reduction. Roll- 
ing was stopped at 0.006-in. thickness because of 
mill limitations. At this point, the strip was about 
1% in. wide and cracks about % in. long extended 
into the strip from each edge. The hardness of the 
alloy increased only 30 Dph in the first 50 pet reduc- 
tion, and no significant change in hardness occurred 
in further reductions. 

The deep-drawing capacity of high-purity zirco- 
nium is very good, but contaminants and alloying 


Fig. 13—Micrograph of Zr-4 wt pct Sn-1.6 wt pct Mo; hot 
rolled at 800°C, furnace cooled, cold rolled, heated to 
730°C for 3 hr, and furnace cooled; finely dispersed ZrMo> 
in a-zirconium, 235 Dph. X250. Reduced approximately 15 
pct for reproduction. 
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elements tend to reduce this ability greatly. The 
results of duplicate Olsen ductility tests on a few 
zirconium alloys are shown in Table III. Obviously, 
zirconium alloys will not be such desirable materials 
for deep drawing as high-purity zirconium. 

The Zr-4 wt pct Sn-1.6 wt pct Mo alloy can be 
welded either by butt welding or by seam welding 
where pure zirconium is used as a filler material. 
However, the weld and heat-affected zone are ex- 
tremely brittle in the as-welded condition. This 
effect could be predicted from the heat-treatment 
response of the alloy; the weld zone is heated above 
the 8 transus and the cooling rate approximates 
water quenching in some areas and air quenching 
in others. The structure of the weld zone is marten- 
sitic, see Fig. 3, and this structure alone has been 
known to cause brittleness in zirconium alloys. The 
average hardness of the weld zone in one sample of 
the Zr-3.9 wt pct Sn-1.6 wt pct Mo alloy, as welded, 
was 376 Dph. This hardness can be greatly reduced 
and the ductility of the weld can be partially re- 
stored by proper heat treatment. Table IV shows 
the effect of heat treatment on tensile specimens 
having a seam weld down their axis. 


Table IV. Effect of Heat Treatment on the Tensile Properties of 
Welds in Zr-4 Wt Pct Sn-1.6 Wt Pct Mo Alloy 


Heat 0.2 Pet Total 
Treat- Offset Yield Ultimate Elongation Reduction 
ment Strength, Strength, in 1In., of Area, 
No.* Psi Psi Pct Pct 
i — 106,600 0 
2 80,000 88,300 3 3 
3 70,800 75,000 2 6 


* Heat treatment 1: As butt welded (no filler material). 
Heat treatment 2: Butt welded, heated to 730°C for 3 hr, and 
furnace cooled. 
Heat treatment 3: Seam welded using pure zirconium as a filler 
material, heated to 900°C for 1 hr, cooled to 700°C for 15 hr, 
and furnace cooled. 


Variation of Properties with Composition 


Molybdenum is responsible for the heat-treatment 
character of the Zr-4 wt pct Sn-1.6 wt pct Mo alloy. 
Increasing amounts of molybdenum increase the 
stability of the 6 phase. This effect delays the onset 
of the age-hardening reaction, but does not elim- 
inate it. Alloys containing metastable 8 are not de- 
sirable as creep-resistant alloys at 500°C. Decreas- 
ing amounts of molybdenum cause a decrease in the 
stability of the 8 phase. As the stability of the 6 
phase decreases, the age-hardening reaction is ac~ 
celerated until it is effectively eliminated by overag- 
ing at even the fastest cooling rates. 

One of the major advantages of the ternary Zn- 
Sn-Mo alloys over binary Zr-Sn alloys is the com- 
parative ease with which the ternary alloys can be 
hot rolled at 800°C. The 800°C hardness of Zr-4 wt 
pet Sn alloys decreases with increasing molybdenum 
content up to about 2 wt pct Mo.' The 8-zirconium 
phase is responsible for this unusual effect. 

Over a wide range of compositions, the room-tem- 
perature strength and ductility of the Zr-Sn-Mo 
alloys are not affected as much by minor changes in 
composition as they are by changes in heat treat- 
ment. A comparison of Table V with Table I shows 
this to be true. In general, of course, the strength 
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Fig. 14—Effect of temperature on the hardness and tensile 
properties of Zr-3.9 wt pct Sn-1.6 wt pct Mo alloy. 
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Fig. 15—Hot hardness vs time of indentation for zirconium 
and Zr-3.9 wt pct Sn-1.6 wt pct Mo alloy. 


of alloys increases and ductility decreases with in- 
creases in total alloy content. 


Conclusions 

The Zr-4 wt pct Sn-1.6 wt pct Mo alloy can be 
heat treated to yield a variety of properties. In its 
most ductile condition, it has a tensile strength of 
90,000 psi; in its strongest state, it has a tensile 
strength in excess of 140,000 psi. Its hot-rolling 
character at 800°C is nearly ideal and, after proper 
heat treatment, it can be cold reduced more than 20 
pet without cracking. It has relatively good creep 
strength at 500°C, and its properties are not dras- 
tically changed by minor variations in composition. 


APRIL 1957, JOURNAL OF METALS—467 


| 


70 


60 
50 
2 
40 
Fig. 16—Impact 
strength of Zr-3.9 
> 30 wt pct Sn-1.6 wt pct 
o 
5 Mo alloy. 
W 
20 
Hot rolled 
only 
x) 
Degassed 
fo) 100 200 300 400 500 
Temperature, C 


Acknowledgment 


This work was performed under AEC Contract 
No. W-7405-eng-92. 


References 


+ W. Chubb: Progress in the Development of Creep-Resistant Zir- 
conium Alloys. ASM Trans., 1956, vol. 48, p. 804. 

2W. Chubb: The Contribution of Crystal Structure to the Hard- 
ness of Metals. AIME Trans., 1955, vol. 203, p. 189; JourNaL oF 
MeEtTAts, January 1955. 


Table V. Effect of Composition on the Tensile Properties of Zr-Sn- 
Mo Alloys at Room Temperature. All Alloys Cold Rolled and 
Annealed Below 780°C 


Elonga- 

Alloy 0.2 Pet tion to Total Reduc- 
Analysis Offset Maxi- Elon- tion 
(Balance Yield Ultimate mum gation of 

Zirconium), Strength, Strength, Load, iniIn., Area, 
Wt Pct Psi Psi Pet Pet Pet 
3.9 Sn-0.8 Mo 56,200 76,400 13 29 40 
4.0 Sn-1.6 Mo 59,000 86,700 13 25 43 
3.9 Sn-1.6 Mo 71,200 90,600 10 20 24 
5.0 Sn-1.4 Mo 65,800 77,600 9 25 24 
4.5 Sn-2.2 Mo 70,800 96,000 10 18 21 
5.0 Sn-1.3 Mo 82,200 101,000 8 10 14 
7.0 Sn-0.6 Mo 83,300 90,300 2 3 4 
7.0 Sn-1.5 Mo 99,800 103,200 1 il 1 


3R. F. Domagala, D. J. McPherson, and M. Hansen: Systems Zir- 
conium-Molybdenum and Zirconium-Wolfram. AIME Trans., 1953, 
vol. 197, p. 73; JourNaL or MeEtats, January 1953. 

4L. D. Jaffe: Heat Treatment of Titanium Generalized in Terms 
of Beta Prime. AIME Trans., 1954, vol. 200, p. 210; JouRNAL oF 
METALS, February 1954. 

5 W. Koster: The Temperature Dependence of the cas Modulus 
oo Pure Metals. Ztsch. fiir Metallkunde, 1948, vol. 39, ate 

Mudge: Effect of Hydrogen on the Embrittienent of Zir- 

conium and Zirconium-Tin Alloys. Zirconium and Zirconium Alloys, 
p. 146. ASM. Cleveland, 1953. 

7A. D. Schwope and G. T. Muehlenkamp: Effect of Hydrogen on 
Mechanical Properties of Zirconium and Its Tin Alloys. Battelle 
Memorial Institute Report No. BMI-845, June 30, 1953. 


Discussion of this paper sent (2 copies) to AIME by June 1, 1957 
will appear in AIME Transactions Vol. 209, 1957, and in JoURNAL OF 
METALS, October 1957. 


Effect of Small Amounts of Alloying 


Elements on the Ductility of Cast Molybdenum 


by L. E. Olds and G. W. P. Rengstorff 


| Benen research has shown that cast molyb- 

denum has good ductility at room temperature 
if the metal is sufficiently pure.’ In practice, how- 
ever, it is very difficult to reduce the impurity con- 
tent of molybdenum to a few parts per million—the 
maximum content of impurities allowable to obtain 


reasonable ductility in coarse-grained molybdenum.’ 
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Also, subsequent fabrication may reintroduce 
enough impurity to damage ductility greatly, unless 
extreme precautions are taken to protect the metal 
during working. 

The major impurities which embrittle molyb- 
denum are oxygen, nitrogen and, to a lesser degree, 
carbon. It is reasonable to assume that the harmful 
effects of such impurities might be neutralized by 
small amounts of alloying additions. The desired 
alloying elements would be those which might form 
stable metal oxides or nitrides that would not be 
harmful to ductility, or those which might increase 
the tolerance of molybdenum for oxygen and nitro- 
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Fig. 1—Micrograph of Mo-0.7 pct Ti alloy, as cast; etched 
with KsFe(CN)«:KOH. X500. Reduced approximately 30 pct 
for reproduction. 


gen by some mechanism such as an increase in the 
solubility of these impurities in the matrix phase. 


Preliminary Investigation 
A number of strong oxide, nitride, and carbide 
formers were investigated in a preliminary survey 
to determine which, if any, held promise as additions 
for neutralizing contaminants in molybdenum. The 
addition elements studied in this survey were chosen 
from the various groups in the Periodic Table, as 


Table |. Raw Materials Used to Prepare Alloys 


Element Grade 
Molybdenum Purified by vacuum fusion* 
Titanium Iodide 
Thorium Iodide 
Aluminum 99.9 pct pure 
Cerium 98.6 pct pure 
Vanadium Union Carbide & Carbon Corp., ductile grade 
Boron Halide purified 


Zirconium Iodide 
Helium atmosphere: Grade A—Bureau of Mines 


* Purified by melting sinter bar stock once in high vacuum. This 
procedure lowers the oxygen content to about 5 ppm and leaves 
about 10 to 20 ppm N and 10 to 30 ppm C. 


follows: group 2, beryllium; group 3, boron, alumi- 
num, and cerium; group 4, silicon, titanium, zirco- 
nium, and thorium; group 5, vanadium, columbium, 
and tantalum; and group 6, chromium. 

To determine possible neutralizing effects, alloys 
of these elements with molybdenum were prepared 
by arc melting once in a vacuum. This type of melt- 
ing normally produces unalloyed molybdenum in- 
gots of little or no ductility, since an insufficient 
quantity of impurities is volatilized while the metal 
is molten. Thus, the presence of ductility in any of 
the once-melted alloys would indicate that the addi- 
tive was causing a desirable reaction. 

The alloys were tested for ductility at room tem- 
perature by bending small specimens cut from the 
ingots. From these tests it was observed that, of 
the alloying elements studied, boron, aluminum, 
cerium, titanium, zirconium, and vanadium im- 
proved the cold ductility of cast molybdenum when 
added in amounts less than about 0.5 pct. Thorium 
also improved ductility, although additions in the 
range of 5 to 10 pct were required. On the other 
hand, additions of 0.5 pct and less of beryllium, 
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Fig. 2—Micrograph of Mo-10 pct Th alloy, as cast; etched 
with KsFe(CN)o:KOH. X500. Reduced approximately 25 pct 
for reproduction. 


silicon, columbium, tantalum, and chromium gave 
little improvement. On the basis of this preliminary 
investigation, a more extensive study was made of 
the promising alloy systems. 


Preparation of Alloys 

The alloys for more detailed studies were pre- 
pared as 2% in. diam, 2 in. high ingots by arc melt- 
ing high-purity raw materials in an atmosphere of 
high-purity helium gas maintained at a slight posi- 
tive pressure. This type of melting has been found 
to result in a residual impurity content in molyb- 
denum of from 5 to 10 ppm O, with a similar range 
for the nitrogen content. In contrast, the minimum 
impurity content necessary for good low-tempera- 
ture ductility of unalloyed cast molybdenum is about 
1 to 2 ppm O and 10 to 20 ppm N. 

The raw materials from which the experimental 
alloys were prepared are listed in Table I. The 
amounts of the alloy additions which were made, 
along with the percentage retention of the addition 
during melting, and the method of making the alloy- 
ing addition, are given in Table Il. The master alloys 
were prepared by arc melting in helium, using a 
tungsten electrode and direct current. The small 


Table II. Alloys Prepared for Investigation 


Range of 

Alloying Retention of 
Alloying Addition, Addition after Method of Making 
Element Pet Melting, Pct Alloyed Additions 

Titanium 0.1 to4 99 to 100 Master alloy (10 or 20 
pet Ti) 

Thorium 0.1 to 10 99 to 100 Machined chips or 
sheared sheet for ad- 
ditions above 1 pct 
Th. Master alloy (20 
pet Th) for additions 
of 1 pet Th and less 

Aluminum 0.5 to 20 5 to 50 Master alloy (9 pct Al) 

Cerium 0.1to0.5 Not determined Master alloy (5 pct Ce) 

Vanadium 0.25 to5 Not determined Master alloy (20 pct V) 

Boron 0.0002 to 0.5 Notdetermined Master alloy (0.5 pct B) 

Zirconium 0.25 to5 Not determined Master alloy (15 pct Zr) 


(50 to 100 g) buttons were made from high-purity 
materials as noted in Table I. The retention of the 
alloying elements during the vacuum-melting opera- 
tion was very good in the case of titanium and 
thorium. However, the aluminum volatilized readily. 
The retention of vanadium, boron, cerium, or Zir- 
conium was not determined, but since only minor 
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Fig. 3—Effect of various elements on bend-test transition 
temperature of cast molybdenum. Aluminum and titanium 
compositions are actual values. Boron, cerium, zirconium, 
vanadium, and thorium compositions are the amounts which 
were added. Bend tests were made at a strain rate of 0.038 
‘in. per in. per sec. 


amounts of these elements would volatilize during 
melting, it is likely that most of the addition was 
retained. 


Microstructure of Alloys 
In general, the microstructures of all but the Mo- 
Th alloys were single phased except for small 
amounts of nonmetallic inclusions. A typical micro- 
structure for these alloys is shown in Fig. 1. All of 
the Mo-Th alloys, however, contained a major sec- 
ond phase which increased in amount as the thorium 


content of the alloys increased. This phase was _ 


identified by X-ray diffraction as thorium. A typical 
microstructure of the Mo-Th alloys is shown in 


Ductility Tests 
The ductility of the alloys was measured by a 
simple bend test, using specimens taken from slabs 
which were cut from the ingots so that the columnar 
grain structure of the ingots was transverse to the 
length of the specimen axis. Specifications for this 
test are given in Table III. 


Table III. Bend-Test Specifications 


Size of specimens:* 0.150 x 0.250 x 1 in. 

Length between center of supports: % in. 

Diameter of loading pin: Yg in. 

Deflection rate: 1 in. per min 

Elastic strain rate in outer fibers during 0.038 in. per in. per sec 
initial deformation: 


* Surface of specimens was ground parallel to longitudinal axis. 


Multiple tests were made at a series of tempera- 
tures to determine the temperature at which the 
specimens changed from ductile to brittle behavior. 
Previous research has shown that, if sufficient speci- 
mens are tested at various temperatures, there is 
a sharp inflection of the curve relating the limits of 
the maximum bend angles to testing temperature.” 
This inflection occurs on the curve at approximately 
the 4° bend angle value. For the present study, 
the temperatures at which this inflection occurred 
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were taken as the transition temperatures of the 
experimental alloys. 

Typical test data obtained for the Mo-Ti alloys 
are given in Table IV. The transition temperatures 
which were selected on the basis of the test data are 
summarized in Table V. 


Discussion 

The results of this study are summarized in Fig. 3, 
wherein the transition temperatures of the ingots 
are plotted with respect to composition. If the curves 
shown in this figure are limited to the alloys tested, 
the seven alloying elements fall into three general 
classes: 

1) Those elements which have an optimum value 
in the curve of transition temperature vs composi- 
tion. Included in this class are titanium, cerium, 
vanadium, and boron. 

2) Those elements which have no optimum value 
in the curve of transition temperature vs composi- 
tion, but which cause an increase in brittleness as 
the alloy content increases. Zirconium and alumi- 
num were of this class. 

3) Those elements which have no optimum value 
in the curve of transition temperature vs composi- 
tion, but which cause a decrease in brittleness with 
increasing alloy content. Of the seven elements 
studied, only thorium fell in this class. 

Of the elements in Class 1, titanium not only im- 
parted the greatest degree of ductility to the ingots, 
but also extended this improvement over the broad- 
est range of composition. This is fortunate, since 
ductility may then be obtained over a range of ti- 


Table IV. Typical Bend-Test Data 


Bend Angle, Degrees 


Ingot Ingot Ingot Ingot Ingot 
Testing Ti-1 Ti-4 Ti-6 Ti-10 Ti-13 
Temper- (0.11 (0.70 (0.96 (1.63 (3.66 
ature, °C Pet Ti) Pct Ti) Pct Ti) Pct Ti) Pct Ti) 
220 5,2 
180 2 
150 2 
100 1,0, 0,0 
60 40 
40 16,5 
20 T2710 8,5 14, 8 4 
0 10, 2 13, 8 
—20 2, 2,0 6, 2,0,0 
—40 0,0 
—50 6, 6,2, 1 14, 10, 2 
5, 4, 4,1 2,2; 2 


tanium contents. Therefore, compositional control 
is not so critical for the titanium alloys as it is for 
some of the other alloy systems. 

The optimum: values in the curves for boron, 
cerium, vanadium, and titanium are belived to be 
associated with the effects of the elements on neu- 
tralizing the harmful effects of impurity elements. 
The exact mechanism is not Known. However, since 
all of the alloying elements are strong oxide or ni- 
tride formers, it is likely that at least part of the 
improvement in ductility is the result of the forma- 
tion of oxides or nitrides of the added elements and 
that these oxides or nitrides are less harmful to the 
ductility of the cast molybdenum than is molyb- 
denum oxide or nitride. The quantity of an element 
which is needed to form such compounds is not 
expected to be large because only small amounts of 
gaseous impurities are normally present in molyb- 
denum. Thus, it is not surprising that the great 
improvement in the ductility of cast molybdenum 
by the elements in Class 1 occurred at or below the 
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Table V. Transition Temperatures of Binary Molybdenum-Base Alloys Melted in a Helium Atmosphere 


Mo-Ti Alloys Mo-Th Alloys 


Mo-Al Alloys Mo-V Alloys 
Pet Ti ature, °C Pct Th* ature, °C Pct Al ature, Pet V* 
Ti-1 0.11 —10 Th-1 0.1 350 Al-1 
- 0.026 —70 V-1 0.25 125 
ae eee oo Th-2 0.5 275 Al-2 0.06 140 v-2 0.5 20 
Tia Al-3 0.78 275 V-3 1.0 160 
Ti-5 0.92 —30 Th-5 5.0 —50 
ee, —75 Th-6 10.0 —60 
i- —70 Th-7 
Ti-8 1.02 —75 
1.05 —60 
Till ee See Mo-B Alloys Mo-Ce Alloys Mo-Zr Alloys 
er Ars —30 Transition Transition Transition 
i- : 210 Temper- Temper- Temper- 
Pet B* ature, °C Pct Ce* ature, °C Pct Zr* ature, °C 
B-1 0.002 290 Ce-1 0.01 290 Zr-1 0.25 160 
B-2 0.005 80 Ce-2 0.10 —30 Zr-2 0.5 375 
B-3 0.01 175 Ce-3 0.50 150 Zr-3 1.0 525 
B-4 0.05 275 Zr-4 5.0 675 


* Nominal compositions. 


level of 1 pct of alloy. Of course, the alloy addition 
may have other effects on the impurities, such as 
that of increasing the solubility of the impurity 
element in either the matrix or in some second 
phase. Such a reaction would also be expected to 
result in improved ductility. 

When the content of an element in Class 1 (tita- 
nium, cerium, vanadium, and boron) was increased 
beyond that for maximum ductility, neutralization 
appeared to be offset by the normal solid solution 
hardening effect of the addition. Thus, the ingots 
became progressively more brittle until the transi- 
tion temperature reached or exceeded that of un- 
alloyed molybdenum. 

The Class 2 elements (aluminum and zirconium) 
showed no optimum value in the curve of transition 
temperature vs composition over the composition 
range studied. However, it is possible that an op- 
timum value may occur at lower percentages. In 
that case, the same mechanism to explain neutraliza- 
tion as postulated for elements in Class 1 would 
probably apply. Any improvement in ductility ex- 
pected from aluminum and zirconium would occur, 
therefore, at lower percentages than for either ti- 
tanium or vanadium. 

Thorium was the only element which fell in the 
third class. In the case of thorium, the alloys become 
more ductile as the alloy content was increased. For 
this reason, the improvement in ductility at the 
higher levels of thorium is believed to occur by a 
different mechanism than for the other systems 
studied. Rather than a deoxidation type of action, 
the improvement in ductility probably resulted from 
an alloying effect in which a soft envelope of sub- 
stantially pure thorium was formed at the grain 
boundaries. Ductility of the alloy would then occur 
when this ductile envelope was of sufficient thickness 
to offset the usual intergranular brittleness of 
molybdenum. 

Because of the excellent ductility at low tem- 
peratures of alloys containing thorium, a number of 
samples were stressed in tension at 1500° to 1800°F. 
All failed rapidly at low loads without apparent 
elongation. This weakness at elevated temperatures 
is probably due to the thorium which surrounds 
the grains of molybdenum. Thus, the structure which 
gives good ductility at low temperatures appears to 
cause weakness at high temperatures. 
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Table VI. Optimum Alloy Contents for Maximum Ductility 


Percentage 
Lowest of Alloying 
Bend-Test Element 
Transition Needed for 
Alloying Temperature Maximum 
Element in System, °C Ductility 
Titanium —80 0.5 to 1.0 
Thorium —75* 10* 
Aluminum —170 0.026 
Cerium —30 0.1 
Vanadium 20 0.5 
Boron 80 0.005 
Zirconium 0 to —50 0.05 to 0.1 
(extrapolated) 


* A maximum of 10 pct Th was investigated, and the transition 
temperature was still dropping with increasing thorium content. 


A listing of optimum alloy contents for maximum 
ductility for each of the seven elements studied is 
shown in Table VI. 

Conclusions 

1) Of the elements studied, the most effective 
addition for lowering the bend angle transition tem- 
perature of cast molybdenum containing limited 
amounts of oxygen and nitrogen was titanium in 
amounts of 0.5 to 1 pct. 

2) Other additions in the order of their decreas- 
ing effectiveness were 10 pct Th, 0.026 pct Al, 0.1 pct 
Ce, 0.5 pet V, and less than 0.25 pct Zr. 

3) The high-thorium addition improved the duc- 
tility of cast molybdenum at temperatures near and 
below room temperature, but impaired the ductility 
at temperatures above 1500°F, actually rendering 
the metal hot short. 
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Structural Changes Associated with Strain-Induced 


Grain Boundary Migration in Si-Fe . 


Strain-induced grain boundary migration was observed in several bicrystal sheet speci- 
mens of Si-Fe (31% pct Si) which were cold rolled 2 to 12 pct and then annealed at tem- 
peratures up to 1200°C. A chrome-acetic acid electroetching method was used to reveal 
the dislocation sites before and after grain boundary migration. Recovery effects were 
noted in the microstructure prior to boundary motion. Consequently, the residual strain 
energy in neighboring grains may determine if boundary migration with resulting increase 
of area occurs, and its direction of movement. Microstructural data: indicate that the 
region initially traversed by the moving grain boundary has many structural defects in 
the form of low-angle boundaries and random dislocations of relatively high density. With 
increased distance of grain boundary migration, the density of these imperfections was 
found to decrease. Continued annealing at 1200°C, after boundary migration, lowered the 
density of random dislocations in the swept region to a limiting value of about 2x10° lines 
per sq cm. 


by GeDunn 


EVERAL studies” have reported a type of grain 

boundary migration which occurs when a 
strained grain grows into an adjacent deformed 
grain during annealing. Beck and Sperry’ called this 
phenomenon strain-induced grain boundary migra- 
tion, since the observed boundary movement, which 
takes place in a direction away from the center of 
curvature, is apparently motivated by the excess 
free energy of strain hardening. However, little in- 
formation has been obtained on the detailed struc- 
tural changes accompanying such grain boundary 
motion. 

The problem of driving force for strain-induced 
boundary migration was considered by Dunn and 
Daniels,’ who used bent bicrystals of Si-Fe. They 
demonstrated that two grains of differing energy, 
in the form of subboundaries, behaved according to 
the concept that the low-energy grain would grow 
at the expense of the high-energy grain. Beck” re- 
ported experiments of Sperry for high-purity alu- 
minum, which indicated that generally the partic- 
ular grain of a pair which work-hardened more was 
invaded. The measure of work hardening here was 
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Fig. 1—Stereogram gives {100} poles of grains in four bi- 
crystal specimens. Circles refer to specimen S1; squares, $2; 
triangles, $3; and diamonds, $4. Open symbols refer to grain 
A and closed symbols to grain B in each specimen. 
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Fig. 2—Micrograph of specimen S1 shows the region A’ 
swept by boundary migration during growth of grain A into 
grain B, after 2 hr anneal at 1200°C. Electropolish and 
chrome-acetic acid electroetch. X55. Reduced approximately 
15 pct for reproduction. 


based on Knoop hardness tests conducted before and 
after cold rolling. However, there were a few in- 
stances noted where the grain being invaded was 
less work-hardened than the adjacent grain. Bron 
and Machlin™ reported boundary mobilities for high 
purity silver, where the driving force was the de- 
crease in strain energy associated with the difference 
in dislocation density across the grain boundary. 

Several investigators®**” have suggested that the 
area swept by strain-induced boundary migration is 
essentially strain-free. Beck” also reported that low- 
angle boundaries were found in the swept-out re- 
gion and accounted for their presence in terms of 
growth of parts of the adjacent strain-hardened 
grain. 

In the present study, suitable orientation rela- 
tionships, amount of cold-rolling deformation, and 
annealing treatments were employed to obtain 
strain-induced grain boundary migration in bicrys- 
tals of Si-Fe. A chrome-acetic acid electroetching 
method’™ was used to reveal dislocation sites, since 
Hibbard and Dunn” have demonstrated that this 
technique is reliable for determining edge disloca- 
tion densities in Si-Fe. It was believed that the ap- 
plication of the electroetch method to the problem 
of strain-induced grain boundary migration might 
clarify the structural features involved, such as dis- 
location configurations and densities in adjacent 
grains before and after boundary movement, and 
the extent of crystal perfection in the swept-out 
region. 

Experimental Procedure 


Bicrystal specimens of 3% pct Si-Fe were pre- 
pared by annealing critically strained polycrystal- 
line sheet material of 1 mm thickness. The speci- 
mens were then annealed at 1200°C in H, atm for 
30 to 60 hr, to obtain relatively stable grain bound- 
aries. The orientations of adjacent grains (grains 
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Fig. 3—Enlarged 
Laue X-ray reflec- 
tions, top to bottom, 
are for the regions 5 
B, A’, and A, re- 
spectively, shown in 
Fig. 2. 


A and B) in each bicrystal are given in Fig. 1, as 
determined from X-ray Laue transmission patterns. 

The specimens were cold rolled 2 to 12 pct, etched 
lightly in a 30 pct nitric acid solution, and then 
given the various annealing treatments listed in 
Table I. 

After each anneal, the specimens were lightly 
etched in a solution consisting of 2 cu cm HNO,, 2 
cu cm HF, and 100 cu cm H.O, to reveal both the 
initial and final positions of the grain boundary. 
X-ray Laue transmission patterns were also ob- 
tained from adjacent grains and the area swept-out 
by the advancing boundary. 

It was noted in preliminary tests that the pro- 
longed anneals at 1200°C in H. atm, employed in 
the specimen preparation, lowered the carbon con- 
tent to such an extent that subsequent electroetch- 
ing in chrome-acetic acid failed to reveal the dis- 
location sites. The importance of carbon in reveal- 
ing dislocation etch pits in Si-Fe was demonstrated 


Table 1. Annealing Treatments 


Cold 
Rolling 
Speci- Reduction, 
men No. Pet Treatment 
sl 2.5 1% hr at 1100°C, plus % hr at 1200°C 
S2 12 VY, to 1% hr at 1000°C, plus ¥% hr at 1200°C 
S3 AI5) Intermittent annealing at 1200°C, total time 
88 hr 
S4 3.5 ¥% hr at 1200°C 


by Suits and Low." Consequently, a small amount 
of carbon (approximately 0.005 pct) was added to 
each specimen by means of an anneal in low- 
pressure acetylene at 775°C for % to 1 hr, except 
in one case, when a 575°C anneal was used. The 
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Fig. 4—Micrograph of specimen S1 depicts an area where 
no grain boundary migration occurred, after 2 hr at 
1200°C. X1000. Reduced approximately 5 pct for reproduc- 
tion. 


specimens were then electropolished by a Diesa- 
Electropol in an electrolyte consisting of 15 cu cm 
perchloric acid (60 pct), 60 g sodium thiocyanate, 
75 g citric acid, 800 cu cm ethanol, and 100 cu cm 
propanol, and finally were electroetched in the 
chrome-acetic acid bath. Micrographs were obtained 
at magnifications from X50 to X1250. 


Results 

Structural Observations—An example of strain- 
induced grain boundary migration is shown in Fig. 
2 for Sl (specimen No. 1). Grain A has grown at 
the expense of grain B, thereby producing region 
A’, which has the same average orientation as grain 
A. The positions of the grain boundary, which have 
advanced further into grain B, have moved away 
from their centers of curvature. If the darkness of 
the areas shown in Fig. 2 is taken as a qualitative 
indication of the relative strain energies remaining 
after annealing, then e,’ < < where €4, and 
e; are the residual strain energy densities in A’, A, 
and B, respectively. Since the energy density varies 
with dislocation arrangement at constant dislocation 
density, the term strain energy density here is taken 
to mean the net effect of arrangement and density of 
dislocations. The energy density in the region A’ 
adjacent to the initial position of the grain boundary 
appears to be higher than in regions of A’ further 
away from this boundary position. 

Fig. 3 shows enlarged Laue X-ray reflections ob- 
tained from regions B, A’, and A of Sl. The inequal- 
ity of residual strain energy between grains A and 
B, observed in the microstructure, is confirmed by 
the spread in the individual Laue reflections, Figs. 
3a and 3c. The break up of the Laue reflection, Fig. 
3b, for region A’ indicates the presence of several 
disoriented regions; such regions may correspond 
to the relatively large subgrains revealed in the 
microstructure. 

Microscopic examination generally revealed an 
apparent equality of residual energy between grain 
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Fig. 5—Microstructure is shown for sample 1 of specimen S2 
after 12 pct cold rolling reduction and 4 hr anneal at 575°C. 
X500. Reduced approximately 30 pct for reproduction. 


A and B in regions of Sl where no boundary migra- 
tion had occurred. Fig. 4 depicts an area where 
grain A did not advance into grain B (after the 
1200°C anneal), although the overall energy re- 
maining in grain B seems to be higher than that in 
grain A. However, recovery has apparently occurred 
to a greater extent in the region of grain B adjacent 
to the grain boundary than elsewhere in grain B. 
The absence of boundary movement for the area 
shown in Fig. 4, therefore, may be due to a low or 
zero driving force on the grain boundary as a result 
of recovery. 

S2 was divided into three samples, which were 
subjected to various anneals at increasing tempera- 
tures and times in order to follow the structural 
changes prior to and after boundary migration. Fig. 
5 shows the microstructure revealed in the first sam- 
ple, which was cold rolled 12 pct and then given a 
carbon-addition treatment for 4 hr at 575°C. Al- 
though the carbon anneal may have modified the 
initially as cold-rolled structure to some extent, it 
did not change the structure sufficiently to erase the 
appearance of slip bands. The slip band structure 
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is evident for both grains A and B in areas remote 
from the grain boundary (upper and lower micro- 
graphs) after a light electroetching treatment (2 
min at 4 volts). It is apparent from Fig. 5 that grain 
B has a higher strain energy than grain A. X-ray 
Lauegrams also revealed more orientation spread 
in grain B than in grain A. However, the center mi- 
crograph of Fig. 5 indicates that the strain configu- 
ration associated with grain B is fairly continuous 
across the grain boundary into grain A, suggesting 
little difference in strain energy between grains A 
and B in areas adjacent to the grain boundary. Nev- 
ertheless, grain A later grew into grain B in the 
second and third samples from S2 when annealed 
at higher temperatures. 


The microstructure of the second sample after an 
anneal of 15 min at 1000°C is illustrated in Fig. 6, 
in a boundary region where no boundary migration 
occurred. Carbon was added after the anneal in 
order to reveal the dislocation configurations. It is 
evident that the worked structure, Fig. 5, has been 
replaced by a partially polygonized structure, Fig. 6. 
A difference in energy between grains A and B at 
the boundary is now observed in Fig. 6, which may 
be explained in terms of a greater degree of recov- 
ery in grain A near the boundary. Fig. 7a shows a 
region where boundary migration did occur in this 
same sample, in which grain A grew into grain B for 
a maximum distance of 0.09 mm. An enlarged mi- 
crograph of part of the area shown in Fig. 7a is given 
in Fig. 7b. The area swept out by the grain bound- 
ary is far from perfect, as indicated by the presence 
of numerous subboundaries and random dislocations 
of relatively high density (about 10° lines per sq 
cm) within each subgrain. 


The third sample from S2 was annealed for 75 
min at 1000°C, and then for 15 min at 1200°C, since 
no migration was observed after the 1000°C anneal. 
During the 15-min anneal at 1200°C, grain A ad- 
vanced into grain B for a distance of 0.55 cm, corre- 
sponding to an average rate of migration of 2.2 cm 
per hr. The top micrograph of Fig. 8 depicts the 
final growth front separating grain B and the swept- 
out region A’. A typical recovered area in grain A 
is shown in the lower picture. The occurrence of 
increased amount of recovery in both grain A and 
grain B is evident when the microstructures of Figs. 
6 and 8 are compared. Generally the area traversed 
by the growth of grain A into B, i.e., region A’, has 
many subboundaries, although that shown in Fig. 8 
is free of subboundaries and corresponds to a dislo- 
cation density of about 1.5 x 10° lines per sq cm. 
However, subboundaries were found to increase in 
number as the position of the grain boundary prior 
to migration is approached. 

It is evident from Fig. 8 that grain B consists 
essentially of a system of subgrains, which in turn 
have smaller subdivisions according to the various 
arrangements of dislocation sites seen in the micro- 
structure. The small subgrains have less misorien- 
tation than the larger subgrains, as indicated by the 
spacing of etch pits in the subboundaries. These two 
kinds of Subboundaries may be similar to the pri- 
mary and secondary subboundaries observed by 
Jacquet in the microstructure of slightly deformed 
and annealed a-brass. Weissmann,” using combined 
X-ray microscopy and diffraction analysis, has also 
reported similar observations for nickel and several 
nickel alloys which were annealed % hr at 1150°C, 
prestrained 0 to 4 pct and recovered for 1 hr at 
800°C. 
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An example of mutual invasion by two adjoining 
grains is of interest since this behavior would sug- 
gest a variable strain energy density along the grain 
boundary. Beck” has reported one instance in high- 
purity aluminum where two grains mutually in- 
vaded each other, although one of these invasions 
was indirect, by way of a third grain. An example 
of direct mutual invasion was found in the present 
work for S4, after a % hr anneal at 1200°C, and is 
shown in Fig. 9. Growth of grain B into grain A is 
evident in the macrograph, but the growth of A into 
B producing the region A’ is predominant. This ob- 
servation indicates that the local strain energy den- 
sity near the grain boundary is an important factor 
in determining the direction of strain-induced 
boundary motion. 

Variation of Dislocation Density in the Region 
Swept-Out by Boundary Migration—Strain-induced 
boundary migration was found in S3 after 6% hr 
anneal at 1200°C, but very little additional migra- 
tion occurred on further annealing at this tempera- 
ture. The density variation of random dislocations 
in various areas of the swept region (A’) in S3 was 
determined by etch-pit counts from micrographs 
(X500), as a function of annealing time at 1200°C. 
The number of etch-pits varied between 850 and 
4600 in individual areas, each 4 X 10° sq cm. The 
data are shown in Fig. 10; the numbers 1, 2 and 3 
refer to the individual areas in A’. The results indi- 
cate a variation in dislocation density in the region 
swept out by boundary migration, at least in the 
early stage of annealing at 1200°C. Further an- 
nealing at 1200°C lowered the dislocation density in 


-the higher density areas until all the areas had a 


common value of about 2 x 10° lines per sq cm. The 
observed decrease in dislocation density with an- 
nealing time is a recovery process which occurred 
after grain boundary movement, resulting in a more 
stable swept-out region having lower energy. 
Variation of dislocation density with distance 
from the initial grain boundary position was found 


Fig. 6—Micrograph 
of sample 2, speci- 
men S2, after 15 
min at 1000°C 
shows the structure 
near the grain 
boundary where no 
migration occurred. 
X500. Enlarged ap- 
proximately 20 pct 
for reproduction. 
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Fig. 7—Micrographs of sample 2, specimen $2, after 15 min at 1000°C illustrate an area where grain boundary migration was 
found. LEFT: X250; RIGHT: part of area shown at left at X1250. Reduced approximately 10 pct for reproduction. 


in S4 in the region A’ produced by the growth of 
grain A into grain B, Fig. 9. The microstructure of 
Fig. 11 shows the initial grain boundary position 
after the % hr anneal at 1200°C in which a low- 
angle boundary separates the regions A and A’. This 
low-angle boundary (running horizontally in Fig. 
11) is in the growth direction, based on an inter- 
pretation of Fig. 9. The dislocations in A’, immedi- 
ately adjacent to the initial grain boundary position, 
are randomly distributed within a single subgrain 


Fig. 8—Micrographs of sample 3, specimen S2, depict the 
structure obtained after 15 min at 1200°C. TOP: area show- 
ing grain boundary between B and A’. BOTTOM: area within 
grain A. X500. Reduced approximately 15 pct for reproduc- 
tion. 
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and correspond to a density of 4.3 x 10° lines per sq 
cm. At distances of 0.13 and 0.25 em from this posi- 
tion, and still within the same subgrain in A’ but 
not shown in Fig. 11, the density decreased to 3.4 X 
10° and 2.2 x 10° lines per sq cm, respectively. Also, 
recovery has occurred in grain A (lower part of 
Fig. 11) in which the dislocations have aligned into 
partial arrays corresponding to a density of about 
8 X 10° lines per sq cm. 


Discussion 


The observations made in the present study con- 
cerning recovery prior to grain boundary migration 
are in agreement with the results for aluminum ob- 
tained by Crussard,’ who found that recrystallization- 
in-situ or polygonization occurred in two adjacent 
grains during a time delay of 50 min at 495°C prior 
to boundary movement. Although Beck” reported 
no apparent induction period at 350°C for strain- 
induced boundary migration in high-purity alumi- 
num, some recovery may have occurred at room 
temperature and undoubtedly should have been 


very rapid at high temperatures in this material. 


The present results indicate that the swept-out 
area becomes more perfect, in terms of fewer sub- 
boundaries and decreased density of random dislo- 
cations, with increased distance of grain boundary 
migration. The propagation of a polygonized struc- 
ture was demonstrated by Dunn and Daniels,’ and 
the formation of low-angle boundaries as a result 
of growth from points along the grain boundary was 
indicated by Beck and Sperry.’ There is no sugges- 
tion, however, in these earlier studies of any overall 
decrease in dislocation density with distance of 
migration. If the boundary region in the growing 
grain is considered as a system of subgrains with 
more or less random dislocations within the sub- 
grains, then as atoms are transferred across a bound- 
ary it is evident that dislocations which are parallel 
to the boundary will remain behind.” Also, certain 
subboundaries may be lost due to termination in the 
surface, and direct observation in swept areas con- 
firms this in the present work. 

Since the area being swept becomes more perfect 
with increased distance of boundary migration, an 
increase in the difference in strain energy density, 
i.e., the driving force for boundary migration, might 
be expected. The results also indicate that recovery 
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occurs in the grain being consumed, which decreases 
the strain energy driving force. These two variations 
tend to cancel and, therefore, the exact change in 
driving force with time at temperature is not clear. 
However, a partial treatment of this problem is dis- 
cussed elsewhere.” 

No evidence was obtained that a grain of higher 
strain energy grows at the expense of a grain with 
lower strain energy, although a few cases reported 
by Beck” indicate that this may be possible. In this 
connection, a more rapid recovery of the higher 
energy grain in the vicinity of the grain boundary 
might reverse the energy difference across the 
boundary, and thus induce the growth of the original 
higher energy grain. The importance of recovery in 
regions adjacent to the boundary on strain-induced 
boundary movement has already been emphasized 
in discussions of Figs. 4 through 6. 

The dislocation density of 2 x 10° lines per sq cm 
which was found in the swept-out region after pro- 
longed annealing at 1200°C, Fig. 10, corresponds to 
the same density reported for undeformed Si-Fe 
crystals.“ The undeformed Si-Fe crystals were 
grown by a strain-anneal method and were at tem- 
peratures near 1200°C during their formation. It 
appears, therefore, that annealing (at least as high 
as 1200°C) may not decrease the dislocation density 
below a value of about 10° lines per sq cm. At this 
density, the interaction forces between dislocations 
may be too low to overcome the pinning by impuri- 
ties and by intersections. 

Summary 

Microscopic observations are presented on the 
dislocation configurations existing in bicrystals of 
Si-Fe before and after strain-induced grain bound- 
ary migration. Recovery effects were noted prior to 
boundary motion; consequently, the residual strain 
energy in neighboring grains may determine if 
boundary migration with resulting increase of 
boundary area occurs, and its direction of move- 
ment. Evidence was obtained in contradiction to the 
concept that the area swept by the moving grain 
boundary is essentially strain-free. Such a region 
has many structural defects in the form of low-angle 
boundaries and random dislocations of relatively 
high density, at least in the regions initially tra- 
versed by the boundary. However, with increased 
distance of grain boundary migration, the density 
of imperfections in these regions decreases. Re- 
covery after boundary motion was found in a swept 
region, in which the density of random dislocations 
reached a limiting value of about 2 x10° lines per sq 
em after continued annealing (1200°C). 
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DISLOCATION DENSITY CM2 


Fig. 9—Macrograph of specimen S4, after Y2 hr anneal at 
1200°C, illustrates the advance of grain A into grain B, and 
grain B into grain A. X2.4. Reduced approximately 25 pct for 
reproduction. 
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ANNEALING TIME HRS AT 1200°C 


Fig. 10—Plot shows variation in dislocation density for vari- 
ous areas in A’ of specimen S3 as a function of annealing 
time at 1200°C. 


Fig. 11—Microstructure of specimen S4 shows the dislocation 
configurations in grains A and A’ after ¥2 hr anneal at 
1200°C. X500. Reduced approximately 15 pct for reproduc- 
tion. 
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Zone Purification of Reactive Metals 


A description is given for an apparatus and technique used to zone melt reactive, 
high-melting-point metals by the floating zone method. The use of radioactive tracers to 
determine the redistribution of solute during zone melting is discussed and results are 
shown for P®? in iron, Au'®S in titanium and zirconium, and Zn® in titanium. Some ten- 
sile results on iron at liquid nitrogen and liquid helium temperatures are given which 
indicate that the removal of trace impurities markedly increase the low temperature 


ductility of iron. 


by R. L. Smith and J. L. Rutherford 


7 pis refining, as developed by W. G. Pfann,* has 
been used extensively for the purification of 
emiconductors. This method has made it possible 
obtain the extremely high purity material neces- 
y for the transistor industry. It has also been 
i to some extent for the purification of rela- 
ely low-melting-point metals. However, very 
le attention has been given to reactive, high- 
melting-point materials, with the exception of sili- 
con. * For this element, it has been necessary to use 
the floating zone technique in order to avoid con- 


tamination from the crucible containing the melt. 
The method is one in which a narrow molten zone 


eo 
© 


sections of the rod by surface tension. It is then 
moved longitudinally along the rod in order to effect 
a redistribution of solute. This technique has an 
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advantage over the horizontal boat method, since 
crucible contamination is avoided. It has the dis- 
advantage of being a much more difficult technique 
than zone refining in a crucible. Furthermore, it is 
necessarily a slow process, since only one zone at a 
time can be formed. However, the floating zone 
process offers a means of obtaining high-purity 
metals that are either not available, or can only be 
obtained in powder or pellet form as the result of 
complex chemical or electrochemical methods. It 
should be emphasized that the process is not effec- 
tive in removing all impurity elements. Those that 
cannot be redistributed in an ingot during zone 
melting must be removed by some other means. 

Very little is known of the properties of very 
high purity reactive metals such as iron, titanium, 
zirconium, beryllium, ete. It is quite likely that 
trace elements in such metals can affect their prop- 
erties drastically. Therefore, one of the primary 
objectives of this work is to study the properties of 
metals which have been obtained in the purest form 
available and then zone refined. 

Trace elements can be introduced in a variety of 
ways, such as by inserting wafers between solid 
portions of the ingot to be melted, by placing the 
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is formed in a vertical rod by induction heating. The 
molten zone is supported between the two solid 


impurity elements in holes drilled in the ingot, etc. 
They may then be homogeneously distributed by 
zone leveling,’ that is, by passing the zone back and 
forth in the bar. This allows experiments to be 
conducted for the determination of the effect of such 
elements on the properties of metals. It is known 
that the presence of another element in a base metal 
will affect its properties in a certain way. However, 
it often cannot be determined whether this is be- 
cause of its interaction with the base metal or. with 
other elements present in the base metal. For exam- 
ple, the removal of elements such as oxygen, nitro- 
gen, and sulfur raises the ductile-to-brittle transi- 
tion temperature in steel and the addition of other 
elements, such as manganese, lowers it. It is not 
clear, however, whether the addition of the man- 
ganese improves the low temperature behavior 
solely by its solid solution alloying effects with iron, 
or because of its tendency to form sulfides, oxides, 
etc., with other impurities. The controlled addition 
of trace impurities to ultra-pure metals is an ideal 
experiment to evaluate such effects. 

An additional use of the floating zone technique 
is to solidify powder compacts. In some cases, the 
highest purity metal obtainable may be in powder 
form as a result of some chemical process. This 
powder can be pressed into a porous ingot and sin- 
tered, but it will always retain some porosity. To 
avoid this, the green pressed compact can be brought 
to a solid ingot by passing a floating molten zone 
through it, thus avoiding contamination by a crucible. 


Equipment for Floating Zone Method 

An apparatus for the floating zone method of zone 
melting silicon is described in detail by Keck et al.’ 
In their apparatus, an induction coil encircles a 
necked-down portion of a Vycor furnace tube con- 
taining the vertically supported ingot. The silicon 
ingot is moved through the field of the induction 
coil while the coil and the furnace tube remain 
stationary. 

Ordinarily, the high melting point metals have a 
higher specific gravity and thermal conductivity 
than silicon. This makes the floating zone technique 
somewhat more difficult to control because of the 
tendency for the zone to lengthen and therefore to 
collapse. The primary problem is to maintain a 
sufficiently short zone to prevent this collapse. 

A schematic diagram of the apparatus used for 
the present work is shown in Fig. 1. The whole fur- 
nace assembly, including the ingot, moves through 
the induction coil, thus providing a clean Vycor 
surface which permits the operator to see the molten 
zone. 

The present apparatus utilizes a 450 ke Ecco high- 
frequency oscillator. Fig. 1 is a schematic diagram 
of the melting assembly. This consists of a Vycor 
tube, L, containing the specimen to be purified, N, 
which is mounted between two movable carriages, 
C and E. The carriages move vertically along tracks, 
D, powered by a hydraulic piston mounted at the 
top of the tracks and connected to the carriages by 
the concentric shafts, A. The rate of travel of the 
carriage assembly is controlled by needle valves in 
the hydraulic lines. A specimen mounting shaft, 
which rotates in ball bearings, G, is attached to each 
carriage. The specimen is attached to the top mount- 
ing shaft, F, by set screws, M. At the bottom mount- 
ing shaft, S, the specimen is fastened to a chuck, P, 
by set screws; this chuck is a sliding fit over the 
top of the bottom mounting shaft. The Vycor tube, 
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Fig. 1—Schematic 
diagram of zone 
melting apparatus. 


a 
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L, is placed between the two carriages and the pres- 
sure seals are formed by the rubber gaskets, K. An 
assembly, R, to raise and lower the bottom shaft, S, 
is attached to the bottom carriage. This assembly 
allows vertical motion of the bottom shaft inde- 
pendent of the motion of the carriages. O-ring seals, 
I, on the shafts, make the system gas tight. The top 
shaft, F, can be rotated by a motor, B, mounted in 
the top carriage. The induction coil, O, remains 
stationary while the furnace moves through it. 

In operation, a molten zone is established in the 
specimen. To ascertain that the molten zone extends 
completely through the rod, the bottom mounting 
shaft is lowered independently of the bottom car- 
riage. If the bottom chuck follows the shaft down, 
then the molten zone is complete. If the specimen 
is not melted completely, the bottom chuck will not 
ride down with the bottom shaft. The rotation of 
the top shaft also serves to determine whether the 
molten zone is complete. If there is any solid mate- 
rial between the upper and lower portions of the 
specimen, the loose fitting belt-drive will slip or the 
bottom part of the specimen will rotate along with 
the top part. 

An inert gas is passed through the furnace for two 
purposes. First, it supplies a pure atmosphere for 
the melting to take place. Second, it carries any 
vaporized material away from the portion of the 
Vycor tube inside the induction coil and deposits the 
vaporized material along that part of the tube that 
has already gone through the induction coil. Thus, 
the Vycor tube inside the induction coil remains 
clear. In addition, any of the vaporized material 
which deposits on the specimen is readily removed 
and is not melted into the specimen as would be 
the case if the flow of gas were in the same direction 
as the zone travel. For the studies of titanium, zir- 
conium, molybdenum, and nickel, the atmosphere 
used was spectroscopically pure argon. For the 
present experiments helium, which has previously 
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been liquified in an A. D. Little Inc. Collins Cryostat, 
is being used. Iron was purified in a dry hydrogen 
atmosphere. The hydrogen was removed later by 
high temperature vacuum annealing. 


Analysis by Radioactive Tracers 

In order to establish the effectiveness of a given 
set of conditions for zone refining, it is necessary 
to analyze a specimen periodically during the puri- 
fication process. This is expensive, time consuming, 
and wasteful of specimens if chemical, colorimetric, 
spectrographic or activation analyses are used. 
Radioactive tracers provide an easy means of analy- 
sis. Albert et al.° have recently used Zn* in alu- 
minum to study the redistribution during horizontal 
zone melting. 

In the present study a tracer is chosen with the 
desired distribution coefficient. It is added to the 
ingot to be zone melted and then evenly distributed 
by zone leveling. The distribution of the radioactive 
tracer along the length of the specimen is measured 
with the apparatus shown in Fig. 2. The Geiger- 
Muller tube is encased in a cylindrical lead safe 
with walls 1% in. thick. A collimating hole 4 in. 
in diameter is directly above the center of the tube. 
The specimen to be counted is placed directly above 
this hole and is measured at regular intervals. Back- 
ground is measured at these same points by replac- 
ing the top of the safe with a top that has no colli- 
mating hole. To measure y radiation when the 
isotope has a complex spectrum, the tube is replaced 
by a scintillation detector and the § radiation is 
filtered out with an aluminum sheet. In calculating 
the distribution of radioactive tracer, the natural 
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decay is taken into account and a correction applied. 
The advantages of this method can be readily seen. 
It does not destroy or consume a sample and it is 
accurate and rapid. 


Results 

Rods of iron, titanium, zirconium, nickel and 
molybdenum have been zone melted. Initial experi- 
ments on nickel and molybdenum were made to 
ascertain the feasibility of the method. In general, 
preliminary experiments are utilized to determine 
the conditions necessary for supporting a molten 
zone and moving it at a proper rate to effect a re- 
distribution of solute. It is important to maintain 
a reasonably uniform cross section during a pass. 
Otherwise, the succeeding passes will become in- 
creasingly difficult to control. In addition, the ratio 
of zone length to ingot length will vary continuously 
and thus affect the redistribution of solute. Samples 
of satisfactorily zone melted ingots are shown in 
Fig. 3. If the bars become too nonuniform, it is 
necessary to swage them, which increases the danger 
of contamination. It is very difficult to eliminate 
nonuniformities in brittle materials once they are 
formed. 

When the proper conditions of melting are estab- 
lished, the refining process is started. Usually, the 
preliminary experiments are carried out on com- 
mercially pure material, since it is necessary to 
establish quite accurate control procedures. For iron, 
a vacuum melted Fe-C alloy (about 0.3 pct C) was 
zone melted. After eight zone passes at a rate of 
2 in. per hr a clean microstructure was obtained. 
Fig. 4 shows the microstructure of this material be- 
fore and after zone melting. The zone purified mate- 
rial is remarkably free from carbides and inclusions. 

Radioactive phosphorus, P~, was deposited in a 
series of transverse holes 14 in. apart along a 4 in. 
length of 3/16 in. diam Swedish iron rod (99.7 pct 
Fe). The holes were eliminated by successively melt- 
ing a short volume of the rod at each hole, and then 
pushing the ends of the rod together to restore the 
3/16 in. diam. Only the first 254 in. of the radio- 
active part of the rod were zone melted; the remain- 
ing 114 in. served as a monitor. Hence, the natural 
decay could be measured and the activity for the 
zone-melted section corrected. Because of the slow 
rate of molten zone travel (1.5 in. per hr) and the 
need for analysis after each pass, only one pass per 
day could be obtained. The zone-melted rod, while 
it was of nearly constant cross section, showed a 
slightly wrinkled surface. Since the activity meas- 
ured is surface radiation, a wrinkled surface would 
result in a higher count. Hence, the specimen was 
swaged to eliminate the wrinkles. 


Fig. 3—Zone melted iron bars, 3/8 and 3/32 in. diam. 
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Fig. 5 shows the changes in distribution of phos- 
phorus radioactive tracer for six zone passes. It can 
be seen that the concentration of phosphorus in the 
starting end is only 2.2 pct of its original concen- 
tration. The concentration of solute does not exceed 
the initial concentration for the first 90 pct of the 
bar. This is because of the relatively short zone 
length used. The zone length was about 7 pct of the 
bar length and, although the shorter zone does not 
redistribute the solute as fast, it becomes more effec- 
tive after a number of passes have been made. The 
effect of the last zone to freeze is not reflected back 
toward the starting end as badly when short zone 
lengths are used. The final concentrations, as shown 
in Fig. 5, cannot be considered as very accurate, 
since the final zone could not be deposited in exactly 
the same place. 

Fig. 6 shows the microstructure of the Swedish 
iron before zone purification. The black globules on 
the grain boundaries are probably iron carbide. Fig. 
7 shows the end at which the impurities were de- 
posited. A second phase, presumably a phosphorus- 
rich phase, is apparent in the microstructure. Fig. 8 
shows the purified end, which is relatively free from 
visible inclusions and second phase material. 

Burris et al.° have taken into account the effect 
of normal’freezing in the last zone length, and have 
calculated the concentration profiles of solutes hav- 
ing various distribution coefficients and zone lengths 
for successive passes. 

Fig. 9 shows the theoretical concentration profiles 
from their calculations for the fifth pass and for dis- 
tribution coefficients of 0.2 and 0.5. The zone length 
for this plot is 10 pct of the bar length. The value 
for the fifth pass on the iron bar containing radio- 
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Fig. 4—Fe-C alloy. LEFT: before; and RIGHT: after zone melting. X500. Reduced approximately 20 pct for reproduction. 


active phosphorus with a zone length 7 pct of the 
bar length is also shown. It can be seen that it lies 
between the theoretical curves. This means that the 
true distribution coefficient lies between 0.2 and 0.5. 
In this case, it cannot be accurately determined, 
since the initial concentration, C,, was not the same 
throughout the bar. The value of k obtained from 
the phase diagram is 0.27. 


Fig. 5—Distribution 
of phosphorus in Co 
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Fig. 6—Micrograph of Swedish iron which was not zone 
melted; 2 pct Nital etch. X200. Reduced approximately 15 
pet for reproduction. 


Fig. 7—Micrograph of impure section of zone melted Swedish 
iron; 2 pct Nital etch. X200. Reduced approximately 15 pct 
for reproduction. 


Fig. 8—Micrograph of pure section of zone melted Swedish 
iron; 2 pct Nital etch. X200. Reduced approximately 15 
pct for reproduction. 
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Radioactive tracer (Au™) was added to an iodide 
zirconium bar. A zone pass was made through the 
bar in each direction over a length of 5 in. at a rate 
of 1.4 in. per hr. Activity determinations were made 
at % in. intervals after each pass. No zone leveling 
was observed. Due to the presence of a high peak 
in the center, a pass was then taken from the center, 
first toward the top end and then toward the bottom 
end. Again, no change in distribution was observed. 
Because of the short half life of Au™ (2.69 days) 
the activity became too low to be determined with 
any accuracy. However, there was no detectable 
redistribution of Au™ at this rate of zone movement. 
This could mean either that the distribution coeffi- 
cient was near 1 or that the rate of zone travel was 
too fast. 

Au*™ was then added to a commercially pure grade 
of titanium (Rem Cru-A-55). Since it was expected 
that gold in titanium would behave similarly to 
gold in zirconium, a slower rate of travel was used 
and the top portion of the bar rotated. The first pass 
was put through the bar at % in. per hr with the 
upper section rotating at 4 rpm. A noticeable re- 
distribution of Au“ was observed. The second pass 
was slowed to %4 in. per hr with the upper section 
rotating at 20 rpm. The distribution of the Au™ 
after the second pass is shown in Fig. 10. This is 
an autoradiograph taken in a special camera with 
the film directly in contact with the sample, and 
demonstrates another technique to determine solute 
distribution. The exposure was 21%5 hr on Kodak 
No-Screen X-Ray film. The bar was ground to a 
flat surface. There are no pressure artifacts on the 
autoradiograph. The blackened area on the right is 
the point at which the zones were solidified. The 
vertical line on the left end of the autoradiograph 
represents the start of the purification. 

Fig. 11 shows the activity curve for the distribu- 
tion of Zn* in titanium (Rem Cru-A-55) after one 
zone pass at 14 in. per hr, with the upper section 
rotating at 4 rpm. This curve shows a marked re- 
distribution of tracer, but cannot be considered in a 
quantitative way since the original distribution was 
not zone leveled. However, the distribution should 
have been very uniform, since the Zn* was electro- 
plated evenly on a 3 in. section of a 3/32 in. titanium 
rod. This rod was then inserted in a hole drilled 
longitudinally in the center of a 3/16 in. titanium 
bar. The open end was plugged and a section of 
solid rod added for holding purposes. Because of the 
difference in melting points and the high volatiza- 
tion of the zinc, it was not possible to obtain the 
effect of multiple passes. 


Tensile Test Results and Discussion 

A hydraulic tensile-testing apparatus was con- 
structed for use over a range of temperatures to 
include testing in liquid helium. This apparatus 
utilizes a proving ring to measure the load. The 
extension is determined by means of a dial indicator. 

High purity iron prepared at the University of 
Pennsylvania for an earlier study’ was zone melted 
in dry hydrogen. This iron was swaged to 0.055 in. 
diam and annealed 48 hr in a dynamic vacuum at 
900°C. The rod was wire drawn to a 0.031 in. diam, 
hand polished to a four zero paper finish for tensile 
testing and heat treated 20 min at 650°C. 

Fig. 12 shows engineering stress-strain diagrams 
for four specimens tested in tension at —196°C. The 
material not zone melted shows some ductility. This 
amount of ductility is not unusual for iron with low 


TRANSACTIONS AIME 


- 
» 
\ 
~ 
~ 
wend j 
: 
\ 
é 
a 


5.0 


THEO { 


© FIFTH PASS, WITH PHOSPHORUS 
AS SOLUTE, £=7%L 


Exe 


@ FIFTH PASS, = 10%L,k = 0.5 
X FIFTH PASS, L = 10%L,k= 0.2 


0.5 


0.2 


.05 


.02 


.Ol 


4 


6 


8 ile} 


LOCATION (no. of zone lengths from storting end) 


Fig. 9—Distribution 
of solute as a func- 
tion of k. 


Fig. 10—Autoradiograph of zone melted titanium bar, doped 
with Au’. Vertical mark on left indicates start of zone; 
dark area on right indicates section in which zones were 
solidified. 
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Fig. 12—Tensile tests of iron at —196°C. 
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gas content and small grain size (ASTM No. 8). The 
other curves are for specimens taken from the zone 
melted stock. The greatest ductility was exhibited 
in the specimen at 0.15 of the distance from the 
starting end. The specimen with the second greatest 
ductility was 0.42 of the distance from the starting 
end; the least ductility was shown by the specimen 
taken from the part of the rod where the impurities 
were deposited. The specimens from the center sec- 
tion had badly duplexed grain structures ranging 
from ASTM No. 4 to ASTM No. 7. There were only 
a few grains across the section in some areas. The 
impure material showed an equiaxed fine grain 
structure (ASTM No. 7). The specimen not zone 
melted shows a sharp yield point because of the 
presence of carbon. The absence of an inhomo- 
geneous yield for the zone purified material indi- 
cates that the carbon was effectively removed. 


Tensile tests have been made on the same iron at 
4.2°K and are reported separately.* Fig. 13 shows 
the fractured end of a specimen of the zone purified 
iron (0.15 of the distance from the starting end) 
tested at this temperature. The fracture is ductile 
and shows an 80 pct reduction of area with twins 
or Neumann bands all along the gage section. The 
extent of the twinning is shown in the micrograph 
of Fig. 14, which was taken near the end of the gage 
section. In contrast, the impure material fractured 
in tension at 4.2°K showed only a few twins at the 
point of fracture and exhibited no ductility. 

The 80 pct reduction of area for the zone purified 
specimens tested in tension at 4.2°K is highly signi- 
ficant. The ductility of hexagonal and body-centered- 
cubic metals decreases with decreasing tempera- 
tures so that usually such materials are completely 
brittle long before liquid helium temperatures are 
reached. On the other hand, face-centered-cubic 
metals retain their ductility at low temperatures. 
Such information indicates that the body-centered 
lattice is brittle at low temperatures. Although an 
80 pct reduction of area, as obtained in this inves- 
tigation, is somewhat less than that which can be 
obtained at room temperature, it is certainly high 
enough so that the metal can be considered ductile. 
Thus, it can be concluded that the body-centered- 
cubic lattice in itself is not a brittle structure in 
simple tension, but that it is much more strongly 
affected by impurity atoms than is the face-centered- 
cubic lattice. An excellent review on the ductility 
of metals at low temperatures has been published 
by Seigle and Brick.’ 

It should be kept in mind that brittle behavior 
can best be evaluated by impact tests such as the 
Charpy V-notch test. A material may show consid- 
erable ductility in tension and yet be completely 
brittle in impact tests. Thus, the present results do 
not show that all types of brittle behavior can be 
removed from iron. However, they do show that 
considerable ductility in tension can be retained. 
This is an important step, since it indicates that it 
may be possible to develop room temperature duc- 
tility at very low temperature as higher purity 
material is obtained. As was pointed out previously, 
certain elements with unfavorable distribution co- 
efficients cannot be removed by the zone melting 
process, so that the success of the process in yield- 
ing ultra-pure material depends on the starting 
stock. 

There is no reason to assume that the improve- 
ment in low temperature ductility with removal of 
trace impurities will be restricted to iron. Other 
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Fig. 13—Micrograph of fractured end of pure zone melted 
iron tested at 4.2°K; shows ductile fracture with an 80 pct 
reduction of area. X100. Reduced approximately 20 pct for 
reproduction. 


body-centered-cubic and hexagonal metals might be 
even more strongly affected. Furthermore, other 
parameters such as residual resistivity, thermoelec- 
tric power at low temperatures, certain magnetic 
properties, etc., will probably undergo unusually 
large changes as metals are obtained in states of 
higher purity. 


Summary 

The floating zone technique of zone purification 
can be successfully applied to reactive high-melting- 
point metals. The experimental conditions necessary 
for effective redistribution of solute atoms may be 
established by the use of radioactive tracers. This 
method provides a fast economical way to determine 
the optimum combination of such factors as coil 
design, ingot size, speed of zone travel, number of 
passes needed, etc. 

Phosphorus and carbon in iron, and gold and zinc 
in titanium have been shown to segregate to the end 
of the ingot to solidify last during zone melting. 

At liquid nitrogen temperature, tensile tests on 
iron show that there is a progressive increase in 
ductility as higher purity specimens are used. Tensile 


Fig, of iron, by 
air-melting, then deoxidized in yacuum with carbon. Zone 
melted pure end was reduced to 0.031 in. diam with inter- 


mediate anneals. Final heat treatment: 650°C for 20 min. 
Tensile tested at 4.2°K. Shows twins 0.5 in. from fracture. 
X500. Reduced approximately 20 pct for reproduction. 


tests at 4.2°K show that a large reduction in area 
can be obtained in highly purified iron. 
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Kessler, and Hansen’ have reported that 
the solubility of aluminum in a titanium is 
about 31 pct at 1240°C. Despite this large solubility, 
and no evidence of other phenomena, alloys contain- 
ing 12 pct Al or more were found to be brittle. The 
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Table |. X-Ray Diffraction Data of TivAl* 


Estimated Calcu- 
rah Observed, Relative lated, 
d,A Intensity d,A 
100 5.012 0.1 
101 3.396 0.2 3309 
110 2.880 0.05 2.887 
200 2.502 0.5 2.500 
002 2.320 0.7 2.319 
201 2.205 1.0 2.201 
210 1.886 0.06 1.890 
112 1.810 0.08 1.809 
211 1.751 0.06 1.751 
202 1.700 0.6 1.700 
103 1.474 0.04 1.477 
220 1.443 0.5 1.444 
302 1.351 0.02 1.353 
203 1.315 0.6 1.315 
400 1.251 0.1 1.251 
222 1.227 0.4 1.226 
401 1.208 0.3 1.208 
004 1.160 0.2 1.160 
402 1.102 0.2 1.101 
204 1.050 0.2 1.052 
403 0.973 0.3 0.973 
420 0.945 0.1 0.945 
421 0.927 0.4 0.926 
224 0.905 0.4 0.905 
422 0.876 0.1 0.875 
205 0.870 0.4 0.870 
404 0.850 0.1 0.850 
215 0.834 0.2 0.833 
423 0.806 0.5 0.806 
602 0.784 0.4 0.784 


* As obtained from a Ti-25 pct Al alloy annealed at 1000°C and 
water quenched. CuKai—radiation. 


Table Il. X-Ray Diffraction Data for a Ti-14 Pct Al Alloy 
Annealed at 1000°C* 


Estimated 
d,A Relative Intensity 


5.00 0.08 
3.40 0.2 
2.90 0.05 
2.50 0.6 
2.46; 0.08 
2.38; 0.2 
2.32 0.6 
2.267 0.02 
2.20 1.0 
2.14} 0.2 
2.077 0.3 
1.89 0.08 
1.81 0.08 
1.75 0.08 
0.7 
0.1 
1.46; 0.1 
1.45 0.7 
1.32 0.7 
1.26 0.1 
1,25 0.1 
123 0.6 
1.21 0.4 
1.16 0.1 
1.10 0.1 
1.06 0.1 


* Pattern contains TizAl and an unidentified compound. 
yj These are d-values of the unidentified compound. 


investigation also reported that the c/a ratio of alu- 
minum alloyed a increased because as aluminum 
content increased the c parameter decreased less 
than the a parameter. Similar observations have 
been made by others.” * 

Van Thyne and Kessler* reported the results of 
the effects of oxygen, nitrogen, and carbon on the 
constitution of Ti-Al alloys. They found no new 
phases, but reported anomalous hardness behavior 
which would appear to be a precipitation hardening 
phenomenon. 

It has also been observed that oxygen raises the 
c/a ratio of a-titanium, but this is achieved pri- 
marily by increasing the c parameter.’ Since alu- 
minum decreases a lattice parameters it appeared 
worthwhile to investigate the joint effects of alu- 
minum and oxygen on the lattice parameters. This 
was undertaken as a senior thesis by Pon,’ who was 
unable to carry his investigation to extensive alu- 
minum and oxygen compositions because of the ap- 
pearance of unexpected extra lines in X-ray diffrac- 
tion patterns. Pon used sponge titanium as his base 
material. 

As a result of Pon’s findings a reinvestigation of 
the Ti-Al-O and, subsequently, the Ti-Al system 
was undertaken by the authors. A preliminary re- 
port of these findings has been given at Watertown 
Arsenal.’ 

Reinvestigation of the Ti-Al-O system with iodide 
titanium and high purity aluminum has shown that 
the extra lines found by Pon were due to the exist- 
ence of a compound which appeared to exist in the 
Ti-Al system itself. A check of the binary system 
with alloys containing 20 to 30 pct Al confirmed this 
conclusion. 

Between 1000° and 1200°C, the compound has a 
range of solubility about the composition Ti,Al. The 
compound could be indexed as hexagonal with 
lattice parameters a = 5.775A, c = 4.638A, and c/a 
= 0.803, a value approximately half that of a-tita- 
nium. The diffraction pattern of a Ti-25 pct Al 
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alloy, together with calculated d-values, is given in 
Table I. The structure of Ti,Al is isomorphous with 
Ti,Sn,° as pointed out by Pietrokowsky.® 

Further investigation of the binary Ti-Al system 
has revealed additional complexities in the region 
of the Ti-Al system below Ti.Al. It has been shown 
that, at 1000°C, adjacent to the Ti.Al field there is 
a two phase region which does not include a. The 
pattern of a Ti-14 pct Al alloy is given in Table II. 
The same two-phase structure of this alloy has also 
been observed to occur in a Ti-20 pct Al alloy. 

The existence of the compounds reported here 
would account for the brittleness observed in Ti-Al 
alloys containing 12 pet Al or more and indicate 
that the Ti-Al diagram of Bumps et al.” must be 
revised. 
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Crack Propagation in the Hydrogen-Induced 


Brittle Fracture of Steel 


The macroscopic features of hydrogen-induced static fatigue have been identified. 
The process is one of crack initiation and slow crack growth, followed by cataclysmic 
crack propagation (fracture). An electrical resistance method was developed to permit 
analysis of the crack growth kinetics. Specimens containing a high hydrogen concentra- 
tion in the surface layers were examined. Three distinct stages of crack growth were 
identified. The first stage was characteristic of crack growth through a pre-existent hy- 
drogen-rich region (surface layer), while the second stage was associated with the gross 
inward diffusion of hydrogen. The third stage was associated with imminent fracture. 


by W. J. Barnett and A. R. Troiano 


N recent years the demands of space limitations 

and increased loads, particularly in the aircraft 
industry, have accelerated the trend toward utiliza- 
tion of ultra-high strength steels. The increased ap- 
plication of such steels has focused attention on the 
phenomenon of delayed failure or static fatigue. 
Parts subjected to a static load, after successfully sus- 
taining the load for an extended period of time, may 
fail in a brittle manner. Subsequent examination of 
such failed parts by conventional laboratory tests in 
many cases reveals no apparent signs of embrittle- 
ment. That is, the material exhibits good ductility 
and impact resistance. Furthermore, consideration of 
the service conditions (environment and tempera- 
ture) under which this brittle failure occurred elim- 
inates its classification as a stress-corrosion or creep 
type of failure. Recently this unique time dependent 
fracture process has been the subject of numerous 
investigations. The most significant result of these 
studies was the recognition of hydrogen as the source 
of embrittlement. While the effect of numerous vari- 
ables on the occurrence of static fatigue failure has 
been defined, an adequate explanation of these be- 
haviors is lacking. 


W. J. BARNETT, formerly Research Associate, Dept. of Metal- 
lurgical Engineering, Case Institute of Technology, is now associ- 
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Fig. 1—Static fatigue characteristics of 4340 steel at the 
230,000 psi strength level; charging condition A, aged 5 
min, sharp notch specimens. 


The occurrence of this phenomenon in steels gen- 
erally has been limited to strength levels in excess 
of 180,000 lb per sq in. Although steels at high hard- 
ness levels have exhibited delayed failure in the 
absence of hydrogen introduction after heat treat- 
ment,” this behavior was most prevalent when the 
material in processing had been subjected to an en- 
vironment conducive to the absorption of hydrogen. 
Delayed failures have been produced in high 
strength steels by the introduction of hydrogen 
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either by cathodic charging”* or other means.‘ These 
results amply demonstrated the Significant role of 
hydrogen. Thus, static fatigue failure in high 
strength steels is but another facet of the problem of 
hydrogen embrittlement. However, it manifests it- 
self in a more cataclysmic fashion than the usual loss 
of ductility which has been recognized as the trade- 
mark of hydrogen embrittlement, and indeed may 
occur when the conventional tensile ductility crite- 
rion reveals no apparent embrittlement. 

Frohmberg, Barnett, and Troiano® provided a com- 
prehensive study of hydrogen-induced static fatigue 
and embrittlement behavior of 4340 steel quenched 
and tempered to strength levels of 200,000, 230,000, 
and 270,000 psi. Delayed failure was observed over 
a wide range of relatively low applied stresses. This 
stress range was dependent on strength level, notch 
acuity, and the aging time after the introduction of 
hydrogen. As schematically illustrated in Fig. 1, the 
delayed failure behavior of cathodically charged 
sharp notch specimens, see Fig. 2, exhibited three dis- 
tinguishing features which characterized the phe- 
nomenon of delayed failure: 

1) An upper critical stress, S,, above which in- 
stantaneous fracture occurred; the charged notch 
tensile strength. 

2) A lower critical stress, S,, below which fracture 
did not occur; the static fatigue limit. 

3) A stress range between S, and S,, in which time 
dependent fracture was observed. Within this stress 
range the static fatigue life, t,, exhibited a slight 
stress dependence. 

Regardless of the strength level, the fracture time 
was of the same order of magnitude—from approxi- 


Table |. Composition of SAE 4340 Steel, Wt Pct 


Cc Mn Si Ni Cr Mo He 


0.39 0.76 0.28 1.80 0.75 0.24 0.000143 


mately 1 to 8 hr. Decreasing the notch acuity re- 
sulted in an increase in S, and a decrease in S,, 
thereby reducing the stress range within which de- 
layed failure was observed. 

Observations by these investigators® on the effect 
of aging under load gave an indication of the nature 
of the delayed failure fracture process. The room 
temperature charged notch tensile strength recovery 
pattern was unaltered by aging under an applied 
load, unless the static fatigue limit, Si, was exceeded. 
In this case, permanent damage of an unspecified 
nature was evidenced by an abnormal decrease in 
the notch tensile strength. It was suggested that, in 
view of the insensitivity of fracture time to strength 
level, the failure time may be associated with the 
diffusion of hydrogen—the time to accomplish a cri- 
tical redistribution of hydrogen. 

The present investigation was initiated for the 
purpose of analyzing the nature of the static fatigue 
fracture process. The fracture process was analyzed 
with respect to its two basic components, crack ini- 
tiation and crack propagation. 


Materials and Procedure 


Material—The material was taken from the same 
commercial heat of SAE AISI 4340 steel used in a 
previous investigation.’ The chemical analysis is 
given in Table I. 
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Heat Treatment—Test specimens taken from 5% in. 
round hot rolled bars were prepared according to 
the following schedule: 

1) Normalized at 1650°F (899°C) for 1 hr and air 
cooled. 

2) Stress relieved at 1200°F (650°C) for 4 hr and 
furnace cooled. 

3) Rough machined 1/16 in. oversize (notches 
were not rough machined). 

4) Austenitized at 1550°F (843°C) for 1 hr and oil 
quenched. 

5) Tempered for 1 hr at 450° 
(371°C), or 750°F (399°C) to obtain respective 
nominal strength levels of 270,000; 240,000; or 
230,000 lb per sq in., and water quenched. 

6) Finish machined. 

All specimens at a given strength level were heat 
treated as a group. 

Specimen Types—The notch specimen, shown in 
Fig. 2, was employed in the static fatigue and notch 
tensile tests. A 0.212 in. diam, 2 in. radius test sec- 
tion specimen was used for conventional tensile tests. 

Testing Methods—Static fatigue tests were con- 
ducted on a dead weight (constant load), lever arm 
type stress-rupture machine. A concentric test fix- 
ture was used for both static fatigue and tensile 
tests in order to give uniaxial loading with a maxi- 
mum eccentricity of 0.001 in. Except where strain 
rate is noted as a variable, tensile tests were per- 
formed at a constant cross-head speed of 0.05 in. per 
min. 

Hydrogen was introduced by cathodic charging 
for 5 min at a current density of 0.02 amp per sq in. 
in a 4 pet sulfuric acid electrolyte at 80°F. This pro- 
cedure, subsequently referred to as charging condi- 
tion A, has been described in a previous publication.’ 
The button-head fillet of the notch specimens em- 


Table Il. Effect of Cathodic Charging on the Mechanical Properties 
of 4340 Steel Heat Treated to Several Strength Levels 


Nominal Strength Level, Psi 230,000 240,000 270,000 
Uncharged 

Tensile Strength, Psi 227,000 236,000 279,000 
Yield Strength, Psi — 220,000 235,000 


Reduction in Area, Pct 45.5 46 44 
Fracture Strength, Psi 318,000 388,000 


Notch Tensile Strength, Psi 306,000 315,000 330,000 
Cathodically Charged, 

Condition A, 5 Min Age 

Tensile Strength, Psi 227,000 236,000 255,000 
Reduction in Area, Pct 16 11 3 
Fracture Strength, Psi 265,000 261,000 265,000 
Notch Tensile Strength, Psi 251,000 250,000 207,000 


ployed in the precrack static fatigue study was 
masked with collodion or glyptal prior to cathodic 
charging. Aging time was considered as the interval 
between the termination of charging and the com- 
mencement of a test. Except where aging time is 
specified as a variable it was 5 min. All tests were 
performed at room temperature. 

The hydrogen distribution resulting from this pro- 
cedure is extremely heterogeneous;’* a high hydrogen 
concentration exists in the surface layer, whereas 
the specimen core is hydrogen free. 

Notch Section Resistance Measurement—Resist- 
ance measurements were made with a precision Kel- 
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Fig. 3—Experimental arrangement for measurement of the 
notch section electrical resistance under an applied tensile 
load: 1) concentric loading fixture, 2) notch specimen, 3) 
potential leads (note knife edges), 4) current leads, and 5) 
insulated split collar. 


vin double-bridge. A bridge current of 17.5+0.5 amp 
gave adequate sensitivity. Fig. 3 illustrates the man- 
ner in which the notch static fatigue specimen was 
incorporated in the bridge circuit. The concentric 
loading members serve as current leads. The two 
knife edge potential leads attached to the specimen 
on opposite sides of the notch and approximately 
0.10 in. apart define the resistance gage length. Each 
is free to move relative to the other but is fixed with 
respect to the specimen. 

Crack Detection and Size Measurement—HEither of 
two methods was employed for measurement of 
crack size, the metallographic-sectioning method or 
heat tinting method. In the former method, the static 
fatigue specimen was longitudinally sectioned and 
polished and the effective radial crack depth 
(the component normal to the applied stress) was 
measured at the extremities of the notch diameter. 
In the alternative method, heat tinting, the cracked 
static fatigue specimen was heated in air at 650°F 
for 1 hr, air cooled, and fractured in tension. The 
extent of the static fatigue crack was clearly deline- 
ated by the slightly oxidized concentric rim on the 
fracture surfaces. A tracing of the crack area was 
made at a magnification of X20. The crack area ex- 
pressed as a percentage of the notch area was ob- 
tained from planimeter measurements. Crack size 
was expressed by either of two geometrically related 
parameters, percentage of the notch cross sectional 
area or radial crack depth. 


Results and Discussion 


Mechanical Properties—The conventional tensile 
and notch tensile properties of 4340 steel, heat 
treated to the indicated strength levels, and the 
manner in which they are altered by cathodic charg- 
ing are summarized in Table IJ. The room tempera- 
ture recovery characteristics of this steel at the 
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240,000 and 270,000 psi strength level have been 
reported.® 

Static Fatigue Fracture Process—The most strik- 
ing phenomenological characteristic of this time de- 
pendent fracture process, slow crack growth, was 
revealed by the examination of specimens stressed 
within their static fatigue stress range for various 
times short of fracture. Results obtained for the 
240,000 psi strength level are representative of 
many experimental observations. The static fatigue 
characteristics of this material, aged 5 min at room 
temperature, are summarized in Fig. 4. 

Examples of the appearance and growth of static 
fatigue cracks formed at respective applied stresses 
of 80,000 psi (slightly above the static fatigue limit) 
and 175,000 psi (the midpoint of the static fatigue 
stress range) are illustrated in Fig. 5. At the lower 
applied stress the path of crack propagation re- 
mained in the notch plane, while at the higher ap- 
plied stress the advancing crack exhibited a ten- 
dency to branch and deviate from the notch plane; 
i.e., the plane normal to the applied tensile stress, 
and passing through the notch diameter. This point 


Table III. Effect of Applied Stress on the Static Fatigue Fracture 
Properties: 4340 Steel; 230,000 Psi Strength Level; Aged 5 Min at 
Room Temperature 


Static 

Static Fatigue 
Applied Crack Area, Radial Crack Fracture 
Stress, Fracture Pet of Depth, Stress, 

Psi Time, Min Notch Area 1 x 10-3 In. Psi 

100,000 253 70.5 48.0 339,000 
125,000 256 63.5 41.5 343,000 
150,000 207 52.5 32.5 316,000 
175,000 160 45.5 27.5 321,000 
200,000 127 39.0 23.0 328,000 


of branching occurred at varied positions, usually 
somewhat below the root of the notch. The plastic 
(permanent) opening of the crack, as evidenced by 
the crack width, was somewhat greater at the higher 
applied stress, but in both cases it remained quite 
small even after considerable crack growth. In gen- 
eral, observations at high magnifications revealed 
the cracks to be continuous. However, occasional in- 
stances of apparent discontinuous growth or advance 
nucleation" were noted. Attempts to ascertain the re- 
lation of the crack path to the prior austenitic grain 
boundaries were inconclusive. 
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Fig. 4—Static fatigue characteristics of 4340 steel at the 
240,000 psi strength level; charging condition A, aged 5 min 
sharp notch specimens. 
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The crack propagation occurs primarily in the 
radial direction. This geometrical feature is demon- 
strated in Fig. 6, which depicts the static fatigue 
crack growth at an applied stress of 90,000 psi. 

There appears to be a relation between the static 
fatigue limit and crack initiation. This was vividly 
demonstrated by a simple experiment in which a 
specimen, charged and aged in a like manner, was 
strained in tension. During the test the root of the 
notch was observed at X130 magnifications. A crack 
was first observed to form at the notch root at an ap- 
plied tensile stress of 73,000 psi. This value is in good 
agreement with the observed static fatigue limit of 
75,000 psi, see Fig. 4. 

Thus, the fracture delay time observed on static 
loading within the static fatigue stress range (be- 
tween S, and S,) is primarily a function of crack 
propagation. The crack originates at, or probably 
slightly below, the root of the circumferential notch 
and grows radially inward. The static fatigue limit 
appears to be related to the minimum stress neces- 
sary to initiate the crack. 

Electrical Resistance Method for Measurement of 
Crack Propagation—This method is based on an em- 
pirically established relation between crack area and 
the change in resistance of the notch section of the 
static fatigue specimen. On application of a static 
tensile stress the resistance of the notch section gage 
length increased. This resistance increase may be at- 
tributed to the attendant geometrical alteration of the 
gage section resulting from one or more of the follow- 


Fig. 5—Cracks observed in 
notch specimens sectioned after 
loading at 80,000 psi and 175,- 
000 psi for the indicated times 
within the static fatigue life 
shown in Fig. 4; 4340 steel at 
the 240,000 psi strength level, 
longitudinal axial section. 
LEFT: 80,000 psi for 165 min; 
RIGHT: 175,000 psi for 120 
min. Unetched. X75. Reduced 
approximately 35 pct for re- 
production. 


Fig. 6—Fracture surface of 
notch specimens heat tinted 
and fractured after static load- 
ing at 90,000 psi for the indi- 
cated times within the static 
fatigue life, see Fig. 4; 4340 
steel at the 240,000 psi strength 
level. The area of the cracked 
zone is delineated by the con- 
centric heat tinted region on 
the fracture surface and is ex- 
pressed as a percentage of the 
notch area. X7. Reduced ap- 
proximately 30 pct for repro- 
duction. 
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ing factors: elastic deformation, plastic deformation, * 


gilval addition to the geometrical effect, plastic deformation in- 
creases the resistivity of the material. The effect of occluded hydro- 
gen on resistivity is believed to be negligible. 


and crack formation. 

In the absence of premature crack formation (hy- 
drogen-induced static fatigue) the relation between 
resistance increase and applied stress was quite sim- 
ilar to a conventional stress-strain curve. The mag- 
nitude of the resistance increase at fracture was only 
150 to 250 x 10° ohms as compared with an original 
unstressed gage length resistance of approximately 
3000 x 10° ohms. Superimposing a circumferential 
crack at the root of the notch augmented the meas- 
ured increment of resistance change by several or- 
ders of magnitude. 

A correlation between the resistance change, 
measured at a fixed applied tensile stress, and the 
crack area was obtained in the following manner. 
The resistance increase was determined for a series 
of specimens stressed for various times within the 
static fatigue life. On release of the applied stress 
the area of the ensuing crack was measured by the 
heat tinting method. This relationship, established 
at several levels of applied stress, is shown in Fig. 7. 
It is evident that interpolation within the applied 
stress range of 90,000 psi to 175,000 psi is permis- 
sible. Frequent checks of the calibration revealed no 
drift, or anomalous behavior. The measurements of 
crack area (percentage of notch area) are estimated 
to be within +1.5 pct of the stated values. It should 
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be emphasized that this calibration of the resistance 
measurements is empirical and as such is limited to 
the specific specimen geometry and loading condi- 
tions for which it was determined. 

The relatively high current required for the resist- 
ance measurement did not influence the static fatigue 
behavior. In addition, identical results were observed 
with reversal of polarity between each resistance 
measurement. The momentary current flow during 
the intermittent measurements limited measurable 
heating of the specimen to less than 4°F. 

Crack Initiation, Crack Propagation, and Fracture 
—The resistance method of crack propagation meas- 
urement was employed in evaluating the effect of 
applied stress, prior room temperature aging, and 
stepped static loading on the static fatigue fracture 
process. The three stages of the fracture process— 


Table IV. Effect of Static Fatigue Crack Size on the Fracture 
Stress in the Absence of Hydrogen 


Static Fatigue Crack Static Fatigue Radial Fracture 
Area, Pct of Notch Area Crack Depth, 1 x 10-3 In. Stress, Psi 
16.6 9.0 300,000 
30.6 aly (els) 327,000 
38.4 22.5 312,000 
42.0 25.0 328,000 
56.2 sia) 307,000 
61.7 40.0 300,000 


crack initiation, crack propagation, and conditions 
at fracture—were studied as a function of these va- 
riables for 4340 steel at the 230,000 psi strength 
level. 

Effect of Applied Stress After 5 Min Aging Time: 
The static fatigue characteristics of 4340 steel at the 
230,000 psi strength level, cathodically charged and 
aged 5 min at room temperature, are illustrated in 
Fig. 1. The measured resistance increments observed 
as a function of time at several stresses within the 
range of 100,000 psi to 200,000 psi are shown in Fig. 
8. Combining the data of Fig. 8 and the resistance 
calibration curves in Fig. 7 yielded the curves in Fig. 
9; that is, the (average) radial crack depth as a func- 
tion of time. Examination of Fig. 9 indicates that there 
is little* or no incubation time for crack initiation. 


*The minimum time required for a reliable resistance measure- 
ment was 30 sec after application of the load. 


Immediately on loading above the static fatigue limit 
the material is permanently damaged; that is, a 
crack has been initiated. Three distinct stages of 
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growth are evident in each of the crack propagation 
curves. The primary stage initiated on application 
of the static load is short lived (1 min or less) and is 
characterized by a high rate of crack propagation. In 
the second stage, which extends over the major por- 
tion of the static fatigue life, the rate of crack 
growth diminished with time. A brief interval of 
accelerated growth rate immediately preceding cata- 
clysmic crack propagation (fracture) features the 
third stage. 

The distinguishing feature of the second stage, the 
diminution of the crack growth rate as cracking pro- 
gressed, occurred in spite of the concurrent increase 
in stress acting on the uncracked core. A comparison 
of the crack propagation rate at several applied 
stress levels reveals a maximum divergence in 
growth rate in the initial portion of the second stage. 
In addition, the growth rate, for example after 10 
min, is a minimum for the highest applied load and 
increases to a maximum at the lowest applied load. 

Although a minimum stress is required for crack 
initiation, it appears that additional increments of 
applied stress tend to retard crack growth. This un- 
usual behavior shall be considered in a later section. 


Table V. Effect of a Static Fatigue Crack on the Tensile Fracture 
Properties: 4340 Steel; 230,000 Psi Strength Level 


Static Fatigue Test Tensile Test 


Static Crack Area, 


Applied Loading Pct of Notch Tensile Fracture 
Stress, Psi Time, Min Notch Area’ Strength, Psi Stress, Psi 
175,000 10 36 211,000 330,000 
175,000 90 42 195,000 326,000 


The general shape of the major portion of the 
crack propagation curves (second stage), Fig. 9, 
suggests the following parabolic relation: 


C.D. = (Kt)“@+C [1] 


where C.D. is the radial crack depth; t, the time of 
growth (static loading time); K, the crack growth 
constant; and C, the constant. Fig. 10 reveals that 
over most of the range of applied load and for times 
in excess of 10 min there is good agreement with this 
parabolic relation. Near the static fatigue limit the 
relation degenerated into two parabolic components. 
The crack growth constant, K, decreased as the ap- 
plied load was increased. The variation in the crack 
growth constant with applied load reflects the previ- 
ously noted influence of applied load on the instan- 
taneous radial crack growth rate. 

A comparison of the first and second stages of 
crack growth with the unnotched tensile ductility 
distribution study of Frohmberg, Barnett, and Troi- 
ano® suggests a correlation between crack growth 
and hydrogen distribution. It was shown that catho- 
dic charging for a short time interval produced a 
shallow embrittled surface layer, evidently of, high 
hydrogen concentration. Subsequent room tempera- 
ture aging increased the depth of the embrittled 
zone. More specifically, cathodically charging ac- 
cording to condition A and aging 5 min at room tem- 
perature produced an embrittled surface rim ap- 
proximately 0.012 in. in depth.* Thus, the extent of 


*A 0.212 in. diam unnotched tensile specimen (4340 steel) was 
employed by these investigators. 


rapid crack growth observed during the first stage is 
comparable with the size of the coexisting brittle, 
high hydrogen case. The slow crack growth observed 
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in the second stage may be attributed to the inward 
movement of the embrittled case. In other words, at 
the start of the test the high hydrogen concentration 
in the case fulfilled the conditions for crack propa- 
gation, while growth beyond this region was depend- 
ent on a buildup of the hydrogen concentration at 
the advancing crack front by the inward diffusion of 
hydrogen. 

As a first approximation a diffusion (macroscopic) 
controlled crack propagation would predict a second 
stage growth behavior identical with that expressed 
in Eq. 1. In this case the constant K would assume 
the value for the room temperature diffusion coeffi- 
cient of hydrogen in steel. An evaluation of the crack 
growth constant (K in Eq. 1) from the slope of the 


crack depth vs \/time curves, Fig. 10, yielded values 
in the range 1 x 10“ to 6 x 10“ sq cm per sec, which 
are of the same order of magnitude as the available 
values for the room temperature diffusion coefficient 
for hydrogen in steel.’ 

The conditions existing at the end of the third 
stage, that is, at fracture, are summarized in Table 
III. The static fatigue fracture stress (instantaneous 
value of stress at fracture) in every case is slightly 
higher than the uncharged notch tensile strength of 
the base material. Two factors are involved: crack 
(or notch) geometry and the potential embrittling 
influence of hydrogen. 

The influence of crack geometry on the fracture 
stress is revealed by a review of the tensile fracture 
properties of notch specimens which were partially 
cracked in static fatigue and tested after aging at 
650°F for 1 hr (i.e., the heat tinting cycle). The ag- 
ing treament, in addition to delineating the size of 
the static fatigue crack, effected a removal of the 
hydrogen. These data, in Table IV, clearly show that 
in the absence of hydrogen the fracture stress is in- 
dependent of the crack size and is approximately 
equal to the notch tensile strength of the base mate- 
rial. Thus, the constancy of the static fatigue frac- 
ture stress and its approximate equality with the un- 
charged notch tensile strength of the base material 
clearly reveal the absence of a significant embrittling 
effect of hydrogen. In other words, the core ahead of 
the advancing crack front shows no apparent em- 
brittlement. 

Several tests were conducted in which a specimen 
was tested in tension immediately after forming a 
static fatigue crack of known size. The data of Table 
V indicate that the fracture stress of the uncracked 
core is independent of the crack size and the time, 
and is identical with the static fatigue fracture stress, 
see Table III. Again, the uncracked core showed no 
signs of embrittlement. 

The fracture data in Table III present an oppor- 
tunity for testing the Griffith-Orowan relationship 
for the brittle fracture of metals” 


[2] 


where o is the brittle fracture stress (stress normal 
to crack); E, Young’s Modulus; C, the crack length; 
and S, the surface energy per unit area of the frac- 
ture surface, i.e., surface tension, w, plus the energy 
of plastic deformation per unit area of the fracture 
surface, p. 

This relation is based on an energy criterion. Frac- 
ture occurs only if the decrease in strain energy 
(elastic strain energy release) accompanying growth 
of the crack is greater than the increase in surface 
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230,000 psi strength level; charge condition A, aged 5 min, 
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energy of the new surface. The Orowan modification*® 
of the Griffith relation” ” consisted of the inclusion 
of the energy of plastic deformation, p, in the surface 
energy term. This was deemed necessary since brittle 
fracture in ordinarily ductile metals is always ac- 
companied by a slight plastic deformation in a thin 
layer at the fracture surface. Eq. 2 was derived for a 
thin infinite plate containing an elliptical crack. 
However, equations of the same form have been de- 
rived for other specimen geometries. 

The Griffith-Orowan relationship predicts a de- 
creasing fracture stress with increasing crack size. 
However, experimentally the fracture stress was 
constant and independent of crack size, see Table 
IV. This constancy of the static fatigue fracture stress, 
regardless of crack size, indicates that the Griffith- 
Orowan relation does not hold. 

Prior Room Temperature Aging: The crack 
growth characteristics determined at an applied 
stress of 175,000 psi for room temperature aging 
times in the range of 5 min to 24 hr are indicated in 
Fig. 11. The analysis is presented in terms of the re- 
sistance vs loading time curves obtained for the va- 
rious aging times. Crack areas were not computed 
from the resistance data, since it is felt that the re- 
sistance vs crack area calibration curve is dependent 
upon the hydrogen distribution (aging time). Al- 
though this variation is probably small, it precludes 
a precise calculation of crack areas and fracture 
stresses for different aging times. 
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ent with the three-stage crack propagation process. 
However, the effect of hydrogen redistribution which 
accompanies aging must be considered. 

Inspection of Fig. 11 reveals several significant 
features. The period of second stage growth was re- 
duced as the aging time was extended and was elimi- 
nated for times in excess of 2 hr. The crack size at 
which the second stage growth characteristics be- 
came apparent increased as the aging time was ex- 
tended, indicating that the depth of hydrogen pene- 
tration was greater for longer aging times. Hence the 
crack size and the corresponding instantaneous 
stress at the instant when the advancing crack 
reached the hydrogen diffusion front increased with 
prior aging time. For aging times in excess of 2 hr 
the hydrogen diffusion front was in advance of the 
growing crack during the entire static fatigue life. 
Thus, second stage crack growth was eliminated and 
only first stage crack propagation was observed. 

In addition, the crack propagation rate during the 
first stage of growth decreased as the aging time was 
extended. The hydrogen concentration in the region 
through which the crack propagated also may be 
expected to decrease with extended aging. These 
data suggest that the first stage growth is controlled 
by localized microscopic hydrogen diffusion. 

Of particular interest is the apparent incubation 
time (4 to 6 min) for crack initiation which was ob- 
served after relatively long aging times. It is not 
certain whether this is a true incubation period or 
an interval of extremely slow crack growth. At- 
tempts to resolve this question by metallographic 
techniques have, thus far, been inconclusive. This 
behavior was also reflected in the notch tensile prop- 
erties of specimens aged 24 hr at room temperature 
and tested at several strain rates. The embrittle- 
ment, see Table VI, as revealed by the notch tensile 
strength was quite sensitive to small variations in 
strain rate. It appears that the incubation period 
persists at all levels of applied stress up to the notch 
tensile strength of the uncharged material. Thus, it 
is not surprising that delayed failure has been ob- 
served under conditions for which full recovery was 
indicated by conventional notch tensile tests.* 

Precracking: The delayed fracture process has 
been viewed under conditions of sustained static 
loading. A somewhat different behavior pattern 
might be anticipated for a more complex loading 
cycle such as is often encountered in actual service. 
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Fig. 13—Effect of precracking (21 pct of notch area) at an 
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lower applied stresses, see Fig. 12 for loading cycle; 4340 
steel at the 230,000 psi strength level; charge condition A, 
sharp notch specimen. 


A stepped loading cycle was selected as the most 
appropriate for a simplified analysis. 

This loading cycle may be described as a two- 
stage or a stepped static fatigue test. A static fatigue 
crack of predetermined size was formed at a fixed 
applied stress (first step) and the static fatigue be- 
havior of this precracked specimen observed at a 
lower applied stress* (second step). The extent of 


* Nominal stress based on the original notch area. 


precracking in the initial step was observed by re- 
sistance measurements. It was established that a 
resistance increase during the second step was in- 
dicative of crack growth, while a constant resistance 
denoted a cessation of crack growth. 

The precracked static fatigue behavior was evalu- 
ated for two precracked conditions. The correspond- 
ing schematic loading cycles are illustrated in Fig. 
12. The resultant precracked static fatigue curves, 
Figs. 13 and 14, depict the crack initiation and frac- 
ture characteristics observed during the second step. 
The shaded region represents the time and stress in- 
terval over which growth of the preformed crack 
occurred. 

A comparison of the precracked and unprecracked 
static fatigue behavior, Figs. 13 and 14, reveals two 
pronounced effects introduced by _precracking. 
Strangely enough, permanent damage to the mate- 
rial (precracking) enhanced its resistance to static 
fatigue, i.e., the static fatigue limit was raised. At 
stress levels above the static fatigue limit (after pre- 
cracking) but below the precracking stress, the pre- 
formed crack remained dormant for a period of time 
before resuming growth. This incubation period 
tended to decrease and eventually disappear as the 
stress level approached the precracking stress. The 
magnitude of these effects was greater at the higher 
precracking stress. With the exception of applied 
stress, the two conditions of precracking are in es- 
sence identical. Thus, it appears that the applied 
stress and the attendant strains are the controlling 
external factors in this behavior. 

The following is offered as a tentative mechanism. 
If crack growth is considered as a succession of ten- 
sile (or shear) failures occurring within a small 
volume of metal at the leading edge of the crack, 
growth would occur when the fracture strain of this 
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lower applied stresses, see Fig. 12 for loading cycle; 4340 
steel at the 230,000 psi strength level; charge condition A, 
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element is exceeded. Since hydrogen is known to 
reduce the fracture strain, the conditions for frac- 
ture are dependent on a critical combination of both 
stress (and attendant strain) and hydrogen concen- 
tration. Thus, when the applied load was lowered 
subsequent to precracking, the conditions for 
growth (fracture) were not satisfied or, in other 
words, the hydrogen concentration was below the 
critical value required by the new stress state. The 
time for reinitiation of crack growth was related to 
the time required for the inward movement of the 
hydrogen diffusion front such that the critical hy- 
drogen concentration was attained. 

The increase in the static fatigue limit induced by 
precracking indicates that the critical hydrogen con- 


Table VI. Effect of Strain Rate on Notch Tensile Strength, Charge 
Condition A, Aged at Room Temperature 24 Hr: 4340 Steel; 
230,000 Psi Strength Level 


Nominal Time from 
Strain Rate, 80,000 
Cross-Head Total Time Psi Stress 
Speed, In. of Test, to Maximum Notch Tensile 
per Min Min Load, Min Strength, Psi 
0.07 1.75 0.75 301,000 
0.05 2.5 262,000 
0.002 47.0 20.0 200,000 


centration associated with this stress value was not 
attainable. Thus, this distinction between the two 
test conditions appears related to some effect on the 
availability of hydrogen induced by the precracking 
operation. While aging at room temperature is 
known to increase the static fatigue limit,* the vari- 
ance of this limit with precracking stress and the 
brevity of the precracking cycle indicate that aging 
is not the controlling factor. 

A consideration of the plastic strain introduced 
during precracking offers a possible explanation. 
Darken and Smith” and others” ” have shown that 
plastic deformation produces traps for atomic hy- 
drogen, and the number of traps increases with de- 
formation. Thus, in the present case, the strain in- 
troduced in precracking produces traps for the hy- 
drogen and reduces the amount available for diffu- 
sion. The deformation which occurs on application 
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of the initial load is most effective in influencing the 
subsequent hydrogen diffusion controlled crack 
growth since it is concentrated in the zone of highest 
hydrogen concentration (the hydrogen-rich case). 
Thus, the increase in the precracked static fatigue 
limit is attributed to a reduction in the concentration 
of the active or diffusible hydrogen because of strain 
induced trapping. The previously noted influence 
of stress (or, more correctly, strain) on the crack 
propagation rate in the second stage of growth, see 
Fig. 9, may be rationalized in an identical manner. 


Summary and Conclusions 

The mechanism of static fatigue fracture of high 
strength steels has been identified as a process of 
hydrogen-induced crack initiation and propagation, 
climaxed by catastrophic fracture. On application of 
a load in excess of the static fatigue limit a crack 
formed at the root of the circumferential notch and 
propagated radially inward. The initiation process 
in general was independent of time, although the 
possibility of an induction period does exist under 
certain conditions which may involve a relatively 
homogeneous hydrogen distribution. The static fa- 
tigue life at a given applied stress was determined by 
the crack propagation and fracture behavior. 

The development of an electrical resistance 
method for the measurement of crack propagation 
permitted an analysis of the kinetic features of crack 
propagation. The state of hydrogen distribution pro- 
duced by cathodic charging and the subsequent re- 
distribution on aging determined the crack propaga- 
tion and fracture characteristics. 

For the charging conditions employed, a relatively 
thin case of high hydrogen content resulted. On sub- 
sequent aging, inward diffusion increased the depth 
of hydrogen penetration. The depth of the hydrogen- 
containing case and the hydrogen concentration gra- 
dient existent at the initiation of crack growth deter- 
mined the kinetics of crack propagation. Propagation 
through the hydrogen-rich case was relatively fast 
and appeared to be controlled by a local microscopic 
diffusion process. This has been termed the first stage 
of crack growth. The kinetics of the second stage of 
crack propagation, growth beyond the pre-existent 
case, were controlled by the macroscopic diffusion 
of hydrogen. If fracture followed second stage crack 
growth, the core ahead of the advancing crack was 


essentially free of hydrogen and exhibited a fracture 
strength which was characteristic of the hydrogen- 
free material. 

Crack propagation appeared to be dependent on 
some critical combination of stress and hydrogen 
concentration. A mechanism based on the strain in- 
duced trapping of hydrogen was proposed as a tenta- 
tive explanation of the observed effect of precrack- 
ing on subsequent static fatigue behavior and the 
effect of stress on the second stage crack growth rate. 


Acknowledgments 


The authors wish to express their appreciation to 
the Aeronautical Research Laboratory, Wright Air 
Development Center, for sponsorship of this investi- 
gation under Contract No. AF 33(038)-22371 and for 
permission to publish these data. The cooperation of 
Republic Steel Corp., which provided the steel em- 
ployed in this study, is gratefully acknowledged. 


References 


1. H. Bucknall, W. Nicholls, and L. H. Toft: Delayed Cracking 
in Alloy Steel Plates. Symposium on Internal Stresses in Metals and 
Alloys. Monograph and Report Series No. 5, Institute of Metals, 
1948. 

2W. A. Bell and A. H. Sully: Some Effects of Hydrogen on the 
Delayed Fracture of High-Tensile Steel. Journal Iron and Steel In- 
eee 1954, vol. 178, pp. 15-18. 

SRL: Frohmberg, W. J. Barnett, and A. R. Troiano: Delayed 
Failure and Hydrogen Embrittlement in Steel. ASM Trans., 1955, 
vol. 47, pp. 892-925. 

iC: 1 M. Cottrell: Delayed Brittle Fracture of Alloy Steel at 
Low Stress Levels. Nature, 1952, vol. 170, pp. 1079-1080 

5G. Sachs, J. D. Lubahn, and isa Ebert: Notch Bar Tensile Test 
Characteristics of Heat Treated Low Alloy Steels. ASM Trans., 1944, 
vol. 33, p. 340. 

6D. Pose Photoelastic Stress Analysis for an Edge Crack in a 
Tensile Field. Proceedings Soc. for Experimental Stress Analysis, 
1954, vol. 3, No. 1, p. 99. : 

7W. Geller and T. Sun: Influence of Alloying Additions Upon Dif- 
fusion of Hydrogen in Iron and Contribution to the Iron-Hydrogen 
System. Archiv fiir das Eisenhuttenwesen, 1950, vol. 21, p. 423. 

SE. Orowan: Fundamentals of Brittle Behavior in Metals. eens 
and Fracture of Metals, p. 139. J. Wiley & Sons. New York, 

» A. A. Griffith: The Phenomenon of Rupture and Flow in Solids. 
ee Trans. Royal Soc., 1920, vol. A221, p. 163. 

10 A. A. Griffith: The Theory of Rupture. He tare ee First Inter- 
a Congress of Applied Mechanics, Delft, 1924, 

1A. A. Wells: The Mechanics of Notch Brittle Beackare! Welding 
Recs London, 1953, vol. 7, No. 2, p. 34r. 

2, §. Darken and R. P. Smith: Behavior of Hydrogen in Steel 
During and After Immersion in Acid. Corrosion, 1948, vol. 5, p. 1. 

13 J. H. Andrews and H. Lee: Internal Stresses and Formation of 
Hair-Line Cracks in Steel. Institute of Metals Symposium on Inter- 
nal Stresses in Metals and Alloys, 1948, pp. 265-273. 

14 J. H. Keeler and H. M. Davis: The Density and Hydrogen Occlu- 
sion of Some Ferrous Metals. AIME Trans., 1953, vol. 197, p. 44; 
JOURNAL OF METALS, January 1953. 

15 W. R. Heller: Hydrogen in Iron and Its Alloys. Stress Corrosion 
Phenomena. 1956, pp. 163-175. Ed. by W. D. Robertson. New York. 
John Wiley & Sons. 


Discussion of this paper sent (2 copies) to AIME by June 1, 1957 
will appear in AIME Transactions Vol. 209, 1957, and in JouRNAL OF 
Metats, October 1957. 


Technical Note 


Cleavage Steps and the Cleavage Plane in Chemically 
Embrittled Cu,Au Single Crystals 
by Robert Bakish 


ARIOUS aspects of structure-sensitive corrosion 

of single crystals and polycrystalline aggregates 

of Cu;Au have been presented in papers by the au- 

thor’* in association with W. D. Robertson. Prompted 

by some observations in the course of these studies, 

a new approach to the problem was undertaken. Re- 
sults of these new experiments are reported here. 

Thin slices, less than 2 mm thick, were prepared 

from single crystals 3.5 mm in diam grown by the 

Bridgman technique. The crystals were homogen- 
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ized for 300 hr at 850°C. Crystals with no deforma- 
tion, crystals deformed in tension to the yield point, 
and crystals deformed 20 pct in excess of the yield 
point were used. Crystals of several different ori- 
entations were studied. 

Slices were immersed for one month in 2 pct 
aqueous solution of FeCl, and, subsequent to this 
immersion, were subjected to bending. Immersion 
and bending were carried out at room temperature. 
The size and geometry of the crystals did not per- 
mit accurate data on the loads involved. 

A most unexpected result was obtained in the 
process of bending these slices of Cu,;Au crystals 
normal to the (110) plane. Completely brittle be- 
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Fig. 1—Laue back- 
reflection from 
cleavage plane. 


havior and cleavage along this plane was observed 
to take place; cleavage occurred whether or not the 
slice in question had been deformed prior to the 
slicing operation. Laue back-reflection photographs 
of these cleavage faces show very little asterism or 
evidence of plastic deformation associated with the 
cleavage face. Fig. 1 shows a typical Laue photo- 
graph taken with the X-ray beam normal to the 
cleavage face. 

The cleavage faces themselves are most interest- 
ing. Cleavage steps are visible on all faces, and two 
types of cleavage steps are observed. The first kind 
is irregular in form with a fairly coarse dimension 
of the step. These coarse steps radiate from the re- 
gion where the cleaving action is apparently initi- 
ated and may be seen as diagonal lines in Fig. 2. 
Subgrain boundaries and fine cleavage steps also 
may be seen in this figure. These fine cleavage steps 
are crystallographic and coincide with the (111) slip 
plane. In crystals having no deformation prior to 
the slicing process, the crystallographic character of 
these fine steps is very pronounced, and their height 
seems to be very small. The appearance of these 
steps is shown in Fig. 3. Sloping surfaces bonded by 
straight (111) segments are evident on close ex- 
amination. 

Introduction of plastic flow prior to the slicing 
operation alters the appearance of the cleavage 
steps. Fig. 4 shows this roughening in the cleavage 
face in the vicinity of a slip band. This photograph 
was taken in a crystal which deformed by unevenly 
distributed slip clusters. More extensive deforma- 
tion produces a general roughening of the cleavage 
surface. 

It is proposed that the cleavage on bending is due 
to the presence of a very thin layer of brittle gold- 
rich sponge along the (110) planes. This sponge is 
formed as a result of preferential leaching of copper 
from the alloy along highly active (110) planes. 

The reasons for this high activity are not known. 
The chemical composition of the (110), a possible 
segregation of some impurities along these planes, 
or the energetics of the plane itself could be respon- 
sible for the high chemical activity of the (110). 
Similar cleavage phenomena have been reported* in 
Mg.sn. 

The (111) slip plane plays an important role in 
this cleavage process. Interaction of dislocations at 
the lines where the cleavage plane meets with sta- 
tionary dislocation loops, which are introduced in 
the material in the process of its prior deformation, 
could well account for the roughening of the cleav- 
age surface as deformation is introduced and in- 
creased. 
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Fig. 2—Coarse cleavage steps, fine cleavage steps, and sub- 
grain boundaries on a cleavage face. X500. Reduced ap- 
proximately 25 pct for reproduction. 


Fig. 3—Fine steps on a cleavage face. X2000. Reduced ap- 
proximately 25 pct for reproduction. 


Fig. 4—Roughening of cleavage surface in the vicinity of the 
slip band. X2000. Reduced approximately 25 pct for repro- 
duction. 
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Deformation of Magnesium Single Crystals By 
Nonbasal Slip 


Magnesium single crystals, oriented to suppress (0002) basal slip and {1012} twin- 


ning, were strained in tension parallel to the basal plane, in a <1010> direction, at four 
temperatures (—190°, 25°, 150°, and 286°C) and at two strain rates. Microscopic and 


X-ray evidence shows that at —190° and 25°C slip occurred primarily on {1010} prism 


planes. At 150° and 286°C, X-ray asterism shows rotations indicating {1011} pyramidal 
slip as the major slip process. The critical resolved shear stresses have been evaluated 


at each temperature. 


by Robert E. Reed-Hill and William D. Robertson 


EFORMATION of magnesium crystals in a di- 
rection parallel to the basal plane has a special 
significance as a result of the preferred orientation 
characteristic of cold worked and recrystallized 
polycrystalline magnesium sheet and extruded rod 
in which the basal plane tends to lie in or near the 
plane of the sheet or the axis of a rod. The principal 
objective of the present study is a determination of 
the modes of plastic deformation in magnesium sin- 
gle crystals in this orientation. 
Evidence for nonbasal slip in magnesium has been 
presented by a number of authors. Schmid and Was- 


serman' indicated that pyramidal slip on {1011} 
<1120> or {1012} <1120> could occur above 225°C. 
Bakarian and Mathewson’ established that the slip 
system {1011} <1120> operates at high tempera- 
tures and that 225°C was a lower limit for pyra- 
midal slip. The latter authors also showed that the 
critical resolved shear stress for {1011} slip was 400 
g per sq mm at 330°C, while that for basal slip was 
66 g per sq mm at the same temperature. Thus, at 
330°C basal slip should be expected for all orienta- 
tions except those in which the stress axis lies al- 
most in the basal plane. More recently Burke and 
Hibbard’ observed pyramidal slip at 25°C, when the 
stress axis was 6° to the basal plane and 14° to a 
<1120> slip direction. The critical resolved shear 
stress for pyramidal slip was 52 g per sq mm, which 
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is only slightly greater than their value for basal 
slip (46 g per sq mm). 

Chadhuri, Chang, and Grant’ have observed non- 
basal slip in creep tests with polycrystalline speci- 
mens in the temperature range 250° to 350°C. The 
observed slip bands, which were extremely irregular 
in appearance, can be explained in terms of coopera- 
tive slip on {1011} and {1010} planes which have a 
common slip direction. 

Prismatic {1010} slip in polycrystalline magne- 
sium was observed by Hauser, Landon, and Dorn. 
It was found to occur at low temperatures (78° and 
195°K) and it was accompanied by cross slip in 
which the cooperating plane was the basal plane. 
Since prismatic slip occurred only at regions of high 
stress concentrations, the critical resolved shear 
stress could not be determined. 


Experimental Procedure 

The present work was performed on crystal speci- 
mens which were all cut from the same large single 
crystal. The original cylindrical crystal, 0.5 x 7 in., 
was grown in a Bridgman type furnace in which the 
temperature gradient was moved past the stationary 
crystal in the manner described by Jillson* and 
Burke.’ High purity magnesium was furnished by 
the Dow Chemical Co. with the following spectro- 
graphic analysis in weight percent: 0.003 pct Al, 
<0.01 pet Ca, 0.002 pct Cu, <0.001 pct Fe, 0.008 pct 
Mn, <0.001 pet. Ni; <0.002° pct Pb, =<0:01 Si, 
<0.001 pet Sn, and <0.01 pet Zn. 

The large crystal was cut into four cylindrical 
pieces about 1.5 in. long. A flat surface parallel to 
the basal plane was made by hand grinding with 
lubricated metallographic paper on one side of each 
cylinder. In order to prevent bending in subsequent 
cutting operations, the crystals were supported by 
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Fig. 1—Shape of single crystal tension specimen with the 
basal plane parallel to the wide face surface. 


wax in suitable aluminum fixtures, which also 
served as guides for aligning a jeweler’s saw. After 
completion of the cutting and grinding operations, 
the specimens were etched in 20 pct HCl, removing 
about 0.045 in. and producing specimens which were 
free of surface deformation and approximately 0.205 
in. wide, 0.085 in. thick, and 1.5 in. long. Rounded 
notches were formed with an acid thread saw simi- 
lar to that described by Maddin and Asher,® using 
concentrated HCl and a single Dacron thread; these 
notches were made in order to define the location of 
fracture. Final dimensions of a typical specimen are 
shown in Fig. 1. For purposes of identifying areas of 
interest clearly on the specimens, the following ter- 
minology will be used: the wider longitudinal sur- 
faces are faces of the specimens, while the thinner 
surfaces are designated as edges. 

Orientations were checked at the center of the 
gage section of each specimen by the Laue back- 
reflection technique. It was found that the basal 
plane coincided with the face surface to within less 
than 2° in the direction parallel to the stress axis, 
and to within less than 3° in the direction at 90° to 
the stress axis. The crystal orientation was such that 
for perfect coincidence of basal plane and face sur- 
face, the stress axis made an angle of 2°+1° witha 


<1010> direction. 


Measurement of Stress and Strain 

Seven of the tensile specimens were strained at 
the slow rate of 0.005 lb per sec, by a simple lever 
device similar to that used by Miller.” Thus, at the 
minimum cross section of the specimens (0.01 sq 
in.), the rate of application of stress was about 5 psi 
per sec. 

Two specimens were extended at a faster stress 
rate of 500 psi per sec, by sliding a dead weight 
along the beam of the testing machine. 

The method of gripping specimens, shown in Fig. 
2, was designed to permit accurate alignment of 
specimens and, as a precaution against slipping in 
serrated grips, steel pins were inserted through the 
grips and the specimens. 

Room temperature tests were performed in air. 
Elevated temperature tests were carried out with the 
specimens and grips immersed in heated and stirred 
paraffin oil. For tests at —190°C, the specimens and 
grips were immersed in liquid air. 

The extensometer used for strain measurements at 
high teniperatures consisted of a small aluminum 
cantilever beam. The moving end of the beam rested 
on a ferrule mounted on the loading rod, outside the 
oil bath, and 10 in. from the crystal. An A-7, SR4, 
resistance strain gage was cemented to each side of 
the beam. The extensometer was calibrated with a 
micrometer reading to 0.001 in. and the calibration 
factor was 65 micro-in. per in. (strain indicator 
reading) per 0.001 in. (micrometer reading). The 
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error introduced by the elastic strain in loading rods 
and related equipment was corrected by deformation 
measurements on a polycrystalline aluminum bar. 


A similar extensometer was used for measuring 
the deformation of the specimens at the two lower 
temperatures. In this case, however, it was mounted 
on the moving grip so that it read directly the rela- 
tive movement of the two grips at room temperature 
and at —190°C. 

All extensometer readings at the slow rate of 
loading were recorded with a Baldwin-Southwark 
Portable Strain Indicator. In the two tests which 
were carried vut at a more rapid rate, the extenso- 
meter readings were recorded by a high speed Brush 
Strain Analyzer. Pen movements of this instrument 
may be estimated to about 0.2 mm and the sensi- 
tivity employed varied from 46 micro-in. per in. per 
mm to 61 micro-in. per in. per mm. 


Experimental Results 

Two tests were performed at each temperature, 
—190°, 25°, and 150°C, at 5.0 to 6.0 psi per sec. The 
reproducibility of the stress-deformation curves at 
each temperature was found to be remarkably good 
and consequently only one specimen was tested at 
286°C. Representative stress-deformation curves are 
shown in Fig. 3 at each temperature. The plots con- 
tain all of the data that it was possible to record be- 
fore fracture occurred, except for the curve of speci- 
men No. 147 (286°C), which was extended to 0.106 
in. 


The yield stress for nonbasal slip is shown in Fig. 
4 as a function of absolute temperature. The yield 
stress is taken as the intercept of the dashed lines in 
Fig. 3 (the start of plastic deformation), and it is 
expressed in terms of the normal stress at the re- 
duced section. This stress falls to a very low value at 
286°C, where it is about 500 psi (0.350 kg per sq 
mm). 

Deformation was symmetrical about the stress 
axis, as shown in Fig. 5, which is in accord with the 


Fig. 2—Apparaius 
used to hold flat 
single crystal speci- 
mens when determin- 
ing their stress-strain 
characteristics. 
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Fig. 3—Stress-deformation curves for single crystals of mag- 
nesium oriented with the axis of tension in the basal plane. 


fact that two slip directions, <1120>, were symmet- 
rically placed with respect to this axis. Furthermore, 
deformation was primarily two-dimensional; no 
Significant difference in the thickness of the speci- 
mens could be detected in regions where the defor- 
mation had occurred by slip. 

The reduction in area at fracture is plotted as a 
function of absolute temperature in Fig. 6. The data 
clearly shows the large plasticity of magnesium 
crystals at high temperatures, a negligible ductility 
at room temperature, and a surprising amount of 
ductility at —190°C. 

The effect of increasing the rate of loading by a 
factor of about 100, at 25° and 150°C, is shown in 
Fig. 7. A faster rate of loading considerably reduces 
the amount of plastic deformation preceding frac- 
ture and increases the yield stress by a factor of 


Table |. Critical Resolved Shear Stress for Prism and 
Pyramidal Planes 


Yield Stress Critical 


on N 1 Critical Resolved 
Seotlen Resolved Shear Shear Stress 
Test (At Position Stress Prism Pyramidal 


Temper- of Notches), Plane {1010}, Plane {1011}, 
ature, °C Kg per Sq Mm Kg per Sq Mm Kg per Sq Mm 
—190 27 10 —_— 
25 11 4 — 
150 4.2 1.6 1.4 
286 0.35 0.13 0.1 


approximately two, as shown by the comparative 
curves in Fig. 7. 


Observations Regarding the Primary Mechanisms 

of Deformation 

Specimens deformed at —190°C exhibit the most 
detail as regards slip lines visible with a light micro- 
scope. All specimens, regardless of the temperature 
of testing, show nonbasal slip bands on the surface 
containing the basal plane. However, only at —190°C 
could any significant amount of detail be found on 
the edge surfaces of the specimens, initially {1120} 
planes. 

Mechanical twinning on planes other than the 
usual {1012} was also observed. The crystallographic 
identification of these twins, which are associated 
with fracture, will be considered in a subsequent 
paper. 

{1010} Prism Slip at —190°C—In both specimens, 
fine {1010} prismatic slip lines were found, primarily 
on the edge surfaces. However, they could be fol- 
lowed over the rounded corner onto the face sur- 
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faces far enough to use the two-surface method of 
stereographic analysis to define their prismatic char- 
acter. The disappearance of slip lines on the face 
surface is in accord with the fact that the slip direc- 
tion lies in the basal plane. 

Prismatic slip lines may occasionally be resolved 
at X500, but a magnification of X900 or higher is 
usually necessary. Fig. 8 shows a region in which the 
{1010} slip lines are well-defined. They are also 
found in clusters of more or less continuous straight 
lines with spacing measured to values as low as 

Slip bands containing groups of fine slip lines 
whose traces are parallel to a <1120> direction may 
be found on the basal plane face, Fig. 9a. The main 
bands are generally long and nearly straight; within 
bands the fine lines are quite wavy. As the bands are 
followed across the specimen face, away from the 
edges, they tend to fade out as the surface ap- 
proaches the basal plane. On the other hand, if the 
bands are pursued around the corner and onto the 
edge surfaces, most of them disappear again. Some, 
however, may be clearly traced around the corner 
and are found to connect with well-defined cross- 
slip bands visible on the edge surfaces. These latter 
run parallel to {1010} prism planes with a cross-slip 
component on the basal plane. 


In Fig. 9a, the primary and secondary {1010} 


<1120> slip systems are clearly indicated by the 
displacements of the primary bands by the second- 
ary bands. The large, well-defined bands on the edge 
side, in Fig. 9b, correspond to the secondary bands 
and not to the primary. Although it is not apparent 
in these photographs, the two large bands at the top 
of Fig. 9b are connected to the secondary bands 
shown at the bottom of Fig. 9a. The connecting basal 
cross-slip, which ties together the components of the 
left-hand band, occurs in the rounded corner area 
not covered by either of the photographs. 

The operating slip direction is clearly indicated in 
Fig. 9a. The large displacement of the primary lines, 
where they have been intersected by secondary lines, 


is in accord with shear along <1120>. Correspond- 
ing to this movement is the large width and shallow 
depth of the bands on the edge surfaces. In this re- 
gard, note how, in Fig. 9b, the surface is still clearly 
in focus on both sides of the bands. Furthermore, a 
study of a number of these bands has given no visi- 
ble evidence for shear parallel to the prism compo- 
nents of the bands on the edge surfaces. It is quite 
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Fig. 4—Yield stress for nonbasal slip in magnesium as a 
function of temperature. 
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Fig. 5—Face and edge views of single crystal specimens of magnesium fractured in tension parallel to the basal plane; slow rate 


of loading. 


clear, therefore, that the shear is along a <1120> 
direction. 


Slip at Temperatures Above —190°C—Typical slip 
bands obtained at 25°, 150°, and 286°C are shown in 
Fig. 10. These bands have many similar character- 
istics which may be summarized as follows. Their 


average direction is <1120>; the bands tend to align 
themselves in groups which are interconnected by 
cross-slip on the basal plane. The close spacing of 
slip lines, visible on the face surface as a slip band, 
widens as a result of cross-slip on the basal plane 
until the band is no longer definable after the band 
has passed over the corner joining the face surface 
with the edge. 

Prism and basal cross-slip bands are observed on 
the edge surface of specimens fractured at room 
temperature, but only in the highly strained regions 
adjacent to fractures. Fig. 11 shows such an area. 

The phenomenon of sublimation pits that form 
along slip planes at high temperatures, first observed 
by Bakarian and Mathewson,’ is shown in Fig. 10c. 


X-Ray Asterism—Confirmation of the preceding 
microscopic observations was obtained from a study 
of X-ray asterism observed on specimens subsequent 
to fracture. The X-ray beam, 1 mm diam, covered an 
area roughly equivalent to the field of view in the 
microscope at X125. 

Even in areas of little apparent deformation, and 
in the absence of mechanical twins, the asterism is 
complicated, and it also changes as the point of in- 
vestigation is changed, indicating shifts in the oper- 
ating slip systems. Because of the complexity of the 
observed asterism, an indirect method of analysis 
was used for the face surface exposures in an at- 
tempt to determine the axis of rotation of the lattice. 
In this method, a series of drawings, with asterated 
spots corresponding to the most probable lattice ro- 
tations, were prepared on tracing paper. A stereo- 
graphic projection of the distortion of the planes was 
made and then this projection was redrawn, with the 
aid of a Greninger net, to correspond with the X-ray 
pattern. Fig. 12a shows the pattern for a 4° rotation 
about an axis perpendicular to the slip direction and 
lying ina {1011} pyramidal plane; Fig. 12b is a pat- 
tern assuming double bending about two axes, each 
lying in a different {1011} plane, and perpendicular to 
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Fig. 6—Reduction in area at fracture in magnesium single 
crystals, oriented with the axis of tension in the basal plane, 
as a function of temperature. 
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Fig. 7—Stress-deformation curves for magnesium single crys- 
tals at two rates of loading differing by a factor of 100. 


two different slip directions. With the aid of these 
and similar patterns for other probable slip planes, 
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Fig. 8—Well-separated {1010} prism slip lines on an edge 


surface ~ {1120} of a magnesium crystal specimen tested 
at —190°C. X450. Reduced approximately 45 pct for re- 
production. 
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Fig. 9—{1011} prism-(0002) basa! cross-slip bands on two 
mutually perpendicular surfaces of a magnesium crystal speci- 
men extended at —190°C. a) TOP: Face surface ~ (0002). 
b) BOTTOM: Edge surface ~ {1120}. X290. Reduced ap- 
proximately 50 pct for reproduction. 


possible lattice rotations may be deduced by match- 
ing the X-ray photographs. 

The least complex Laue patterns were obtained at 
150°C? Figs 13, 14. -and 15 show thetace- surface 
patterns of a series of three exposures, taken in pairs 
along the length of the boundary of a face and an 
edge surface, starting close to the grips and moving 
toward the reduced section. The edge exposures 
showed lattice rotations and asterisms which were in 
agreement with those shown in face exposures. Be- 
side each Laue pattern a sketch is drawn corre- 
sponding to the axes of rotation which most closely 
fit the observed asterisms. 

Fig. 13 corresponds to an area adjacent to the 
grips. The asterism is symmetrical and may be ex- 
plained in terms of a uniform double rotation about 
axes in two {1011} planes. 

The asterism changes as the point of observation 
moves away from the grips. Fig. 14 was taken at a 
point midway along the corner between the notch 
and the edge of the gripped area. The latter photo- 
graph shows a general lattice rotation about the nor- 
mal to the basal plane, and the asterism of the spots 


about an axis lying approximately in a {1011} 
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pyramidal plane and perpendicular to a slip direc- 
tion. The asterism in this photograph is close to that 
predicted in Fig. 12a. 

Fig. 15 corresponds to an area close to the notch. 
In this case, the general lattice rotation is greater 
but in the same sense as before. The asterism is, 
however, more complicated. The principal rotations 


are about two axes lying in {1011} pyramidal planes, 
but the planes in this case are different. 

If it is assumed that the observed asterism is due 
to lattice rotations, i.e.,.the axis of asterism lies in 
the slip plane and perpendicular to the slip direction, 
then it may be concluded that slip occurs primarily 
upon {1011} planes, at 150°C. 

The asterism observed at —190° and 286°C is more 
complicated. At —190°C the angular spread is about 
the same order of magnitude as that observed at 
150°C, but the patterns are neither as regular nor as 
symmetrical. This is in agreement with the fact that 
at least one additional secondary plane of slp has 


been observed at —190°C, namely, {1122}. It is also 
in accord with the findings of Lange and Liicke” and 
Honeycombe" that asterism develops primarily from 
inhomogeneous glide. At 286°C the very large plastic 
deformation has a pronounced effect on the observed 
asterism. The spreading of the spots is much greater 
than at —190° and 150°C and, in general, the pat- 
terns indicate multiple gliding whose interpretation 
is subject to ambiguity. 

Because of the symmetrical shape of the fractured 
specimens, it might be assumed that the lattice at 
the center of the section between the notches de- 
formed by a process of duplex slip, which is borne 
out by Laue back-reflection patterns of —190° and 
150°C specimens, see Fig. 16. 


Discussion 
The observations of {1010} prismatic slip and 


{1010} prismatic-basal cross-slip in polycrystalline 
specimens tested at —195°C by Hauser, Landon, and 
Dorn’ have been fully confirmed on single crystals 
tested at —190°C. In addition, the slip direction for 


prismatic slip has been identified as <1120>, in 
terms of the direction of the shears resulting from 
this glide. The authors mentioned above also ob- 
served prism-basal pencil glide on specimens tested 
at —78°C, but found no evidence for it on specimens 
tested at room temperature. In the present work at 
25°C, this slip phenomenum was observed in the 
neighborhood of fractures. This apparent discrep- 
ancy may be explained in terms of the different 
types of specimens and the stress required for pris- 
matic slip. 

A reproducible yield point has been found for sin- 
gle crystal specimens tested at both —190° and 25°C. 
Since prismatic shp, in conjunction with cross-slip 
on the basal plane, is the predominating mode of 
nonbasal slip at —190°C, the observed yield stress 
may be expressed in terms of a critical resolved shear 
stress for duplex prismatic glide which is 10 kg per 
sq mm. The fact that prism-basal cross-slip bands 
are the most frequently observed phenomena at 
25°C is evidence that prism glide may also be the 
predominant mode at 25°C. On this assumption, the 
critical resolved shear stress for duplex prism slip at 
25°C is 4 kg per sq mm. 

It has not been possible to designate accurately 
the predominating nonbasal mode of slip at 150° and 
286°C because of lack of resolved slip lines or bands 
on two surfaces which would identify the operating 


TRANSACTIONS AIME 


é 
: 


1 
> 
~ 
a 
> 


(a) (b) 


Fig. 12—The predicted asterism in Laue back-reflection 
X-ray patterns corresponding to two possible lattice rotations 
in magnesium crystals. X-ray beam assumed normal to 
(0002). a) Axis of rotation in {1011}, 1 <1120>. b) 
Conjugate rotation, two axes in {1011}, | <1120>. 


Fig. 13—Face surface Laue photograph of a 150°C test 
specimen at a position close to the grips and an edge surface. 


Fig. 10—Slip bands visible on the face surfaces of magnesi- 
um crystal specimens strained in tension parallel to the basal 
plane at temperatures above —190°C. a) TOP: Test tem- 
perature, 25°C. X150. b) CENTER: Test temperature, 150°C. 
X150. c) BOTTOM: Test temperature, 286°C. Pits visible 
on slip traces are the result of sublimation. X500. Reduced 
approximately 45 pct for reproduction. 


Fig. 14—Face surface Laue photograph of a 150°C test 
specimen at a position halfway between the grips and the re- 
duced section and close to an edge surface. 
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Fig. 11—Basal and {1010} prism cross-slip in region adjacent 
to fracture on a magnesium crystal specimen extended at Fig. 15—Face surface Laue photograph of a 150°C test 


25°C. Edge surface ~ {1120}. X190. Reduced approxi- specimen at a position close to the reduced section at the 
mately 30 pct for reproduction. notches and an edge surface. 
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slip planes. While the observed bands indicate the 


active slip directions as <1120>, they cannot be 
used to determine the active slip planes unambigu- 
ously. However, X-ray asterism in specimens tested 
at 150°C indicates that the predominant mode of de- 
formation may be pyramidal slip, which is in general 
agreement with the results of other investigators.” * 
Since the experimental evidence does not rule out 
the possibility that slip on both pyramidal and prism 
planes may have occurred, the yield point is ex- 
pressed, in Table I, as a critical resolved shear stress 
for both {1010} <1120> duplex prism slip and 
{1011} <1120> duplex pyramidal slip. 

When the curve of yield stress as a function of 
temperature for nonbasal slip is compared with that 
for basal slip,” an important difference may be 
noted. The yield stress for nonbasal glide falls con- 
tinuously from 38,000 psi (27 kg per sq mm) at 
—190°C to about 500 psi (0.35 kg per sq mm) at 
286°C, while the critical resolved shear stress for 
basal slip is essentially constant from 300°C to room 
temperature. Below room temperature it rises stead- 
ily in a manner similar to nonbasal slip, and the 
ratio of the yield stress for nonbasal slip (expressed 


in terms of resolved shear stress on {1010} to that 
for basal slip appears to have an almost constant 
value of 85. Above room temperature the same ratio 
is not constant and falls rapidly with rising temper- 
ature to a value of approximately 3 to 1 at 286°C. 

At 25°C, the yield stress for nonbasal slip is high 
and is approximately the same as the stress for the 
start of failure. On the other hand, at 286°C, there is 
a large difference (a ratio of about 20) between the 
fracture and yield stresses. The large ductility of 
magnesium, in tension parallel to the basal plane at 
286°C, is, therefore, easily explained. Until strain 
hardening or reduction in cross sectional area has 
permitted the stress to rise to the value of the frac- 
ture stress, flow will occur by nonbasal slip. 

An examination of the two curves for slow and 
fast-loading rates at 150°C shows that the yield 
stress is increased by a factor of about 2 (i.e., from 
6000 psi to 12,000 psi). An increase is also indicated 
for 25°C but, in this case, fracture occurred in the 
rapidly loaded specimen before any appreciable 
yielding could occur. 

According to the present data, the experimental 
values for rapid loading at 150°C are very close to 
those found by interpolation of the curves for slowly 
loaded specimens at a temperature of 90°C (363°K). 
Thus, an increase in the speed of testing by a factor 
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of 100 has an effect on mechanical properties roughly 
equivalent to a 60°C decrease in temperature. 


Conclusions 
Magnesium single crystals, oriented to suppress 


(0002) basal slip and {1012} twinning, were strained 
in tension parallel to the basal plane and in a 


<1010> direction at four temperatures (—190°, 25°, 
150°, and 286°C) and at two strain rates. 

1) Under the conditions of loading, the ductility of 
magnesium is a minimum and very small at 25°C. 
At 286°C, the ductility is extremely high (reduction 
of area ~ 77 pct) and at —190°C it is again high (re- 
duction of area ~ 20 pct). 

2) The yield stresses, expressed in terms of critical 
resolved shear stresses for duplex prismatic slip at 
—190° and 25°C, and in terms of both duplex pris- 
matic and pyramidal slip at 150° and 286°C, were 
determined, Table I. 

3) Increasing the rate of loading by a factor of 
100, at 25° and 150°C, reduced the ductility of the 
specimens and approximately doubled the yield 
stress for nonbasal slip. An increase in the speed of 
testing by a factor of 100 at 150°C was approxi- 
mately equivalent to decreasing the temperature by 

4) Prism slip lines {1010} <1120>, with a mini- 
mum spacing of less than 5 x 10° cm, have been 
found on specimens tested at —190°C. Cross-slip 
bands consisting of groups of fine prism slip lines 
with cross-slip components on the basal plane were 
identified on specimens tested at —190° and 25°C. 

5) The lattice rotations, observed by X-ray analy- 
sis, the two-dimensional nature of the plastic strain, 
and the slip bands which are visible on surfaces 
nearly parallel to the basal plane all indicate that 
plastic deformation at all temperatures was accom- 
plished primarily by conjugate slip along <1120> 
slip directions. Microscopic evidence shows that at 
—190°C, and probably at 25°C, slip was primarily 
on {1010} prism planes. At 150° and 286°C the 
asterism in Laue back-reflection photographs shows 
rotations which may be interpreted as favoring 


{1011} pyramidal slip as the predominant form. 
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Effect of Temperature on the Flow Stress 
_ And Strain-Hardening Coefficient 


Of Magnesium Single Crystals 


The initial yield stress and plastic flow characteristics of magnesium single crystals 
have been investigated by means of incremental creep experiments in tension and direct 
shear, in the temperature range of 78° to 364°K. It was found that the strain rate, y 
could be related to the applied stress, 7, and the temperature, T, by the expression 5, = 


C exp 


ing coefficient, y is the strain, and AH is an activation energy equal to 10.3 kcal per g 
atom. The strain-hardening coefficient was constant in the temperature range of 78° to 
203°K, but decreased at higher temperatures; the decrease is attributable to recovery. The 
constant coefficient, in the absence of recovery, is consistent with the idea that strain 


hardening in hexagonal crystals is associated with the elastic interaction of accumu- 
lated dislocations. 


kT exp B (7—hy), where B and C are constants, h is the strain-harden- 


by Hans Conrad and W. D. Robertson 


ORMAL theories of yielding and flow have been 

developed to describe thermally activated plastic 
flow in metal crystals..* They are all based on 
Becker’s’ original idea that thermal fluctuations aid 
the applied stress in overcoming internal barriers to 
flow and lead to the following relation. 


( | 


y = Cexp — [1] 


where y is the strain rate; C is a constant which in- 
cludes a frequency factor, the entropy, the number 
of flow units, and the amount of strain associated 
with each successful fluctuation; E(r) is the activa- 
tion energy associated with flow, and is a decreasing 
function of the applied stress, 7; k is Boltzmann’s 
constant; and T is the temperature in Go 

The various theories differ mainly in the model 
chosen and in the nature of the relationship between 
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the applied stress and the activation energy. Becker’ 
and Orowan’ suggest a relationship of the form 
E a(r; — r)*®, where 7; represents the stress required 
for flow without the aid of thermal fluctuations; 
Kauzmann,’ Cottrell,,” and Seeger®* suggest E 
—7); Fisher® suggests E al/z7; while Cottrell and 
Bilby* suggest a more complex relationship between 
E and -. Additional data are needed to test these 
various theories, especially in view of Dorn’s’ work, 
which indicates that the activation energy for creep 
is independent of the stress and strain. 

The present paper presents the stress-strain data 
derived from incremental loading of magnesium 
single crystals in tension and direct shear, in the 
temperature range of 78° to 364°K. Incremental 
loading was employed in order that the creep com- 
ponent of the strain could be determined. Stress- 
strain curves of aluminum” and copper” single 
crystals, derived from incremental loading tests, 
have been found to be in agreement with those ob- 
tained by the more conventional constant strain rate 
or loading rate tests. 

Two types of tests were conducted in the present 
investigation: 1) tests in which the temperature 
was maintained constant throughout the entire 
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series of stress increments; and 2) tests in which the 
specimens were loaded at one temperature, the load 
removed, the temperature changed, and the load 
reapplied. These tests are similar to those employed 
by Cottrell and Stokes* and Adams and Cottrell® to 
determine the effect of temperature on the flow 
stress of aluminum and copper crystals. 
Experimental Procedure 

Preparation of Magnesium Single Crystals—The 
crystals* used in the present investigation (% in. in 

* The authors are indebted to Dr. E. C. Burke, who supplied the 


crystals, and to the Dow Chemical Co. for the high purity mag- 
nesium. 


diam and 6 to 7 in. long) were grown in a tempera- 
ture gradient furnace from the liquid in a graphite 
crucible under an argon atmosphere. The purity of 
the magnesium is indicated by the following spec- 
trographic analysis: 0.003 pct Al; < 0.01 pct Ca; 
0.002 pet Cu; < 0.001 pct Fe; 0.008 pet Mn; < 0.001 
pet Ni; < 0.002 pct Pb; < 0.01 pct Si; < 0.001 pct Sn; 
and < 0.01 pct Zn. 

The crystals, described in Table I, were oriented 
by the back-reflection Laue technique.” Four photo- 
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grams were taken (using Cu or Mo radiation with a 
0.5 mm pin hole) at 90° intervals in a helical pat- 
tern along the length of each specimen. Split Laue 
spots were generally obtained on at least one of the 
photograms, indicating a lineage structure which 
varied from %4° to 1° (most crystals showing a 
maximum of 44°). 

Before testing, the crystals were chemically 
polished to the required diameter by gently rolling 
in a tray containing 25 pct hydrochloric acid in 
water. Following polishing they were successively 
rinsed in tap water, distilled water, and acetone, 
after which they were allowed to dry in air. Ten- 
sion tests were generally run within 24 hr after 
chemical polishing and drying; the shear tests were 
conducted within two days. 


Tension Tests—Tension tests were made on crys- 
tals with X, and \,* <35°. A cam, similar to that 
* X> is the initial angle between the specimen axis and the basal 


plane, and }o is the initial angle between the specimen axis and the 
slip direction. 


used by Cottrell and Aytekin,* was constructed to 
maintain a constant resolved shear stress (within 1 
pet) during the elongation of crystals with \, <27°. 
This cam was also used for the crystals with \, >27°. 
However, the strain for a given stress increment 
was small enough so that the shear stress could be 
considered to be constant within 1 pct during each 
creep test. Even for larger strains (numerous incre- 
ments), the results from crystals with \, >27° 
agreed with those in which \, <27°. 

Fig. la shows the equipment used for the tension 
tests. The cam was supported on a 1 in. steel shaft 
rotating in ball bearings. The specimen grips, Fig. 
lb, were made of an aluminum alloy to minimize 


Table |. Orientation of Magnesium Single Crystals 


Crystal No. Xo* dot Test Method 
7 19° 35° Tension 
11 85° 85° Shear 
22 24° 24° Tension 
23 18° 29 Tension 
29 AE 31 Tension 
32 14° 15 Tension 
34 34° 34 Tension 
35 13° 21 Tension 
36 103 20 Tension 
40 60° 62 Shear 
52 23° 27 Tension 


* Angle between specimen axis and the basal plane. 
+ Angle between specimen axis and the slip direction. 


weight. Axiality of loading was attained by apply- 
ing the load from the cam through a flexible spring 
steel strap, a hook, and the action of hardened steel 
balls against hardened steel inserts in the grips. 
The bottom grip was aligned through the action of a 
hardened steel ball against a universal joint at- 
tached to the frame. 

The specimen length between grips, the gage 
length, was fixed at 10 em for tests at 78° and 
203°K, and at 12.5 cm for tests at 298° and 364°K. 

Shear Tests—A modified Bausch type of shear 
apparatus” was employed in the shear tests, Fig. 2. 
Shear tests were run on specimens with two orien- 
tations, X, = 85° and X, = 60°, and at two tem- 
peratures, 298° and 364°K. 

The shear specimens were prepared by acid cut- 
ting 1 in. long sections from the cylindrical crystals. 
Clamping collars for the shear specimens were of 
hard copper tubing, cut to the proper angle to out- 
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|| 


Saari of ii slip plane, and they were sep- 
e collars were cemented to the 
; upont cement No. 5458 or Sauer- 
Goes tare Orientation of the crystals was re- 

y : within 5° of the desired 
orientation. 

The shear apparatus, Fig. 2, was loaded in the 
equipment used for the tension tests. Although the 
cam relaxed the load with increasing strain, the elon- 
gation during a shear test was so small that the shear 
stress was essentially constant throughout the test. 

Measurement of Dimensions and Temperature 
Control—Dimensional measurements on the tension 
and shear specimens were made with a travelling 
microscope which could be read to 0.0001 in. The 
tension specimens, measured at two circumferential 
positions at 1% in. intervals, were 0.4 +0.005 in. in 
diam. Diameter and length measurements were 
made on the shear specimens at the minor axis of 
the glide ellipse. 

Temperatures of 298° and 364°K were obtained 
with a silicone oil bath controlled by a mercury 
thermoregulator. At 298°K, the temperature was 
controlled to within +0.01°C, as determined by a 
Beckman thermometer, and at 364°K to within 
+0.2°C. A temperature of 203°K was obtained with 
a mixture of dry ice and acetone in a dewar flask 
and 78°K with liquid nitrogen. The latter two 
temperatures were measured by means of a low 
temperature thermometer placed near the specimen. 
Dry ice and liquid nitrogen were continually added 
during the tests. 

Method of Loading—Incremental loading was em- 
ployed; i.e., the stress was increased, starting from 
zero stress, In increments which varied from 1 to 
10 g per sq mm. After an initial elastic strain, creep 
was observed for each stress increment; no signifi- 
cant instantaneous plastic flow was observed follow- 
ing any of the loading increments. The stress in- 
crements were added by manually pouring steel 
shot into the loading container. Generally, the load 
increments were applied in 3 to 5 sec. 

With the exception of one test designed to deter- 
mine if a limiting stress for creep existed, constant 
stress increments were added every minute until 
creep was observed. After creep was first observed, 
equal stress increments were added after equal time 
intervals for a number of increments; following this, 
stress increments and time intervals were varied. 
Numerous tests were also conducted in which the 
stress increment and time interval were varied im- 
mediately following the first occurrence of creep. 
The time interval between increments was varied 
from 0.6 min to 15,000 min. However, 10 to 30 
min intervals were most common. 

Strain Measurement—Strain in both tension and 
shear tests was measured by a clip gage employing 
two A-7, SR-4 resistance strain gages connected to 
a Baldwin indicating recorder operating at 1/12 
rpm. This combination gave a tensile strain sensi- 
tivity of 3 x 10~ for the tension tests and a sensi- 
tivity of 1 x 10° for the shear tests. The position of 
the clip gage is shown in Figs. la and 2. 

Since the clip gage was not mounted directly on 
the specimen, the elastic strain from the support- 
ing apparatus was included in all strain measure- 
ments. The possibility that strain in the apparatus 
contributed to the creep strain was investigated on 
two crystals at 298°K by simultaneous strain meas- 
urements with the clip gage and a cathetometer 
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sighting on the crystals. Good agreement was ob- 
tained between the clip gage and the cathetometer 
creep strain measurements. It was concluded that 
the apparatus was sufficiently rigid so that the ob- 
served creep strain (total strain minus total elastic 
strain) could be associated with the crystal only. 

In order to compare the results of one crystal with 
another, and the results of the tension tests with 
the shear tests, all stresses and strains were con- 
verted to resolved shear stress, r, and shear strains, 
y, In the slip plane and slip direction by means of 
formulae given by Schmid and Boas.” 

Recovery of Magnesium Crystals—Since mag- 
nesium crystals deform by glide on one plane in 
the temperature and orientation range of the pres- 
ent investigation,” it was expected that after 
homogenous deformation the crystals could be com- 
pletely recovered by heating at a sufficiently high 
temperature.” Complete recovery was experimen- 
tally demonstrated by heating strained crystals for 
1 to 2 hr at 450°C. For example, compare stress- 
strain curves for crystals 11-3 and 11-3A, 40-1 and 
40-1A, 32 and 32A of Fig. 7. Tests on the recovered 
crystals are indicated by the original number of 
the crystal followed by the letter A. 

In view of this recovery, successive experiments 
could be conducted on the same crystal. The letter 
B indicates that the crystal was recovered a second 
time, ete. 


Experimental Results 

Limiting Stress for Creep and Initial Yield Stress 
—A limiting stress for macrocreep, as distinguished 
from microcreep,* has been found for most metal 
single crystals, including magnesium.” This stress is 
generally the same as the critical resolved shear 
stress, determined in tension tests at a constant 
loading rate or a constant strain rate. To determine 
the limiting stress for creep of magnesium crystals 
at 298°K, 5 g per sq mm stress increments were 
added to one crystal (crystal 52) at intervals of two 
days, after a small initial load. No creep was de- 
tected until a resolved stress of 54 g per sq mm was 
reached, after which measurable creep occurred. 
Similarly, when the time interval between stress 
increments in the elastic range was 1 min, a limit- 
ing stress for creep was found for all crystals tested 
in tension or shear, at all temperatures. Typical 
creep curves in tension and shear at stresses in ex- 
cess of the limiting stress are shown in Figs. 3 and 4. 

The values of the limiting stress (designated as 
the initial yield stress, 7,) at the various tempera- 
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tures are given in Table II. The following should be 
noted particularly. 


1) The average value of the limiting stress in 
tension at 298°K, for virgin and recovered crystals, 
is 53 g per sq mm +25 pct maximum deviation from 
the average. The higher initial yield stresses exhib- 
ited by the recovered tension specimens 32A and 
35A at 298°K, as compared to their virgin counter- 
parts, may be associated with non-axiality during 
initial loading of the virgin crystals or perhaps with 
a yield point phenomenon appearing after the initial 
strain. 

2) The average initial yield stress obtained in 
shear at 298°K, 68 g per sq mm, is 15 g per sq mm 
higher than the average obtained in tension. Other 
than differences associated with the individual crys- 
tals, the higher values obtained with the shear test 
may be due to a) the lower sensitivity of strain 
measurement in the shear test, b) the addition of 
larger stress increments in some of the shear tests. 
No systematic difference in initial yield stress was 
observed between virgin and recovered crystals 
strained in shear. 

3) The initial yield stress values obtained in 
shear for specimens from the same crystal are re- 
producible within the size of the loading increment 
with one exception, specimen 11-2. There is some 
reason to believe that this discrepancy is associated 
with experimental technique rather than variation 
in the crystal.* 


* Some Duco cement had flowed onto the shear section of this 
crystal during the mounting of the collars. Although this area was 
cleaned with acetone, a film may have remained and caused the 
irregular behavior of this specimen. 


For comparison, the critical resolved shear stress 
values obtained for magnesium single crystals at 
room temperature by other investigators using dif- 
ferent methods are given in Table III. 

The average initial yield stress values obtained in 
the present tests and those given by Schmid” * are 
plotted_as a function of temperature in Fig. 5. The 
curve joining the values of the present investiga- 
tion is approximately parallel to that of Schmid and 
Siebel, but displaced 25 to 35 g per sq mm below it. 
Although the initial yield stress can be assumed to 
be essentially constant above 250°K, the tension 
data can also be interpreted to indicate a slight 
hump at higher temperatures, characteristic of a 
yield point behavior.™ 
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Fig. 8-—Coefficient of strain-hardening, h — dt/dy, as a 
function of temperature. 
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Strain- Hardening Coefficient—Stress-strain curves 
for each temperature, derived from the creep tests 
by plotting the accumulated sum of the stress in- 
crements against the accumulated sum of the 
strain increments, are given in Figs. 6 and 7. Most 
curves are characterized by an initial curvature 
followed by a linear region, although some at 298° 
and 364°K are linear from zero strain. The extent 
of the curved region generally increased with in- 
crease in loading rate. 

Two unusual effects are noted in the stress-strain 
curves: 1) at 78°K some of the early stress incre- 
ments gave more strain for a given time interval 
than was indicated by the later linear region, result- 
ing In a reversal of curvature of the stress-strain 
curve; and 2) at 364°K the early stress increments 
in the tension tests (but not in the one shear test) 
gave less strain for a given time interval than was 
indicated by the subsequent linear region, result- 
ing in an extended region of curvature. Both of 
these observations have the characteristics of yield 
point phenomena. 

The linear region of the stress-strain curve is 
characteristic of easy-glide; i.e., glide on one plane 

dr 


in one direction. Its slope, , ls termed the strain- 


hardening coefficient, h. The values of h derived 
from the stress-strain curves are given in Table II, 
and the average values are shown as a function of 
temperature in Fig. 8, together with values derived 
by Cottrell® from the curves of Schmid and 
Siebel” * at much larger strains. Also included is 
the value obtained from the data of Burke and 
Hibbard.” 

It is evident in Fig. 8 that the values of h, ob- 
tained from the present tests, remain essentially 
constant between 78° and 203°K, then decrease be- 
tween 203° and 298°K, and continue to decrease, 
though at a less rapid rate, from 298° to 364°K. 
The data of Schmid and Siebel can be interpreted to 
follow the same trend. A similar variation of h with 
temperature; i.e., a constant value at low tempera- 
tures followed by a decrease at higher temperatures, 
has been reported for cadmium® and zinc.”~” 


Effect of Stress, Strain, and Temperature on Flow . 


Rate—A plot of the initial creep rate following the 
addition of a stress increment vs the quantity (7 — 
h y), where + is the applied stress, h is the strain- 
hardening coefficient, and y is the total strain up to 
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Fig. 9—Variation of the initial creep rate with the function 
(t — hy). Solid squares are initial yield stress values. 
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the time of the addition, is given in Fig. 9. The initial 
creep rate was taken as twice the amount of strain 
which occurred during the first % min after the 
addition of a stress increment. Similar straight 
lines were obtained when the initial rate was taken 


as the limit of the ratio 


as At goes to zero. The 


points for each curve are not in order of increas- 


Table Il. Initial Yield Stress, to, and Coefficient of Strain- 
Hardening, h, of Magnesium Single Crystals 


Incremental Average 
Loading Loading Strain- 
Rate in Rate in Har- 
Elastic Resolved Plastic dening 
Range, Yield Range, Coeffi- 
G per Stress To, G per cient h, 
Sq Mm G per Sq Mm G per 
Crystal per Min Sq Mm per Min Sq Mm 
78°K 
22A Ts 10 120 0.50 325 
29 Tr 10 130 0.35 350 
125 Avg 338 Avg 
K 
23 ai 5 65 0.17 300 
35B T: 5 70 0.31 355 
68 Avg 328 Avg 
298°K 
22 Tr 2.2 50 0.014 80 
32 T 5 55 5.0 130 
32A oy 5 65 0.55 130 
35 T 5 40 0.053 98 
385A ‘Ty 5 55 0.27 100 
36 4h 4 48 0.0007 137 
52 Tr 0.002 54 0.0005 100 
53 Avg 110 Avg 
11-17 S 5 55 0.15 
11-2; S 5 80 0.33 70 
11-3; S 8.7 61 0.12 80 
11-3A;S 8.7 61 0.12 80 
11-3B; S 5 60 
11-4A;S 5 60 
63 Avg 78 Avg 
40-2 S 10 80 5.0 160 
40-1AiS 10 70 5.0 150 
40-1} S 10 70 5.0 125° 
73 Avg 143 Avg 
Average for 
the two 
crystals 
tested in 
shear 68 110 
364°K 
ff T 48 
34 yy 2 67 0.11 27 
35C T 60 0.064 Scat) 
58 Avg 27 Avg 
40-3 S 5 0.17 30 


*T = tension; S = shear. 
+ Shear specimens from crystal 11. 
t Shear specimens from crystal 40. 


ing applied stress, for the stress increments and 
time intervals were varied for the later increments. 

The straight lines of Fig. 9 indicate that the strain 
rate, y, is given by 


y = Aexp B (1—hy) [2] 


where A and B are constants given by the intercept 
and slope, respectively. An exponential effect of 
stress on the rate of plastic flow of metals was first 
reported by Ludwik” and has been observed more 
recently by other investigators.” 

Comparing the slopes of the plots of Fig. 9, it is 
noted that B is relatively independent of tempera- 
ture. Cottrell and Aytekin“ and Dorn’ similarly 
found B to be independent of temperature for the 
creep of zinc single crystals and aluminum poly- 
crystals, respectively. On the other hand, the con- 
stant A is strongly dependent on the temperature, 
Fig. 9, suggesting a thermally activated process. The 
nature of the variation of A with temperature will 
be discussed below. 

Since the initial creep rate, », associated with the 
initial yield stress, 7, in the tensile tests was ap- 
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Fig. 10—Variation of B, in the expression y — A exp B 
(t — hy), with the initial creep rate for stress increments 
at 78° and 203°K. 


proximately 10~* min” (the stress increments were 
added every minute in the elastic range and the 
resolved shear strain sensitivity for the tensile tests 
was approximately 10“), it is of interest to compare 
7 With the value of (7 — h y) associated with a creep 
rate of 10° min”. Fig. 9 and Table IV show that the 
extrapolated value of (r — h y) associated with an 
initial creep rate of 10“ min” is approximately equal 
to +, obtained in the tension tests, Table II. 

Since the value of (7 — h y) associated with a 
strain rate of 10* min™ can be taken as equal to the 
initial yield stress, 7, it is seen from Fig. 9 that 


A=¥yexp—Br. [3] 


Eq. 2 can then be written 


From Eq. 2 the value of B for a constant temper- 
ature is also given by 


[5] 


where y, is the creep rate just previous to the addi- 
tion of a stress increment, Az, and y, .. is the creep 


Table III. Critical Resolved Shear Stress of Magnesium Crystals at 
Room Temperature 


Ap- Stress 
prox- 

imate Aver- 
Im- Strain Range, age 

purity Sensi- Method Gper Gper 

Investigator Content tivity of Test Sq Mm Sq Mm 
Schmid*1 — — Tension 57to127 83 
Bakarian and Mathewson™ 0.02 — Tension 71 to 84 78 
Burke and Hibbard22 <0.05 10-6 Tension 40to50 46 
Krashes and <0.05 107“ Tension 18 to 50 32 
Nash and Sheely”? <0.05 10 Tension 30 to 50 38 
Hsu and Cullity™* 0.02 — Tension — 66 
Hsu and Cullity* 0.02 — Torsion — 38 
This investigation <0.05 105 Tension 40 to65 53 
This investigation <0.05 10- Shear 55 to 80 68 


rate immediately after the addition. The values of B 
obtained by means of Eq. 5 for a series of tests on 
one crystal were independent of the total stress and 
strain. Although equal stress increments gave good 
reproducibility in the value of B, there was an in- 
crement size effect whereby the larger stress in- 
crements generally gave smaller values of B and 
vice versa. This effect can probably be attributed to 
the method used to determine the creep rate im- 
mediately following the addition of a stress incre- 
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ment, rather than due to the size of the increment 
per se. The larger stress increments generally pro- 
duced greater amounts of strain during the first 
0.5 min and, consequently, the average rate based 
on this period was farther removed from the in- 
stantaneous rate than was the case for the smaller 
increments. Fig. 10 shows how B varied with the 
initial creep rate for tests at 78° and 203°K. An 
extrapolation to zero initial creep rate gives a value 
of B = 0.65 +0.15 sq mm per g, independent of tem- 
perature. 

The value of B at 298° and 364°K was also 
affected by the length of the time interval at the 
previous stress. For long times, more than 150 
min at 298°K or more than 15 min at 364°K, values 
of B were obtained which were higher than ex- 
pected for a given stress increment. This is prob- 
ably related to recovery occurring at these tem- 
peratures. 

Fig. 11 gives the band (0.35 to 0.76 sq mm per g) 
in which 95 pct of the values of B obtained by Eq. 5 
fell for all creep tests (228 in number), with time 
intervals of 1 min to 120 min and stress increments 
of 1 to 10 g per sq mm. The lower values of the band 
were generally associated with the larger stress in- 
crements and shorter time intervals, and the upper 
values with the smaller increments and longer times. 
The open circles are the average for tests with 5 g 
per sq mm increments and previous time intervals 
of 15 min or less. Fig. 11 indicates that the value 
of B is essentially independent of temperature ex- 
cept for the longer time intervals at the higher 
temperatures. 


Effect of Temperature Changes—Several tension 
tests were run in which the temperature was 
changed between tests. The procedure was to load a 
crystal incrementally at one temperature, record the 
creep curves, unload, change the temperature of the 
specimen, and then incrementally reload, again re- 
cording the creep curves. From these tests a com- 
parison was made between the stress which pro- 
duced the final creep rate at the previous tempera- 
ture, and the stress required to produce the same in- 
itial creep rate at the new temperature. The final 
creep rate was taken from the slope of the previous 
creep curve, while the initial rate was determined 
by the amount of strain occurring during the first 
14 min after the addition of a stress increment at 


1.6 
& = 
r 
1.2 
} 
N 4 
E 0.8|— = 
E 
28) — + 
= 
Tele 200 300 400 
emperature °K 
Fig. 11—Variation of B, in the expression y — A exp B 


(t — hy), with temperature. Band represents 95 pct of val- 
ues from 228 creep tests. Open circles are average values for 
5 g per sq mm increments and less than 15 min intervals. 
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Fig. 12—Effect of increasing the temperature from 78° to 
364°K on the stress-strain curve. 


the new temperature. Generally 2 g per sq mm in- 
crements were added every minute initially, and the 
stress at the new temperature which produced the 
same creep rate as the final rate at the previous 
temperature was estimated to the nearest 1 g per sq 
mm by interpolation of the linear plot of the loga- 
rithm of the initial creep rate vs (r — h y), where y 
was the total strain at the new temperature. Both 
increases and decreases of temperature were in- 
vestigated. The range covered was the same as that 
of the constant temperature tests, namely, 78° to 
364°K. 

The results from these tests are given in Table V. 
Typical stress-strain curves are shown in Figs. 12 
and 13 for a variety of temperature combinations. 
The following observations were made from these 
tests: 

1) When the temperature was decreased from 
298° to 203°K or increased from 78° to 203°K the 
change in stress required to maintain a constant 
strain rate (stress equivalence of the temperature 
change) was approximately equal to the difference 
in the average initial yield stress for the two tem- 
peratures. This change represents a_ reversible 
change in the flow stress, since recovery does not 
occur for these temperature changes. In comparison, 
the reversible change in flow stress of aluminum and 
copper crystals for a given temperature change in- 
creased with strain to 10 to 15 pct elongation and 
thereafter settled down to a constant ratio of flow 
stresses.” * 

2) When the temperature was decreased from 
364° to 298°K, an increase in stress of 6 to 7 g per 
sq mm was required to produce the same strain rate, 
in spite of the fact that the average initial yield 
stress at 364°K, Fig. 5, is approximately equal to or 
slightly higher than that at 298°K. 

3) When the temperature was increased from 
203° to 298°K, or from 298° to 364°K, a greater de- 
crease in stress was required to give the same strain 
rate than that associated with the effect of tem- 
perature on the initial yield stress. This larger dif- 
ference is associated with recovery and contributes 
an irreversible change in the flow stress, in addition 
to the reversible change. 

4) The strain-hardening coefficient for a given 
temperatute was independent of the previous strain 
history. For example, see Fig. 13 and compare h at 
298°K for crystal 35B in Table V with 35 and 35A 
in Table II. Rosi and Mathewson™ likewise indicated 
that the strain-hardening coefficient for easy glide 
in aluminum crystals was unaffected by previous 
straining at another temperature. On the other hand, 
Cottrell and Stokes” and Adams and Cottrell” found 
work-softening to occur when aluminum and cop- 
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Fig. 13—Effect of temperature changes on the stress-strain 
curves at 203°, 298°, and 364°K. 


per crystals were strained at higher temperatures 
after previous straining at lower temperatures, be- 
yond the region of easy glide. 

5) The data of Table V are not too clear on the 
effect of strain history on the value of B, due in 
part to the scatter in the data. In general, B is rela- 
tively independent of strain history. However, the 
values of B at 203° and 298°K after previous strain- 
ing at 78°K are slightly lower than expected. Also, 


Table IV. Value of (t — hy) for an Initial Creep Rate of Min * 


(7 — hy), 
Crystal Type of Test G per Sq Mm 
78°K 
22A Tension 117 
29 Tension 130 
Avg 124 
203°K 
23 Tension 69 
35B Tension 71 
Avg 70 
298°K 
22 Tension 42 
32 Tension 53 
32A Tension 60 
35 Tension 43 
Tension 52 
36 Tension 48 
52 Tension 54 
11-1 Shear 48 
11-3 Shear 52 
11-3A Shear 52 
Avg 50 
364°K 
34 Tension 70* 
35C Tension 66* 
40-3 Shear 47 
Avg 61 


* Extrapolation of data for stress >78 g per sq mm. 


the values of B (determined from a comparison of 
strain rates before and after a stress increment) at 
298° after previous straining at 364°K are slightly 
higher than expected. No explanation can be offered 
for these effects. 


Discussion 

An attempt was made to interpret the plastic 
flow of magnesium single crystals in terms of the 
formal theories.-* None of the theories was found 
to be in accord with all of the observed facts. The 
major disagreement was with regard to the ob- 
served effect of stress on the strain rate, i.e., that it 
was of the form y « e’”, where B is independent of 
temperature. In view of the lack of agreement with 
the formal theories it was decided to describe the 
flow of magnesium single crystals by means of an 
empirical equation based on the experimental data. 

A plot of the initial yield stress obtained in the 
present tension tests vs the reciprocal of the abso- 
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Table V. Effect of Change of Temperature on Stress, Coefficient of Strain-Hardening, and the Constant, B 


B,# Sq Mm perG 


Temperature st hl G 
Crystal Change, °K 10+ oe Min t,= Min G per Sq Mm per Sq Mm Method 1 Method 2 
29 T* 78 1 350 0.61 0.41 to 0.74 
78 to 203 12 = 65: 335 0.19 0.26 to 0.43 
203 to 298 6.1 600 —48 75 0.33 0.41 to 0.58 
298 to 364 20.1 60** —41 24 0.66 0.58 to 0.75 
23. «iT 203 15 300 0.56 0.46 to 0.66 
203 to 298 2.4 600 = 99 92 0.49 0.49 to 0.76 
29 4 months 140 0.49 0.46 to 0.84 
298 to 364 6.0 60** on 36 0.56 0.89 to 0.95 
364 to 298 22.0 60 6 188 0.54 0.66 to 1.07 
298 to 203 3.5 15 15 400 0.46 0.50 to 0.64 
203 to 298 3.5 60 —25 140 0.44 0.55 to 0.95 
35B T 203 15 355 0.42 0.44 to 0.54 
203 to 298 7.2 600 —25 100 0.57 0.57 to 0.73 
35C T 364 60** 27 0.65 0.36 to 1.55 
364 607+ 80 0.58 0.73 to 1.34 
364 to 298 15.0 60 7 260 0.40 0.81 to 1.15 
298 to 364 5.0 60** —20 77 0.46 0.55 to 1.23 
364 to 298 9.3 60 6 280 0.46 0.69 to 0.97 
298 to 364 3.9 60** 219 80 0.40 0.55 to 1.13 
40-3 'S 364 60** 30 0.38 0.37 to 0.43 
364 to 298 39.0 60 6 150 0.51 
*T = tension; S = shear. 
ty = creep rate just previous to temperature change. 
} = = time at new temperature previous to reloading. 
bs $ Ar = T2 => Th where re = shear stress at new temperature which produced the same value of y as that just previous to the tempera- 
ture chanse and tr = shear stress acting previous to temperature change. 
| R = strain-hardening coefficient; i-e., slope of stress-strain curve derived from creep tests. 
= 5B = constant given in the equation y = A exp B (r+ — hy): method 1, from slope of plot of log initial creep rate vs (r — hy); 


method 2, from comparison of creep rates previous to and subsequent to the addition of a stress increment. 
~. Specimen heated in silicone oil bath as temperature of bath was changed from 298° to 364°K. 
ry Specimen rested at room temperature for three months previous to running this series of tests. 


lute temperature gives a straight line, Fig. 14. Simi- 
larly, the data of Schmid and Siebel™™ yield a 
straight line parallel to that of the present tests. 
This procedure leads to the following expression 
for the variation of the initial yield stress, 7, with 
temperature in the temperature range of the data 


m= a [6] 


where a is 26 g per sq mm, from the present data, 
and 5 is 8.0 x 10°°K g per sq mm. 


Substituting a@ + for + in Eq. 4 gives the 


following expression for the flow rate of magnesium 
crystals 


—Bb 
y= y exp (— Ba) exp )exps (;—hy). 
[7] 
Letting 
y exp (— Ba) =C [8] 


and assuming a thermally activated process with an 
activation energy 
Bb k [9] 


Eq. 7 can be rewritten to give 


—AH 
y = Cexp —— expB(r—hy) [10] 


where C is a constant having the dimensions of 
time”. The effect of stress and temperature given by 
Eq. 10 is in agreement with that observed by Dorn 
and his co-workers® for the creep of polycrystalline 
aluminum at high temperatures, i.e., greater than 
half of the melting temperature. 

Taking B = 0.65 sq mm per g and y, = 10% min”, 
Eqs. 8 and 9 give C = 4.5 x 10” min™ and AH = 
10,300 cal per g atom, which is approximately one 
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third the value of the activation energy for self- 
diffusion in magnesium crystals.* A physical inter- 
pretation of this activation energy cannot be offered 
at this time. 

Strain-hardening in hexagonal metals may be due 
to the elastic interaction of dislocations accumulated 
in the crystal during slip, in which case the change 
in strain-hardening coefficient with temperature 
should be no greater than the change of shear mod- 
ulus with temperature and hence relatively inde- 
pendent of temperature.” ‘ The fact that h for mag- 
nesium crystals was found to be constant in the 
temperature range of 78° to 203°K where no re- 
covery occurs is consistent with this idea. In view 
of this, the total elastic interaction, 7,, can be rep- 
resented by 


[11] 


where 7°, represents the stress field associated with 

the original dislocation network in the crystal, Le., 

before straining, and z_ (y) is equal to hy. The h 

can vary with temperature (and strain-rate) in the 

temperature range.in which recovery occurs. 
Combining Eqs. 10 and 11 gives 


— AH 
exp exp B (17 — te) [12] 


where 
C = C* exp (— Br'e). [13] 
From Eq. 12 the flow stress is given as 
tT=7t—1/Bln ap [14] 
BkT 


Eqs. 12 and 14 differ from those given by Seeger® * 
in that the activation volume, v, equals BkT rather 
than being independent of temperature. 

Eq. 14 indicates that the reversible change in 
flow stress with temperature is independent of prior 
strain history. This is supported by the data in 
Table VI where, for a given temperature change, 
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the change in flow stress for zero strain (change in 
initial yield stress as predicted by Fig. 14) is ap- 
proximately equal to the reversible change in flow 
stress after appreciable amounts of strain (10 to 
100 pet). The irreversible change in flow stress 
which occurred for an increase in temperature above 
203°K can then be attributed to a decrease in 7, 
resulting from recovery during heating to the 
higher temperature. 

Seeger” * suggests that 7°, is given by the rela- 
tively flat portion at higher temperatures of the 
initial yield stress vs temperature curve. The data 
in Fig. 5 for the present tests can be interpreted to 
indicate a constant value of approximately 60 g per 
sq mm for the initial yield stress above 250°K. 
However, since the higher initial yield stress in ten- 
sion at 364°K as compared to 298°K may be associ- 
ated with yield phenomenon, there is some question 
as to whether the average value of the initial 
yield stress in this temperature range is actually 
7. Furthermore, as indicated above, it was found 
that the flow stress increased by 6 to 7 g per sq mm 
when the temperature was decreased from 364° to 
298°K. This increase is somewhat larger than antici- 
pated from the change of elastic constants of mag- 
nesium with temperature.” It might, however, be 
explained in terms of recovery, in which case the 
reversible change in flow stress between 364° and 


Table VI. Stress Equivalence of a Temperature Change 


Ar — G per Sq Mm 


Temperature Change, °K Initial Yield Stresses* Flow Stressest 


78 to 203 —62 —65 
298 to 203 14 15 
364 to 298 5 6 


* Taken from Fig. 14. 
y Average values from Table V. 


298°K would be rate sensitive. The data of the 
present tests do not permit an evaluation of this. 


Summary 

Stress-strain curves for magnesium single crys- 
tals were determined by incremental tensile creep 
tests in the temperature range of 78° to 364°K. 
Similar tests were made in direct shear at 298° and 
364°K. The results from these tests can be sum- 
marized as follows: 

1) The limiting stress for macrocreep of mag- 
nesium single crystals (the initial yield stress) was 
found to increase linearly with the reciprocal of the 
absolute temperature, in the temperature range of 
the data. The value of this limiting stress at room 
temperature, 53 g per sq mm, is essentially the same 
as the critical resolved shear stress obtained in con- 
stant loading-rate tensile tests by other investigators. 

2) The strain-hardening coefficient was constant 
in the temperature range of 78° to 203°K, but de- 
creased at higher temperatures; the decrease is at- 
tributable’ to recovery. The constant coefficient, in 
the absence of recovery, is consistent with the idea 
that strain-hardening in hexagonal metals is associ- 
ated with the elastic interaction of accumulated dis- 
locations. 

3) The strain-hardening coefficient of mag- 
nesium crystals over the entire temperature range 
of 78° to 364°K was found to be independent of 
prior strain history. 
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Fig. 14—Initial yield stress as a function of 1/T°K. 


4) From the present results, the strain rate, y, 
of magnesium single crystals could be related to the 
applied stress, 7, and temperature, T, by the ex- 
pression 

y=C ( ti ) B h 
exp exp B (r y) 


where B and C are constants, y is the strain, and h 
is the strain-hardening coefficient. The activation 
energy AH derived from this expression is 10.3 kcal 
per g atom. 
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Technical Note 


Comparison of the Strength of Sintered Carbides 


by Joseph Gurland 


See carbide-cobalt compositions were pre- 
pared for the purpose of determining the trans- 
verse rupture strength of various carbide-binder 
systems. The binder content was held at 10 and 37 
volume pct Co, so as to be representative of low and 
high binder compositions. The carbides used, WC, 
TiC, TaC, CbC, VC and ZrC, were selected on the 
basis of availability, knowledge of their properties, 
and small solid solubilities in the binder metal at 
room temperature. 

The methods of preparation and carbon analysis 
of the carbides are summarized in Table I. 

The carbides with cobalt added were ball milled, 
pressed, and sintered. Vacuum sintering was used 
throughout, except for the WC-Co alloys, which 
were sintered in hydrogen. The sintering tempera- 
tures ranged from 2500° to 2750°F for the low 
binder alloys and from 2300° to 2550°F for the high 
binder alloys. 

Compositions and properties of the sintered com- 


J. GURLAND, Member AIME, is associated with Brown Univer- 
sity, Providence. 
TN 388E. Manuscript, Aug. 13, 1956. 


pacts are presented in Table II. For the transverse 
rupture strength, the average and range of the five 
best samples of each alloy are listed. Discrepancies 
between the actual and theoretical densities are 
attributed to carbon deficiencies in some samples. 
The theoretical densities were calculated by assum- 
ing mixtures of carbides of stoichiometric composi- 
tions and cobalt. 

Representative microstructures are shown in Figs. 
1 to 6. The porosity was A-2 or better’ in all alloys 
except those with ZrC. A grain size of about 3 » was 


Table |. Preparation and Carbon Contents of Carbides 


Analyses 
Carburi- Theo- 
zation Total Graphitic retical 
Raw Temper- Carbon, Carbon, Carbon, 
Carbide Materials ature, °F Pet Pet Pet 
2650 6.14 0.05 6.13 
ic TiOg, C 3800 19.2 0.3 20.0 
TaC TavOs, C 4000 6.20 0.05 6.23 
CbC Cb205, C 3800 11.76 0.32 11.45 
VC V205, C 3275 18.97 0.19 19.08 
ANE ZrOz, C 4000 11.58 0.31 11.64 


Table II. Composition and Properties of Carbide-Cobalt Compacts 


Density, Transverse Rupture Strength, 
G per Cu Cm x108 Psi 
Volume Hardness, 

Pct Co Carbide Wt Pct Co Actual Theoretical Ra Average Range 
37 wc 25.0 13.04 13.05 83 346 305 to 381 
hac 26.5 12.41 12.44 82% 269 230 to 295 
if by 4 51.6 6.44 6.38 85 254 243 to 273 
CbC 40.3 8.19 8.18 83 205 194 to 220 
VC 49.3 7.00 6.75 83 Ye 183 175 to 194 
ZrC 43.8 7.25 7.51 83 113 90 to 125 
10 wc 6.0 14.89 14.90 91% 241 221 to 266 
TaC 6.37 13.74 13.96 884 163 150 to 182 
Tic 16.8 OLD 5.30 91% 162 126 to 178 
CbC L113 7.90 7.87 88% 132 125 to 146 

vc 15.6 6.18 5.71 87 83 76 to 89 

ZrC 12.9 6.70 6.92 — 37 31 to 42 
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Fig. 1—Micrograph of 75 pct WC-25 
pct Co alloy. X1500. Reduced ap- 
proximately 30 pct for reproduction. 


Fig. 4—Micrograph of 59.7 pct CbC- 
40.3 pct Co alloy. X1500. Reduced ap- 
proximately 30 pct for reproduction. 


attained in all cases, except with ZrC. The latter 
carbide showed appreciable porosity, and it is not 
believed that the greatest strength was reached in 
the low binder alloy. The microstructure of ZrC and 
cobalt reveals an unidentified light gray constituent 
around the carbide grains. Similar observations on 
the difficulty of obtaining good properties and on the 
presence of another phase were made by Kieffer.’ 
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Fig. 7—Relation of strength and elastic modulus. 
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51.6 pet Co alloy. X1500. Reduced ap- 
proximately 30 pct for reproduction. 


Fig. 5—Micrograph of 50.7 pct VC- Fig. 6—Micrograph of 56.2 pct ZrC- 
49.3 pct Co alloy. X1500. Reduced ap- 


proximately 30 pct for reproduction. 


26.5 pct Co alloy. X1500. Reduced ap- 
proximately 30 pct for reproduction. 


43.8 pct Co alloy. X1500. Reduced ap- 
proximately 30 pct for reproduction. 


In an effort to relate the different strengths of the 
carbide-binder systems to a fundamental property 
of the carbides, the transverse rupture strengths 
were plotted against the elastic moduli of the car- 
bides used, Fig. 7. The elastic moduli are literature 


Table III. Young’s Modulus of Elasticity of Carbides” 


Carbide Young’s Modulus, Psi 
wc 102 x10¢ 
TaC 56.8x10¢ 
Lic 45.8x10¢ 
CbC 49.3x106 
vc 37.0x10¢ 
ZrC 19.9x106 


values,’ Table III. There seems to be a fair relation 
since, for systems with different carbides but similar 
grain sizes and binder contents, the strength in- 
creases with the elastic modulus of the carbides. 
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Action of Vibration on Solidifying Aluminum Alloys 


Acoustic energy is introduced into small melts of solidifying aluminum alloys 
using a metal probe vibrating at 8 kc per sec. Several changes caused by this treat- 
ment are observed in the solidified ingots. These include size reduction of inter- 
metallic crystals, a decreased gravity segregation of these crystals, grain refinement, 
and porosity reduction. No large increases of tensile strength are observed. The 
power radiated into the melt is estimated by a calorimetric method. It is shown that 
a cavitation mechanism is in qualitative agreement with the observations. 


by P. D. Southgate 


IBRATION, both ultrasonic and sonic, can affect 

the course of a variety of metallurgical processes. 
Reports of work on this subject have appeared at 
intervals over the last twenty years and a thorough 
review has been made by Hiedemann,* who gives a 
full list of references. It has been established that 
both refinement of structure and outgassing of the 
melt can be produced in most metals with sufficiently 
intense vibration. Many of the experiments in this 
field have been carried out using alloys of direct 
commercial interest in production type casting 
equipment. Here a different approach is adopted, 
and simple binary alloys which exhibit different 
types of structure are used to facilitate examination 
of the effects produced under well-controlled condi- 
tions. Results from this kind of experiment should 
enable the basis of larger scale experiments with 
similar types of materials to be better substantiated. 
The alloys selected for this work are: 1) aluminum 
of 99.2 pct purity, the principal impurity being iron, 
near 0.4 pct; 2) Al-1.8 pct Fe, which is near eutectic 
composition; 3) Al-4 pct Fe—the second phase, of 
composition FeAl,, forms distinct acicular crystals; 
and 4) Al-12 pct Si—although this is of eutectic 
composition, the silicon normally appears in the 
form of large plates. 


Experimental Method 
There are three practicable methods by which 
acoustic vibration can be transferred to liquid 
metals: a) vibration of the whole of the container; 
b) electromagnetic induction; and c) insertion of a 
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vibrating probe into the liquid. Method c is chosen 
here, and a frequency of 8 ke per sec is used. The 
end of the probe is electrically heated so that the 
metal near it will be the last to solidify. This ensures 
that vibration is transmitted directly to the liquid 
metal without passing through any solidifying and 
pasty intermediate region, which would attenuate 
acoustic waves severely. In addition, the heating 
prevents solid metal adhering to the probe, with 
consequent detuning. 


The transducer assembly is shown in Fig. 1. A 
stack of Permendur laminations 30 cm long acts as 
a half-wave vibrator and a winding along its length 
carries polarizing and energizing currents. It is 
joined by a half-wave coupling bar to a mild steel 
exponential horn, which tapers from 3.8 to 1.1 cm 
diam. A stainless steel stub 3 cm in length is welded 
on the free end. The assembly is supported by a 
plate located at the node of the coupling bar. Acoustic 
radiation losses are minimized by allowing the free 
end of the transducer to protrude above the surface 
of the cooling water. The exponential horn serves 
the function of matching the acoustic output im- 
pedance of the transducer to the radiation resist- 
ance of the probe into the melt. Electrical drive is 
provided by a 1 kw generator. 


Measurements of probe vibration amplitude dur- 
ing melt treatment are obtained from a gramophone 
pick-up with the needle attached to the wide end 
of the horn. This device is calibrated with a micro- 
scope before use. 

Liquid aluminum is very actively erosive and 
solution of materials with which the molten metal 
comes into contact causes difficulties. Erosion of the 
probes in particular can be severe since it is greatly 
accelerated by the vibration. Tests of various acous- 
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tically suitable materials show that stainless steel 
is only slightly attacked, however. 

After preliminary experiments, in which the liquid 
aluminum was cast into plumbago crucibles, an in- 
sulated mold apparatus was constructed. The metal 
1s poured in this from the bottom of a gas fired fur- 
nace through a stream divider into two horizontal 
molds 30 cm long and approximately 6 cm sq. These 
are constructed of alumina-coated insulating brick, 
and each has a probe inserted at one end, one live, 
the other a dummy. The opposite end of each mold 
is water-cooled. The metal thus solidifies from this 
end, solidification times varying from 2 min (at a 
distance of 3 cm) to 20 min (at the probe). Short 
metal pegs on the cooling plate prevent separation 
of the solidifying aluminum and consequent change 
in the rate of heat abstraction. A thermocouple is 
located 13 cm from the cooling end. 

The advantage of this form of apparatus is that 
the effects of gravity segregation can be clearly 
separated from those of varying cooling rate, since 
the two effects occur in perpendicular directions. A 
large variation of solidification time can be observed 
in a single ingot, and the close similarity of treat- 
ment of the pair of ingots ensures a good control 
sample. The insulating properties of the mold walls 
result in the solidification face being almost plane, 
thus eliminating shrinkage stresses or piping. 

The Al-Fe alloys are preheated to 850°C and 
stirred to prevent the intermetallic crystals sinking 
and failing to dissolve. The temperature is allowed 
to fall to 750°C before pouring. Preheating of the 
Al-Si is around 850°C, but is varied from sample to 
sample. No protective flux is used, so in the Al-Si 
alloys gas solution is marked. The molds are pre- 
heated to redness before pouring, and the probes 
are maintained above the melting point of the metal 
by their heating coils until they are removed. Cool- 
ing curves are recorded with galvanometer-amplifier 
instruments which give a continuous record, enabling 
relatively rapid fluctuations of temperature to be 
followed, such as supercooling of the melt. 


PERMENDUR 
LAMINATIONS 


POLARIZING AND 
EXCITING WINDINGS 


COOLING WATER ------------ 
Fig. 1—Diagram of 
transducer assembly. 
When operating, the 
radiating piston dips 
below the melt 
surface. 


NODAL SUPPORT------------- 


TRANSFORMER HORN ----------- BS 


RADIATING PISTON ------------- + 
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Fig. 2—Sections of crucible cast commercial aluminum in- 
gots with etched surfaces. The probe position is in a top 
corner of each ingot. LEFT: control. RIGHT: Treated. Probe 
vibration amplitude, 254. The vibration has produced con- 
siderable grain refinement over half the ingot. X12. Re- 
duced approximately 30 pct for reproduction. 


During the commercial aluminum and Al-Fe runs, 
the transducer vibrates continuously during the 
entire solidification time. With the Al-Si the period 
of treatment is varied. 

After casting, the ingots are sectioned longitudi- 
nally. One face is machined and etched for macro- 
scopic examination. Five tensile test pieces 4 cm in 
length are taken from fixed horizontal positions 
along the center section, and tested in a Hounsfield 
tensometer. Spectrographic analysis is carried out 
on one of the broken halves, and the other half is 
mounted and polished for microexamination. 


Results 


Commercial Aluminum and Al-1.8 Pet Fe—Experi- 
ments with commercial aluminum have been carried 
out both in plumbago crucibles and in the hori- 
zontal mold. In the crucible experiments grain re- 
finement is observed over most of the casting, see 
Fig. 2; whereas in the horizontai molds refinement 
is produced only near the probe. Columnar growth 
from the chilled face is unaffected by the vibration. 
It is evident that in the horizontal mold the small 
grain size is not due to impurities dissolved from 
the probe, for the small amount of metal which 
solidifies after probe removal has the coarse-grained 
structure of the control. 

Similar results to the above are obtained with 
Al-1.8 pct Fe. A supercooling of about 1.5°C is re- 
corded for both treated and untreated samples. The 
probe amplitude is about 25 » in all these experi- 
ments. 

Al-4 Pct Fe Alloy—Five runs were carried out 
with the Al-4 pct Fe alloy. During normal solidi- 
fication gravity segregation of intermetallic crystals 
occurs. Vibration can eliminate this completely, with 
an accompanying reduction in crystal length of 
about five times. Table I lists the treatments of the 
different ingots. Comparison of the figures in columns 
6 and 9 shows a fairly close association between 
crystal size reduction and gravity segregation re- 
duction. It seems a reasonable hypothesis that the 
smaller segregation is a consequence of the reduced 
size crystals in the treated ingot. 

Sections from the ingots of run No. 19 are shown 
in Fig. 3. Crystal size reduction is most marked in 
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Fig. 3—Sections of ingots of 
Al-4 pct Fe alloy cast in a 
horizontal insulated mold, with 
etched surfaces. right- 
hand end of each ingot is 
chilled, and the probe position 
is at the left-hand end. TOP: 
Control, showing gravity segre- 


gation of intermetallic needles. 
BOTTOM: Treated. Probe vi- 
bration amplitude, 16u. Inter- 
metallic crystal size and gray- 
ity segregation have been 
greatly reduced. XY. Reduced 
approximately 25 pct for re- 
production. 


Fig. 4—Sections of ingots of 
Al-12 pct Si alloy cast in a 
horizontal insulated mold, with 
etched surfaces. The  right- 
hand end of each ingot is 
chilled, and the probe position 
is at the left-hand end. TOP: 
Control, showing high porosity. 


this run. In the control ingot the gravity segregation 
of the crystals increases with distance from the 
chilled end and length of solidification time. There 
is no such effect in the treated ingot, showing that 
continuous vibration at the power level used here 
is effective over the whole range of solidification 
rates. Vibration does not seem to alter the grain 
size of the matrix of aluminum. Two typical micro- 
sections, taken from immediately below the probes 
of run No. 19, are shown in Fig. 5. The iron content 
of these particular samples is almost identical. 

In many regions of the treated sample the inter- 
metallic crystals have a fractured polygonal appear- 
ance. Adjacent crystals throughout the control speci- 
mens tend to form star-shaped patterns, but in the 
treated specimens these patterns are never seen in 
regions where size reduction has occurred. 

The tensile strength of Al-Fe alloys is dependent 
on composition. This dependence causes the major 
difference in strength between similarly located 
samples in the treated and control ingots. Taking 
this factor into account, there is no systematic dif- 
ference in strength between treated and control 
samples having the same composition, despite the 
difference in crystal size. 

Al-12 Pct Si Alloy—Four successful runs have 
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BOTTOM: Treated. Probe vi- 
bration amplitude, 30u. The 
pores have been greatly re- 
duced in size. X'¥. Reduced 
approximately 25 pct for re- 
production. 


Fig. 5—Micrographs from the 
probe end of the AI-4 pct Fe 
ingots of Fig. 3. The iron con- 
tent of both these samples is 
near 4 pct. LEFT: Control. 
RIGHT: Treated. X75. Re- 


duced approximately 25 pct for 
reproduction. 


been carried out using the AJ-12 pct Si alloy, with 
a probe amplitude of 30 uw. In each case a reduction 
of porosity is observed, but with considerable varia- 
tion between similarly treated samples. In the cast- 
ings shown in Fig. 4 the relative pore volume is 
reduced by more than 20 times, while in a similar 
run the reduction factor is only about 1.5. The cause 
of this variation cannot be determined from the 
small number of runs carried out. In one run the 
transducer was not switched on until after solidi- 
fication had commenced, and the treated ingot still 
shows reduction in porosity. 

Fig. 4 also shows that treatment accentuates a 
dark band lying along the length of the ingot near 
the center. Microscopic examination reveals a much 
finer structure in the dark band than in the light 
portion. It is suggested that eutectic formation has 
been promoted, but more work is needed to elucidate 
this effect. 

The average tensile strength of the treated Al-Si 
alloys is about 10 pct greater than the control. 


Acoustic Power Level 


A measure of the vibration power transferred to 
the melt would be very valuable, but unfortunately 
is difficult to obtain. Technical difficulties preclude 
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the use of refractory pressure-sensitive devices in 
the melt. Changes of transducer electrical input 
impedance when the probe is dipped in the melt are 
small, and are influenced by other factors, such as 
probe heating, so these cannot be used to measure 
power transfer. 

Temperature rise measurements on the metal in 
an electrically heated and insulated crucible of ap- 
proximately the same volume as the treatment mold 
show that a probe vibrating with an amplitude of 
34 » radiates 20 w into the melt. This power meas- 
urement gives a guide to the vibrating pressure 
amplitude during treatment. Calculations on the 
basis of the radiation resistance into an infinite 


medium give a theoretical dissipation of the order 
of 18 w. 


Discussion 

Four definite effects have been demonstrated in 
these experiments: a) the reduction of the grain size 
in commercial aluminum east into cold crucibles, 
b) the reduction of intermetallic crystal size in 
hypereutectic Al-Fe alloys, c) decrease of gravity 
segregation in these alloys, and d) degassing of Al- 
12 pct Si alloys. It also seems likely that vibration 
alters the structure of Al-Si alloys in some regions. 
These results agree in most respects with those ob- 
tained by other workers using frequencies of the 
order of 10 ke per sec. At widely differing fre- 
quencies, different effects might be expected. This 
is indeed indicated by the results of Rostoker and 
Berger.” 

In Al-Fe alloys the effects seem to occur at rela- 
tively small levels of acoustic power, being consid- 
erable even in run No. 18, where the acoustic input 
was calculated to be only of the order of 1 w. The 
distribution and size of intermetallic crystals do not 
change throughout the length of the treated ingot, 
indicating that these parameters are not very de- 
pendent on the duration of treatment over the range 
used. 

Grain refinement appears to require a higher 
power density than that needed for intermetallic 
crystal size reduction. In the longitudinal mold ap- 
paratus, grain refinement only occurs near the probe, 
where the acoustic power is high. In the crucible 
castings more metal is refined but the total volume 
is less, and hence the power density is greater. 
There is no definite indication of the threshold of 
power for outgassing the Al-Si alloys. 

Size reduction of both grains and intermetallic 
crystals can occur in two ways: a) by the breakup 
of crystals or dendrites which have already formed, 
or b) by an increase in the rate of nucleation. These 
two mechanisms are related, since small fragments 
of a large crystal form nuclei for new crystals. It 
seems that both these processes have taken place in 
these experiments. The reduction of supercooling in 
the Al-12 pct Si shows that nucleation can be 
affected by vibration. In the Al-4 pct Fe, on the 
other hand, the fractured appearance of the crystals 
would not be expected to be a consequence of in- 
creased nucleation rate. 

It has been suggested® ‘ that cavitation is respon- 
sible for outgassing of melts by vibration, and also’ 
for grain refinement. Cavitation voids form on the 
negative pressure part of the vibration cycle, and 
can grow into gas bubbles. If this does not occur, 
they usually collapse on the positive pressure part 
of the cycle, generating large local pressures.” It is 
reasonable to suppose that these forces will fracture 
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solid particles in the immediate vicinity of the void. 
Nucleation of cavitation voids will occur on particles 
suspended in the melt if the negative pressure is 
sufficient to overcome both the atmospheric pressure 
and the adhesive force between the liquid and the 
nucleus. 

A different mechanism of crystal breakup was 
proposed by Schmid and Roll,’ which involves the 
viscous force acting on the crystals. These authors 
found good numerical agreement when their theory 
was applied to Wood’s metal. It is doubtful whether 
the mechanism applies here, though, since it pre- 
dicts as marked a breakup of hypoeutectic alloy 
dendrites as of hypereutectic intermetallic crystals. 


Table |. Effect of Vibration on Al-4 Pct Fe Alloys 


Crystal 
Lengths in Gravity 
Section, Mm Segregation} 
Probe 
Ampli- Casting Size 
Run tude, Temper- Con- Reduc- Con- Disper- 
No. I ature,°C trol Treated tion* trol Treated sion* 
13: 30 765 3.2 0.8 4 0.8 0.2 4 
14 38 770 3.0 0.6 5 — —_ — 
18 7 780 0.8 0.3 2.7 0.9 0.3 3 
19 16 775 5 0.5 10 1.5 0.2 Y iss 
20 16 763 2.4 0.4 6 YX 0.4 2.8 


* Ratio of previous two columns. 

+ Spectrographic analyses are made at upper, center, and lower 
parts of a vertical line through the ingot center. This column gives 
the rms deviation from the mean of the percentage of iron content 
of these three samples. 


It seems that in the Al-4 pct Fe alloy the inter- 
metallic crystals do not nucleate solidification of the 
remaining melt, judging by its independently coarse- 
grained structure. Adhesion between the melt and 
the crystals must therefore be low. Hence, they 
should form nuclei for cavitation bubbles. Dendrites 
of hypoeutectic alloys, on the other hand, adhere 
well to the melt, since solidification is a continuous 
process. Here, then, the acoustic power for breakup 
would be expected to be larger, which is in fact 
observed. Calculated pressure amplitudes support 
this argument, since a radiated power of the order 
of 1 w (run No. 18) corresponds to a pressure ampli- 
tude of about 1 atm. This is sufficient to produce 
cavitation on nuclei with low adhesion to the melt, 
but not on those having high adhesion. 

Thus, these observations of crystal breakup are 
consistent with the cavitation hypothesis. Further 
experiments are needed, however, to substantiate 
this hypothesis and to determine the thresholds of 
power and time of treatment. 
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Chemical Activity of Polycrystalline CusAu—Experiments Relating to the Mechanism 


of Stress-Corrosion Cracking of Homogeneous Solid Solutions 


by Robert Bakish and William D. Robertson 


JOURNAL OF MeETALs, October 1956; AIME Trans., 1956, vol. 206, pp. 1277-1282. 


David J. Mack (University of Wisconsin, Madison, 
Wisc.)—Have the authors considered that the effects 
reported in their paper are readily explainable on the 
basis of equilibrium grain boundary segregation rather 
than ordering? It seems to the writer that all of their 
experiments and observations correlate well with 
known behavior associated with equilibrium grain 
boundary segregation. 

Although at first glance one would tend to dismiss 
such a possibility because of the similarity of the gold 
and copper atoms, their sizes differ by 12.8 pet which 
is in the range where segregation at grain boundaries 
would be expected. Then, too, the electrochemical dif- 
ferences between the copper, the Cu;Au, and the gold 
strongly suggest that a segregation mechanism is in- 
volved in the corrosion of the Cu-Au alloys. 


R. Bakish and W. D. Robertson (authors’ reply)—The 
authors would like to thank Dr. Mack for his consid- 
eration of the problem of grain boundary segregation 
as an explanation of the observed phenomena. We had 
considered the problem in the following terms: 

Assuming a pure binary Cu-Au alloy and an ideal 
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solid solution, the surface excess, I, = Ns‘ — No, of the 
second component (gold) may be expressed in the 
following way” 

1 — exp (—6a/kT) 


N, exp (—6a/kT) + N>2 


where 56 is the difference in surface tension of copper 
and gold, y:— yz, and a is the surface area per atom. 
In the present case, 8 is positive which implies that 
the component in excess at the boundary is gold. Since 
the only chemically active component in ferric chloride 
is copper, it does not appear that the segregation of 
gold is likely to increase the boundary activity. 

A small concentration of a third component could 
profoundly affect the situation. Analysis indicated on- 
ly spectrographic traces of impurities, all of which are 
soluble in both copper and gold. Quenching experi- 
ments, reported in the paper, also tended to eliminate 
significant effects attributable to a third component. 


= N2- 


20 R. Speiser and J. W. Spretnak: Stress Corrosion Cracking and 
Embrittlement. 1956, p. 97. New York. John Wiley & Sons Inc. 
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Deformation and Recrystallization of Silicon Iron 


by George Wiener and Robert Corcoran 


JourNAL or Metats, August 1956; AIME Trans., 1956, vol. 206, pp. 901-906. 


C. G. Dunn (General Electric Co., Schenectady)— 
The authors have presented an interesting paper cov- 
ering such points as hardness, microstructure, composi- 
tion, and textures. For the most part, the discusser 
agrees with their interpretations of the data including 
the circumstance for the retention of portions of the 
cold rolled texture. However, my preference in term- 
inology for the low angle recrystallization of grains of 
the (001)[110] orientation would be their alternate 
term polygonization or wunrecrystallized areas. Also 
I would like to draw attention to the recrystallization 
behavior of the (001)[110] orientation in a bicrystal 
having, after 70 pct cold rolling, this orientation and 


the (111)[112] orientation which was reported two 
years ago.” The two crystals were in the form of two 
layers, one above the other. On annealing at 980°C for 


various periods of time, the crystal in the (111) [112] 
orientation recrystallized rapidly to a fine grained 
structure while the crystal in the (001)[110] orienta- 
tion recrystallized slowly to a coarse grained structure. 
Annealing at lower temperatures would, I feel certain, 
lead to the retention of the (001) [110] orientation and 
recrystallization with reorientation away from the 


(111)[112] orientation, which is what the authors 
found in their polycrystalline samples. 

In the discussion of Table I the authors pointed out 
that unrecrystallized areas had softened by about 90 
pet. This is the same phenomenon reported by Dunn 
and Daniels,* who obtained essentially 100 pct soften- 
ing in 1 min at 800°C and considerable softening near 
600°C. The discusser’s sample was a single crystal in 
the (112) [110] orientation, which had been cold rolled 
20 pet. It was thought that polygonization or subgrain 
growth may have been involved. More recently Hib- 
bard and Dunn’ obtained evidence of polygonization 
near 700°C in weakly bent single crystals, but no 
attempt has been made to correlate such microstruc- 
ture data with hardness. 


The authors refer to work** on recrystallization in- 


volving single crystals in the (111) [112] cold rolled 
orientation by saying that the textures after recrystal- 
lization were best described as (110) [001]. I wish to 
emphasize that the texture did have (110) [001] as a 
strong component, but that there were also a number 
of specific weak components for primary recrystalliza- 
tion at 980°C. If primary recrystallization occurred at 
about 550°C, however, the (110) [001] component was 
considerably weaker, and there also were two rather 
strong (120)[001] type components. Thus there was a 
pronounced effect of temperature on recrystallization. 

I should like to amplify the authors’ reference to 
grain growth in my samples playing a role after pri- 
mary recrystallization by summarizing some of the re- 
sults obtained. Magnetic torque measurements on disk 
specimens provided part of the important data. An- 
nealing at 980°C after recrystallizing at 550°C lead to 
normal grain growth and some increase in the 
(110) [001] component. Direct recrystallization at 
980°C, however, produced a stronger (110) [001] com- 
ponent. Further annealing at 980°C, according to 
torque data, produced about a 5 pct increase in the 
(110) [001] component after which it completely van- 
ished due to secondary recrystallization. The increase, 
which occurred prior to secondary recrystallization, 
could only be explained in terms of small grains in 
deviating orientation being removed by growth of 
(110) [001] grains. However, such growth could not 
remove grains in deviating orientation when they 
were above a critical size. The larger grains of this 
kind grew and finally produced secondary recrystal- 
lization. 


8C. G. Dunn and F. W. Daniels: AIME Trans., 1954, vol. 200, p. 
1313; JourNAL or METALS, November 1954. 

®W. R. Hibbard, Jr. and C. G. Dunn: Acta Metallurgica, 1956, 
vol. 4, p. 306. 

10C, G. Dunn: AIME Trans., 1954, vol. 200, p. 549; JourNaAL oF 
May 1954. 


Effect of the Annealing Temperature on the Formation of the Cube Texture 


by Alfonso Merlini 


JourNaL OF Merats, August, 1956; AIME Trans., 1956, vol. 206, pp. 967-972. 


C. G. Dunn (General Electric Company, Schenectady ) 
—The author has obtained important results concern- 
ing texture changes that occur following primary re- 
crystallization; more data of this kind are needed, I 
believe, to clarify the mechanisms involved. My own 
work along these lines has been with Si-Fe. However, 
some time ago I pointed out the importance of growth 
processes in a paper partly concerned with the subject 
of the cube texture in copper.” 

If we consider the effect of temperature on the pri- 
mary recrystallization texture—and this is important 
in the two theories discussed by the author—it seems 
to me that the present results provide little information 
on this point. The data needed are the textures ob- 
tained after completion of primary recrystallization 
and not after subsequent grain growth. Two recent 
papers on Si-Fe treat this problem and also the prob- 
lem of grain growth under rather ideal conditions.” 
The effect of annealing on textures could be followed 
with considerable accuracy. Since the results lead to 
different conclusions from those of the author, I would 
like to summarize some of this work on Si-Fe. 

Two groups of samples from a single cold rolled 
erystal provided material for 1) quantitative pole fig- 
ures, 2) transmission Laue patterns, 3) microstructures, 
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and 4) texture data from magnetic torque tests. An- 
nealing involved primary recrystallization either at 
550° or at 980°C with annealing changes after primary 
recrystallization at the same temperature of 980°C. 
A comparison between the two groups showed the 
following: Primary recrystallization was nearly 100 
pct complete after 64 hr at 550°C with a slightly larger 
grain size than the other which was complete in 1 min 
at 980°C. Noticeable growth in the former occurred 
upon annealing 1 min at the higher temperature of 
980°C. At this point, pole figure data and magnetic 
torque data disclosed that direct 980°C annealing pro- 
duced a much stronger (110) [001] component in the 
texture than did 550°+980°C annealing. In fact, the 
latter had relatively strong (120) [001] components in 
addition to the (110) [001] component. Clearly, these 
data showed that the primary recrystallization textures 
were different and that temperature of annealing had 
a marked effect. 

The effect of growth following primary recrystalliza- 
tion also disclosed the marked differences in structures 
and textures of the two groups. For example, continued 
annealing of the 550°+980°C group produced only 
normal grain growth with increase in the (110)[001] 
component. However, the level of the (110)[001] com- 


APRIL 1957, JOURNAL OF METALS—519 


ponent remained far below the level of this component 
obtained during primary recrystallization at 980°C. 
On the other hand, continued annealing of the 980°C 
group produced secondary recrystallization and com- 
plete loss of the (110)[001] component. During the in- 
duction period of secondary recrystallization, the 
(110)[001] component increased by 5 pct (an increase 
that could be measured by the nondestructive and very 
sensitive magnetic torque method), proving that grains 
in deviating orientation had been present but were 
removed. Occurrence of secondary recrystallization 
proved, of course, that not all such grains were re- 
moved; the larger ones that belonged to specific weak 
components of the primary recrystallization texture 
produced similarly oriented components in the secon- 
dary recrystallization texture. Among them were the 
(120)[001] type components. These were also the 
orientations of the relatively strong (120)[001] compo- 
nents in the primary recrystallization texture of the 
low temperature group. Qualitatively, low and high 
temperature annealing produced very similar results 
for primary recrystallization; quantitatively, however, 
they were very different. Just as different, of course, 
was their behavior during grain growth after primary 
recrystallization. The results show that such factors as 
relative grain sizes and oriented nuclei have to be con- 
sidered and that oriented growth alone cannot account 
for the results. 


I should now like to compare these results on Si-Fe 
and the data of the author on copper, since the latter 
bear on the question of nuclei for secondary recrystal- 
lization. It will be noted that his choice of penultimate 
anneal and final percentage of reduction gave him, in 
addition to the cube texture component, large amounts 
of other components; he identifies the latter as four 
components similar to those of the deformation tex- 
ture. These the author calls A components. With lower 
penultimate anneal and high reductions, the cube com- 
ponent would be expected to increase and the four A 
components therefore to decrease but without entirely 
disappearing. If this is so, then the author’s data pro- 
vide evidence in support of my earlier assumption that 
there are four components in the primary recrystalliza- 
tion texture providing nuclei for secondary recrystalli- 
zation.~ These four components, in other words, supply 
oriented nuclei for secondary recrystallization. Thus, 
contrary to Beck,® oriented nucleation in this case 
should provide four components and not 28 or more 
as he suggests. 


In the author’s experiment the four A components 
as well as the cube component are relatively strong. 
These may be compared with the mixture of (110) [001] 
and (120)[001] components for the case of Si-Fe an- 
nealed at low temperatures. Such mixtures undoubt- 
edly favor normal grain growth on annealing. Whether 
the A components increase or decrease, I think, de- 
pends more on relative grain size than on mobility 
because the kinds of boundaries involved are the 
same for absorption as for growth. Thus, if most of the 
cube grains are small, annealing will enhance the A 
components. The author found the opposite, so it can 
be concluded that more of the A component grains 
were smaller. However, it is unlikely that all A com- 
ponent grains would be too small to survive. If large 
A-type grains survived, it is possible they could grow 
and remove the cube component, producing secondary 
recrystallization with A-type components. On the other 
hand, if normal grain growth should go quite far, it is 
unlikely that secondary recrystallization would occur. 
The Si-Fe sample recrystallized at low temperature and 
annealed for long periods of time at 980°C is, I think, 
an example of this kind. 


Y. C. Liu (New York University, New York)—Kron- 


bery and Wilson*™ observed that a 1 hr anneal at 400°C 
of a 98.5 pct reduced OFHC copper strip produced a 
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heavily twinned cubically aligned structure and that 
no apparent change in orientation took place when it 
was annealed 1 hr at 850°C. This result is similar to 
that observed in a 96 pct reduced electrolytic tough- 
pitch copper strip annealed 5 min at 200°C." Because 
of the apparent difference in recrystallization textures, 
the cube texture on one hand and the one observed by 
Dr. Merlini in his investigation on the other, I would 
like to ask, what are the factors which cause this dif- 
ference and how should these factors be taken into 
consideration in the oriented growth hypothesis? 


Dr. Merlini asserted that “on the basis of the oriented 
growth hypothesis the high temperature annealing 
texture is deterrnined by the preferential grain growth 
at the expense of the fully annealed matrix.” Am I 
right to deduce that if the second anneal on specimen 
2 were made longer than 20 min at 825°C, the A com- 
ponent in Fig. 5 could disappear and would eventually 
exhibit a pole figure of C component entirely, the cube 
texture? 


Alfonso Merlini (author’s reply)—In answer to Dr. 
Liu, it should be pointed out that the relative amount 
of cube texture present is known to be affected by such 
variables as the penultimate grain size and the final 
rolling reduction. The explanation of these effects in 
terms of the theory of oriented growth has been given 
many years ago by Beck.“ As stated in the paper, con- 
ditions in the present work were deliberately chosen to 
insure that the annealing texture retained components 
other than the cube texture. One of the pertinent va- 
riables is the thickness of the sheet during annealing. 
It is difficult to state with assurance whether, under 
the particular conditions selected, additional annealing 
at 825°C would or would not have sufficed to practically 
complete the transformation to the cube texture. 

It is only fair that Dr. Dunn should be given credit 
for his early support of the view that the orientation 
dependence of boundary mobility is an important fac- 
tor in the formation of recrystallization textures and, 
more specifically, for having expressed the view that 
the increase of the intensity and of the sharpness of 
the cube component in face-centered-cubic metals with 
increasing annealing temperature is a result of con- 
tinued grain growth. 


Unquestionably, Dr. Dunn’s work*™ clearly estab- 
lished the great importance of various annealing treat- 
nents on the recrystallization texture and also on the 
coarsening behavior of Si-Fe. However, particu- 
larly in view of the variations in coarsening behavior, 
an alternative explanation of his results might he 
based on the effect of varying annealing treatments on 
the state of distribution of the dispersed second phase 
impurity particles always present in commercial Si- 
Fe. It is well known* that variations in heat treat- 
ment may have a great effect on the state of distribu- 
tion of dispersed second-phase particles and thereby on 
the coarsening behavior. Consequently, in materials 
containing substantial amounts of impurity phases, 
these variations in the distribution of the dispersed 
particles also have an important effect on the annealing 
texture. Whether these variations can be adequately 
described in terms of oriented growth, or whether they 
actually do require in addition oriented nuclei, is diffi- 
cult to decide at the present state of knowledge of these 
phenomena. 


It has been known for a long time that the rolling 
texture of copper and of aluminum includes very con- 
siderable orientation spreads. The results of the pres- 
ent paper indicate that the A components of the re- 
crystallization texture of copper, which are similar to 
the four deformation texture components but somewhat 
sharper, also include a rather considerable spread of 
orientations. If the grains corresponding to the orienta- 
tions present in the recrystallization texture act as 
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oriented nuclei for coarsening, as Dunn suggests, it is 
difficult to see why the whole orientation spread of the 
recrystallization texture is not represented in the 
coarsening texture, unless there is in addition a selec- 
tive principle due to oriented growth. The relatively 
narrow orientation range of the coarse grains found by 
Kronberg and Wilson” suggests that such a selective 
principle is actually effective. It is, furthermore, sig- 
nificant that Bowles and Boas™ found eight groups of 
coarse grains growing in cube texture copper, including 
orientations quite different from those of the four A 
components of the low temperature recrystallization 
texture. In this case, the oriented nuclei proposed by 
Dunn apparently did not play a Significant role. On 
the other hand, all the eight coarsening texture com- 


ponents did have the correct orientation relationship 
with regard to the cube texture for maximum bound- 
ary mobility. Thus, it seems that, in accordance with 
the results of the present paper with regard to the for- 
mation of the cube texture, oriented growth is by far 
the most universally effective factor in governing the 
formation of annealing textures. 


eee! G. Dunn: Cold Working of Metals. 1949, p. 113. Cleveland. 

*1C, G. Dunn: Acta Metallurgica, 1953, vol. 1, p. 163. 

*C. G. Dunn: Acta Metallurgica, 1954, vol. 2, p. 386. 

°3'P. A. Beck, M. L. Holzworth, and P. R. Sperry: Effect of a Dis- 
persed Phase on the Grain Growth in Al-Mn Alloys. AIME Trans., 
1949, vol. 185, p. 163; JourNnaL or Metats, February 1949. 

*4 J. S. Bowles and W. Boas: The Effect of Crystal Arrangement 
on et! Recrystallization.” Journal, Inst. of Metals, 1948, vol. 
24, p. 501. 


Intermediate Phase in the Uranium- Zirconium System 


by A. N. Holden and W. E. Seymour 
JOURNAL OF METALS, October 1956; AIME Trans., 1956, vol. 206, pp. 1312-1316. 


J. M. Sileock (Fulmer Research Institute, Stoke 
Poges, England)—The authors have shown the exist- 
ence of an intermediate phase of approximate compo- 
sition UZr2 in the UZr system. It has also been shown 
that this phase 8 forms with a large body-centered- 
cubic cell of side three times that of the simple body- 
centered-cubic high temperature phase, the sides of the 
cubic cells being parallel.‘ The similarity with m phase 
formation’ in titanium alloys is immediately apparent 
and it is suggested that the large cubic cell is more 
probably a result of four hexagonal cells oriented with 
[0001] 8 || [111] y and (1120) 8 || (110) y. A hexago- 
nal cell would explain the domain formation and the 
optical activity. 

The indices for a hexagonal cell of parameters a = 
5.03A and c = 3.08A are given in Table II. A similar 
phase forms in the U-Ti system.’® This is definitely a 
stable phase and its composition is UTi. The intensities 
for the UZr. compound do not agree with the supposi- 
tion that uranium atoms are in the position (000) oc- 
cupied by titanium in U2Ti and zirconium in (1/3 2/3 
1/2) (2/3 1/3 1/2). However, fairly promising results 
(especially if a little y remains) are obtained by sup- 
posing zirconium in (000) sites and that the (1/3 2/3 
1/2) and (2/3 1/3 1/2) sites are shared between uranium 
and zirconium. This is however an unusual structure 
and requires further investigation, but it is interesting 
to note that UsTi, Tisn Xn (where X, is a very small 
quantity of a transition element), and now UZr» all 
probably form a hexagonal cell of similar type. It ap- 
pears that all simple body-centered-cubic solid solu- 
tions containing large quantities of titanium or zirconi- 
um tend to form this structure, but it is only rarely 
stable. 


Table Il. Intensities of Reflections Compared with Values 
Calculated for a Hexagonal Structure* 


Observed F2p for Indices for 
d, Intensity+ Zr2U Hexagonal §,* hkl 
4.28 WwW 3 100 
S00 M— 12 001 
2.49 vVS 384 101 + 110 
2.16 w— 3 200 
1.94 M 72 fll 
ys— 120 201 
1.64 W+ 6 120 
1.54 — 44 002 
1.45 vyS+ 378 102 + 121 + 300 
1.31 Ss 270 112 + 301 
25 7M 138 202 + 220 
1.20 Vw 6 130 
M— 72 221 
1.12 yM + 252 122 + 131 
1.06 M 264 302 
1.02 yM— 132 003 + 401 
1.00 126 103 +.230 
0.973 M 264 222 
0.949 vs 788 113 + 132 + 231 + 410 
0.929 WwW 120 203 
0.907 M+ 144 141 
6 402 
? 0.881 yw + 3 500. 
0.838 ys— 346 232 + 501 + 303 + 330 
0.809 S+ 600 331 + 142 
0.795 240 24 
0.783 Ww 240 133 


*q = 5.03A; c = 3.08A; zirconium in 000; zirconium and uranium 
randomly in (1/3 2/3 1/2), (2/3 1/3 1/2). 
+ d spacings and intensities observed by Holden and Seymour. 


4M. H. Mueller: Acta Crystallographica, 1955, vol. 8, p. 849. 

5 J, M. Silecock, M. H. Davies, and H. K. Hardy: Symposium on 
the Mechanism of Transformations in Metals. 1955, p. 93. London. 
Inst. of Metals. 

6A. G. Knapton: Acta Crystallographica, 1954, vol. 7, p. 457. 


Internal Friction in Zirconium 


by W. J. Bratina and W. C. Winegard 


JourRNAL or METALS, February 1956; AIME Trans., 1956, vol. 206, pp. 186-189. 


F. Forscher (Westinghouse Electric Corp., Pitts- 
burgh)—The interesting results reported in the paper 
by Bratina and Winegard are in good agreement with 
some experiments performed by H. W. Cooper and 
W. J. Babyak in the Westinghouse laboratories during 
the summer of 1954. It is particularly gratifying to 
note the agreement between specimen II-6 (Fig. 6) 
and curve a in Fig. 4 of this paper. Both series of ex- 
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periments are based on the amplitude independent free 
decay of a torsional pendulum with a frequency of 
about 1 cycle per sec; the quantity Q™ is identical in 
definition to tan 8, i.e., the logarithmic decrement di- 
vided by x. 

The main difference between these two investiga- 
tions appears to be the effect of oxygen and its inter- 
pretation. It is known that oxygen, picked up from the 
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Fig. 6—Oxygenation of Forscher’s specimen III-1. 


environment, remains at or near the surface of a zir- 
conium so that in the case of torsion a considerable 
strengthening effect must be expected. 

It is not clear from the description in the paper 
whether the oxygenation in situ took place before, 
during, or after curve a (Fig. 4) was produced. As- 
suming that oxygen contamination took place after 
curve a but before curve b was produced, the lower 
values of the latter curve may be explained on the 
basis of a harder oxygen-rich surface layer which is the 
main contributor to tan 6 in torsional damping. 
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Fig. 7—Curves reproduced from Ke." |, average grain di- 
ameter 0.02 cm; II; average grain diameter 0.04 cm; III, 
average grain diameter 0.07 cm; IV and V, average grain 
diameter larger than the diameter of the wire, 0.084 cm. 
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Fig. 8—Absence of correlation between grain size and in- 
ternal friction. 


The oxygenation of the discusser’s specimen III-1i 
(Fig. 6) was performed in a heat treatment apparatus 
by the introduction of a known amount of oxygen. The 
oxygen content was verified by weighing the speci- 
mens, by chemical analysis, and resistivity and hard- 
ness measurements. 

Homogenization with respect to oxygen in specimen 
III-1 was not achieved even after 7 hr at 800°C. Micro- 
hardness readings across the 0.060 in. diam specimen 
showed pronounced case hardening. Furthermore, re- 
sistivity readings differed greatly from the value of 
57.5u ohm-ecm (ref. 3) predicted on the basis of the 
oxygen content (2.6 atomic pct). 

In summary, it appears to be difficult to achieve 


Table |. Description of Damping Specimens* 


Oxygen Content 


Des- Resistivity 
igna- Atomic at 0°C, uw Grain 
tion Heat Treatment Pet Ppm Ohm-Cm Size,Mm 


II-6 800°C, 7 hr, in vac- 


uum, furnace cooled 0.12 200 40.5 0.04 to 0.09 
I-2 600°C, % hr, in vac- 
uum, furnace cooled 0.12 200 39.8 0.0016 
III-1 Oxygenated and an- 
nealed at 800°C, 7 hr, 
furnace cooled 0.6 4670 44.0 0.04 to 0.25 


*99 pct reduced by swaging to 0.060 in. diam. 


homogeneity of oxygen in a zirconium either by the 
method of the author or by the method of the writer 
of this discussion. Consequently any evaluation of the 
effect of oxygen on the damping capacity must be post- 
poned until homogeneity can be achieved. 


H. H. Bleakney (Dept. of Mines and Technical Sur- 
veys, Ottawa, Ont., Canada)—The experimental evi- 
dence of the viscous behavior of grain boundaries in 
metals, presented by Ké," included internal friction 
and torsion modulus experiments as part of the argu- 
ment. Since then, similar phenomena in other metals 
have been reported by other authors, and in nearly 
every case the results obtained have been attributed to 
viscous flow of atoms at the grain boundaries. 

The writer of this discussion has consistently op- 
posed the concept of stress-relaxation across grain 
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Fig. 9—Effect of oxygen distribution in the specimen on the 
grain boundary relaxation maximum is shown. Curves a and 
c represent the cases of more uniform distribution of solute, 
and b and d the cases of the preferential segregation at the 
grain boundaries. 


boundaries by viscous flow and has contributed some 
evidence to refute it.” He is, therefore, pleased that 
Bratina and Winegard, by omitting any reference to 
Ké, have tacitly repudiated his explanations. Under 
these circumstances, however, their use of the expres- 
sion “relaxation across grain boundaries,’ may require 
some clarification. Their explanation for the internal- 
friction difference between coarse and fine grained 
zirconium, shown in Fig. 2, also appears to owe some- 
thing to Ké. It is this point which the writer particu- 
larly wishes to discuss. 

The features of internal friction which Ké presents 
as evidence of viscous grain boundaries are shown in 
Fig. 7, reproduced from his paper entitled Stress Re-. 
laxation Across Grain Boundaries in Metals. His argu- 
ment is too involved to reproduce here, but he believes 
that increased grain size shifts the internal friction 
curve to higher temperatures because of viscous be- 
havior of the grain boundaries. This is his explanation 
for the different positions of curves I, II, and III of 
Fig. 7. Curves IV and V are explained as follows: 
“Corresponding to curves IV and V, most of the grains 
are extended completely across the specimen and the 
internal friction maximum becomes much smaller.” 

Using aluminum of comparable purity, the writer 
was able to reproduce curve No. 1 of Fig. 7 in a number 
of experiments, with very little variation between 
tests except that the maximum occurred at a little 
higher temperature. He did not, however, obtain the 
same effect of grain size as that illustrated in Fig. 7; 
and the single crystal curve is valueless as evidence, 
since it was obtained by using very impure aluminum. 

Fig. 8 shows the relationship between internal fric- 
tion and temperature found by the writer in samples 
of different grain sizes. The figures attached to each 
curve indicate the average length of the grain for the 
sample represented by that curve. These figures give 
very little information about grain diameters, however. 
In the wire with the smallest grain size, one half of 
the grains occupied the full cross section of the wire. 
In the other wires the number of grains occupying the 
full cross section of the wires increased with grain size, 
and in the coarsest grained wire every grain occupied 
the full cross section of the wire. None of the wires 
contained more than two grains in a cross section at 
any point. 

The curves shown in Fig. 8 do not confirm the rela- 
tionship between grain size and internal friction indi- 
cated by Ké in Fig. 7, and they are quite inconsistent 
with the proposed mechanism of grain boundary vis- 
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cosity. The reason for this discrepancy is not at all 
obvious, but it may be related to the annealing treat- 
ments. The grain sizes indicated in Fig. 8 were ob- 
tained by the strain-anneal method, annealed samples 
being strained between 1 and 2 pct and then rean- 
nealed for 16 hr at 550°C. The variation in grain size 
is fortuitous, and probably attributable to varying 
small temperature gradients during recrystallization 
in the 550°C annealing treatment. Ké’s results were 
obtained by annealing at progressively higher tem- 
peratures and longer times. It may be that the sys- 
tematic change in the curves of Fig. 7 is a result of 
the annealing treatments and that the apparent effect 
of grain size is only incidental. As for the almost com- 
plete absence of system in Fig. 8, that might be an 
orientation effect. Nash and Hall,” after making deter- 
minations of internal friction in gold wire, suggested 
that “grain boundary stability as determined by orien- 
tation, plays a role in the observed effects.” The distri- 
bution of orientations in fine grained wire could be 
expected to be fairly constant from wire to wire, but 
in coarse grained wires the orientation distribution 
could vary considerably. The results recorded in Fig. 
8, therefore, would be consistent with the suggestion 
advanced by Nash and Hall. In any case, it is evident 
that the difference between the two internal friction 
curves of Bratina and Winegard’s Fig. 2 cannot confi- 
dently be ascribed to the difference in grain size. 


W. J. Bratina and W. C. Winegard (authors’ reply)— 
The authors greatly appreciate Dr. Forscher’s com- 
ments and are pleased to notice that the results ob- 
tained by the workers at the Westinghouse Atomic 
Power Div. are in general agreement with those re- 
ported in the paper. 

In the authors’ case, the oxygen contamination of 
zirconium specimens took place during the experi- 
ments and was, of course, more appreciable the higher 
the temperature of the particular experiment, and the 
longer the time necessary to take the respective meas- 
urements. The oxygen and, as it is assumed, less sig- 
nificant amounts of nitrogen are picked up, despite the 
relatively high vacuum. It appears from the experi- 
ments that only a negligible amount of gas is absorbed 
below 700°C; therefore, the initial content of oxygen is 
expected to remain nearly constant if this temperature 
has not been exceeded in the experiments. In the case 
of the curve a in Fig. 4, the oxygen contamination took 
place during the experiment itself, mainly during the 
heating and cooling period when the temperature was 
in excess of 700°C. 

The substantial drop in the internal friction values of 
curve b as compared to curve a (Fig. 4) was attributed 
to the preferential segregation of the interstitials to 
the grain boundaries, since the amount of solute is 
about the same in both cases, and since it is the so- 
called grain boundary relaxation maximum which is 
for the most part affected. 

Some additional data is presented which appears to 
support the preferential segregation theory. In Fig. 9 
data for a similar case as in Fig. 4 is shown. Curve a 
was obtained at falling temperature—a normal experi- 
mental procedure—after the specimen has been heated 
to 900°C. The characteristic grain boundary relaxa- 
tion maximum is evident despite the high amount of 
1.6 atomic pct of oxygen absorbed during the experi- 
ment. Curve b was obtained by reheating the same 
specimen to 700°C only and taking the measurements 
at falling temperature. The difference between curves 
a and b was thought to be due to a different distribu- 
tion of interstitials in the specimen. A greater uni- 
formity in solute distribution between the grains and 
the grain boundary regions in a phase was expected 
to occur by reheating the specimen above the allotropic 
transformation temperature. Curve c was obtained 
after the specimen was reheated to 900°C; the grain 
boundary relaxation maximum reappears although 
somewhat reduced in size. Curve d was then obtained 
by a similar procedure as curve b and failed to reveal 
the respective maximum. 
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Fig. 10—Disappear- 
ance of the grain 
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specimen with ir- 
regularly shaped 
grains is shown. The 
average grain di- 
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In general, a similarity exists between the curves a 
and c, which would correspond to the cases of more 
uniform distribution of solute. The same is true for 
the curves 6b and d where the preferential segregation 
of solute at the grain boundaries is expected. 

The possible effects of a harder oxygen-enriched 
surface layer, as mentioned by Forscher, on the relaxa- 
tion maximum have been considered. 

In order to check the homogeneity of oxygen, micro- 
hardness measurements were made employing Tucon 
and Vickers microhardness indenters. No special at- 
tention was paid to the crystallographic orientations, 
although indentation hardness is undoubtedly a func- 
tion of orientation in a close-packed-hexagonal metal. 
Surprisingly good uniformity of hardnesses across the 
specimens was observed, especially at lower oxygen 
content. On the basis of hardness data very little sur- 
face enrichment of solute was encountered in the speci- 
men used in Fig. 4. Apparently this is the merit of the 
oxidation in situ technique where the oxidation is car- 
ried. out in extremely reduced pressure, i.e., in virtual 
vacuum. In spite of this, the possible effects of an 
oxygen-rich surface layer on the grain boundary re- 
laxation cannot be completely ignored. 

However, the following considerations seem to rule 
out the possibility of the surface layer as the main con- 
tributing factor in the suppression of the grain bound- 
ary relaxation maximum in the authors’ case. The 
surface layer apparently did not exist at the time curve 
a in Figs. 4 and 9 was taken, since the grain boundary 
relaxation maximum is evident. The layer could not 
form later during the reheating period, since the amount 
of additional oxygen absorbed by the specimen was 
negligible and the only oxygen available was that al- 
ready in the specimen. Even if a slight enrichment of 
solute would occur at the surface, it is highly im- 
probable that it should be able to influence in particu- 


lar the grain boundary relaxation maximum _ so 
effectively. 

The authors appreciate Mr. Bleakney’s interest in 
and discussion of this paper. Bleakney’s comments deal 
in particular with the relaxation across grain bound- 
aries. It was not the intention of the authors to treat 
this type of relaxation in detail and therefore the term 
relaxation across grain boundaries was used without 
special explanations. After the original work by Ké,” 
many papers have been published on this subject. The 
stress relaxation across interfaces in general including 
grain boundaries has been reviewed by Nowick.* Re- 
cently Marsh” suggested certain modifications of Ké’s 
theory by taking into consideration, for example, the 
grain boundary roughness. There are few doubts about 
the existence of the grain boundary relaxation phe- 
nomenon, but there is much controversy concerning 
Ké’s mechanism which postulates viscous behavior of 
the grain boundaries. Very recently Rhines et al.” 
have raised serious objections with respect to this 
interpretation. 

It appears quite difficult to deny that so-called relax- 
ation across grain boundaries is actually related to the 
grain boundaries, although it might be difficult to estab- 
lish the exact relationship between the average grain 
diameter and the relaxation maximum characteristics. 
In order to prove that the relaxation maximum in this 
investigation was caused by the relaxation across grain 
boundaries, the authors closely investigated two ex- 
tremes in grain sizes, namely specimens with a fine 
grained structure and others consisting of extremely 
large grains, 10 mm or more in length. In such cases it 
seems difficult to ignore the effect of the grain bound- 
ary area completely. 

The authors realize that it is possible to suppress 
the grain boundary relaxation maximum effectively 
even for fine grained specimens. Fig. 10 shows an 
internal friction curve for a zirconium specimen from 
the same high purity material which was annealed in 
vacuum at, and quenched from, 900°C. The grain 
boundary relaxation maximum is strikingly reduced 
despite an average grain diameter of 0.05 mm. In this 
case however the grains are irregular in size and shape. 


uT, S. Ké: Physical Review, 1947, vol. 71, p. 533. 

2H. H. Bleakney: An Evaluation of the Recovery Theory of 
Creep. Canadian Journal of Technology, 1955, vol. 33, pp. 56-66. 

12D, R. Nash and L. D. Hall: AIME Trans., 1953, vol. 197, p. 938; 
JOURNAL OF METALS, July 1953. 

14 A, S, Nowick: Metal Interraces. 1952, p. 248. Cleveland. ASM. 

6K. J. Marsh: Acta Metallurgica, 1954, vol. 2, p. 530. 

16 F. N. Rhines, W. E. Bond, and M. A. Kissel: Trans., ASM, 1956, 
vol. 48, p. 919. 


Phase Transformations in Titanium-Rich Alloys of Nickel and Titanium 


by D. H. Polonis and J. Gordon Parr 


JOURNAL OF MEtTa.s, May 1956; AIME Trans., 1956, vol. 206, pp. 531-536. 


Harold Margolin and R. F. Bunshah (New York Uni- 
versity, New York)—The discussers would like to com- 
pliment the authors on an interesting paper and pre- 
sent some related data and comments on the subject 
matter of their paper. 

At New York University, we have carried out some 
T-T-T studies on sponge titanium base Ti-Ni alloy con- 
taining 4 and 6 pct Ni on work sponsored by Wright 
Patterson Air Force Base under contract AF33 (616) - 
2766. It was not possible to form martensite across the 
section of a % in. cube* by water quenching. The 


* The specimens were attached to a stainless steel rod and were 
annealed in flowing helium atmosphere. At the conclusion of the 
heat treatment, the specimens were quenched by plunging the rod 
into the quenching medium. 


specimen thickness was consequently reduced in stages 
to ¥, 1/16, and 1/32 in. Specimens of 1/16 and 1/32 in. 
thickness, on. quenching in an iced brine solution, 
yielded a martensite structure for the Ti-4 pct Ni alloy 
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as shown in Fig. 11. It was impossible to form a mar- 
tensite structure in the Ti-6 pct Ni alloy in any of the 
thicknesses used. 

After a betatizing treatment of 1000°C, 30 min, fol- 
lowed by an ice brine quench, 1/16 in. thick samples 
showed a hardness of 440 Vpn for a 4 pct Ni alloy and 
560 Vpn for a 6 pct Ni alloy. This suggests some w 
formation. 

The determination of the M, temperature presented 
considerable difficulty. After some experimentation, the 
following technique was adopted: Samples 1/16 in. thick 
were betatized, then quenched into a molten-metal bath 
held at various temperatures from 700° to 300°C, held 
there for 5 sec and quenched into iced brine. After 
quenching from the reaction temperatures, the micro- 
structure consists of « and martensite. As the reaction 
temperature is lowered, a disappears. 

The entire specimens are carefully scrutinized for 
any signs of a, particularly at the prior 8 grain bound- 
aries, and the temperature at which there are no signs 
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of a is taken to be the M, temperature. From isother- 
mal transformation specimens, it was known that some 
grain boundary « will form in 5 sec holding time. The 
M, temperature may be too low because of the rapid 
transformation rate of Ti-Ni alloys thus requiring rapid 
cooling attainable only in a bath held at a sufficiently 
low temperature. 

Based on this and other previous work with titanium 
alloys, an alternative explanation of the. results report- 
ed in this paper is possible and we should appreciate 
the authors’ comments on the interpretation advanced 
below. 

The hardness of retained 6 in lump specimens is of 
the order of 300 Vpn. The authors’ hardnness data for 
unalloyed iodide titanium indicated that the increased 
hardness due to the use of a small load, 10 g, is small. 
Thus, if 6 were retained,.a hardness well below 390 
Vpn reported by the authors would be expected. The 
inference consequently is that some g decomposition 
has taken place during the quench from the 8 field. 

The presence of the » phase has been reported in 
many titanium alloy systems including the Ti-Cu sys- 
tem and Ti-Ni systems. Robinson et al.” at Battelle 
Memorial Institute have reported the presence of the 
® phase in 6 quenched and tempered 7.5 pct Ni alloy. 
The phase exists in the temperature range 400° to 
800°F (204° to 427°C), coexisting with a + Ti.Ni at the 
highest temperature. 

The failure of the authors to detect the m phase may 
be due to the fact that at any time only a very small 
amount is present and the X-ray techniques used are 
insensitive to this small amount. 

Judging from the high hardness of the quenched 
samples, it is postulated that some 6—> w transforma- 
tion occurs during quenching. 

The following decomposition sequence is then pro- 
posed: 

w— supersaturated a (or a”) 
equilibrium + Ti.Ni. 

On this basis: 

1) The high hardness of the as-quenched structure 
referred to by the authors as retained 8 may be 6 with 
some w phase having formed during the quench. 

2) The hardness peak and concurrent X-ray line 
breadth maxima may be caused by the coherency 
strains between 6 and w and possibly between w and 
saturated a. 

3) a” appears to form by nucleation and growth. 
Additional supporting evidence is that the substructure 
associated with the retained 6 disappears on transfor- 
mation to a”. If a” formed martensitically, this would 
not happen. 

4) From the striking similarity of the behavior of a’ 
and a”, they are both supersaturated a formed by 
nucleation and growth (i.e., oe in the Ti-6 pct Ni alloy 
is not martensitet), the morphological difference being 


+ The structure shown in Fig. 2 of their paper for a Ti-1 pct Ni 
alloy is considered to be martensite. The as-quenched structure of 
the 6 pct Ni alloy is presumably similar to Fig. 1 of a paper by 
Polonis and Parr!® and is not considered to be martensite. 


accounted for by the difference in cooling rates from 
the g field. This further avoids the anomaly of the lack 


Fig. 1I—Ti-4 pct Ni 
alloy. Treated at 
1000°C for 30 min, 
followed by an 

ice brine quench. 
X1500. Reduced 
approximately 10 
pet for reproduction. 
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of a C-curve behavior because measurement of the rate 
of formation of «a morphology and a” morphology 
would give the C-curve for the decomposition of B> 
saturated a. 

It might be added that the very rapid formation of 
a’ morphology by nucleation and growth is not incon- 
sistent with the very rapid transformation rates ob- 
served in this active eutectoid Ti-Ni system. Very 
rapid a formation has been observed in other alloys 
also. This also avoids the anomaly that the martensite 
formation is suppressed whereas a nucleation and 
growth product ( phase) forms by higher cooling 
rates. (It is not intended to question the fact per se 
that in some alloys the martensite transformation can 
be suppressed. ) 

In passing, it might be pointed out that the Ti-Ni 
constitution diagram quoted by Polonis and Parr’ placed 
the eutectoid composition about 6-7 pct Ni and, if cor- 
rect, the 6 pct Ni alloy is not hypereutectoid as stated 
by the authors. 


Douglas H. Polonis and J. Gordon Parr (authors’ 
reply)—The authors wish to thank Drs. Margolin and 
Bunshah for submitting their interesting discussion 
and related data. It would appear in view of these 
additional results that there is some difference in be- 
havior between finely divided material and larger 
lump specimens, as might be expected. The authors 
would be interested to know if X-ray techniques were 
used to detect any signs of transformation of retained 
6B in the 6 pct Ni alloy quoted in the discussion. The 
determination of M. temperatures in a fast eutectoid 
system such as Ti-Ni is difficult and we are inclined to 
favor the continuous cooling method in preference to 
the metallographic method quoted in the discussion. 
In addition we would like to offer the following 
comments: 

1) The authors’ work on this system was carried out 
on particles finer than 48 mesh (Tyler screen sizes). 
This particle size effect introduces a potential variable 
with respect to both M, temperature and appearance 
of martensite under the microscope. 

2) The authors believe that they were successful 
in retaining 6 although it is not inconceivable that very 
small traces of w could be present and not detected. 
Attempts to reveal any » by X-ray studies were un- 
successful. The hardness values do not seem high 
enough to indicate that » is present in view of the Ni 
content of the specimens (6 atomic pct or 7.5 wt pct). 
Drs. Margolin and Bunshah have quoted a hardness of 
300 Vpn for retained 6 but have not specified the cor- 
responding nickel content. The 7.5 pct Ni alloy re- 
ported to contain o by Robinson et al. corresponds ap- 
proximately to our 6 pct (atomic) alloy. We would 
be interested to learn of any results of tempering treat- 
ments performed on their specimens for both 100 pct B 
and 6 + specimens following quenching. 

3) The tempering treatments were performed high 
in the temperature range for formation (400° to 
450°C). If wm did form during tempering, it is believed 
that there should be enough for X-ray detection, par- 
ticularly since we were working with powders, which 
are generally more sensitive to X-ray studies than 
lumps. However, the hexagonal structure designated 
«” in the paper was observed in increasing amounts 
with progressive tempering. Studies at lower tem- 
peratures than 400°C also revealed formation of a” 
but at much lower rates. 

4) The authors agree that a” appears to form by 
nucleation and growth and may involve a mechanism 
similar to bainite formation. It is logical to consider 
this phase as a supersaturated a but it forms in a 
rather unique way. The structure we called a’ is also 
a supersaturated a as verified by X-ray and by the 
incubation period prior to detection of Ti,Ni in tem- 
pering this structure. Since our oa was produced by 
continuous cooling from the £ field without precipita- 
tion of a second phase it has a similar structure to what 
other people refer to as martensite. True, it does ap- 
pear to be different from the martensite which is shown 
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in the discussion, but this could be accounted for by 
the difference in specimen size. This does not exclude 
the possibility of a supersaturated a that is suggested 
for ea which in turn applies to the a observed by 
others. The experimental observations appear to point 
quite directly to the relationship between the maxi- 
mum hardness and the amount of a” phase that has 
formed in tempering. It is interesting to note that the 
hardness maxima are not reached until much of the pg 
has decomposed (approximately 50 pct 8 decomposi- 
tion). It seems unlikely that a hardening mechanism 
involving w would operate to this extent of decompo- 


sition without some w phase being detected. 

5) Regarding the alloy compositions, it has been 
stated in the paper that compositions are expressed in 
terms of atomic percent. Consequently the 6 pct 
(atomic) Ni alloy is equivalent to approximately 7.3 
wt pct. This composition appears slightly hypereutec- 
toid on the basis of the proposed phase diagram. 

15H. A. Robinson, M. W. Purvis, A. E. Austin, C. M. Schwartz, 
and P. D. Frost: Precipitation Hardening and Embrittlement of 
High Strength Titanium Alloys. WADC Technical Report 54-355, 
December 1954, pp. 52-54. 


16D. H. Polonis and J. G. Parr: Acta Metallurgica, 1955, vol. 3, 


Primary Recrystallization Textures in Cold Rolled Si-Fe Crystals 


by C. G. Dunn and P. K. Koh 


JOURNAL Or METALS, August 1956; AIME Trans., 1956, vol. 206, pp. 1017-1024. 


Hsun Hu (Westinghouse Electric Corp., Pittsburgh) 
—The authors’ results on the effect of adding a 


(001) [110] component to the (111) foal] deformation 
texture upon the subsequent recrystallization texture 
is interesting. In a cold rolled crystal with a single 


(111) [112] texture, they obtained a recrystallization 
texture predominantly (110) [001], which is related to 
the deformation texture by a rotation of 35° around 
the common (110) pole at the transverse direction 
(specimens D-1 and D-2, Figs. 6 and 8 in the authors’ 
paper). The same recrystallization texture was ob- 
served in a crystal with a duplex deformation texture, 
consisting of both (111) [112] and (001) [110] compo- 
nents of approximately the same intensity (specimen 
A-3 and Fig. 2 in the authors’ paper). In other words, 
the recrystallization texture developed in a crystal 
with a (111)[112] deformation texture appeared to 
have been little influenced by the addition of the 
(001) [110] component. 


X 0!) (IN) [12] 
o (10) [ool (III) [MO} 
(113) [332] 


Fig. 14—(110) pole figure showing the rotational relation- 
ships among the orientations inyolyed in the discussion. 
Small circles are drawn with a radius of 5°. Full-line arrows 
indicate the 35° rotations from the (111)[{112] orientation 
around the common (110) pole at C.D. Dotted-line arrows 
indicate the 20° rotations from the (001)[110] orientation 
around the same common (110) pole at C.D. Dash-line ar- 
rows indicate the 55° rotations from the (001)[{110] orienta- 
tion around the common (110) pole at R.D. 
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The authors used these results as an evidence un- 
favorable to the oriented growth theory. Since with a 
duplex deformation texture of (111)[112] and 
(001) [110], there is a (113) [332] orientation which is 
related to both texture components by [110] rotations 
of 25° to 30°. Therefore, nuclei of this orientation are 
favorably oriented for growth in both textures; hence, 


the recrystallization texture should be of the (113) [332] 
type if the oriented growth theory is valid. However, 
their experimental results showed that the recrystal- 
lization texture developed from a crystal with such a 
duplex deformation texture was still primarily 
(110) [001], which is favorably oriented for growth 
only with the (111) [112] component, but not with the 
(001) [110] component, of the deformation texture. 

In a very recent work on the cross rolling and an- 
nealing textures of high purity iron at this laboratory,* 


* Paper submitted for publication. 


the discusser has found that the cross rolling texture 
consists of mainly (100) [011] plus minor components 


of (111) [110] or the (111) [112] type. Upon annealing, 
the minor texture components exhibited a much 
greater tendency for recrystallization than the main 
texture material of the (100) [011] orientation. It was 
found that while the minor texture components were 
completely replaced by recrystallized grains with new 
orientations, the main texture material had undergone 
only polygonization with no or very few recrystallized 
grains formed in these polygonized areas. The texture 
developed after complete recrystallization could be de- 
scribed as [110] rotations from the minor deformation 
texture components but not as well similarly related 
with the main deformation texture. The finding that 
the tendency for recrystallization appears to be differ- 
ent among different deformation textures is very well 
in accord with the authors’ observations on Si-Fe 
single crystals. There is considerable evidence to sug- 
gest that the recrystallized grains formed earlier in 
the minor texture components have grown into the 
polygonized main deformation texture matrix before 
the latter has largely recrystallized by itself. 

A close examination of the orientation relationships 
among the orientations involved in the authors’ case 
reveals that the recrystallized grains of the (110) [001] 
orientation are fairly favorably oriented for growth 
with respect to a (001)[110] texture. As seen from 
Fig. 14, the pole positions of the (110) [001] orientation 
can be obtained by rotations of 20° around the common 
(110) pole at the cross direction from the (001) [110] 
orientation. From such rotations, some of the (110) 
poles of the resulting orientation are not inclusively 
accounted for by a simple (110) [001] orientation, but 
they do fall well within the weaker intensity areas of 
the recrystallization texture. Even the minor recrystal- 
lization texture components, which are approximately 


of the (111)[110] type orientations (A and B compo- 
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nents in the authors’ Fig. 2), are related to the 
(001) [110] texture by [110] rotations around the com- 
mon (110) pole at the rolling direction. 

In view of these facts, the lack of noticeable influence 
in the recrystallization texture by adding a (001) [110] 
component to the (111)[112] deformation texture is 
probably due to the difference in the recrystallization 
tendency for the two deformation texture components. 
As a result, the recrystallized grains formed in the 


(111) [112] texture material grow finally at the ex- 
pense of the (001)[110] texture material. In this 
respect, a comparison of the grain size and its distribu- 
tion of two identically heat-treated specimens, of which 
one has a single (111)[112] deformation texture and 
the other has a duplex (111)[112] and (001) [110] 
deformation texture should be informative. Texture 
studies made at intermediate stages of the recrystalli- 
zation process in a duplex textured specimen would be 
very helpful in understanding the reported phenomena. 


C. G. Dunn and P. K. Koh (authors’ reply)—Dr. Hu 
has presented some interesting information regarding 
rolling and annealing textures of high purity iron, 
which seems to correlate well with our data on Si-Fe. 
In particular there is good agreement on reorientation 
relationships and the effect of orientations on tendency 
to recrystallize. Dr. Hu’s information from the study of 
annealing at intermediate temperatures is especially 
interesting; we certainly agree that similar studies on 


our cold rolled crystal with the duplex texture would 
be valuable. In connection with the duplex texture 
Dr. Hu’s interpretation of what happens on annealing— 
namely, that nuclei for recrystallization come from the 


(111)[112] component and that these nuclei grow at 
the expense of material of the (001)[110] orientation— 
is, we believe, correct. The fact that one component 
can provide nuclei due to more rapid recrystallization 
is, In Our opinion, completely in agreement with the 
oriented nucleation theory of recrystallization. 

If a rotation of 25° to 30° about a <110> axis is se- 
lected as favorable for growth, then it has to be con- 
cluded that nuclei in the (110) [001] orientation are not 
favorably oriented for growth at the expense of the 
(001)[110] orientation. Dr. Hu’s analysis giving a 20° 
rotation about the (110) pole in the cross direction is 
in error. Such a rotation applies only to one of the 
twins of the (110)[001] orientation. As far as we know 
the (110)[001] and (091)[110] orientations are as far 
apart as any two orientations can get. The rotation 
about the cross direction, which is a common (110) 
pole, is 90°. However, of the 24 possible rotations go- 
ing from (110)[001] to (001)[110] or vice versa, the 
least rotation is close to 63° and the axis of rotation 
is not a (110) pole. On the other hand, if any large 
angle of rotation leads to good growth then the expe- 
rimental conditions are favorable for (110)[001] nuclei 
growing at the expense of material in the (001)[110] 
orientation; but this is just another way of saying that 
oriented growth theory is not applicable. 


Recovery of Cold Worked High Purity Al-Mg Alloys 


by E. C. W. Perryman 


JouRNAL or MeErats, October 1956; AIME Trans., 1956, vol. 206, pp. 1247-1252. 


A. Berghezan (European Research Associates, Brus- 
sels, Belgium)—After his wonderful work on the re- 
covery of pure aluminum, Dr. Perryman continued to 
study the influence of added atoms on this process. 
Using different methods, he tried to discover the rela- 
tionship between the recovery of the physical proper- 
ties and simultaneous changes in the structure. If some 
of the physical properties of the recovered metal were 
well known, the structural changes which the metal 
exhibits during the recovery process were completely 
ignored. In this matter, Dr. Perryman made a great 
contribution by showing the splitting of the initially 
deformed grains into subgrains and finding the relation 
between the structure and the physical properties. 

In this paper, Dr. Perryman shows new evidence of 
the real structure of the recovered metal and raises a 
number of new questions about solute atoms in the 
matrix. 

As is apparent, the most important evidence is the 
difference he found between the influence of these 
solute atoms on recrystallization and on recovery. 
Whereas a few magnesium atoms dissolved in an 
aluminum matrix increase the activation energy of re- 
crystallization, they decrease the activation energy of 
recovery. It seems that this surprising experimental 
result is worth discussing. 

The author gave an explanation of this unexpected 
result in terms of vacancies frozen in by a higher 
diameter of solute magnesium atoms which hasten the 
climbing process of dislocations in the subgrain bound- 
aries during the recovery annealing. 

On this hypothesis only, it is hard to understand 
other features closely connected; for example, the 
smaller subgrain size in the presence of magnesium 
atoms, or the little effect of magnesium on the size 
of the subgrains formed during high temperature 
deformation as was found by Rachinger and McLean 
and Former. ; 

If during high temperature deformation vacancies 
are annealed out as fast as they are formed, the climb 
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of dislocations will be delayed as will be recovery and, 
consequently, the subgrain size must be smaller. 
Another explanation must be found and we think 
that a metallurgist some time ago, who was not ac- 
customed to thinking in terms of dislocations and 
vacancies, would have said merely that this was a 
matter of stored energy, since it is well known that 
solute atoms greatly increase the energy stored during 
deformation. Pure aluminum deformed 20 pct will 
store less energy than does an aluminum alloy de- 
formed to the same extent. Therefore, during anneal- 
ing, the speed of the recovery process will be greater 
for the metal with higher stored energy.* That this 


*Instead of stored energy, work hardening can be expressed in 
terms of dislocations and vacancies, but it must be remembered that 
the part played by vacancies is small or else an opposite effect, by 
cecreasing the strain energy around the magnesium atoms. In that 
case, the number, the kind, and the distribution of the dislocations 
and their interaction with the solute atoms are the important fac- 
tors. 


is so is also shown by the following experiment: If a 
deformed metal is partially recovered at a very low 
temperature (T:) and the same metal is then raised to 
a higher temperature (T:), it will recover more slowly 
at the latter temperature, or even less than the same 
metal would if it were heated thus (T:) directly after 
deformation. 

A series of other points are raised by the author: 
the large amount of X-ray line broadening due to the 
small particle size; the splitting of deformation bands 
after annealing; decrease of subgrain size with a de- 
crease in the annealing temperature; and the absence 
of subgrains in some grains after recovery when exam- 
ined under the microscope, but the exhibition of spotty 
X-ray rings in the same regions in which no subgrains 
were visible. 

All these points were also found by us during sim- 
ilar work on aluminum with 3 pct Mg, the results of 
which were published last year.“"” This evidence pro- 
vides welcome confirmation of our results and appears 
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more valuable, since it emanates from a completely 
different laboratory. Nevertheless, to make sure that 
the agreement is complete even in detail, we want to 
stress some other points: 

1) It was found that a large amount of X-ray line 
broadening, due only to the small particle size, may 
occur in absence of any strain. Direct evidence of this 
was obtained with very small annealed particles. 

2) The splitting of the grains and deformation bands 
happens during deformation and not during or after 
annealing. 

3) The small subgrains resulting from deformation 
are not perfect elements. They become more and more 
perfect during annealing and they grow simultane- 
ously. This can be seen by color microscopy where the 
subgrain boundaries appear—even after a length of 
annealing time—very broad and totally lacking sharp- 
ness. When they appear fine and sharp, a normal per- 
fection} is achieved, equilibrium (at this temperature) 


+ The degree of perfection is related to the annealing temperature. 
The maximum perfection one can reach at a certain temperature is 
what we call normal perfection. 


seems to be established at the interfaces, and thus 
growth is stopped. We think that the author has the 
same thing in mind when he says: “Once sharp sub- 
grains have been formed, no signs of subgrain growth 
with increasing annealing time have been noticed.” 
At a higher temperature this equilibrium is not any 
more stable. The order (perfection) established on a 
certain scale (the lower the temperature, the smaller 
the scale) is no longer possible, new order at a larger 
scale will occur. New defects can be annealed out and 
greater perfection can be reached. Direct evidence has 
been obtained by microhardness testing on individual 
subgrains and by fine X-ray beams. Therefore, the 
final steady value of the half-peak line sharpening and 
the measured microhardness is greater than the lowest 
annealing temperature. The grain size which may ac- 
count for these differences at different annealing tem- 
peratures cannot be separated from the relative per- 
fection of the subgrains, because the subgrain growth 
is related to the degree of perfection of the entire 
volume of subgrains and not only to their interfacial 
energy. This is the reason for the large growth of sub- 


grain size during the early stages of the recovery and 
the larger size (and subboundary mobility) with increas- 
ing annealing temperature. In this case, if the size of 
the particle is plotted in accordance with the annealing 
time, a curve similar to that of the softening (degree 
of recovery) must be found and this seems to be so. 

E. C. W. Perryman (author’s reply)—I would like to 
thank Dr. Berghezan for his most interesting discussion 
of my paper. I am familiar with his work on the re- 
covery of Al-Mg alloys which unfortunately appeared 
after my paper was submitted for publication. It was 
indeed gratifying to see such good agreement between 
the two laboratories. 

Dr. Berghezan considers that the equilibrium sub- 
grain size is not only influenced by subgrain boundary 
energy but also by the perfection of the subgrains 
themselves. Assuming that recovery is due to the an- 
nealing out of crystal imperfections within the sub- 
grains, it is difficult to reconcile the foregoing state- 
ment with the observed fact that the rate of recovery 
is markedly increased by the first small magnesium 
addition—increasing magnesium content having little 
further effect—-whereas the subgrain size decreases 
continuously with magnesium content up to 3 pct. 

As was suggested in the paper, it is possible that the 
effect of magnesium on subgrain size may, in fact, be 
due to magnesium concentrating at the subgrain bound- 
aries, thereby decreasing the mobility of the subgrain 
boundaries. The question is, why doesn’t this happen 
during plastic deformation at elevated temperatures? 
For both pure aluminum and AJl-Mg alloys, I have 
shown that the subgrain size increases with decreasing 
amounts of cold work and have suggested that this is 
because the orientation difference between adjacent 
subgrains decreases with decreasing cold work. If this 
is so, then below some small amount of cold work mag- 
nesium may not segregate to the subgrain boundaries 
and hence would have no effect on the subgrain size. 
This may be the explanation as to why magnesium has 
no effect on the subgrain size after plastic deformation 
at elevated temperatures. 


144A. Berghezan: Structure et propriétés du metal restauré. 
Métaux-Corrosion-Usure, 1955, Nos. 359-360, p. 1. 

15 A, Berghezan and J. Herenguel: Comptes Rendus, Paris, 1955, 
vol. 240, pp. 1343 and 1536. 


Recrystallization and Grain Growth in lodide Zirconium 


by R. M. Treco 


JOURNAL OF MeErTats, October 1956; AIME Trans., 1956, vol. 206, pp. 1304-1311. 


E. C. W. Perryman (Atomic Energy of Canada Ltd., Chalk River, Ont., Canada)—In the present work it would 
appear that even after heavy cold working recrystallization takes place by nucleation and growth whereas in the 
earlier work by McGeary and Lustman”™ it was concluded that softening was accompanied by the formation and 
growth of subgrains and that the formation of the recrystallization texture did not occur by the normal nucleation 
and growth process. Could the author comment on these apparent discrepancies? 


Relative Interfacial Energies of Symmetrical Tilt Grain Boundaries in Silver 


by K. T. Aust 


JOURNAL Or Merauts, August 1956; AIME Trans., 1956, vol. 206, pp. 1026-1029. 


N. A. Gjostein and F. N. Rhines (Carnegie Institute 
of Technology, Pittsburgh)—It does not seem likely 
that the inequality of angles d and h can be attributed to 
effects arising from the orientation of the boundaries un- 
less the <001> directions of crystals B and C were mark- 
edly skewed. The author does not state the accuracy 
with which the <001> directions of crystals B and C 
could be grown parallel to one another, but experience 
in this laboratory has shown that such a misalignment 
would be at most +2°. If this is true, in the case at 
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hand, then boundary B-C should migrate to the energy 
cusp position parallel to the [001] direction in each 
crystal. Moreover, since crystals B and C have been 
oriented to make boundary B-C a symmetrical tilt 
boundary, boundaries A-B and A-C will necessarily 
have similar structures (provided a <112> or <110> 
type direction of crystal A is always kept vertical) for 
a given 0 and axis of growth for crystal A. Hence at 
equilibrium they should have migrated into positions 
that are symmetrical with respect to an imaginary line 
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drawn from the triple point, parallel to boundary B-C, 
and extending into crystal A. In other words, the 
boundaries A-B and A-C should make an angle of 
(e/2) with this imaginary line. Since the large angle 
incoherent boundaries are essentially of like structure, 
and since they would each be near equivalent boundary 
energy cusp positions (if they exist for these bound- 
aries), their orientation derivatives would be nearly 
equal, and they would not be expected to produce a 
difference in the angles d and h. 

Thus it would seem that boundary orientation effects 
should lead to d being equal to h and that the observed 
difference should be attributed to either, or both, 1) 
errors of measurement, and/or 2) lack of equilibrium 
at the triple point. In the latter case, impurity atoms 
or inclusions at the boundaries, or appreciable curva- 
ture of the boundaries near the triple point, may play 
an important role in preventing them from reaching 
their ideal positions. When the average of the meas- 
ured values of d and h for each 0 was used to recalcu- 
late Ya-0 from Eq. 1, it was found that there were no 
significant differences in the values of y;_, from those 
obtained by the author. Therefore, although the in- 
equality of d and h indicates that there is a non- 
equilibrium condition present at the triple point, the 
calculation of y,_, is fortunately insensitive to this 
factor. 

It is assumed by the author in calculating y,_, that 
the orientation derivatives of boundaries A-B and A-C 
are negligible because they have primarily an inco- 
herent-type structure. With the exception of Hess,” 
and Friedel et al,” there have been no systematic at- 
tempts at measuring the effect of boundary orientation 
upon its energy reported in the literature. If the orien- 
tation derivative values obtained by Hess are of the 
right order of magnitude, considerable error could re- 
sult in using Eq. 1 to calculate y,_,. On the other hand, 
as pointed out by Hess, his values are probably too 
high because of the presence of inclusions at the bound- 
aries. At present, work is in progress in this laboratory 
to determine the effect of boundary orientation upon its 
energy for both large and small angles of misorientation. 


K. T. Aust (author’s reply)—It would be expected 
that the boundary angles d and h be equal on the 
basis of symmetry of the crystal orientations. How- 
ever, three specimens in the present study showed 
marked divergence between the values of these angles, 
two of which were associated with relatively low angle 
grain boundaries. Three similar cases were observed 
previously,’ each one corresponding to the presence of 
a low angle grain boundary. Therefore, it seemed pos- 
sible to ascribe the asymmetry to the unknown effect of 
orientation of such a boundary on its energy. The 
anomaly might also be attributed, in part, to the diffi- 
culty of accurate observation of the boundary when it 
corresponds to a small orientation difference or low 


energy. The inequality of angles d and h is not suffi- 
cient, however, to invalidate the conclusions reached 
in this work since, as noted by Gjostein and Rhines, the 
calculation of y,_, is insensitive to this variation. 

Lomer and Nye” have indicated that the low mobility 
of small angle boundaries can seriously affect the equi- 
libration process in tricrystals of the type used here. 
Consequently, migration kinetics as well as energy 
cusps may be involved. Similarly, Gjostein and Rhines 
suggest that a nonequilibrium condition is present at 
the triple point, at least in those specimens where 
angles d and h differ. Although boundaries in real 
crystals represent nonequilibrium structures, intersect- 
ing boundaries may attain local equilibrium through 
migration of atoms over relatively short distances. The 
good mobility of large angle boundaries may insure 
that in these experiments there are always two bound- 
aries in each specimen which can move freely enough 
to produce local equilibrium. In fact, it was observed 
that the point of junction of the three boundaries fre- 
quently moved through a distance of several milli- 
meters during the process of cooling from the freezing 
point. The specimens were then annealed at tempera- 
tures near the melting point for relatively long periods 
until constant boundary angles were obtained. It is 
assumed, therefore, that the angles under consideration 
are at their equilibrium values, and that metastable 
equilibrium states are not reached. An additional justi- 
fication for this assumption was previously given in 
ref, 2. j 

Gjostein and Rhines mention the possibility of im- 
purities playing an important role in preventing the 
boundaries from reaching equilibrium positions. Im- 
purities in the boundary may be of more significance 
in their effect on the grain boundary energy itself. It 
is possible that impurity atoms in the vicinity of the 
dislocation lines of the boundary modify the boundary 
energy and thus control the boundary direction or 
orientation. The impurity factor may then lead to 
asymmetry of angles d and h for specimens containing 
a dislocation boundary, which would not be predicted 
by the dislocation model of the boundary based only 
on the presence of dislocations in a pure crystal lattice. 

Since the energy of a large-angle incoherent bound- 
ary is nearly constant over wide ranges of orientation 
difference of the adjoining grains,” it appears likely 
that the orientation derivative of such a boundary is 
truly negligible within rather wide limits. However, a 
quantitative study of the magnitude of orientation de- 
rivatives for both large and small angle boundaries is 
certainly a needed approach in this field. 

17 J. B. Hess: Measurement of Solid: Solid Interfacial Energies. 


Metal Interfaces. p. 134. Cleveland. ASM. 
18 W. M. Lomer and J. F. Nye: Proceedings, Royal Soc., 1952, vol. 
A212, 
19B. Chalmers: Proceedings, Royal Soc., 1949, vol. A196, p. 64. 
2 J. Friedel, B. D. Cullity, and C. Crussard: Acta Metallurgica, 


1953, vol. 1, p.. 79: 


Study of the Fe-Si Order-Disorder Transformation 


by Frank W. Glaser and W. lIvanick 


JourNAL or Merats, October 1956; AIME Trans., 1956, vol. 206, pp. 1290-1295. 


Hiroshi Sato (Ford Motor Co., Dearborn)—Several 
years ago, the behavior of the order-disorder transfor- 
mation of the Fe-Al-Si system was investigated in the 
Research Institute for Iron, Steel and Other Metals, 
Tohoku University, Sendai, Japan, and a part of the 
result was published.”™ Since these results were not 
cited in this paper, it seems worthwhile to discuss some 
points of this paper together with the results. 

The authors claim that the T.-composition curve of 
Fe-Si alloy does not agree with the curve expected 
from the theory of AB;-type alloy of Easthope” (also 
a similar calculation by Shockley”) but shows a maxi- 
mum at the 3:1 composition. It should be noticed, how- 
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ever, that the calculation above should be applied only 
to the AB;-type alloy of face-centered-cubic lattice and 
not to AB;-type of body-centered-cubic lattice. If the 
problem of a body-centered-cubic lattice is treated in 
the usual manner, it is clear that at least the second 
nearest-neighbor interaction should be taken into ac- 
count in order to have an AB;-type superlattice as a 
stable phase. If the second nearest-neighbor interaction 
is taken into account, it is rather natural to expect 
from the theory that the T.-composition curve of an 
AB,-type alloy of body-centered-cubic lattice shows a 
maximum at the 3:1 composition. This was first point- 
ed out by us during the investigation of the Fe;Al 
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superlattice." Also, a detailed calculation was done 
using the Bragg-Williams approximation.” 

As for the T.-composition curve of Fe-Si system, 
Osawa and Murata investigated it along with the gen- 
eral phase diagram of the system obtained by measur- 
ing several physical properties at high temperatures. 
They published a similar result to the present one.” 
Since Osawa and Murata used a less direct method 
than that adopted by the present authors in determin- 
ing T., it seems to me that their result may be less re- 
liable. However, the Osawa-Murata result is higher in 
temperature than that of the present authors in spite 
of the fact that, in the latter experiment, T. was ob- 
tained by measurements on quenched samples. Such 
a method of determining T. might be expected to give 
a higher value if we consider the possibility of order- 
ing during the quench. In this sense, the present authors’ 
method should also be considered indirect. Also, these 
alloys are very likely to be cracked by severe quench- 
ing and it is difficult to expect highly accurate measure- 
ments for such samples. Since the figure indicating the 
dependence of the resistivity upon the quenching tem- 
perature is not shown in the text, the accuracy of de- 
termining T, can not be judged by the reader. 

The authors also claim that the stability character- 
istics of Fe;(SiA1) and Fe,Si are very similar but very 
dissimilar to Fe,Al. This expression seems rather 
vague to me. I investigated the behavior of the order- 
disorder transformation in the Fe-Al-Si system” by 
replacing aluminum atoms in Fe;Al by silicon atoms on 
the composition line Fe;Al,,Si, (0S * =1). Such an 
investigation was made because Fe;Al and Fe;Si have 
many characteristics in common, especially in their 
relations between order-disorder and magnetic trans- 
formation. The Fe-Al-Si system gives very instructive 
information concerning the preblem of the interaction 
of these two cooperative phenomena: the order-disor- 
der of atomic arrangement and the ferro-paramagnetic 
transformation. From the measurement of specific heat- 
temperature curves of these alloys and other data, we 
could conclude as follows: 

Silicon replaces aluminum randomly and, therefore, 
the type of superlattice in this range is Fe:(Al_,Si.) 
and is similar to Fe,Al or Fe;Si. No higher order super- 
lattice is observed. 

Replacing aluminum by silicon raises the T. of the 
superlattice of Fe.:(Al_.Si,) type more strongly than 
what would be expected from a simple replacement 
model where no interaction between aluminum and 
silicon atoms is assumed. In this case T, would go up 
linearly with silicon along the line connecting the T.’s 
of Fe,Al and Fe;Si. This type of nonlinearity in the 
actual results means that there is a strong repulsion 
between aluminum and silicon atoms at the nearest- 
neighbor distance. 

Although there is a complication in the behavior of 
physical properties measured near the Fe,Al range 
because of the proximity of T. to the Curie point, the 
essential behaviors of the order-disorder transforma- 
tion and its effect on the spontaneous magnetization are 
found to be similar for both Fe;Al and Fe;Si. 

In this sense, it does not seem to be reasonable to say 
that the stability characteristics of Fe;Al and Fe,Si or 
Fe,(Si Al) are very dissimilar. 


When silicon is added to Fe;Al, electrical resistivity 
at high temperature shows a negative temperature Co- 
efficient just like that observed in Fig. 8. However, by 
close examination of extremely accurate resistivity- 
temperature data, we could observe a slight bend of 
the curve at the critical temperature.” Probably the 
circumstances would be the same in the Fe-Si system. 


Frank W. Glaser and W. Ivanick (authors’ reply)— 
We sincerely regret that in reviewing pertinent litera- 
ture, abstracts, and major references made to publica- 
tions in connection with the Fe-Si order-disorder re- 
action, we have failed to uncover and thus include 
some of the studies made and referred to in his discus- 
sion by Mr. Sato. It appears, however, that Sato et al. 
have concerned themselves primarily with theoretical 
considerations of the order-disorder transformation 
while our paper dealt mainly with a description of ex- 
perimentation designed to shed more light on the 
physical characteristics of Fe-Si alloys as a function of 
heat treatment. An attempt was made by us to corre- 
late such experimental observations with certain 
studies made by others as cited in the article. 

Regarding the relation of T. vs composition, our ex- 
perimental data were reported only for comparison 
with Easthope’s theoretical curves, who made these 
calculations for structures with coordination numbers 
6, 8, and «. He did not indicate a maximum at com- 
position AB; for the body-centered-cubic case. 

Since some of the studies cited by Sato have not been 
published or appeared in translation, we shall gladly 
accept his statements regarding similarities between 
our findings and those of Osawa and Murata™ in con- 
nection with the relation of T. vs composition. It ap- 
pears possible that in quenching these brittle Fe-Si 
compositions, microcracks might be caused; however, 
we feel certain that this fact had very little influence, 
if any, on the order of magnitude of our results as 
reported. 

Our suggestion regarding similarities in thermal sta- 
bility characteristics of the Fe:Si and Fe,(Si Al) super- 
lattices was based on a comparison with results ob- 
tained by Garrod and Hogan.“ As cited in our paper, 
these authors—like ourselves—have observed an extra- 
ordinary thermal stability of the superlattice, which 
was retained “in spite of rapid quenching from a tem- 
perature close to the melting point.” 

A similarity of thermal stability characteristics of 
the Fe,;Si and Fe;(Si Al) superlattices, and a corre- 
sponding dissimilarity of these two with the thermal 
stability characteristics as reported for the Fe;Al super- 
lattice, appeared to be a justifiable observation. 


20H. Sato and H. Yamamoto: Journal Physical Soc., Japan, 1951, 
Vole 6; pi 65° 

21H. Sato: Science Reports, Research Inst., Tohoku Univ., 1951, 
vol. A 3, p. 31; Journal, Japan. Inst. of Metals, 1948, vol. 13, No. 4, 

22.W. Shockley: Journal of Chemical Physics, 1938, vol. 6, p. 130. 

23H. Sato: Science Reports, Research Inst., Tohoku Univ., 1952, 
45 

24H, Sato: Science Reports, Research Inst., Tohoku Univ., 1951, 
vol. A 3, p. 25. 

»% K, Adachi: Science Reports, Tohoku Univ., 1951, Series I, vol. 
35, Dp: 30: 

26 A, Osawa and T. Murata: Journal, Japan. Inst. of Metals, 1940, 
vol. 4, p. 228. 

27H. Sato and H. Yamamoto: Unpublished work presented before 
the Physical Society of Japan, November 1948. 


Temperature Dependence of Recovery Phenomena in a Cold Rolled Aluminum Single Crystal 


by A. H. Lutts and P. A. Beck 


JOURNAL OF Metats, October 1956; AIME Trans., 1956, vol. 206, pp. 1226-1228. 


E. C. W. Perryman (Atomic Energy of Canada Ltd., 
Chalk River, Ont., Canada)—I was very pleased to see 
that the results of this investigation have confirmed my 
results’ obtained on polycrystalline superpurity alumi- 
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num. For heavy cold working (80 pct) at room tem- 
perature, I also found that the activation energy for 
the recovery of hardness and X-ray line breadth were 
similar and the actual values of 20,000+5,000 cal per 
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mole for line breadth and 22,500+2,400 cal per mole for 
softening agree very well with those reported by the 
authors. However with smaller amounts of cold work 
(20 pct), the activation energies for recovery of line 
breadth and hardness were not the same, being 22,400+ 
2,000 and 31,800+2,600 cal per mole, respectively. 


In view of the foregoing results, I cannot agree with 
the authors’ tentative conclusion that the rate of line 
sharpening and the rate of initial softening are deter- 
mined by related elementary processes. Since the acti- 
vation energy for recovery of line broadening is inde- 
pendent of the amount of cold work it is not unreason- 
able to suppose that this is controlled by a single proc- 
ess such as dislocation climb. The activation energy 
for recovery of hardness is dependent on the amount of 
cold work which suggests that in addition to disloca- 
tion climb some other mechanism is operating. This is 
perhaps not surprising, for available evidence’ indi- 
cates that subgrain growth occurs in the very early 
stages of recovery and also that the hardness or yield 
strength will be dependent on subgrain size and on the 
type of subgrain boundary present after recovery and 
the orientation difference between adjacent subgrains. 


A. Berghezan (European Research Associates, Brus- 
sels, Belgium)—This paper is one of a long series 
focusing light on one of the most significant and cur- 
rently important problems in the study of the physics 
of metals, that is, softening without recrystallization 
or the recovery of the cold worked metals by ainneal- 
ing at low temperatures. 


Until now, the definition of recovery has been the 


softening of metal without observable structural 
changes.° 


It is obvious that this definition contains a striking 
contradiction, since it is well known that softening of 
the metal during the recovery process brings its physi- 
cal properties very near to those of recrystallized metal 
while still appearing to maintain the structure of the 
deformed metal. 


As is also well known, there is a close relationship 
between structure and mechanical properties and vice 
versa. Thus, softened material ‘after recovery, having 
mechanical properties approximating the recrystallized 
material, cannot have the structure of the deformed 
material. All methods used to reveal a change in the 
structure of deformed metals during the recovery 
process have failed to detect this until very recently. 


It is greatly to Dr. Beck’s credit that the problem of 
recovery is brought to the fore and that he shows how 
erroneous our ideas on this subject have been. Dr. 
Beck and A. H. Lutts raise a new and very interesting 
point: after the completion of line sharpening, there 
still remains a part of the total work hardening intro- 
duced by deformation. 


In a recent paper on the structure and the properties 
of recovered metals,”* we found the same feature in a 
homogeneous alloy of aluminum with 3 pct Mg, and 
showed by X-rays that, after the completion of line 
sharpening, imperfections still remained in subgrains 
which developed during recovery. These imperfections 
last for a long time at low temperatures. As an ex- 
ample, a strongly deformed metal shows the comple- 
tion of line sharpening after 5 min at 250°C and after 
only 3 min at 280°C, whereas the nearly complete soft- 
ening does not occur until after 3 hr at 250°C and 2 
at 280°C. During the further softening, evolution of 
the structure can be followed not only by X-rays but 
also by color microscopy which provides evidence of 
the mechanism of this softening; the subgrains become 
more and more perfect and at the same time a con- 
tinuous growth of the subgrains occurs. 


It is thus evident that: 


1) The subgrains appearing during recovery are not 
perfect; they become perfect only later after low tem- 
perature annealing. The numerous defects disappear 
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progressively from their entire volume, before and 
during their growth. 

2) When the subgrains achieve complete perfection, 
a thermodynamic equilibrium seems to be established 
at their interfaces and so growth is stopped. 

3) These phenomena clearly suggest that their 
growth is related not only to the subboundary energy 
but equally, and possibly principally, to the defects 
which they contain in their entire volume. 

Completion of line sharpening appears as soon as the 
size of the subgrains reaches about 0.5u, even if there 
are still strains remaining in their volume. Direct 
powder evidence has been obtained in our work.”* Fur- 
ther softening occurs, as was stated previously, by con- 
tinuous growth and simultaneous perfection of the 
subgrains. 

This is a confirmation of Dr. Beck’s conclusion and 
we thank him and his coworkers for all their valuable 
and authoritative contributions to this important field. 


Paul A. Beck (author’s reply)—The agreement of our 
activation energies for line sharpening and for soften- 
ing with those independently determined by Dr. Perry- 
man for 80 pct rolled aluminum is encouraging. Which 
one of the two papers should be considered as a con- 
firmation of the other is difficult to determine, since 
both manuscripts were received by AIME on the same 
day. 

In regard to line sharpening, the agreement is all 
the more remarkable, since the kinetics were quite 
different. Dr. Perryman found a maximum of about 
50 pet recovery only, with no further line sharpening 
beyond a certain annealing time, while we observed 
that line sharpening went to completion, e.g., after a 
sufficiently long period of recovery between 100° and 
350°C it reached the value measured for fully recrys- 
tallized aluminum (i.e., a breadth at half intensity of 
about 4’). The reason for this discrepancy is not clear; 
among the differences in experimental conditions some 
of the most obvious are the use of polycrystalline ma- 
terial, a photographic method, and'the (333) Ka reflec- 
tion by Dr. Perryman, as compared with single crystal, 
quantitative diffractometer measurements by means of 
a G.M. counter and the (220) Ka reflection in our in- 
vestigation. At any rate, the activation energy obtained 
in both investigations is significantly lower than that 
for self-diffusion and this fact would have to be ac- 
counted for, if an interpretation of the mechanism is 
attempted in terms of elementary processes. 

As to the hardness data, it is not at all clear how a 
meaningful activation energy could possibly be derived 
from the time for complete recovery at various tem- 
peratures, when recovery resulted only in partial soft- 
ening, the final, steady values varying with the anneal- 
ing temperature. The activation energy (31.8 kcal per 
g mole) for the softening of the 20 pct rolled material 
was apparently determined by Dr. Perryman in this 
manner. It may be pointed out also that the scatter 
of the microhardness values, even in the case of the 
single crystals described in the present paper, is fairly 
large, so that no great accuracy can be claimed for the 
activation energy derived from them. The same is un- 
doubtedly true even more for the polycrystalline speci- 
mens used by Dr. Perryman. Under the circumstances 
it might be safer not to draw far-reaching conclusions 
from the apparent difference observed by him between 
the activation energies for softening in 20 pct rolled 
and 80 pct rolled specimens. On the other hand, Dr. 
Perryman is probably correct in pointing out that the 
tentative conclusion derived in the present paper re- 
garding the possible identity of the rate determining 
processes in line sharpening and in softening should be 
likewise not considered as a well established one. 

Dr. Berghezan’s interesting comments are greatly 
appreciated. His excellent paper should be certainly 
referred to in connection with our work. Perhaps it 
should be pointed out that recent, more accurate hard- 
ness measurements in our laboratory by B. G. Ricketts 
indicate that the initial hardness drop during recovery 
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at 350°C may be much larger than that indicated by 
the results of A. H. Lutts. Accordingly, the amount of 
work hardening that remains after complete line 
sharpening may be considerably smaller than pre- 
viously thought. This work is still being continued. 


ScmeCce We Perryman: AIME Trans., 1955, vol. 203, p. 1053; Jour- 
NAL or Metats, September 1955. 

6 J. R. Murray: Journal Inst. of Metals, 1956, vol. 84, p. 93. : 

7A. Berghezan: Structure et propriétés du métal restauré. 
Métaux-Corrosion-Usure, 1955, Nos. 359-360, p. 1. i 

8A. Berghezan and J. Herenguel: Comptes Rendus, Paris, 1955, 
vol. 240, p. 1343. 


X-Ray Diffraction Determination of the Coefficients of Expansion of Alpha Uranium 


by J. R. Bridge, C. M. Schwartz, and D. A. Vaughan 


JOURNAL OF METALS, October 1956; AIME Trans., 1956, vol. 206, pp. 1282-1285. 


Authors’ Correction 


Lowell T. Lloyd of the Argonne National Laboratory 
brought to the authors’ attention a disagreement be- 
tween the equation for the volume expansion of urani- 
um reported by the authors and the experimental data 
given in Table I or the curve of Fig. 2 of the paper. 
A typographical error was made in reporting the co- 
efficient of the third-power term of the equation for 
the volume expansion, which should read as follows: 


V. = Ve; [1445 x 10°T — 3.4 


It should be noted that the continuous curve in Fig. 
2 was plotted from the correct equation. 


Discussion 

L. T. Lloyd (Argonne National Laboratory, Lemont, 
Ill.)—While replotting the unit cell dimensions meas- 
ured by the authors, it became evident that each set 
of data could be represented by a single curve over the 
entire temperature range of observations (20°K to 
640°C). Equations for these have been calculated by 
the least squares method of curve fitting; the constants 


Table III. Constants for Equations Relating Unit Cell Dimensions 
of a-Uranium and Temperature* 


Xo ax106 Bx10° yx1012 Sut 
Equations based on 0°K, Xo = X at 0°K 
{100 2.8353 19.37 —0.10 14.82 0.00203 
[010]-b: 5.8673 —2.32 12.91 —18.41 0.00170 
[001 4.9277 21.57 —13.42 23.39 0.00235 
Vt 81.98 38.19 1.09 19.00 0.081 
Equations based on 0°C, Xo = X at 0°Ct 
[100]-ay 2.8511 22.50 14.74 0.00172 
[010]-b¢ 5.8670 0.61 —2.17 —18.41 0.00184 
[001]-ct 4.9541 19.37 23.26 0.00252 
Vit 82.87 42.57 16.48 18.80 0.079 
Equations based on 27°C, Xo = X at 27°Ct 
at 2.8529 23.17 13.16 14.73 0.00172 
bt 5.8671 0.45 —3.66 —18.41 0.00184 
Ct 4.9567 19.72 7.59 23:25 0.00252 
Vi 82.97 43.45 17.98 18.77 0.079 


Equations reported by Bridge, Schwartz, and Vaughan, 
Xo = X at 27°C§ 


at 2.8541 17.2 30.8 0 0.00156 
bi 5.8677 —9.2 40.4 —67.5 0.00224 
Ct 4.9563 25.1 —21.3 57.5 0.00264 
Vt 83.00 45.0 —3.4 50.0 0.075 


* Constants are for equations of the type: 
Xt = Xo (1 + aT + BT? + yT%). 

For the first set of equations T equals °K; for the second set T 
equals °C; and for the third and fourth sets T = t°C -- 27. 

7+ S, is the root mean square of the observed unit cell dimension 
deviations about the respective fitted curves. 

t Only the deviations of data points measured at 27° to 640°C are 
considered. 

§ The Xo values for this set of equations are taken as the average 
of the respective values observed at 27°C. 


are given in Table III. Values are reported for three 
sets of the equations referred to 0°K, 0°C, and 27°C. 
The second and third sets were obtained from the 0°K 
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equations by simple reference temperature transfor- 
mations. In calculating the constants for a; and unit 
cell volume the data at 20°K were considered as nor- 
mal points; the possibility that there may be a sudden 
change in these dimensions in the low temperature 
region was disregarded. 

The last column in Table III gives the root mean 
square of the observed unit cell dimension deviations 
about the respective fitted curves (S,). Comparisons 
of these values for the equations represented by the 
third and fourth sets of constants indicate that com- 
parable fits to the data are obtained. 

The shapes of the curves calculated from the two sets 
of equations agree well with the exception of those 
for b:. The curve from the authors’ equation shows a 
decrease in lattice parameter just above 27°C, then 
levels off to almost zero decrease and finally again de- 
creases with increasing rapidity up to 640°C. The curve 
from the b; equation reported here starts out at 27°C 
with 0 slope and then continues with an increasingly 
negative slope up to 640°C. However, at lower tempera- 
tures this curve also goes through reversals of slope. 
The fluctuation of slope for both curves results from the 
method of curve fitting employed and the essentially 
invariant values of the b, lattice parameter between 0°K 
and room temperature. The better curve shape near 
room temperature, which is obtained from the equation 
reported here, is merely a result of considering a wider 
temperature range of data. 

The mean coefficients of expansion calculated from 
the equations reported here agree well with those given 
in Table II of the paper; whereas those calculated for 
a,» from the authors’ equations dv not because of the 
drastic changes in slope near 27°C. 

The discusser would like to acknowledge the assist- 
ance of J. L. Walker in carrying out the calculations 
related to the least mean square method of curve 
fitting. 

J. R. Bridge, C. M. Schwartz, and D. A. Vaughan 
(authors’ reply)—The authors wish to thank Dr. Lloyd 
for his contribution. His calculations provide equations 
that fit the observed data over the entire temperature 
range investigated. Addition of the low temperature 
data to the computation of the equations eliminates the 
uncertainty in the slope of the curves in the vicinity of 
room temperature. The authors did not use the low 
temperature data in their computation because of the 
larger spread in the observed cell dimensions for a 
given temperature and because of the limited number 
of observations at the lower temperatures. Although 
both the authors’ and Dr. Lloyd’s equations fit the 
observations equally well at the higher temperatures, 
his give a better fit of the data at and below room 
temperature. However, perhaps one should use caution 
in accepting the significance of the cell dimensions at 
0°K from Lloyd’s equations, considering the possibility 
of an abrupt change in this region. 
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Hydrogen In Steelmaking Practice 


Based ona rapid analytical procedure for hydrogen and a reliable sampling method 
for obtaining specimens from a molten steel bath, a series of three acid open hearth, two 
basic open hearth, and seven basic electric furnace heats were examined through the re- 
fining period, at tap, and in some instances during pouring for variations in hydrogen 
content. Experiments and calculations are presented to show that the measured hydrogen 
content is the result of two competing processes, one of which drives hydrogen into the 
metal from the gas and slag phases and the other eliminating hydrogen through the CO 
boil. Hydrogen absorption rates are calculated to show the differences which exist among 
the acid and basic open hearth processes and the basic electric process. 


by Henry Epstein, John Chipman, and Nicholas J. Grant 


OR many years steel producers have been con- 

cerned with the presence of hydrogen in steel. 
Hydrogen dissolved in excess of its solid solubility 
at the melting point may cause bleeding and gross 
unsoundness in ingots and castings. In fully-killed 
steels the hydrogen content which results in these 
difficulties varies with the alloy content’ and may 
range from 6 to 12 ppm.* It is also recognized that 


*1 ppm = 0.0001 wt pct = 1.11 cu cm per 100 g = 0.0873 R.V. 
(volumes of H» per volume of metal). 


a smaller content of hydrogen, as low as 1 or 2 ppm, 
plays a part in causing other defects such as flakes,” * 
hairline cracks,’ and generally lowered ductility.’ 
The deleterious effects of small amounts of hydro- 
gen pose a special problem in forging grade steels 
where maximum mechanical properties are desired. 
The forging manufacturers have long incorporated 
subcritical annealing periods in heat treatment cycles 
to remove hydrogen. This is made possible by the 
relatively high rate of diffusion of hydrogen in fer- 
ritic steel. Corrective heat treatment is not very 
practical for austenitic grades because of the rela- 
tively low rate of diffusion of hydrogen in austenite. 
However, even in ferritic grades, the effectiveness 
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of heat treatment diminishes rapidly as the size of 
the part to be treated increases. The time required 
to remove a specified fraction of the hydrogen pres- 
ent increases as the square of the diameter of the 
section, making the treatment of large sizes im- 
practical. 

In order to prevent bleeding and gross unsound- 
ness due to hydrogen, and in view of the inadequacy 
of corrective heat treatment alone to provide opti- 
mum properties when hydrogen is present in large 
sections, efforts to limit the hydrogen content must 
be taken while the steel is still liquid. The main 
subject of this paper is a discussion of the factors 
affecting the hydrogen content of liquid steel in acid 
and basic open hearth, and basic electric two-slag 
furnace processing. 


Literature Survey 

Because many of the results and observations re- 
ported in the literature have a direct bearing on the 
results obtained in the present research and form 
part of the basis for conclusions reached, a brief 
summary of the findings is necessary. 

Methods for experimental investigation of hydro- 
gen in liquid steel are comparatively new. The first 
attempts to estimate the hydrogen content of the 
open hearth bath were by Kalling and Rudberg," 
who devised a method for collecting gases evolved 
from the boiling bath of a basic open hearth furnace. 
They found that the gas during the boil generally 
contained 2 to 3 pct H.. From this and Sieverts’ 
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solubility data they indicated that the bath con- 
tained about 3.5 to 4.5 ppm H. The method of gas 
collection was improved by von Hofsten, Kalling, 
Johansson, and Knos,' and they concluded that the 
method gave a more valid figure for hydrogen than 
they could obtain by sampling and analysis of the 
liquid bath. 

Chiuko reported similar studies.*"" The hydrogen 
content of the bath was found to decrease during the 
oxidizing period of the heat at a rate directly pro- 
portional to the rate of carbon elimination. Minimum 
carbon oxidation rates of 0.3 pet C per hr were 
recommended to obtain low hydrogen steels, in 
agreement with the observations of von Hofsten et 
al.’ Pronounced deviations in the observed rates of 
hydrogen elimination from a theoretical calculation 
of the effect of the boil were ascribed to simul- 
taneous hydrogen absorption from the furnace at- 
mosphere. Water vapor in the furnace atmosphere 
was considered the source of hydrogen, and the 
effect of various fuels and the moisture content of 
slag additions, such as burnt lime, on the moisture 
content of the furnace atmosphere was noted. A 
detailed theory of the absorption of hydrogen in 
electric furnace practice was formulated. This 
theory emphasized the importance of the high tem- 
perature at the arcs on absorption of hydrogen as 
well as of nitrogen. 

Sims, Moore, and Williams” reported the results 
of an extensive study in 1948. They used hot extrac- 
tion analyses performed on metal samples taken in 
a split copper mold to follow the hydrogen content 
during the heat. The effectiveness of the boil in 
removing hydrogen was again found to vary with 
the type of practice, being more effective in acid 
than in basic practice, and more effective in electric 
than in open hearth practice. Initially high hydro- 
gen content associated with rusty or oily scrap 
charges did not result in high values at tap pro- 
vided a vigorous boil had taken place. In fact, the 
attainment of a vigorous boil was considered the 
prime factor in obtaining consistently low hydrogen 
content at tap. Next in importance was the careful 
drying of ladles, runners, and molds to prevent ex- 
cessive hydrogen pickup during tapping and teem- 
ing. 

Wentrup, Fucke, and Reif® in 1949 reported 
hydrogen analyses of metal samples taken in a 
quartz pipette and analyzed by the method of 
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Bennek and Klotzbach" (hot extraction at 600° fol- 
lowed by vacuum tin fusion at 1150°C). Their re- 
sults confirmed the previously reported difference in 
the hydrogen content of acid and basic open hearth 
steels. A minimum rate of carbon oxidation of 0.3 
pet per hr for acid open hearth and 0.5 pet C per hr 
for basic open hearth steels was recommended to 
maintain low hydrogen content. 

Piper, Hagedorn, and Backes” published results 
of extensive tests using an improved design of the 
quartz suction tube described by Wentrup et al. 
They concurred to a large degree with the conclu- 
sions reached by Wentrup although obtaining sub- 
stantially lower actual hydrogen contents. Along 
with the effect of the type of slag, they noted an 
inverse relation between the hydrogen content of 
the bath and the ferric iron content of the slag. 

Barraclough’ reported results of hydrogen analy- 
ses on samples taken in a notched-pencil mold con- 
structed of copper. Special attention was paid to 
two-slag basic electric practice in which the hydro- 


Table |. Effect of Mold Condition on Hydrogen Content of 


Killed Steel 
Hydrogen 
Casting Content, 
o. Description* Ppm 
1 Clean steel mold, 6 in. diam, 10 in. depth 4.0 
2 Heavily tarred steel mold, 6 in. diam, 15 in. depth 8.6 
3 Clean steel mold, 6 in. diam, 10 in. depth 4.1 
4 Dry sand mold, 10 x 15 x 12 in. 4.1 
5: Green sand mold, 10 x 15 x 12 in. 4.6 


* All molds were poured from the same ladle. 


gen content was found to increase when the reduc- 
ing slag was added. This increase was associated 
with the moisture content of the burnt ime and was 
reduced to a minimum by thorough drying of the 
additions. Similar findings were reported by Piper 
et al. 


Hydrogen Sampling and Analytical Apparatus Used 

The great mobility of hydrogen in liquid steel and 
in solid ferritic steel makes the use of special sam- 
pling techniques necessary in order to retain all the 
hydrogen. Two main types of approach to the prob- 
lem of retaining the hydrogen have been employed 
in previous work: 1) the sample was taken in a 
device providing for the collection of escaping 
hydrogen,” or 2) the sample was drastically 
quenched and maintained at very low temperature 
to prevent the escape of any hydrogen.”* ™ 

The devices used in this work have been of the 
second type. The final design adopted was the 
modified Taylor sampler shown in Fig. 1. It con- 
sisted of a heavy-walled copper cylinder with a 
tapered hole to which a rubber bulb was attached 
by iron piping. A hardened steel punch was pro- 
vided for rapid ejection of the sample from the 
copper sampler. A plug consisting of a small roll 
of copper gauze was inserted in the hole to regulate 
the sample length. 

The sampling procedure used is outlined below: 

1) A well-slagged spoon of liquid metal was 
withdrawn from the furnace, the surface wiped free 
of slag, and the metal killed with 0.1 to 0.2 pct alu- 
minum wire (time required—5 to 15 sec). 

2) The tip of the copper sampler was momen- 
tarily immersed in the liquid metal and a sample 
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Fig. 2—Analytical apparatus for hydrogen determination in steel. A, mercury life, for sample introduction; B, induction furnace 
assembly, containing tin bath; C,, C2, and C;, mercury valyes; D, butyl phthalate manometer; E, ammeter; F, palladium tube, for in- 
troducing hydrogen for calibration; G, mercury manometer, for introducing gases for calibration; H, mercury diffusion pumps; J, 
variable volume burette; K, thermal conductivity cell, surrounded by ice-water bath; L, Wheatstone bridge; M, mercury trap, sur- 
rounded by dry-ice and acetone bath; N, magnetic slide, to prevent condensation on prism; O, asbestos sheet insulation; P, mer- 


cury reservoirs; and Q, known volume, for calibration purposes. 


sucked into the tube by means of the rubber bulb. 
The sample was then immediately ejected into cold 
water by placing the sampler on a stand and strik- 
ing the punch (maximum time required—10 sec). 

3) The sample was agitated in cold water for 
about 10 sec and placed in a bottle of liquid nitrogen 
for storage until analysis. 

This device combined the suction feature intro- 
duced in German designs, preventing exposure of 
the metal to the atmosphere as occurs on pouring, 
with the rapid quench obtained in a copper mold as 
utilized in several British and American designs. 
The entire sampling operation took less than 30 sec. 
The copper tubes were used over and over again, 
needing only occasional pickling and reaming to 
maintain a smooth bore. 

A sampler marketed for taking spectrographic pin 
samples was also used in some instances. This de- 
vice was extremely simple, consisting merely of an 
evacuated glass tube about 4 in. long. The tips of 
the glass tube were drawn down so that when one 
end was immersed in a spoon of liquid metal, the 
tip melted away and the tube filled up with metal. 
Samples taken with this device were handled in the 
same fashion as those taken with the Taylor 
sampler. 

The most successful methods of extracting hydro- 
gen from steel samples for analytical purposes have 
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been the hot extraction method” “ and the tin fusion 
method.” The hot extraction method involves 
heating the sample in a vacuum to temperatures 
ranging from 300° to 800°C, causing the hydrogen 
to diffuse out of the solid sample. In the tin fusion 
method, the sample is dissolved in liquid tin in a 
vacuum furnace at a temperature of about 1100°C, 
and the hydrogen is pumped out of the melt. Various 
methods of collecting and analyzing the extracted 
gases have been successfully employed. 

The analytical apparatus used in this work in- 
corporated the vacuum tin fusion extraction furnace 
described by Carney, Chipman, and Grant. The 
analysis of the extracted gases for hydrogen was 
based on the thermal conductivity method described 
by Shields, Chipman, and Grant.” The following 
describes certain improvements that have been 
made. 

A sketch of the apparatus is shown in Fig. 2. The 
sample was introduced into the vacuum system 
through a mercury lift (A) and held for a period 
of about 14% min with all mercury cutoffs (C,, C,, 
C,) open to allow any air and solvent introduced 
with the sample to be pumped off. The collecting 
system was then closed by raising the mercury cut- 
off (C.) and introducing the sample into the furnace 
(B) containing the tin bath. Manipulation of the 
sample was accomplished by a magnet (nonmag- 
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Fig. 3—Detail of thermal conductivity cell and freeze-out trap. 


netic samples were handled in a magnetic cup). The 
tin bath contained about 1.0 pct Si and 0.5 pct Al to 
suppress CO evolution, and was maintained at a 
temperature of about 1100°C. As the sample dis- 
solved, the hydrogen plus a small amount of N, and 
CO was liberated, and these gases were pumped into 
the analytical section of the apparatus by a mercury 
diffusion pump (H). A period of 5 to 15 min was 
required to collect the gas from samples weighing 
1 to 10 g. At the end of the collection period the 
furnace was isolated from the analytical section by 
raising the mercury cutoff (C,). The pressure in the 
analytical section was then adjusted by means of 
the variable volume burette (J) into the range 1.4 
to 1.6 mm Hg as determined from the butyl phthal- 
ate manometer (D). A reading was taken on the 
ammeter (FE) in the thermal conductivity gage 
Wheatstone bridge circuit (K, L) described by 
Shields et al." This completed the operations neces- 
sary for an analysis. The equipment was made ready 
for another analysis by evacuating the previous gas 
sample and then opening the mercury cutoffs C, 
and C,,. 

The quantity of hydrogen collected was calculated 
from the partial pressure of hydrogen (determined 
from the ammeter reading in the thermal conduc- 
tivity gage circuit as previously calibrated), the 
total volume of collected gases (determined from 
the burette reading), and the temperature of the 
collected gases (read from a thermometer). From 
this total quantity of hydrogen a blank correction 
was subtracted equal to the amount of hydrogen 
collected in the absence of any sample. This cor- 
rected quantity of hydrogen was divided by the 
sample weight to give the hydrogen content. 

The constant pressure method used was preferred 
to the more usual constant volume approach, be- 
cause in the range of total pressure from 1.4 to 1.6 
mm Hg and over 50 pct H, in the gas, the ammeter 
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reading was found to be directly proportional to the 
partial pressure of hydrogen and independent of 
the exact amount of CO or N, present. This inde- 
pendence of the reading with total pressure allowed 
the use of the relatively insensitive butyl phthalate 
manometer. A detailed drawing of the thermal con- 
ductivity gage used to obtain the readings is shown 

Excellent operation of the equipment was ob- 
tained if rigorous attention was given to several im- 
portant details. These included thorough bake out 
of the equipment before starting any analyses, care- 
ful temperature control of the tin bath, frequent 
blank checks, and careful use of the thermal con- 
ductivity gage cell. Of equal importance was the 
need for careful sample preparation, since a clean 
sample surface was essential in obtaining consistent 
results. Prior to analysis the samples were tempo- 
rarily taken out of the liquid nitrogen storage vessel 
and metal-shot-blasted to remove scale and rust. 
This operation took less than 30 sec. At the time of 
analysis the shot-blasted sample was removed from 
the liquid nitrogen and a piece of appropriate size 
broken off by holding the sample in a vise and hit- 
ting it with a hammer. This piece was allowed to 
warm up to room temperature in acetone and was 
washed in carbon tetrachloride. The piece was then 
dried for a few seconds in warm air, weighed, and 
introduced into the vacuum system. The sample 
was handled with tongs to prevent possible pickup 
of oil or moisture from the fingers. An average time 
of about 2 min was necessary to wash, dry, weigh, 
and introduce the sample into the analytical system. 

Several small induction furnace heats were made 
to investigate the efficiency of hydrogen retention 
by the sampling devices and the accuracy of the 
hydrogen analyses. The method of testing was based 
on the solubility of hydrogen in liquid iron and has 
been described by Carney, Chipman, and Grant.* 
It involved the equilibration of a gas of known 
hydrogen pressure (mixtures of hydrogen and 
helium) with liquid iron in a controlled atmosphere 
furnace. The analyzed hydrogen content of samples 
taken directly from the furnace was compared to 
the value calculated from the hydrogen pressure of 
the gas and its solubility as determined by Sieverts™ 
and by Liang, Bever, and Floe.” 

The results of these tests indicated that the copper 
tube sampler, in combination with the analytical 
apparatus used, was capable of operation to an accu- 
racy and precision within +5 pct of the true hydro- 
gen content of the hquid metal at the instant of 
sampling. The simple glass tube sampler showed 
somewhat less precision and for this reason the 
copper tube was preferred. 

In the commercial furnace tests a question arises 
as to how representative of the furnace bath the 
liquid metal in the sampling spoon is. The accuracy 
of the spoon sampling procedure cannot be judged 
exactly. It was found, however, to give reproducible 
results when carried out in a careful manner. Of 
special importance in this regard was the need to 
prevent boiling in the spoon. 


Concurrent with the sampling method used was 
the problem of preventing diffusion of hydrogen out 
of the samples from the time they were taken until 
they could be analyzed. The procedure used was to 
keep the samples in liquid nitrogen. The efficiency 
of liquid nitrogen storage was tested for 14 random 
samples including high and low carbon grades, both 
with and without low alloy additions of nickel, 
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Logs of basic electric heats BE-6 and BE-8. 


Fig. 7 


Fig. 5—Logs of basic open hearth heats BO-2 and BO-3. 
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Fig. 8—Logs of basic electric heats BE-10 and BE-11. 


chromium, and molybdenum. No significant change 
in the hydrogen content of these samples occurred 
in 65 days of storage in liquid nitrogen. 

Another and somewhat incidental series of tests 
was carried out to investigate the effect on storage 
efficiency of steel composition and storage tempera- 
ture. Three compositions, ingot iron, 12 pct Cr iron, 
and 18 pct Cr-8 pct Ni, were prepared as induction 
furnace heats. Samples of each composition were 
stored at room temperature (25°C), at dry ice- 
acetone temperature (—80°C), and at liquid nitro- 
gen temperature (—196°C). Room temperature dif- 
fusion losses from the ingot iron and 12 pct Cr stain- 
less samples were rapid. The hydrogen content of 
these grades dropped to about one half of their 
original value after 12 days of room temperature 
storage. In the case of the 18 pet Cr-8 pct Ni samples 
no significant losses were observed in 24 days of 
room temperature storage, indicating that room 
temperature storage is sufficient for austenitic 
grades. Storage at dry ice-acetone temperatures 
materially reduced the diffusion losses from the 
ingot iron and 12 pct Cr samples, but some disturb- 
ing variations in the hydrogen analyses were found. 
Apparently acetone was absorbed by the samples in 
some instances, leading to high analytical results. 
The conclusion was drawn, however, that samples 
could be safely stored at dry ice-acetone tempera- 
tures for periods of at least 12 days, provided such 
samples were absolutely sound or some means were 
taken to prevent acetone absorption. Again, the best 
results were obtained with liquid nitrogen storage, 
which prevented diffusion losses in all of these 
grades for periods up to 65 days. It should be noted 
that the samples under study here were roughly 4 
in. in diam. 


Results of Sampling Commercial Heats 

The main body of the experimental work con- 
sisted of sampling heats produced in commercial 
furnaces. Samples were taken throughout the course 
of three acid open hearth, two basic open hearth, 
and three basic electric two-slag heats, plus four 
additional basic electric heats during the reducing 
period only. The results are presented in the form 
of graphs showing the hydrogen and carbon contents 
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during the heats and pertinent items from the heat 
logs, see Figs. 4 to 8. The acid open hearth heats, 
designated AO, were made in a 20-ton furnace using 
oil fuel with air atomization. The basic open hearth 
heats, designated BO, were made in 200-ton fur- 
naces using oil and gas fuel with steam atomization. 
The electric furnace heats, designated BE, were 
made in 25 and 50-ton furnaces. Several additional 
heats were sampled just before tapping and through 
the teeming operation. 

It is instructive, as well as convenient, in discuss- 
ing the factors affecting the hydrogen content in the 
practices studied to consider each heat as divided 
into three separate periods: carbon oxidation, de- 
oxidation, and tapping and teeming. The following 
discussion is based primarily on the heats sampled 
in this work but also leans heavily on the literature 
previously mentioned. 


Hydrogen Content During Carbon Oxidation—In 
all the heats sampled, the hydrogen content of the 
liquid metal was lower at some time during the 
oxidizing period than at later stages. High initial 
hydrogen contents at meltdown were found to drop 
with the onset of the carbon oxidation reaction. The 
evolution of CO gas bubbles formed by carbon 
oxidation obviously flushed hydrogen out of the 
bath. However, in the fuel-fired heats at least, the 
hydrogen content did not continue to drop indefi- 
nitely as CO evolution continued. Rather, the hydro- 
gen content tended to approach a fairly constant low 
value (not zero) which was maintained low only 
as long as carbon oxidation occurred at a sufficiently 
high rate. Low initial hydrogen contents at melt- 
down were maintained low only at sufficiently high 
carbon oxidation rates. If the rate of carbon oxida- 
tion decreased, the hydrogen content was generally 
found to increase. 

The importance of carbon oxidation in obtaining 
low hydrogen heats cannot be denied because the 
flushing action provided by the CO evolution ap- 
pears to provide the only means in normal practice 
of removing hydrogen from the bath. However, the 
effectiveness of the flushing action in obtaining low 
hydrogen content varies widely from practice to 
practice. This is evident from the fact that carbon 
oxidation rates of 0.50 pct per hr were necessary to 
lower the hydrogen content of the basic open hearth 
heats much below 4 ppm while similar hydrogen 
contents in acid open hearth heats were obtained at 
carbon oxidation rates of only 0.20 pet per hr. Also, 
the hydrogen contents at the end of the oxidation 
period of basic open hearth heats were considerably 
higher than found in the basic electric heats, even 
though made under similar slags and comparable 
carbon oxidation rates. Consider heats BO-2 and 
BE-8, for example. These were both subjected to a 
carbon oxidation rate of 0.50 pet per hr for 2 hr. At 
the end of this time the basic open hearth heat still 
had a hydrogen content greater than 4 ppm, while 
the hydrogen content of the basic electric heat was 
under 2 ppm. 

The variation in the effectiveness of the flushing 
action in obtaining low hydrogen content from prac- 
tice to practice, and the tendency for the hydrogen 
content to rise as the rate of CO evolution decreased, 
indicate that extensive hydrogen absorption was 
occurring even as dissolved hydrogen was being re- 
moved by CO evolution. That hydrogen absorption 
occurs is of prime importance. It means that the 
hydrogen content of the bath is controlled by the 
difference between the rate of hydrogen absorption 
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and the rate of hydrogen removal rather than by 
the rate of removal alone. In order for the hydrogen 
content to drop, the rate of carbon oxidation must 
be sufficient to provide enough flushing action to 
overcome the rate of hydrogen absorption. The 
fairly constant low hydrogen content frequently 
found for long periods during refining must be con- 
sidered to represent a balance between these two 
rates rather than a static condition. 

That hydrogen absorption occurs is not surprising 
In view of the substantial quantities of water vapor 
present in the furnace. The products of combustion 
of an open hearth flame contain 15 to 25 pct water 
vapor by volume. The moisture content of ore, lime- 
stone, or other slag additions often exceeds 5 pct by 
weight. Even atmospheric air leaking into the fur- 
nace may contain 6 pct moisture by volume on a 
humid summer day. The absorption of only 8.2 g of 
water in a ton of steel would increase the hydrogen 
content by 1 ppm, and it is known that water vapor 
coming in contact with liquid steel is readily re- 
duced to hydrogen and absorbed. If it be granted 
that hydrogen absorption occurs, then the variation 
in the role of carbon oxidation from practice to 
practice, and even within a given practice, is readily 
explained. The lower hydrogen content in the basic 
electric practice at the end of the oxidizing period 
as compared to the basic open hearth practice is 
attributed to the lower moisture content of the elec- 
tric furnace atmosphere. 

The lower carbon oxidation rates necessary to 
give low hydrogen contents in acid open hearth as 
compared to basic open hearth practice are attrib- 
uted to a lower hydrogen absorption rate provided 
by acid slag. Recent work has confirmed the solu- 
bility of water in slags” and supports the findings 
of Wentrup et al.” that acid slags contain less dis- 
solved hydrogen than basic slags in commercial 
practice. The slag apparently acts as an imperfect 
barrier between water introduced into the furnace 
and the liquid bath in a manner similar to the effect 
of the slag on oxygen transfer to the bath. 

Direct additions of ore to the slag increased the 
rate of oxygen absorption by the bath. If the ore 
added contained moisture, it would have undoubt- 
edly increased the rate of hydrogen absorption by 
the bath as well. However, the effect of moisture in 
ore additions on the bath hydrogen content may not 
become immediately apparent because the ore also 
increases the rate of carbon oxidation and thus the 
rate of hydrogen removal as well. Moisture, in slag 
additions such as burnt lime, which does not par- 
ticularly accelerate the rate of carbon oxidation, 
may have a directly noticeable effect on the hydro- 
gen content, especially if made toward the end of 
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Fig. 9—Limiting hydrogen content of liquid iron under at- 
mospheres containing water yapor at 1600°C. 
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Fig. 10—Maximum hydrogen content in carbon-free metal 
under slag exposed to water vapor. 


the heat. Quantitative estimates of the apparent rate 
of hydrogen absorption in the heats studied (to be 
presented in detail) indicated that this rate may 
vary markedly, even within a given practice. It was 
felt that these variations may be largely due to 
variations in the size and moisture content of slag 
additions. 


Effect of Deoxidation—The increase in the hydro- 
gen content of the acid and basic open hearth heats 
as the rate of carbon oxidation decreased was gen- 
erally accentuated upon full deoxidation in the fur- 
nace. Such an increase must be expected because 
there is no longer any CO evolution to remove the 
hydrogen as it is absorbed by the bath. 

In several cases some hydrogen was undoubtedly 
supplied by the deoxidation aditions themselves. 
Analyses performed by Piper et al.” showed that 
ferroalloys may contain ‘onsiderable hydrogen, 
either as dissolved hydroven or as adsorbed water. 
In this regard, preheating the alloys before addition 
has been suggested. Fiowever, some of the increases 
in hydrogen conteat seem inconsistent with the 
small weight of “ne usual addition, indicating that 
hydrogen may also have been supplied by continu- 
ing reduction of water dissolved in the slag. 

The rate of absorption of hydrogen dissolved in 
the slag ander blocked conditions was investigated 
in one acid and one basic open hearth heat by hold- 
ing <~hem in the furnace for about 30 min after 
blocking in order to magnify the effect. The hydro- 
gen content of the basic heat, No. BO-3, which was 
blocked by an addition of ferrosilicon and ferro- 
manganese, increased at a steady rate from 3 to 6 
ppm in this time. This increase was not thought to 
be due to hydrogen contained in the alloy because 
the hydrogen content in the ladle was found to be 
only slightly higher than just previously found in 
the furnace, although another similar addition was 
made in the ladle. The conclusion was drawn that 
hydrogen present in the slag was absorbed by the 
bath at a rate of about 0.1 ppm per min. Such an 
effect was not found in the acid heat, No. AO-4, 
which was blocked initially by a ferrosilicon addi- 
tion and then by an addition of silicomanganese. 
The hydrogen content did not rise appreciably on 
blocking this heat. Note that the alloys added in 
this case were preheated. These results confirm the 
previous observation that the rate of hydrogen ab- 
sorption by the bath is considerably slower under 
acid slags than under basic slags. 
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The basic electric heats were blocked at the de- 
sired carbon level by slagging off the oxidizing slag 
and replacing it with a reducing type slag. The re- 
ducing slag was formed in usual fashion by adding 
burnt lime, sand, and graphite to the clear melt. 
The hydrogen content was found to increase sharply 
1 to 3 ppm on performing this operation. This rapid 
increase was undoubtedly due to the moisture con- 
tained in the additions and points up the danger of 
adding moist materials. Barraclough’ and Piper” 
reported that this increase could be held to a mini- 
mum by drying the additions thoroughly, especially 
the burnt lime. In the practice studied, this increase 


Table Il. Average Values of Hydrogen Content at Tap for Acid and 
Basic Open Hearth and Basic Electric Two-Slag Steels 


Hydrogen Content, Ppm 


Acid Basic 

Open Basic Open 

Hearth Electric Hearth Authors Sampling Method 
5.9 (10)* 8.1 (8) 8.5 (19) Wentrup! Quartz tube-suction 
3.8 (11) 5.6 (14) — Sykes? Water cooled, 

pencil-poured 
3.1 (3) (2) (1) Carney!8 Copper tube-suction 
2.2 (2) 2.6 (4) 3.4 (7) Sims!2 Copper mold-poured 
— 5.9 (23) Piper Quartz tube-suction 

3.7 (40) 4.1 (40) — Barraclough! Copper tube-suction 
3.8 (4) 4.4 (7) 5.6 (3) This work Copper pencil-poured 


* Number of heats in parentheses. 


precluded the attainment of very low hydrogen con- 
tent at tap. During the remainder of the reducing 
period, no significant change in the hydrogen con- 
tent was observed. Any slight increase seemed to 
be associated with alloy additions. The constant 
hydrogen content found during the reducing period 
in the basic electric practice is in sharp contrast to 
the increase found under reducing conditions in the 
basic open hearth case. This difference is again at- 
tributed to the lower moisture content of the electric 
furnace atmosphere. A tendency was found for the 
hydrogen content of the electric furnace heats, at 
tap, to be somewhat dependent upon the atmos- 
pheric humidity, as will be discussed in a later 
section. 

Effect of Tapping and Teeming—In every killed 
heat sampled, the hydrogen content was found to be 
higher in the ladle than just previously found in the 
furnace, illustrating once again the tendency for the 
hydrogen content of deoxidized steel to rise with 
time. The increase averaged 0.5 ppm. It is clear 
that moisture or hydrogenous materials contained in 
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runner and ladle refractories and ladle additions 
may result in hydrogen absorption. In one series of 
tests during which no ladle additions were made, a 
killed heat tapped into a newly lined ladle showed 
a hydrogen increase of 1.0 ppm. On the third use 
of this ladle, the rise was only 0.3 ppm. This sub- 
stantiates previous reports of the danger of hydro- 
gen pickup from moisture in newly lined ladles. 
Increases in the hydrogen content of as much as 2 
ppm have been reported in the literature due to wet 
refractories and hydrogenous ladle additions (not- 
ably coal). The effect of wet refractories was shown 
again in heat AO-3, in which the hydrogen content 
rose 1.5 ppm when the heat was teemed into a wet 
pig mold. A further series of tests showing the effect 
of moisture in the mold wash and hydrogenous mold 
coatings is shown in Table I. Five molds were 
teemed from the same ladle in rapid succession and 
samples taken from the open tops immediately upon 
filling were analyzed for hydrogen. Samples from 
a very heavily tarred steel mold showed an average 
hydrogen content of 8 ppm compared to 4 ppm for 
clean steel molds of exactly the same shape and size. 
Samples from a dry sand mold showed about the 
same hydrogen content as samples from the clean 
steel molds, whereas samples from a green sand 
mold contained slightly higher hydrogen. 

Heat BO-2, a semikilled heat, showed a lower 
hydrogen content in the ladle than just previously 
found in the furnace. This heat could have lost 
hydrogen by continuing CO evolution. However, 
Barraclough’ reported that a loss of 0.3 to 0.7 ppm 
was noticed repeatedly on tapping killed grades 
when the runner, ladle, and nozzle were thoroughly 
dried. Such losses were seldom found by other 
authors, presumably because the necessary drying 
of the ladles and refractories was not accomplished. 
Calculations of the effect of atmospheric moisture 
on the hydrogen content of steel, see below, support 
the explanation for the losses given by Barraclough 
that hydrogen may be oxidized from the metal dur- 
ing exposure to the atmosphere surrounding the 
pouring stream provided the atmospheric humidity 
is low enough. Conversely, the calculations confirm 
that hydrogen may be absorbed from the atmos- 
phere surrounding the pouring stream if the atmos- 
pheric humidity is too high. It is thought that such 
effects are probably small. 


Summary of Experimental Results 


The experimental results indicate that the be- 
havior of the hydrogen content during the course of 
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the heat is controlled by the difference between the 
rates of two opposing processes—hydrogen absorp- 
tion from the slag due to moisture present in the 
furnace, and hydrogen removal from the metal due 
to gas evolution. Increased moisture content in the 
furnace atmosphere increased the rate of hydrogen 
absorption. The slag acts as a protective blanket 
and at the same time as a reservoir for moisture 
introduced into the furnace, acid slags being more 
effective protectors of the bath than basic slags. 
Increased rates of carbon oxidation increased the 
rate of hydrogen removal. In the absence of carbon 
oxidation, hydrogen content was noted to rise. 

The average value of the hydrogen content at tap 
reflects the net effect of the factors noted. Table II 
summarizes the values obtained in the more recent 
investigations of the three practices studied. These 
are in agreement in showing that acid open hearth 
steels generally contain the least hydrogen, two-slag 
basic electric steels contain more, and basic open 
hearth steels have the highest hydrogen content at 
tap. Differences in the absolute values may be at- 
tributed in part to variations in the practices and 
to the experimental methods used. Of the results 
listed, Wentrup et al.” reported higher hydrogen 
contents and Sims et al.” lower values than found 
in this work. 

The remaining portions of this paper are devoted 
to an attempt to place the experimental results on 
a fundamental and quantitative basis. 


Thermodynamic Information 

A partial understanding of the behavior of hydro- 
gen in the metal bath may be attained through con- 
sideration of the limiting conditions imposed by 
equilibrium in the reaction of an atmosphere con- 
taining hydrogen and water vapor with liquid iron. 

Gaseous hydrogen dissolves in liquid iron accord- 
ing to the reaction 


1 H, (gas) = H (dissolved) 


[H] = Ku (px.)™. [1] 


When [H], the concentration of dissolved hydrogen, 
is measured in parts per million, and pu., the partial 
pressure of hydrogen, is measured in atmospheres, 
the equilibrium constant Ky, has a value of 27 at 
1600°C. The expression for the concentration of 
dissolved hydrogen is the familiar Sieverts’ law. The 
equilibrium constant may be expressed as a function 
of absolute temperature for pure liquid iron as log 
Ky = —1670/T + 2.32. 

Water vapor is the predominantly stable state for 
hydrogen in the furnace atmosphere existing above 
the slag because of the relatively high oxygen pres- 
sures prevailing. However, if water vapor comes in 
contact with the liquid metal, it is locally reduced to 
hydrogen to conform to the equilibrium 


(gas) = (gas) (dissolved 
pu.0/ 5G O]. [2] 


The value of the constant, Ku.o, is approximately 4 
at 1600°C and may be expressed as a function of 
absolute temperature for pure liquid iron as log 
= 7050/T — 3.17. 

The foregoing equations are not directly appli- 
cable to the nonequilibrium conditions met with in 
steelmaking practice. It is obvious that complete 
equilibrium of the metal bath with the gases flowing 
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through the furnace is never achieved, since this 
would involve conversion of all the metal into slag. 
Nevertheless, it is possible to visualize certain con- 
ditions in which the limiting hydrogen concentra- 
tion in the bath can be calculated from considera- 
tion of partial equilibrium. The use of the above 
equations in fixing the limiting hydrogen content 
under certain simplifying conditions will be illus- 
trated in the following hypothetical cases. 

When the bath is exposed to a limited flow of gas 
and the gas composition tends to adjust itself to that 
of the steel, the limiting hydrogen content is calcu- 
lable. Let a mixture of steam and inert gas be 
brought into contact with a bath whose oxygen con- 
tent is fixed, as for example by the presence of 
manganese or silicon. Let p's. represent the initial 
partial pressure of steam in the entering gas. Ata 
given fixed total pressure the steam is reduced by 
reaction with the liquid metal according to the par- 
tial pressure balance 


= Pu, + 
Then by Eqs. 1 and 2 
= [H]?/K*s (1 + Kuo [% O]). [3] 
It is convenient to define a quantity, L, such that 
L’ = K*n/(1 + Kuo [% O]) 
so that Eq. 3 becomes 
[H] = L [4] 


The relationship given in Eq. 4 between limiting 
hydrogen and oxygen contents and the initial steam 
pressure is shown in Fig. 9 for a temperature of 
1600°C. It is pointed out that the calculation is made 
for a carbon-free system. The diluting effects of CO 
and CO, will be considered later. 

A slightly different situation arises if a mixture 
of steam and inert gas is blown over the surface of 
the slag which covers a bath of carbon-free metal. 
Since steam is soluble in the slag, the metal is effec- 
tively exposed to steam at its initial pressure in the 
gas stream. At the same time the hydrogen formed 
by reduction of H,O at the slag-metal interface can- 
not diffuse through the slag and its pressure may be 
built up to higher levels. The limiting hydrogen 
content is obtained by directly combining Eqs. 1 and 


H.O (gas) = 2H (dissolved) + O (dissolved) 
= [PISUP X Ollfox0- [5] 


The equilibrium constant for reaction 5, Kyo, at 
1600°C, is 183 and, expressed as a function of tem- 
perature, is log Ky.» = —10,390/T + 7.81. This rela- 
tionship is the case previously considered by Carney, 
Chipman, and Grant,” and is shown in Fig. 10. 

It is evident that the foregoing cases do not repre- 
sent actual steelmaking conditions exactly. How- 
ever, the experimental data obtained bear a close 
relation to the formulation developed in Eq. 4, 
which is taken as a measure of the limiting hydro- 
gen content under the observed conditions. This is 
shown in Fig. 11 by plotting the experimental 
hydrogen content against a background of lines 
representing Eq. 4. Note that the acid open hearth 
heats are plotted at a nominal water vapor pressure 
of 0.15 atm, corresponding generally to an air- 
atomized oil flame. The basic open hearth heats, are 
plotted at a nominal steam pressure of 0.20 atm, 
corresponding to a steam-atomized oil flame. The 
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Table III. Calculations of Apparent Hydrogen Absorption Rates 


Hydrogen Analysis Data Carbon Analysis Data Apparent 
Calculated Hydrogen 
AC Rate Absorption 
ATH] Points —. of Hz 
At Removal, Kate, A 
Hy, Hp, At, Haves At obs At, Points Ppm 
Ppm Ppm Min Ppm Ppm per Min (@51 Ce Min per Hr per Min Ppm per Min 
Heats Studied in This Work 
Acid Open Hearth Practice 
AO-2 3.3 2.8 50 3.05 —0.010 32 18 45 18.7 0.070 0.060 
2.8 (steady) 2.8 22 14 30 16 0.050 0.050 
AO-3 4.5 i 4.2 —0.024 28 22 30 12 0.085 0.061 
AO-4 5.3 3.0 60 4.3 —0.029 45 30 60 15 0.110 0.081 
32 (steady) Boe (blocked) = 0 0 (very low) 
Basic Open Hearth Practice 
BO-2 4. 5.0 45 4.8 + 0.009 60 30 50 36 0.330 0.339 
5.0 6.0 30 5.5 + 0.033 30 12 40 27 0.330 0.363 
BO-3 3.7 2.8 35 3.3 — 0.026 104 64 43 56 0.244 0.22 
2.8 3.5 42 3.3 +0.016 64 47 34 30 0.130 0.146 
3.5 (steady) 3.5 47 3 38 38 0.187 0.187 
3.5 6.2 32 5.0 + 0.081 (blocked) 0 0 0.081 
Basic Electric Practice, Oxidizing Period 
BE- 3.3 3.0 13 3-15 — 0.023 44 30 45 19 0.076 0.053 
BE-8 1.5 (steady) 1.5 0 247 202 Bit! 48 0.043 0.043 
BE-11 2.8 (steady) 2.8 0 69 34 90 23 0.070 0.07 
Heats Reported by Piper et al.15 
Basic Open Hearth Practice 
Fig. 3.4 2. 55 2.9 —0.022 140 110 55 33 0.111 0.089 
4 9483 45 2.5 + 0.009 110 77 45 44 0.111 0.110 
27 3.0 25 2.85 +0.012 17 58 25 46 0.150 0.160 
3.0 3.6 25 3.3 +0.24 58 49 25 22 0.097 0.121 
4 4.5 3.8 55 4.2 —0.013 64 32 55 35 0.244 0.231 
3.8 4.3 25 4.6 +0.016 32 22 25 24 0.155 0.171 
4.2 5.0 25 4.6 + 0.032 2 12 25 24 0.205 0.237 
5.0 5.6 20 5:3 + 0.03 12 8 20 12 0.136 0.166 
5 3.0 Su 30 3.4 + 0.023 96 83 30 26 0.118 0.141 
3.7 3.2 35 3.5 —0.014 83 70 35 22 0.105 0.091 
3.2 4.0 20 3.6 + 0.04 70 62 20 24 0.126 0.166 
4.0 2.7 25 3.4 — 0.052 62 50 25 29 0.135 0.083 
5 3.7 4.6 60 4.2 +0.015 40 ibys 60 23 0.161 0.176 
4.6 5.0 30 4.8 + 0.013 17 12 30 10 0.093 0.106 
5.0 6.4 20 5.8 + 0.07 12 8 20 12 0.159 0.229 
6 3.2 Sag | 65 3.0 —0.008 87 42 65 42 0.148 0.141 
2.7 4.0 25 3.4 + 0.052 42 37 25 12 0.056 0.108 
4.0 5.0 20 4.5 + 0.05 37 28 20 27 0.220 0.270 
5.0 5.8 15 5.4 + 0.053 28 21 15 28 0.328 0.381 
Basic Electric Practice, Oxidizing Period 
Uf 220 (steady) 2.7 —0.02 (est) 99 22 60 17 0.226 0.205 
7-a ai (steady) PAL —0.01 (est) 70 50 95 13 0.037 0.027 
7-b 3.3 (steady) 3.3 0 65 20 a5} 24 0.107 0.107 
7-c 3.6 Pa | 90 3.2 —0.01 90 38 90 35 0.142 0.132 
8 3.6 (steady) 3.6 0 90 40 45 67 0.350 0.350 


basic electric heats are plotted against the atmos- 
pheric humidity determined from the dew point at 
the time the heat was made (obtained from the local 
U. S. Weather Bureau). 

During the oxidizing period of the heats, the 
hydrogen contents were maintained below the cal- 
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Fig. 12—Theoretical flushing curves showing effect of car- 
bon oxidation on hydrogen content in the absence of hydro- 
gen absorption. 
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culated value as would be expected due to the flush- 
ing action. provided by CO evolution. The hydrogen 
content rose toward the calculated values in the 
acid and basic open hearth practices when the heats 
were deoxidized. The calculations predict that the 
hydrogen content of the basic and acid open hearth 
heats would eventually rise to a value of about 11 
ppm if held under deoxidized conditions for a suffi- 
cient time. On the other hand, the addition of the 
reducing slag materials to the basic electric heats 
raised the hydrogen content close to but slightly 
above the calculated value, and no further increase 
is predicted, as was found experimentally. This 
figure brings out another interesting point about 
basic electric furnace heats; namely, a trend toward 
higher hydrogen content at tap when the atmos- 
pheric humidity is high. This may be due as much 
to the burnt lime added as to any direct effect of 
the furnace atmosphere, since lime tends to absorb 
more water on moist days. 

Calculation of Flushing Action Provided by Car- 
bon Oxidation—The thermodynamic formulation 
culminating in Eq. 4 was used to show how much 
hydrogen could be dissolved in liquid iron from an 
atmosphere containing water vapor and hydrogen 
in the absence of any slag layer. It can also be 
applied to the reverse case of eliminating hydrogen 
by the flushing action provided by gas evolution. In 
the following calculation, it is assumed that the 
flushing action of gas evolution is theoretically per- 
fect and limited only by equilibrium considerations. 

Consider a given bubble of gas evolving at the 
surface of the bath which contains CO, CO., H., and 
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H.O as its main constituents. By the ideal gas laws, 
the volumes, dV, of the constituents bear the follow- 
ing relation to the partial pressures 
dVco + dVoo, Poco + Poo, 


Pu, + 
— (pra. + puso) 


The term P, is the total pressure of the emerging 
bubble, and the term pu, + pu is equivalent to the 
quantity defined as p’u.0, except that in this case it 
is the water vapor pressure of the emerging bubble 
rather than of the entering gas. Each bubble of gas 


containing dVu, + dVu.o depletes the bath by d [H] 
ppm H.. 


—d [H] xX W x 359 


dVu, + = 


Each bubble of gas containing dVco + dVco, depletes 
the bath by d [C] points of carbon. 


12 x 10° 
where Ww equals the weight of the bath in pounds. 
Substituting the foregoing relations in Eq. 3 gives 


the relation between the amount of hydrogen re- 
moved and the amount of carbon oxidized. 


d(H] [H} 
d[C] — 


dVco + dVco, = 


[6] 


Differentiating with respect to time, assuming the 
total pressure equals 1 atm, noting that [H]° is 
much smaller than L’, choosing a value of L equal 
to 26.5 (an average for 1600°C and oxygen contents 
from 0 to 0.05 pct), the following equation govern- 
ing the rate of hydrogen removal, as affected by a 
given rate of carbon oxidation under typical prac- 
tice conditions, may be written 


dt 
where re is the rate of hydrogen removed in 
ppm per min, Pe is the rate of carbon oxidation 


in pet per hr, and [H] is the hydrogen content in 


ppm. 
d[C] 

dt 
results in the relation between hydrogen content 
and time plotted in Fig. 12. These curves show how 
the hydrogen content would drop under various 
rates of carbon oxidation if no hydrogen were being 
absorbed by the bath. 

Rate of Hydrogen Absorption—The rate of hydro- 
gen absorption can be calculated from a simple 
material balance: 


Integration of Eq. 7 for constant values of 


Rate of hydrogen change in hydrogen 


content per unit time 


absorption 
rate of hydrogen 


removal. 


The change in hydrogen content per unit of time can 
be obtained from a series of hydrogen analyses of 
the bath; the rate of hydrogen removal may be esti- 
mated from Eq. 7. This was done for the heats 
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Fig. 13—Average hydrogen content vs apparent hydrogen 
absorption rate during oxidation period. 


studied in this work and those reported by Piper et 
al.” as shown in Table III. The results are plotted 
in Fig. 13, which shows the average hydrogen con- 
tent plotted against the calculated rate of hydrogen 
absorption. The numbers beside the points indicate 
the carbon oxidation rate and the arrows indicate 
the direction of change of the hydrogen content. 

The hydrogen absorption rate in acid open hearth 
practice is lower than in basic open hearth practice. 
In the acid practice, the hydrogen absorption rates 
were found to be less than 0.10 ppm per min. In 
basic open hearth practice hydrogen absorption 
rates under 0.10 ppm per min were rarely found, 
and absorption rates as high as 0.35 ppm were 
encountered. The hydrogen absorption rates found 
in basic electric practice were also found to be low. 
However, Piper et al.” indicated that this may not 
necessarily have been so in all cases. 

Two other important points are apparent: 

1) At a given absorption rate, higher carbon 
oxidation rates produce lower hydrogen content. 
This is shown by the carbon oxidation rate numbers, 
which increase in going from high to low hydrogen 
content on any vertical line in Fig. 13. This decrease 
of hydrogen content with increasing carbon oxida- 
tion rates shows the independent effect of gas evolu- 
tion. 

2) Higher hydrogen absorption rates are asso- 
ciated with higher rates of carbon oxidation. This 
is shown in Fig. 13 by the increase in the carbon 
oxidation rate numbers on going from low to high 
absorption rates at any given hydrogen content. 
This increase of the absorption rate with increasing 
carbon oxidation rate is believed to be the result of 
two effects; namely, the increased boil rates, which 
cause more intimate mixing of the slag, metal, and 
furnace gases, and introduction of moisture with 
heavy ore additions, which also causes increased 
boil rates. Unfortunately, no direct test of this latter 
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postulation has been carried out to the authors’ 
knowledge. 


Conclusions 

The behavior of hydrogen in steelmaking furnaces 
is controlled by the difference between the rate of 
hydrogen absorption from moisture introduced into 
the furnace and the rate of hydrogen removal due 
to carbon oxidation. Reducing the amount of mois- 
ture from all possible sources would tend to de- 
crease the rate of hydrogen absorption and thus 
result in lower hydrogen content. Increasing the 
rate of carbon oxidation without increasing the rate 
of hydrogen absorption would result in lower 
hydrogen content. 

In the absence of rapid carbon oxidation, the 
hydrogen content increases. Drying all additions 
made after deoxidation and refraining from the use 
of hydrogenous addition would result in lower 
hydrogen content. In basic open hearth practice, 
reducing the time under blocked conditions and 
avoiding complete deoxidation in the furnace would 
tend to reduce the hydrogen content. The tendency 
for the hydrogen content of killed steels to rise 
during tapping and teeming is important, and pre- 
cautions concerning moisture in refractories and 
contact with hydrogenous materials should be exer- 
cised. 

An attempt has been made to place the effect of 
moisture in the furnace atmosphere and the effect 
of the carbon oxidation reaction on a quantitative 
basis. These calculations seem to offer a reasonable 
explanation of the results observed in the present 
work and a substantiation of the conclusions of 
Sims, Piper, von Hofsten, Kalling, and their co- 
workers. 
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Selective Sulfation for Cadmium Recovery At 


Josephtown Smelter 


Investigation of the autogentic sulfation of cadmium oxide by zinc sulfate has dis- 
closed the existence of a sulfation series in which sulfates higher in the series will, upon 


heat treatment of a mixture, sulfate oxides of metals lower in the series. 


An early com- 


mercial application of this research at Josephtown Smelter is described. 
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ELECTIVE sulfation of individual constituents 
in ores or metalliferous products has received in- 
creased attention in recent years. The fluid-bed re- 
actor with its advantages of close control of both 
temperature and atmosphere promises to have ap- 
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plication for treatment of complex ores; older sulfa- 
tion techniques include acid leaching and baking 
with sulfuric acid. As generally applied, these sev- 
eral methods of sulfation require the use of com- 
pounds containing considerable excess sulfur rela- 
tive to that reporting in soluble products, and appli- 
cation to fume products may have undesirable or 
complicating features. It is the purpose of this paper 
to describe the test work and the commercial appl- 
cation of a different method of selective sulfation by 
which excess sulfur is not required and whereby 
the cadmium content of a smelter fume is rendered 
water soluble while at the same time the accom- 
panying zinc, iron, and arsenic are made insoluble. 

Former Practice—At Josephtown Smelter, cad- 
mium is recovered from fume produced in the sin- 
tering of desulfurized zinc concentrates. Former 
cadmium recovery practice consisted of leaching the 
fume with byproduct weak acid (sulfuric), dis- 
placing a crude cadmium sponge of slime-like char- 
acteristics from neutral solutions by the addition of 
zine dust, roasting the crude sponge, releaching 


Table 1. Cadmium Solubility as a Function of Temperature 


Temperature, °C Water Soluble Cadmium, Pct 


450 68 
550 
650 83 
750 86 
850 77 


with product sulfuric acid, and cementing a briquet- 
table grade cadmium sponge on super high grade 
zinc slabs. 

Appreciable concentrations of sulfite and dithi- 
onate compounds, a consequence of the relatively 
high reduced-sulfur content of the cadmium fume 
and of the drip acid (effluent from SO, gas purifica- 
tion) used in leaching, were present in leach solu- 
tions. The presence of these compounds caused a 
considerable portion of cadmium to precipitate as 
cadmium sulfide when zinc dust was added to solu- 
tions. The same compounds were also apparently re- 
sponsible for a high rate of cadmium resolution oc- 
curring during filtering of sponge. Effective control 
of impurities throughout the circuit was lacking 
with the result that cadmium sponge obtained from 
the second stage of cementation was sometimes of 
poor briquetting quality. Net effects of these cir- 
cuit characteristics were low efficiency of cadmium 
recovery and lack of operational stability. 

Preliminary Studies—A research project was 
started late in 1951 to study the cadmium circuit. 
Oxidation of leach solutions had been investigated 
on a small scale and found to effect major improve- 
ment in circuit characteristics. However, the high 
content of reduced sulfur compounds in the solu- 
tions made oxidation unattractive economically. 

Tests were made to determine the effects of roast- 
ing the cadmium fume prior to leaching. This work 
indicated*that roasting the fume to a well oxidized 
product would also effect improvement in circuit 
characteristics. 

A review of notes which had been compiled on 
cadmium metallurgy during the early years of 
Josephtown Smelter produced a notation which 
stated that a solution of zine sulfate would solubilize 
cadmium if the latter were in the oxidized state. 
Small scale tests were made and it was indicated 
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that a zine sulfate solution would apparently effect 
a high degree of cadmium extraction from oxidized 
fume. 

Tests were conducted on a larger scale employing 
a rotary kiln for roasting the fume. However, poor 
cadmium extractions were obtained when these 
roasted products were leached with solutions of 
zine sulfate. 

A study was then made to determine why the 
cadmium fume which had been roasted at relatively 
low temperature in a laboratory muffle furnace 
yielded good cadmium extraction but fume which 
had been reasted in the rotary kiln at more ele- 
vated temperature yielded poor extraction. 

It was found that a solution of zinc sulfate would 
solubilize cadmium oxide to a limited extent. More 
important, it was established that the high extract- 
ability of cadmium obtained from fume muffle 
roasted at low temperature is due to the fact that 
cadmium in the heat treated product is in the form 
of water soluble sulfate. 

This phenomenon of autogenous sulfation then 
suggested the basis for a systematic investigation. 


Selective Sulfation 

At Josephtown Smelter cadmium bearing fume is 
collected by dedusting sintering machine gases in 
electrostatic precipitators. Average composition of 
fume is approximately 36 pct Zn, 7 pct Cd, 10 pct 
Pb, 2.5 pct Fe, 0.4 pct As, 10 pet total sulfur, and 4 
pet sulfate sulfur. 

A water leach of the raw fume disclosed that ap- 
proximately 15 pct of the cadmium and 18 pct of 
the zinc were water soluble. However, when the 
fume was heat treated at a temperature of approxi- 
mately 500°C for a period of 1 hr, water soluble 
cadmium increased to approximately 90 pct of the 


Table Il. Influence of Ratio of Zinc Sulfate to Cadmium Oxide 
With 1 Hr Heat Treatment at 550°C 


Molar Ratio ZnSO;/Cd0 Water Soluble Cadmium, Pct 


1 25 
5 63 
10 73 
20 85 


contained cadmium while water soluble zinc de- 
creased to the order of 1 to 2 pct of the contained 
zinc. 

This experiment demonstrated that suitable heat 
treatment of the fume would selectively sulfate the 
cadmium and desulfate the zinc. 


Study of Synthetic Mixtures 

Since the complex composition of raw fume made 
difficult the definition of basic factors, the first work 
was to investigate reactions occurring in heat 
treated synthetic mixtures of various metallic sul- 
fates and oxides. These mixtures were made by in- 
timately mixing reagent grade components in the 
dry state. In each test several hundred grams of 
material were placed on a roasting dish and heat 
treated without rabbling in a muffle furnace. At- 
mosphere was open air. 

Reaction between zinc sulfate and cadmium oxide 
was studied in some detail. In one series of tests a 
mixture containing 3.5 pct Cd as CdO, 35 pct Zn as 
ZnO, and 21 pct Zn as ZnSO, was heat treated for 1 
hr at various temperatures. Typical variations of 
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cadmium solubility as a function of temperature are 
shown in Table I. 

These data confirm that zinc sulfate will sulfate 
cadmium oxide. A temperature of 750°C was indi- 
cated as the most effective, although appreciable 
reaction took place at temperatures considerably be- 
low that at which zinc sulfate starts to decompose. 

Tests were conducted to study the influence of the 
ratio of zinc sulfate to cadmium oxide upon cad- 
mium solubility. Typical results with heat treat- 
ment for 1 hr at 550°C were as shown in Table II. 

These data confirm, as theory would suggest, that 
cadmium solubility is improved as the ratio of zinc 
sulfate to cadmium oxide is increased. 


Sulfation Series—Also investigated were the sul- 
fating characteristics of other sulfates and oxides. 
Metallic sulfates and oxides studied included those 
of aluminum, iron, copper, zinc, cadmium, and lead. 
Mixtures were prepared containing one metallic 
sulfate and one or more of the oxides. Heat treating 
conditions were a temperature of 500° to 550°C and 
a residence period of 1 hr. This work disclosed that 
both ferrous and ferric sulfate would sulfate oxides 
of aluminum, copper, zinc, and cadmium. In one test 
a mixture containing 4.9 pect CdO, 3.1 pct CuO, 3.1 


Table Ill. Effect of Temperature on Formation of Cadmium Sulfate 


Temperature, °C Water Soluble Cadmium, Pct 


240 48 
350 
400 79 
450 82 
500 82 
650 80 
750 68 


pet ZnO, 3.9 pct Al.O;, 20.7 pct silica flour, and 64.3 
pet Fe.(SO,);-H.O was heat treated. A water leach 
extracted 99 pct of the zinc, 98 pct of the cadmium, 
35 pet of the copper, and 18 pct of the aluminum. 

Aluminum sulfate was found to be effective in 
sulfating oxides of cadmium, zinc, and copper, but 
not iron. Copper sulfate in turn was found to sulfate 
cadmium and zinc, but not aluminum or iron. 

Lead sulfate was not effective in sulfating any of 
the oxides. Solubility of metals from heat treated 
mixtures which contained lead oxide were lower 
than from similar mixtures which contained no lead. 

The results of this work indicate that the metals 
can be arranged in a sulfation series similar in its 
implication for selective sulfation to the electro- 
motive series for displacement of metals from solu- 
tion. For the metals which were studied the sulfa- 
tion series listed in decreasing order for tendency to 
give up SO, is: FeSO,, Fe.(SO,)s, Al.(SO,)s, CuSO,, 
ZnSO,, CdSO,, and PbSOQ,. 

The sequence of metals in the above series corre- 
sponds with recorded temperatures for decomposi- 
tion of the sulfates’ if the data of Mostowitsch’ for 
decomposition of PbSO, are accepted rather than 
those of Hofman-Wanjukow.’ Results of these tests 
indicate that sulfates of iron, aluminum, copper, and 
zine will solubilize cadmium. The significance of 
lead being lowest in the sulfation series is that lead 
is sulfated by cadmium. Accordingly, if cadmium 
is to be sulfated in a material containing lead, suffi- 
cient sulfate must be present to effect sulfation of 
both metals. This was confirmed in tests which were 
conducted with fumes containing appreciable lead. 
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Treatment of Cadmium Fume 

Having defined the principle of autogenous cad- 
mium sulfation in some detail, work was then 
undertaken to investigate methods for solubilizing 
the cadmium in raw fume. Samples of fume were 
heat treated to demonstrate the effect of tempera- 
ture on formation of cadmium sulfate. As in pre- 
vious tests, duration of heat treatment was 1 hr. 
Table III summarizes the results of this work. 

The data indicate that a heat treating tempera- 
ture of 400° to 650°C is probably optimum for maxi- 
mum solubilization of cadmium in this species of 
fume. 

A number of heat treating tests were conducted 
on samples of fume collected during differing periods. 
These tests consistently confirmed that more than 
80 pct of the cadmium could be solubilized by heat 
treating for 1 hr at approximately 500°C. In many 
tests cadmium extractions exceeding 90 pct were 
obtained. 

Optimum sulfation of cadmium in fume occurred 
at temperature somewhat lower than in synthetic 
mixtures which contained cadmium oxide, zinc 
oxide, and zine sulfate. This behavior is likely due to: 

1) Intimate association of fume constituents, 

2) Oxidation of reduced sulfur compounds to 
sulfates, and 

3) As a consequence of this oxidation, local 
temperatures in fume undergoing heat treatment 
are actually somewhat higher than indicated by 
pyrometer. 

Tests were made to study influence of treatment 
time on cadmium sulfation. This work indicated that 
a minimum of 30 to 45 min at 500°C is required for 
attainment of maximum cadmium solubilization. 
No decrease in cadmium solubility was found with 
heat treatment for extended periods of time (maxi- 
mum investigated, 6 hr). 

A typical analysis of fume before and after heat 
treatment is shown in Table IV. 

Characteristics of Leach Solutions—Solutions ob- 


Table IV. Typical Analyses of Fume Before and After Heat Treatment 


Pet Pet 
Total Sulfate 
Sulfur Sulfur 


Pet Pet Pet Pet Pet 
Zn Ca Pb Fe As 


Raw fume 3 
Heat treated fume 46. 


wh 
09 
one 


o-l 
w 


tained by water leaching of heat treated fume con- 
tained approximately ten times as much cadmium 
as zinc. This compares with a ratio of about 0.19 
cadmium to 1 zine in raw fume. 

Solutions were remarkably free of impurities. A 
typical solution containing 40 g per liter Cd ana- 
lyzed as shown in Table V. 

As a result of this low impurity content, no puri- 
fication of solutions is required prior to recovery of 
cadmium. Cadmium sponge produced by cementa- 
tion with zinc is of excellent briquetting quality. 

It was demonstrated that a slurry of heat treated 
fume has appreciable capacity to purify solutions 
contaminated with arsenic. A slurry of heat treated 
fume containing 40 pct solids when added to a solu- 
tion of equal volume containing a couple of hundred 
milligrams arsenic per liter will reduce the arsenic 
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4.4 4.2 


concentration to less than 1 mg per liter. This puri- 
fying capacity is probably due to the large excess 
of zinc oxide in the heat treated fume, which results 
in formation of an arsenic sequestering precipitate 
of basic zine sulfate. Water solutions of heat treated 
fume have a pH of approximately 5.5. 


Characteristics of Leach Residues—Tests were 
conducted to determine characteristics of the high 
zinc residues resulting from water leaching of heat 
treated fume. This work demonstrated that heat 
treatment improved amenability of solids to weak 
acid leaching. Treatment of the water leached resi- 
dues with 50 g per liter sulfuric acid solutions ex- 
tracted approximately 95 pct of the zinc and 85 pct 
of the residual cadmium. Less arsenic was solubil- 
ized as compared with similar leaching of raw fume. 

Typical analyses of water leached residues be- 
fore and after leaching with weak acid are shown 
in Table VI. 


Proposed Process—Results of the test work which 
has been described indicated that substantial im- 
provement could be effected in the overall leach 
circuit by selectively sulfating the cadmium fume. 
Plans accordingly were made to commercialize the 
process. The projected process was as follows: 

1) Cadmium fume would be heat treated to con- 
vert cadmium to water soluble sulfate. 

2) Heat treated fume would be leached with 
water in two counter current stages to yield preg- 
nant solutions containing approximately 40 g Cd 
and 4 g Zn per liter. 

3) Clarified pregnant solution would be treated 
without purification for recovery of cadmium 
sponge. 

4) Water leached residues of heat treated fume 
would be leached with weak acid, and resulting 
solutions would be processed in the existing leach 
circuit. 


Large Scale Tests—Particular steps in the new 
process were tested on a semicommercial scale. Cad- 
mium fume was heat treated in a 21 ft 6 in. ID 
Nichols-Herreshoff furnace at throughput rates 
equal to and exceeding rate of fume collection from 
sinter machine gases. Results indicated that a four- 
hearth furnace of similar diameter would be suffici- 
ent for processing approximately 20 tons of fume 
per day. 

Metallurgical results were satisfactory. More than 


Table V. Analysis of Typical Leach Solution Containing 40 G per 


Liter Cd 
Metal Concentration 
Zn 4.1 g per liter : 
Pb less than 0.05 g per liter 
As less than 1 mg per liter 
Fe 0.05 g per liter 


90 pct of the cadmium and less than 4 pct of the zinc 
was rendered water soluble by heat treatment. Op- 
timum heat treating temperature was indicated to 
be 375° to 450°C. 

Several tons of heat treated fume were trans- 
ferred to the Leach Plant for testing. Cadmium ex- 
tractions of the order of 85 pct were obtained by 
two-stage water leaching. 

Pregnant liquor was treated in cementation tanks 
for recovery of cadmium. Cementation rate was 
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rapid and the sponge briquetted well. Specific grav- 
ity of briquettes was of the order of 6.0. 

Water leached residues of heat treated fume were 
leached with weak sulfuric acid. Extraction of zinc 
and of residual cadmium checked results obtained 
from laboratory tests. The acid-leached solids had 
good settling properties and contained more than 40 
pet Pb and less than 4 pct Zn. 


Commercial Application 

A plant to accommodate the new cadmium circuit 
was designed. Part of it has been completed and is 
now in operation. Major equipment items include an 
elevator-fed bin and rotary table feeder for meter- 
ing cadmium fume to a four-hearth gas fired 21 ft 
6 in. ID furnace of Nichols-Herreshoff type. Furnace 
off-gases are dedusted. A ball mill slurries the heat 
treated fume with water. When the rest of the cir- 
cuit is completed this slurry will be dewatered on 
rotary vacuum filters. Filtrate will pass to conven- 


Table VI. Typical Analyses of Water Leached Residues Before and 
After Leaching with Weak Acid 


Pet Pet Pet Pet Pet 
Pb Cd Zn As Fe 
Water leached residue 17.7 1.2 52.9 0.64 3.6 
After leaching with acid 42.0 0.3 4.0 0.60 8.3 


tional cementation tanks for production of briquette 
sponge. 

The heat treatment portion of the circuit was 
placed in operation late in 1954. The furnace has 
consistently produced a well sulfated product. Water 
soluble cadmium has averaged more than 90 pct 
contained cadmium. Temperatures in the furnace 
are maintained at approximately 425°C. 

Pending completion of circuit changes the heat 
treated fume is being processed by the conventional 
leach method. Perhaps the most dramatic comment 
to make on the improvement in operating results 
achieved is to compare recovery of cadmium in the 
leach circuit under the old system (63 pct for 1953) 
with experience using the partially completed new 
system (85 pct for the first nine months of 1955). 
Even higher recoveries are expected when the 
changeover is complete. 
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Technical Note 


Remeasurement of Liquidus 


Temperatures of Mg-Ba Alloys 


by K. P. Anderko 


NVESTIGATIONS of the constitution of the sys- 

tem Mg-Ba were first made by Grube and Diet- 
rich' between 0 and 47 atomic pct Ba and then by 
Klemm and Dinckelacker*® over the whole composi- 
tion range. Klemm and Dinckelacker corroborated 
intermediate phases of the approximate formulas 
Mg.Ba and Mg,Ba, and showed a third compound to 
have the formula Mg.Ba, rather than Mg;Ba, as sug- 
gested by Grube and Dietrich. Mg.Ba had been pre- 
viously recognized by Hellner and Laves’ as a MgZn, 
(C14) type structure. The main discrepancies be- 
tween the results of Grube and Dietrich and those of 
Klemm and Dinckelacker exist, however, in the 
liquidus temperatures and solidification equilibria 
of alloys containing more than about 10 atomic pct 


Table |. Compositions and Liquidus Temperatures of Mg-Ba Alloys 
Prepared 


Intended Composition 


Liquidus 
Atomic Analyzed Compo- Temper- 
Pct Ba Wt Pct Ba sition, Wt Pct Ba ature, °C 
6 26.5 684 
10 38.6 39.32 Ba, 60.32 Mg 703 
12 43.5 — 700 
14 47.9 — 688 
16 51.8 — 684 
18 55.35 55.52 Ba, 43.84 Mg 670 
19 57.0 56.71 Ba, 43.19 Mg 661 
20 58.5 58.06 Ba, 41.60 Mg 645 
22 61.4 — 618 
27 67.6 _- 597* 


* Eutectic arrest. 


Ba. The liquidus temperatures measured by Grube 
and Dietrich, and the outline of the liquidus of 
Klemm and Dinckelacker are plotted in Fig. 1 on an 
enlarged scale. Although there are strong reasons to 
prefer the results of Klemm and Dinckelacker, it was 
considered worthwhile to remeasure liquidus tem- 
peratures of some alloys in the controversial compo- 
sition range. 

The alloys, made up from sublimed magnesium and 
99.5 wt pct pure barium, were melted in an Armco- 
iron crucible in a dynamic argon atmosphere. Ther- 
mal analyses were taken using a Speedomazx auto- 
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Fig. 1—Liquidus of the system Mg-Ba, comparing the results 
of Grube and Dietrich, Klemm and Dinckelacker, and the 
present work. 


matic recorder. Careful stirring during the solidifica- 
tion process was required in order to avoid segrega- 
tion. After thermal analysis some of the cast alloys 
were chemically analyzed. The intended and anal- 
yzed compositions of the ten alloys prepared are 
listed in Table I. Since standard barium determina- 
tions cannot differentiate between barium present as 
element and as oxide, both the barium and mag- 
nesium contents of the alloys were analyzed. The 
fact that the sum of barium and magnesium was 
close to 100 pet in each case was taken as evidence 
that no excessive oxidation had occurred. 

The liquidus temperatures measured are listed in 
Table I and plotted in Fig. 1. As can be seen, they 
are in good agreement with the liquidus found by 
Klemm and Dinckelacker. This leaves no doubt that 
the thermal results of Grube and Dietrich above 10 
atomic pet Ba are incorrect. 

This work was performed under the sponsorship 
of the Pitman-Dunn Laboratories of Frankford Ar- 
senal, Philadelphia, Contract No. DA-11-022-ORD- 
1975. Sponsorship and permission to publish by this 
organization are gratefully acknowledged. 
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Some Observations on Ferrite-Carbide 


Aggregates in Alloy Steels 


- is indeed an honor and a responsibility to have 
been selected to present the thirty-fourth in this 
series of Henry Marion Howe lectures, established to 
perpetuate the memory of a great teacher and one of 
America’s outstanding scientists. Previous Howe 
lecturers have established high standards for this 
annual AIME event. It has been my good fortune to 
have enjoyed close association with five of these 
former lecturers; namely, Bain, Grossmann, John- 
ston, Sosman, and Vilella, all of whom have been 
prominently identified with the research activities 
of the organization with which I am connected. 

Some years ago I had an opportunity to examine 
a letter written by Professor Howe in 1904. This 
document was particularly interesting to me since I 
never had the privilege of personal acquaintance 
with Professor Howe and do not recall even having 
seen him during his long and active career. In view 
of the fact that the letter dealt, to some extent, with 
matters related to the subject of today’s lecture, I 
would like to quote briefly from it. 

The letter is datelined, ‘““Bad Kissingen, June 11, 
1904.” The salutation reads, ‘““Dear Bradley,” which 
suggests*that it was probably addressed to Bradley 
Stoughton, who, I believe, was working with Howe 
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by E. S. Davenport 


at Columbia University at that time. The letter 


reads, in part, as follows: 


“Austenite and Martensite. I have not ex- 
amined what Osmond says in his new book. 
His former remarks about austenite I found 
very confusing, indeed unintelligible. I think 
we can reconcile matters well enough for the 
present by assuming that martensite is a tran- 
sition step between austenite at one end and 
ferrite and cementite at the other. Above 
critical range for steel of 0 to 1.80 carbon, 
austenite is normal state; below Ar,, ferrite and 
cementite are normal.” 


The letter then continues with a discussion of Os- 
mond’s ideas on metallographic nomenclature, par- 
ticularly his use of the terms martensite, troostite, 
and sorbite, including the following pointed com- 
ment: 

“For common purposes it seems to me unwise 
to drag them in, and much simpler to confine 
ourselves to the end stages 


( Austenite 
Ferrite plus Cementite 
Osmond does not really know his own mind— 
or does not clarify his ideas to others—as to 
nomenclature.” 


Thus we see that, as far back as 1904, the trans- 
formation of austenite, and the products of that 
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transformation, were topics of earnest consideration 
and lively debate among those pioneer physical met- 
allurgists. How very characteristic it was of the 
man whose memory we honor here today, that he 
recognized so clearly the essential point that the 
fundamental reaction is the transformation of aus- 
tenite, and that, at temperatures at which diffusion 
occurs, all the resultant microstructural entities are 
merely aggregates or mixtures of ferrite and carbide 
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30 sec—Rc 41 


Fig. 1—Metallographic evidence obtained in first isothermal 
transformation series at 800°F prepared at U. S. Steel Corp. 
Research Laboratory, Kearny, N. J., September 1929. Picral 
etch. X2000. 


in various configurations! How truly modern his 
thinking really was in the light of our present views 
on these matters! 

And now, more than fifty years after Howe’s 
letter was written, austenite, its transformation be- 
havior, and the properties of its transformation 
products are still matters of vital concern to ferrous 
metallurgists throughout the world. I propose to re- 
view briefly the development of austenite transfor- 
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Fig. 2—Hardness of isothermal transformation products in 
some typical carbon and low-alloy steels.” 
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Fig. 3—Hardness of isothermal transformation products in 
three steels of the 8600 series containing different amounts 
of carbon. 


mation studies in recent years, and to discuss cer- 
tain aspects of the subject, with particular reference 
to the all-important relationship between micro- 
structure and mechanical properties. 


Isothermal Transformation Studies 

In 1929, systematic investigation of the transfor- 
mation of austenite by the isothermal method was 
initiated at the Research Laboratory of the United 
States Steel Corp. at Kearny, N. J., under the direc- 
tion of Dr. John Johnston and the immediate super- 
vision of Dr. Edgar C. Bain. I had the privilege of 
being among those who participated in some of those 
early isothermal adventures. 

The publication, in 1930,’ of the results of that 
work touched off a series of related metallurgical 
investigations, both in America and abroad, that led 
eventually to a wholly new concept of austenite 
transformation. 

The experimental techniques employed in iso- 
thermal transformation studies have been ade- 
quately described in the literature and need not be 
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Fig. 6—Hardness of isothermal transformation products in 
Ni-Cr-Mo steel as influenced by transformation temperature. 
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Fig. 7—Microstructure after complete isothermal transformation at 1275°, 1200°, and 1125°F in Ni-Cr-Mo steel. TOP ROW: 
Light micrographs. Picral etch. X2500. BOTTOM ROW: Electron micrographs. Picral etch. X12,500. Reduced approximately 
10 pct for reproduction. 


reviewed here. However, this may be an appropriate 
time to place on record the metallographic evidence 
of the first isothermal transformation experiment 
conducted at the Kearny Laboratory in September, 
1929. This is shown in Fig. 1. The steel, containing 
0.78 pet C and 0.36 pct Mn, was austenitized at 
1650°F and isothermally transformed at 800°F, at 
which temperature the product of the transforma- 
tion is bainite. 

From that modest beginning, a tremendous vol- 
ume of information on the transformation behavior 
of steel has been developed through the efforts of 
a host of investigators the world over. By 1939, 
ten years after the work at Kearny was started, a 
sizeable technical literature on the subject was al- 
ready in existence. The major items of information 
established during that period were reviewed in the 
Fourteenth Campbell Memorial Lecture of the 
American Society for Metals presented in 1939.’ 

In the 18-year period from 1939 to the present, 
a vast amount of additional research on this subject 
has been conducted and the results made available. 
For example, a typical bibliography’ of papers pub- 
lished through April, 1949 contained 118 items, and 
it made no pretense of being an exhaustive list. More 
than a score of additional papers have appeared 
during the period 1949 through 1956. 

A review of this extensive literature is beyond the 
scope of the present lecture. However, some idea of 
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the progressive development that was taking place 
in this field may be conveyed by noting the several 
excellent compilations of isothermal transformation 
diagrams that were published during that 18-year 
period. Since these compilations are based upon the 
painstaking accumulation of experimental data, they 
serve as a reliable measure of the extent of creative 
effort that has been devoted to this subject. 

In 1943 the first comprehensive compilation of iso- 
thermal transformation diagrams covering 47 differ- 
ent steel compositions was published and distri- 
buted by the United States Steel Corp. under the 
title Atlas of Isothermal Transformation Diagrams.‘ 
This was reissued in 1951 in revised and expanded 
form, covering 87 different compositions.* In 1945, 
Morral’ published an index and a proposed scheme 
of classification of isothermal diagrams for some 192 
compositions for which data were then available. 
In 1947, the International Nickel Co. published dia- 
grams for 24 nickel alloy steels;’ in 1949, the Iron 
and Steel Institute (British) published its Atlas of 
Isothermal Transformation Diagrams of B. S. En 
Steels’ covering 24 steel compositions, and this was 
revised and expanded in 1956.° In 1950, the Mond 
Nickel Co. Ltd. issued a compilation of diagrams for 
13 nickel alloy steels’ with an expanded edition in 
1952.” In 1953, the Institute de Recherches de la 
Siderurgie (IRSID) published a compilation cover- 
ing 30 French carbon and alloy steels“ and an en- 
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Fig. 8—Microstructure after complete isothermal transformation at 1000°, 900°, and 800°F in Ni-Cr-Mo steel. TOP ROW: Light 
micrographs. Picral etch. X2500. BOTTOM ROW: Electron micrographs. Picral etch. X12,500. Reduced approximately 10 pct 
for reproduction. 


larged edition was issued in 1956. Also in 1953, a 
Supplement” to the United States Steel Corp.’s Atlas 
was issued, comprising over 400 facsimile reproduc- 
tions of isothermal transformation diagrams pub- 
lished in the United States, Great Britain, and Can- 
ada prior to 1952. In 1954, the Max-Planck Institute 
fur Eisenforschung, in cooperation with the Vereins 
Deutscher Eisenhuttenleute in Germany, published 
an extensive Atlas for the Heat Treatment of Steel,” 
which was expanded during 1956. 

In the light of these numerous compilations, sup- 
ported by the contributions of hundreds of individ- 
ual investigators, it is evident that austenite trans- 
formation studies, including both isothermal and 
continuous cooling techniques, have had a profound 
and permanent influence on the art and science of 
heat treatment. 


Ferrite-Carbide Aggregates 


Let us recall, for a moment, Professor Howe’s 
keen observation that, in considering the transfor- 
mation processes in steel, it is “much simpler to con- 
fine ourselves to the end stages—austenite and 
ferrite plus cementite” or, in other words, to aus- 
tenite and ferrite-carbide aggregates. 

Today, metallurgists generally recognize that the 
nature and characteristics of these ferrite-carbide 
aggregates determine the useful mechanical prop- 
erties of steel. The character of these aggregates can 
be varied within wide limits by appropriate heat- 
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treating procedures so as to produce the many dif- 
ferent combinations of strength, ductility, and 
toughness that make steel such a versatile engineer- 
ing material. 

Isothermal transformation studies have estab- 
lished the fact that ferrite-carbide aggregates which 
form from austenite above the M, temperature di- 
vide themselves into two broad categories of micro- 
structure, depending upon their microscopic appear- 
ance and temperature range of formation. These are 
1) the lamellar or pearlitic group of structures, and 
2) the acicular or bainitic group of structures. 

In an intermediate temperature range there is 
a transition from the clear-cut lamellar to the acic- 
ular mode of transformation and in this range the 
microstructure and corresponding mechanical prop- 
erties, particularly in alloy steels, often exhibit 
interesting special features, as will presently be dis- 
cussed. 

In general, within either the pearlitic or bainitic 
group, the dispersion of carbide in the ferrite be- 
comes finer, and hardness and strength increase as 
transformation temperature is lowered. This is il- 
lustrated, in terms of hardness, in Fig. 2, reproduced 
from an earlier publication.* The curves show, for a 
number of carbon and alloy steels, the increase in 
Rockwell C hardness with decreasing isothermal 
transformation temperature. In several of these 
curves there is a temperature range, indicated by 
the shaded band, in which the hardness fails to in- 
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Fig. 9—Microstructure after complete isothermal transformation at 700°, 600°, and 525°F in Ni-Cr-Mo steel. TOP ROW: Light 
micrographs. Picral etch. X2500. BOTTOM ROW: Electron micrographs. Picral etch. X12,500. Reduced approximately 10 pct 
for reproduction. 


crease—in fact, in some cases, it actually decreases 
in this restricted range as transformation tempera- 
ture is lowered. Note that this anomalous hardness 
behavior is associated with the temperature range 
in which the microstructure changes from the lamel- 
lar to the acicular type. This has recently. been con- 
firmed by some of my associates” in a series of alloy 
steels of graded carbon content in which the effect 
appears to be accentuated by increase in carbon con- 
tent, as illustrated in Fig. 3. 

These peculiar hardness manifestations were dis- 


cussed briefly in a previous publication® and have 


continued to be of interest in developing a better 
understanding of the relationship between micro- 
structure and mechanical properties. 

As part of a long-range program to learn more 
about these relationships, a study of the microstruc- 
ture and mechanical properties of a Ni-Cr-Mo steel of 
eutectoid carbon content has been under way for 
some time at the Edgar C. Bain Laboratory for 
Fundamental Research of the United States Steel 
Corp. at Monroeville, Pa. The results of this inves- 
tigation have been made available to me, most gen- 
erously, for presentation as part of this lecture. 


Microstructure and Mechanical Properties 
of Isothermally Formed Ferrite-Carbide Aggregates 
For this investigation it was considered essential 


to select a steel of sufficiently high hardenability to 
assure uniform microstructure in the heat-treated 


682—JOURNAL OF METALS, MAY 1957 


mechanical test specimens. In addition, freedom 
from the complicating effects of proeutectoid con- 
stituents was desired. A Ni-Cr-Mo steel of eutectoid 
carbon content which met these requirements was 
chosen and all the material used in the investigation 
was taken from a single bloom of a commercial, open 
hearth production heat, forged and rolled to 144 in. 
diam bars. The chemical composition of the material 
is given in Table I. 

The isothermal transformation diagram was de- 
termined by the metallographic method, using an 
austenitizing temperature of 1700°F (ASTM Grain 
Size No. 4 to 5). The Ae, temperature and the tem- 
perature range of martensite formation also were de- 
termined. These data are shown in Fig. 4. The steel 
exhibits the typical transformation characteristics 
and high hardenability of an alloy steel of the 4300 
class. 

Fig. 5 shows the nine isothermal transformation 
temperatures selected for exploring the microstruc- 
tural characteristics and mechanical properties of 
this steel. The three upper temperatures (1275°, 
1200°, and 1125°F) represent the range in which 
lamellar or pearlitic structures form from austenite. 
The three lower levels (700°, 600°, and 525°F) are 
in the range in which typical acicular or bainitic 
structures form. The three intermediate tempera- 
tures (1000°, 900°, and 800°F) represent the range 
within which'the microstructure changes from the 
lamellar to the acicular type and where the discon- 
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Fig. 10—Microstructure after 50 pct isothermal transforma- 
tion at TOP: 1000°, CENTER: 900°, and BOTTOM: 800°F 
in Ni-Cr-Mo steel. Nital etch. X2500. Reduced approxi- 
mately 50 pct for reproduction. 


tinuity in hardness trend occurs with decrease in 
transformation temperature. This hardness discon- 
tinuity in the Ni-Cr-Mo steel involved here is shown 
in Fig. 6. 

Attention is directed to the scheme adopted for 
depicting the lamellar, intermediate, and acicular 
groups of structure; that is, a dot-dash line for 
lamellar, a solid line for intermediate, and a dash 
line for acicular. As mentioned earlier, the interme- 
diate region between distinctly lamellar and dis- 
tinctly acicular structures is of particular interest 
because of the special microstructural and mechani- 
cal property features associated with it. 


Microstructure 

Figs. 7, 8, and 9 illustrate the microstructures 
representative of complete isothermal transforma- 
tion at each of the nine temperatures selected for 
investigation. The micrographs show representative 
fields for each temperature level as revealed by the 
conventional light microscope at a magnification of 
X2500, and by the electron microscope at X12,500. 

Fig. 7 shows the three structures comprising the 
lamellar group. As would be expected, the pearlite 
becomes finer and the structure less distinctly lam- 
ellar as the transformation temperature decreases. 
By comparison with the usually regular pearlite of 
most carbon steels, this series illustrates the ten- 
dency of pearlite in alloy steels to be less perfectly 
lamellar than in plain carbon steels. 

Fig. 8 shows the three microstructures compris- 
ing the intermediate group; namely, those formed at 
1000°, 900°, and 800°F, the temperature range with- 
in which the hardness anomaly occurs. As trans- 


TRANSACTIONS AIME 


Fig. 11—Microstructure illustrating two-stage isothermal 
transformation at 900°F in Ni-Cr-Mo steel. TOP: 10 pct 
transformation; CENTER: 50 pct transformation; and BOT- 
TOM: 100 pct transformation. Nital etch. X2500. Reduced 


approximately 50 pct for reproduction. 


formed at 1000°F the lamellar characteristics are 
scarcely recognizable except in isolated areas, and at 
900°F they have practically disappeared. At these 
two temperatures the ferrite-carbide aggregate 
tends to assume an acicular rather than the nodular 
configuration usually found in carbon steels trans- 
formed at these temperatures. 

At the 800°F level, the structure undergoes a 
rather marked coarsening which is reflected in the 
discontinuity in the hardness trend previously men- 
tioned. After completion of transformation, the 
structure consists of roughly acicular groups of rod- 
like carbides in the ferrite matrix. It is interesting 


Table I. Chemical Composition of Ni-Cr-Mo Eutectoid Steel 


Element Pet Element Pet 
Carbon 0.57 Silicon 0.30 
Manganese 0.82 Nickel 1.16 
Phosphorus 0.016 Chromium 1.07 
Sulfur 0.019 Molybdenum 0.26 


to note that this 800°F product resembles, in some 
respects, the coarser pearlitic structures. Possibly 
one basic difference in the form of the carbides in 
pearlite and bainite may be that they are plate-like 
in pearlite and rod-like in bainite. Microscopic ex- 
amination of etched plane surfaces does not resolve 
this question with certainty. 

Fig. 9 shows microstructures representative of the 
three lower transformation temperatures—700°, 
600°, and 525°F, where the product is definitely 
bainitic. In general, the fineness and uniformity of 
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Fig. 12—Relationship of strength to transformation tempera- 
ture in isothermally transformed Ni-Cr-Mo steel. 


carbide dispersion increase with lowering of the 
transformation temperature. 

At this point it may be helpful to take a closer 
look at the transformation behavior and structures 
characteristic of the intermediate temperature 
range, 1000° to 800°F. The acicular nature of these 
structures can be most easily recognized in partially 
transformed specimens, as illustrated in the light 
micrographs of Fig. 10, showing 50 pct transforma- 
tion at 1000°, 900°, and 800°F. The rapid-etching, 
acicular aggregates that form at 1000° and 900°F 
might conceivably be thought of as extremely fine 
pearlites which, due to the influence of alloy con- 
tent, tend to assume an acicular configuration rather 
than the nodular form usually encountered in plain 
carbon steels at these temperatures. 

The formation of the rapid-etching, acicular ag- 
gregate at 900°F is preceded by the separation of a 
roughly acicular type of ferrite. The transformation 
then goes to completion with the formation of the 
rapid-etching aggregate. These two transformation 
stages were described in a previous publication,’ and 
are illustrated in Fig. 11. The acicular ferrite un- 
doubtedly corresponds to what Hultgren” desig- 
nated as probainitic ferrite or paraferrite, a constit- 
uent which has been discussed by a number of other 
investigators.” 

Having established a correlation between hard- 
ness and microstructure in this steel, let us now see 
what happens to some of the other mechanical prop- 
erties when the steel is transformed isothermally 
within the temperature range 1275° to 525°F. 


Mechanical Properties . 

Tensile and impact properties were determined 
on specimens austenitized at 1700°F (Grain Size 4 to 
5) and isothermally transformed at each of the nine 
temperatures used for the microstructural studies. 
Room-temperature tensile tests were conducted us- 
ing 0.25-in. diam, l-in. gage-length specimens. For 
the impact tests, standard V-notch Charpy speci- 
mens were broken over a suitable range of temper- 
atures and the energy absorbed was plotted against 
test temperature. From these data, a comparative 
toughness criterion based upon the temperature cor- 
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responding to an average impact value of 15 ft-lb 
was chosen; this criterion is used throughout the 
following discussion. 

Fig. 12 shows the room-temperature strength 
properties plotted against isothermal transformation 
temperature. The values for tensile strength, 0.2 pct 
offset yield stress, and yield-tensile ratio follow the 
same general pattern as the hardness values previ- 
ously shown. Strength increases as transformation 
temperature decreases through the pearlite-forming 
range—-and even on down to 900°F where the mi- 
crostructure has lost most of its recognizable lamel- 
lar characteristics. At 800°F there is an unmistak- 
able decrease in strength corresponding to the drop 
in hardness associated with this level. Strength 
again rises as transformation temperature decreases 
below 800°F. Thus we find that strength, hardness, 
and microstructure follow a mutually consistent 
pattern. 

Fig. 13 shows the room-temperature ductility and 
toughness properties plotted in a similar manner. It 
is seen that reduction of area values increase as 
transformation temperature is lowered through most 
of the pearlite-forming range, and then fall off ap- 
preciably in the intermediate range, reaching a 
minimum in the vicinity of 900°F. The values rise 
again as bainite is formed in the 700° to 600°F 
range, eventually decreasing as high-hardness bain- 
ite is reached at the 525°F level. 

Elongation values decrease more or less regularly 
with transformation temperature over the whole 
range investigated, with essentially no evidence of 
irregularity in the intermediate region. This is not 
surprising since it is generally recognized that elon- 
gation is not a particularly structure-sensitive prop- 
erty. 

Toughness decreases markedly in the intermedi- 
ate region, contrasting sharply with the better 
toughness exhibited by the pearlitic and bainitic 
structures formed at immediately higher and lower 
transformation temperatures, respectively. 

It is interesting to note that, within the pearlitic 
series, reduction of area and toughness improve 
with increasing fineness of pearlite. The improve- 
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Fig. 14—Mechanical properties of quenched-and-tempered 
Ni-Cr-Mo steel plotted against tensile strength. 


ment in ductility accompanies an increase in 
strength, contrary to the usual relationship between 
these properties. This may be the net result of finer 
carbide dispersion and smaller ferrite grain size in 
the finer pearlites. 

While the present investigation was limited to a 
single steel, the accumulated evidence of many iso- 
thermal transformation studies on a wide variety of 
steels indicates that the observed microstructural 
and mechanical property effects in the intermediate 
region do not constitute an isolated instance, but 
probably represent a rather general case, at least 
among alloy steels. Gensamer and co-workers,” 
investigating plain carbon and manganese steels, 
obtained results which are generally consistent with 
the present findings. 


Comparison of Properties: 
Isothermal Vs Quench-and-Temper Treatment 

It was thought desirable to compare the mechani- 
cal properties of the isothermally transformed steel 
with the properties of the same steel fully quench- 
hardened to martensite and tempered so as to en- 
compass the same range of strength and hardness. 
Hence a quench-and-temper series was prepared 
and tested. The following comparisons reveal the 
relative merits of the two series of ferrite-carbide 
aggregates—one having formed directly out of aus- 
tenite, the other having been derived from marten- 
site. In these comparisons, the properties are plotted 
against tensile strength—selected as a factor com- 
mon to both the isothermal and the quench-and- 
temper series. 

Fig. 14 shows the properties of the quench-and- 
temper series only, plotted as a function of tensile 
strength. Ductility decreases regularly with increase 
in strength, and there is a pronounced drop in 
toughness at the higher strength levels. Irregulari- 
ties, such as those encountered in the intermediate 
region of the isothermal series, are absent in these 
curves. 

The discontinuity in the strength trend in the iso- 
thermal series creates a problem in plotting prop- 
erties of this series as a function of strength, while 
at the same time maintaining the orderly sequence 
of transformation temperature. This was handled in 
the manner shown in Fig. 15 for three selected prop- 
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Fig. 15—Selected mechanical properties of isothermally 
transformed Ni-Cr-Mo steel plotted against tensile strength. 


erties. The isothermal transformation temperature 
involved in each case is shown near the bottom of 
the chart, which is divided into two segments. A 
portion of the horizontal strength scale of each seg- 
ment is duplicated in the vicinity of the break in 
the chart. This permits getting around the circum- 
stance that the strength of specimens isothermally 
transformed at 800°F falls between that of speci- 
mens treated at 900° and at 1000°F. 

The difference in properties of the isothermal 
series and the quench-and-temper series is illus- 
trated in Figs. 16 through 20. In each chart the mid- 
dle point on the quench-and-temper series curve is 
common to both segments of the chart. 

Fig. 16 shows that the 0.2 pct offset yield stress 
values for the isothermal series are generally lower 
than those for the quench-and-temper series, al- 
though they approach each other at the highest 
strength level. Fig. 17 shows a similar comparison 
for the yield-tensile ratio values. The pearlitic struc- 
tures have a consistently lower ratio than the quench- 
and-temper structures of comparable strength but, 
at the highest strength, bainite is practically equiv- 
alent to tempered martensite. 

Figs. 18 and 19 show the superior ductility of the. 
quench-and-temper structures as compared to coarse 
pearlite, and a reversal of this relationship at the 
higher strength levels where bainite shows gener- 
ally superior ductility, except at the very highest 
strength. 

Fig. 20 shows a similar comparison in terms of 
the selected toughness criterion. It is clear that the 
pearlites are definitely inferior to the quench-and- 
temper structures and that the bainites are superior 
at the high strength levels. 


Ferrite-Carbide Aggregates Formed During 
Continuous Cooling 


The foregoing comparisons have demonstrated the 
difference in mechanical properties of two series of 
ferrite-carbide aggregates of fundamentally differ- 
ent origin—one resulting directly from isothermal 
transformation of austenite, the other from trans- 
formation to martensite followed by tempering. 
With the exception of lower bainite, the properties 
of the isothermally formed aggregates were shown 
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Fig. 16—Comparison of yield stress in Ni-Cr-Mo steel as 
quenched-and-tempered and as isothermally transformed. 
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Fig. 17—Comparison of yield-tensile ratio in Ni-Cr-Mo steel 
as quenched-and-tempered and as isothermally transformed. 


to be generally inferior to those of tempered mar- 
tensite. 

Most practical heat treatments involve some form 
of continuous cooling, usually with subsequent tem- 
pering. Thus, the final structure after heat treatment 
consists of tempered martensite, or mixtures of 
tempered martensite and tempered direct transfor- 
mation products. While 100 pct tempered martensite 
is frequently the goal of heat treatment, practical 
considerations often make it necessary to accept 
such mixtures, particularly where large masses of 
material are involved. The question naturally arises 
as to whether the presence of these direct transfor- 
mation products result in substantial damage to me- 
chanical properties. A few data relating to this 
question were obtained for the Ni-Cr-Mo steel in 
this investigation. 
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Fig. 18—Comparison of reduction of area in Ni-Cr-Mo steel 
as quenched-and-tempered and as isothermally transformed. 
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Fig. 19—Comparison of elongation in Ni-Cr-Mo steel as 
quenched-and-tempered and as isothermally transformed. 


Mechanical test specimens were continuously 
cooled from an austenitizing temperature of 1700°F, 
at each of five different rates. These cooling rates 
were selected to develop structures ranging from 
approximately 100 pct martensite to 100 pct pearlite. 
All specimens were tempered at 1200°F for 20 hr to 
obtain essentially a common tensile strength as a 
basis for comparison. 

Fig. 21 shows the five cooling rates used, ex- 
pressed as the average rate between the Ae, and M, 
temperatures. While not quantitatively applicable, 
the isothermal diagram is also shown, in view of the 
fact that, up to this point, many of the data on this 
steel have been presented in terms of isothermal 
transformation behavior. 

The temperature range within which transforma- 
tion is presumed to have occurred during continu- 
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ous cooling is shown by characteristic cross-hatch- 
ing along each cooling curve, with particular refer- 
ence to the three categories of structure—lamellar, 
intermediate, and acicular. The percentages of the 
various microconstituents found in the specimens 
after continuous cooling are indicated in the lower 
portion of the chart. It is significant that, although 
the five cooling rates yielded structures covering the 
whole range from essentially 100 pct to 0 pct mar- 
tensite, the proportion of intermediate structures 
never exceeded 5 pct. 

The mechanical property test results are summar- 
ized in Fig. 22, in which the properties are plotted 
against cooling rate. It is seen that the chosen tem- 
pering treatment did, indeed, result in comparable 
tensile strength throughout the series, except for 
the specimens cooled at the slowest rate—and even 
they are not greatly out of line. All other properties 
showed some deterioration as the cooling rate be- 
came slower and the percentage of martensite de- 
creased. However, it was not until the structure be- 
came predominantly pearlitic at the two slowest 
cooling rates that the properties showed marked in- 
feriority to those for tempered martensite. 

Thus, in this particular steel, tempered at a rela- 
tively high temperature, failure to achieve a 100 pct 
martensitic structure entailed only a small sacrifice 
in properties, except when very large amounts of 
pearlite were formed as a result of slow cooling. 

-This is obviously due to the absence of substantial 

amounts of intermediate ferrite-carbide aggregates 
which, as shown earlier, have definitely inferior 
properties. With a steel of different carbon or alloy 
content, these relationships would certainly be al- 
tered. Undoubtedly, the more hypoeutectoid the 
composition, the greater would be the tendency to 
form proeutectoid ferrite and intermediate temper- 
ature range aggregates, and the more adverse the 
effect upon mechanical properties. 

It is often necessary to select alloy steels for 
heavy forgings and the like, which are sometimes 
unavoidably cooled at rates slower than the so- 
called critical cooling rate; and yet optimum me- 
chanical properties are always desired. This calls for 
the proper combination of carbon and alloying ele- 
ments to retard the formation of ferrite, pearlite, 
and intermediate range structures, and to promote 
the formation of lower temperature acicular prod- 
ucts, or combinations of these with martensite. Dif- 
ferent alloy steels, even though substantially alike 
in hardenability, as ordinarily defined, may differ 
significantly in these respects. A better understand- 
ing of the various factors influencing the formation 
and properties of intermediate range structures 
should help in designing better alloy steels for the 
future. 


Recapitulation 


The experimental data presented in this lecture 
have dealt with the microstructure and mechanical 
properties of ferrite-carbide aggregates in an alloy 
steel of eutectoid carbon content. For presentation 
purposes, these aggregates, as formed directly from 
austenite by isothermal transformation, have been 
grouped into categories designated as lamellar, in- 
termediate, and acicular, depending upon their gen- 
eral microstructural appearance which, in turn, is 
related to the temperature range in which they 
form. 

Within the lamellar and acicular groups, there is 
a progressive change in microstructure and proper- 
ties as the transformation temperature increases or 
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Fig. 20—Comparison of toughness in Ni-Cr-Mo steel as 
quenched-and-tempered and as isothermally transformed. 
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Fig. 21—Cooling rates and resulting structures involved in 
continuous cooling studies of Ni-Cr-Mo steel. 


TEMPERED MARTENSITE —% 


140, 


TENSILE STRENGTH 


100 9 02% OFF SET YIELD STRESS 


e REDUCTION OF AREA e 
e 


fo) 
INCREASING TOUGHNESS ————> 
(TEST TEMPERATURE °F FOR |5 FT. LB) 


50 
TOUGHNESS 
40 Ss O 
|__| ELoncarion wn 
@ COOLING @ @CURVE NO. (©) 
10) L 1 il | | it | | 
200 100 50 2 10 5 


AVERAGE COOLING RATE, Ae, TO Ms, °F /MIN. 
Fig. 22—Mechanical properties of Ni-Cr-Mo steel as cooled 


continuously at the five different rates shown in Fig. 21 and 
tempered 20 hr at 1200°F. 


MAY 1957, JOURNAL OF METALS—687 


Rat 
PY 
| 
8 e 
i | 
| 
250 275 
| 
O 
oO 
80 
a 
| 


decreases. The intermediate group superficially sug- 
gests a discontinuity in the regularity of this rela- 
tionship, although conceivably it may represent 
little more than a series of mixtures of the other two 
structures, pearlite and bainite. The mechanical 
properties of aggregates formed in the intermediate 
range are relatively inferior to those of fine pear- 
lite and of bainite, although some of these proper- 
ties are substantially what might be predicted from 
mixtures of the two structures. Nevertheless, the 
implication is clear that both lamellar and inter- 
mediate structures should be avoided if optimum 
mechanical properties are to be achieved. 

The properties of isothermally formed structures 
have been compared with those of tempered mar- 
tensite of comparable strength and hardness. With 
the exception of lower bainite, tempered martensite 
exhibits consistently superior mechanical properties. 

With the particular steel involved in this investi- 
gation, continuous cooling studies indicated that the 
undesirable intermediate structures did not form in 
sufficient amounts to have an appreciably adverse 
effect on mechanical properties. This would not nec- 
essarily hold true for other combinations of carbon 
and alloying elements. 

In the heat treatment of relatively large masses of 
steel, the formation of intermediate structures dur- 
ing cooling is an ever-present possibility. The future 
development of better alloy steels for many critical 
applications would seem to depend upon a more 
searching analysis, and systematic study of the in- 
fluence of carbon and alloying elements—both in- 
dividually and in various combinations, upon the 
transformation characteristics and mechanical prop- 
erties of these intermediate structures. 

A wealth of information has been accumulated 
through studies of austenite transformation, by one 
technique or another, since our first isothermal ex- 
periment was performed in 1929. Still, the utility of 
this approach to heat treatment problems is far from 
exhausted, and the potential rewards, in the form of 
improved and more uniform properties in heat- 
treated steel products, are still exceedingly high. 
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Technical Note 


Peritectoid Transformation in Ag-Al Alloys 


by C. W. Spencer, R. J. Knight, and F. N. Rhines 


metallographic study has been made of the 
peritectoid transformation as it occurs in two 
Ag-Al alloys, containing 6.0 and 6.9 wt pct Al, re- 
spectively. After equilibrating at 475°C, these alloys 
were transformed isothermally just below the peri- 
tectoid temperature which lies at about 450°C.*° 
Peritectoid transformation in this alloy system 
consists in the reaction of a and ¢ to form yp. The 
crystal structures of the a, u, and ¢ phases have been 
determined as face-centered-cubic, 8 manganese, 
and hexagonal-close-packed, respectively. At the 
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peritectoid temperature their equilibrium composi- 
tions are approximately-5.85, 7.02, and 7.24 wt pct 
(19.92, 23.2, and 23.8 atomic pct) aluminum.*” The 
transformation might be expected to occur princi- 
pally at the interface between the e and ¢, but such 
is not the case. Instead, the major part of the trans- 
formation occurs by the direct (and perhaps ini- 
tially diffusionless) conversion of ¢ to ». The com- 
position range of the forming » nearly overlaps that 
of the parent ¢ at the temperature of transformation? 
so that little, if any, composition change is required. 
Transformation proceeds by the nucleation of p» at 
points upon the external surface of the sample and 
sweeps through the ¢ phase, leaving the a initially 
almost undisturbed. Subsequently, the a phase par- 
ticipates in the transformation by being partly or 
totally converted to uz. 

Specimens approximately 1/4 x 1/4 x 1/16 in. 
were cut from cast ingots, previously equilibrated 
68 hr at 588°C. The specimens were held for 3 hr at 
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Fig. 1—6.0 wt pct Al, quenched 
from 475° C, in the a+ ¢ phase 
field. Heavily outlined areas 


mally transformed 1 min at 
428°C; a (twinned), ¢ (heavily 
outlined), and « (dark). 


are ¢, twinned grains are a. 


Fig. 5—6.9 wt pct Al, quenched 
from 475°C, in the a+ ¢ phase 


field. Small areas are a; ma- 
trix is ¢. 


Fig. 6—6.9 wt pct Al, isother- 
mally transformed 212 min at 
428°C; a (small white islands), 
¢ (large white area), and uw 
(dark). 


Fig. 3—6.0 wt pct Al, isother- 
mally transformed 4 min at 
428°C; a (light) and uw (dark). 


Fig. 2—6.0 wt pct Al, isother- 


Fig. 7—6.9 wt pct Al, isother- 


S: 


Fig. 4—6.0 wt pct Al, isother- 
mally transformed 17 hr at 
428°C; (light) and (dark). 


Fig. 8—6.9 wt pct Al, isother- 


mally transformed 17 hr at 
428°C; a (light) and uw (dark). 


mally transformed 18 min at 
428°C; a (light islands, 
rounded outline), ¢ (white is- 
lands, jagged outline), and u 
(dark). 


All specimens were etched in a freshly combined mixture of two solutions, consisting of 1 part of a solution containing 6 g K2Cr20z, 
20 cu cm H2SOx, 12 cu cm NaCl (saturated solution), and 300 cu cm H:O to 5 parts of a solution containing 40 g chromic acid 
and 360 cu cm H.O. X150. Reduced approximately 25 pct for reproduction. 


568°C, after which they were cooled slowly to 
475°C. They were then immersed in a salt bath for 
isothermal transformation. 

The structure of the 6.0 wt pct Al alloy as 
quenched from 475°C in the a + ¢ phase field is 
shown in Fig. 1. A dark etching boundary separates 
the two phases; the a phase is twinned. Upon iso- 
thermal transformation at 428° +2°C, the » phase is 
first observed at times of 30 sec to 1 min. Usually 
two or three points of nucleation are found in any 
one polished cross section, although in-some speci- 
mens the reaction was observed to proceed almost 
to completion on the basis of one point of nucleation. 
One point of nucleation is sufficient if the ¢ phase is 
continuous, as is the case when the dihedral angle is 
less than 60°. The progress of transformation in 1 
min at 428°+2°C is shown in Fig. 2. The sample 
was quenched from the reaction temperature for in- 
spection. The ¢ is completely consumed by the p in 
approximately 4 min. 

Soon after the ¢ to » reaction has gone to comple- 
tion, » is observed to precipitate in the a twin 
boundaries, as is shown in Fig. 3. This reaction is 
slow, taking several hours to go to completion. After 
17 hr the structure, as shown in Fig. 4, is essentially 
at equilibrium. 

The 6.9 wt pct Al alloy, when quenched from 
475°C, is composed of a distributed throughout a ¢ 
matrix, see Fig. 5. As in the previously described 
case, nucleation of » occurs at a few points upon the 
external surface and the transformation proceeds 
through the continuous ¢ phase, as shown in Fig. 6. 
Many cracks develop in the brittle » during the 
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transformation (or subsequent quenching). In later 
stages the interface between the advancing p» and the 
parent ¢ becomes serrated, as is shown in Fig. 7. The 
¢ to » transformation goes to completion in approxi- 
mately 30 min. After 17 hr the structure is com- 
posed almost entirely of », with a few small parti- 
cles of a remaining, Fig. 8. 

X-ray powder patterns taken of the structures 
shown in Figs. 5, 7, and 8 (the 6.9 wt pct Al alloy) 
have confirmed the presence of the phases discussed 
at the various stages of the transformation. No 
transitional phases other than », which may not be of 
equilibrium composition, are present. The hexagonal- 
close-packed ¢ has a c/a ratio of 1.629; the c value 
is 4.6704. The complex cubic » phase has an a value 
of 6.945A. 

This mode of transformation is probably fairly 
common among peritectoid systems. Cases in which 
the composition range of the low temperature phase 
overlaps that of one of the high temperature phases 
are numerous. The Metals Handbook indicates this 
condition in many systems, including Ag-Cd, Ag-Zn, 
Cb-Fe, Cu-Si, Ni-Si, Ni-Zn, and Sn-Sb.* 
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Thermodynamic Properties of CS And 


Solutions of Sulfur in Carbon-Saturated Liquid Iron 


A study has been made of the equilibria, at 1600° and 1800°C, between dilute solu- 
tions of sulfur in carbon-saturated liquid iron and gas mixtures consisting, initially, of 
argon and CS,. By comparing the results obtained with those of previous workers on the 
corresponding H.-H.S-S in carbon-saturated liquid iron equilibria, the equilibrium sulfur 
pressures over these melts and the standard free energy of formation of gaseous CS have 


been obtained. 


by C. J. B. Fincham and R. A. Bergman 


HERMODYNAMIC properties of many high- 
temperature systems containing sulfur, such as 
slags, metal sulfides, and solutions of sulfur in liquid 
metals, have been studied by means of equilibration 
with known gas mixtures.** This method presup- 
poses a complete and accurate knowledge of the 
thermodynamic data for all possible components of 
the gas phase at high temperatures. However, a 
survey of the data available up to 1952 on the 
thermodynamics of gaseous sulfur species and com- 
pounds, by Richardson and Jeffes,* showed that 
there was considerable uncertainty in the values of 
the free energies of formation of S, SO, HS, and CS. 
In many cases, this uncertainty made it impossible 
to decide whether or not these species would form 
a significant proportion of the sulfur present in the 
gas phase in any given system. 
After the review by Richardson and Jeffes had 
_ been published, St. Pierre and Chipman® measured, 
by an indirect method, the free energy of formation 
of SO. This also enabled a clear choice to be made 
among the three possible spectroscopic values for 
the dissociation energy of S, into atoms,’ thereby de- 
termining the free energy of formation of S from S., 
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and fixing the free energy of formation of HS more 
accurately.* 

The main purpose of the present investigation was 
to measure the free energy of formation of CS, 
which was still in considerable doubt. For example, 
at 1600°C, it could be estimated to be +6 +25 kcal 
per mole,* most of the uncertainty being in the 


* Based on the dissociation energies of CS* and S:,5 the heat of 
sublimation of graphite,® and the assumption that the entropy of 
formation of CS is the same as that of CO. 


value of the dissociation energy.° 

A secondary purpose of the investigation was to 
determine more accurately the equilibrium sulfur 
pressures over dilute solutions of sulfur in carbon- 
saturated liquid iron. 


General Method 


Dilute solutions of sulfur in liquid iron, saturated 
with carbon, were brought to equilibrium at 1600° 
and 1800°C, with known gas mixtures consisting, 
initially, of A and CS,. After equilibrium had been 
reached, the melts were quenched and analyzed for 
sulfur. 

In the high temperature region of the furnace, an 
equilibrium was set up between the various possible 
sulfur species and compounds in the gas phase; 
namely, CS., CS, S., and S. (It can be calculated 
that the amounts of S, and S, are negligible at these 
temperatures.*) 

Morris and Buehl’ and Kitchener, Bockris, and 
Liberman* had previously studied the corresponding 
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system using gas mixtures consistin , initially, of 
H, and HS. At high temperatures, H. HS, HS, CS, 
CS, S., and S were present in the gas phase. 

The equilibrium S, pressures in this system could 
not be calculated accurately because of the uncer- 
tainty in the free energy of formation of CS. For 
example, for H,-H.S-CS gas mixtures, in equilibrium 
with graphite and 1 atm of H, at 1600°C, the upper 
and lower uncertainty limits (quoted above) lead 
to ratios of pes/pu.s of 2.8x10* and 1.9x10°, respec- 
tively. These ratios give values of ps. Of approxi- 
mately 3x10° and 9x10" atm, respectively, for a 
gas mixture initially containing 5x10“ atm of H.S. 
However, by comparing the results of the present 
investigation using A-CS, mixtures with those ob- 
tained using H.-H.S mixtures, the free energy of 
formation of CS can be evaluated much more accu- 
rately, and the equilibrium S, pressures in these 
systems determined. The details of the calculations 
are set out in a later section. 

In performing these calculations only the results 
of Morris and Buehl were used, as the results of 
Kitchener, Bockris, and Liberman were considered 
to be less reliable for the following reasons: 

1) The results of Kitchener, Bockris, and Liber- 
man show considerable scatter, indicating some large 
experimental error. The reasons for this scatter are 
not obvious, but in the light of a later paper by 
Kitchener, Bockris, and Spratt,® and the experience 
of the present authors, it may have resulted from 
failure to reach carbon saturation in the time of the 
experiments. 

2) The results of Morris and Buehl for carbon- 
free melts, obtained using the same techniques and 
apparatus as for the carbon-saturated melts, agree 
well with those of Sherman, Elvander, and Chip- 
man.* 

3) Morris and Buehl obtained results at several 
temperatures. Thus, the entropy of formation of CS 
could be obtained. Since it is likely to be close to 
that for CO, it would provide a check on the results. 
Kitchener, Bockris, and Liberman worked at only 
one temperature. 


Experimental Methods 


Gas Mixtures—A known flow rate of commercial 
argon (measured by a capillary flowmeter) was 
purified by passage over soda-lime and anhydrous 
magnesium perchlorate. Calculations based on the 
stability of COS‘ showed that the small amount of 
oxygen in the argon (<0.001 pct) would have a 
negligible effect on the results. 

A small fraction of the argon was diverted from 
the main flow and passed through a bulb containing 
liquid carbon disulfide. The vapor pressure Oi? (OSs 
was held constant by immersion of the bulb in an 
ice-water bath. The amount of argon diverted could 
be controlled by a needle valve. The A-CS, mixture 
formed was combined with the main flow of argon, 
and the resulting mixture could either be made to 
flow to the reaction furnace or to the gas analysis 
system. | 

Reaction Furnace and Temperature Control—The 
furnace used, shown diagrammatically in Fig. 1, was 
a simple resistance furnace in which a graphite tube, 
Y% in. ID, 3 ft in length, served as both resistor and 
reaction tube. 

The tube was a slide-fit through two drilled 
graphite blocks, which were bolted to the furnace 
end plates. This permitted the tube to slide freely 
during thermal expansion or contraction, but kept 
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Fig. la—Diagram of graphite resistance furnace. 


entry of air into the furnace case to a minimum. 
The power connections were made by split graphite 
blocks clamped to each end of the furnace tube. 

Loosely packed acetylene-black was used as in- 
sulation, and a stream of argon was flushed through 
the furnace case to prevent oxidation of the insula- 
tion and reaction tube. An extensive water-cooling 
system was used to prevent overheating of the fur- 
nace case and connections, and to facilitate quench- 
ing of the samples at one end of the furnace tube. 

The graphite tubes used were slightly porous 
when new, and became somewhat more porous after 
use. However, analyses of the ingoing and outgoing 
gas mixtures, in the absence of a metal sample, 
showed that this porosity did not significantly affect 
the composition of the A-CS, mixtures if the argon 
pressure was kept equal on both sides of the tube. 
The experimental results for these tests are shown 
in Table I. 

Power was supplied from a step-down transformer 
which was fed by a Variac autotransformer. Line 
voltage fluctuations were kept to a minimum by 
means of a constant voltage transformer on the 
input side of the Variac. With this system and 
manual adjustment of the Variac, the furnace tem- 
perature could be held steady within +5°C at 
1800°C. The maximum temperature in the furnace 
tube was constant to within +5°C over a length of 
4 in. at 1800°C (somewhat longer at lower tempera- 
tures). 

The power requirements of the furnace were low, 
only about 1] kva being needed to maintain the tem- 
perature at 1800°C. 

The temperature was measured by sighting a 
Leeds and Northrup disappearing-filament optical 
pyrometer through the end window, see Fig. 1a, 
onto the end of the reaction boat. 

The system was calibrated by measuring the ap- 
parent melting temperatures of silver, iron, and 
platinum, which were held in alumina-lined graphite 
boats. No contamination of the samples by carbon 
was found. 

The reaction boats used, shown in Fig. 1b, were 
shaped from pure graphite rod. Each boat had two 
cavities drilled into it, so that two samples could be 
used at one time. 

Materials—Johnson, Matthey and Co. Ltd. spec- 
trographically standardized pure iron was used. In 
some of the early experiments this pure iron was 


Fig. 1b—Diagram of 
graphite reaction 
boat. 
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Fig. 2—Graph of ingoing partial pressure of CS» or ingoing 
ratio px.s/px, vs final percentage of sulfur (by weight) in 
carbon-saturated liquid iron at 1600° and 1800°C. 


used directly as the sample. However, it was found 
that the rate at which the iron reached saturation 
with graphite was relatively slow, especially in the 
presence of sulfur. This is in agreement with the 
results of Kitchener, Bockris, and Spratt.” 

To avoid this difficulty two master alloys were 
prepared. One consisted of iron saturated with 


Table |. Tests on Porosity of Graphite Tubes 


Ingoing Outgoing 

Test No. PCS,» Atm Atm 
1.96x10-4 1.97x10-4 

2 1.73x10-4 1.73x10-4 


graphite, and was prepared by heating a mixture 
of pure iron and graphite powder in a graphite 
crucible at 1800°C for 2% hr in an induction fur- 
nace. The other contained iron, carbon, and sulfur, 
and was prepared in a similar manner, but with the 
addition of chemically pure FeS. This alloy con- 
tained 0.98 pct S. 

Samples of any desired sulfur concentration could 
be made by blending appropriate amounts of the 
two master alloys. The sample weight usually used 
was about 14 g. 

Procedure—The furnace was brought to the re- 
quired temperature in a flowing atmosphere of 
argon. The A-CS, mixture was then started and 
given time to flush through the apparatus. The gas 
mixture was analyzed for CS, before and after each 
run, and the average of the two determinations was 
reported as the gas composition during the run. At 
no time was any significant difference found be- 
tween the two analyses. 

The reaction boat, containing two samples, was 
then inserted into the furnace. The samples were 
designed to have higher and lower sulfur concen- 
trations than the expected equilibrium value, so that 
equilibrium was approached from both sides in each 
experiment. During the run temperature measure- 
ments were taken at frequent intervals, and any 
necessary adjustments made. 

At the end of the experiment, the samples were 
pushed quickly into the water-cooled end of the 
furnace tube, where they were quenched very 
rapidly. Before chemical analysis, the carbon de- 
posit on the surface of the sample was removed. 
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Methods of Analysis—The metal samples were 
analyzed for sulfur by the standard combustion 
method. The samples were heated to about 1270°C 
in a stream of oxygen, and the evolved SO, was 
absorbed in acidified water and titrated with a 
standard potassium iodate-iodide solution, using 
starch as the indicator. The method was standard- 
ized by use of U.S. Bureau of Standards analyzed 
steel samples having sulfur contents in the appro- 
priate range. The accuracy of the method was about 
+1 pct of the sulfur present for samples containing 
more than 0.1 pct S. 

The A-CS, gas mixtures were analyzed for CS, 
by the xanthate method.” The gas mixture was 
bubbled through a freshly prepared 5 pct KOH- 
ethyl alcohol solution, which absorbed the CS, with 
formation of a xanthate. This was then titrated 
against a standard iodine solution at a closely con- 
trolled pH value. At all flow rates used in these 
experiments, the CS. was completely absorbed in 
the first absorption bottle. The accuracy of the 
method was about +4 pct. 

Another method tried, but discarded because of 
lack of reproducibility of the results, was oxidation 
of the CS, by CuO at 500°C, and absorption and 
weighing of the CO, and SO, formed. Results ob- 
tained using this method agreed, within the experi- 
mental scatter, with those of the xanthate method. 


Experimental Results 

Preliminary Tests—A number of preliminary tests 
were carried out in order to find the time required 
to reach equilibrium and the effect of gas flow rate 
on the results. 

It was found that the time required to reach equi- 
librium was of the order of several hours. It was 
therefore desirable to start with samples having 
sulfur contents close to the equilibrium values, and 


Table II. Experimental Results 


Ingoing Duration 
Run Temper- pes, x10+, of Run, Initial Final 
No. ature, °C Atm Min Pet S Pet S 
22 1600 2.095 290 0.98 0.364 
0.0 0.281 
23 1600 1.85 120 0.35 0.282 
0.0 0.277 
24 1600 1.85 80 0.35 0.282 
0.0 0.254 
25 1600 1.40 140 0.35 0.232 
0.0 0.230 
26 1600 1.38 90 0.35 0.219 
0.0 0.207 
27 1600 1.06 175 0.25 0.192 
0.0 0.196 
28 1600 1.06 100 0.25 0.198 
0.0 0.192 
29 1600 4.56 240 0.55 0.530 
0.35 0.532 
30 1600 4.25 115 0.50 0.492 
0.40 0.498 
31 1600 2.58 165 0.40 0.346 
0.30 0.349 
32 1600 0.25 165 0.20 0.106 
0.05 0.110 
33 1800 0.99 90 0.160 0.0513 
0.075 0.0515 
34 1800 1.756 75 0.160 0.0807 
0.075 0.0875 
35 1800 2.76 75 0.160 0.1345 
0.075 0.1372 


to approach equilibrium from both sides in each 
experiment. The times used are reported for each 
experiment in the table of results, Table II. 
Variation of the gas flow rate between 9 and 17.4 
cu cm per sec (measured at stp) caused no signi- 
ficant difference in the results obtained. This indi- 
eates that errors due to thermal diffusion or non- 
attainment of equilibrium within the gas were 
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negligible. A flow rate of 10 cu cm per sec at stp 
was used for all the final experiments. 
Results—The final results obtained are listed in 
Table II. Fig. 2 shows a plot of pos, in the ingoing 
gas* vs the final percentage by weight of sulfur in 


* All i 
iS eteaioge pressures quoted in this paper are measured in at- 


the metal at 1600° and 1800°C. The direction of the 
arrow-heads marking the individual points shows 
the direction (high or low sulfur) of approach to 
equilibrium. It should be noted that the point at 
0.36 pct S, which deviates markedly from the line, 
started at a high sulfur level (0.98 pct) and did not 
have sufficient time to reach equilibrium. This also 
ee to some of the points which started at 0.0 
pet S. 

The results of Morris and Buehl’ for melts satu- 
rated with graphite are also shown in Fig. 2, and 
are plotted as pu.s/px, in the ingoing gas (right hand 
scale) vs percentage of sulfur (by weight) in the 
metal at equilibrium. The values of px.s/px, had to 
be calculated from the corrected values reported by 
Morris and Buehl. This was done by the reverse of 
the calculation outlined in their paper, and by as- 
suming that pu, was 1 atm. One of their results at 


Tablle Ill. Thermodynamic Data Used 


Reaction Standard Free Energy Equation Reference 


He + % Se = HS AFO = —21,580 + 11.81T cal 
AF° = +8,000 + 0.0T cal 
AFO = +43,250 — 14.60T cal 


AF° = —3,100 — 1.73T cal 


Por ep 


* Derived as in Ref. 4, but new value for the dissociation energy 
of Se (Ref. 5) was used. 


1600°C is omitted because it was carried out in an 
alumina crucible, and the final metal contained a 
high concentration of aluminum. 


Calculation of Results 

In gas mixtures consisting, initially, of either 
A-CS, or H,-H.S, both CS, and H.S will dissociate 
into various sulfur species and compounds at ele- 
vated temperatures. If the original partial pressures 
of CS, or H.S in the gases before entering the hot 
zone, denoted by pes.(i) and pu.s(i), are small com- 
pared with p,(i) or ps.(2), the sulfur balance can 
be written in the form of a partial pressure balance, 
without introducing any significant error. Thus 


Pus (1) = Pus + Pus + + Pes + + Ps [1] 
and 
2pes. (1) = 2pos. + pos + 2s. + Ps [2] 


where symbols of the type ps, denote partial pres- 
sures at equilibrium. 

If the two gas mixtures were in equilibrium with 
identical Fe-C-S alloys at a given temperature, they 
would also have been in equilibrium with one an- 
other. Hence, the partial pressures of S., S, CS., and 
CS would be the same in both gases. 

On this basis, Eq. 2 may be subtracted from Eq. 1, 
giving 


(1) = (2) = PHes + pus [3] 

but 
Puss = Ky [4] 

and 
pus = : [5] 


where K, and K, are the equilibrium constants for 
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Fig. 3—Equilibrium sulfur pressures over carbon-saturated 
liquid iron-sulfur alloys at 1600° and 1800°C, and over 
carbon-free liquid iron-sulfur alloys at 1600°C, plotted as 
ps.” ys atomic pct sulfur in the iron. 
the reactions 
and 
%H+%’S.= HS 
respectively. 
Combining Eqs. 3, 4, and 5, and assuming that 
pu, = 1 atm 
puss (1) (1) 
K, + K, 


[6] 


Using Eq. 6, the value of ps. in equilibrium with a 
given Fe-C-S alloy at a given temperature can be 
calculated from the results of Morris and Buehl and 
the present investigation, and a knowledge of K, 
and K,. Also 

ps = K, ps.” [7] 
and 

= IEG, [8] 
where K, and K, are the equilibrium constants for 
the reactions % S, = S and C + S, = CS., respec- 
tively, since the activity of carbon is unity in this 
system. 

Combining Eqs. 2, 7, and 8 gives 


pes = 2pos,(i) — 2K, - Ps. — 2s — Ka + pa”. 


Since ps. is known from Eq. 6, the value of pcs can 
be found, using known values of K, and K,, but 


pos/Ps»” 1K. 
where K, is the equilibrium constant for the reaction 
Wy S.(g) — CS(g) 


and, hence, the standard free energy of formation” 


* The standard states used in this paper are 1 atm pressure for 
gases and the pure solid for graphite. 


of CS can be calculated. 

From the data shown in Fig. 2, values of pxs(7) 
and pes:(1) were taken for six different sulfur con- 
centrations in the metal at 1600°, and two at 1800°C. 
Using the thermodynamic data given in Table III 
to evaluate K,, K., K;, and K,, and assuming that 
pu, = 1 atm in Morris and Buehl’s experiments, the 
values of ps,, K;, and the free energy of formation 
of CS were calculated for each case. A summary of 
the results is given in Table IV. 

The values of K; and AF® are in good agreement 
with one another, except for those obtained from 
the 0.15 pct S point at 1600°C. This point was neg- 
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lected in deriving the average AF°® value, since 
measurements made at low sulfur concentrations, 
and hence low pes.(i) values, are likely to be in- 
accurate. The average at 1800°C for AF° was 
weighted in favor of the 0.11 pet S point, as this 
was the only one experimentally measured by 
Morris and Buehl. 


Free Energy of Formation of CS—An equation for 
AF® as a function of temperature can be derived 
from these results, and is found to be 


C+ S3= CS = +59,000 — 22.75T cal. 


In the authors’ opinion (based on their estimates 
of the probable accuracies of their own measure- 
ments, those of Morris and Buehl, and the thermo- 
dynamic data used in the calculation, and how they 
affect the results), the uncertainty in this equation 
is +7000 cal. These error limits would be consid- 


Table IV. Summary of Calculations 


Pet S pus pos,“ Psy AF°, Cal; 
in Metal x108 x104 K5x102 C+ 
At 1600°C 

0.15 2.48 0.63 5.74 0.756 18,180 

0.20 Seoul 1.10 9.92 1.50 15,600 

0.30 5.00 2.07 21.89 1.38 15,940 

0.40 6.60 eile) 37.03 1.05 16,940 

0.45 7.30 3.70 44.71 0.99 17,170 

0.50 7.94 4.26 52.22 1.01 17,100 

Average 16,550 

At 1800°C 
0.075 1.75 1-53 5.10 6.54 11,200 
0.11 2.58 2.25 12,200 
Average 12,000 


Table V. Equilibrium Partial Pressures of Sulfur Compounds 


Partial Pressure x 105, 
Atm, at 1600°C 


Partial Pressure x 105, 


Gas Species Atm, at 1800°C 


405.0 165.1 
HS 54.5 47.7 
CS2 12.03 5.66 
CS 6.45 17.18 
Se 2.19 1.12 
6.52 14.28 


erably less if better data were available for the free 
energy of formation of HS. 

A comparison of the free energy equation for CS 
with the corresponding one for CO,” viz., AF° = 
—26,700 — 20.95T cal, shows that the entropy terms 
are very similar. Since this is what would be ex- 
pected, it provides a check on the general method. 

In order to show the relative importance of the 
different gaseous sulfur species and compounds at 
these temperatures, Table V lists their partial pres- 
sures in gas mixtures which would be in equilibrium 
with Fe-C-S alloys, saturated with carbon, contain- 
ing 0.30 pet S at 1600° and 0.11 pet S at 1800°C, 
respectively. 

The figures in Table V show that considerable 
errors (about 50 pct at 1600° and more than 100 pct 
at 1800°C) can be introduced if the equilibrium ps, 
value for a H.-H.S gas mixture (in equilibrium with 
graphite) is calculated on the assumption that only 
H., H.S, and S, are present at high temperatures. 

Solutions of Sulfur in Liquid Iron—Fig. 3 shows 
the equilibrium partial pressures of S, over carbon- 
saturated liquid iron-sulfur alloys at 1600° and 
1800°C, and is plotted as ps.”" vs atomic pct S in the 
metal (calculated using the carbon solubilities re- 
ported by Morris and Buehl). The values of ps, are 
those listed in Table IV. Also shown in Fig. 3 are 
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the corresponding values of ps, for Fe-S alloys con- 
taining no carbon, at 1600°C. These were calculated 
from the results of Cordier and Chipman,“ using the 
thermodynamic data for H.S, HS, and S listed in 
Table III, and selecting only those runs in which no 
nickel was present. Sherman, Elvander, and Chip- 
man’ also studied the carbon-free system, but used 
sulfur concentrations higher than the range covered 
3. 

At 1600°C, the activity coefficient of sulfur in 
dilute solutions in carbon-saturated iron is approxi- 
mately seven times greater than it is in carbon-free 
iron. This is one of the reasons for the greater effi- 
ciency of desulfurization in the blast furnace, as 
compared with the open hearth furnace. Another 
reason is the much lower oxygen potential in the 
blast furnace.” 


Summary 
The standard free energy change for the reaction 


=F S:(g) CS(g) 


has been measured at 1600° and 1800°C, by an in- 
direct method. It can be represented as a function 
of temperature by the equation 


= +59,000 —22.75T (+7,000) cal 


a large part of the proposed error limits being due 
to uncertainty in the free energy of formation of HS. 
The equilibrium S, pressures over dilute solutions 
of sulfur in carbon-saturated liquid iron have also 
been determined at 1600° and 1800°C. At 1600°C, 
the activity coefficient of sulfur in these melts is 
approximately seven times greater than that in the 
corresponding carbon-free Fe-S alloys. 
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Effect of Oxygen Input Rates 


In the Decarburization of Chromium Steel 


__ Methods for calculating the heat balance of a furnace during the oxygen blow and for estimat- 
ing the concurrent change in chromium analysis have been developed. The carbon content at the end 
of the blow can be estimated by means of these relationships when the initial composition and tem- 
perature of the bath, the amount of oxygen injected, and the duration of the oxidizing period are 


known. The relationships are used to evaluate the effects of oxygen input rate, chromium content 
and temperature of the bath before the blow on metallic oxidation, oxygen usage, and temperature 


at the end of the blow. 


by G. W. Healy and D. C. Hilty 


AJOR considerations in the production of stain- 
less steel are the utilization of stainless steel 
scrap and the recovery of chromium and other me- 
tallic values from the initial furnace charge. The 
decarburization of a bath of molten chromium steel 
with gaseous oxygen is usually accompanied by a 
considerable amount of metallic oxidation. Since re- 
covery of this metal from the slag may require sub- 
stantial expenditures of time and materials for slag 
reduction, holding metallic oxidation to the mini- 
mum consistent with good operating practice is gen- 
erally desirable. The important role of temperature 
in minimizing metallic oxidation is illustrated by 
Fig. 1, taken from the results of Hilty, Healy, and 
Crafts," who established the quantitative relations 
connecting the amounts of chromium, manganese, 
and iron oxidized during the oxidizing period of 
chromium steel heats with the composition of the 
initial charge and the temperature and composition 
of the molten bath after oxidation. Higher tempera- 
tures after the oxygen blow result in lower metallic 
oxidation. 
Although high temperatures are desirable for 
minimizing metallic oxidation, practical operating 
considerations limit the degree to which they can be 


G. W. HEALY and D. C. HILTY, Members AIME, are Research 
Metallurgist and Manager, Research Information, respectively, Met- 
als Research Laboratories, Electro Metallurgical Co., Union Carbide 
Corp., Niagara Falls, N. Y. 

TP 4459C. Manuscript, Feb. 7, 1956. New York Meeting, Febru- 
ary 1956. 
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employed. Excessively high temperatures or pro- 
longed operation at moderately high temperatures 
may cause serious damage to the furnace refrac- 
tories, so that a compromise must be effected. The 
problem, therefore, is one of controlling the oxi- 
dizing period of chromium steel heats to the short- 
est time at the highest practical temperature. 

The most effective tool the steel melter has for 
attaining high temperature while decarburizing a 
chromium steel heat is now commonly considered to 
be the oxygen lance with an adequate supply of gas- 
eous oxygen. In order for the tool to be effective, 
however, the heat resulting from the oxidation of 
carbon, chromium, silicon, manganese, and iron in 
the bath must exceed the heat losses from the fur- 
nace. General recognition of this principle has stim- 
ulated a trend toward faster injection of oxygen. 
For example, Pachaly* proposed a high temperature 
at the start of the oxygen blow or a high rate of 
oxygen input as a means of obtaining the desired 
carbon level with high chromium recovery. 

On the other hand, limited understanding of the 
specific effects of oxygen input rate has hampered de- 
velopment of optimum practices. As part of a broad 
study of the metallurgy of chromium steel melting, 
therefore, the Linde Air Products Co. and the Elec- 
tro Metallurgical Co. at their Metals Research Labo- 
ratories have evaluated the heat-balance during the 
oxidizing period in terms of oxygen input rate. The 
evaluation has then been related to factors such as 
temperature increase, metallic oxidation, oxygen 
utilization, etc., and extrapolated to include a wide 
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Fig. 1—Effect of temperature on metallic oxidation in blow- 
ing chromium steel heats with oxygen to 0.05 pct C. 


range of furnace sizes. The results are believed to 
furnish a basis for the design of economical prac- 
tices and, although more accurate data are needed, 
to indicate the means for more readily controlling 
the process. 


Distribution of Energy 

In any process of this type, temperature changes 
depend on the distribution of energy. During the 
oxygen blow in a stainless steel heat, the source of 
energy is the heat of oxidation of the bath, which 
is directly related to the quantity of oxygen em- 
ployed since, in general, power is off during the 
oxygen blow. Consequently, the energy distribution 
required to bring about a given temperature increase 
in the bath can be represented schematically in 
terms of the amount of oxygen as a function of the 
time during which the temperature increase is de- 
veloped, as shown in Fig. 2. Because of the heat 
losses, the total energy input, i.e., oxygen, increases 
as the time taken for injection of the oxygen in- 
creases. 

The basis of Fig. 2 is that the energy input, Q1, is 
distributed three ways: increase in sensible heat of 
the bath, Qb; increase in sensible heat of the refrac- 
tories, Qr; and external heat losses, Qx. The heat 
balance equation, therefore, may be written 


Qi = Qb + Qr + [1] 


Evaluation of the heat balance depends upon ex- 
pressing this energy distribution in terms of meas- 
urable quantities. 


Heat of Oxidation 

Item Qi of Eq. 1 is the heat of oxidation of the 
bath plus any electrical energy supplied during the 
oxidizing period. The heat of oxidation depends 
upon the compositions and amounts of the oxides 
formed. In the usual stainless steel heat the metallic 
elements oxidized during the oxygen blow are iron, 
chromium, and manganese. Since manganese in the 
concentrations normally present up to about 1 pct 
may be assumed equivalent to chromium, the 
metal oxides of interest are those of iron and chro- 
mium. Recent work by Hilty, Forgeng, and Folkman*® 
demonstrated that the oxide phases in equilibrium 
with molten Fe-Cr alloys are, in order of increasing 
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chromium concentration, FeO-rich liquid, chromite, 
distorted spinel, and Cr,O,. Data for calculating the 
heat of reaction of oxygen with the molten bath to 
form each of these oxides are available except in the 
case of distorted spinel. The heat of formation of 
distorted spinel, however, very likely is between 
those of Cr,O, and FeCr.O, (chromite). Since the 
heat of formation of Cr,O, recently estimated by 
Chipman‘ differs from that of FeCr.0O, by only a 
small amount, distorted spinel formation can prob- 
ably be ignored without introducing serious error 
in estimates of the heat of metallic oxidation. For 
the present purpose, therefore, the metal oxides in- 
volved are considered to be liquid FeO, solid 
FeCr,.O., and solid 

Carbon is presumed to be oxidized to CO,. The 
heat of oxidation of carbon, however, is calculated 
on the assumption that CO formed as a primary 
product is oxidized by air to CO, before escaping 
from the furnace. 

The heat evolved per unit volume of oxygen in the 
formation of each of these oxides from the molten 
bath with high purity oxygen and with air, referred 
to standard conditions of metering, is tabulated in 


Table |. Heats of Oxidation Per Cubic Foot Oxygen 


Kw-Hr per Cu Ft Os», 
Metered at 70°F, 1 Atm 


Oxide Formed As Elemental Oxygen As Air 
FeO 0.142 0.079 
FeCr204 0.217 0.154 
0.225 0.162 
COz 0.182* 


* Energy per cubic foot of elemental oxygen required for first 
stage of oxidation to CO. Oxidation to CO2 due to reaction with in- 
filtrated air. Elemental oxygen usage is 16.1 cu ft per lb C. 


Table I. For convenience in subsequent correlation 
with heat losses and electrical power inputs, this 
heat is expressed in terms of kilowatt-hours. The 
heat of reaction and the enthalpy data employed in 
the derivation of Table I are listed in Tables II and 
III. 

The heat of carbon oxidation may be calculated 
directly by means of the data of Table I. For esti- 
mation of the heat of metallic oxidation, however, 
the data of Table I must be related to the chromium 
content of the bath after oxidation. This relation is 
shown in Fig. 3. 

In the derivation of Fig. 3, the slags formed during 
oxidation of the bath were cunsidered to be mixtures 
of FeO and FeCr,O, or FeCr.O, and Cr;,O,, depending 
on the chromium concentration. Previous work* has 
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Fig. 2—Effect of time on the amount of oxygen required for 
a prescribed temperature increase. 
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Fig. 3—Heat of oxidation of metallics in bath. 


shown that the Cr:Fe ratio of slags at the end of the 
oxidizing period of stainless steel heats is empiri- 
cally related to metal composition according to the 
equation 


slag = 
% Fe 
C M 
0.812 log | 
% Fe 
With the help of Eq. 2, assuming manganese to be 


equivalent to chromium, it is possible to calculate 
the ratio of FeO to FeCr.O, or FeCr.O, to Cr;O, cor- 


| in metal + 1.238. [2] 


Table II. Heats of Reaction at 1600°C 


AH, Refer- 
Reaction Cal per Mol ence 
(s) 
3Cr+ 4 se} = CrsOxz (s) — 244800 4 
2 O2 = 40 —111720 5 
202+ 3Cr = CrsOx (s) — 356520 
Chromite (s) 
2Cr (l) + 3/2 O2 = Cr2Oz (s) —279000 6 
Fe (l) + 1/2 O2 = FeO (1) — 58500 6 
2Cr KH) 0 5 
FeO (1) + CreoOzg (s) = FeCr2O, (s) — 6160 7-9 
2Cr + Fe (l) + 202 = FeCrsOx4 (s) — 343660 
FeO (1) 
Fe (l) + 1/2 O2 = FeO (1) — 58500 6 
Carbon 
= CO — 8510 5 
‘1/2 =O — 27930 5 
CO + 1/2 Os = COs — 66560 5 
C + Os = — 103000 


responding to any metal composition and, conse- 
quently, the fraction of the total oxygen combined 
in each of these oxides. For example, if the metal at 
the end of the oxygen blow contains 4.5 pct Cr, the 
balance mainly iron, Eq. 2 indicates that a Cr:Fe 
ratio of 1.45 can be expected in the slag. A slag con- 
taining FeCr,O, and FeO in the molecular ratio of 
3.515 to 1 has this chromium to iron ratio, and in it 
93.35 pct of the oxygen is combined as FeCr.0,, 
while 6.65 pct is in FeO. Taking 93.35 pct of the heat 
of oxidation for FeCr.O, and 6.65 pct of that for FeO, 
given in Table I, results in a heat of oxidation of 
0.212 kw-hr per cu ft O, corresponding to 4.5 pet Cr. 
This and similar calculations were employed to es- 
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Fig. 4—Estimation of chromium content of bath after oxygen 
blow. 


tablish the upper curve of Fig. 3. For all practical 
purposes, the heat of oxidation may be considered 
constant and equal to 0.22 kw-hr per cu ft O, above 
about 6 pct Cr. The lower curve, labelled air, shows 
the decreased heat effect when air is the oxidizing 
agent. 

The heat of oxidation of the bath can now be cal- 
culated if the amount of carbon oxidized, the volume 
of oxygen consumed, and the equivalent chromium 
content of the bath after oxidation are known. Of 
these factors, only the first two are subject to direct 
control. The amount of carbon oxidized is fixed by 
the carbon content of the charge before oxidation 
and the final carbon specification for the heat. The 
quantity of oxygen used can be regulated at will. 
For purposes of prediction, therefore, estimation of 
the chromium content of the bath after oxidation 
from knowledge of the more independent variables 
is desirable. 

The quantity of chromium remaining in the bath 
after oxidation is equal to the quantity of chromium 
in the charge before oxidation less the amount oxi- 
dized, neglecting minor losses by splashing or vola- 
tilization. Moreover, the volume of oxygen used for 
metallic oxidation is directly proportional to the 
weight of metal oxidized. Hilty, Healy, and Crafts 
developed the following equation for calculating the 
quantity of metal oxidized. 


W = 2000 (Cr, — Cr.) (1100S/(1 4S) Cry ed 


where W equals lb metal oxidized per net ton of 
charge; Cri, (% Cr + % Mn) in the charge before 
oxidation; Cr,, (% Cr + % Mn) in the bath after 


Table Ill. Enthalpy at 1600°C 


H1600°c —H25°0, 


Item Cal per Mol Reference 
Oxygen 
Oo 13020 8 
Air 
Oz 13020 8 
3.76 Ne 46410 8 
4.76 Air 59430 


oxidation; and S, (% Cr + % Mn) per % Fe in the 
slag after oxidation. 
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Fig. 5—Comparison between estimated and observed chromium content after blow: a) LEFT, neglecting oxidation by air; and b) 


RIGHT, correcting for oxidation by air. 


This equation was derived on the assumption that 
no slag was present before the oxygen blow. How- 
ever, the nominal amounts of slag normally used 
during meltdown will not seriously affect its val- 
idity. Assuming the constitution of the slag to be as 
discussed above, simple stoichiometric calculation 
leads to the following equations, whose derivation is 
shown in Appendix I: more than 6 pct Cr in bath 
after oxidation 


Cr 
Y [100S — Cr.(1 + S)]/(9916S + 9236) [4] 


less than 6 pet Cr in bath after oxidation 


Cr, + 
Y[100S — Cr.(1 + S)]/(11154S + 6924) [5] 


where Y = cu ft O, used for metallic oxidation per 
ton of charge. With the aid of Eq. 2 for the evaluation 
of S, Eqs. 4 and 5 may be plotted to give a family of 
straight line curves, as shown in Fig. 4. This chart 
permits estimation of the chromium content of the 
bath after oxidation as a function of oxygen usage 
and chromium content of the charge before oxida- 
tion—two independent variables. 

To test the reliability of Fig. 4, the percentage of 
chromium after the blow was estimated from this 
figure for the arc furnace heats listed in Tables IV 
and V. The estimated chromium contents are com- 
pared to the actual analyses in Fig. 5a. The correla- 
tion is quite good, but there is a definite trend to- 
ward overestimation of chromium percentage after 
the blow. This suggests that more oxidation occurred 
than is accounted for by the oxygen used. It might 
at first be suspected that the trend could be due to 
the presence of oxides different from those postu- 
lated. It is substantially the same, however, if Fig. 
4 is recalculated to conform to an assumption that 
the oxides are FeO and Cr.Os. 

The amounts of oxygen that would result in the 
changes in composition shown in Tables IV and V 
were then determined from Fig. 4, and the excess of 
oxygen over that actually injected was calculated. 
Although variations from heat to heat were quite 
wide, there was a clear indication that the longer 
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the duration of the heat, the greater this apparent 
excess of oxygen, an observation suggesting that at- 
mospheric oxidation might account for the’ trend 
noted in Fig. 5a. Consequently, the rates of oxygen 
input due to an infiltration of air that would result 
in this excess oxygen were calculated for the heats 
listed in Tables IV and V with the following average 
results for the different sizes of furnaces: 1-ton 
heats, 11.5 cu ft O, per ton per min; 5-ton heats, 5.0 
cu ft O, per ton per min; and 25-ton heats, 3.2 cu ft 
O, per ton per min. 

These oxidation rates are shown graphically in 
Fig. 6 and appear to have a reasonable trend with 
furnace size. Applying these correction factors, and 
reestimating chromium after the blow, the results 
shown in Fig. 5b are obtained. It can be seen that 
the trend toward overestimation of residual chro- 
mium has disappeared. 

If oxidation due to infiltration of air is occurring, 
then this additional heat of oxidation must be in- 
cluded in the heat input. The lower curve of Fig. 3 
shows the resultant heat effect. The total heat of 
oxidation, therefore, is the sum of the heats of oxi- 
dation of carbon and metallics oxidized by injected 
oxygen and the heat of oxidation of the bath result- 
ing from air infiltration. All of these quantities can 
be readily estimated by means of Table I and Figs. 
3, 4, and 6. For evaluation of the total heat input 
during the oxidizing period, it is only necessary to 
add any electrical energy that may have been sup- 
plied to the furnace during this period. 


Increase in Sensible Heat 
Returning to the heat balance, Eq. 1, the portion 
of the equation denoting increase in sensible heat 
during the oxidizing period, Qb + Qr, can be ex- 
pressed as the product of apparent heat capacity of 
the furnace and bath, C,’, and the change in temper- 
ature, AT; that is 


Qb + Qr = CAT. [6] 


An attempt was made to determine experimen- 
tally the apparent heat capacity of a 1-ton experi- 
mental furnace by a series of tests in which immer- 
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sion thermocouple readings were taken at measured 
intervals of time, during which measured incre- 
ments of electrical energy were added. A discussion 
of this effort and its results is given in Appendix II. 
The figure of 0.35 kw-hr per °C, almost double the 
theoretical one of 0.19 kw-hr per °C per ton steel, 
indicated that the effect of the furnace lining on the 
apparent heat capacity was unexpectedly great with 
this size furnace. 

A mathematical analysis of the problem was then 
made, as set forth in the Appendix, with the result 
shown in Fig. 7. It is seen that the apparent heat ca- 
pacity, which is the quantity measured by such expe- 
riments as were described, is made up of three items: 
a constant figure representing the true heat capacity 
of the charge; an item that increases rapidly at first, 
and then more slowly, due to absorption of heat by 
the furnace lining; and a third one that takes into 
account the change in the external heat loss rate 
with changing temperature. From Fig. 7, the appar- 
ent heat capacity for the 1-ton furnace for 6 min is 
found to be 0.31 kw-hr per °C; this is in agreement 
with the empirically determined value of 0.35 kw-hr 
per °C for the same average time. 

The influence of furnace size on apparent heat 
capacity was calculated as described in Appendix 
II. As the furnace size increases, the proportion of 
heat absorbed by the refractories decreases, so that 
the apparent heat capacity approaches the true heat 
capacity of the molten bath more closely. The results 
of these calculations are shown in Fig. 8. 


External Heat Loss 


The only remaining item of the heat balance 
equation to be evaluated is the external heat loss, Q.. 
Since the change in the external heat loss with tem- 
perature has been included in the derivation of the 
apparent heat capacity as described in the Appen- 
dix, the external heat loss can be expressed as the 
product of the heat loss rate at the initial tempera- 
ture, q,, and time, t, as follows: 


Qe = Qt. L7] 


In the case of the 1-ton experimental furnace sev- 
eral estimates have been made of q. The multiple 
correlation mentioned above in connection with the 
apparent heat capacity leads to a value of 300 kw. 
During these tests, however, infiltration of air must 
have been occurring, oxidizing the bath and supply- 
ing additional energy. The energy input rate from 
this source would have been 104 kw. Therefore the 
true heat loss rate estimated in this manner would 
be 404 kw. 

In Appendix II the heat loss rate calculated from 
furnace dimensions and materials is 330 kw. The 
difference between this and the first estimate may 
be due to underestimation of heat transfer by radi- 
ation and conduction, as well as to neglect of heat 
carried out by air sweeping over the bath. 

Finally, an average value of heat loss rate of 400 
kw can be calculated from the data given in Table 
IV. For this calculation an average temperature in- 
crease must be estimated. Such estimation can be 
done with the help of Fig. 9, a recent revision” of 
Hilty’s original chromium-carbon-temperature rela- 
tionship,“ using average values of chromium and 
carbon before and after the blow. This method is 
open to some criticism when applied to conditions 
before the blow, since Fig. 9 can only properly be 
employed if the bath is thoroughly oxidized. Unfor- 
tunately, immersion thermocouple readings were 
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Fig. 7—Factors affecting apparent heat capacity of 1-ton 
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Fig. 9—Relationship between chromium, carbon, and tem- 
perature in oxidizing steel baths. 
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Table IV. Data for Oxidizing Period of 1-Ton Heats 


Before Blow After Blow Oxygen Input Elapsed* Power 
Heat Charge Oxygen, Rate, Cu Ft Time, Input, 
No. Wt, NT Pet (Cr + Mn) Pet C Pet (Cr + Mn) Pct C Cu Ft per Hr Min Kw-Hr 
1 0.87 8.1 0.34 0.4 0.010 1860 3000 44 — 
2 0.87 8.7 0.34 0.6 0.014 1850 3000 46 —_ 
3 0.89 9.8 0.27 Dall 0.030 496 3500 10.5 8 
4 0.89 8.4 0.35 Dat 0.035 438 3500 8.5 8 
5 0.90 8.1 0:25 6.0 0.045 219 3500 19 117 
6 0.89 8.9 0.29 6.1 0.040 350 3500 9 33 
7 0.88 8.0 0.11 0.045 320 3500 
8 0.89 7.8 0.10 Byes 0.042 233 3500 4 = 
9 0.89 9.1 0.25 WIP 0.049 292 3500 6 8 
10 1.01 11.6 0.28 6.4 0.024 661 5000 i, 25 
aT 1.03 10.2 0.41 7.5 0.036 416 5000 6 8 
12 1.05 11.8 0.29 9.9 0.073 332 5000 9 42 
13 1.04 11.0 0.31 9.2 0.048 332 5000 75 29 
14 1.04 10.7 0.26 8.2 0.048 332 5000 9 42 
15 1.04 Uaey4 0.25 8.7 0.032 332 5000 6 17 
16 1.04 10.9 0.26 9.1 0.042 332 5000 6 17 
17 1.04 ala es) 0.26 8.9 0.062 332 5000 6 17 
18 1.01 7.4 0.23 Sta 0.016 644 5000 10 17 
19 1.01 (043) 0.21 4.0 0.020 650 5000 9 8 
20 1.01 7.2 0.39 2.9 0.015 795 5000 10 8 
21 1.00 Mad. 0.35 3:5 0.022 830 5000 12 17 
22 0.90 5.4 0.30 1.6 0.016 747 5000 10 4 
23 0.95 1.3 0.33 3.0 0.017 782 5000 13 25 
24 0.88 6.2 0.42 2.0 0.020 916 5000 13 8 
25 0.84 5.8 0.27 1.9 0.026 833 5000 12 La 
26 0.83 5.9 0.20 2.3 0.022 750 5000 12 25 
27 0.82 5.8 0.07 2.3 0.015 666 5000 9 8 
28 0.78 5.5 0.18 2.6 0.019 708 5000 14 37 
29 0.82 6.8 0.21 2.6 0.013 771 5000 12.5 33 
30 0.89 9.2 0.44 7.4 0.085 360 11000 4.0 — 
31 0.89 8.7 0.34 5.9 0.031 530 15000 4.0 — 
* Total time between bath samples before and after blow. 
Table V. Data for Oxidizing Period of 5 and 25-Ton Heats 
Before Blow After Blow . Power 
Group Charge Oxygen, Elapsed* Inpst, 
No. wt, NT Pct (Cr + Mn) Pct C Pct (Cr + Mn) Pet C Cu Ft Time, Min Kw-Hr 
1 4.73 10.9 0.34 8.3 0.054 1960 19.2 = 
2 4.74 11.0 0.31 0.042 2270 | 
3 4.71 10.8 0.31 7.8 0.046 2060 19.2 = 
4 4.57 9.3 0.29 6.8 0.038 1580 17.5 26 
5 4.60 9.3 0.32 7.0 0.047 1580 17:3 == 
6 4.60 9.2 0.29 7.0 0.059 1480 15.2 == 
4.60 9.2 0.31 7.2 0.049 1540 
8 4.54 9.2 0.30 WieS 0.055 1450 14.5 30 
9 4.58 9.9 0.41 8.5 0.092 1540 15.0 7 
10 4.60 10.4 0.42 8.3 0.059 1650 16.3 = 
11 4.40 a6 0.29 6.4 0.072 1105 12.2 = 
12 4.45 CS) 0.25 6.0 0.049 1210 12.3 18 
13 4.97 14.8 0.91 10.5 0.043 3900 34.5 6 
14 23.00 15.6 0.57 10.4 0.030 16000 59.0 —— 
15 28.40 16.5 0.92 12.0 0.069 22500 71.0 — 


* Total time between bath samples before and after blow. 


available for only a few of the heats, so this has been 
the only method available for estimating initial 
temperatures in most cases. Furthermore, Fig. 9 it- 
self may be somewhat in error, as it is admittedly a 
tentative representation pending the completion of 
further experimental work. All things considered, 
however, the use of a heat loss rate that satisfies the 
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Fig. 10—Effect of furnace size on approximate heat loss rate. 
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average conditions encountered—400 kw in this case 
—seems the most practical choice, since it will auto- 
matically tend to minimize systematic errors in the 
assumptions. Moreover, it permits the same treat- 
ment to be applied to all the data presented, includ- 
ing the 5 and 25-ton heats listed in Table V. For these, 
a direct calculation of heat loss rate was impossible as 
information on dimensions was not available. For 
estimates of the heat loss rates, see Fig. 10. 


Test of Heat Balance Calculations 


By letting AH, denote the heat of oxidation of car- 
bon, AH,, represent the heat of metallic oxidation, 
and E designate any electrical energy added during 
the oxidizing period of the heat, the heat balance 
equation can now be rewritten as follows: 


AH, + AH,, + E = C,’ AT + qt. [8] 


By means of Eq. 8 and the evaluations of AH,, 
AH,,, C,’, and q that have been described, the com- 
position of the metal after an oxygen blow can be 
predicted if the analysis of the charge before the 
blow, the starting temperature, the amount of oxy- 
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Fig. 11—Comparison of estimated and analyzed carbon con- 
tents after blow. 


gen injected, the amount of electrical energy used, 
and the duration of the oxidizing period are known. 
This prediction involves trial and error solution of 
the equation according to the following steps: 

1) Estimate amount of atmospheric oxidation 
from Fig. 6 and the elapsed time. Adding this atmos- 
pheric oxygen to the elemental oxygen that was in- 
jected gives the total oxygen added to the system. 

2) From the initial carbon content and the spe- 
cified final carbon content, the weight of carbon to 
be oxidized may be calculated, along with the oxy- 
gen required. 

3) Deducting the oxygen needed for carbon re- 
moval from the total amount added yields the 
amount available for metallic oxidation. It is now 
possible to read from Fig. 4 the chromium content 
after the blow. 

4) The heat of oxidation is then calculated, in- 
cluding the increments derived from oxidation of 
carbon and of metallics. Electric energy is added, if 
any was used, to obtain the total input. The heat 


Table VI. Uncertainty in Calculations 


Resultant 
Uncertainty 
in Pct C 
Item Uncertainty after Blow 
Temperature before blow SE25°C 0.007 
Pct C before blow (sampling, etc.) +0.05 0.001 
Pct Cr before blow (sampling, etc.) +0.20 0.001 
Oxygen usage pet 0.004 
Time Ye min* 0.003 
Electric energy 4 kw-hrt+ 0.004 
Pct C after blow (sampling, etc.) 0.005 0.005 


* Log sheets show time in even minutes. ; : 
+ Average input rate 500 kw, time from log sheets in even min- 


utes. 


loss, based on Fig. 10 and the elapsed time, is de- 
ducted. 

5) Sensible heat from item 4 and heat capacity 
from Fig. 8 yield the temperature increase. The ini- 
tial temperature may be measured by immersion 


thermocouple or, if the bath is boiling, estimated - 


from Fig. 9. Adding the calculated temperature in- 
crease gives the final temperature which, together 
with the final chromium content estimated in step 
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Fig. 12—Correlation of calculated effect of time on oxygen 
consumption (curves) with experimental observations (data 
points). 
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Fig. 13—Effect of blowing rate and furnace size on tempera- 
ture attained when bath is blown to 0.05 pct C. 
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Fig. 14—Effect of blowing rate and initial chromium content 
on temperature attained when bath is blown to 0.05 pct C. 
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3, permits final carbon to be read from Fig. 9. If the 
final carbon content found in this way differs sig- 
nificantly from that specified in step 2, it may be 
necessary to repeat the calculations from that point 
on until reasonable agreement is obtained. 

A specific example may show more clearly how this 
estimate of final composition would be achieved. Con- 
sider Heat No. 15 of Table IV. Data for this example 
are: percentage of chromium plus percentage of 
manganese before blow, 11.2; percentage of carbon, 
0.25; oxygen used, 332 cu ft; charge weight, 1.04 net 
tons; total time between test before blow and end of 
blow, 6 min; and power used between test before 
blow and end of blow, 17 kw-hr. 


1) Estimate of total oxygen: 


Pure oxygen 332 Cutt 
Oxygen from air 6 min x 11.5 cfm 69 cu ft 
Total 401 cu ft. 
2) Carbon oxidized: 

Carbon in bath 0.25 pct 
Aim 0.05 pet 
Oxidized 0.20 pet 
0.20 pet x 1.04 NT x 2000 lb per NT = 4.17 Ib 
oxidized 


Oxygen for carbon 4.17 x 16.1 = 67 cu ft. 
3) Chromium content after blow: 


Oxygen reacted 401 cu ft 
Oxygen for carbon 67 cu ft 
Oxygen for metallics 334 cu ft 


Oxygen for metallics, per NT 334/1.04 = 321 
cu ft 
Entering Fig. 4 at 11.2 pct Cr and 321 cu ft, the 
result obtained is: Cr after blow = 9 pct 
(analysis showed 8.7 pct). 
4) Heat of oxidation and heat losses: 

(Data from Fig. 3, for 9.0 pct Cr after blow) 
Oxygen reacting with carbon 

67 x 0.18 = 12.1 kw-hr 
Oxygen reacting with metallics 

265: 08:5) 

Oxygen from air reacting with metallics 

69 x 0.15 = 10.4 kw-hr 


Total heat of oxidation 80.8 kw-hr 
Electric energy 17.0 kw-hr 
Total energy input 97.8 kw-hr 
Heat losses—6 min x 6.67 kw-hr 

per min 40.0 kw-hr 
Heat available for temperature 
increase 57.8 kw-hr. 

5) Estimated final temperature: 

Temperature at start, from Fig. 9 

for 11.2\ pet Cr and 0.25 pet C 1670°C 
Temperature increase: 57.8 kw-hr 

+ 0.30 kw-hr per °C (from Fig. 

8, for 6 min) 198°C 
Estimated final temperature 


6) Estimated analysis: 
From Fig. 9, at 9 pct estimated chromium and 
1863°C, 0.044 pct C is obtained. 
Recalculation using 0.044 pct C as the carbon 
specified in step 2 checks out at 0.044 pet C 
predicted (analysis showed 0.032 pct). 


Comparing the results of such predictions of bath 
composition at the end of the oxidizing period with 
compositions actually observed offers a means of 
testing the heat balance calculations. Consequently, 
predictions of the carbon content after the oxygen 
blow were made for each of the heats in Tables IV 
and V by the procedure just outlined. In Fig. 11 
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these estimated carbon contents are compared with 
those actually observed. 

A considerable amount of scatter, which may be 
disturbing at first sight, is apparent in Fig. 11. If, 
however, the cumulative effect of uncertainties in 
the several quantities measured is considered, a good 
deal of the scatter is readily explained. Table VI 
shows the probable limits of accuracy of several 
items of data used in the calculation, and their end 
effect when carried through the calculation for Heat 
No. 15 in the example above. 

Among these errors, the effects of temperature 
before the blow, the analytical errors, and the effect 
of percentage errors in oxygen volume are substan- 


Table VIi. Decarburization Conditions 


Oxy- 
gen 
Input 
Rate, Oxygen Fe+Cr+Mn Chromium 
Cu Ft Required, Oxi- Temper- Content 
per Hr Time Cu Ft dized, Lb ature of Bath 
per NT Required, per NT per NT Attained, after 
Charged Min Charged Charged °C Blow, Pct 
Example I* 
1000 22 370 76 1800 6.7 
2000 275 43 1820 eon 
Example II} 
1000 565 115 1880 11.2 
2000 13 430 68 1900 12.9 


* Conditions: 9 pct Cr at 1600°C in bath at start of oxidizing 
period; 0.05 pct C in bath at end of oxidizing period; 10-ton furnace. 

+ Conditions: 15 pet Cr and 0.05 pet C at 1600°C in bath at start 
of oxidizing period; 10-ton furnace. 


tially the same for large furnaces. The cumulative 
effect of these uncertainties on the carbon content of 
the bath at the end of the oxidizing period is 0.011 
pet C if they are randomly distributed and +0.025 
pet C if they are all in the same direction. 

Several additional sources of error have not been 
considered in this tabulation. The heat loss rate and 
the air infiltration rate may well be affected to a 
considerable extent by slag viscosity, and by the 
manipulation of the oxygen lance. There is some 
indication that heat loss rates tend to be higher for 
the heats finishing below 3 pct Cr. In these, a fluid 
high-iron slag is encountered, while for heats finish- 
ing at higher chromium contents the slag is viscous 
or lumpy, and frequently appears cold except in 
the immediate vicinity of the lance. A fluid slag 
could be expected to transfer heat more rapidly out 
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Fig. 15—Effect of blowing rate on metallic oxidation and 
oxygen consumption when decarburizing to 0.05 pct C. 
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of the bath. In view of the possible errors involved 
in the individual estimates, therefore, the agreement 
of estimated with observed carbon contents illus- 
trated by Fig. 11 is quite satisfactory. 

Another way to compare results calculated by 
means of the heat balance with actual ones is used 
in Fig. 12. Here the calculated effect of time on Oxy- 
gen consumption is shown for 1 and 5-ton furnaces. 
The assumed starting conditions are 9.0 pet Cr and 
1600°C, and the final carbon content is 0.05 pet. 
Selected data from Tables IV and V are compared 
with the calculated curves. The data selected are 
those from heats where the starting conditions and 
final carbon contents were reasonably close to the 
assumptions. They include those heats containing 
from 7 to 11 pet Cr and 0.25 to 0.42 pct C before the 
blow and from 0.04 to 0.06 pct C after the blow. 

The method of calculation of the curves in Ina 1 
is described below in some detail as it is the same 


in principle for all the graphs that are discussed 
subsequently. 


Furnace size = 1 ton. 

1) General assumption of pct Cr before blow = 9 
Temperature before blow = 1600°C 
Pct C after blow = 0.05. 

2) From Fig. 9 at 9 pct Cr and 1600°C, pct C be- 
fore blow = 0.36, assuming the bath to be suf- 
ficiently oxidized for this relationship to be 
applicable. 

3) Lb C oxidized = (0.36 — 0.05) x 20 = 6.2. 

A tor C = 100: 

5) Special assumption—a series of temperatures 
after the blow; for example, 1750°C in this 
case. 

blow is 4.5, according to Fig. 9. 

7) From pct Cr before = 9 and pct Cr after = 4.5, 
780 cu ft O, is needed for chromium and iron 
oxidation, according to Fig. 4. 

8) Trial solution, first step—estimate that time is 
20 min: 


Total O, for chromium and iron 780 cu ft 
Total O, for carbon 100 cu ft 
880 cu ft 


O, from air—20 min x 11.5 cfm, Fig. 6 230 cu ft 
O, from oxygen 650 cu ft 
Heat—carbon oxidation 100 x 0.18 18.0 kw-hr 
Cr + Fe with O, (780-230) x 0.21 115.5 kw-hr 


Cr + Fe with air 230 x 0.15 34.5 kw-hr 
(Factors 0.21 and 0.15 kw-hr per 
cu ft O, from Fig. 3 at 4.5 pct Cr) 
Total input 168.0 kw-hr 
Heat to raise temperature 1600°C 
to 1750°C, 150 x 0.43 (heat capac- 
ity from Fig. 8 for 20 min) 64.5 kw-hr 
Heat to cover external losses 103.5 kw-hr 


Heat loss rate, Fig. 10, 400/60 = 6.67 kw-hr 

per min 

Second estimate of time 103.5/6.67 = 15.5 min. 
9) Repeat calculation as in step 8, but using 15.5 

min and so on until the desired degree of ac- 

cufacy is obtained. In this case, 16.5 min was 

found in three steps. 


Similar calculations were carried out for a suffi- 
cient number of assumptions of temperature after 
the oxygen blow to produce the curves in Fig. 12. 
The agreement of these calculated curves with ac- 
tual observations is evident. 

The results illustrated by Figs. 11 and 12 appear 
to demonstrate the reliability of these heat balance 
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Fig. 16—Effect of time and chromium content of initial 
charge on metallic oxidation during decarburization of bath 
to 0.05 pct C. 


calculations for practical applications. Moreover, 
Fig. 12 further illustrates an evaluation of the heat 
balance in terms of rate of oxygen input during the 
oxidizing period. Consequently, application of the 
heat balance calculations to evaluate the specific re- 
lation of oxygen input rate to the chemical and ther- 
mal behavior of a heat of chromium steel during the 
oxidizing period on a quantitative basis is considered 
justified. 


Effects of Rate of Oxygen Input 

By means of calculations similar in nature to those 
just described, graphs illustrating the major effects 
of oxygen input rate and the important significance of 
initial bath composition and temperature in relation 
to these effects have been derived. All of these graphs 
relate specifically to chromium steel heats containing 
0.05 pet C at the end of the oxidizing period. Except 
as specified otherwise, they also refer to a bath tem- 
perature of 1600°C at the start of the oxidizing period. 
For the calculations, the assumption was made that 
prior to the injection of oxygen the bath was boiling, . 
i.e., that the carbon content for the specified chro- 
mium content and temperature before the oxygen 
blow could be read from Fig. 9. It was also assumed 
that power is off during the oxidizing period except as 
noted, and that only a nominal amount of slag is 
present before the blow. 

The effect of oxygen input rate on temperature of 
the bath at the end of the oxidizing period is shown in 
Fig. 13 for three different furnace sizes. Two im- 
portant characteristics are apparent. One is the ex- 
istence of a critical lower limit on blowing rate. If 
oxygen input rate does not exceed this critical rate, 
the bath will lose temperature and fail to decar- 
burize satisfactorily. The other important attribute 
is the flattening of the curve at higher blowing rates. 
This flattening means that very high blowing rates 
do not result in proportionately high bath tempera- 
tures, provided the blow is stopped when the desired 
end carbon content is attained. 

The next graph, Fig. 14, illustrates the effect of 
initial chromium content on the relation between 
oxygen input rate and bath temperature after the 
oxygen blow. There is little change in the critical 
blowing rate but a marked increase in the tempera- 
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Fig. 17—Effect of time and initial temperature on metallic 
oxidation during decarburization of bath to 0.05 pct C. 


ture attained for higher chromium contents in the 
charge. 

The amounts of metallic oxidation and, collater- 
ally, oxygen consumption, are also markedly af- 
fected by blowing rate, as indicated by Fig. 15. Near 
the critical blowing rate a large fraction of the bath 
must be oxidized before the desired carbon level is 
attained. Higher rates of oxygen input substantially 
reduce metallic oxidation and oxygen consumption. 
Fig. 15 suggests that the theoretical minimum of 
metallic oxidation as well as oxygen consumption 
may be approached relatively closely with blowing 
rates that are both reasonable and practical. 

The same effect is shown in Fig. 16, except that 
oxidation is plotted against time rather than rate to 
emphasize the fact that the total duration of the oxi- 
dizing period is important—not merely that portion 
of the period during which oxygen is actually being 
injected. It appears also from Fig. 16 that metallic 
oxidation is greater as the chromium content of the 
charge is increased. This is another facet of the 
effect noted in Fig. 14; the higher temperatures that 
result from higher chromium in the charge are pro- 
duced by greater oxidation of the bath. 

A lower temperature at the beginning of the blow 
adversely affects the amount of metallic oxidation, 
as shown in Fig. 17. For a given blowing rate, oxi- 
dation of the metal is increased on the order of 30 
lb or more per ton for a 100°C lower starting tem- 
perature. Moreover, the duration of the oxidizing 
period is substantially increased. Thus, the practice 
used in some shops of beginning the oxygen injec- 
tion before the charge is completely melted appears 
to be of doubtful economic value. The time saved by 
an early start for the oxygen blow must be paid for 
by increased oxidation and, consequently, by more 
time and materials in the reducing period of the heat 
as well as by prolongation of the oxidizing period 
itself. 

Fig. 18, similar to Fig. 12 but for a 10-ton furnace 
and two different levels of chromium in the charge, 
illustrates the influence of charge composition upon 
the effect of blowing rate on equivalent oxygen—i.e., 
total energy—input. The increase in time and en- 
ergy input at any given blowing rate caused by 
higher chromium in the charge is evident. This chart 
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also suggests that in cases where the oxygen blow 
may be interrupted or delayed for any reason, such 
as by changing lances, taking samples, etc., applica- 
tion of electrical power could be desirable to avoid 
excessive prolongation of the oxidizing period with 
consequent increase in metallic oxidation and oxy- 
gen consumption. 

Specific examples may clarify the quantitative 
effects of the variables that have been shown graph- 
ically. For these examples, two cases are considered, 
one being a chromium content of 9 pet and the other 
a chromium content of 15 pct in the bath at the start 
of the oxidizing period in a 10-ton furnace. The tem- 
perature of both baths at the start of the oxidizing 
period is assumed to be 1600°C. In each case, the 
time and oxygen expended, the amount of metallic 
oxidation resulting, and the temperature attained in 
decarburizing the bath to 0.05 pet C have been cal- 
culated for oxygen input rates of 1000 and 2000 cu 
ft per hr per net ton of charge with the results 
shown in Table VII. 

In both cases, going from 1000 cu ft per hr per NT 
to 2000 cu ft per hr per NT has decreased oxygen 
usage by 25 pct, metallic oxidation by 40 pct, and 
time by 65 pct. Final bath temperature is up 20°C, 
but the increase in temperature is offset by the much 
shorter time the bath may be at maximum tempera- 
ture. 

The charts and examples just discussed are in- 
tended primarily for purposes of illustration and 
have practical application only under the specific 
conditions indicated. Similar charts and calculations, 
however, when made for the particular conditions 
that may prevail, should be of assistance in the de- 
sign and control of more economical practices for 
melting chromium steel. 


Summary 
The heat loss rate of a 1-ton are furnace melting 
chromium steel has been evaluated theoretically and 
experimentally and extrapolated by calculation to 
furnaces of larger size. These results were combined 
with those of previous investigations of the chro- 


Table VIII. Measurements on 1-Ton Furnace 


Temperature, °C Energy 
Time, Added, 
Test No. Before After Sec Kw-Hr 
1 1630 1560 188 0 
2 1560 1535 92 0 
3 1535 1505 520 27.5 
+ 1600 1660 365 40.0 
5 1525 1555 369 40.0 
6 1555 1620 720 90.0 
vl 1620 1650 360 35.0 


mium-carbon-temperature and the slag-metal re- 
lations to evaluate the heat balance during the oxi- 
dizing period of chromium steel heats in terms of 
rate of oxygen input in relation to bath composition, 
bath temperature, and furnace size. 

By means of this heat balance, the temperature 
and composition of the bath after an oxygen blow 
can be predicted if the rate of oxygen input and the 
composition and temperature of the bath at the 
start of the oxidizing period are known. Actual ob- 
servations of 1, 5, and 25-ton stainless steel heats 
have confirmed the reliability of the calculations. The 
method has demonstrated the great sensitivity of the 
process to the operating variables that are readily 
controllable, such as temperature and composition 
before the oxidizing period, oxygen consumption, 
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Table IX. Data for Calculation of Constants 


Thermal 
Conductivity, Specific 
Btu per Hr, Heat, 

1 . rea, ickness, Sq Ft, Btu per Lb, Density, D 

em Material Sq Ft In. °F per In OF Lb Saree Ft ppt 
Bottom Magnesia 13.4 14.5 

00 High alumina brick 20.8 9.0 10 0.27 14 
Electrodes Graphite 0.59 24.0 1000 : 
Water-cooled 

surfaces 4.37 


duration of the oxidizing period, electrical power, 
etc. It has permitted the quantitative evaluation of 
the effect of normal errors in measuring these fac- 
tors and has thus emphasized the great importance 
of their precise control in practice. 

In general, higher oxygen input rates result in 
shorter oxidation periods, lower oxygen consump- 
tion, less oxidation of chromium and other metallic 
values, and higher bath temperatures. Moreover, for 
a given set of conditions, there is a critical oxygen 
input rate that must be exceeded if effective decar- 
burization is to be attained. As furnace size increases, 
the specific critical rate per unit weight of the charge 
decreases, so that adequate rates may be practically 
attainable even in very large furnaces. At high oxy- 
gen rates the bath temperature reached for a given 
composition becomes relatively insensitive to fur- 
ther increase in rate. The major effect of still 
higher rates is to reduce the time the heat may be at 
high temperature—an effect that is of special inter- 
est from the standpoint of refractory life. 

For a given rate of oxygen input, lower tempera- 
tures at the start of the oxidizing period substan- 
tially increase the duration of the oxidizing period 
and the amount of chromium, manganese, and iron 
oxidized into the slag. Higher chromium contents 
in the charge also increase the duration of the oxi- 
dizing period and the amount of metallic oxidation. 

Although more accurate data and evaluations for 
specific conditions are needed, the relations that 
have been described are considered to provide the 
basis for the design and control of more economical 
melting practices for stainless steel. 


Appendix |. Relationship Between Oxygen Used for 
Metallic Oxidation and Change in Chromium Content 
Bath 

The slags resulting from oxidation of chromium 
steels may be treated either as mixtures of FeO and 
FeCr.O,, or of FeCr,O, and Cr,O,. The dividing line 
between these two types is at about 6 pct Cr in the 
bath. 

Considering first the chromium-rich slags, it is 
assumed that 1 lb Fe and S lb Cr are oxidized. Con- 
verting pounds to mols, this leads to the following 
oxides: 

FeCr,O,: 0.01791 mol 
Cr,O,: 0.00641S — 0.01194 mol. 


It can be readily verified that this mixture con- 
tains the postulated weights of iron and chromium. 
The combined oxygen in this amount of oxide is 
0.01282S + 0.01194 mol O,. Using the conversion 
factor of 386.7 cu ft per lb mol, and dividing by the 
pounds of metal oxidized, the following is obtained. 


Cu ft O, per lb metal oxidized = 
(4.958S + 4.618)/(1 +S). [9] 
Eq. 3, given in the body of the report, relates pounds 


of metal oxidized per ton with initial and final chro- 
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mium content. Multiplying Eqs. 3 and 9, and desig- 
nating the cu ft O per ton of metal by Y, the follow- 
ing is obtained: 


Y = 2000 (Cr, — Cr.) (4.9588 + 
4.618) /(100S —Cr.[1 + S]). [10] 


Eq. 4 in the body of the report results from a sim- 
ple rearrangement of Eq. 10. The stoichiometry for 
the case where the oxides in the slag are present as 
FeO and FeCr.O, is calculated by a similar procedure 
to obtain Eq. 5. 


Appendix Il. Apparent Heat Capacity of Charge and 
Container and Heat Loss Rate of Furnace 


Experimental Approach—A series of empirical 
measurements were made in an experimental 1-ton 
furnace, in which temperature changes of the bath 
were measured by an immersion thermocouple, 
time was measured by a stopwatch, and electrical 
energy by an integrating kw-hr meter, with the re- 
sults shown in Table VIII. 

A multiple correlation performed on these data, 
wherein the entity energy added is regressed on the 
variables time and temperature change, leads to a 
heat loss rate of 300 kw at a mean temperature of 
1580°C, and an apparent heat capacity of 0.35 kw-hr 
per ton, °C, for an average elapsed time of 6.2 min. 
The heat capacity of liquid iron’ is 10 g cal per g mol, 
°C, or 0.19 kw-hr per net ton, °C. According to this, 
the effect of furnace lining, etc., has been almost to 
double the energy needed to raise the temperature 
1°C. However, in view of the small number of pieces 
of data, the bands of confidence for heat capacity 
and heat loss rate are both quite wide and it would 
be well to check by another method the order of 
magnitude of the values found here. Also, the 
above measurements do not furnish the time-de- 
pendence of the apparent heat capacity. 

Mathematical-Physical Approach—Solution of 
Heat Flow Equations—Another approach is to solve 
the heat flow equation 


ky = dT/at [11] 


for suitable boundary conditions. In the above T is 
temperature, t is time, k is diffusivity, andy ’* is the 
Laplace operator. 

For the outside of a furnace wall, the assumption 
of a constant temperature does not introduce a sig- 
nificant error. It can be shown that even during the 
longest heating periods considered in this study, less 
than 10 pct of the transient heat flow reaches the 
outside wall. For the inside, evolution of heat due to 
a more or less constant rate of oxidation of the 
charge is considered. This would correspond to an 
approximately constant rate of heat input so that, 
as a first approximation, the rate of temperature rise 
at the inside of the furnace might be regarded as 
constant. Making the further simplification that the 
curvature of the wall be disregarded, the furnace 
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Fig. 18—Effect of chromium content of charge on duration of 
oxidizing period and oxygen consumption when blowing to 
0.05 pct C. 


lining can be considered as composed of elements of 
flat walls bounded by parallel planes. With these 
simplifications, the problem becomes the solution of 
the system 


k &T/dx* = /at [12] 


with the initial and boundary conditions for t = 0, 
steady state T = T, + (x/L)(T,— T,); for t >0 and 
outer temperature; T; is the inside temperature at 
the start of the process; L is the wall thickness; x, 
the distance from the outside; a, the rate of temper- 
ature rise at the inside; and k, the diffusivity, de- 


Thermal conductivity 
fined as 


- - in any set of con- 
Specific heat x Density 


sistent units. 

The above system can be solved with the help of 
an analog computer, or analytically by use of solu- 
tions found in standard texts, e.g., reference 12. 

If the following transformations are made to ob- 
tain dimensionless groups, 6 = (k/L*)t, and X = 
(x/L). The differential equation transforms to 


= dT [13] 


of which the solution is, see reference 12, section 68, 


T = AL (X*— X)/6 + + (2/a°)S 


n=1 
°sin(n a X)] 


where A = a(L’/k). 

This solution represents the change in tempera- 
ture from the initial steady state at 6 = 0. Differen- 
tiating with respect to X leads to the following ex- 
pressions for the temperature gradient at the inside 
fAcep — als 


= A[1/3 + 0 — e" [15] 


n=1 


[14] 


The rate of heat flow into the refractory surface 
per unit area is K 0T/0x,.+, = (K/L) 0T/0Xyx-.,, where 
K is the thermal conductivity of the refractory. 

The total quantity of heat flowing between times 
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0 and t is 
(LK/k) f° (0T/0X) x-1 Cli) = 


8/3 + 07/2 — (1 [16] 


If the change in temperature that occurs between 
times 0 and t is expressed by AT, then AT = at = 
(aL’/k)6, and the above expression can be trans- 
formed and rearranged to obtain for unit surface 
area 


Qk/KL AT = 1/3 + 6/2 — 


Thanks to the term n‘ appearing in the denomi- 
nator, the series converges quite rapidly even for 
small values of 6. The results of the calculations car- 
ried out for 6 = 0.0001, 0.001, 0.01, 0.1, and 1 are 
plotted in Fig. 19. 

Application of Solution to 1-Ton Furnace—The 
heat balance may be written as follows 


Here, Q; is the heat input during time ft; t is time 
during which heat is added; q, is the heat loss rate at 
temperature T,; T, is the temperature at time 0; T is 
the temperature at time t; b is a constant giving the 
increase in the heat loss rate with temperature; C is 
the true heat capacity of the charge; and YQretractory 
is the additional flow of heat into the refractories 
over and above the steady state flow. 

Using the notation AT for (T — T,), this can be 
rewritten 


Qi = Qt + [C + bt + E(Qrerractory/AT) JAT. [19] 


The expression in square brackets has the dimen- 
sions of a heat capacity and includes the increase in 
the radiant heat loss rate through openings, etc., 
with rising temperature (the bt term), the increased 
heat flow into the refractories as the internal tem- 
perature rises (the =Q@/AT term), and the true heat 
capacity of the charge, C. It is, therefore, the C,’, or 
apparent heat capacity of Eq. 6. 

Data for the calculation of the constants in the 
above equation for the experimental 1-ton furnace 
are shown in Table IX. 

For radiation to the water-cooled doors, the emis- 
sivity of the bath is assumed to be 0.90 and that of 
the doors 0.80. The bath, whose area is 12.5 sq ft, ra- 


Table X. Evaluation of Fig. 19 


k Area X k 
Fur- K, Btu k, 
nace Area, per Hr, Sq Ft Le Btu Kw-Hr 
Part Sq Ft Ft, OF per Hr L, Ft (Hr)-1 per°F per °C 
Bottom 13.4 2.083 0.0408 1.20 0.02833 821 0.433 
Sides 651.7 2.083 0.0408 0.75 0.7253 1981 1.046 
Roof 20.8 0.833 0.0220 5 0.03911 591 0.312 


diates to imaginary planes representing the openings 
in the refractory side walls. These planes, with a 
combined area of 4.4 sq ft, reradiate to the water- 
cooled doors through a 10-in. passage through the 
wall. This results in an effective emissivity factor 
of 0.50. 

Radiant heat loss is then Q(radiant) = 0.173 x 
0.50 x 4.37 x 10° [(°F + 460)* — 560*] Btu per hr. 

The resultant values are: 
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Inside temperature 3000°F 3300°F 3600°F 

1650°C 1980°C 

Q(radiant), Btu per hr 541,000 755,000 1,027,000 
Q (radiant), kw 159 221 301. 


Heat losses at 3000°F (1650°C) through the re- 
fractory, assuming an outside temperature of 300°F 
(150°C) “are: 


Bottom 13.4x 25x eas = 62,400 Btu per hr 
14.5 

Sides = 387,800 Btu per hr 
9.0 

Roof 20.8 x 10 x opt esau = 62,400 Btu per hr 
Electrodes 

0.59 x 1000 x —— = 171,300 Btu per hr 


583,900 Btu per hr (171 kw). 

Then this estimate of the q, of Eq. 19 is 171 + 159 

The factor b of Eq. 19 can be estimated from the 

figures calculated for radiation. Over the 600°F 


Table XI. Determination of Heat Capacity 


Time, hr 0.05 0.10 0.20 0.50 1.00 2.00 
Time, min 3 6 12 30 60 120 
Dimensionless 
time 
Bottom 0.00142 0.00283 0.00567 0.0142 0.0283 0.0567 
Sides 0.00363 0.00725 0.0145 0.0363 0.0725 0.1451 
Roof 0.00196 0.00391 0.00782 0.0196 0.0391 0.0782 
Dimensionless 
heat, from 
Fig. 19 
Bottom 0.0270 0.0385 0.0555 0.088 0.124 0.177 
Sides 0.0440 0.063 0.089 0.141 0.201 0.283 
Roof 0.0320 0.0455 0.065 0.103 0.147 0.207 
Kw-hr per °C 
Bottom 0.0117 0.0167 0.0240 0.0381 0.0537 0.0766 
Sides 0.0460 0.0659 0.0931 0.1475 0.2102 0.2960 
Roof 0.0099 0.0142 0.0203 0.0321 0.0459 0.0646 
0.0676 0.0968 0.1374 0.2177 0.3098 0.4372 
0.21 x time 0.0105 0.0210 0.0420 0.1050 0.2100 0.4200 
True heat ca- 
pacity of 
steel 0.1900 0.1900 0.1900 0.1900 0.1900 0.1900 
Apparent heat 
capacity, 
kw-hr per 
0.2681 0.3078 0.3694 0.5127 0.7098 1.0472 


range, the increase is 123 kw, or 0.24 kw per °F 
(0.42 kw per °C). For a given temperature increase 
during an oxygen blow, the average temperature 
only increases half as much as the final temperature, 
so b = 0.21 kw per °C. This linear interpolation re- 
sults in a maximum error of 3 pct of the radiation 
losses as compared to integration of the T°’ relation 
over the temperature ranges shown. 

The heat capacity, as mentioned earlier, is 0.19 
kw-hr per ton of charge, so the factor C would be 
0.19 times charge weight in tons. 

The term 3Q/AT of Eq. 19 remains to be evalu- 
ated. 

Note that from Fig. 19 the quantity Q@k/KL AT can 
be obtained. The quantity sought for is the sum of 
all the 3Q/AT for the whole refractory area of the 
furnace. Therefore, the factor k/L’* is needed to 
transform actual time to the dimensionless time of 
Fig. 19, and the factor KL/k to convert the dimen- 
sionless heat to Btu per sq ft calculated for the dif- 
ferent parts of the furnace. This is done in Table X. 

Now, assuming a series of actual times, the cor- 
responding dimensionless times can be computed, 
using the factor k/L*. Going into Fig. 19 with this, 
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Fig. 19—Relation between time and heat flux into a solid 
with parallel walls, the temperature of one face increasing 
linearly with time. 


the dimensionless heat value is obtained which, mul- 
KL 
tiplied by the appropriate (area xX ae factor, 


gives the kw-hr per °C. The calculation is shown in 
Table XI. Adding the bt and C terms, the apparent 
heat capacity for 1 ton charged is obtained. 

The results from Table XI are plotted in Fig. 7. 
In the first section of this appendix, it was found 
that, for an average time of 6.2 min, the apparent 
heat capacity was 0.35 kw-hr per °C. Fig. 7 shows 
0.31 kw-hr per °C, which is in reasonably good 
agreement when due consideration is given to the 
inaccuracies in the directly measured value, and the 
numerous simplifying assumptions that had to be 
made to obtain the calculated one. 

If Fig. 7 is examined, it will be noted that of the 
three items affecting the value of the apparent heat 
capacity, two must be influenced by furnace size; 
namely, transient heat flow into the refractories and 
radiant heat loss. The transient heat flow item will 
be roughly proportioned to the refractory area, and 
the radiant heat loss will vary with the area of open- 
ings and water-cooled surfaces. In order to obtain an 
estimate of the effect of these items on the apparent 
heat capacity of a larger furnace, for which detailed 
structural data were lacking, the assumption was 
made that the respective areas per ton of capacity 
are directly proportional to the heat loss rates per 
ton shown in Fig. 10. It is on this basis that the 
curves of Fig. 8 for the 5 and 25-ton furnaces were 
calculated from the data used to construct the curve 
for the 1-ton furnace. 
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Technical Note 


Effect of Strain and Temperature on the Yielding of Copper and Nickel 


by) Frye 


HERE are at least two effects of temperature on 

the stress required to produce plastic flow. 1) 
Metals plastically strained for the same amount at 
different temperatures possess different stress-strain 
curves and different internal structures (e.g., nature 
and density of imperfections). 2) There is both ex- 
perimental and theoretical evidence that the stress 
necessary to produce plastic flow may vary with 
temperature even though the internal structure re- 
mains constant.*° Much of the data in the literature 
is difficult to interpret because these two effects are 
simultaneously present. In the work reported here, 
they are considered separately. 

Standard 0.505 in. tensile specimens were pre- 
pared from high-purity Mond nickel and OFHC 
copper. Nickel specimens were annealed in hydrogen 
at 1150°C for 30 min and furnace cooled. This pro- 
duced an average grain diameter of 1.4 mm. Copper 
specimens were annealed in vacuum at 525°C for 
6 hr and furnace cooled. This produced an average 
grain diameter of 0.11 mm. Nickel tensile specimens 
were prestrained in tension at 500°K, whereas cop- 
per tensile specimens were prestrained in tension 
at room temperature. All specimens were cooled to 
74°K and heated to room temperature. After these 
treatments all of the tensile specimens of a given 
set possessed identical structures. 

All specimens were returned to the tensile ma- 
chine and tested at various temperatures and con- 
stant cross-head speed. Many of the tensile curves 
showed well defined yields but, in order to minimize 
personal judgment, the yield was always chosen as 
the stress corresponding to 0.2 pct plastic deforma- 
tion. 

Results are summarized in the graph of yield vs 
temperature of test, Fig. 1. All of the specimens 
corresponding to any one line have had identical 
treatments and, therefore, have identical internal 
structures. Thus, each line gives the relation be- 
tween yield stress and temperature for one constant 
internal structure. The lowest line, which is for an- 
nealed nickel, shows no measurable variation of 
yield with temperature. This is similar to Blewitt’s® 
results on copper single crystals, but a variation in 
yield with temperature was found by Andrade and 
Henderson’ in single crystals of nickel, and by Car- 
recker and Hibbard* in annealed polycrystalline 
copper. The three other lines, which are for pre- 
strained materials, show that there is a linear re- 
lation between yield stress and temperature when 
the internal structure remains constant. 

Such a relation might be expected from a rate 
equation such as that of Kauzmann’ on the assump- 
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Fig. 1—Flow stress ys temperature for annealed and pre- 
strained Mond nickel and copper. Percentages refer to 
plastic elongation by tension. 


tion that the activation energy is either independ- 
ent of or linear with temperature. These results 
would also be expected if the shear moduli of cop- 
per and nickel are linear functions of temperature 
for, as Cottrell and Stokes have pointed out,° in all 
dislocation theories of strength the flow stress ap- 
pears proportional to the shear modulus of the 
material. In copper and nickel, since the modulus of 
elasticity decreases roughly linearly with increase 


in temperature,’ it is probable that the modulus of 


shear also decreases approximately linearly with 
increasing temperature. A detailed discussion of the 
effect of these and other factors on the temperature 
dependence of flow stress in face-centered-cubic 
metals has recently been given by Seeger.* 
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Diffusion of Calcium and Silicon in a 


Lime-Alumina-Silica Slag 


Two additional experimental methods have been investigated for radioactive tracer 
studies of diffusion in liquid slags. Using the capillary method the diffusion constants of 
calcium and silicon at 1430°C are 1 x 10% and 1 x 10% cm?sec™ in a slag of 39 pct CaO, 
40 pct SiO», 21 pct Al,O;. Heats of activation are approximately 70 kcal. 


by Helen Towers and John Chipman 


EVELOPMENT of a simple radioactive tracer 
technique for measurement of the diffusion co- 
efficient of calcium ion in liquid slag has already been 
reported." The investigation was of a preliminary 
nature designed to explore the possibilities of using 
radioactive isotopes and to establish a method, and 
no great accuracy was claimed for the results. It was 
shown, however, that Ca” could be used successfully, 
and the values obtained for the diffusion coefficient 
appeared to be of the right order of magnitude. How- 
ever, it was considered that a better technique could 
be devised for carrying out the diffusion. The exper- 
iments were, therefore, continued to find a more ac- 
curate method, to check the calcium results, and to 
extend the investigation to include measurements 
of the diffusion coefficient of silicon in the same slag. 
There were two flaws in the original technique. 
Convection was the cause of too many failures, and 
the interface between the two slags in the diffusion 
cell was curved rather than plane, probably due to 
a surface tension effect caused by the addition of 
the tracer Ca® in the form of chloride. Two methods 
of overcoming these defects were tried. Since it was 
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planned to study diffusion of the short-lived isotope 
Si" also, the development of methods was restricted 
to those which gave promise of being reasonably 
rapid. 

Method 1—The principle was identical to that 
previously used with respect to the diffusion condi- 
tions, but there were three differences in technique. 
Temperature control was more rigid, the tracer was 
added to the slag as CaO rather than the chloride 
and, finally, an effort was made to translate to high 
temperatures the elegant method developed by 
Cohen and Bruin’ for bringing together the two 
liquid layers and beginning the diffusion. 

A master slag was melted in graphite, ground to a 
fine powder, and analyzed (38.5 pct CaO-20.9 pct 
Al,O;-40.5 pet SiO.). The tracer was received as 
Ca*Cl, in an aqueous solution of CaCl, + HCl. From 
this, calcium oxalate was precipitated, ignited to 
calcium oxide, and added as such to the slag to give 
an activity of approximately 5 pe per g. The mixture 
was then melted into the form of a cylinder 3/16 
in. diam and about 1 in. long. A solution identical 
to the tracer solution without Ca“ was given exactly 
the same treatment. The resulting Ca“°O was mixed 
with that slag which was to form the tracer-free 
half of the diffusion cell, and this was likewise 
melted into a cylinder of the same size. 

Slag cylinders, two with and two without Ca”, 
were set in graphite blocks as shown in Fig. 1, and 
the crucible was lowered into position in the fur- 
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Fig. 1—Rotating block method for preparing diffusion couple. 
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Fig. 2—Furnace assembly for diffusion studies. 
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Fig. 3—Capillary method for diffusion in slag. 
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nace, Fig. 2. Temperature was measured by two 
Pt—10 pct Rh-Pt thermocouples, one outside the 
globar tube and the other, the controlling couple, 
immediately below the Zirco tube. The relationship 
between the temperatures recorded by these couples 
and that within the diffusion cell was found by an 
exploring couple and was frequently checked. When 
the diffusion assembly and the furnace had reached 
thermal equilibrium, the upper block was rotated 
through 90°, the correct position being fixed by the 
graphite locating pin moving in the crucible slot and 
checked by the brass guides at the upper ends of the 
graphite cylinders outside the furnace. Four diffu- 
sion cells were thus created simultaneously. Diffu- 
sion was ended by the cell being withdrawn rapidly 
from the furnace. The Ca* concentration along each 
composite cylinder was measured and the diffusion 
coefficient calculated exactly as described previously. 

Unfortunately, no greater precision was obtained 
by this method. The results generally confirmed 
those previously determined but retained the same 
scatter. Much of the difficulty once more concerned 
the interface. As the liquid was being sheared dur- 
ing rotation, each half became free to adopt a new 
and more nearly equilibrium shape with respect to 
the graphite. Since the contact angle of this slag on 
graphite is about 160°, all the sheared surfaces were 
convex instead of plane. When two such surfaces 
were brought into contact to create the diffusion 
cell, it was impossible for a plane interface to result. 
This problem is not incapable of solution. The slag 
could be made to have a contact angle of <90° either 
by reaction with the graphite or by a minute addi- 
tion of a surface-active component, but either 
method might well create new problems. Alterna- 
tively, the slags could be placed under restraint by 
having them totally enclosed in graphite and allow- 
ing no freedom of movement. In the meantime, how- 
ever, trials were being made with a second method 
which showed more immediate prospect of success. 

Method 2—This was based on the capillary prin- 
ciple. Slag capillaries to which tracer had been 
added were brought into contact with a relatively 
large volume of the master slag. After diffusion, the 
concentration of tracer along the capillary was 
measured and, from this, the diffusion coefficient 
could be calculated. 

The capillaries containing Ca*O were 1/16 in. diam 
and % in. long. Four such capillary rods polished on 
each end were inserted into closely fitting capillary 
tubes in a graphite block. The master slag was 
melted into the shape of a disk, one face of which 
was then polished. This was held inside a graphite 
ring on top of the block containing the capillaries, 
as shown in Fig. 3. The usual Ca“O addition to com- 
pensate for the amount of tracer in the capillaries 
was not made since it was considered that there 
would be less tendency for disturbance if the capil- 
laries were slightly denser than the bulk slag. A 
graphite plug fitted into the ring above the slag 
disk and pressure applied to this plug prevented 
any movement. This was found to be necessary since 
the surface tension of the slag was high enough to 
withdraw the slag completely from the capillaries 
in the lower block. 

The same general assembly as in Fig. 2 was used 
to contain the diffusion cell. This was lowered 
rapidly into the furnace, which was maintained at 
the desired temperature. Thus, the exact time for 
the beginning of diffusion was not known. To mini- 
mize convection, the cell was placed slightly below 
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the plane of highest temperature, making the tem- 
perature at the top of the cell about 0.5° above that 
at the bottom. At the end of diffusion, the cell was 
withdrawn as quickly as possible and allowed to 
cool in air. The capillaries were detached from the 
slag disk, mounted, polished, and autoradiographed. 
A microphotometer trace was made in each case, the 
general appearance being very similar to that re- 
ported in the earlier paper.’ Typical capillaries and 
a trace are shown in Fig. 4. 

Calculation of the Diffusion Coefficient D—If the 
concentration at the capillary exit is equal to zero at 
all times, the concentration distribution within the 
capillary is a function of time and distance x from 
the capillary exit. A solution of the analogous heat 
flow problem, the case of a semi-infinite solid initi- 
ally at constant temperature with zero temperature 
in the plane x = 0, is available. The corresponding 
equation for mass transfer is 


= erf [1] 


where C (x,t) is the concentration of diffusing sub- 
stance in capillary at time t and distance x from the 
exit plane, and C, is the initial concentration in 
capillary. This equation has often been used to eval- 
uate the results of measurements with capillary dif- 
fusion cells and is a good approximation for long 
times when the concentration at the exit is main- 
tained at a low level by rapid stirring of the bulk 
liquid. 

In the present case, the concentration at the end 
of the capillary is finite since convection in the bulk 
was avoided, and hence there is a finite resistance 
to mass transfer between the exit plane of the capil- 
lary and the bulk slag outside the capillary. How- 
ever, conditions in the exit plane will vary with the 
distance from the center of the capillary. For an 
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Fig. 4—Autoradiograph and microphotometer trace of dif- 
fused slag cylinders. X6. Reduced approximately 40 pct for 
reproduction. 
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Fig. 5—Typical plot of experimental results on arithmetical 
probability coordinates. 


approximation, an average value of the mass trans- 
fer coefficient k may be introduced. The solution of 
the analogous heat flow problem, that of the semi- 
infinite solid, initially at constant temperature, radi- 
ating into a medium at zero temperature, has been 
given by Carslaw and Jaeger.* The corresponding 
equation for mass flow is 


46 
g (x,t) = ———_ = erf ———_ + exp 
Co 2\/Dt 
ka a6 t 
D D 2\/Dt D 


For ease of evaluation the equation was written 


Caen) 
g (x,t) = ———— = er f 
2\/Dt 
+ exp exp ferfcB [3] 
4Dt 
x = 
where 8 = ———— + k Nee For 8 < 3, values 
2\/Dt D 


of exp ® erfc B have been tabulated; while for 
B > 8, the function was evaluated from a series 
expansion. 


C (x,t) 


The experimental results for may be 


plotted on rectangular coordinates and compared 
with theoretical curves obtained by inserting values 
of D and £8 in Eq. 3. It is difficult to obtain a fit by 
this method because of the curvature of such a plot, 
especially for small values of x. The exact location 
of the exit plane of the capillary could not always 
be determined since the slags fractured irregularly 
in disassembling the cell. The experimental results 
are therefore expected to be least accurate near the 
capillary exit, where x is small. 

A better method was found in plotting the results 
on arithmetical probability paper. The nonlinear 
ordinate on such paper is scaled from 0.01 to 99.99 
according to the cumulative Gaussian distribution 
and is thus symmetrical about scale number 50. It is 
therefore possible to plot functions such as 50 (1 + 
erf z) as straight lines through ordinate scale num- 
ber 50. Thus f (x,t) in Eq. 1 may be rectified to 
plot as a straight line on such paper. Similarly, 
g (x,t) in Eq. 2 is also found to give a straight line, 


t 
at least for values of ay > 0.5, essentially 
parallel to that for f (x,t). The ordinate intercept 
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Fig. 6—Diffusion coefficients of calcium (upper line) and 
silicon (lower line). Broken line shows earlier results for 
calcium. 


is, however, greater than 50 and depends on the 


t 
value of k Ve 
D 


Accordingly, the experimental results were plotted 

on probability paper, using ordinate values of 50 
CA 

(1 =. eo) . The typical plot shown in Fig. 5 
deviates slightly from a straight line for small 
values of x. From the slope of the linear portion the 
value of D could be readily evaluated. 

The results are shown in Fig. 6, where log D is 


plotted against - Measurements were made at 


three temperatures selected at the limits of the 
available temperature range. Average values of D at 
1350°, 1500°, and 1540°C, respectively, are 3.5 x 
10s and 3:4 sees. The results 
of the previous study are given for comparison on 
the same graph. The slope of the line corresponds to 
70 keal for the energy of activation. 

Diffusion of Silicon—The isotope Si* emits 6 rays 
of maximum energy 1.8 mev and has a half-life of 
about 2.7 hr. Measurement of silicon diffusion in 
liquid slag thus presented a twofold difficulty: a) a 
short half-life coupled with an expected low value 
of D, and b) a high intensity of radiation in relation 
to the low density of the slag. It was realized in 
advance that autoradiography was scarcely the ideal 
method of measurement of concentration, but the 
short half-life rendered a quick method necessary 
and ruled out the possibility of, for example, a 
grinding technique whereby aliquot layers could 
be counted for activity. Method 2 described above 
was, therefore, used with the modification that in 
some experiments the tracer was contained in the 
bulk slag. Since addition of SiO, decreased the den- 
sity, the tracer-free slag was located in the lower 
section of the cell. 

Si* was obtained by deuteron bombardment of 
finely ground high-purity silicon in the Massachu- 
setts Institute of Technology cyclotron. The silicon 
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was obtained through the courtesy of the duPont 
Co. and contained less than 10 ppm total impurities, 
of which 2 to 5 ppm were iron, with copper less than 
1 ppm. The silicon powder, activity 8 mc per g, was 
then oxidized to SiO, by treatment with sodium hy- 
droxide, hydrogen peroxide, and perchloric acid. 
The SiO., weighing about 0.12 g, was mixed into 6 
g of the finely powdered master slag and the mix- 
ture melted, stirred, and made into the form of a 
disk in the manner already described. Capillary 
rods, 1/16 in. diam, were withdrawn during the 
melting process to be used as standards in the ulti- 
mate photography and to provide the reference 
value of C,. The procedure for carrying out the 
diffusion was the same as before. As the diffusion 
went on, the decrease in activity of the standards 
was checked with a G-M counter. This confirmed the 
purity of the radiation and enabled the maximum 
diffusion time to be given consistent with obtaining 
a photographic record. With the specific activity 
quoted above, the maximum time allowable between 
making the Si” and the beginning of the photo- 
graphic exposure was found to be about 24 hr. The 
first 3 hr of this was lost because the target holder 
was too hot to be handled. It was possible to do 
several runs from a single Si* sample, in one case 
three runs of 3, 5, and 10 hr being carried out at 
different temperatures. The longest time given for 
diffusion in any one run was 15 hr; in general, times 
between 5 and 10 hr were normal. 


Correction for High Penetration Range—The high 
intensity of the 6 radiation coupled with low slag 
density did not make for high resolution in the 
photograph. The short diffusion distance accentu- 
ated the disadvantage. For the autoradiographic 
method, it is usually considered that the energy of 
the rays should be so low that their range of pene- 
tration is an order of magnitude less than the dif- 
fusion distance. In the case of Si", the range R is 


0.546 E,, — 0.16 
about 0.25 cm (calculated from R = 5 


p 


where E,, = maximum energy of the 6 rays in mev, 
and p = density of the medium in g cm”); this is of 
the same order as the diffusion distance. The auto- 
radiographs could only be described as fuzzy, and 
the exact diffusion coefficient is correspondingly un- 
certain. 

The true value of C (2x, t) is not obtained directly 
from the photographic record of C vs x at time t, 
and can only be found by taking into account the 
radiation from layers behind the surface and inte- 
grating over the diffusion length. The labor involved 
in the strictly mathematical solution for this cor- 
rection seems altogether unwarranted. A practi- 
cal solution was obtained in the following manner. 
Two capillary rods, one with and the other without 
tracer addition were joined end to end, and an auto- 
radiograph was made of the longitudinal section. 
Across the junction no diffusion had taken place and, 
had the range of 8 penetration been sufficiently 
small, the microphotometer trace would have ap- 
proached the form shown in Curve I of Fig. 7. In 
fact, it resulted in a graph such as Curve II, and this 
was used for correcting the experimental curves. 
The line AB denotes the junction between the two 
capillaries. The intensity at each point along YM 
results from radiation not only at that point but 
from points in all directions extending as far as the 
limit of 8 penetration. The observable limit of 8 
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penetration is the distance BZ. Along the length 
YA the intensity XY is less because no radiation 
is being received from points beyond A. Simi- 
larly, the recorded intensity XZ is due to radia- 
tion received from AY. The area under XZ was 
accordingly treated as proportional to the amount 
of extraneous radiation and was subdivided length- 
wise into units. Similarly, the area XAY was 
divided into units of length and the radiation de- 
ficiency in each unit was obtained. Correction fac- 
tors were derived for the fractional excess or de- 
ficiency of radiation received by each unit of dis- 
tance, and these were applied to the experimental 
curves. Corrected graphs were then drawn as in Fig. 
8, from which D values were calculated in the usual 
manner. 

The arithmetical method of correction is about 
equivalent to the first approximation which would 
be obtained by integration. However, it was found 
that a) applying the arithmetic correction factors a 
second time, and b) multiplying the number and 
thereby decreasing the size of the steps both had 
negligible effect on the correction. While a mathe- 
matical solution of the problem based on the funda- 
mental data of B-ray penetration would be more 
elegant, it is doubtful if it would be more accurate, 
largely because it is difficult to see how account 
could be taken of the Bremsstrahlung effect. 


Results 


Diffusion runs were made at 1365°, 1430°, and 
1460°C. Average values of D at 1365° and 1430°C 
are 4.7 <X 10° and 1.05 x 10% cm’sec™. The results 
are shown in Fig. 6, where log D is plotted against 


il 
“Sa. Of the seven points at 1430°C, four were ob- 


tained with tracer originally in the bulk slag, and 
three with tracer originally in the capillaries. In 
each case the active, lower density slag was placed 
on top. Only one result was obtained at 1460°C, and 


capillary without tracer | capillary with tracer 


intensity 


Fig. 7—Schematic diagram of radiation intensity at plane 
interface before diffusion. Curve | for Ca‘, 0.2 mey; Curve 
Il for Si*, 1.8 mey. 
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Fig. 8—Diffusion curve for Si, showing correction for high 
penetration. ‘ 


this value is therefore unsupported. The tentative 
line indicates an activation energy of roughly the 
same magnitude as found for calcium. 


Discussion 

In the case of the calcium measurements the dif- 
fusing unit has been assumed to be calcium ion Ca™, 
and it has been shown’ that the experimental values 
of D agree approximately with conclusions which 
might be reached from conductance measurements. 
The much higher activation energy for diffusion than 
for conduction, however, indicates the possibility of 
a diffusion mechanism more complex than simple 
ionic movement. 

The results for silicon give little information 
about the mechanism of the silicon diffusion process. 
Comparison with the allied processes of electrical 
conduction and transference would appear to elim- 
inate certain possibilities. The value of Ds; is about 
one tenth that of D.,. If the diffusion were that of an 
ion of charge 2 or 4, the ion should have a transport 
number of about 0.1 or 0.2, which seems precluded 
by the results of Bockris and co-workers.’ The diffu- 
sion of silicon would, therefore, appear to be some- 
thing other than simple ionic movement. A mech- 
anism involving the rupture of two of the bonds by 
which an SiO, tetrahedron is held to the silicate net- 
work or to a large ion would permit movement of 
two oxygens along with the silicon, resulting in no 
net transfer of charge. 

Further studies of diffusion of Ca®, Si”, and O” in 
slags of a range of compositions would contribute 
valuable information for the study of slag structure. 
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Some Notes On Oroya Copper Slags 


This paper is a study of the interrelationship between copper and magnetite content 
of reverberatory slags. During an experimental run converter slag was withheld from a 
reverberatory, resulting in much cleaner waste slags. The possibilities of treating con- 
verter slags outside the normal copper smeiting circuit are briefly discussed. 


by |. L. Barker, J. S. Jacobi, and B. H. Wadia 


Ae valuable information has been pub- 
lished on the important problems of slag losses 
with which every copper metallurgist has to con- 
tend, a great deal of money is still being wasted in 
copper smelters all over the world, through metal 
being irretrievably lost in reverberatory slags. When 
smelting a relatively low-grade pyritic concentrate 
together with a proportion of direct-smelting oxi- 
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dized ore, as is done in Oroya, slag volumes are of 
necessity high, and even a relatively clean slag, say of 
0.5 pct Cu, means a loss of almost 4 pct of all the 
copper charged, or over $1,000,000 annually at pres- 
ent output and prices. 

While it is known that such losses can often be 
reduced by allowing the slag time to settle, with or 
without addition of a reducing agent such as coal or 
pyrite, the facilities for such treatment are not al- 
ways available in a plant of old design working to 
capacity under severe space limitations. 

Nor is it easy under such conditions to run large 
scale tests which may endanger the smooth flow of 
production for considerable periods without yielding 
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At the left is an aerial view of the La Oroya metallurgical 
works of the Cerro de Pasco Corporation. The plant is located 
at an altitude of 12,200 ft, 120 miles northeast of Lima, Peru. 


positive results. It was, however, possible to run the 
24 hr full scale test described, to see what would 
happen if the converter slag was kept out of the 
smelting circuit altogether. The results indicate 
that, apart from reducing the slag volume, the cop- 
per content of the slag is also considerably cut and 
the total losses are cut by 3.27 tpd or 2.2 pct of the 
total copper charged to the reverberatories. This 
calculation includes a prospective loss in treating the 
converter slag separately by leaching, in which pre- 
liminary results indicate that 93 pct recovery of the 
copper in converter slag could be obtained. 

The economics of treating the converter slag by a 
separate process will depend on a) the copper price, 
b) the scale and cost of operations, and c) how far 


Table I. Average Specific Gravity of Reverberatory Slags* 


Cast Slag Broken 
Into % In. Pieces 


Cast Slag Ground 


Slag As Cast to —100 Mesh 


3.58 3.66 3.86 


* The above average values are taken from ten different samples, 
each of which showed approximately the same relative relationship. 


the increased reverberatory capacity and furnace 
life, which undoubtedly would result from keeping 
the converter slag out of the system, could be util- 
ized for increased copper production. 

In Oroya the problem would involve putting up a 
separate milling and leaching plant for 500 tpd con- 
verter slag containing an average 2.5 pct Cu. Tech- 
nically, there appear to be good possibilities with 
either sulfuric acid-ferric sulfate leach or the am- 
monia leach under pressure. 


General Description 

The Oroya copper reverberatories, on the slags of 
which most of the data presented in this paper have 
been gathered, are situated in the Peruvian Andes at 
an altitude of 12,200 ft. The furnaces are of conven- 
tional design, about 100 ft in length and 25 ft across. 
Charging is done along the side-walls, hot calcine 
being brought to the top of the furnaces from the 
roasters by trolley cars. Slag skimming is done at 
one end while the matte may be tapped from either 
side of the furnaces. The slag temperature averages 
about 1215°C, with the matte temperature about 
180°C lower. 

To observe the effect of settling and of addition 
agents on the reverberatory slags, an oil-fired tilt- 
ing furnace holding a No. 35 Salamander crucible 
(approximately 25 lb slag capacity) was set up near 
the slag skimming door. Crucibles of different mate- 
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Fig. 1—Micrograph of reverberatory slag shows massive and 
dendritic magnetite and rounded particles of copper sulfide. 
X600. Reduced approximately 25 pct for reproduction. 


rials were tried, but the Plumbago type was finally 
selected for the test work in spite of its drawbacks. 
This type of crucible is mechanically strong and will 
resist corrosion by the slag for several hours, but 
unfortunately it is not inert chemically and has a re- 
ducing effect on the slag. Crucibles made of acid 
material are still less desirable, and a basic crucible 
which is cheap, inert, and sufficiently heat resisting 
has not yet been found. An attempt is now being 
made to apply a wash of high alumina cement to the 
inside of the Plumbago pot, which should prevent 
direct contact of the slag with graphite. Samples of 


Table II. Average Composition of Cast and Granulated Slags* 


Specific Gravity, Total 
—100 Mesh Magnetite Copper 
Cast 3.71 7.2 0.33 
Granulated 3.46 5.9 0.32 


* The above average values are taken from eight pairs of samples, 
each of which showed approximately the same relative relationship. 


molten reverberatory slag were taken during skim- 
ming and ladled from the stream directly into the 
crucible furnace, which was already at the slag 
temperature. The experiments were carried out in 
this furnace, the temperature of which was held con- 
stant throughout. 
Sampling 

In order to ascertain whether the means of sam- 
pling would cause significant differences in analysis, 
the following points were investigated: 1) the effect 
of particle size of the sample on specific gravity, and 
2) the differences in specific gravity and magnetite 
content between chilled and slowly cooled slags. 

It was first established by experiments that it is 
sufficient to grind the slag samples for analysis to 
—100 mesh to obtain consistent results. Unless other- 
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Fig. 2—Micrograph of reverberatory slag shows grayish 
needles of delafossite. X600. Reduced approximately 30 pct 
for reproduction. 


wise stated, therefore, all analyses in this paper are 
on granulated samples ground to that fineness. 

As cast slags are broken up into smaller pieces, 
there is a distinct increase in specific gravity, as 


Table III. Earlier Work on Cast and Granulated Slags 


Specific Gravity, Magnetite, 
—100 Mesh Total Iron Fes04 

Average* 

Cast 3.93 40.5 8.8 
Granulated 3.58 39.2 2.1 
Original 

Cast 3.93 39.6 7.6 
Granulated 3.58 39.1 0.6 
Remelts 

Cast/Cast 3.93 39.8 2.4 
Cast/Granulated 3.68 39.6 0.3 
Granulated/Cast 3.81 38.9 3.1 
Granulated/Granulated 3.63 38.7 0.3 


* The above average values are taken from seven pairs of samples, 
each of which showed approximately the same relative relationship. 


shown in Table I. This is of course due to porosity 
in the cast slag and is evidence of non-equilibrium 
conditions in the slag leaving the furnace. To show 
the effect of different cooling rates on specific gravity 
and magnetite content, a number of samples were 
divided by casting one portion into a fireclay cru- 
cible, which was allowed to cool very slowly, while 
the other portion was poured into water and granu- 
lated. Table II shows a consistent difference in spe- 
cific gravity and magnetite of cast and chilled slags, 
while the total copper content remains the same. 
One of the authors had done work along similar 
lines some years ago, and these results are presented 
in Table III. The composites of both cast and granu- 
lated samples of Table III were remelted and again 
subdivided into slowly cooled and chilled samples, 
as indicated. The effect of cooling rates on magnetite 
content is very striking and has been confirmed by 
more recent work by the present authors. However, 
the results are not strictly comparable because of 
different and, it is believed, more reliable methods 
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of magnetite analysis which have since been devel- 
oped. Although quantitatively the earlier work 
cannot be supported, it nevertheless appears valu- 
able as indicating the general tendency of magne- 
tite formation, and as the basis for the further work 
now being carried out. 

One very important variable which has not so far 
been studied, but which the authors hope to examine 
in the near future, is the temperature from which 
the slags are quenched. Obviously, as magnetite is 
the first solid constituent to crystallize out from the 
molten slag magma, it has a very important bearing 
on the subject. All the work reported in Table II 
was done at temperatures of 1220°+15°C as 
checked frequently by the optical pyrometer. 

The question then arises as to what the correct 
values are for the items under discussion when the 
slag is in the furnace in the molten state, as it is of 
greatest importance to the metallurgist when in this 
condition. Although it is difficult to determine the 
exact ionic nature of the molten slag, it seems justi- 
fiable to assume that the conditions found in granu- 
lated or rapidly chilled samples are fairly close to 
those prevailing in the molten state. The rapid 
change from the liquid to the solid state would allow 
little time for rearrangement or alteration of crystal- 
line structure or for any interaction to take place. 


Methods of Analysis 


Total copper was analyzed by the usual iodide 
method. 

Analyses of non-sulfide copper were made accord- 
ing to the sulfurous acid method of Van Barneveld 
and Leaver. It is claimed that this method differ- 
entiates between copper sulfides and all other forms 
of copper, including metallic. For ores, at least, this 
is true. Whether it is equally applicable to slags and 
other such products is somewhat uncertain, but it is 
still the best method yet developed for the purpose. 

The method used for magnetite determination” is 
based on the addition of an accurately measured 
amount of stannous chloride to the sample, after 
which the sample is decomposed with HCl and HF. 
The excess stannous chloride is titrated with a 


Fig. 3—Micrograph of reverberatory slag shows metallic 
copper particle locked in massive magnetite. X600. Reduced 
approximately 30 pct for reproduction. 
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Table IV. Settling and Modifying Tests on Reverberatory Slags* 


Samplin 
Type of Test Magnetite, Total CuO 
Time, Min Cu, Pet Pet Fe, Pct SiO», Pet Pet. 
Settling test on normal 0 
furnace charge smelted 30 22.8 0.01 
cible 30. 
8.29 1.4 28.0 
8.70 27.7 28.6 Trace 
ae 7.53 0.5 27.2 30.6 Trace 
120 3.32 0.7 23.4 42.6 Trace 
oe 1.64 0.6 23.9 40.2 Trace 
0.22 0.5 216 45.0 Trace 
. 2104 15.6 1.0 30.1 11.8 Trace 
Settling test on molten 0 320 
reverberatory slag 30 0.34 
0.38 2.1 34.3 36.0 Trace 
as 0.28 0.1 35.0 36.6 0.01 
Molten reverberatory slag 0 3.20 0.4 34.3 37.8 a 
* 0.15 4.3 30.1 34.9 Trace 
i368 0.06 0.1 28.3 36.6 Trace 
150 0.09 2.5 33.0 34.7 Trace 
186 0.09 0.7 31.8 36.6 Trace 
180 0.06 0.1 32.7 37.4 Trace 
with silica additions 30 0.94 
60 0.56 3.7 38.9 31.2 0.01 
38.7 31.4 0.01 
oating top layer 30 0.30 3.5 30.7 37.0 0.02 
60 0.18 0.3 30.3 39.3 0.02 
90 0.16 0.1 29.6 42.0 0.01 
120 0.13 0,1 29.1 42.4 0.02 
0.17 29.9 42.2 0.01 
Settling test on converter 0. 
slag remelted from cold 30 0.86 10.1 49.2 21.9 0.05 
60 0.86 10.1 49.0 22.4 0.08 
90 0.82 11.1 49.5 22.0 0.10 
10.6 39.8 21.5 0.10 
Settling test on converter 0 
slag remelted from cold 30 v7 9.4 50.8 27.5 0.01 
with pyrite additions 60 1.05 0.1 46.0 29.2 Trace 
90 1.01 0.1 46.1 29.2 Trace 
120 0.77 0.1 50.2 19.2 Trace 
150 0.48 0.1 50.4 19.8 0.02 
0.1 51.6 21.6 0.01 
Settling test on converter 0 1.58 AB aes 333 0.08 
slag remelted from cold 30 0.93 7.8 46.1 25.8 0.08 
with silica additions 60 0.74 be 46.8 26.2 0.08 
90 0.75 4.5 47.1 27.4 0.06 
120 0.77 6.4 47.2 27.7 0.07 
150 0.76 7.0 47.0 Died. 0.11 
180 0.74 6.5 47.0 27.8 0.11 


* All the above experiments were carried out in a crucible holding 25 lb of slag at 9 in. effective depth. All samples were taken 


1 in. from the top except those footnoted below. 
+ Sample taken 5 in. from the top. 
¢+ Sample taken 1 in. from the bottom. 


Table V. Special Reverberatory Test Run—Material Balance 


Normal Operation (two furnaces), November 30, 1955* 


Assay, Pct Distribution, Pct 
D.S.T. SiO». Fe CaO Ss Cu SiO» Fe CaO s Cu 
Materials In: 
Calcine 1510 19.8 30.3 4.7 18.5 9.90 76.5 65.3 89.1 97.5 92.8 
Converter Slag 480 19.2 50.8 (1.8) (1.5) 2.40 23.5 34.7 10.9 2.5 7.2 
1990 100.0 100.0 100.0 100.0 100.0 
Materials Out: 
Matte 610 34.0 25.0 26.0 29.4 Dao) 98.50 
Reverb. Slag 1350 32.4 38.9 Dae. 0.45 L115 74.5 96.5 3.77 
Cottrell Dust 31 6.8 5.8 1.6 2.7 4.36 0.5 0.2 0.6 0.83 
Unaccounted for Loss (Gain) (1) (12.0) (4.1) 2.9 46.5 (3.10) 
1990 100.0 100.0 100.0 100.0 100.00 
The Above Recalculated for Conditions Established After 20 Hr Test Run Without Converter Slag.+ 
Materials In: 
Calcine 1510 19.8 30.3 4.7 18.5 9.90 100.0 100.0 100.0 100.0 100.0 
Materials Out: 
Matte 610 34.0 25.0 26.0 45.5 55.0 106.06 
Reverb. Slag 870 45.3 22.3 (7.0) (1.0) 0.23 132.0 42.5 86.0 3.1 1.34 
Cottrell Dust 31 6.8 5.8 1.6 2.7 4.36 0.7 0.4 0.7 0.3 0.90 
Unaccounted for Loss (Gain) (1) (32.7) 11.6 13.3 41.6 (8.30) 
100.0 100.0 100.0 100.0 100.00 


* Total copper lost in reverberatory slag is 6.08 tons in 24 hr. 
+ Total copper lost in reverberatory slag is 2.00 tons in 24 hr. 
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Fig. 4—Special 24 hr reverberatory run. Reverberatory No. 1 
was without converter slag; reverberatory No. 2, with twice 
the usual amount of converter slag. 


known strength of iodine solution. This method stood 
up best in comparison with other methods for mag- 
netite analysis and gave very good results with 
known additions of standard magnetite obtained 
from the National Bureau of Standards. Even so, it 
seems also to include some of the Fe.O,; that may be 
present in the slag. Because of the difficulty of as- 
saying magnetite by chemical methods, Cerro de 


Table VI. Copper Balance 


Total copper lost in reverberatory slag at 
present 

Total copper lost without returning con- 
verter slag to the circuit 

Gross saving 

Deduct copper lost in separate processing 
of converter slag; 7 pct at 480 tons per 
day containing 2.4 pct Cu 0. 

Net saving in copper* 3. 


6.08 tons per 24 hr 
2.00 tons per 24 hr 
4.08 tons per 24 hr 


81 tons per 24 hr 
27 tons per 24 hr 


* This is equivalent to 2.2 pct of the copper charged in our cal- 
cines. 


Pasco Corp.’s petrologist is developing a method 
which uses the geophysical magnetometer. With 
standardization of sample distance, density, etc., the 
method shows good chances of success. Occasional 
small amounts of pyrrhotite, etc., are not large 
enough to interfere. 


Forms of Copper Found in Reverberatory Slags 

Exact research work on reverberatory slags is 
almost impossible because of the many variables, 
such as charge and slag composition, general furnace 
conditions, slag temperatures, converter slag addi- 
tions, cooling rates, etc. Therefore, copper metal- 
lurgists differ widely on the forms in which copper 
occurs in reverberatory slags.** Most recent investi- 
gators are of the opinion that a large percentage of 
the copper in these slags is present as sulfide in- 
clusions. Similar evidence has been obtained in the 
present chemical analyses, leach tests, microscopic 
work, etc., which supports this assumption, see 
Fig. 1. 

Microscopic polished section studies of Oroya cop- 
per slags were undertaken by the petrologist and 
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have revealed the following to be usually present: 
silicates: fayalite, melilite, pyroxene; oxides: mag- 
netite, spinel, delafossite, tenorite, cuprite; sulfides: 
pyrites, digenite, chalcopyrite, bornite, covellite; and 
metals: copper. 

The presence of delafossite (Cu.O Fe.O,), see Fig. 
2, has been frequently noted in the reverberatory 
slags and seems to be related to the amount of oxide 
ore fed into the circuit. An appreciable portion of 
the copper minerals is mechanically locked in coarse 
magnetite, see Fig. 3. This confirms the general im- 
pression that copper loss is directly related to the 
magnetite content. Such a relation is also evident 
from Figs. 4 and 5. Although this relationship does 
not always show itself in individual random sam- 
ples, Figs. 4 and 5, which were plotted from com- 
posites of no fewer than 197 samples taken during 
a 24 hr period, are fairly representative and prove 
the direct connection between copper losses and 
magnetite. 


Settling and Modifying Tests on Reverberatory Slags 

To obtain some pointers for future large-scale 
tests, experiments were carried out in the crucible 
furnace on settling of the molten slag and on addi- 
tion of pyrites and silica. Attention was also directed 
to the mushy silica layer which can so often be 
observed floating on top of reverberatory slags, par- 
ticularly when furnaces are hard driven. Each of 
these experiments was repeated at least three times. 
The results are summarized in Table IV. 

As previously stated, a slight reaction takes place 
between the slag and the crucible wall. This, how- 
ever, is limited to the periphery, the center portion 
of the slag lying undisturbed. Even this slight re- 
action apparently ceases when the magnetite con- 
tent of the slag is reduced to a negligible amount. 

The following trends were noticed in the results 
of these experiments: 

1) Copper in the slag definitely settles to lower 
levels with time. 

2) The addition of pyrites by sprinkling on top 
of the slag also lowers the copper content of the top 


Table VII. Slag Leaching by Sulfuric Acid, Followed by 
Ferric Sulfate 


Second Leach:+ 
Temperature, 60°C; 


First Leach:* Temperature, 60°C; Time, 6 Hr Com- 
Time, 2 Hr d bined 
= Extrac- Extrac- 
Slag Pet of Extraction Slag tion of tion of 
Type Cu Fe Zn Type Cu, Pct Cu, Pct 
Reverb. nil OtO) 80.0 Reverb. 91.5 91.5 
Reverb. nil 79.0 98.0 Reverb. 95.7 95.7 
Reverb. nil 72.0 85.0 Reverb. 93.1 93.1 
Reverb. nil 57.0 78.0 Reverb. 88.7 88.7 
Reverb. nil 69.0 79.0 Reverb. 89.3 89.3 
Reverb. nil 85.0 97.0 Reverb. 97.4 97.4 
Reverb. nil 76.0 87.0 Reverb. 94.8 94.8 
Reverb. nil 70.0 81.0 Reverb. 93.0 93.0 
Average 0.0 72.7 85.6 Average 92.9 92.9 
Conv. 27.5 66.4 83.7 Conv. 93.0 95.4 
Conv. 30.2 64.5 84.5 Conv. 91.7 94.1 
Conv. 30.6 67.2 85.5 Conv. 92.6 94.5, 
Conv. 29.3 65.0 85.0 Conv. 92.5 94.3" 
Average 29.4 65.8 84.7 Average 92.4 94.6 


* 100 g slag, 1000 ml solution containing 90 g HeSOx. 
7 Filter residue 100 g from first leach with 1000 ml of solution 
containing 35 g and 1 g Feo(SO4)s. 


layers. Copper removal appears to be faster and 
more complete than by gravity alone, which indi- 
cates that pyrite has a cleansing effect of its own 
although the mechanical sedimentation effect of 
copper may be preponderant. 
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3) Addition of silica to the top of the slag does 
not have any effect in lowering the copper content. 

4) A mixture of 50 pct pyrites and 50 pct silica 
removes copper from the upper layers of slag, but 
the effect is not appreciably greater than by settling 
alone. 

5) Converter slag behaves in a Similar way to 
the reverberatory slag and the same trends are 
noticeable. 

6) The reduction of magnetite in all cases is 
very rapid, but copper removal is much slower. 

No attempts were made to explain these results 
or to apply them in actual operations. Reduction of 
magnetite by silica or pyrite is a well-known and 
accepted fact,” “ but in the case of the present ex- 
periments, it was felt that the reaction with the 
crucible walls (referred to earlier) may also have 
played a part. It is also known that magnetite, and 
the copper locked up in it, can be settled out me- 
chanically. Present results have, therefore, con- 
firmed what has already been reported by other 
workers,” * namely, that reducing agents such as 
pyrites or carbon (in this case from the crucible 
walls) reduce the magnetite content of slags and 
free the locked-up copper and that the settling 
effect on slags also is very beneficial, while silica 
when added to the top surface is not very effective 
but may probably be much more so when thor- 
oughly mixed with the slag. 

It may be difficult to apply these relatively well- 
known remedies in practice in a plant of old design 
and working under severe space limitations. Settling 
of slags either requires external settlers or can be 
done in the reverberatory itself, but only at the 
expense of severely reducing output, and the addi- 
tion of reducing agents either in the converter slag 
ladle or through the roof of the reverberatory is not 
likely to be very effective. 


Full Scale Test on Reverberatory Slag 


Small scale tests provide indications, but full scale 
work is necessary to confirm them. Facilities for 
carrying out such work are not always available, 
especially when the plant is working to capacity. 
Arrangements were made, however, with the oper- 
ating department for a full scale test of 24 hr. This 
period was selected as the holding capacity of each 
furnace is approximately 600 to 700 tons of charge, 
giving a residence time of 18 to 20 hr, so that condi- 
tions should be fairly stabilized after 24 hr. In any 
case, 24 hr was the maximum the operators were 
able to allow for this particular test. 

No change was made in the feed to either furnace. 
All the converter slag was put in No. 2 reverbera- 
tory, leaving No. 1 reverberatory free of converter 
slag for a full day. During each tapping of the slag, 
samples were taken at 5-min intervals from No. 1 
furnace and at 15-min intervals from No. 2 furnace. 
The copper and magnetite assays on the composites 
of these samples are shown in Figs. 4 and 5, where 
the time intervals and duration of slag taps are also 
indicated. 

It was not possible to alter the charge composition 
to No. 1 furnace to compensate for the absence of 
the highly basic converter slag and, as was to be 
expected, slag conditions became distinctly viscous 
after about 20 hr and there was considerable sili- 
ceous mushy material floating on the slag, although 
temperature was well maintained at about 1250°C. 
This condition disappeared soon after normal charg- 
ing of converter slag was resumed. On the other 
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Fig. 5—Special 24 hr reverberatory run. Reverberatory No. 1 
was without converter slag; reverberatory No. 2, with twice 
the usual amount of converter slag. 


hand, No. 2 furnace ran very fluid and rather on the 
hot side throughout the test run owing to the un- 
usual quantities of high temperature converter slag 
passing through it. 

The rapidity with which conditions returned to 
normal after restoring the usual converter slag feed 


_ Table VIII. Converter and Reverberatory Slag, Ammonia-Ammonium 


Carbonate Leaching* 


Con- 
Total MI of centra- 
Pres- Wt of NH,OH, tion of Extrac- 


sure, Temper- Time, Slag, 15.1 


(NH1)2COs, G per 
Psi ature,°C Min G Normal G 


Liter Cu, Pct 


70 90 120 100 140 100 75.5 60.0 
100 100 120 100 140 100 75.5 84.8 
250 150 120 100 140 100 75.5 70.7 
140 140 90 100 140 100 75.5 70.7 
140 140 120 100 140 100 75.5 74.5 
200 125 120 100 140 100 75.5 75.7 
150% 125 120 100 140 100 75.5 86.5 
150 125 60 100 140 100 75.5 77.8 
150 125 120 100 140 100 75.5 91.3 
150 125 120 100 175 50 66.0 91.2 
150 125 120 100 196 20 61.0 89.9 
150 125 120 100 107 20 36.5 77.4 
150 125 120 200 140 50 56.5 75.0 
150t 125 120 200 140 50 56.5 86.9 
150t 125 120 200 140 50 56.5 93.0 


*In all the above experiments the total volume was brought up 
to 1 liter by the addition of distilled water. All of the experiments 
were carried out in an oxygen atmosphere. Oxygen pressure at the 
start of the experiment (room temperature) was 80 psi. 

+ Optimum temperature, pressure, and leaching time. 

t+ Converter slag was used in all tests in the above tabulation ex- 
cept the last two, which were based on reverberatory slag. 


to No. 1 furnace confirms the suspicion that con- 
verter slag tends to run straight through the rever- 
beratory to the slag end, although at the same time 
dropping some of its magnetite and copper on the 
way. It is hoped that at some future date it will be 
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possible to investigate this further by the use of 
radioactive tracers, which should prove a valuable 
aid in tracking down copper losses in slags. 

It was noticed that the copper and magnetite con- 
tents in reverberatory No. 1 showed a definite down- 
ward trend, while in reverberatory No. 2 the mag- 
netite remained more or less constant and the copper 
content significantly increased, see Figs. 4 and_5. 
These results prove that high magnetite content and 
copper losses in reverberatory slags are partly re- 
lated to the presence of converter slag in the rever- 
beratory furnace. Fig. 6 shows the relation between 
the SiO./FeO ratio and the magnetite content. Con- 
sidering Figs. 4 through 6 together leads to the con- 
clusion that there is a definite relation between the 
SiO./FeO ratio, the magnetite, and the copper con- 
tents of the reverberatory slag. 

In Table V an attempt was made to summarize 
the results obtained during this run as far as slag 
losses are concerned. It is not claimed that the mate- 
rial balances presented are very accurate, but they 
are reliable as far as copper losses in the slags are 
concerned. The second material balance is a com- 
puted one, calculated from slag conditions obtained 
in No. 1 furnace after 20 hr test run when steady 
conditions were reached. It is clearly shown that 
daily copper losses are reduced from 6.08 tons to 
2.00 tons. However, this does not show how to re- 
cover copper from the converter slag if this is re- 
moved from the smelting circuit. In the following 
section tentative methods are indicated by which 
this copper could be recovered, and it has been pos- 
sible in laboratory tests to obtain 93 pct extraction 
of the copper contained in converter slags. The 
copper balance then looks as shown in Table VI. 

It should also be considered that the reverbera- 
tory capacity may be considerably increased by 
diverting converter slags, and that furnace life 
would be prolonged. However, it would be neces- 
sary to alter the charge composition and there 
would be less scope for the direct smelting of 
oxidized ores with a high silica gangue. 


Treating Copper Slags by Leach Methods 
Consideration has been given to the recovery of 
copper from slags by a separate treatment. At first 
magnetic separation was tried, but the magnetite 
was so finely disseminated as to make the method 
unworkable. Similarly, flotation of copper sulfide 
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in reverberatory slags gave recoveries of less than 
50 pet, even at low grades of concentrates. There- 
fore, these results are not being presented in detail, 
although a fair amount of work was done. 

This led to the investigation of leach methods. 
Laboratory work in this respect has gone forward 
along three lines: 

1) A double leaching process, first with dilute 
sulfuric and then with acidified ferric sulfate solu- 
tion, has yielded satisfactory results on both the 
converter and reverberatory slags. 

2) Pressure leaching of the slags with ammonia 
and ammonium carbonate in an oxidizing atmos- 
phere seems to yield very good results at relatively 
low pressures and temperatures. 

3) At higher pressures and temperatures a 
dilute sulfuric solution was found to be very suc- 
cessful in extracting copper from the slags. Again, 
the presence of an oxidizing atmosphere is neces- 
sary. 

In all these processes, extraction of copper from 
both the converter and reverberatory slags runs 
higher than 90 pct on an average. Some of the 
results are shown in Tables VII and VIII. 
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Preparation and Properties of Boron Treated 


Nonaging Open Hearth Steel 


The high ductility and nonaging characteristics of boron treated low carbon open hearth 
steels have been demonstrated both in laboratory tests and in commercial deep drawing 
applications. The addition of more than 0.005 pct B, in the form of ferroboron, seriously 
affects the rimming characteristics of most low carbon open hearth steels. In order to 
achieve the desired total of 0.007 pct B required to avoid strain aging and yet not sup- 
press rimming, it is best to use at least 0.004 pct B as a capping addition. The efficiency 
of the boron addition is greatest when it is added prior to the aluminum cap in a chemi- 
cally capped steel. Nitrogen strain aging can be completely eliminated in such steels. At 
the same time an ingot to slab yield of 85 pct can be combined with an increased duc- 


tility. 


by Eric R. Morgan and John C. Shyne 


HEN temper rolled low carbon sheet is stored 

at room temperature before use, changes take 
place in its mechanical properties. This phenomenon 
is known as strain aging. 

Normally these changes are observed by means of 
Olsen ductility and Rockwell B hardness tests but 
unfortunately such tests are relatively insensitive. 
Strain aging can be readily observed in the labora- 
tory by means of tensile tests. The tensile test 
method is even more sensitive if the aging is al- 
lowed to take place in specimens which have been 
prestrained in tension rather than by cold rolling. 
In fact one of the great benefits of commercial 
temper rolling is that it introduces a residual stress 
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pattern which tends to mask the effects of strain 
aging when the sheet is finally used in a pressing 
operation. 

1s}, Cy 1D) ile, Woe 
changes that take place during the aging of com- 
mercial rimmed steel at room temperature following 
straining in tension, curve A, Fig. 1. The first im- 
portant change that can be observed is an increase 
in the stress required to produce plastic flow. This 
increase is, in this paper, called the aging index. As 
aging proceeds and the aging index increases, there 
is also an observable return of the yield point, an 
increase in the ultimate tensile strength, and a de- 
crease in elongation to fracture. 

The results of strain aging in deep drawing steel 
manifest themselves as stretcher strains (Liuders 
bands), buckling, and tearing. In deep drawn parts 
such effects are undesirable and strain aging is a 
serious problem. The rate of strain aging of a steel 
depends upon its composition and prior mechanical 
and thermal history, but for most temper rolled open 
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(0) 
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Fig. 1—Schematic 
diagram of tensile 
tests for strain-aged 
rimmed steel. A re- 
fers to tensile pre- 
strain; B, unaged; 
C, aged three days 
at 76°F; and D, 
aged 30 days at 
76°F. 


Fig. 2—B-O and 
C-O relationships in 
molten steel. 


Fig. 3—Tensile test 
curve for strain-aged 
steel Cl, containing 
0.000 pct B, and 
aged 14 days at 
US. 


Fig. 4—Tensile test 
curve for strain-aged 
steel C7, containing 
0.008 pct B, and 
aged 14 days at 
76°F. 


Fig. 5—Tensile test 
curve for strain-aged 
steel C14, containing 
0.002 pct B, and 
aged 14 days at 
76°F: 


hearth rimmed steels, strain aging is well advanced 
and observable in three or four days of storage. 

A previous investigation by Morgan and Shyne’ 
had shown that strain aging could be eliminated 
from certain steels which contained boron. The fol- 
lowing work concerns the progress of that idea 
toward the development of a practical commercial 
nonaging open hearth steel suitable for deep draw- 
ing applications. 


Principles of Strain Aging 

The most satisfactory theory of strain aging is 
that due to Cottrell.” This theory suggests that strain 
aging may be regarded as the migration of inter- 
stitial solute atoms, such as carbon and nitrogen, to 
free dislocations and the resultant anchoring of 
those dislocations. The important factor which 
governs the degree of strain aging in a given storage 
time at room temperature is the effective amount of 
carbon and nitrogen in solution. 

In order to produce a strong yield point in temper 
rolled steel there must be, according to the Cottrell 
theory, at least 0.001 wt pet C + N in solution. This 
amount is considerably in excess of the total equilib- 
rium solubilities of carbon (10% pet) and nitrogen 
(2 x 10° pet) at room temperature. In practice the 
commercial annealing of steels leads to considerable 
supersaturation of carbon and nitrogen. The degree 
of supersaturation of nitrogen is far greater than 
that of carbon, so that in open hearth steels nitro- 
gen is the most important cause of strain aging. 
Commercially processed open hearth steel may con- 
tain as much as 0.004 pct N in solution after anneal- 
ing. 

The amount of nitrogen in solution can be limited 
by the addition of strong nitride forming elements 
such as aluminum or titanium,® but this has the 
disadvantage that it leads to a killed steel. Vana- 
dium‘ is effective in eliminating nitrogen strain 
aging from rimmed steels, but it is too expensive an 
alloying addition. Morgan and Shyne*’ have shown 


Table |. Results of Boron Additions to Rimming Steel Ingots, 


Heat A* 
Alumi- 
Boron, Form of num 
Pet Boron Pet Ingot 

Added Addition Added Rimming Action Characteristic 

0.000 —— 0.005 Good Normal 

0.003 Ferroboron 0.004 Slightly retarded Normal 

0.003 Boron Carbide 0.004 Slightly retarded Normal 

0.004 Ferroboron 0.004 Slightly retarded Normal 

0.004 Boron Carbide 0.004 Slightly retarded Normal 

0.005 Ferroboron 0.004 Slightly retarded Heavy slag and 
bleeding 

0.005 Boron Carbide 0.004 Slightly retarded Heavy slag and 
bleeding 

0.0075 Ferroboron 0.004 Retarded Heavy slag and 
bleeding 

0.010 Ferroboron 0.004 Seriously retarded Growing and 
bleeding 

0.015 Ferroboron 0.004 Nil Semikilled 

0.020 Ferroboron 0.004 Nil Semikilled 


* Composition at teeming, 0.060 pet C and 0.044 pct O. 


that boron can also eliminate nitrogen strain aging 
from laboratory steels of commercial composition. 
Boron is, however, a mild deoxidizer® and the object 
of the present work was to determine the effective- 
ness of boron in eliminating nitrogen strain aging 
from commercial open hearth steels without sup- 
pressing rimming. 
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Table II. Effect of Boron Addition Technique on Boron Content of Ingot, Heat C* 


Boron, Pet 


Analyzed 


Boron, in Cap Boron, Pct B 
Ingo oron, Pct In 
to in Cap with at Ingot Rimming to Aging*+ 
uminum Aluminum Center Condition Yield Pet Index in 2 In. 
1 
2 0. a —_— 0.000 Good 90 8050 
= 0.002 Slightly retarded 89 7500 32 
4 0.003 6605 — 0.004 Slightly retarded 89 7500 32 
5 0.003 Rie — 0.006 Slightly retarded 89 5650 36 
6 0.004 eed — 0.008 Slightly retarded 89 0 42 
7 0004 Ane — 0.007 Slightly retarded 88 0 41 
8 0.003 : — 0.008 Slightly retarded 88 0 42 
9 0.003 a 0.005 0.005 Slightly retarded 80 0 43 
10 0004 0.005 0.003 Slightly retarded 82 0 42 
== 0.004 0.005 Slightly retarded 71 0 41 
is a — 0.004 0.003 Slightly retarded 70 3100 42 
ia we = 0.008 0.001 Good 76 5200 37 
0.000 Good 82 6900 36 
007 — 0.002 Good 83 1600 42 
* Steel containing 0.07 pct C and 0.043 pct O as teemed. An addition of 0.004 pct Al i i 
The increase in flow stress produced by prestraining 10 pct (in 2 in.) and aging for 
Table III. Effect of Rimming and Capping Techniques on Boron Contents of Various Heats* 
Alumi- Alumi- Ingot Anal 
yzed Boron, Analysis 
Boron, num, Boron, num, to Slab, Pet in Ingot as Teened 
Heat Pct in Pct in Pectin Lb in Yield 
No. Mold Mold Rimming Cap Cap Ingot Condition Pet Top Center Bottom Pet C Pet O 
A 0.005 0.004 Slightly retarded = 10 Normal 84 0.005 
: .0 0.044 
0.010 0.004 Retarded 10 Light bleeding 83 — 0.007 
0.010 0.004 Retarded — 10 Heavy bleeding 85 — 0.002 — 0.06 0.065 
0.010 — Retarded — 10 Bleeding 87 — 0.005 — 
0.0075 oo Slightly retarded — 10 Normal 86 0.004 0.006 0.003 
0.005 0.004 Slightly retarded — 10 Normal 87 “= 0.003 ae 
GS 0.004 0.004 Slightly retarded — 10 Normal 89 — 0.004 0.003 0.07 0.043 
0.004 0.004 Slightly retarded 0.004 10 Normal 88 — 0.008 0.004 
— 0.004 Good 0.007 10 Normal 83 — 0.002 0.001 
D 0.004 0.004 Slightly retarded 0.004 10 Overcapped 74 0.011 0.011 0.007 0.05 0.050 
E 0.004 — Slightly retarded 0.004 6 Heavy bleeding 85 0.006 0.004 0.004 0.065 0.050 
0.004 — Slightly retarded 0.004 8 Medium bleeding 86 0.005 0.005 0.003 
0.004 — Slightly retarded 0.004 10 Light bleeding 85 0.006 0.005 0.005 
F 0.004 — Slightly retarded 0.004 8 Normal 85 0.005 0.005 — 0.06 0.052 
0.004 — Slightly retarded 0.004 9 Normal 85 0.004 0.004 — 
0.004 0.002 Slightly retarded 0.004 10 Normal 85 0.006 0.004 0.004 
0.004 — Slightly retarded 0.004 11 Normal 85 0.007 0.003 — 
G 0.004 0.003 Slightly retarded 0.004 10 Normal 85 0.004 0.004 0.003 0.065 0.042 
0.004 0.002 Slightly retarded 0.004 10 Normal 85 0.004 0.004 0.003 
0.004 — Slightly retarded 0.004 11 Normal 85 0.004 0.004 — 


* All boron capping additions were made prior to aluminum capping. 


Boron in Rimming Steel 

The important advantages of a rimmed steel over 
a killed steel are its relatively pure iron rim, its 
high ingot to slab yield, and its lower cost to pro- 
duce. Having a relatively pure iron surface endows 
it with superior surface properties in the finished 
sheet form. 

The rimmed surface region results from the re- 
jection of dissolved carbon and oxygen from the 
solidifying metal and their subsequent combination 
and removal as gaseous CO. This reaction is termed 
rimming. Rapid evolution of gas ensures a satis- 
factorily thick rimmed skin but less vigorous rim- 
ming can lead to gas cavities near the surface of the 
solidified ingot. Overvigorous rimming leads to deep 
contraction of the ingot top and a poor yield. It is 
important that the amount of oxygen and carbon be 
controlled so as to give suitable rimming conditions. 
A satisfactory C-O product (i, [%O] [%C]) for 
rimming is 0.0026 to 0.0030. 

At tap,the open hearth steel contains an excess of 
oxygen as compared with equilibrium conditions. 
This excess of oxygen is reduced somewhat during 
tapping and holding prior to teeming, Fig. 2, but 
still exceeds the equilibrium amount. The excess of 
oxygen can be readily controlled by the judicious 
addition of aluminum to the mold during teeming. 

Fig. 2 also shows the equilibrium relationship be- 
tween oxygen and boron in molten steel, as deter- 
mined by Derge." According to this data, the oxygen 
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content of 0.047 pct usually found in a 0.06 pct C 
steel during teeming could exist in equilibrium with 
0.007 pct B. This means that mold additions of 
0.007 pet or less of boron would not be expected to 
combine with the oxygen in a typical 0.06 pct C 
steel and affect the rimming action. This boron con- 
tent is exactly that shown by Morgan and Shyne’ to 
be most effective in suppressing aging in laboratory 
melts. . 

Boron additions in the form of ferroboron (17.5 
pet B) and boron carbide (45 pct B) were made, 
during teeming, to rimming ingots prepared from 
an open hearth heat. The results are given in Table I. 

In those ingots in which the rimming action was 
noted to be slightly retarded, a gradual improve- 
ment in rimming action was detected after about 
1 min. Those ingots which were rimmed showed a 
low boron yield and were aging, whereas the semi- 
killed ingots were nonaging with a high boron yield. 

The addition of boron carbide was not as satis- 
factory as an addition of ferroboron because it was 
difficult to dissolve and gave a lower boron yield 
in the finished steel. All subsequent mention of 
boron additions will refer to the use of ferroboron, 
unless otherwise stated. 


Boron in Chemically Capped Steel 
A chemically capped ingot is one which is initially 
allowed to rim in the usual manner but is subse- 
quently semikilled by the addition of a deoxidizer 
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such as aluminum. This type of steel then com- 
bines the desirable rimmed surface characteristic of 
rimming steel with the high ingot to slab yield 
characteristic of semikilled steel. It was anticipated 
that the partial deoxidation achieved during chemi- 
cal capping would minimize the oxidation of the 
boron addition and thus result in a higher addition 
efficiency. 

The successful preparation of chemically capped 
steel depends upon a satisfactory initial rimming 
period, so that the effect of boron upon rimming is 
important. Additions of ferroboron and boron car- 
bide were made to the molds during teeming of 
another heat (heat B) and it was observed that 
0.0075 pet B had only a slightly retarding effect 
upon rimming. The composition of the steel at teem- 
ing was, however, 0.06 pct C and 0.065 pct O. This 


Table IV. Strain Aging Characteristics of Boron Treated Steels 
Produced from Ingots Showing Normal Capped Characteristics 


Ultimate Total Analyzed 
Tensile Elongation, Boron 
Ingot Aging Aging* Strength, Pet in Content, 
No. Treatment Index Psi 2 In. Wt Pct 
(Csil Annealed — 46900 40 Nil 
14 days, 76°F 8050 51100 29 
30 days, 76°F 7600 51300 29 
i hr, 212°F 7850 52000 28 
C6 Annealed — 45000 42 0.007 
14 days, 76°F 0 45750 41 
30 days, 76°F 0 45000 41 
1 hr, 212°F 0 44900 40 
c8& Annealed -— 43850 42 0.005 
14 days, 76°F 0 44800 43 
30 days, 76°F 0 43700 43 
0 42900 43 
Bl Annealed — 43950 44 Nil 
14 days, 76°F 5600 44850 32 
30 days, 76°F 5900 45300 32 
6850 47500 35 
B4 Annealed — 42350 44 0.006 
14 days, 76°F 0 41900 41 
30 days, 76°F 0 42750 42 
hr,212°F 0 43150 42 
B5 Annealed —_— 41850 43 0.004 
14 days, 76°F 0 43250 42 
30 days, 76°F 0 42800 43 
ihr, 0 43250 41 


* The increase in flow stress produced by prestraining 10 pct and 
aging. 


C-O product (0.0039) was abnormally high, so that 
the removal of some oxygen by the boron was not so 
deleterious to rimming. On the basis of these first 
two experiments and the results of Derge,® it was 
decided that no more than 0.004 pet B should be 
added if satisfactory rimming was to be obtained in 
all future heats. 

This value of 0.004 pct B is appreciably lower 
than the optimum value of 0.007 pct recommended 
by Morgan and Shyne.’ Therefore, the possibility 
of adding the extra boron as a capping addition 
was investigated. There appeared to be two reason- 
able ways of adding boron as a capping addition so 
as to give a good boron distribution in the ingot. The 
extra boron could be distributed only if it were 
added to turbulent metal and therefore it had to be 
added either prior to or with the normal aluminum 
capping addition. These two addition techniques 
were applied and the results are given in Table II. 

The lower ingot to slab yield for ingots 8 to 14 of 
this heat (heat C) can be accounted for by the fact 
that overheating occurred during the soaking opera- 
tion. Further work has shown that boron treated in- 
gots are no more prone to soft centers than similarly 
heated steels without boron. 
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The total elongation (in 2 in.) of the untreated 
steels was 40 pct in the unaged (annealed) condi- 
tion, whereas those boron treated steels which were 
nonaging exhibited a total elongation of 42 pct even 
after strain aging at room temperature for 14 days. 
This higher ductility of the nonaging boron treated 
steels was a generally observed phenomenon. Typi- 
cal stress-strain curves for some of these steels are 
given in Figs. 3, 4, and 5. The results also show 
that there was no appreciable decrease in ductility 
on aging until the aging index had exceeded 3500 
psi. 

The amount of aging which can be tolerated will 
vary from application to application. However, it is 
safe to assume that a steel which does not demon- 
strate an aging index of more than 2000 psi will not 
exhibit stretcher strains in any pressing operation. 

In the preparation of ingot 4 the capping addition 
was not stirred, whereas in the preparation of ingots 
5, 6, and 7 the capping additions were thoroughly 
stirred in. The importance of this stirring is demon- 
strated by the absence of aging in ingots 5, 6, and 7. 

In the case of the mixed ferroboron and aluminum 
capping addition, stirring was difficult because of 
the tendency for the mixture to sinter and form a 
cake. This difficulty was most apparent for ingots 
11 and 12. It is significant that the boron yield was 


' always lower in those ingots prepared by this 


technique. 

The completely successful nonaging ingots 5, 6, 
and 7 plus the almost successful ingot 14, all pro- 
duced by boron capping prior to aluminum capping, 
suggested that this was the best capping technique. 

It is surprising that ingots 11 and 14, which con- 
tained no more than 0.003 pct B, were nearly non- 
aging even under the exaggerated aging test con- 
ditions used. However, it must be appreciated that 
the suggested optimum’ value of 0.007 pct B was 
based on experimental alloys containing more nitro- 
gen than the present open hearth steel. A reason- 
able figure for the minimum safe boron content in 
the present open hearth steel appears to be about 
0.004 pct. 

The important boron content is not necessarily 
the total boron present but rather that boron which 
is effectively free to combine with the dissolved 


Table Y. Results of Boron Treated and Regular Steel Processed 
into Mercury Door Panels 


Analysis, Storage 
Ingot Boron Pct Period 


No. inIngot in Days Performance 


A6 0.005 4 No stretcher strains 
35 No stretcher strains 


AT 0.007 4 No stretcher strains 
A4 Nil 14 Severe stretcher strains, required roller 
leveling 
A2 Nil 4 Light stretcher strains, required roller 
leveling 
35 Severe stretcher strains, required roller 
leveling 


nitrogen. Any boron present as boron oxide will not 
contribute to the formation of the B-N complex. 

If some of the boron is oxidized after it is added 
to the mold and it floats to the top to form a slag or 
is mechanically entrapped, the amount of effective 
boron present in the ingot should depend largely 
upon the capping practice. An efficient aluminum 
capping addition should reduce this boron oxide 
rich slag to boron which can be reabsorbed by the 
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remaining liquid steel. At the same time the re- 
moval of oxygen from the molten steel should re- 
sult in the reduction of the boron oxide which is 
mechanically suspended in the turbulent metal. This 
would increase the efficiency of the boron addition. 

The effects of variations in capping practice were 
studied and some of the results are summarized in 
Table III. 

Several conclusions may be drawn from these 
results: 


1) The boron yield was highest when the degree 
of deoxidation was greatest, as in heat D. In this 
case a normal capping practice of 10 lb Al led to 
overcapping and deeply piped ingots because of the 
low C-O product of the steel as teemed. 

2) Even when the ingot was not sufficiently de- 
oxidized in capping, as in heat E, there was a rela- 
tively high boron yield within the ingot. However, 


Table VI. Results of Regular and Boron Treated Steel Processed 
into Ford Front Fenders 


Storage 


Scrap Repaired Period 


Ingot Type Parts, Pct Parts, Pct in Days 
Regular chemically capped Delt 15.7 2 
Boron treated, chemically capped 1.9 8.2 2 


subsequent testing showed that those ingots which 
were subject to bleeding also exhibited some aging. 


3) The implication is that when capping does 
not sufficiently depress the free oxygen content of 
the steel, the boron will not exist in an effective 
form. 


4) All ingots containing more than 0.004 pct 
analyzed boron and showing normal capped charac- 
teristics, such as a flat top or slight crown after 
capping, were completely nonaging under all test 
conditions. Examples are given in Table IV. 

In order to obtain successful boron treated non- 
aging ingots it is essential that the oxygen content 
of the steel be controlled within certain limits. This 
is probably best achieved by using only those heats 
which will be tapped at not less than 0.06 pct C. 
At that carbon level, the C-O product will usually 
fall within the satisfactory limits of 0.0026 to 0.0030 
at teeming. A standard preparation technique can 
then be applied with reasonable assurance that nor- 
mal ingots will be produced. 

Laboratory tensile tests showed that the largest 
boron additions used did not impair the ductility of 
low carbon sheet steel. This was also borne out by 
Olsen ductility and Rockwell hardness results. 
Boron apparently dissolves in cementite’ and does 
not form another precipitate phase which can inter- 
fere with plastic deformation. 


Rolling and Annealing Procedures 


Experience has shown that boron treated steel 
can be soaked and slabbed in the same way as un- 
treated steel of the same grade. Under normal soak- 
ing conditions steels containing boron are identifi- 
able from the apparent scale blisters all over the 
surface. There was no greater tendency for surface 
defects or ingot crumble for the treated material 
than for untreated material. 

The reheated slabs were hot stripped to finish at 
1540°F and then coiled at a variety of specified tem- 
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peratures. There was no obvious difference produced 
by coiling at temperatures within the range 1100° 
to 1300°F. 

All commercial coils were cold reduced 60 pct 
after pickling because laboratory tests had shown 
this to be satisfactory. Annealing cycles normally 
used for regular chemically capped steel were 
adopted with success. The material showed only 
normal sensitivity to variations in annealing prac- 
tice. An annealing temperature of 1320°F is recom- 
mended. 

Boron treated, chemically capped material has 
shown good ductility and low hardness and has been 
satisfactory for use on the most severe deep draw- 
ing operations. 


Boron Treated Steel in the Stamping Plant 

The obvious benefits of a nonaging steel lie in the 
absence of stretcher strains and the retention of its 
high ductility throughout prolonged storage. In 
order to study the susceptibility of boron treated 
steel to stretcher strain formation a quantity of this 
material was processed into Mercury door panels. 
This part requires only a shallow draw so that any 
tendency toward the formation of stretcher strain 
would have been obvious. The results are given in 
Table V. 

The storage period of five weeks used for this 
test spanned the record period of hot weather of the 
summer of 1955. It is significant that the boron 
treated steel showed no signs of aging. 

In order to study the effects of boron treatment 
on the ductility of finished sheet steel a considerable 
quantity. of boron treated material was tested by 
drawing into Ford front fenders. The results of this 
test are given in Table VI. 

When processed as freshly temper rolled material 
the boron treated steel showed definite superiority 
in the form of a lower percentage of scrap and split 
parts. These results confirm the conclusion from lab- 
oratory tests that boron improves rather than de- 
tracts from the ductility of low carbon open hearth 
steel in addition to imparting nonaging character- 
istics. 
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Reduction of Nickel by Hydrogen from Ammoniacal 
Nickel Sulfate Solutions 


This paper is an account of a detailed examination of the reaction by which nickel 
can be precipitated from aqueous ammoniacal nickel sulfate solutions by hydrogen at 
elevated pressures and temperatures. The thermodynamics of the reactions are discussed 
and the behavior of ammonia is illustrated. A mechanism is proposed to account for the 
catalytic effect of ferrous salt additions, and the effect of variables on the autocatalytic 
nature of the reduction is described with particular reference to the dependence of the 
reaction rate on the available surface area of nickel metal. 


by V. N. Mackiw, W. C. Lin, and W. Kunda 


N the process employed by Sherritt Gordon Mines 

Ltd. for the production of metallic nickel, a sul- 
fide concentrate is leached with ammonia and air 
under pressure. Following the removal of iron, cop- 
per, and other impurities, there remains a purified 
solution having the following analysis: 40 to 50 g 
per liter Ni, 200 to 400 g per liter (NH,).SO,, and 20 
to 30 g per liter NH;. Metallic nickel is reduced from 
this solution by hydrogen under pressure at 300° to 
350°F in mechanically agitated autoclaves. 

A catalyst, ferrous sulfate, is required to initiate 
the first reduction. After the reduction, the depleted 
solution is discharged, leaving the metallic nickel in 
the autoclave. The nickel produced, being in a finely 
divided form, is used as a catalyst for the reduction 
of the next batch of solution. Upon repeated use the 
metallic nickel particles increase in size and become 
more compact, resulting in the production of a pow- 
der with higher apparent density. For this reason, 
each reduction is termed densification. Finally, 
when the burden of metal powder in the autoclave 
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becomes tuo great to obtain effective agitation, both 
powder and depleted solution are discharged. The 
autoclave is then filled with fresh solution, ferrous 
sulfate catalyst added as before, and a new cycle 
started. The operation is described in earlier pub- 
lications.** 

A comprehensive historical review of the reduc- 
tion of metals from solutions in general was given 
in a paper by Schaufelberger.’ 

The experimental data presented in this paper 
were taken from the work done in the Research Lab- 
oratory of Sherritt Gordon Mines Ltd. in Ottawa 
during the development of the process in 1951 and 
1952. The results of the work were tested on a pilot 
plant scale in Ottawa in the period 1952 to 1953. Fol- 
lowing laboratory and the pilot plant studies a com- 
mercial process has operated successfully since 1954 
in the Nickel Refinery of Sherritt Gordon Mines Ltd. 
in Fort Saskatchewan, Alberta. 


General Experimental Technique 

The experiments were carried out in a stainless 
steel, l-gallon, agitated autoclave designed and 
manufactured by Autoclave Engineers Inc. The in- 
side dimensions of the vessel were 5 in. diam and 12 
in. depth. 

The stirrer consisted of a % in. diam shaft 11 in. 
long fitted with an axial flow type impeller (three 
blades bent to throw downwards) and a radial flow 
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four straight blade impeller placed 3 in. above. Both 
impellers had a diameter of 2% in. The stirrer was 
rotated at 730 rpm* except as otherwise stated. 


* A rotation speed of 730 rpm for the arrangement used was found 
to be normally above the critical speed. Below the critical speed 
the mass transfer would become the rate controlling factor. ‘ 


A 2.5 liter charge was placed in the autoclave, 
which was then closed and purged with hydrogen. 
The rotation of the stirrer was started and the solu- 
tion heated with an external burner. The tempera- 
ture was measured by a thermocouple fitted into a 
thermowell through the head of the autoclave. When 


Table |. Relation between Temperature and Reaction Rate 


Reciprocal 
of Absolute Rate Con- 
Temperature, stant, k, 
Temperatures 1 100 
thr, ——.,, Min-1 
oF °C oT a8 Min tle 
300 149 422 0.00237 64 
325 163 436 0.00229 38 2.63 
350 177 450 0.00222 23 4.35 
375 191 464 0.00216 18.5 5.40 
400 204 477 0.00210 . 15 6 


the required reaction temperature was reached, the 
pressure gage indicated the vapor pressure of the 
solution. Hydrogen was admitted through an open- 
ing on the head to a total pressure equal to the vapor 
pressure plus the desired hydrogen partial pressure. 
During the reduction, samples were drawn at con- 
venient time intervals for analysis. 

The data referred to in Figs. 13, 14, and 15 were 
collected from experiments carried out in a 2 ft diam 
by 7 ft long horizontal autoclave with three vertical 
impellers. 


Thermodynamic Considerations 
The chemical reactions involved in the reduction 
of nickel by hydrogen in ammoniacal solutions are 


Ni** + H, = Ni + 2H" [1] 

H* + NH, = [2] 

n=1to6 [Ni(NH,)n—1]** + NH,= [Ni(NH,)n]*. 
[3] 


According to Eq. 2, increasing NH, concentration 
favors the forward reaction in Eq. 1 while, according 
to Eq. 3, it retards the forward reaction in Eq. 1 by 
reducing the simple Ni** concentration. 

A semiquantitative treatment to illlustrate this 
dual effect of NH; is as follows: 

a) The redox potential of the system H*/H, is 
given by* E = — 0.060 pH— 0.030 log ax, at 30°C, 
where az, is the activity of hydrogen. At constant 
ionic strength, and assuming a direct proportionality 
between the solubility and the partial pressure of H, 


E = E, + 0.060 log [H*] — 0.030 log ps, [4] 


where FE, is the potential at unit H* concentration 
and unit H, pressure, [H*] is the hydrogen ion con- 
centration, and px, is the hydrogen partial pressure. 

b) The redox potential of the system Ni(II)*/Ni 


* Ni(II) is used to indicate bivalent nickel whether or not it is 
complexed with 


is* E = E° + 0.030 log ay,** at 30°C, where ay,** is the 
activity of Ni*t and the activity of nickel metal is 
set equal to 1. 
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Fig. 1—Redox poten- 
tials at various pH’s 
in ammoniacal 
nickel salt solutions. 


Fig. 2—Logarithms 
of equilibrium con- 
centrations of nickel 
at various pH’s in 
ammoniacal salt 
solutions in presence 
of He. 


Fig. 3—Reduction 
of nickel at various 
initial NHs/Ni 
ratios; nickel metal 
powder used as 
catalyst. Numbers 
refer to initial 
NHs/Ni ratio 
(molar). 
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Fig. 4—Reduction of nickel in presence of different concen- 


trations of Fe**. 
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At constant ionic strength 
E = E, + 0.030 log [Ni*] [5] 


where E, is the potential at unit Ni* concentration, 
and [Ni‘*] is the concentration of Ni** in solution. 
In ammoniacal solutions, some of the nickel ions are 
bound to ammonia molecules so that the concentra- 
tion of Ni(II) in solution is 


Cy: = [Ni**] + 
+ [Ni(NH;)."*] 
where all the terms are concentrations. At constant 
ionic strength 
[Ni(NH,)n**] 
[Ni(NH,)n—1**] [NH.] 
Cy, = [Ni*] 


[6] 
By combining Eqs. 5 and 6 
E= 
Cyr 
0.030 log - - [7] 
Kas k, can be taken from 


Bjerrum’s’ results. For instance, in 2 molar am- 
monium nitrate, at 30°C, log k, equals 2.80; log k., 
2.24 Ks, lato; log 119: los 0:75; and log 
0.03. Under these conditions 


becomes 
Combining Eqs. 7 and 8 
= te) 
or 
0.030 1 [1 + ae | [9] 
— 0. og — + 
[H*] 


Between certain values of (H*), the following ap- 
proximations may be made 


—log [H*] <6.23 E = E, + 0.030 log Cy 
6.23 <— log [H*] <6.79 


E = E, + 0.030 log Cy, — 0.030 log =——_ 
[H*] [10] 

6.79 <— log [H*] <7.30 
E = E, + 0.030 log Cy, — 0.030 log 


13.02 


The redox potentials of the systems Ni(II)/Ni and 
H’/H, may now be plotted against — log [H*], see 
Fig. 1, using Eqs. 4 and 10. 

The position of the Ni(II) /Ni curve relative to the 
H’/H, curve is not fixed owing to the unknown quan- 
tities, E, and E,. Increasing the hydrogen partial 
pressure pu, would lower the position of the H‘/H, 
curve. A change in temperature within the normal 
range would change the slopes of both curves only 
slightly and to the same extent. The shapes of the 
two curves are such that, at extreme pH values, the 
forward reaction is not possible while, in the inter- 
mediate range, where the Ni(II) /Ni curve is above 
the H*/H, curve, the forward reaction will proceed. 

An alternative approach to the same problem can 
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be made by equating Eqs. 4 and 9 to obtain an ex- 
pression for the equilibrium metal concentration, 


Cy, as a function of — log [H*] and pu. 


1 -6.23 
E, + 0.030 log Cy — 0.030 log ts fH] 


= FE, + 0.060 log [H*] — 0.030 log px. 


or 
E, — E, 
] alo 
og 0.030 g 
+log [14+ +... pm [11] 


Log C, is plotted against — log [H*] in Fig. 2. Again 
the quantities E,, E., and ps, will fix the absolute 
position of the curve. The concentration of Ni(II) 
at equilibrium is therefore minimum between — log 
[H*] = 6.79 and 7.30, when nickel is mainly present 
in solution as Ni(NH,).** ions. No experimental 
equilibrium concentration data are available to illus- 
trate the foregoing theoretical discussion. The data 
given by Schaufelberger’ correspond only to the left 
hand side of the curve in Fig. 2. They showed the 
slope of the log Cy vs pH curve to be —2, in agree- 
ment with the theory developed. Later work in the 
Sherritt Gordon Mines laboratory, when both nickel 
and cobalt were present in solution, also showed a 
slope of —2 for either the log Ni* vs pH or log Co™* 
vs pH curves, “ for the low pH range. 


Effect of Ammonia 


In practice, it has been found that when there are, 
in the original solution, 2 mol NH; per mol Ni, the 
latter may be completely reduced; at the end of the 
reduction, all the NH, is neutralized by the H* gen- 
erated. In the case where there is less than the 
stoichiometric amount of NH; present in the original 
solution, when all of the NH, is neutralized the pH 
of the solution drops and the reduction stops before 
all the nickel is reduced. When there are more than 
2 mol NH; per mol Ni present originally, as the re- 
duction proceeds the ratio of concentration of NH, 
to nickel increases. The complexing of more of the 
simple Ni*™* results, and a point is reached where the 
Ni* concentration is so low that the reaction stops. 

A series of experiments serves to illustrate this 
point. Solutions containing 70 g per liter Ni were 
prepared for the reduction experiments using nickel 
ammonium sulfate. The initial NH,/Ni molar ratios 
used were 1, 2, 3, and 4. The temperature of reaction 
was maintained at 400°F and the total pressure at 
640 psig, corresponding to approximately 400 psi H.. 
The 100 g per liter metallic nickel with the following 
screen analysis was used as a catalyst: —100 + 150 
mesh, 5.1 pct; —150 + 200 mesh, 6.3 pct; —200 + 325 


50, T T T T T T T T T 
J 
0, \ « 
“a 
4 
O° 10 20 30 40 50 60 70 80 90 100 
TIME (MIN) 
Fig. 5—Reduction of nickel at various temperatures with Fe** 
catalyst. 
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Seige 16.3 pet; and —325 mesh, 72.3 pct; total, 100 
pet. 

The data are plotted in Fig. 3. The graph shows 
that not all the nickel was reduced when the starting 
concentration of NH; was much higher than that 
required for neutralizing the acid formed during the 
reduction. It also shows the abrupt ending of the 
reaction when the initial NH, concentration was very 
much below the stoichiometric requirement. In the 
experiments that follow, the initial NH,/Ni ratio 
was about 2. 


Reactions Involving Ferrous Sulfate as Catalyst 

During the development of the process in the re- 
search laboratory of Sherritt Gordon Mines Ltd., it 
was discovered that the addition of a ferrous salt to 
the solution not only catalyzed the reduction of 
nickel by hydrogen, but also resulted in the produc- 
tion of a very fine and active nickel powder. Later 
it was found that with increasing concentrations of 
(NH,).SO,, the catalytic effect of ferrous salt de- 
creased. Experiments were therefore carried out to 
determine the effects of the concentration of ferrous 
ion, the reaction temperature, and the (NH,).SO, 
concentration on the rate of nickel reduction em- 
ploying FeSO, as a catalyst. 

In this study the solution used was prepared with 
aqueous ammonia and nickel ammonium sulfate to 
give a nickel concentration of 70 g per liter and a 
NH,/Ni molar ratio of 2. The temperature was main- 
tained at 400°F and the total pressure at 650 psig, 


Wr A; 

Table II. Relation Between and 
WwW; Ai 

Wr Afr 

Wi Ai 

Ld 1.07 

1.25 1.16 

1.5 1.31 

2.0 1.59 


corresponding to a partial pressure of H, of about 
400 psi. The agitator speed was 640 rpm. The data 
are plotted in Fig. 4. 


100 
A plot of (a measure of the rate constant, k) 


tle 

vs g per liter Fe present is shown in the insert of 
Fig. 4. The ts (half life time) is the time required 
for reduction of 50 pct of the nickel in solution. Ap- 
proximately direct proportionality can be seen be- 
tween this rate constant and the catalyst concentra- 
tion. This is in agreement with catalytic reactions in 
general. At the very high Fe™ concentrations of 4.5 
g per liter, the rate of reaction probably was limited 
by the rate of mass transfer. 


Effect of Temperature 

The effect of temperature on the rate of reaction 
using Fe** as catalyst can be illustrated by the fol- 
lowing series of experiments. 

The solution used (for this set of experiments) 
was prepared from aqueous ammonia and _ nickel 
ammonium sulfate to give 80 g per liter Ni and 46 
g per liter NH, (NH,/Ni molar ratio of 2). FeSO, at 
1.2 g per liter Fe** was added as a catalyst. The par- 
tial pressure of H, was maintained at 350 psi for all 
experiments. In these experiments the NH, titra- 
tions instead of the nickel analyses were used to 
follow the progress of the reaction. This is justifiable 
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9 
8 4 
o a 
5 4 
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Fig. 6—Log K ys 3 J 
1/T plot; Fe** 
catalyst. 
2 4 


-0023 


because for each mol of nickel reduced 2 mol NH; 
are neutralized. 

The data are plotted in Fig. 5. From the figure, 
the t44 values and their reciprocals may be read and 
calculated. These values and the corresponding tem- 
perature functions are given in Table I. 


1 
The plot of log k vs Te as shown in Fig. 6 does not 


give a straight line owing probably to many factors, 
of-which the variation of H, solubility with tempera- 
ture is one. The solubilities of H. in water at various 
temperatures and under constant partial pressures 
of H, have been determined.” If the same tempera- 
ture coefficient of solubility change is assumed for 
the solutions used, corrections on the reaction rates 
may be made. However, the corrections were found 
to be small except for temperatures above 400°F. 
Therefore, instead of making the corrections, an ap- 
parent effect of temperature on the reaction rate 
(including the solubility effect) was determined for 
two temperature ranges, 300° to 350°F and 350° to 
400°F. At higher temperatures, other factors such 
as mass transfer might have caused a slower than 
expected rate. Thus, the apparent energy of activa- 
tion ranges from 13.7 kcal at 300° to 350°F to 6.5 
keal at 350° to 400°F. 


Kinetics of the Reaction Involving Fe** Catalyst 

The shapes of the curves shown in Figs. 4 and 5 
are found to be close to parabolic except toward the 
end of the reaction. A plot of nickel (or NH;) con- 
centrations against the square of time should there- 
fore give a straight line. 

Since there were not enough experimental points 
for plotting, readings were taken from the top por- 
tions of the curves in Fig. 5. The values of NH; con- 
centration are plotted against the values of (t)* in 
Fig. 7. 

The parabolic nature of the rate curves can be 
explained if the following assumptions are made: 

1) The rate of reduction is directly proportional 
to the number of nuclei formed. 

2) The rate of formation of the nuclei is constant. 

Therefore 


[a] 
dt 

Ie” [b] 
dt 


where c equals concentration of nickel (or NH;) in 
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Fig. 7—NHsz concentration ys t” plot; Fe** catalyst. 
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Fig. 8—Effect of (NH)2SO; on rate of reduction with Fe** 
catalyst. Numbers indicate initial (NH).SO;: NiSO; ratio 
(molar). 
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Fig. 9—Reduction of nickel at various H» pressures; nickel 
metal powder used as catalyst. 


n 
40 50 60 70 80 


TIME (MIN) 


Fig. 10—Reduction of nickel at various temperatures; nickel 
metal powder used as catalyst. 
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solution, N equals number of nuclei, and t equals 
time. 


dc 


From Eq. b, N=k”t, and from Eq. a, cP 


k’k”t. Therefore, c = — ¢ or c= kt-where 


k/k” 
2 


k= 


The slowing of the rate toward the end of the re- 
action can be explained by a process whereby the 
number of nuclei decreases by the agglomeration of 
the very fine (microscopic or submicroscopic) par- 
ticles to form macroscopic particles. The significance 
of this phenomenon will be illustrated further later 
on. 


Effect of (NH,)-SO. and a Hypothesis to Explain The 
Mechanism of the Fe** Catalyst 

The addition of (NH,).SO, to a reaction system 
using Fe** catalyst was found to retard the reaction. 
The reaction cannot proceed if the concentration of 
ammonium sulfate in solution exceeds a certain 
critical value. This critical concentration depends 
upon other solution conditions. 

One series of experiments illustrates this point. 
The solutions used contained 45 g per liter Ni and 
26 g per liter NH; (NH;:/Ni molar ratio= 2) and 
different concentrations of (NH,).SO,; 1 g per liter 
Fe**, added as FeSO,, was used as a catalyst. A tem- 
perature of 300°F and a partial pressure of H, of 400 
psi were maintained. The results of the experiments 
are plotted in Fig. 8. A plot of the reciprocal of t% 
values against the initial (NH,).SO./NiSO, molar 
ratios is given in the insert in Fig. 8. 

The results of Fig. 8 show that the rate is strongly 
dependent on the (NH,).SO, concentration and above 
a certain concentration the rate is infinitely slow. By 


0 
vs (NH,).SO,, see in- 
te 


extrapolating a curve of 


sert in Fig. 8, it can be shown that at an initial ratio 
of 2 (for 45 g per liter Ni) the time becomes in- 


Table III. Relation between Temperatures and Rate Constants 

k~ 100 

Temperatures 1 5 

tir, th 

oF °C oT Ge Min Min-1 
300 149 422 0.00237 53 1.9 
350 177 450 0.00222 19 5.3 
400 205 478 0.00210 13 Ler 
450 232 505 0.00198 11 9.1 


finite. In the last experiment, all the metal reduced 
was plated on the wall of the vessel, indicating that 
in this particular case only the walls were acting 
as a catalyst. 

It was noticed that in cases of low (NH,).SO, con- 
centrations, a turbidity was obtained when FeSO, 
was added, while in cases of very high (NH,).SO, 
concentrations, the solutions remained clear. These 
observations suggest that at low (NH,).SO, concen- 
trations Fe(OH)., which probably is responsible for 
the catalysis, is formed. The metallic nickel nuclei 
formed initially then behave autocatalytically. The 
(NH,).SO, concentration increases as the reaction 
proceeds and, when it is too high for the Fe(OH), to 
be stable, the latter dissolves and the acceleration 
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stops. All the iron added was finally found in the 
solution in the Fe* state. 


Autocatalytic Nature of Nickel Reduction 

In the preceding paragraph, the kinetics of nickel 
reduction catalyzed by FeSO, have been discussed. 
The following discussions will concern the kinetics 
of nickel reduction when metallic nickel is present 
as a catalyst. 

Metallic nickel is known to activate hydrogen and 
is used as a hydrogenation catalyst. Since metallic 
nickel is the product of the reduction reaction under 
discussion, it is understandable that the reaction 
should become autocatalytic; that is, the reaction 
should accelerate and the order of reaction should 
be negative (even when metallic nickel is the only 
catalyst present). 

In practice, however, it has been found both in 
the laboratory and in the plant that, as a rule, when 
only metallic nickel is used as a catalyst, the rate 


Table IV. Relation between Surface Areas and Reaction Rates 


Rate 
Average Wt of Constant, 
No. of Particle Nickel Total Min-1 
Densifi- Diameter, 4, 27 Catalyst Surface Reduction 100 
cation, per Liter, Area, Time, —— 
2 Observed Corrected* G, W M2, At Min, t t 

1 20, 60 2.0 80 1.25 

2 27.4 32 105 2.2 101 0.99 

3. 42.1 38 150 PANEL 91 1.10 

4 45 195 2.9 84 1.19 

5 47.3 50 240 3.2 75 HESS 

6 57.0 55 285 ous) 67 1.49 

7 60 330 

8 67.6 64 375 4.0 70 1.43 

9 66.3 67 420 4.2 Bef ies) 

10 70 465 4.5 58 1.72 
11 68.8 73) 510 4.7 52 1.92 


* These are values taken from a smooth curve drawn through the 
experimental points shown in Fig. 13. 


4/3rr8 
8.9 g per cu cm. 


3 
(4rr2) = ——, where d is the density of nickel, 


curve is essentially linear; i.e., the reaction is of the 
zero order. Exceptions have been observed, but 
usually they can be explained by the particular ex- 
perimental conditions employed. 

A zero order curve corresponds to a catalytic re- 
action in which the concentration of the catalyst does 
not change during the reaction. Since one of the 
products of reaction is metallic nickel, the total 
catalytic surface increases as the reaction proceeds. 
However, as will be shown later, the reduced nickel 
deposits on the surface of the nickel already present, 
causing a growth of the solid particles. For spherical 
particles, it can be shown that the ratio of final sur- 


2 
face to initial surface is equal to the a power of the 


9 T T T T 7 

8 

4 

|r 

5 4 

4k 

Fig. 11—Log K ys 
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Fig. 12—Effect of nickel catalyst concentration on reduction 
rate. 


ratio of final weight to initial weight. Thus 


2 


ae ( W, 
where A, is the final surface area; A; the initial sur- 


face area; W,, the final weight; and W,, the initial 
weight. 


A 
Table II gives the relation between ’ and 
A; W, 


for a range of values commonly encountered, 


l.e., from —— = 1.1 to 2.0. 

Assuming a direct proportionality between the re- 
action rate and the surface area, it can be seen that 
if the deposited weight is less than one quarter of 
the original weight of metallic nickel, the increase 
in surface or rate of reaction is less than 16 pct. The 
curvature is therefore not large enough for the curve 
to appear as deviating appreciably from a straight 
line. 

Factors which cause the curve to deviate consid- 
erably from a straight line are numerous. Among 
those which cause a change in the reaction order 
toward the positive side, i.e., a deceleration of the 
reaction, are: 

1) The use of nickel powder approaching the 
critical size for maintaining suspension under given 
agitation conditions. (In this case, the growth of the 
nickel particles in the course of the reduction causes 
them to settle to the bottom of the autoclave, there- 
by lowering the effective catalytic surface area.) 

2) Depletion of Ni** toward the end of the reac- 
tion so that the effect of its concentration becomes 
more pronounced. (This is especially true when start- 
ing with a NH,/Ni molar ratio greater than 2.) 

3) The tendency of very fine nickel particles to 
agglomerate, causing a decrease in the catalytic 
surface. 

One of the factors which causes a change in the 
reaction order toward the negative side, i.e., an 
acceleration of the reaction, is the initial gradual 
establishment of the equilibrium between hydrogen 
gas, dissolved hydrogen, and adsorbed hydrogen. 

Experience in pilot plant scale reduction runs has 
shown that, after an original nickel catalyst has been 
used a few times with a solution containing 2 mol 
NH, per mol Ni, the reduction curves always show 
a zero order form, i.e., the rate is constant from the 
beginning to the end. 
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In laboratory scale experiments, linear (or nearly 
linear) reduction curves are also obtained within 
a rather wide range of conditions. 


Dependence of Rate of Reduction on Hydrogen Pressure 


A series of experiments to determine the effect of 
H, pressure was carried out using solution with the 
following analysis: 54 g per liter Ni, 35 g per lter 
NH;, and 360 g per liter (NH,).SO,. 

For catalyst, 50 g per liter Ni with an apparent 
density of 0.6 g per cu cm was used. The tempera- 
ture was 350°F. The NH, concentrations were used 
to follow the progress of reduction. The data are 
plotted in Fig. 9, showing the curves to be very close 
to straight lines. 

A log-log plot of pressure vs k, see insert in Fig. 9, 
gave a slope of 0.9. Therefore, the relationship may 
be written as k ~ (pn.)°”. 

The rate of reduction is almost directly propor- 
tional to the partial pressure of hydrogen. 


Temperature Coefficient of the Rate of Reduction 

A series of reduction experiments with nickel 
powder as catalyst was made to determine the effect 
of temperature on the rate of reduction. The solu- 
tion and the nickel catalyst used were the same as 
those described in the above series of experiments. 
The partial pressure of H, was kept at 350 psi. The 
data are given in Fig. 10. 

The curves again are quite linear. The tempera- 
ture functions, the t% values, and their reciprocals 
are given in Table III. 


1 
A plot of log k vs a as shown in Fig. 11 for the 


estimation of the energy of activation shows that a 
straight line is not obtained. Again, since the solu- 
bilities of gases vary with temperature under equal 
pressures, only an apparent temperature coefficient 
of reaction rate can be obtained. Thus, for the same 
ranges of temperatures as chosen previously, we 
have the apparent energy of activation equal to 13.7 
Kealeat to and 5.7 keallat 3502 to 40028. 

The similarity between these activation energy 
values and those calculated for the Fe** catalyzed 
reaction for the same temperature ranges indicates 
that, in the latter reaction, the rate of formation of 
nuclet is probably not temperature sensitive. 


Dependence of Rate on the Nickel Catalyst 
Concentration 

A series of experiments to determine the effect of 
nickel catalyst concentration was carried out. The 
solution contained 54 g per liter Ni, 36 ¢ per liter 
NH,, and 440 g per liter (NH,).SO,. Various quanti- 
ties of metallic nickel catalyst (apparent density = 
0.6 g per cu cm) were used. The temperature was 
350°F and the H, partial pressure, 350 psi. 

The reduction rates are plotted in Fig. 12, and the 
rate constant K vs nickel catalyst concentration is 
plotted in the insert of Fig. 12. 

The rate constant is seen to be approximately di- 
rectly proportional to the nickel catalyst concentra- 
tion. The diminishing effect at higher concentrations 
might be due to the difficulty of maintaining larger 
quantities of metallic nickel in suspension. 


Dependence of Reaction Rate on the Surface Area Of 
The Nickel Catalyst and the Growth Pattern of The 
Nickel Particles During Reduction 


The direct proportionality between the reaction 
rate and the weight concentration of catalyst has 
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been indicated when the latter is of the same degree 
of fineness. It remains to be shown that the reaction 
rate is proportional to the surface area regardless of 
the fineness of the catalyst particles. 

In one pilot plant scale operation (run No. 23, 
cycle No. 16) carried out in 1952, a quantity of nickel 
catalyst (15 g per liter) was prepared and used for 
11 successive reductions (called densifications), re- 
ducing 45 g per liter Ni each time. A sample of the 
metal was withdrawn after each densification for 
microscopic measurement of the particle diameters. 
The particles in the first five densifications of a cycle 
were quite spherical and uniform in size. An appar- 
ent surface area of a single particle could, therefore, 
be deduced. From the total weight of metal, the 
number of particles could also be calculated and 
thus the total apparent surface area. The times re- 
quired for the complete reduction, the reciprocals 
of which serve as a measure of the reaction rates, 
were obtained from the Operational Log Book. 

The pertinent data are combined and given in 
Table IV. 


The rate constant expressed as is plotted 


against the total apparent surface area in Fig. 14. 
An approximate direct proportionality between the 
two can be readily seen. 

The total weight of the nickel catalyst after a 
certain number of densifications, i, may be written 
as W, = W, + iW, where W, is the original weight 
of the catalyst, W is the weight of the nickel de- 
posited in each densification, and 2 is the number of 
densifications. The total weight may also be ex- 


4 
pressed as W,; = eae where r is the average 


radius of the particles, n is the number of particles, 
and d is the density of nickel. Equating the two 


4 
expressions above, W, +iW = 


W, 
) 


A plot of r* against the number of densifications, i, 
should give a straight line, with a slope equal to 

3W 
in Fig. 15. 

There is a deviation from the straight line at the 


start corresponding to the initial four or five densi- 
fications. This initial curved portion has an increas- 


3 if n is constant. An actual plot is illustrated 


3W 
ing slope, , with increasing 7 indicating that n 
47nd 


decreases, for it is known that W is constant and 


Fig. 13—Growth of 
nickel particles. 
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that d, the density, is either constant or can only 
increase till it reaches the density of solid nickel. 
A comparison of the number of particles at i = 1 and 
at 1 = 5 gives a ratio of 4. Thus, the process of ag- 
glomeration, which results in a decrease in the 
number of particles at the end of a nickel reduction 
in which Fe*™ is used as a catalyst, probably con- 
tinues in the early densifications when the particles 
are still fine. The critical size of the particles at 
which agglomeration ceases depends on many fac- 
tors, of which degree of agitation is probably very 
important. 


Summary 

Both theory and practice show that the reduction 
of nickel proceeds to completion only when the 
NH;/Ni molar ratio is in the range of about 1.5 to 2.5. 

The reaction is catalyzed by Fe‘, resulting in the 
formation of metallic nickel nuclei, which further 
catalyze the reaction, causing an acceleration of the 
reaction rate (autocatalysis). The acceleration may 
be explained by assuming a constant rate of forma- 
tion of the nuclei and a direct proportionality be- 
tween the rate of reduction and the number of the 
nuclei. 

The nuclei probably not only grow during reduc- 
tion, but also agglomerate into larger sized particles 
and gradually assume the spherical form. When a 
certain critical size is reached, the agglomeration 
process ceases and the particles grow symmetrically 
in all directions. At this stage, the rate of reduction 
is found to be directly proportional to the calcu- 
lated surface area of the nickel particles. 

Apart from the effect of catalysts, the reaction rate 
is found to be proportional to the H, partial pressure 
to the first order (approximate), to be independent 
of the nickel concentration in solution, and to have 


Fig. 15—Growth of 
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an apparent energy of activation of between 5 and 
15 keal. 
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Technical Note 


Bismuth in Copper Grain Boundaries 
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TRANSACTIONS AIME 


PECIMENS of five cast Cu-Bi alloys, containing 

4.68, 0.53, 0.043, 0.0064, and 0.0025 wt pct Bi and 
cast pure copper were subjected to a bend test to 
determine their relative ductility. Using metallo- 
graphic methods the structures of the fractured 
surfaces were compared with those of the polished 
cross sections. Embrittlement was found to be as- 
sociated with the presence of a second phase in the 
grain boundaries although, in the lower bismuth 
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Fig. 1—0.53 pct Bi in copper. a) LEFT: Intercrystalline bis- 
muth in the polished cross section. Electropolished in an 
orthophosphoric acid solution (1.35 specific gravity) using a 
voltage of 1.9 to 2.0 volts, and etched in a 10 pct solution 
of ammonium persulfate. X500. b) RIGHT: Intercrystalline bis- 
muth on the fractured cross section. The small outlined 
areas are the remnants of the bismuth film. X1050. Reduced 
approximately 25 pct for reproduction. 


Fig. 2—0.043 pct Bi in copper. a) LEFT: Intercrystalline 
particles of bismuth in the electropolished and etched cross 
section. X500. b) RIGHT: Composite of two areas on the 
fractured cross section showing particles of bismuth. X1050. 
Reduced approximately 25 pct for reproduction. 


Fig. 3—0.0064 pct Bi in copper. a) LEFT: Intercrystalline 
particles of bismuth in the electropolished and etched cross 
section. X500. b) RIGHT: Particles of bismuth on the frac- 
tured cross section. X1050. Reduced approximately 25 pct for 
reproduction. 
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content alloys, the second phase was in the form of 
small lenticular particles rather than as a continuous 
film separating the grains. 

The alloys were prepared by melting electrolytic 
copper and a Cu-Bi master alloy in a graphite cru- 
cible under borax. Cylindrical test specimens 24% in. 
long and 3/16 in. in diam were machined from 
cast bars % in. in diam; the average grain diameter 
was approximately 0.01 in. 

The specimens were held in a vise and subjected 
to 45° reversed bends until failure. The results are 
shown in Table I. 


Table |. Experimental Results 


Alloy Composi- 
tion, Wt Pct Bi 
45° Reversed 
Bends to Fail- 
ure ~0.1 ~0.5 1-2 vi 18 22 


4.68 0.53 0.043 0.0064 0.0025 Pure Copper 


In the two alloys of highest bismuth content, 4.68 
and 0.53 pet Bi, bismuth is distributed as continuous 
films on some grain boundary surfaces while on 
others it is distributed as discrete particles of len- 
ticular shape. These two modes of distribution are 
illustrated in Fig. la, taken of the polished and 
etched structure of the 0.53 pct Bi alloy. The dark 
circular particles are bismuth trapped in the in- 
terior of the copper grains during solidification. An 
area on one face of a fracture of this alloy is shown 
in Fig. 1b. The slightly darker and somewhat irreg- 
ularly shaped areas are fragments of a bismuth 
film which adhered to this face. Under white light 
these areas appear as light blue patches against a 
bright copper background. 

Only discrete particles of the bismuth-rich phase 
are found in the 0.043 pct Bi alloy, the polished 
structure of which is Fig. 2a. The particles, as ex- 
posed on the fracture of a specimen of this alloy, 
appear as shown in Fig. 2b, which is a composite of 
two areas on the fracture. 

Similar polished and fractured cross sections of 
the 0.0064 pct Bi alloy are shown in Figs. 3a and 3b, 
in which fewer bismuth particles are present. Only 
infrequently were bismuth particles observed on 
the fracture of the 0.0025 pct Bi alloy. In texture, 
this fracture resembles that of the pure copper. 

There has been disagreement as to whether the 
embrittling effect of bismuth in low bismuth con- 
tent alloys is due to the presence of a submicro- 
scopically thin film of bismuth in the grain bound- 
aries or to a temper-brittleness effect resulting from 
the segregation of bismuth, without precipitation, 
in the vicinity of the grain boundaries.** The above 
structures, although they tend to support Samules’ 
conclusion that thin intercrystalline films are not 
present in low bismuth content alloys, associate 
embrittlement with the presence of a second phase 
in the form of small particles in the copper grain 
boundaries. 
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Dissolution of Lead Sulfide Ores in 
Acid Chlorine Solutions 


The rate of reaction of chlorine in aqueous solutions with galena is first order and both 
sulfate and elemental sulfur can be formed, the latter via the hydrolysis of sulfur chloride 
which adheres to the ore. At temperatures above 45°C the reaction is transport-controlled, 
but at room temperature mixed chemical and transport control operates. The chemical rate 
constants have been evaluated and the energy of activation found to be 21,000 cal per 
mole. Under certain conditions the formation of sulfur is zero order with respect to chlor- 
ine, although the reaction also has an activation energy of 21,000 cal per mole. From 
quantitative kinetic data the conditions for maximum production of sulfate or sulfur can 


be predicted. 


by M. |. Sherman and J. D. H. Strickland 


experiments in these laboratories 
showed that whereas pyrite’ produced only sul- 
fate the action of aqueous chlorine solutions on most 
other sulfide ores resulted in the formation of a 
mixture of sulfate and elemental sulfur, the pro- 
duction of the latter being favored by a very dilute 
solution of oxidant. The reactions taking place were 
obviously complex and only a detailed kinetic study 
could be expected to clarify the position and enable 
a prediction to be made of conditions leading to the 
rapid formation of metal salt and the economically 
desirable elemental form of sulfur. Galena was 
chosen for the first investigation as it is of wide- 
spread occurrence and is representative of a simple 
cubic lattice sulfide containing the monosulfide 


Experimental Procedure 

The apparatus and general technique used in this 
work have already been described." Analyses for 
chlorine and sulfate were carried out by the same 
methods as those used for pyrite. The lead in 1 ml 
aliquots of solution was determined polarographi- 
cally, after destroying chlorine with hydrazine hy- 
drochloride and making solutions 0.5 molar with 
hydrochloric acid. 

A large sample of Kansas galena, assaying at 
better than 98 pct PbS, was crushed and wet sieved 
to give fractions of —10 + 14, —20 + 28, —28 + 35, 
and —48 + 65 Tyler screen. The particles were al- 
most perfect cubes and the apparent surface per 
gram was calculated assuming each particle a cube 
of side equal to the mean mesh opening. A volume 
shape. factor, calculated as for pyrite, was exactly 

The main apparatus was unsuitable for direct vis- 
ual examination of the ore particles during the 
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Fig. 1—Change of chlorine, sulfate, and sulfur concentration 
with time for 56 sq cm of galena. Solution at 25°C, stirred 
at 300 rpm. 


reaction. For this purpose a small cell from a 
Spekker Absorptiometer (optical flats 1 cm apart) 
was closed by a greased microscope slide after fill- 
ing with oxidant solution. One or two ore particles 
were placed in the cell and the solution was stirred 
by a glass covered speck of iron wire activated by 
an external rotating magnet. The surface of an ore 
particle was examined under a binocular microscope 
at between 10 and 40 magnifications. 


Results 

Experiments were made under a wide variety of 
conditions, the form of presentation of the data 
being illustrated by Fig. 1, where the concentrations 
of chlorine, sulfate, and sulfur are plotted against 
time. 

The fictitious concentration of solid sulfur is used 
for convenience and is the molarity of sulfur which 
would be recorded if the elementary sulfur formed 
during the reaction were dissolved in the liquid in 
the reaction vessel. 

As some lead sulfate is occluded with the sulfur 
on the ore particles the amounts of sulfur and sul- 
fate formed during a reaction cannot be calculated 
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Table 1. Collected Kinetic Data for Galena 


Initial 
Chlorine 
Concen- 
Experiments Experi- tration Temper- Area, K*¥ 
Illustrate ment No. Conditions* x 108 ature, °C Mesh Sq Cm k x 106 px 10+ 
Variation il Standard 0.5 molar Cl-, 14.0 24.9 —10+4+14 56 0.26 1 Gs 9.5 
of 0.1 molar H+, pH 1.0 
Initial 2 Standard but with 2.0 12.5 24.9 —10+14 56 0.31 ileal 9.5 
Chlorine molar Cl- 
Concentration 33 Standard 4.8 25.0 —10+14 56 0.295 1.15 9.5 
at 25°C 4 Standard 3.0 25.3 —10+4+14 56 ~0.35 9.5 
5 Standard 33.7 25.0 —10+14 56 0.26 Very little 
35.0 25.0 0.23 sulfur produced. 
Variation 6 Standard 29.0 7.2 —10414 56 0.10 Practically no 
fo) sulfur produced. 
Temperature 7 Standard 13.0 9.5 —104+14 56 0.25 
1 Standard 14.0 24.9 —10+4+14 56 0.26 1.15 9.5 
8 Standard 13.0 33.0 —10+14 56 0.44 3.4 Tal 
9 Standard 12.8 41.0 —10+14 56 0.56 7.38 8.2 
10 Standard 7.0 52.5 —10+14 56 0.75 15 to 25t ~8t 
Variation 11 0.5 molar Cl-, 0.5 molar 13.2 25.0 —10+14 56 0.27 0.67 14.3 
° H+, pH 0.41 
Acidity 1 Standard 0.1 molar H+, 14.0 24.9 —10414 56 0.26 1.15 9.5 
pH 1.0 
12 0.5 molar Cl-, 0.2N H+, 15.5 24.8 —10414 56 0.29 1.25 9.5 
pH 1.7 
13 0.5 molar Cl-, pH 3.5 1532, 25.0 —10+14 56 0.21 A ~10 
Variation 14 Standard with no stir- 13.0 25.0 —10414 56 0.02 Reaction very slow. 
of ring More sulfur formed 
Stirring than sulfate. 
Speed 1 Standard. Stirring at 14.0 24.9 —10+14 56 0.26 1.15 9.5 
300 rpm 
15 Standard. Stirring at 25.0 —10+14 56 0.5 for a 9.5 
675 rpm 5 to 10 
min, then 
0.37 
Variation of af Standard 4.0 24.9 —104+14 56 0.26 LAs 9.5 
Area by 16 Standard 14.4 25.0 —20+28 111 0.25 15 11.5 
Reducing 7. Standard 13.0 25.0 —28+4+35 15% 0.23 1.10 12 
Particle Size 18 Standard 11.9 25.0 —48465 220 0.21 1.05 12.5 


*In all experiments stirring rate was 300 rpm, unless otherwise stated, and initial volume was between 910 and 960 ml. 


+ The values of 1.15x10-® and 9.5x104 are the mean best values for experiment Nos. 1, 2, 


3, 4, 12, and "15 


¢ Accurate data were impossible, as the rate of formation is determined by the chlorine concentration except toward the end of the 


experiment. 


simply from a knowledge of the chlorine used up 
and the lead brought into solution. A soluble sul- 
fate determination was therefore necessary and the 
amount of sulfur produced was assumed equal to 
the difference between the soluble lead and sulfate 
figures. The total sulfate formed, nearly always 
greater than the soluble sulfate, was then calculated 
by subtracting the molarity of sulfur formed from 
the molarity of chlorine used up and dividing the 
result by four. Experimental values for lead and 
sulfate were graphed and data for calculations read 
off these graphs. The reasoning behind these calcu- 
lations will be clear when it is remembered that 
the simplest equations for the production of sulfur 
and sulfate from galena are 


PbS + Cl — Pb* + 
PbS + 4Cl, + 4H,O > Pb* + 8Cl + 8H* + SO,’. 


The experimental results of this work are sum- 
marized by the rate constants collected in Table I. 

Microscopic examination of galena particles dur- 
ing reaction with chlorine showed that after 1 or 2 
min the ore became covered with minute droplets of 
liquid which were in continuous motion on the ore 
surface. These droplets gradually coalesced to al- 
most hemispherical blobs which after 5 to 10 min 
began to solidify, slowly depositing sulfur until a 
hemisphere (or sometimes a collapsed hemisphere) 
of sulfur remained. Typical examples of untreated 
and treated ores are shown in the micrographs, 
Figs. 2, 3, and 4. The sulfur produced in all these 
experiments was substantially insoluble in carbon 
disulfide and had a very low ill-defined melting 
point (95° to 100°C). An exception was the sulfur 
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formed at 52°C, Fig. 4, which was largely soluble in 
carbon disulfide and had the characteristics of 
rhombic sulfur. 

Some experiments, which will not be described 
here, were made with a cast slab of pile irradiated 
sulfur containing S* to measure the rate at which 
dilute aqueous chlorine attacked sulfur to give sul- 
fate. The observed rate was very small and even 
then mainly attributable to the action of dissolved 
oxygen. 


Discussion 
General Kinetics—For a first order heterogeneous 
reaction a reaction constant k may be defined by 


A 
dt V 


. 
where roe is the rate of decrease of chlorine con- 


centration when, at a concentration of C,, mole per 
liter, A is the area in sq cm and V the volume of the 
solution in CCS. As mentioned in ref. 1, the reac- 
tion of chlorine with pyrite is always transport- 
controlled, the reaction at the ore surface being much 
faster than the transport processes bringing up fresh 
oxidant to the surface. 

A log plot of chlorine concentration against time 
with the data obtained with galena gave straight 
lines, indicating first order reactions in all instances. 
These plots were not as satisfactory as those ob- 
tained with pyrite, but in most cases a good straight 
line was obtained for up to two thirds of the reaction 
time and, even then, the deviation was remarkably 
slight considering that the ore particles became sub- 
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Fig. 2—Untreated galena particles. 
X20. Reduced approximately 50 pct for 
reproduction. 


production. 


stantially covered with sulfur. Values for k, Eq. 1, 
are given in Table I and a few typical log plots 
shown in Fig. 5. It is interesting to note that the 
values for k do not appear to differ substantially 
whether the main product is sulfur, sulfate, or a 
mixture of the two. In view of the sulfur coating 
which forms during most experiments and consider- 
ing that a certain degree of mutual coverage and 
cementation of the particles occurs during an expe- 
riment the reproducibility of k values cannot be ex- 
pected to be as high as in the case with pyrite work 
(where particles have no tendency to stick together) 
and a precision of no better than about +10 pct is 


Table Il. Values for Constants Used in Fig. 6 


kr, from Ke, 
Graphical Calculated 
Extrapolation from Best 
1 of k Curve Graphical 
Temper- Temper- —x 108 at Higher Values of 
ature,°C ature,°K T k, Found Temperature kandkr 
7.9 280.9 3.56 0.1 0.22 0.18 
9.5 282.5 3.54 0.12 0.23 0.21 
17.0 290 3.45 —- 0.29 0.44 
25.0 298 3.36 0.27 0.36 25 
27.0 301 3.325 0.40 1.9 
33.0 306 3.27 0.445 0.45 Sols 
41.0 314 3.185 0.56 0.56 8.3* 
52.5 325.5 3.075 0.75 0.75 24* 
* Not calculated directly (read from Arrhenius plot). Er = 5000 


cal, and Ec = 21,000 £1000 cal. 


claimed. The effect of particle clogging is probably 
responsible for the apparent steady decrease of k 
in the experiments where the particle size decreases, 
as the tendency of the sulfur coated ore particles to 
matte together progressively increases, thus lessen- 
ing the effective surface area. 

Table II gives the variation of k with temperature 
under standard conditions, i.e., 300 rpm stirring, 0.5 
molar Na’, and 0.1 molar H’. The 
Arrhenius plot shown by Fig. 6 is not a straight line. 
This is characteristic of a reaction showing mixed 
chemical and transport control, a comparative rarity 
with reactions in solution at room temperatures. If 
the chemical reaction at the ore surface is sufficient- 
ly slow, a finite concentration C. of chlorine will be 
present in the solution immediately adjacent to the 
ore surface and the rate of reaction, if first order, 
can be written 


—dC,, A 
dt V 


If it is assumed that the rate of transport of chlorine 
to the surface is equal to this rate, it is easily shown 


TRANSACTIONS AIME 


Fig. 3—Galena particles after reaction 
with chlorine water at 25°C. X30. 
Reduced approximately 50 pct for re- 


Fig. 4—Galena particles after reaction 
with chlorine water at 52.5°C. X20. 
Reduced approximately 50 pct for re- 
production. 


that k, the observed velocity constant, should be 
given by 
ky X k, 


k = ————_.. 3 
kr +k, [3] 


Since k, increases more rapidly with temperature 
than does k;, k would be expected to approach ky at 
high temperature and approach k, at low tempera- 
ture. This is the case in Fig. 6, where above about 
40°C the slope corresponds almost exactly to the E, 
value of 4900 found with pyrite (also shown for 
reference on the same graph), and the k, values for 
galena and pyrite are in fact as nearly equal as can 
be expected, considering the approximations made 
in assessing surface areas and the slight differences 
in hydrodynamic behavior between the pyrite and 
galena experiments. The extrapolated values for kp 
at lower temperatures are also shown in Table II. 
From these values and the experimental results for 
k it is possible to calculate k, values at different tem- 
peratures, using Eq. 3. These are given in Table II 
and, although of necessity approximate, the 
Arrhenius plot of these values in Fig. 6 will be seen 
to be substantially straight and correspond to an 
energy of activation, E., for the chemical reaction at 
the ore surface of about 21,000 cal. 

As only ky; is dependent on stirring, the values for 
k with galena at 25°C should not be so sensitive to 
stirring rate as are the true ky, values found with py- 
rite. This is shown in Table I with stirring at 675 rpm. 
The b factor’ is only 0.43 for the bulk of the reaction 
which is, however, a little more rapid at its com- 
mencement, when a b factor of nearly 0.8 applies. 
With no stirring (except to mix the solution before 
taking samples) a value of k corresponding to a kp 
value of only about 0.02 is found. 

The effects of other variables on k are also illus- 
trated in the various sections of Table I. The pH 
has little effect, although at pH 3.5 a significant frac- 
tion of the chlorine is hydrolyzed to hypochlorous 
acid, which probably explains the somewhat low 
value for k. It is not clear why increasing the elec- 
trolyte concentration from the standard 0.5 molar to 
2.0 molar, experiment 2, should give a significant 
increase in k. The initial concentration of chlorine 
in an experiment should have no effect on k. The 
quite marked increase found when a very low chlo- 
rine concentration was used, experiment 4, is dis- 
cussed later. 

Rate of Formation of Sulfur—A remarkable fea- 
ture of the production of sulfur from galena by the 
reaction of chlorine is that under certain conditions 
the reaction is zero order with respect to chlorine. 
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Fig. 7—Sulfur formation with various initial chlorine concen- 
trations. 
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It can be seen from Fig. 7 that some sulfur concen- 
tration-time curves are substantially independent of 
the concentration of chlorine present. Hence, the de- 
crease in the rate of formation of sulfur with time 1s 
not caused primarily by chlorine concentration 
changes, but by some effect arising from the presence 
of sulfur itself. For corrosion reactions, giving rise to 
adherent solid products, three rate laws are com- 
monly encountered; a linear law when the product 
is porous, a parabolic law arising from diffusion 
through a layer of reaction product, and an exponen- 
tial law derived by Evans’ on the basis of a Poisson 
function for the blocking of reaction channels 
through an otherwise impervious film of reaction 
product. 

The self stifling exponential law gives about the 
best overall prediction of the present results for 
sulfur formation on galena. The mechanism, how- 
ever, cannot be the same as that operative with cor- 
rosion through oxide films, since even when the rate 
of sulfur formation has decreased to practically zero 
the ore surface continues to react with chlorine at a 
rate which is only slightly reduced from its initial 
value. It must be concluded, therefore, that although 
all the galena surface (or the coating on the ore 
proper) can react with chlorine, only a comparative- 
ly small fraction, or only a certain number of re- 
active sites, can give rise to sulfur formation, and 
that the sulfur thus produced blocks or in some way 
inhibits the subsequent reaction of these sites. 

A self stifling exponential equation may be written 


dN, (== ) [4] 
= 
dt 


where N, is the number of moles of sulfur formed; 
K, a rate constant in moles, cm~ min“; and p, which 


1S 


has the units of cm* mole”, is such that p - 


the mean frequency of blocking or inhibiting of re- 
active sites by each incremental increase of sulfur, 
dN, 


mole per unit area. 


Eq. 4 on integration gives 


Ne log (Kpt+1). [5] 
For convenience, as data have been expressed with 
the fictitious concentration of sulfur, C,, a derived 
form of Eq. 5 can be plotted 


ve) V 
the integrated form of 
(—p’C,) L7] 
dt V 


where K’ equals 1000K, and p’ is a constant at a 


given area and equal to 


000A ots of Eq. 6 are 


shown in Fig. 8. Agreement between a mean line 
and experimental values at room temperature is fair 
considering the likely experimental errors, although 
values for C, in the first 30 min are appreciably 
lower than the equation predicts. The agreement is 
excellent at higher temperatures and with greater 
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surface areas of ore and there is little doubt but 
that Eq. 6 represents the observed values with some 
precision, certainly better than any other equation 
tried. 

Values for K and p are given in Table I for all 
experiments where appreciable quantities of sulfur 
were formed. The p varies a little from experiment 
to experiment, but is substantially constant at 10°. 
No doubt the differences, such as a decrease with 
rise in temperature and an increase with decrease in 
particle size, depend on uncontrolled factors such as 
the mutual coverage and packing of ore particles 
in the apparatus. K is markedly temperature de- 
pendent, however, and gives the Arrhenius plot 
shown in Fig. 9, which is a straight line correspond- 
ing to an activation energy of 22,000 cal. 

Between pH 1 and 3.5, p and K are constant at 
25°C. At pH 0.4 (a solution of 0.5N hydrochloric 
acid), there is a marked decrease in K and increase 
in p but these conditions are extreme and the 
logarithmic law may no longer apply. As would be 
expected from a reaction independent of the chlorine 
concentration, changing the stirring speed from 300 
to 675 rpm had no significant effect on K or p. Eq. 5 
predicts that the sulfur formed in a given time 
should be directly proportional to the surface area A. 
This is found to be approximately the case in expe- 
riments 1, 16, 17, and 18. It is illustrated by Fig. 10, 
where the area increases fourfold due to a decrease 
in particle size. This leads to the interesting conclu- 
sion that the yield of sulfur resulting from the con- 
sumption of a given amount of chlorine can be 
greatly increased simply by decreasing the particle 
size or by increasing the number of particles of ore 
present in the chlorine solution, a most unexpected 
result. 

Although sulfur formation is roughly zero order 
with respect to chlorine at concentrations between 
about 3 X 10“ molar and 15 xX 10° molar, with chlo- 
rine concentrations of about 25 x 10° molar or 
greater there is a marked decrease in the amount of 
sulfur formed, as will be seen in Fig. 7. At low tem- 
perature with high chlorine concentration only sul- 
fate is produced with traces of sulfur. The sulfur 
production must, however, be dependent on chlorine 
concentration when the rate of formation of sulfur, 
as predicted by Eq. 4, requires more chlorine than 
can be brought to the galena surface by transport 
(Eq. 1, when k = k,). This can occur under condi- 
tions of high temperature unless the chlorine con- 
centration is suitably increased, and at very low 
stirring speed. In the borderline condition of experi- 
ment 4, Table I, where the chlorine concentration is 
very low, the value for k apparently increases to a 
figure corresponding to the k, value at that tempera- 
ture in an endeavor to provide enough chlorine for 
the sulfur reaction to take place at the normal speed. 
This can only occur because the reaction of chlorine 
at 25°C is not completely transport-controlled and 
an appreciable concentration, C., of chlorine is found 
at the ore surface. 

Rate of Formation of Sulfate—In all experiments, 
except tHose at very high chlorine concentration, the 
kinetics are dominated by the rate of formation of 
sulfur, even to the extent, as seen in experiment 4, 
of apparently increasing the rate constant k for the 

dN, 


reaction of chlorine if this can help to maintain 


at its correct value. Generally speaking, therefore, 
sulfate appears at a rate equal to the difference be- 
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Fig. 10—Formation of sulfur from various areas of galena 
surface. 
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tween the rate of formation of sulfur and one quar- 
ter the rate at which chlorine is consumed. 

Experiments with radioactive sulfur showed that 
the amount of sulfate produced by the direct action 
of chlorine on sulfur element is very small, k having 
a value of only about 2-10~° compared with 0.2 for 
the sulfide ore at room temperature. 

In the two experiments in which chlorine could 
not react fast enough to produce all the sulfur po- 
tentially capable of being formed there was, never- 
theless, some sulfate produced. This, it is supposed, 
arose in large measure from the fact that elementary 
sulfur is formed initially via sulfur chloride which 
can transform, at most, 75 pct 


4S (I) (IV) 
or 83 pct 
6S (1) ~ 5S +S (VI) 


of its sulfur content to the element, the rest being 
hydrolyzed and oxidized to sulfate. In both experi- 
ments 4 and 10 the ratio of S(O) to S(VI) is 5:1 
throughout the duration of the experiments and 80 
to 85 pct S probably represents the maximum yield 
of the element which is possible. By working at low 
temperature and high chlorine concentration, how- 
ever, a 100 pct yield of sulfate should be feasible. 

The calculations made to assess the quantities of 
sulfate formed in all these experiments were made 
assuming that only sulfur and sulfate are produced. 
The production of sulfur chloride does not affect 
the sulfur curves which are the same irrespective of 
whether the product is sulfur or sulfur chloride be- 
cause they represent insoluble sulfur associated with 
soluble lead. However, if only sulfur chloride is 
formed the true sulfate curves will be a little lower 
than shown. As the coating on galena gradually 
changes from sulfur chloride to sulfur at a rate not 
precisely known, the exact sulfate curves cannot be 
calculated and they have been reported as if sulfur 
were the only insoluble form of the element. The 
errors are not very great, especially near the end of 
each experiment. 

Reaction Mechanism—tThe rate constants found in 
this investigation can be summarized by the ex- 
pressions 


: —21,000 
k, = 4-10° exp | ————— 
—21,000 
k = 3.5-10° exp | — 
RT / 
and 
r— Kr RT 


with k being given in terms of k. and k; by Eq. 3. 
The value of k,’ depends on the stirring rate and 
exact apparatus used, being about 1.45-10* for the 
present work. 

It will be seen that, for the maximum production 
of sulfur, both a high temperature and small par- 
ticle size are desirable, the former being limited in 
practice to about 60°C because of the solubility of 
chlorine. At elevated temperatures the overall reac- 
tion may be largely transport-controlled. Hence, 
vigorous agitation will be advantageous. The maxi- 
mum chlorine concentration that can be tolerated at 
elevated temperatures before a breakdown in sulfur 
formation occurs is not known exactly but for safety 
should be restricted to below about 0.05N. If only 
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sulfate is required as an end product, however, the 
chlorine concentration level should be maintained 
at 0.05N or greater with as low a temperature as 1S 
practicable. 

It would be unwise to postulate with any certainty 
at this stage the mechanism of the reactions taking 
place before a study of the behavior of other ores 
has been completed. The reaction has several points 
of interest, however, which are worth discussing. 

The reaction is very fast with pyrite and neither 
sulfur nor sulfur chlorides is formed at any stage. 
The reaction with galena, on the other hand, is much 
slower and some chemical control is observed at 
room temperature. Most, if not all, of the sulfur 
produced originates from the initial formation of a 
liquid which can scarcely be other than a sulfur 
chloride, presumably monochloride, as a similar 
liquid is seen when bromine is used and SBr, does 
not exist. This liquid is seen with other ores, such as 
sphalerite and chalcopyrite, which also oxidize to 
give sulfur. 

The presence of sulfate as a product in the galena 
reaction can arise from a series of fast reactions 
involving a SCl, transition complex, chlorine mole- 
cules, water, and S.Cl, which hydrolyzes to give 
elementary sulfur in some 75 to 85 pct yield. The 
mechanism of this hydrolysis has been the subject 
of much controversy in the literature and its nature 
is not yet settled“ It is known to give rise to a form 
of sulfur insoluble in organic solvents and of low 
melting point,* such as is found in this work. 

The sulfur formed dissolves in the remaining sul- 
fur chloride and can be seen to precipitate out as the 
reaction proceeds. If this hydrolysis did not take 
place the monochloride would eventually be oxidized 
by chlorine. The formation of globules of S.Cl, on 
the galena surface, which always occurs when solu- 
tions are stirred at an appreciable rate, protects the 
monochloride to some extent. However, when the 
surface layer concentration of chlorine becomes too 
great, the direct attack of S.Cl, by chlorine becomes 
comparable with the hydrolysis rate and the rate of 
formation of S.Cl,, and an overall loss of sulfur 
chloride occurs before globules can form. The pro- 
duction of sulfur is then erratic and very low. 

Matters are further complicated by the fact that 
both chlorine and sulfur are freely soluble in sulfur 
chlorides. However, chlorine dissolved in either sul- 
fur monochloride or dichloride does not attack 
galena to any appreciable extent. The presence of 
water as a third phase may, however, modify the 
picture. This matter will be further studied. 
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Ettects of Compression and Annealing on the 


Structure and Electrical Properties of Germanium 


Germanium has been compressed under various conditions and has subsequently 
been annealed. These studies give direct evidence of the operation of the dislocation 
mechanism of plastic flow. No evidence of recrystallization has been found, but a 
domain structure composed of small angle boundaries is formed by large deformations 
at high temperatures. Annealable acceptor centers apparently due to point defects 


have been found and studied. 


by E. S. Greiner, P. Breidt, Jr., J. N. Hobstetter, and W. C. Ellis 


TUDY of the plasticity of germanium or other 
semiconductor crystals affords unusual oppor- 
tunities to extend our knowledge of deformation 
mechanisms. Crystals are available having extraor- 
dinary perfection and very high purity. They deform 
by slip on the systems {111} <110>,~ as do crystals 
of the simple face-centered-cubic structure. Dislo- 
cations generated in them during slip are easily re- 
vealed in the form of etch pits on either {111} or 
{100} surfaces.*° This fact alone makes possible 
more detailed studies of mechanisms than is usually 
the case with metals but, even further, the effect of 
deformation on their electrical conductivity is very 
large compared with metals. This comes about not 
only because the mobility of the charge carriers is 
reduced, as in deformed metals, but also because 
the number of these carriers is greatly altered. This 
latter effect seems closely related to the formation of 
both line and point imperfections during deforma- 
tion and thus provides a needed tool for the study of 
the kinds and distributions of these imperfections. 
Other investigators have deformed germanium at 
elevated temperatures by bending,” °° compres- 
sion,” tension,” ™ * torsion,” and indentation. 
Wang and Alexander” have also reported successful 
indentation at room temperature. Dislocation etch 
pits consequent to deformation have been observed 
and studied.” * ** **** The experiments to be de- 
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scribed here include principally the compression and 
the subsequent annealing of germanium with con- 
comitant studies of etch pits, microstructures, and 
electrical properties. Both single crystals and heavily 
twinned specimens were used. Some indentation 
studies are included. 


Experimental Methods 

Plastic compression was effected in the apparatus 
shown schematically in Fig. 1. It consists of two 
tantalum platens contained in a helium atmosphere 
and so arranged that pressure can be applied by a 
hydraulic press. The specimen between the platens 
is heated by the surrounding furnace. The specimen 
is usually a small crystal cube about 0.30 in. on an 
edge. A control specimen is always inserted so that 
it is subject to the same thermal cycle as the one be- 
ing deformed. This serves to detect any impurity 
contamination that might accompany the thermal 
treatment. For high temperature work, where such 
impurity contamination often occurs, the specimens 
were first plated with gold whenever subsequent 
electrical properties were to be determined. This 
method" is effective in preventing significant con- 
tamination of germanium up to temperatures at least 
as high as 750°C, as evidenced by the constancy of 
the electrical conductivities of control speciinens 
subjected to the same heat treatments. The total 
range of temperature used for deformation was from 
375°C, the lowest at which significant flow was ob- 
served, up to 900°C. 

Microscopic examination was made after mechani- 
cal and chemical polishing and etching. Dislocation 
pits were revealed with CP-4 etchant by the tech- 
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nique of Vogel, Pfann, Corey, and Thomas.‘ Exami- 
nation for dislocations was made on surfaces parallel 
to {111} planes in most instances. Orientation rela- 
tionships were established by the well-known Gren- 
inger technique.” Electrical conductivity was meas- 
ured at room temperature with a four-point probe as 
described by Valdes.* The type of conductivity—that 
is, whether n or p-type—was ascertained with a 
thermoelectric probe.” 

Annealing of the compressed specimens was car- 
ried out in quartz tubes containing a helium atmos- 
phere, and again gold plating was frequently used to 
avoid contamination. 

To investigate the mechanism of flow in the lower 
temperature range of plasticity, single crystals of 
0.2 (ohm-cm)~ n-type, antimony-doped germanium 
were deformed at 375°C by forcing the conical point 
of a tantalum indentor into polished surfaces parallel 
to {111} and {100} planes.“ These planes were chosen 
so that etch pits associated with dislocations initially 
present and those produced in flow could be readily 
produced and observed.* A load of about 14 lb was 
applied in the same apparatus as shown in Fig. 1. 


Dislocations in Indented Germanium 

It was shown in a previous letter“ that slip lines 
formed around an indentation, and that upon fur- 
ther etching with CP-4, the array of these lines was 
replaced by a parallel array consisting of rows of 
small pits. Indentation of {111} planes always pro- 
duced triangular arrays of lines and rows of pits, 
while indentation on {100} planes produced orthog- 
onal arrays. A typical etched {111} surface is shown 
in Fig. 2. The area is near an indentation made at 
375°C. The few large circular markings are pits de- 
noting dislocations in the crystal as grown; the many 
small pits are formed only after deformation and 
re-etching with CP-4. The latter are always aligned 
along the slip plane traces and their appearance on 
two planes of observation shows that they are asso- 
ciated with the {111} slip planes. 

Fig. 3 shows a similar specimen that has under- 
gone a gradient etch—that is, the etchant has been 
concentrated near the indentation (toward the lower 
right-hand corner), leaving the slip lines showing on 
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the more remote, unetched surface. There is obvi- 
ously a correspondence between slip lines and rows 
of etch pits. This figure offers conclusive evidence of 
the storage of dislocations in the active slip planes 
themselves. Patel and Alexander” have reached the 
same conclusion. 

Recently S. G. Ellis” has described a new etchant 
(Ellis #7) which reveals not only the same pits as 
developed by CP-4, but numerous other pits on the 
surfaces of undeformed germanium. The present au- 
thors have also used this new etchant on indented 
specimens and find no significant difference from the 
results obtained with CP-4 in the deformed region. 
Figs. 4a and 4b show, respectively, an area near the 
indentation before and after using this etchant. Note 
again the correspondence between slip lines in the 
unetched specimen and rows of pits in the etched 
one. Although these two etchants do not produce the 
same results on undeformed crystals, it appears that 
they produce the same patterns on deformed ones. 
Compare Figs. 3 and 4b. 

On heating the crystal indented on a {111} surface 
to about 800°C for 65 hr and re-etching, the tri- 
angular array of dislocation pits remained un- 
changed. The dislocations did not migrate into walls 
normal to slip planes, as they do in Vogel’s* bent 
crystals. Possible reasons for this difference are that 
the dislocations from the complex stressing by in- 
dentation are not in pure edge orientation nor are 
they predominantly of one sign. 


Dislocations in Lightly Compressed Germanium 
Studies were made of the accumulation of dislo- 
cations during light compression of germanium and 
of changes in their density and distribution during 
subsequent annealing. Simultaneous studies were 
made of electrical conductivity changes. Single crys- 


Table |. Changes of Conductivity and of Dislocation Density in 
Lightly Compressed and Annealed (n-type) Germanium 


Conduc- 
tivity, Dislocation 
Speci- 25°C, Density, 
men Condition (Ohm-Cm)-1 Cm-2 

A As grown 5.7 6x104 

As compressed 2.5 pct at 525°C 3.9 16x106 
Subsequently annealed at 725°C 

for 15 min 4.5 13x108 

30 min 5.2 11.2x106 

60 min 11.6x106 

B As grown 4x104 

As compressed 2.5 pct at 725°C Sel 14x106 
Subsequently annealed at 725°C 

for 15 min 5.0 8.2x106 

30 min Ball 7.6x106 

60 min Be} 6.9x106 


tal specimens of n-type, antimony-doped germanium 
having a room temperature conductivity of 5.7 
(ohm-cm)~* were used. These were cut into cubes 


bounded by pairs of (111), (110), and (112) planes 


and were compressed 2.5 pct in the [110] direction 
both at 525° and at 725°C. The electrical conductiv- 
ity was then measured at room temperature and the 
dislocation pit density change was determined by 
counting pits on the (111) plane. The results are 
shown in Table I and in Fig. 5. 

One of the chief results is the increase in disloca- 
tion density between two and three orders of mag- 
nitude brought about by the deformation, which is 
in agreement with the work of Patel and Alexan- 
der.” The increase is about the same at both temper- 
atures of deformation. Fig. 5a shows that the dislo- 
cation pits have some tendency to align themselves 
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Fig. 2—Etch pits produced by 
CP-4 near indentation on a 
{111} plane. Note delineation 
of slip planes. X500. Reduced 
approximately 25 pct for re- 
production. 


Fig. 3—Gradient etch near in- 
dentation of a {111} plane 
showing how slip lines, when 
etched with CP-4, turn into 
rows of pits. X1000. Reduced 
approximately 25 pct for re- 
production. 


Fig. 4—a) LEFT: slip lines; 
and b) RIGHT: pits revealed by 


Ellis’ etchant #7 near inden- 
tation ona {111} plane. X1000. 


for reproduction. 


Fig. 5—a) LEFT: pits re- 
vealed on {111} plane by CP-4 
after 2.5 pct compression at 
525°C. b) RIGHT: Same after 
subsequent annealing for 60 
min at 725°C. X1000. Re- 
duced approximately 25 pct 
for reproduction. 
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Fig. 6—X-ray pattern from germanium, compressed 30 pct 
at 900°C in the [001] direction, shows discrete reflections 
in segments of the Debye ring. From the initial orientation 
of the crystal, the segments of the inner ring, each sub- 
tending about 10° of arc, are identified as 551 reflections. 
CuK radiation was used with the beam normal to the initial 
(110) surface. 


along traces of the {111} slip planes, although this 
tendency is not so marked as in the case of Vogel’s 
bent crystals or as in the present indented ones. 

The specimens were finally annealed at 725°C and 
their conductivities and dislocation pit densities 
were determined after stated intervals at that tem- 
perature. These results are also shown in Table I. It 
is evident that a slow decrease in dislocation density 
occurs so that even after annealing for 60 min the 
dislocation density is still about two orders of mag- 
nitude larger than the initial density. The decrease 
seems to occur by internal cancellation of disloca- 
tions of opposite sign and leads to the formation of a 
more orderly microstructure, Fig. 5b, in which the 
dislocations appear more equally spaced. A tendency 
to align along the slip planes is still evident. Since 
these dislocations do not all necessarily contain edge 
components, they would not all be expected to mi- 
grate into walls normal to the slip planes as in bent 
crystals. 

The conductivity changes accompanying deforma- 
tion and annealing will be discussed in a later sec- 
tion. It suffices to note here that these changes are 
consistent with the view that deformation introduces 
acceptor centers. 


Dislocations in Heavily Compressed Germanium 

The microstructure of plastically deformed single 
crystals of germanium changes significantly with 
both degree and temperature of deformation. After 
small compressions at low temperatures only slip 
lines are seen on polished surfaces and a rather in- 
distinct alignment of pits along slip plane traces on 
etched surfaces, Fig. 5a. Larger deformations at 
about 600°C produce intensified markings and, sig- 
nificantly, Laue spots are replaced by continuous- 
appearing segments of Debye rings. These segments 
indicate the formation of a range of orientations in 
a crystal. The same large deformations, 15 to 30 pct, 
brought about at high temperatures, 800° to 900°C, 
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produce a definite domain type of microstructure 
and, at the same time, the segments of Debye rings 
become resolvable into a large number of discrete 
reflections, Fig. 6. 

To study this domain structure in greater detail 
a single crystal cube of n-type, antimony-doped 
germanium with initial conductivity of about 0.1 


(ohm-cm)~* was so cut as to have (111), (110), and 
(112) faces. It was compressed 23 pct at 875°C along 


[110]. The (111) face was then etched with CP-4 
and examined at X500, Fig. 7. 

Domain boundaries, consisting of dense rows of 
dislocation pits, appear in many instances to be par- 
allel to the directions of the intersections of active 
slip planes with the surface of observation. Since 
such rows of dislocations are boundaries of disorien- 
tation, only local measurements of the angle be- 
tween rows are meaningful. The local angles appear 
to be quite close to the expected 60°. It can be shown 
that if polygonization had occurred, a more complex 
pattern would have resulted. The order of the do- 
main size is about 10° cm. 


Annealing of Compressed Germanium 


In none of the authors’ studies of deformed and 
annealed germanium was recrystallization observed. 
Recovery was limited to a redistribution of disloca- 
tions, or to a reduction of their number. To investi- 
gate this subject further, single crystals and twinned 
crystals containing large angle boundaries were 
severely deformed and then annealed at high tem- 
peratures, as described in Table II. 

Comparisons of Laue photographs before and 
after annealing of both lightly and heavily deformed 
single crystals showed that the annealing produced 
no new reflections and hence no recrystallization. 
These findings were supported by the results of mi- 
croscopic examination using an etchant particularly 
effective in revealing new orientations (1 part HF, 
1 part 30 pct H.O., 4 parts H.O. No new grains were 
found in either case. 

X-ray and metallographic examinations of the 
heavily twinned germanium which had been com- 
pressed various amounts and annealed at high tem- 
peratures also revealed no new grains. 

The failure of compressed germanium to recrys- 
tallize is not readily understood. The relatively 
small number of dislocations (< 10° cm”) stored in 
deformed material may be significant in this regard 
—after equivalent deformation metals are believed 
to store up to 10* cm”. This fact suggests that the en- 
ergy stored in germanium is less than in metals and 
is too low to induce the formation or growth of 


Fig. 7—Dense rows 
of pits forming do- 
main boundaries re- 
vealed on a {111} 
plane by CP-4 after 
23 pct compression 
at 875°C. X500. 
Reduced approxi- 
mately 25 pct for 
reproduction. 
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strain-free grains. The reason for this small disloca- 
tion storage is not immediately evident. 


Effects of Deformation on Electrical Properties 


The structural changes produced by deformation 
of germanium are accompanied by large changes in 
electrical conductivity. A decrease in the conductiv- 
ity of n-type”” and a conversion of n-type to 
p-type” ® * as a result of deformation have been re- 
ported. This conversion can cnly mean that acceptor 
centers having levels below the middle of the energy 
gap are introduced by deformation. : 

As an extension to an earlier report by two of the 
authors,’ the effects of initial conductivity, type of 
conductivity, temperature of compression, amount of 
compression, and subsequent thermal treatments 
have been studied in detail. Measurements of con- 
ductivity were made at room temperature after re- 
moval of gold from the surface. 

Consider first the conductivity changes accom- 
panying the deformation and annealing of the lightly 
compressed specimens described above and in Table 
I. These data show that an annealable decrease in 
conductivity occurs upon low temperature deforma- 
tion that does not occur upon high temperature de- 
formation. This decrease results from acceptor cen- 
ters stored in the deformed material after cooling 
to room temperature. Any such centers formed dur- 
ing the high temperature deformation have appar- 
ently annealed out before room temperature is re- 
gained. On the other hand, the pit density changes 


Table II. Annealing of Compressed Germanium Crystals 


Temperature 

of Compres- Compres- Annealing 

Specimen sion, °C sion, Pct Treatment 
Single crystal No. 1* 550 4.5 42 hr at 850°C 
No. 27 650 27 42 hr at 850°C 
No. 3* 600 15 60 hr at 875°C 
Twinned crystal No. 4t 650 8.3 24 hr at 825°C 

plus 

64 hr at 875°C 
No. 5t 650 14 24 hr at 825°C 


plus 
64 hr at 875°C 


* n-type germanium, p = 7 
+ p-type germanium, p = 1. 
8 


-8 ohm-cm, antimony-doped. 
t n-type germanium, p = 8- 


4 ohm-cm, indium-doped. 
9 ohm-cm, arsenic-doped. 


are substantially the same during deformation and 
annealing in both tests. These results show clearly 
that the deformation-induced acceptor centers ob- 
served at room temperature are not the disloca- 
tions themselves. Otherwise, the same conductivity 
changes would be observed in both specimens just 
as the same dislocation density changes were ob- 
served in both. The results also show that these 
centers must occur in a form which is in part pre- 
served at low temperatures but which anneals out 
about as rapidly as formed at 725°C. Tweet” has 
found similar centers which anneal in this way. 
Consider secondly the accumulation of these ac- 
ceptor centers as deformation proceeds. Fig. 8 shows 
conductivity curves as functions of percentage of 
compression near 550°C for germanium specimens of 
several different initial conductivities. Evidently 
electron conduction is decreased and hole conduction 
increased by deformation in all these specimens. It 
follows that the acceptor centers, even though they 
are not associated with stored dislocations, never- 
theless increase with the amount of deformation at 
550°C. Fig. 9 shows the effect of temperature during 
the deformation on the accumulation of these ac- 
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Fig. 8—Effect of compression near 550°C on room tempera- 
ture conductivity of germanium specimens having different . 
initial conductivities showing accumulation of acceptor 
centers. The origin of the conductivity scale is 0.02 (ohm- 
cm)", the intrinsic conductivity of germanium at the tem- 
perature of measurement. 


ceptors. At low temperatures the acceptors accumu- 
late rapidly with deformation; at high temperatures 
they accumulate much less rapidly. This effect is the 
result of the rapid annealing out of the acceptors as 
the temperature is raised. In fact, as seen in Table I, 
in the case of small compression (2.5 pct), which in- 
troduces few acceptors, they anneal out so fast at 
725°C that they are gone before the specimens cool 
from the compression temperature. 

It is tempting to associate these new centers with 
vacancies” and interstitial atoms. Many such point 
defects must form during the observed increase of 
dislocation density.” The open network of atoms that 
constitutes the germanium (diamond) structure is 
such that, unlike more densely packed metals, inter- 
stitials should form about as easily as vacancies.” 
Furthermore, it is known that vacancy-interstitial 
pairs (Frenkel defects) formed in germanium by 
bombardment with various subatomic particles also 
act as acceptor centers.”” Finally, it is known” that 
such pairs anneal out readily after times at tempera- 
ture not inconsistent with those found for the defor- 
mation-induced centers which will now be described. 

The specimens deformed at high and low tempera- 
tures were both annealed at 725°C and their room 
temperature conductivities and dislocation densities 
were determined at intervals. These results are also 
shown in Table I. In the low temperature specimen 
almost all of the deformation-induced acceptors an- 
nealed out rapidly in about 30 min. The conductivity 
of the high temperature specimen did not change. 
The dislocation densities decreased very slowly in 
both specimens and remained more than 100-fold 
above the original densities even after 60 min of 
annealing. These results reaffirm the view that the 
acceptor centers observed at room temperature are 
almost entirely independent of the number of dislo- 
cations themselves and that they are easily annealed 
out at high temperatures. 

It may be pointed out that the residual decrease in 
conductivity observed in all fully annealed speci- 
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Fig. 9—Effect of compression at 525° and 725°C on the 
conductivity of germanium having initial conductivity of 
about 0.10 (ohm-cm)™* showing greater accumulation of ac- 
ceptor centers at the lower temperature of compression. 


mens probably reflects the decreased mobility of 
carriers in the presence of a 100-fold increase in dis- 
location density plus a quite small acceptor action of 
these dislocations. Pearson, Read, and Morin’ have 
shown that dislocations do act as acceptor centers in 
n-type germanium, particularly at lower tempera- 
tures. Read” has elaborated a theory which as- 
cribes this effect to an acceptor center associated 
with each dangling bond along any dislocation hav- 
ing an edge component. When these centers trap 
electrons from the conduction band, a row of nega- 
tive charges, surrounded by a positive space charge 
region, forms. The resulting increase of electrostatic 
energy makes the trapping of all but a few electrons 
unfavorable. The number trapped in n-type germa- 
nium turns out to be negligible at room temperature 
unless the conductivity is very high. Only a very 
small effect should occur in the germanium used 
here. 

The evidence presented here that room tempera- 
ture conductivity measurements in germanium are 
very sensitive to the formation of vacancies and in- 
terstitials suggests that the method be developed as 
a tool to study these point imperfections. The work 
described is therefore being extended to elucidate 
the details of such a method. 


Summary 

Study of the deformation of germanium by inden- 
tation and compression has revealed in some detail 
the operation of the postulated dislocation mechan- 
isms of plastic flow. Several new facts concerning 
the behavior of germanium itself have also been 
demonstrated. The general results of this study are: 

1) Dislocations introduced by plastic flow and 
stored in the material have been shown to exist as 
an array on the active slip planes. 

2) Annealing at high temperature after deforma- 
tion slowly decreases the number of stored disloca- 
tions, apparently by internal cancellation. 

3) Recrystallization does not occur in germanium 
even after compression of as much as 28 pct and long 
annealing near 900°C. 
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4) The heaviest of our compressions at high tem- 
peratures produce definite domain structures In 
which the domains are delineated by walls consist- 
ing of a high density of dislocations. These bounda- 
ries appear to be parallel to the active slip planes. 

5) Electrical conductivity changes are consistent 
with the view that both dislocations and point de- 
fects are introduced by the deformation. At room 
temperature in n-type germanium having conduc- 
tivity as low as 5.7 (ohm-cm)™, the dislocations 
seem to have very little effect; the point defects con- 
stitute substantially all the effective acceptor cen- 
ters. 

6) These acceptor centers increase in number with 
the amount of deformation at low temperatures such 
as 525°C, but are rapidly annealed out at higher tem- 
peratures such as 725°C. 

7) Electrical conductivity measurements of ger- 
manium appear to provide an important tool for the 
study of point defects. 
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Calculation of Diffusion Coefficients by the 
Matano-Boltzmann Method 


Some aspects of Boltzmann’s solution for one-dimensional diffusion in an infinite 
medium when the initial distribution is a step function are clarified. Thus, the fact that 
the concentration is a function of the single variable x/t'’” is established by a dimen- 
sional argument. The basis of the Matano-Boltzmann method for determining diffusion 
coefficients from concentration curves is discussed, and a new way of applying the method 
is derived and illustrated. As in the work of Hall, emphasis is placed on the curve ob- 
tained when (in effect) concentration is plotted against position on probability paper. This 
curve is approximated by a polynomial, and the diffusion coefficient is calculated by 
using an equation in which the coefficients of the polynomial appear as parameters. The 
new procedure makes the judgment of the effect of errors in concentration measurements 
easier than do the graphical methods frequently used. 


by E. M. Baroody 


UCH information on intermetallic diffusion has 
been obtained in experiments in which two 
volumes, initially at different uniform concentra- 
tions, are maintained in contact at an interface 
which is plane, or nearly so. Concentration-distance 
curves are obtained after suitable times, and analyzed 
on the basis of a one-dimensional form of Fick’s law 


dc 0 ( dc ) 
= D 

ot Ox Che 
In early work the linear equation to which Kq. 1 
reduces when D is independent of concentration was 
used. However, when the initial concentrations c, 
and c, are appreciably different this simplification is 
often unjustified, and the suggestion by Matano’ in 
1933 of a way of avoiding it was welcomed. Matano’s 
paper was based on work done as early as 1882 by 
Boltzmann.” 

In 1938 Rhines and Mehl‘ reported an extensive 
investigation of systems in which the diffusion co- 
efficient depends strongly on concentration, and in- 
cluded a detailed description of the Matano-Boltz- 
mann method. To a large degree, this description 
represents the formal method as it is understood and 
applied today, most later discussions having empha- 
sized thermodynamic and mechanistic aspects of 
diffusion. Exceptions are the comments of R. V. 
Churchill, contained in a paper by Ham, Parke and 
Herzig,’ and the papers by Hall’ and by Kirkaldy.’ 
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Columbus, Ohio. 
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February 1957. 
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x(mm) 


Fig. 1—Example of the relation between x and u. The points 
show experimental data of Rhines and Mehl for sample 2 
of ref. 4. The solid curve was calculated from Eq. 30, and 
the dashed curve from Eq. 31. 


More discussion appears necessary since some as- 
pects of the problem remain obscure. Better com- 
putational procedures are also needed. The common 
method, involving graphical determination of slopes 
and areas, is inconvenient and makes the estimation 
of errors difficult. 


Background of the Matano-Boltzmann Method 
Eq. 1 is to be considered along with initial and 
boundary conditions. Take the origin of x at the 


JULY 1957, JOURNAL OF METALS—819 


| | | | | 
| | | y | | 
| 
| 
~06 
(0) 04 08 12 1.6 2.0 
AL 


initial interface, let the distance over which measur- 
able concentration changes occur be small compared 
with the dimensions of the system in the x direction, 
and introduce the notation 


WwW = (c = [2] 
g(w) = D(c)/B [3] 


where B is a constant with the dimensions of a dif- 
fusion coefficient. The differential equation and the 
initial and boundary conditions then have the form 


10 
[5] 


w= il 


Boltzmann saw that these equations have a solu- 
tion which is a function of the single variable } = 
x/t”. He also realized that this solution is unique, 
but as Kirkaldy’ has observed, a number of later 
workers have not understood this point. Kirkaldy 
has given two arguments for uniqueness, but the 
following statements seem to be more convincing, 
as well as simpler. Since w is dimensionless it must 
be a function of dimensionless groups. On the other 
hand, the only quantities with dimensions available 
for the formation of such groups are the variables 
zx and t, and the constant B. In some problems the 
initial and boundary conditions would introduce 
quantities with dimensions, but not here, since no 
finite times or distances appear. Moreover, x’/Bt is 
the only dimensionless combination of the available 
quantities. Hence, x and t enter w only in the com- 
bination x/t”. 

The solution of Eqs. 4 to 6 is now known to be of 
the form w(\). Eq. 4 reduces to the ordinary dif- 
ferential equation 


while Eqs. 5 and 6 become 
w(co)=1 w(—o) =0. [8] 


Hausmaninger’ tells how Boltzmann obtained these 
equations and how, making two integrations, he 
reached a result which (when D is a function of 
concentration) gives the concentration as the solu- 
tion of an integral equation.* This result is of gen- 


* Hausmaninger discussed diffusion out of a semi-infinite medium, 
but the problems are essentially the same. 


eral interest, but not useful for the determination 
of D(c) from an observed concentration curve. For 
this purpose, Boltzmann recommended a single, 
direct integration of Eq. 7, which yields 


dw 
2D ree mm \ dw’ = constant. [9] 


Eqs. 8 and 9 are consistent with finite values of D 
at the limiting concentrations only if the constant 
on the right of Eq. 9 is taken to be zero, and if 


dw = 0. [10] 
If w is regarded as a function of x at a fixed time, 
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Eqs. 9 and 10 take the form 


[11] 


[12] 


These equations have been used repeatedly for the 
calculation of D. In many cases, however, the mean- 
ing of Eq. 12 has been misrepresented, it being 
stated or implied that the origin may be freely 
chosen to satisfy the equation. Actually, w(x/t'”) 
will not be a solution of the given boundary value 
problem unless the origin of x is the initial inter- 
face. If this interface is known, and if its use as an 
origin leads to a violation of Eq. 12, the conclusion 
should be that Eqs. 4 to 6 have not been followed. 
Specific objections to measuring x from a plane dif- 
fering from the initial interface were made earlier 
by R. V. Churchill (ref. 5, pp. 887-888). There also 
seems to be little evidence that Matano intended to 
introduce a new interface. It is more likely that he 
only meant that when D depends on concentration, 
the initial interface can be determined from Eq. 12, 
but not from w = ¥. 

In recent years phenomena related to the Kirk- 
endall effect have shown the need for generaliza- 
tions of Eq. 1 which lead to Eq. 7, but with a new 
relation between \ and x. For example, if the quan- 
tity f in Eq. 87 of the review article by Seitz® is 
considered constant, and if 


= (x/t) + 2f [13] 


is written, Eq. 7 is obtained. Introducing xy = 


— 2 ft’? leads tot 


+ The dimensional proof that w is a function of x/ft1/2 still applies 
since the new constant f has the same dimensions as B1/2, 


dw 

= (xu — x) dw’ [14] 

x dw. [15] 


These equations replace Eqs. 11 and 12. Their form 
shows that in applying them it is not necessary to 
measure distances from the initial interface. The 
values of D which are obtained are independent of 
the choice of origin, while x, locates the Matano 
interface relative to whatever origin is chosen. 
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Fig. 2—Diffusion coefficient as a function of concentration. 
The circles and triangles were computed from Eq. 28, using 
Eqs. 30 and 31, respectively. The crosses show the effect of 
adding the term 0.003 u® to Eq. 30. The line shows the re- 
sults computed by Rhines and Mehl.‘ 
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Eqs. 14 and 15 are acceptable in the sense that 
they are consistent with finite values of D(c,) and 
D(c.), and with the approach of dc/dx to zero at 
large distances. However, the convergence and 
values of the integrals depend on the way in which 
dc/dx approaches zero. Actually, as Hausmaninger 
realized, D(c) cannot be calculated at all without 
some assumption concerning its behavior near the 
limiting concentrations. The assumption that both 
D and dD/dc approach finite limits is reasonable, 
and its implications will now be considered. 

There are advantages in emphasizing, as Hall* has 
done, not the concentration itself, but a function u 
defined by the equationt 


t Hausmaninger also used this transformation at one stage of his 
analysis. 


w= % [1+ ¢(u)] [16] 


where ¢(u) is the error function. Differentiation of 
Eq. 16 gives 


dw 1 


du 
—— = —— exp (—u’) ——. [17] 
dy Va dy 


On the other hand, the assumption concerning the 
limiting behavior of D(c) implies the following 
asymptotic form of Eq. 7 


2D 0 [18] 
dy? 


Integration of Eq. 18 shows that dw/d\ becomes 
proportional to exp (—)’/4D). Comparing this with 
Eq. 17 leads to the conclusion that asymptotically 


u= [19] 
2DY* 
where it is understood that D = D(c,) for \ = — o, 


and D = D(c.) for \ = + o. That is, u(A) is asymp- 
totic to two straight lines which intersect at wu = 
= 0.§ 


§ The author is indebted to Martin N. Chase for calling attention 
to this fact. 


Analytic Formulations of the Method 

Hall® noted that for some data of da Silva and 
Mehl, a graph of u(A) is characterized by two linear 
portions joined by a region of rapidly changing 
slope. He suggested that a relation of the type u = 
hy + k be applied to each linear section of the curve, 
and derived corresponding expressions for the diffu- 
sion coefficient. For low concentrations (for which 
u is negative) he obtained 


1/2 


1 a 

= 2 wu) |. 20 

D(c) (u’) [1+ ¢(u)] [20] 

The discussion of the asymptotic behavior of u(\) 

given above implies that Eq. 20 will not give finite 

limiting values of both D and dD/dc except for k = 

0. In fact, using the asymptotic expansion of the 
error function 


Die) (1-—) [21] 


12 2 
dD kn” exp (u’) [22] 
dc 4(c,— C1) 


A finite limiting value is obtained for D, but not for 
dD/dc. Fig. 1 of Hall’s paper shows that his value 
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of k is significantly different from zero, which im- 
plies vertical tangents at the ends of the curve 
D(c). Hall’s Fig. 3 does not show this feature, pos- 
sibly because it becomes apparent very near the 
limiting concentrations, and might easily be missed 
if not anticipated. 

A reasonable conclusion is that the data of da Silva 
and Mehl do not reveal the behavior of u(d) in 
regions near the concentration limits, and that Eq. 
20 is not a good representation of D(c) very near 
these limits, although it may be a useful approxi- 
mation over certain ranges of concentration. 

A different analytic procedure has been studied 
in which experimental results are described by ex- 
pressing x as a polynomial in wu. It is desirable to 
use x rather than i, because \ is not known until 
after x, has been calculated. Representation of x(w) 
by a polynomial is studied because it is likely to be 
convenient in a substantial fraction of the cases 
arising in practice. 


Introducing the polynomial 
N 
A, [23 ] 
n=0 
and Eq. 16 into Eqs. 14 and 15 leads to 


N 
2Dt exp (—u’) Lul.(u) — A,I,(u) [24] 
n=0 


N 
= A,I,,() [25] 

where ‘ 
= f u” exp (—u’’) dw’. [26] 


Using these relations 


na=2,4... 


Ae A, [27] 


4Dt = (dx/du) [28] 


The functions F,,(u) are polynomials, the first few 
being 


F,=1 
U 


All the even polynomials may be obtained from F;, 
and all the odd ones from F,, by the formula 


ul 
(n—1) F,-2 + u"™. 


On reflection, Eq. 23 may appear unacceptable 
since, except for the special case N = 1, it disagrees 
with Eq. 19. Doubts are strengthened by a first 
examination of Eq. 28. This equation yields infinite 
values of D(c,:) and D(c.), and also indicates pos- 
sible difficulties at intermediate values of c. The 
functions F,,(w) increase so rapidly with n that even 
for u = 0 any value of D may be obtained, without 
contradicting the experimental data, just by choos- 
ing an appropriate small value of some A,, n being 
sufficiently large. 

These consequences of Eq. 23 are undesirable, but 
the important question is whether or not the equa- 
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“4 
N 

n=1 


tion can be used in such a way that no errors are 
introduced into D(c) which are not inherent in the 
experimental data. Considering the derivation of 
Eq. 28, it is noted that a term A,u” in x(wu) intro- 
duces A,J,(u) into Eq. 24 and that, according to Eq. 
26, large contributions to I,(w) can only come from 


n 
wu’ near ae Speaking roughly, Eq. 23 is inferred 


to be acceptable when the data can be adequately 
represented by a polynomial of degree N, where 


N 
oye lies within the range of u which is well cov- 


ered by the experimental data. 


Application of the Polynomial Method 


As an example, consider the results for sample 2 
of Rhines and Mehl.* The initial components were 
copper and a Cu-Al alloy containing 8.5 wt pct Al, 
and the couple was held at 700°C for 38.40 days. 
After the data on pp. 189 and 193 of ref. 4 are con- 
verted to atomic pct Al, u can be obtained for various 
values of x. A plot of x(u) is given in Fig. 1. The 
horizontal lines through the points indicate experi- 
mental uncertainties. They were obtained from the 
relation 


du = \/7 exp (u’) dw [29] 
and the assumption that the uncertainty in any 
measured concentration is about 1 pct of the maxi- 
mum concentration, which is in reasonable accord 
with the authors’ views regarding errors. Two ap- 
proximations to the data are shown in Fig. 1 


xz = — 0.02 + 0.29u + 0.115u? + 0.065u* (solid line) 
[30] 


z= — 0.02 + 0.30u + 0.085u? + 0.055u° 
(dashed line). [31] 


The first of these gives a satisfactory approximation 
to the data and, roughly speaking, the deviation of 
the dashed curve from the solid one is as large as is 
permitted by experimental uncertainties. Carrying 
through calculations for both approximations permits 
some judgment of uncertainties in D(c). 

When Eq. 28 is applied to the two approximations, 
the results shown by circles and triangles in Fig. 2 
are obtained, where D is plotted against concentra- 
tion. The curve is well defined for about 80 pct of 
the concentration range (from 2 to 16 pct), the de- 
tailed results being more meaningful than might 
have been supposed. The results calculated by Rhines 
and Mehl from the same data are also shown (solid 
line), bringing out the good agreement between the 
two procedures in this case. The crosses show the 
effect of adding the unnecessary term 0.003u’° to the 
right side of Eq. 30. This point is discussed below. 

Each of the approximations of Fig. 1 corresponds 
to a location for the Matano interface. Using x, = 


A, 
A, + me see Eq. 27, 0.038 mm is found for the solid 


line, and 0.022 mm for the dashed line. Rhines and 
Mehl give 0.04 mm. 

Consider whether or not the use of polynomials 
is acceptable in this case. For this purpose, errors 
in D(c) may be associated with: 1) limited accuracy 
of x(w) within the range of the experiments, 2) un- 
certainty concerning x(u) at large distances, and 
3) deviations of the polynomials from reasonable 
behavior at large distances. 
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An estimate of the importance of the last item 
may now be made. Considering u > 0 and having in 
mind Eq. 19, from Fig. 1 it would be reasonable for 
x(u) to follow Eq. 30 to u = 1.6, and then change 
gradually to a straight line cutting the x-axis at Xu. 
To estimate the difference between results based on 
such a curve and those based on Eq. 30, it may be 
supposed that the curve changes abruptly from the 
polynomial to a straight line at uw = 2. From Eqs. 
14, 15, and 17 it is evident that values of the integral 


Xu) exp (—wu’) du 


2 
are needed. Use of the relation 


— Xu] + Ly [32] 
along with numerical values from Eq. 30 leads to 
0.0069 mm. On the other hand, use of the poly- 
nomial leads to 


1 
> A,F,(2) = 0.0077 mm. 


n=1 


The small difference between these results may be 
compared with 


1 
f (x — xy) exp (—u’) du = — 
1 2e 


> A,F.(1) = 0.098 mm. 


n=1 


The comparison indicates that for wu = 1 (C = 16.5 
atomic pct), use of the polynomial introduces only 
about 1 pct error into D. On the other hand, Fig. 2 
shows that the overall uncertainty in D at this con- 
centration is about 20 pct. 

The inclusion of unnecessary terms of high degree 
in the polynomial can completely change this situa- 
tion. For example, addition of the term 0.003u° to 
Eq. 30 does not lead to a contradiction of the experi- 
mental data, but greatly increases the difference be- 
tween results based on the polynomial and those 
based on reasonable asymptotic behavior. Thus, the 
crosses in Fig. 2 illustrate an incorrect interpreta- 
tion of the data. This agrees with the inference 
made at the end of the previous section. When x(w) 
is cubic, the points uw = +\/N/2Z lie well within the 
range covered by the experimental data, while for 
N = 9 these points lie beyond the range of the data. 
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Some Aspects of 


Alloying Onto Germanium Surfaces 


Layers of n-type with thickness in the range of 0.0002 in. over areas of 0.006 sq in. 
have been produced on intrinsic germanium wafers by an alloy regrowth process as one 
stage in the fabrication of transistors. Experiments show that satisfactory alloying re- 
quires proper choice of solvent and doping impurity, good wetting of solvent to germanium, 
avoidance of contamination, good orientation of the germanium surface to the (111) plane, 
proper temperature cycle, and an inverted temperature distribution in the melt. Details 
are given of the process now in use in which lead is the solvent and antimony the doping 


impurity. 


by J. W. Peterson, J. McGlasson, Jr., and W. C. Hittinger 


HIS paper describes the result of an investiga- 

tion of the production of thin alloyed layers on 
a thicker substrate of pure germanium as one step 
in the manufacture of transistors." The technique of 
alloying materials with semiconductors is a means 
of introducing small amounts of impurity elements 
in the alloyed regions of the crystal lattice of the 
semiconductor, the presence of which make possible 
the junction type transistor.” 

Impurity elements are added which will produce 
regions having differing electrical resistivities and 
means of carrying current. Impurities are of two 
types: those which produce an excess of electrons 
(negative or n-type), and those which produce a 
deficiency of electrons (positive or p-type) in com- 
parison to the pure semiconductor. The boundary 
between two such regions is designated a p-n junc- 
tion. Elements in Group V of the periodic table, 
having five valence electrons, give rise to an excess 
of electrons when present substitutionally in the 
semiconductor lattice (usually germanium or silicon 
from Group IV). Similarly, elements in Group III 
create a deficiency of electrons. Germanium and 
silicon which are substantially free of impurities of 
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FIG. 1D 


Fig. 1—Heating cycle for producing an N-I junction. 


either p or n-type are designated intrinsic (i-type) 
semiconductors. The usual junction transistor has 


JULY 1957, JOURNAL OF METALS—823 


LEAD- 


Fig. 2—Cross section of a type n-p-n transistor, showing in- 
adequate wetting. X180. Reduced approximately 35 pct for 
reproduction. 


BUBBLE 


LEAD 


REGROWN 


MOUNTING 
PLASTIC 


Fig. 3—Bubble formed by liberation of gases from decompo- 
sition of a lead oxide at a Pb-Ge interface. X180. Reduced 
approximately 35 pct for reproduction. 
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REGROWN 
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Fig. 4—A diffusion-controlled curved junction, the result of 
yery rapid heating. X355. Reduced approximately 35 pct for 
reproduction. 


MOUNTING 
PLASTIC 


JUNCTIONS 


MOUNTING 


PLASTIC 


Fig. 5—Junction oriented to the (111) plane, as a result of 
very slow heating. X180. Reduced approximately 35 pct for 
reproduction. 
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two junctions (p-n-p or n-p-n transistors), while 
certain varieties may have more, such as the p-n-i-p 
transistor.® 

In the alloy process to be described, a small wafer 
of solvent metal containing an n-type impurity is 
placed in contact with a wafer of germanium, Fig. 
1A, after which the system is heated. As the tem- 
perature is raised above the solvent melting point, 
the solubility of germanium in the solvent increases, 
and a melt of solvent plus germanium is formed, 
Fig. 1B. During subsequent cooling the solubility 
of germanium decreases, causing crystallization of 
both germanium and impurity atoms out of the 
melt. In general, the crystallized atoms rebuild the 
previously dissolved germanium crystal structure, 
producing a regrowth layer which contains a cer- 
tain concentration of impurity atoms, Fig. 1C. The 
impurity concentration in the regrown layer de- 
pends upon the distribution coefficient, which is the 
ratio, Cs/C,;, between concentration of the impurity 
element in the solid and in the liquid, at a given 
temperature. The objective of this investigation is 
to produce n-type regrowth layers on intrinsic 
(i-type) single-crystal germanium. Requirements 
placed on the regrowth layer were uniform and con- 
trolled thickness in the 0.00010 to 0.00014 in. range 
over an area of at least 0.002 sq in., and n-type im- 
purity concentration of approximately 10% atoms 
per cu cm with no inclusions of foreign material. 
Resistivity of the underlying intrinsic germanium 
was to remain substantially unchanged (35 ohm-cm 
minimum). 

Upon completion of the alloying cycle the solvent 
material is removed by selective chemical etching, 
revealing the top surface of the regrowth layer, 
Fig. 1D. The n-i wafer is then ready for use in 
fabricating a p-n-i-p transistor.® 


Materials 
Crystal Orientation of Germanium Crystal—There 
is a well known‘ tendency for the solid-liquid inter- 
face during alloying to lie in the (111) crystal- 
lographic plane, and for germanium to regrow in 
(111)-oriented sheets. Therefore, the surface of the 
starting material must be accurately oriented to the 
(111) plane if a thin, uniform n-layer is to be pro- 
duced. The accuracy of orientation required can be 
estimated by recognizing that in order for the n-i 
junction to le in the (111) plane, a (111) plane 
must be completely expused during the period of 
maximum solution of germanium in the alloying 
cycle. For example, to produce a 0.1-mil layer of 
60 mil diam, the misorientation between the surface 
of the wafer and the (111) plane can at most be 

0.2 mil in 60 mil, or about 11’. 
Choice of Solvent—A solvent for our purposes is 
a metal (generally of low melting point) which to- 
gether with germanium forms a system with a 
liquidus extending down to relatively low tempera- 
tures. Thus, an appreciable amount of germanium 
can be in the liquid phase at temperatures far below 

the germanium melting point. 
The solvent material itself must not be a p-type 
or n-type impurity* and should contain as impuri- 


*None of the n-type elements have a low enough distribution 
coefficient to allow a single element to be simultaneously solvent 
and n-type impurity in producing the desired value of impurity 
concentration in the regrowth layer. 


ties no more than a few parts per million of ele- 
ments having such properties. These requirements 
indicate the use of highly purified Group IV ele- 
ments. Good wetting to germanium should take 
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place at a temperature well below that at which 
appreciable solution of germanium occurs, in order 
for solution to occur uniformly over the entire 
alloyed area. Adequate solubility of germanium 
must take place at a temperature which is reason- 
able from other considerations.+ In order to avoid 


j At first it was considered important to keep the alloyin - 
perature at about 600°C or less, to avoid tha 
intrinsic germanium. More recently, however, it has been demon- 
strated that no such conversion appears in a lead alloying process. 
Because of their high diffusion coefficient at alloying temperatures 
the copper atoms responsible for conversion are swept into the melt, 
which acts as a sink because of the low distribution coefficient of 
copper in germanium. This fortunate attribute of an alloying process 
was first recognized by C. S. Fuller (private communication July 
1, 1952), and has recently been more fully investigated.®, 7 i 


serious straining of the germanium during the cool- 
ing which follows solidification of the solvent, one 
of two requirements must be met. Either the yield 
strength of the solidified solvent must be low, or its 
thermal expansion coefficient must nearly match 
that of germanium. Finally, the solvent material 
should be easily removable after alloying, exposing 
the clean regrowth surface. Lead, tin, and various 
Pb-Sn alloys have been investigated. Lead had been 
found to be a more desirable solvent because of its 
lower yield strength and ease of chemical removal. 
The purity of Doe Run lead? is sufficient for most 


t Specially purified lead containing 30 ppm Bi, 12 ppm Cd, and 
3 ppm or less of other elements. 


purposes; regrowth produced from undoped Doe 
Run lead has an n-type resistivity of the order of 
5 ohm-cm. 

Donor Impurity—It is desirable for the n-type 
impurity, of whose concentration in the regrowth 
material control is desired, to have a: low vapor 
pressure at alloying temperatures. Thus the im- 
purity concentration in the solvent will tend to re- 
main constant throughout the alloying process and 
contamination of the graphite boat will be mini- 
mized. Such contamination would be undesirable, 
since it would tend to increase the doping in sub- 
sequent alloying runs. Two donor impurities, anti- 
mony and arsenic, havé been investigated. Of the 
two, antimony has the lower vapor pressure, and 
appears to be the more generally satisfactory. A 
concentration of about 0.01 pct Sb in Doe Run lead 
produces regrowth of about the desired resistivity 
(approximately 0.05 ohm-cm). 


Procedure 


Equipment—In the present technique pellets of 
antimony-doped lead and wafers of nearly intrinsic 
germanium, held in a carbon boat, are heated in a 
resistance-type oven. The oven is a Nichrome tube 
of rectangular cross section, with its ends closed by 
removable plates. During an alloying cycle, the tube 
is first evacuated, after which deoxidized and dried 
hydrogen is passed through it. After the alloying 
cycle has been completed, the solidified lead is re- 
moved chemically§ and the n-i wafer is ready for 


§ The lead is dissolved in a solution of 2 parts H202(30 pct), 2 
parts glacial acetic acid, and 5 parts distilled H2O. 


evaluation and fabrication into a transistor. 
Wetting—Obtaining good wetting over the entire 
area to be alloyed has been a serious and continu- 
ing problem. The critical requirement is that the 
germanium and solvent pellet surfaces be as clean 
and oxide-free as possible. Best results have come 
from cleaning both lead and germanium chemically, 
then heating them separately to about 650°C before 
combining them, inside the furnace, to initiate the 
alloying process. This technique avoids exposing the 
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Fig. 6—Jagged regrowth surface with inclusions of lead, the 
result of intermediate regrowth rates. X180. Reduced approxi- 
mately 35 pct for reproduction. 


LEAD 


MOUNTING 
PLASTIC ——>_ 
Fig. 7—Regrowth rates slower than used for Fig. 6 produce a 
cleaner interface, but some lead inclusions are still visible. 
X180. Reduced approximately 35 pct for reproduction. 
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Fig. 8—Pits and columns are shown at the interface, the 
result of an unfavorable temperature gradient caused by 
heating the wafer from below. X106. Reduced approximately 
35 pct for reproduction. 
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Fig. 9—Cross section of a typical regrowth layer 0.35 mil 
thick, made with a controlled temperature gradient. X135. 
Reduced approximately 35 pct for reproduction. 
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Fig. 10—Top surface 
of a regrowth layer, 
after lead removal. 
The surface was flat 
within a variation of 
in. 


clean surfaces to air before alloying takes place. 
These procedures have eliminated the necessity for 
using a flux, which is to be avoided wherever pos- 
sible because of the danger of contamination. 

Fig. 2 shows the cross section of an example of 
inadequate wetting in an n-p-n transistor. While 
the lead has spread over both germanium surfaces, 
a region on each side shows no solution and there- 
fore poor wetting at this point. Occasionally bub- 
bles appear at the Pb-Ge interface, probably caused 
by gases liberated by decomposition of a lead oxide. 
Such bubbles very effectively prevent wetting, as 
shown in Fig. 3. (In Figs. 2 to 5 and 9 the regrowth 
region lies between the dark, narrow line marking 
the junction,# and the surface of the wafer.) 


# It is difficult, in general, to reveal the n-i junction by the use 
of a chemical etch, particularly where the impurity concentration in 
ee gesrow mE is relatively low, as it must be in satisfactory n-i 
material. 


Temperature Cycle—A proper temperature cycle, 
consisting of heating and cooling periods, is essen- 
tial to satisfactory alloying. In general, the shape 
of the n-i junction is determined by the heating 
period, and the shape and quality of the regrowth 
layer are determined by the cooling period. 

If all dissolved germanium regrows during the 
cooling period, the thickness of the n-layer is deter- 
mined by the amount of solvent and maximum tem- 
perature during the heating period. Assuming good 
wetting over its entire area, a layer of solvent{ will 


{ Assuming that a negligible amount of solvent is incorporated in 
the regrowth germanium. 


dissolve a thickness x of germanium given by 


if Me. 
1 M, dee 


where t is the thickness of solvent layer; M,. and 
M, are the atomic weights of germanium and sol- 
vent, respectively; dg. and d, are the densities of 
germanium and solvent, respectively; and f is the 
atom fraction of germanium in solution at a given 
temperature. For the Pb-Ge system 


f 


x = 0.742 


In addition to providing good wetting during its 
initial portion, the heating period should maintain 
a planar solid-liquid interface as solution of ger- 
manium takes place. This is best accomplished by 
heating in such a manner that diffusion maintains 
a nearly uniform distribution of germanium in the 
melt. Since a low rate of solution is desirable, a 
heating period of given length is most effectively 
used when the rate of solution is kept constant. A 


826—JOURNAL OF METALS—JULY 1957 


constant rate of solution of germanium can be pro- 
vided by use of the Ge-Pb*® phase diagram. If df/dt 
= K (constant), then f = Kt;** and the abscissa of 


** More accurately, f/1-f = Kt. However, since in most alloying 
work f < <1, the approximation f = Kt is generally a good one. 


the phase diagram need only be multiplied by a 
suitable numerical factor to obtain a temperature- 
time curve which produces a constant rate of solu- 
tion. It has been found that a heating period of 20 
to 30 min to 700°C is satisfactory. To achieve steady 
state temperature conditions and uniform germa- 
nium concentration in the melt, 5 to 10 min at 700°C 
is ordinarily sufficient. 

Very rapid heating, where diffusion controls the 
shape of the liquid-solid interface, produces curved 
junctions such as that of Fig. 4. Progressively slower 
heating rates produce progressively flatter inter- 
faces. Fig. 5 shows a p-n-p cross section in which 
heating was so slow that the junctions are (111) 
planes (the wafer had obviously not been oriented 
to this plane). Too rapid heating also tends to pro- 
duce pits in the junction surface, which promote the 
formation of the lead inclusions described below. 

The cooling period should produce thin, uniform 
regrowth layers. This has been accomplished both 
by very rapid and by very slow cooling, while inter- 
mediate rates produce ragged regrowth which often 
contains inclusions of lead. In rapid cooling, re- 
growth takes place so quickly that preferential 
directions for crystal growth are unimportant. In- 
stead, a thin uniform layer is built by those ger- 
manium atoms which are swept out by diffusion 
from the suddenly oversaturated melt. Fig. 4 illus- 
trates this case, showing how the diffusion zone is 
bounded at the top by nucleated crystals of ger- 
manium. The regrowth layer thickness is determined 
by the diffusion zone width and original concentra- 
tion of germanium in the melt. 

As regrowth rate decreases from the very rapid 
case, the diffusion zone increases in width, and 
finally nucleation disappears. At these intermediate 
rates of regrowth the interaction between diffusion 
and preferential regrowth produces a jagged re- 
growth surface and inclusions of lead within the 
regrowth layer, as shown in Fig. 6. Fig. 7 shows the 
results of a still lower rate of regrowth, in which 
the regrowth is quite uniform, but inclusions of lead 
(in the small dark spots) are still present. The 
presence of such inclusions near the n-? junction 
appears to short out the junction and produce abnor- 
mally high reverse currents when the material is 
fabricated into a p-i-n diode for evaluation. 

In slow cooling, diffusion maintains nearly uni- 
form germanium concentration in the melt, and the 
form of the regrowth is determined by the pref- 
erential growth in (111)-oriented sheets. Since a 
low regrowth rate is desirable, a cooling period of 
given length is most effectively used when the rate 
of regrowth is kept constant. 


Temperature Distribution in Melt—Even at low 
rates of regrowth the surface is generally not as 
flat as would be expected from the close approach 
to equilibrium. In addition to stepped (111) sheets, 
low columns and pits frequently are produced. The 
formation of stepped sheets is attributed to the pres- 
ence of curved isothermal surfaces which result in 
faster regrowth in cooler regions, and therefore a 
net transport of germanium atoms from hot to cool 
regions. The occurrence of columns and pits is 
attributed to the unfavorable temperature gradient 
which results from heating the wafer from below, 
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with the upper part of the melt coolest. Thus an 
unstable condition exists, where a higher region 
tends to grow faster and a low region slower than 
the surrounding regrowth surface. This effect is 
illustrated in Fig. 8. It is believed that the improved 
flatness resulting from very slow cooling results 
principally from the reduction of temperature gra- 
dients, rather than from a closer approach to equi- 
librium. The use of auxiliary heaters to reverse the 
usual temperature gradient improves the flatness, 
and in particular nearly eliminates the formation of 
columns and pits. 

Fig. 9 is a cross section of a typical regrowth 
layer 0.35 mil thick, made with a controlled tem- 
perature gradient. The portion of the wafer shown 
is 230 mil long. A photograph of the top surface of 
a regrowth layer made in the same fashion as the 
previous specimen is shown in Fig. 10 after lead 
removal. This surface, made on a 0.075x0.075 in. 
wafer, was flat within one fringe of sodium light, 
corresponding to a maximum variation of 10°” in. 


Summary 
Thin, uniform n-type alloy regrowth layers have 
been produced as the result of careful attention to 
the following metallurgical aspects: crystallographic 
orientation of starting material, wetting of the sol- 


vent, constitution of the solvent, heating and cooling 
cycles, and temperature distribution in the melt. 
Layer thickness has been controlled to a value of 
0.2 +0.1, —0.05 mil for a particular application, and 
layers of less than 0.1 mil have been produced for 
exploratory use. 
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Technical Note 


Further Contribution to the Crystallographic Angles for Bismuth and Antimony 


by W. Vickers 


ALKOVITZ’ has given a number of useful angles 

between planes for use with the Laue method in 
determining the orientation of bismuth single crys- 
tals. Bismuth is usually considered as having a face- 
centered-rhombohedral structure with its axial 
angle 87°34’, Fig. 1. A similar figure given by Sal- 
kovitz appears to be in error in that the angle there 
marked as 87°34’ should be 92°26’. The primitive 
cell is a single rhombohedron of axial angle 57°14’. 
The structure is almost face-centered-cubic and 
hence high accuracy in measurements is essential if 
there is to be no confusion in indexing poles or zone 
axes. 

It is easier to get this accuracy if zone axes are 
plotted on the stereogram because they will lie near 
the basic circle where the net has a more open scale. 
The zone axes can be read from the film, using a 
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Fig. 1—Crystal 
structure of bismuth, 
showing simple 
thombohedron and 
face-centered- 
thombohedron. 
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Greninger chart, and can be plotted more accurately 
than poles. Also, the angles between points near the 
basic circle can be read more accurately than those 
between poles near the center. 

In order to use the zone axes the angles between 
directions have been calculated from a formula given 
by Niggli,* and are given in Table I. Miller indices 


101 


all 


Fig. 2—Standard [111] stereographic projection for bismuth 
and antimony. 
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Table |. Angles Between Directions 


Directions Angles Directions Angles Directions Angles 


Directions Angles 


Directions Angles’ Directions Angles Directions Angles 


101 101 101 211 211 211 
19°10’ 33°6’ 31°24’ 19°52’ 18°9’ 20°37’ 30°00 
102 113 112 212 212 111 101 aes, 
8°22’ 19°24’ 29°58’ 15°59’ 48°18’ 16°21’ 30°00 
103 012 011 111 001 122 112 He 
18°40’ 37°29’ 28°38’ 19°28’ 47°6’ 19°27’ 30°00 
001 111 121 121 212 011 011 Ses 
18°12’ 37°29’ 28°38’ 9°55’ 33°36’ 30°00 
103 210 110 131 211 111 121 Petes 
7°52’ 19°24’ 29°58’ 24°46’ 18°22’ 30°00 
102 311 211 010 210 211 110 i 
17°43’ 33°6’ 31°24’ 24°46’ 24°39’ 9°38’ 30°00 
101 101 101 131 211 311 211 
17°43’ 9°55’ 25°2’ 
201 121 100 
7°52’ 19°28’ 25°59’ 
301 111 311 
18°12’ 15°59’ its 10°59’ 
100 212 211 
18°40’ 19°52’ 
301 101 
8°22’ 
201 
19°10’ 
101 
Table Il. Angles Between Planes 
Normals Normals Normals Normals Normals Normals Normals 
to Planes Angles to Planes Angles to Planes Angles toPlanes Angles to Planes Angles to Planes Angles to Planes Angles 
101 101 101 101 211 211 211 ; 
17°45’ 20°59’ 28°39’ 19°77’ 17°19’ 30°00 
‘102 214 112 212 2 212 111 101 ’ 
7°54’ 8°56’ 29°57’ 15°36’ i 18°44’ = 15°13’ J 30°00 
103 113 011 111 214 122 112 : 
18°11’ 19°5’ 31°23’ 19°28’ 29°21’ 19°26’ 5 30°00 
001 012 121 121 001 011 011 , 
18°40’ 41°00’ 31°23’ 10°7’ i 29°51’ 36°58’ a5 30°00 
103 111 110 131 214 111 121 
8°21’ 41°00’ 29°57’ 25°41’ i 19°22’ 20°37’ x 30°00’ 
102 210 211 010 212 211 110 
19°8’ 19°5’ 28°39’ 25°41’ x 17°53’ 10°25’ es 30°00’ 
101 311 101 131 211 311 211 
19°8’ 8°56’ 10°7’ 11°28’ 25°21’ 
201 412 121 421 100 
8°21’ 20°59’ 19°28’ 12°28’ 24°9’ 
301 101 111 210 311 
18°40’ cn 15°36’ 23°35’ 9°24’ 
100 212 211 211 
18°11’ 19°7’ 
301. 101 
7°54’ 
201 
17°45’ 
101 


are used throughout and refer to the large face- 
centered-rhombohedron. 

For checking or indexing spots, more angles be- 
tween planes are needed than are given by Salkovitz. 
Therefore, some angles between planes have been 
calculated from another expression,’ and are given 
in Table II. The angles between adjacent directions 
or adjacent normals to planes lying on prominent 
great circles are to be found in these tables. This way 
is more convenient than the conventional form. 

Since bismuth is almost face-centered-cubic, a 
rough orientation can be obtained by considering 
it as such.’ The zone axes can now be identified 
uniquely by accurately measuring the angles be- 
tween them, and by using Table I in conjunction 
with the cubic indices and the standard [111] pro- 
jection, Fig. 2. 

Although the axial angle for bismuth is nearly 
90°, it is not sufficiently accurate for this purpose to 
assume that angles between directions are the same 
as the angles between normals to planes with the 
same indices. After correctly indexing the zone axes 
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the stereogram is rotated to the standard projection 
shown in Fig. 2, and the orientation is deduced. 

As a check, the angles between one or two pairs 
of poles corresponding to prominent spots may be 
measured and compared with angles between planes 
given in Table II. The indices of the spots can be 
calculated from those of any two zone axes whose 
zones pass through them.® The angles in Tables I 
and II for bismuth can be used for antimony because 
its axial angle in the face-centered-rhombohedron 
is only 10’ less than that of bismuth. 
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On A Mechanism Of 
High Temperature Intercrystalline Cracking 


An experimental investigation was made to ascertain the factors responsible for the 
nucleation and growth of intercrystalline voids in specimens subjected to high tempera- 
ture and stress. It was determined that void nuclei are developed as a consequence of 
grain boundary slip. These voids, once nucleated, grow either by vacancy condensation or 
plastic yielding or both. A theory for the development of void nuclei by grain boundary 


slip is presented. 


by C. W. Chen and E. S. Machlin 


HIS investigation is concerned with the origin of 

the intercrystalline voids and cracks formed in 
metals and alloys subjected to stress at elevated 
temperature. There have been many suggestions in 
the recent literature relating to this problem. Green- 
wood’ suggested that the voids may be produced by 
vacancy condensation. Zener’ has stated that shear- 
stress relaxation across grain boundaries could 
initiate high tensile stresses at the regions blocking 
grain boundary slip and thereby cause the formation 
of cracks. Chang and Grant*® have described the for- 
mation of cracks at grain ~boundary triple points 
and have experimentally verified Zener’s mechan- 
ism for the grain boundary regions in the vicinity 
of a triple point. 

Subsequent to the completion of this investigation, 
Gifkins* developed a model which made use of 
Stroh’s’ mechanism of fracturing to produce sub- 
microscopic fractures that subsequently grow by 
grain boundary slip. Chen and Machlin,* in answer 
to Gifkins, described a model deduced from the 
present investigation, in which grain boundary slip 
provides both the stress to fracture at grain bound- 
ary jogs and the deformation required to separate 
fractured jog surfaces. The possibility of gas con- 
densation to form intercrystalline voids and cracks 
is eliminated as a basic mechanism because such 
voids and cracks are developed in vacuum melted 
material” containing minute amounts, if any, of 
gaseous impurities. 


C. W. CHEN, Member AIME, formerly with the School of Mines, 
Columbia University, is now with the Magnetics Dept., Research 
Laboratory, Westinghouse Electric Corp., Pittsburgh. E. S. MACH- 
LIN, Member AIME, is with the School of Mines, Columbia Uni- 
versity, New York. 

TP 4420E. Manuscript, Sept. 17, 1956. New Orleans Meeting, 
February 1957. 
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In a theoretical evaluation of this problem, Mach- 
lin‘ concluded that void nucleation by vacancy con- 
densation during creep-rupture is improbable but 
that vacancy condensation on supercritical sized 
voids to produce growth is probable. This investi- 
gation was begun to evaluate the suggested mechan- 
isms for intercrystalline fracture. In particular, in 
order to correlate vacancy supersaturation ratios 
produced in creep with those determined by Bal- 
luffi and Seigle® as critical for the nucleation of 
voids, specimens were obtained from the same heat 
of brass as used by the latter authors, through the 
courtesy of Dr. Seigle. 

The experiments conducted in this investigation 
fall into the following categories: 

1) Brass—observation of voids produced under a 
variety of conditions, including creep under com- 
pression, to evaluate the mechanisms of void nucle- 
ation and growth. 

2) Bicrystal experiments to check the mechan- 
ism of void nucleation deduced in this investigation. 

3) Morphology of intercrystalline voids produced 
in a variety of metals. 

Each set of experiments will be described and 
discussed separately. 


Experimental Techniques 


A special creep-rupture test rack was constructed 
which made it possible to apply the stress to the 
specimen in a controlled atmosphere of inert gas, 
reducing gas, or vacuum. All the creep-rupture tests 
on a-brass (30 pet Zn) were conducted in nitrogen 
under a pressure slightly above atmospheric. Either 
dead weight loading or constant elongation rate 
loading could be applied with the load measured by 
means of a strain gage dynamometer. In order to 
obtain a coarse-grained crystal structure stable at 
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lower temperatures, all specimens were annealed in 
nitrogen 16 hr at 800°C. During the grain-coarsen- 
ing anneal, a-brass chips surrounded the specimen to 
minimize dezincification. The average grain size de- 
veloped was 0.5 to 1.0 mm diam. 


Voids in a-Brass 


Vacancy Supersaturation Limit in Grains—Ac- 
cording to the latest diffusion experiments of Res- 
nick and Seigle,” who used the same heat of brass in 
their experiments, the smallest vacancy supersatura- 
tion ratio at which voids are developed within the 
grains in this brass lies between 1.04 and 1.7. In the 
present investigation, many creep-rupture tests have 
been conducted at 482°C at a strain rate of 1 pct 
per hr with the same brass. In no case in over 
20 specimens examined were voids found within the 
grains. From these experiments and observations it 
appears that the vacancy supersaturation ratio de- 
veloped by this creep rate within the grains is less 
than 1.7. Inasmuch as this creep rate is much larger 
than that which exists in normal creep-rupture tests 
and inasmuch as theory predicts that for a given 
creep rate the vacancy supersaturation ratio should 
decrease with increasing temperature, it may be 
concluded that in a-brass, at least, the vacancy 
supersaturation ratio within the grains will be less 
than 1.7 under creep conditions that yield inter- 
crystalline fracture. (The tendency to have inter- 
crystalline fracture increases the lower the creep rate 
and the higher the temperature. ) 


Voids at Grain Boundaries—In all the specimens 
subjected to a strain rate of 1 pct per hr at 482°C 
for more than 14% hr, voids and cracks were devel- 
oped at grain boundaries. These voids and cracks 
were definitely not produced by dezincification at 
grain boundaries because identically prepared speci- 
mens never produced voids outside the dezincified 
zone after being annealed prolongedly at 482° or 
even 800°C in the absence of stress or prior creep 
strain. In view of the fact that grain boundaries are 
good sinks for vacancies and that in thin specimens 
Balluffi and Seigle never observed porosity along 
grain boundaries in dezincified brass of the same 
heat, even when porosity had developed within the 
grains, it implies that the creep rupture test con- 
ditions had either decreased the critical supersat- 
uration required to develop voids along grain bound- 
aries, that the actual vacancy supersaturation at the 
grain boundaries is higher than within the grains, or 
that the cracks and voids were formed by a mechan- 
ism not involving vacancy condensation. 

A simple test was conducted as follows to evalu- 
ate the first possibility. Specimens of 0.357 in. diam 
were subjected to % pct strain at a strain rate of 1 
pet per hr, at 482°C. They were then stretched 
another 5% pct at —196°C and annealed in nitrogen 
6 hr at 482°C. Thin dezincified zones developed. In 
these zones it was found that voids had developed 
along grain boundaries as well as elsewhere, see 
Fig. la. In equivalent specimens, not previously sub- 
jected to stress, but similarly annealed, no voids 
were found at the grain boundaries in the dezincified 
zone, see Fig. 1b. Other specimens subjected to 6 pct 
strain at —196°C, then annealed at 482°C for 6 hr, 
did not develop voids along grain boundaries in the 
dezincified zone. Also, if the specimens were an- 
nealed for 20 hr at 800°C just subsequent to the 
% pct strain at 482°C, then no grain boundary voids 
were produced in the dezincified zone that appeared 
after the further sequence of 5% pct at —196°C and 
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6 hr in nitrogen at 482°C. In other words, a sinter- 
ing anneal subsequent to the high temperature 
(482°C) strain of % pct removed the effect of such 
strain in the production of voids in the presence 
of excess vacancies pumped in by the dezincification 
process. It is therefore concluded that the critical 
supersaturation ratio of vacancies required to form* 


* Either by heterogeneous nucleation and growth or by growth 
of supercritical sized nuclei. 


voids at grain boundaries is reduced by the prior 
application of sufficient strain at relatively high 
temperatures (above the equicohesive temperature) 
but not at relatively low temperatures. That is, for 
the same vacancy supersaturation produced by de- 
zincification under identical conditions voids devel- 
oped at grain boundaries in specimens previously 
deformed at high temperature, but did not develop 
in specimens previously deformed at or below room 
temperature only. 

Void Growth—Although the previous sequence of 
experiments demonstrates that high temperature 
strain has produced more potent heterogeneous void 
embryos or nuclei (submicroscopic cracks) and 
thereby lowered the critical supersaturation ratio 
of vacancies for void formation, it says nothing 
about the actual supersaturation ratio of vacancies 
at grain boundaries under the creep-rupture condi- 
tions or about whether the voids or cracks devel- 
oped at grain boundaries during creep would have 
appeared in the absence of vacancy condensation. 

It is difficult to conceive of an experiment which 
can reveal information about the relative importance 
of these two concepts. On the other hand, it is pos- 
sible to devise, on the basis of certain premises, some 
experiments which might shed light on the question 
of whether or not excess vacancies exist under 
creep-rupture conditions. If excess vacancies do 
exist, then certain results might be expected. The 
results obtained from these experiments will serve 
to test the validity of these premises. Two such sets 
of experiments have been devised. In the first, the 
premise is made that if heterogeneous void nuclei 
are present, then it should be possible by cold de- 
formation to produce an excess vacancy concentra- 
tion and by a subsequent anneal to enable the 
vacancies to condense on the heterogeneous void 
nuclei present to produce visible voids. In the sec- 
ond set of experiments, the premise is made that if 
voids obtained under creep-rupture conditions are 
grown out to visible size by vacancy condensation, 
then such voids should be observed under compres- 
sion creep conditions. 

In an attempt to evaluate these possibilities, brass 
tensile specimens were first deformed % pct at 
482°C at a rate of 1 pet per hr, to produce sub- 
microscopic cracks; further deformed 18% pct at 
—196°C, to open out these cracks so they can act as 
nuclei and to produce excess vacancies; examined at 
room temperature; annealed at 482°C for 20 hr in 
nitrogen to provide mobility for vacancy migration 
and an opportunity for the vacancies, if there, to 
condense on the nuclei to grow out voids; and then 
examined again. Typical results are presented in 
Fig. 2. It is shown there that additional isolated 
voids are produced during the 482°C anneal. 


The formation of these additional isolated voids is 
probably not a dezincification effect, because then 
the voids would be expected to be much more uni- 
formly distributed. Also, no such voids are observed 
after a cycle of 18% pct strain at —196°C and an 
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Fig. 1—Voids formed in thin dezincified zone of a-brass specimens. a) LEFT: Specimen was annealed 16 hr at 800°, strained 
VY pct at 482° and 5'2 pct at —196°, and annealed 6 hr at 482°C. Notice that voids are formed at grain boundaries. b) 
RIGHT: Specimen was annealed only; not previously strained. Diffusion voids are formed only within grains by the Kirkendall 
effect. X150. Reduced approximately 30 pct for reproduction. 


Fig. 2—a) LEFT: Intercrystalline voids and cracks are developed in an a-brass specimen strained 2 pct at 482° and 1812 pct 
at —196°C. b) RIGHT: Additional voids (indicated by arrows) are produced after specimen shown in Fig. 2a was annealed 20 
hr at 482°C. X50. Reduced approximately 15 pct for reproduction. 


Fig. 3—Typical intercrystalline voids 
formed in compression creep speci- 
mens of a-brass. Test conditions: 
strain rate of 5 pct per hr at 1000°F 
for 1 5/6 hr in nitrogen. Transverse 
section. X50. Reduced approximately 
15 pct for reproduction. 
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Fig. 4—Typical intercrystalline yoids 
and cracks formed in creep of a-brass 
specimens under compression. Test 
conditions: strain rate of 5 pct per hr 
at 1000°F for 1 5/6 hr in nitrogen. 
Transyerse section. X50. Reduced 
approximately 15 pct for reproduction. 


Fig. 5—-Typical intercrystalline voids 
formed in compression creep of high 
purity copper (99.999 pct). Test con- 
ditions: strain rate of 1 pct per hr at 
1200°F for 22 hr in a vacuum of 10° 
mm Hg. Large voids are about three 
times actual size as a result of etch- 
ing. X75. Reduced approximately 30 
pct for reproduction. 
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Fig. 6—Voids and cracks developed along a copper bicrystal 
boundary by grain boundary shear; diamond dust polished 
and unetched. Test conditions: 600 psi and 482°C for 20 hr 
in hydrogen. X150. Reduced approximately 35 pct for re- 
production. 


anneal for 20 hr at 482°C, without the prior high 
temperature strain. The effect might be due to the 
relaxation of internal tensile stress distributions 
near the spearheads of the existing cracks. It also 
might be due to the condensation of vacancies on 
supercritical void nuclei that exist near cracks pro- 
duced during the previous deformation cycle. Con- 
sequently, it can be deduced that the possibility of 
vacancy production during deformation and con- 
densation of said vacancies on void nuclei are con- 
sistent with the experimental results, although they 
have by no means been proven. 

In a test of the second suggestion, compression 
specimens of a-brass were subjected to a compres- 
sive strain rate of 5 pct per hr at 1000°F in an at- 
mosphere of nitrogen. Colloidal graphite was used 
between the specimen and load plates to minimize 
barrelling. After a total strain of 9 pct, the speci- 
mens were sectioned both transversely and longi- 
tudinally. Many intercrystalline voids were found 
with about the same number per unit area at the 
center of the specimen as near the outside surfaces 
(beneath the thin dezincified zone). In general, more 
voids were distributed along longitudinal bound- 
aries than along transverse grain boundaries. Also, 
in the transverse section, there was a noticeable 
tendency for the voids to surround certain grains 
rather than to be equally distributed along the 
longitudinal boundaries. Typical examples of the 
voids that were found are presented in Figs. 3 and 
4.* These results are eminently consistent with the 


* Control specimens, both annealed and cold-worked, never de- 
veloped voids when polished and etched by the technique used on 
these specimens. 


theory of void growth by vacancy condensation. Al- 
though it is possible to account for the growth of the 
voids by submicroscopic tensile stresses induced at 
the edges of the submicroscopic cracks, this mechan- 
ism for void growth is not as attractive as that of 
vacancy condensation. The facts that the voids tend 
to be spherical and isolated support the hypothesis 
of vacancy condensation as the source of the void 
volume as compared to a plastic flow mechanism of 
void growth. It should be pointed out, however, that 
very high strain rates localized about the grain 
boundaries would be necessary to account for the 
total volume of voids found.’ The measured strain 
rate for the specimens as a whole is too small by at 
least a factor of 100 to account for the vacancies 
generated unless for some unknown reason the 
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vacancy generating power of the dislocations mov- 
ing in the vicinity of grain boundaries is many times 
that for dislocations moving within the grains. 

Similar compression creep tests have also been 
conducted on high purity copper and silver speci- 
mens with very similar results, see Fig. 5, except 
that the number of isolated voids in copper and 
silver is noticeably less than that found in e-brass. 

From the above sequence of experiments, it can be 
concluded that the vacancy condensation mechanism 
cannot yet be ruled out as the responsible mode of 
void growth. On the other hand, the results ob- 
tained are consistent with this hypothesis. The same 
statements can also be made for a mechanism of 
isolated void growth by plastic flow under a local 
tension field of stress. However, it is difficult to 
visualize the operation of the latter mechanism in 
detail. 


Void Nucleation—In view of the results described 
in a previous section on the nucleation of voids at 
grain boundaries, it appeared desirable to evaluate 
the role of the high temperature strain in the proc- 
ess of void nucleation. In the absence of prior high 
temperature strain it was found that no voids or in- 
tercrystalline cracks could be developed either by a 
deformation of 6, 20, or 50 pct at —196°C. However, 
the sequence 2 pct strain at 482°C (at a rate of 1 
pet per hr), and a subsequent deformation of 18% 
pet at —196°C, produced a multiplicity of intercrys- 
talline cracks, see Fig. 2a. If specimens are annealed 
at 800°C for 20 hr subsequent to the 42 pct strain at 
482°C but prior to the low temperature strain, then 
no cracks or voids are observed either after the 
18% pct strain at —196°C or after annealing at 
482°C for 20 hr subsequent to the 18% pct strain. 
These results and the other results described pre- 
viously using a-brass specimens are summarized in 
Table I. It is indicated from this set of experiments 
that small submicroscopic cracks are developed at 
grain boundaries during the % pct strain at 482°C, 
that these cracks are sufficiently small so that they 
can be sintered out in 20 hr at 800°C, that these 
cracks are sufficiently large to affect the low tem- 
perature fracture stress, and that these submicro- 
scopic cracks at grain boundaries are not produced 
as effectively or at all by deformation at low tem- 
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Fig. 7—By the application of tensile stress of 1200 psi at 
1200°F for 20 hr, voids and cracks seen in Fig. 4 are grown 
to form elongated cracks. New voids and cracks are also 
observed. Specimen surface is the same in both Figs. 6 and 
7. The poor micrographic appearance is due to the fact that 
the surface has been subjected to 1200°F in hydrogen (some 
oxidation has taken place) and is shown without additional 
polishing for comparison of the yoids relative to their ap- 
pearance in Fig. 6. X150. Reduced approximately 35 pct for 
reproduction. 
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peratures in these specimens. Further, if these sub- 
microscopic cracks are made sufficiently large, they 
act as void nuclei to condense vacancies in the pres- 
ence of an excess concentration of vacancies. The 
observed effect of temperature of deformation 
strongly implies that grain boundary shear, which 
exists at high temperature but not at low tempera- 
ture, is involved in the formation of the submicro- 
scopic cracks. A direct experimental check of this 
implication was devised and is described in the next 
section. 


Bicrystal Experiments 

As indicated in the previous section, it appears 
probable that grain boundary shear is required to 
form the submicroscopic cracks which act as nuclei 
for voids grown by vacancy condensation and pro- 
vide the stress concentrators in subsequent low 
temperature tensile tests. In order to provide a 
direct test of this implied result, bicrystals were 
grown, using 99.999 pct Cu according to the tech- 
nique of Chalmers.” Sections were carefully cut 
normal to the bicrystal boundary to produce many 


Table |. Experimental Results 


Experi- 
ment Observation in 
No. Treatment Microscopic Examination* 


1 6 pct strain at 482°C Specimen failed in the mode of 
intercrystalline rupture. Voids at 


grain boundaries everywhere. 


2 6, 20, 50 pct strain at No voids. 
—196°C 

3 6 pet strain at —196°C, No voids. 
6 hr anneal at 482°C 

4 % pet strain at 482°C, No voids. 


5% pct strain at 
—196°C 


5 % pet strain at 482°C, 
5% pet strain at 
—196°C, 

6 hr anneal at 482°C 

6 ¥% pct strain at 482°C, 
6 hr anneal at 482°C 

7 ¥% pet strain at 482°C, 
18% pct strain at 
—196° 

8 ¥% pet strain at 482°C, 
18% pct strain at 
—196°C 


Voids at many grain boundaries 
in the dezincified zone at the 
surface. No voids elsewhere, see 
Fig. la. 

No voids even along grain bound- 
aries of dezincified zone. 

Voids at grain boundaries all over 
the entire surface of the speci- 
men. 

Additional (with respect to ex- 
periment No. 7) round voids at 


i; grain boundaries, see Fig. 2. 
20 hr anneal at 482°C 


9 ¥% pet strain at 482°C, No voids. 
20 hr anneal at 800°C, 
18 pct strain at —196°C 

10 Y% pet strain at 482°C, No voids. 


20 hr anneal at 800°C, 
18 pct strain at 
—196°C, 

20 hr anneal at 482°C 


*In no case were voids found within the grains outside the de- 
zincified zone. 


bicrystal specimens having the same relative grain 
and boundary orientations. The final dimensions of 
each specimen were about 1 x % x 0.080 in. A 
clamping mechanism was constructed which made 
possible the application of a shear traction parallel 
to the boundary. Another set of clamps was used in 
order to apply a tension force normal to the grain 
boundary. At first, the tests were conducted in nitro- 
gen at 1200°F. It was found that the oxide pro- 
duced along the grain boundary obscured the re- 
sults. Consequently, subsequent tests were per- 
formed in low dew point hydrogen. 

It was found that visible voids appeared along the 
grain boundary, as revealed by diamond polishing 
alone or in conjunction with subsequent etching,* 


* Etchant was 5 parts NHiOH, 5 parts H2O, and 2 parts H2O2 (3 
pet). 
after grain boundary shear. Voids never appeared 
when tension normal to the boundary was the sole 
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Fig. 8—Grain boundary shear along copper bicrystal boundary 
indicated by the displacement of scratches. Amount of dis- 
placement is about 30 u; shear stress, 600 psi; temperature, 
1200°C; time, 20 hr. The bicrystal boundary runs horizon- 
tally. X150. Reduced approximately 10 pct for reproduction. 


stress history. In other words, application of a ten- 
sile stress, as for example 1200 psi, normal to the 
boundary for a period of 20 hr at 1200°F never pro- 
duced visible voids. On the other hand, application 
of a shear stress of about 600 psi at 1200°F, parallel 
to the boundary, for a period of 20 hr always re- 
sulted in visible voids. See, for example, Fig. 6, 
which shows a line of voids along the grain bound- 
ary in a bicrystal specimen after the latter was sub- 
jected at 1200°F to shear stress parallel to the grain 
boundary, as revealed by diamond polishing alone. 
Similar diamond polishing of nonstressed bicrystal 
specimens never produced voids along the boundary. 
If tensile stress normal to the grain boundary was 
applied subsequent to a prior application of parallel 
shear, then the number and size of voids observed 
along the boundary increased. See, for example, Fig. 
7. However, as previously mentioned, no voids were 
ever observed after application of a tensile stress 
alone normal to the boundary. One specimen, in 
which the boundary was not ideally plane, illus- 
trated this result strikingly. The sections of the 
boundary normal to the applied force developed no 
visible voids. The sections of the boundary having 
a resolved shear component (about 45° to the force 
direction) developed visible voids. The results of 
this section were reproducible over five sets of 
identical experiments. 

By observation of fiducial lines crossing the bound- 
ary, see Fig. 8, it was observed that the grain bound- 
ary shear resulted in slip along the grain boundary. 
An average value of the relative translation of 
grains in these experiments in which grain boundary 
voids were observed is about 25 to 30 yw. It can be 
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Fig. 9—Stresses induced by boundary sliding in the direction 
shown at jogs. 


concluded from these experiments that relative 
translation of the grains along the boundary, here- 
after called grain boundary slip, is a necessary con- 
dition for the development of intercrystalline voids 
and cracks under creep-rupture conditions. It can 
also be concluded that the model of void nucleation” 
based on the Stroh mechanism of dislocation pile up 
to develop high tensile stresses and fracture at the 
grain boundary is not real under the conditions of 
the previously described experiments. 

A model that is consistent with experiment is as 
follows. At high temperature, grain boundaries have 
negligible resistance to shear traction. As a conse- 
quence of grain boundary slip accompanying shear 
traction, stresses are developed wherever grain 
boundary slip cannot occur. One such region is a 
triple point and Chang and Grant*® have adequately 
shown that the stresses developed at such regions 
can lead to the development of intercrystalline 
cracks. Another region where grain boundary slip is 
blocked is at a jog along the boundary. Fig. 9 illus- 
trates that tensile or compressive stresses can be 
developed at a down jog or up jog, respectively. The 
magnitude of this stress at a particular jog increases 
as the area of the jog decreases and the shear relax- 
ation length between the adjacent jogs increases. 
The tensile stress at a down jog may therefore ex- 
ceed the fracture stress. Thereafter, the role of grain 
boundary slip is to separate the fractured jog sur- 
faces, as illustrated in Fig. 10. Once the submicro- 
scopic crack thus formed exceeds a critical length, 
either vacancies may condense on the crack and 
thereby form a visible void; or the tensile stress 
normal to the boundary that is concentrated at the 
crack edges may induce plastic deformation that 
will enlarge the crack; or both. 


Development of Macroscopic Intercrystalline Cracks 


It is believed that the linking together of isolated 
intercrystalline voids is responsible for the forma- 
tion of the macroscopic intercrystalline cracks. As a 
check, many intercrystalline cracks have been ex- 
amined in a large variety of metals, e.g., silver, 
nickel, copper, and a-brass. Some of these cracks 
are shown in Fig. 11. It is apparent that the crack 
outline invariably appears to be in the form of iso- 
lated semicircles connected by straight lines. Also, 
isolated voids are usually found at the spearheads of 
the macroscopic cracks, see Figs. 2b, 4, and 11. It ap- 
pears, therefore, that there is good evidence for the 
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assertion that the many macroscopic intercrystalline 
cracks are a result of linking together of the isolated 
intercrystalline voids. 


Discussion 

As a consequence of this investigation there is no 
doubt that grain boundary slip is a necessary condi- 
tion for the development of intercrystalline void 
nuclei. Further, it has been demonstrated that such 
void nuclei can be grown out to visible size in the 
presence of a supersaturation of lattice vacancies 
and that plastic deformation probably produces such 
a supersaturation of lattice vacancies. 

It is of practical, as well as scientific, interest to 
speculate about the factors that affect the resistance 
to grain boundary slip and the fracture stress of the 
grain boundary jogs. As Gifkins* pointed out, slip 
that intersects the grain boundary produces grain 
boundary jogs. Jogs will usually be associated with 
inclusions along the boundaries. Wrong jogs instead 
of fracturing will act to lock grain boundary slip 
and undoubtedly are responsible for the observed 
effect" that grain boundary shear displacement is 
often distributed over the volume adjacent to the 
boundary rather than localized at the boundary it- 
self. Right jogs for fracturing, if present alone, must 
have sufficient area to resist the shear traction. A 
simple calculation on the assumption of a fracture 
stress of about 100,000 psi and a creep stress of 
about 10,000 psi reveals that a plastic strain larger 
than (10,000/4 x 10,000) x 100 = 2. 5 pct would be 
required to produce sufficient slip intersection jogs 
along grain boundaries to prevent jog fracture. It is 
now apparent that if particle hardening were to be 
used to block grain boundary slip, an extensive dis- 
tribution of particles along the boundary would be 
required. 

In normal single phase alloys and metals, there 
would not normally be any resistance to jog frac- 
ture* except in the case of marked grain boundary 


*It is assumed that, for most of the jogs, the grain material ad- 
jacent to the jog is relatively hard; that is, the stress across the 
jog cannot be relieved by plastic flow because of the smallness of 
the jog dimension, 10-® cm or less. 


migration under the creep-rupture conditions. Con- 
sequently, in these materials the rupture life of the 
part would depend upon the rate of growth of the 
voids. One such theory has already been given.’ 
Because the amount of grain boundary slip has been 
shown by previous investigators” “ to be uniquely 
related to the total deformation, it is possible that 


ORIGINALLY CONTINUOUS 
FIDUCIAL LINE. 


(A) DEVELOP TENSILE STRESSES. (B) DEVELOP FRACTURE ACROSS JOG. 


FRACTURE 


(C) SEPARATE FRACTURED SURFACES. 


Fig. 10—Steps in the development of intercrystalline cracks 
due to increasing boundary slip according to the proposed 
mechanism. 
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Fig. 11—Micrographs illustrate that yoids link together to form cracks. Notice the semicircular outline of cracks. a) LEFT: 
Transverse section of o-brass specimen subjected to creep under compression. b) RIGHT: Longitudinal section of nickel speci- 
men subjected to creep-rupture test under tension. X50. Reduced approximately 25 pct for reproduction. 


the time to produce the critical size of submicro- 
scopic crack by slip, required before growth by 
vacancy condensation or plastic flow can take place, 
may be an appreciable fraction of the total rupture 
life. Observations revealed that at 1 pct strain per 
hr at 482°C no voids were observed until about 
25 pet of the total rupture life or strain (6 pct) had 
been achieved. Further, % pct strain at 482°C alone 
was not sufficient to induce void formation along 
grain boundaries in the dezincified zone. Conse- 
quently, under the stated conditions it is apparent 
that the time to produce the critical size of submic- 
roscopic crack is less than 25 pct but more than 8.5 
pct of the rupture life. Surface active elements in- 
troduced as impurities or via the atmosphere may 
appreciably lower the surface energy of these void 
embryos and cause vacancy condensation and frac- 
ture to occur sooner. Also, the particular surface 
active element, oxygen, may cause an increase in the 
insufficient number of jogs at the boundary through 
the formation of oxides, and thereby hasten rupture. 

In the special case where there are insufficient 
jogs to prevent jog fracture, the smaller the number 
of jogs the longer will be the rupture life( the more 
each jog must grow before macroscopic intercrystal- 
line cracking can be achieved). It should be possible 
to achieve high strength against intercrystalline 
cracking by distributing sufficient particles along 
grain boundaries to anchor the grain boundary slip 
and migration adequately. It is believed that the 
SAP materials achieve their strength in this manner. 


Conclusions 


As a result of the present investigation, a mechan- 
ism of high temperature intercrystalline cracking in 
metals has been proposed. The formation of voids at 
grain boundaries is considered to be primarily re- 
sponsible for the brittle failure of metals at elevated 
temperature. Voids are nucleated at jogs and grain 
corners along grain boundaries as a consequence of 
grain boundary slip and grown either by vacancy 
condensation or plastic yielding or both.* Macro- 

* After. this paper was submitted, D. Kramer at Columbia Uni- 
versity obtained striking evidence that the crack area per unit 
grain boundary area was proportional to the amount of grain 
boundary sliding. Hence, the latter is controlling not only in void 
nucleation but in the important aspect of void growth, that is, the 


area of the voids across which there is a lack of cohesion. These 
results will be reported shortly. 


scopic intercrystalline cracks are formed by the 
linking together of isolated voids. 

The results of a series of a-brass tension creep 
experiments indicate that a sufficient amount of high 
temperature strain is required to produce void 
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nuclei. The observation of void formation in the 
single grain boundaries of bicrystals with the appli- 
cation of shear traction parallel to the boundaries 
reveals that grain boundary slip is necessary to form 
void nuclei. A model illustrating the development of 
void nuclei by grain boundary slip is presented. 

The probable mechanism of void growth by 
vacancy condensation has been demonstrated by the 
formation of spherical voids along grain boundaries 
in compression creep specimens and also by the de- 
velopment of isolated voids after annealing cold 
worked specimens that have contained void nuclei. 
However, this does not rule out the other growth 
mechanism, viz., by plastic yielding. 

Evidence for the linking together of isolated voids 
to form macroscopic intercrystalline cracks has been 
obtained for a variety of metals and typical ex- 
amples are presented. 
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Cube Texture in Copper 


Copper single crystals of initial (358) [523] orientation, after being cold rolled to 98 pct 
reduction in thickness, were observed to retain essentially their original orientation. The 
operating mechanism previously suggested! for this component of deformation texture in 
face-centered-cubic metals during recrystallization was experimentally observed to be 


valid to a certain extent. 


by Y. C. Liu 


N the study of the rolling recrystallization of 

face-centered-cubic metals, a most unusual ob- 
servation is the frequent occurrence of a sharp re- 
crystallization texture of cube orientation. Although 
the general conditions under which this texture 
occurs are known,”* its origin is still not well 
understood. 

Based on the observed relationship between 
the {110}<112> deformation texture and the 
{113}<211> recrystallization texture, regardless of 
the effect of alloying elements” *° or the symmetry 
of the deformation texture,’ there is a strong indica- 
tion that a specific component of the deformation 
texture is related to a specific component of the re- 
crystallization texture. Using the rotational reorien- 
tation relationship as a means of correlating the 
deformation and recrystallization textures, it was 
proposed that the deformation component which re- 
lated the cube texture has {358}<523> indices.** 


* The exact indices of the modified (358) [523] indices are (358) [40 16 
25]. Throughout this paper the {358}<523> indices will signify the 
modified {358}<523> indices, the word modified being omitted for 
convenience. The four {358} <523> components, (358) [523], (358) 
[523], (358) [523], and (358) [523] are designated by Roman numer- 
als I, II, III, and IV, respectively, as shown in Fig. 1, and are re- 
ferred to in this way in the text. 


The investigation reported here was undertaken to 
seek experimental evidence for the validity of this 
proposition. 
Experimental Procedure 
Two copper single crystals having an initial orien- 
tation within 2° of (358) [523] indices were pre- 
pared in the manner described in Ref. 5. The purity 
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of the copper was between 99.94 and 99.97 pct. The 
original dimensions of the crystals were as follows: 
specimen A, 0.465 in. thickness, 0.844 in. width, and 
0.955 in. length; specimen B, 0.535 in. thickness, 
1.120 in. width, and 1.36 in. length. Rolling was done 
on a laboratory rolling mill according to the follow- 
ing schedule: 0.010 in. per pass to 50 pct reduction 
in thickness, 0.005 in. per pass to 70 pet reduction 
in thickness, 0.002 in. per pass to 85 pct reduction in 


R. D. 


Fig. 1—Operation mechanism of (358) [523] deformation 
texture after annealing. Angle of rotation is 44°. 
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Fig. 2—{111} pole figure after 95 pct reduction in thickness. 


thickness, and 0.001 in. per pass to any reduction 
above 85 pct. All annealing was done in a muffle 
furnace with temperature control to +5°C. A Pb-Sn 
bath with temperature controlled to within +2°C 
was used for the isothermal anneal prior to hardness 
determination. All textures were determined by 
X-ray diffraction using a special Geiger-counter 
device adapted from the Schulz method.’ The pole 
figure plotted was the surface texture. Since the 
device does not have an integrating mechanism, an- 
neals were restricted to conditions which would 
keep grain size relatively small. 


Experimental Data 


Deformation Textures—The deformation textures 
for the two copper single crystals were found to 
retain the original (358)[523] orientation, with a 
reasonable degree of scatter, after being cold rolled 
to 80, 85, 90, and 95 pct reduction in thickness, Fig. 
2. Of the two rolled strips, specimen B showed more 
scatter, but in the subsequent investigation of re- 
crystallization textures, no appreciable difference 
was noticed between them. 

On rolling to 98 pct reduction, two {358}<523> 
components, I and III, were observed, Fig. 3. Fig. 4 
shows the deformation texture of the center part of 
the strip; it is very similar to the texture of cold- 
rolled polycrystalline material. This difference be- 
tween the surface and center textures in the strip 
reduced 98 pct is not observed in the strip reduced 
95 pct. In the latter, the only difference is a little 
more scatter in the center texture than in the sur- 
face texture. 


Recrystallization Textures—Since the (358) [523] 
deformation texture may yield another {358}<523> 
recrystallization component, the exact position of 
this deformation texture with respect to a fixed- 
reference rolling plane and rolling direction was 
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Fig. 3—{111} pole figure after 98 pct reduction in thick- 
ness (surface texture). 


determined before the specimens were annealed.* 


*In all the pole figures presented in this paper, the (358) [523] 
orientation, component I, was plotted as the deformation texture. 


This precaution would avoid any ambiguity as to 
whether the {358}<523> recrystallization com- 
ponent was derived by the recrystallization in situ 
mechanism‘ or by the rotational reorientation mech- 
anism.’ During the course of this investigation, ef- 
forts were also extended to study the effect of a sec- 
ond anneal on the recrystallization texture of the 
specimens.* The second anneal was carried out either 


*It was observed that, in all cases, the specimen after the first 
anneal has shown a completely recrystallized structure and its re- 
crystallization pole figure was not much different from that after 
the second anneal. This indicated that only limited grain growth 
had taken place during the described conditions of the second 
anneal. 


at a higher temperature or at the same temperature 
with longer annealing time. 

A specimen given an 80 pct reduction showed 
only scattered signs of recrystallization after being 
annealed 17 hr at 200°C. A recrystallization texture 
having four components, two in twin relationship 
with the other two, was observed after an additional 
anneal of 19 hr at 300°C. This is shown in Fig. 5, 
which is the recrystallization pole figure of the same 
specimen after further annealing for 1 hr at 400°C. 
One of the components in this figure is very close 
to a cube orientation and is present in almost all of 
the subsequent recrystallization pole figures plotted. 
For simplicity, this component is named the off-cube 
component. In Fig. 1, a 44° rotation about pole A 
yields a cube orientation; the off-cube orientation is 
related by a 38° rotation. This off-cube component 
is always accompanied by its twin component across 
the plane of the octahedral pole around which the 
rotational reorientation relationship is imposed. The 
other component has no common octahedral pole 


with the (358)[523] orientation and is referred to 
here as component X. 
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Fig. 4—{111} pole figure after 98 pct reduction in thickness 
(inside texture). 


Fig. 5—{111} pole figure after 80 pct reduction and anneal 
at 200°C for 17 hr, at 300°C for 19 hr, and at 400°C for 
1 hr. Closed triangle represents the off-cube orientation and 
its twin; open circle, X orientation; and closed circle, twin 
orientation of orientation X. 


Direct annealing of the specimen (80 pct reduc- 
tion) either at 300°C for 65 hr or 500°C for 1 hr 
exhibited no major change in the recrystallization 
texture shown in Fig. 5, except that the intensities 
are somewhat consolidated. 
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Fig. 6—{111} pole figure after 90 pct reduction and anneal 
at 400°C for 1 hr. Closed triangle represents the off-cube 
orientation and its twin; open square represents Y orientation. 


Fig. 7—{111} pole figure after 90 pct reduction and anneal 
at 500°C for 1 hr. Closed triangle represents the off-cube 
orientation and its twin. 


A specimen of 85 pct reduction, after being an- 
nealed either at 400°C for 1 hr or an additional 15 
min at 500°C, showed a recrystallization pole figure 
similar to that shown in Fig. 5, except that the twin 
orientation of component X disappears. 


TRANSACTIONS AIME 


ReD: 


Fig. 8—<111> pole figure after 95 pct reduction and an- 
neal at 400°C for 30 min and at 500°C for 15 min. Closed 
triangle represents cube orientation and its twin; open tri- 
angle, (358) [523] orientation; and open square, Y orienta- 
tion. 


Fig. 6 is the recrystallization pole figure of a spec- 
imen reduced 90 pct and annealed 1 hr at 400°C. In 
addition to the off-cube component, there is a sec- 
ond component, Y, which might be a second order 
twin of the off-cube orientation. Direct anneal of a 
specimen of the same reduction at 500°C for 1 hr 
removes this component, as shown in Fig. 7. 

Fig. 8 is the recrystallization pole figure of a 
specimen reduced 95 pet and annealed 30 min at 
400°C plus 15 min at 500°C. It is not clear whether 
a cube or an off-cube orientation should be assigned 
to one of the recrystallization components. Besides 


this component, a weak (358)[523] component 
(component III) is observed. 

Fig. 9 shows the recrystallization pole figure of a 
specimen reduced 98 pct and annealed 1 hr at 300°C 
plus 30 min at 400°C. A similar pole figure, but with 
much stronger intensities around the <111> poles 
of the cube orientation, was obtained by directly an- 
nealing the specimen for 30 min at 400°C. A stereo- 
graphic analysis (the twin components are not in- 
dicated) of Fig. 9 is shown in Fig. 10. 

Lowering the annealing temperature to 250°C for 
30 min, followed by a 15 min anneal at 300°C, 
produced a slightly different pole figure, Fig. 11, for 
the specimen of 98 pct reduction. The ideal orienta- 
tions shown in Fig. 1 seem to fit the data quite well. 
However, there is an indication that an off-cube 
rather than a cube orientation might be assigned to 
one of the components. 


Discussion of Results 


Deformation Texture—Hibbard and Yen* defined 
the stable end orientations or ideal texture orienta- 
tions as the orientations of the grains which are 
suitable for deformation flow without a change in 
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Fig. 9—{111} pole figure after 98 pct reduction and anneal 
at 300°C for 1 hr and at 400°C for 30 min. Closed tri- 
angle represents cube orientation and its twins; open tri- 


angle, {358} <352> orientations. 


orientation. Once the grains rotate to these orienta- 
tions, they remain there without further rotation 
during subsequent deformation. Barrett and Stead- 
mann’ concluded that the ideal orientation for the 
deformation texture of cold-rolled polycrystalline 
copper could be either {234}<323> or {135}<211> 
or, more precisely, {358}<835> indices. In a later 
study on the deformation texture of cold-rolled 
polycrystalline copper,” slightly different indices, 
{358}<523>,* were used. Together with the ob- 


*Indices of {6, 13, 21}<433> were also recently suggested for 
cold-rolled 2S aluminum of 83 pct reduction. 


servations made in the present study, there is little 
doubt that the {358}<523> orientation is a texture 
orientation in cold-rolled polycrystalline copper. 
The formation of a second {358}<523> deforma- 
tion component is explained here on the basis of the 
zig-zag movement of <110> slip.” Mathewson” 
postulated that slip in the <110> direction on the 
{111} plane in face-centered-cubic metals could be 
resolved into two consecutive movements in the 
<112> directions. The first <112> movement re- 
sults in a stacking fault of a twin orientation with 
respect to the matrix, and the second restores it to 
the matrix orientation. By assuming this process for 
slip, the first <112> movement on the (111) D 
yields materials of twin orientation across this (111), 
Fig. 13. Since this twin orientation is unstable with 
respect to the rolling process, two possibilities might 
occur; either the second <112> movement continues 
or lattice rotation through a small angle occurs to a 
stable orientation. This would depend on the re- 
lationship between the resultant twin orientation 
and rolling process. In the present case, a lattice ro- 
tation of only 16° from the twin orientation is 
needed to yield a {358}<523> orientation which is 
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Fig. 10—Stereographic analysis of Fig. 9. Deformation tex- 
ture is shown by broken lines and recrystallization texture 
is shown by solid lines. 


stable to the rolling process. The other two 
{358}<523> components (their orientations are not 
indicated) in Fig. 4 could also be explained on this 
basis by assuming stacking faults on {111} B and C, 
Fig. 1. The stacking fault formed on (111) A has 
an orientation quite remote from any which is stable 
to the rolling process. Instead, a second <112> 
movement might take place to reestablish the origi- 
nal {358}<523> orientation. A small portion of 
material might be expected to remain in this twin 
orientation and serve as the origin of the secondary 
recrystallization texture in copper.* 
Recrystallization Textures—The consistent ap- 
pearance of the off-cube recrystallization com- 
ponent might lead to a better understanding of the 
cube recrystallization texture in face-centered- 
cubic metals. It could be that the cube recrystalliza- 
tion texture is not of cube orientation, but is com- 
posed of off-cube orientations under the guise of 
symmetry. In a matrix of double {358}<523> com- 
ponent, by allowing two octahedral poles (pole type 
A in Fig. 1) to operate to yield two off-cube com- 
ponents, the center of the high intensity areas in the 
pole figure would shift and locate at the cube orien- 
tation. This effect is more pronounced in a matrix 
of quadruple {358}<523> deformation component, * 


* The terminology quadruple component here denotes four com- 
ponents of the same multiplicity of Miller indices distributed in 
such a way that they are in mirror image about both the rolling 
and transverse directions. 


such as in cold-rolled polycrystalline material. As 
shown in Fig. 14, the dots represent the octahedral 
poles of off-cube orientations resulting from each of 
four {358}<523> deformation components. The 
broken circles are of 8° radius. The proposed scatter 
of the cube texture is of approximately the same 
order as observed experimentally. 

The other possibility could be that the amount of 
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Fig. 11—{111} pole figure after 98 pet reduction and anneal 
at 250°C for 30 min and at 300°C for 15 min. !deal orienta- 
tions correspond to Fig. 1. 


rotation for a given deformation component varies 
with the appearance of this component. In other 
words, when the {358}<523> deformation com- 
ponent appears as single-component deformation 
texture, it exhibits a 38° rotation, whereas the same 
component appearing in the form of either a double 
component, as in the specimen of 98 pct reduction in 
the present investigation, or a quadruple component, 
as in the polycrystalline materials, would exhibit a 
44° rotation. This difference is conceivable, since the 
stress pattern on different slip planes varies with the 
development of the deformation components, which 
in turn influences the nucleation mechanism. The 
failure of the appearance of the {110}<112> recrys- 
tallization component from the {358}<523> defor- 
mation component* might also be attributed to this 
cause. 

Figs. 9 and 11 confirm the belief that the 
{358}<523> deformation component is capable of 
generating a {358}<523> recrystallization compo- 
nent upon recrystallization. As shown in Fig. 9, 
there seems to be little doubt that recrystallization 
by the rotational reorientation mechanism, not by a 
recrystallization in situ mechanism, is responsible 
for the occurrence of this recrystallization compo- 
nent. 

There is an unambiguous indication that the 
{358$!<523> deformation component recrystallizes 
at a lower temperature than does the {110}<112> 
deformation component, as suggested previously.” 
Specimens of (110)[112] deformation texture, after 
99.5 pct reduction, showed no sign of recrystalliza- 
tion after being annealed 5 min at 300°C, but speci- 
mens of the same purity copper possessing a 
(358) [523] deformation texture were almost com- 
pletely recrystallized after the same heat treatment 
with only 95 pct reduction, Fig. 12. 
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As observed previously, all equivalent recrystal- 
lization components* are more likely to appear when 


(recrystallization) 
nents o e recrystallization texture, which ma 
‘yste y or may not h 
the same Miller indices and are related, through the motationsl ae 
orientation relationship of same amount of rotation but about dif- 


poles, to the same component of deformation 


components are the compo- 


annealed at low temperatures.’ This characteristic of 
recrystallization behavior was also observed in the 
present investigation. In addition, the higher the roll- 
ing reduction, the more likely the occurrence of all 
equivalent components. If the latter observation 
made on the single crystal could be extended to the 
polycrystalline materials, this would imply that ata 
given annealing temperature the sharp cube texture 
could only be obtained in a certain range of rolling 
reductions. At a higher reduction, its recrystallization 
texture would comprise both the cube and its equiv- 
alent components. Since the equivalent components 
of cube orientation, {358}<523>, have an orienta- 
tion the same as the components in the deformation 
texture, this phenomenon might be mistakenly ob- 
served as the retention of the deformation texture 
after recrystallization. 

An increase in the amount of cube or off-cube re- 
crystallization component could be achieved either 
by a second anneal of the specimen that had been 
completely recrystallized or by a direct anneal at 
high temperatures. The same phenomenon was also 
observed recently by Merlini in polycrystalline cop- 
per.” It is worthwhile to discuss this phenomenon in 
terms of the oriented growth and oriented nuclea- 
tion hypotheses. 

In an isolated situation where only two grains 
exist, the orientation relationship can be defined in 
terms of either grain. This relationship alone would 
not determine which grain would grow at the ex- 
pense of the other. The oriented growth hypothesis 
only suggests the likely event after the grains start 
to grow, but does not determine which grain should 
grow. This hypothesis therefore accounts only for 
the secondary (growth) but not the primary (orig- 
ination) cause of the occurrence of the recrystalliza- 
tion texture in general. 

It may be suggested that, under the assumption 
that the recrystallization of cold-rolled polycrystal- 
line copper comprises five components, one cube and 
four {358}<523> components, Fig. 1, as observed by 
Merlini,“ the cube component would grow favorably 
at the expense of not one but of all four of the 
{358}<523> matrix components.” “ Since the ori- 
ented growth hypothesis does not specify which 


120 
250°C 

10 
100 
i 
9 IN 
> 

70 


Annealing Time, Minutes 


Fig. 12—Isothermal hardness curve of 95 pct rolled strip at 
designated annealing temperatures. Specimen thickness, 
0.027 in.; load, 0.3 kg. 
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Fig. 13—Suggested mechanism for the appearance of the 
second (358) [352] component of the deformation texture. 


component should grow, the cube component would 
have the same probability of being consumed not by 
one but by all four of the {358}<523> components. 
In order to circumvent this situation the argument 
could be advanced that since grain growth ought to 
occur during the recrystallization process, once the 
grains of all orientations start to grow, the cube 
grains would grow faster in such a matrix than 
grains of other orientations. Based only on the ori- 
entation relationship, this explanation is also not 
true. The cube component is not the fastest growing 
component in such a matrix. As shown in Fig. 1, the 
orientation relationship between any one of the four 
{358}<523> components and a matrix of one cube 
and the other three {358}<523> components is the 
same as that of the cube component and a matrix of 
four {358}<523> components. The rate of grain 
growth would be the same no matter which com- 
ponent is growing. Thus, interpretation based on the 
oriented growth hypothesis would not determine 
which component would grow but explains the ob- 
servation no matter whether the cube grains grow or 
do not grow. An interpretation based on the oriented 
nucleation hypothesis is therefore sought. 

One of the factors likely to cause the growth of 
cube grains is their relatively large grains. These 
large cube grains occur under the assumption that 
the activation energy for recrystallization of cube 
grains is less than of grains of other orientations so 
that they are nucleated earlier. For example, in the 
case of two equivalent components, A and B, ap- 
pearing from a single-component deformation tex- 
ture after recrystallization, and the activation en- 
ergy for recrystallization of component A being less 
than that of component B, upon isothermal anneal- 
ing, grains in A orientation would appear first. At 
low annealing temperatures, both rate of nuclea- 
tion and rate of growth of grains in A orientation 
are relatively low. During the time interval At,, Fig. 
15, grains in A orientation would be the only grow- 
ing inhabitants in a surrounding deformed matrix. 
Since the size of recrystallized grains is a function 
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of both rate of growth and the time interval during 
which this growth takes place, grains in A orienta- 
tion would therefore be larger than any grains 
which are nucleated later. At time T., the specimen 
has already recrystallized, say, 30 pct. The remain- 
ing deformed matrix will then recrystallize through 
the nucleation and growth mechanism of grains in 
both A and B orientations and also by the growth of 
grains in A orientation which appeared before T,. 
After complete recrystallization, the specimen would 
exhibit relatively uniform grains of components A 
and B and few but large grains in A orientation. 
Reannealing the specimen at higher temperature 
would cause these large grains in A orientation to 
grow at the expense of small matrix grains. In the 
meantime, some small grains in A and B orientations 
would also grow at the expense of each other, de- 
pending on the local situations. Since grains in B 
orientation can only be consumed by large grains of 
A orientation and have the same probability of sur- 
vival when competing with small grains of A orien- 
tations, a reasonable amount of grains in B orienta- 
tion are expected to remain. Thus, the amount of 
material in B orientation would depend on both the 
first and second annealing temperatures under step- 
wise annealing conditions. 

If the specimen is annealed directly at high tem- 
perature, the rate of nucleation of component A 
should increase many times, and so should its rate 
of growth. The deformed matrix recrystallized be- 
fore T, would transform into numerous fine grains in 
A orientation due to its high rate of nucleation and 
the shortening of time interval At, at high annealing 
temperature. At time T,, say, only 40 pct of the de- 
formed matrix remains, which then recrystallizes 
into component B as well as into component A. The 
amount of deformed matrix actually recrystallizing 
into component B would be a small fraction of the 
total volume. Thus, the higher the annealing tem- 
perature, the less the material available to be con- 


Bh 


Fig. 14—Superimposition of four off-cube orientations to 
form the cube orientation. 
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Fig. 15—Schematic 
drawing of isother- 
mal recrystallization 
curves of components 
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verted into B orientation and the sharper the com- 
ponent A. The above analysis based on the concept 
of oriented nucleation hypothesis is in agreement 
with the observation that all equivalent recrystal- 
lization components are more likely to occur when 
recrystallization takes place at a low temperature. 


Summary 


1) Copper single crystals of (358)[523] initial 
orientation retain their orientation up to 95 pct re- 
duction thickness. Further cold rolling generates a 
multiplicity of this orientation. 

2) After annealed at different temperatures, a 
component of the recrystallization texture of either 
a cube or an off-cube orientation was observed. 

3) Ina deformed matrix of the same orientation, 
the occurrence of recrystallization texture depends 
on both annealing temperature and rolling reduc- 
tion. The lower the annealing temperature, the 
higher the rolling reduction, the more likely the 
exhibition of all equivalent recrystallization com- 
ponents. 
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Grain Growth in Dilute Alloys of Copper 


An experimental study of grain growth in dilute binary alloys of copper was performed. It 


was found that the grain growth law D = Kt” 


fit most of the data. The grain growth exponent n 


decreased with solute content until a saturation value was obtained at slightly under 0.2 for both 
silicon and aluminum solutes. It is concluded that the grain growth exponent n depends upon so- 
lute adsorption at the grain boundaries. An estimate of the activation energy was made and it was 
found that the activation energy decreased with temperature. The activation energies for grain 
boundary migration compare well with values obtained from internal friction studies on identical 
alloys. This contributes strong experimental support for the two-step mechanism for complete 


grain boundary stress relaxation. 


by S. Weinig and E. S. Machlin 


ie a previous study of the grain boundary stress 
relaxation phenomenon,’ the authors had arrived 
at the conclusion that two successive steps were 
involved in the complete relaxation of stress at a 
grain boundary. These two steps were grain bound- 
ary migration and grain boundary slip. It was fur- 
ther suggested that the slower of these two processes 
is rate controlling. In an attempt to ascertain the 
validity of the above, a study of grain growth 
kinetics on the same alloys used for the previous 
study was undertaken. 

Separate wire specimens, 0.030 in. diam, in the 
same as-deformed state (99 pct reduction in area) 
as in the previous investigation were heated to the 
various temperatures for a sequence of times. The 
compositions used and the temperatures of testing 
are summarized in Table I. A statistical determina- 
tion of grain size was then made on each specimen, 
using the average length of traverse between bound- 
aries as a measure of the grain size. Examples of 
typical results obtained are shown in Figs. 1 and 2. 
The grain growth law D = kt" was found to fit most 
of the data. Using this relation, values of the grain 
growth exponent n were calculated and the inter- 
esting dependence of n on solute content shown in 
Figs. 3 and 4 was then obtained. Also, it was found 
that the constant K which was obtained from extra- 
polation is roughly independent of solute content. 
(K is uncertain to within +25 pct.) 

An estimate of the activation energy for grain 
growth was made using the technique of Burke.” 
This method utilizes the plot of the reciprocal of 
time necessary for the grain size to increase from a 
definite starting size D,, to a final size D, for each 
isothermal heat treatment. The slope of this curve 
corresponds to the heat of activation for the proc- 
ess. In Fig. 5 the rate of grain growth is plotted 
against the reciprocal of absolute temperature. The 
activation energies were obtained from these curves 
and are summarized in Fig. 6. 


Discussion 
It is interesting to note that the same saturation 
in the variability with concentration has been found 
for the grain growth exponent n in this research as 
was found in the previous researches on both grain 
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Fig. 1—-Average grain diameter as a function of time at 600°C. 


boundary stress relaxation’ and internal friction of 
dislocation origin.* The significant feature is that 
saturation in the variation of these properties has 
been found to occur at about the same level of 
solute concentration, namely, between 0.1 and 0.5 
atomic pct. The only characteristic common to these 
different quantities is that solute adsorption at grain 
boundaries and dislocation can take place and affect 
these values in a similar fashion. Thus, it is con- 
cluded that the grain growth exponent n depends 
upon solute adsorption at the grain boundaries. It 
appears, therefore, that theoretical considerations 
leading to the contrary conclusions”® have not 
treated the real process by which solute atoms exert 
their effect on grain growth. 

Prior to the analysis of the observed activation 
energies, certain of the aspects of the aforemen- 
tioned grain boundary stress relaxation investiga- 
tion will be briefly reviewed. It was found that with 
the addition of solute atoms the grain boundary 
stress relaxation peak (internal friction vs temper- 
ature) decreased in intensity. Simultaneously a sec- 
ond peak was observed which increased with in- 
creasing solute atoms. Both of these peaks were 
shown to be the result of grain boundary stress re- 
laxation. They have been termed, respectively, pure 
peak and solute peak. It was suggested that the 
solute peak was dependent upon grain boundary 
migration, whereas the pure peak was a manifesta- 
tion of grain boundary slip. Activation energies for 
both peaks were obtained as a function of solute 
content. 

The value of the activation energy in the temper- 
ature range corresponding to the solute peak was 
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Fig. 2—Average grain diameter as a function of time for a 
0.5 atomic pct Cu-Si alloy. 
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about 50,000 to 55,000 cal per mol. The same batch 
of wires used in the internal friction study was then 
used in the present grain growth investigation. In 
the same temperature range at which the solute 
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peak appeared, the extrapolated values of the ac- 
tivation energy for grain growth are 51,000 and 
58,000 cal per mol for the 0.5 and 1 atomic pct Si 
alloys, respectively. In the temperature range cor- 
responding to the pure grain boundary stress re- 
laxation peak found in the previous study the inter- 
nal friction measurements yield values for the ac- 
tivation energy in excess of 80,000 cal per mol. This 
is in comparison to the extrapolated values of 
61,000 to 78,000 cal per mol for boundary migra- 
tion occurring during grain growth in the present 
experiments on identical specimens. It is apparent 


Table |. Compositions of Copper Binary Alloys Studied in This 
Inyestigation* 


Alloy Compositien, Atomic Pct 


Cu-Al 


Cu-Si 


* Copper was of 99.999 pct purity. All specimens were tested at 
550° and 600°C. The 0.5 and 1.0 atomic pct specimens were tested 
at 500°, 550°, 600°, 650°, and 700°C. 


that the energy of activation for grain boundary 
migration is in much better agreement with that for 
the solute peak than for the pure peak. This result 
is consistent with the prediction made in the pre- 
vious paper. It supports the theory developed there 
that complete grain boundary stress relaxation in- 
volves two successive steps, namely, boundary mi- 
gration and boundary slip. The former is believed 
controlling in dilute alloys and the latter in pure 
metals. The existence of the two grain boundary 
stress relaxation peaks in an alloy is believed to be 
the result of a distribution in solute adsorbability 
for the grain boundaries present. A fraction of the 
boundaries have sufficient solute to limit their ability 
to migrate. The migration rate controls the rate of 
stress relaxation along these boundaries. The remain- 
ing boundaries, which have not adsorbed sufficient 
solute, can migrate faster than grain boundary slip 
can occur along them. Hence, the latter step con- 
trols the rate of shear stress relaxation along these 
relatively solute-free boundaries. 

The temperature dependence of the activation 
energy found in this research is not new. Similar 
results have been found by other investigators, as, 
for example, in the secondary recrystallization of 
copper.’ An explanation of this behavior as well as 
of the solute dependence of the grain growth ex- 
ponent is still desired. Because of the discontinuous 
nature of boundary migration during grain growth 
(long periods of stability followed by very rapid 
migration), it is believed that the explanation must 
involve the concept of a fluctuation in which a 
boundary is able to depart from its atmosphere of 
adsorbed solute or vice versa. 


Conclusions 


1) The grain growth law D = kt" was found to 
describe satisfactorily the data for dilute binary al- 
loys of copper. 

2) The grain growth exponent n is a function of 
solute content up to approximately 0.2 atomic pct. 

3) Activation energies for grain migration com- 
pare well with values obtained from internal fric- 
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tion studies on identical alloys. This contributes 
strong experimental support for the two-step mech- 


anism for complete grain boundary shear stress re- 
laxation. 
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Technical Note 


Concerning an Order-Disorder Transition in the Ni-Cr System 


by B. W. Roberts and R. A. Swalin 


ONSIDERABLE controversy has centered about 
the existence of an order-disorder transforma- 
tion in alloys in the composition vicinity of 75 
atomic pct Ni and 25 atomic pct Cr. All the evidence 
to date for such a transformation is of a rather in- 
direct nature, since direct X-ray confirmation is 
difficult to obtain as a result of the small difference 
in X-ray scattering factors between nickel and 
chromium. As a result, superlattice lines would be 
very faint if present. Several investigators'’” have 
observed anomalies in the electrical resistivity vs 
temperature curves of alloys in the vicinity of 25 
atomic pct Cr. The observed change is characterized 
by a rather broad resistivity peak at about 540°C. 
A discontinuous drop in resistivity is normally as- 
sociated with ordering. However, Taylor and Hin- 
ton‘ have rationalized that the discrepancy could 
conceivably be caused by changes in the Brillouin 
zones upon ordering. The same investigators meas- 
ured the specific heat as a function of temperature 
and have also observed anomalies in the vicinity of 
540°C. Nordheim and Grant’ have proposed, because 
of the absence of superlattice lines and the absence 
of a discontinuity in the resistivity vs temperature 
curve, that long-range order is improbable and that 
the results could be better explained by short-range 
ordering. To date, however, the question has not 
been resolved satisfactorily. 
Neutron diffraction techniques provide a method 
for partially resolving the question since nickel and 
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chromium have considerably different atomic scat- 
tering factors in the case of neutrons and, therefore, 
superlattice peaks, if ordering occurs, should be 
readily discernable. The results of a neutron diffrac- 
tion investigation* coupled with a dilatometric in- 


* Neutron diffraction studies were carried out at the reactor of 
Brookhaven National Laboratory, Upton, N. Y. 


vestigation are reported here. 

An alloy containing 28.0 atomic pct Cr was pre- 
pared from carbonyl nickel and electrolytic chrom- 
ium in the form of a l-in. diam x 10-in. ingot. Melt- 
ing was done in an alumina crucible and casting in 
a graphite mold. The ingot was homogenized at 
1250°C for seven days, after which a 5-in. long 
piece was cut into shavings in order to obtain a 
suitable neutron diffraction sample. Hardness sam- 
ples and samples suitable for dilatometric analysis 
(4% in. diam x 2 in.) were prepared from the re- 
maining piece. The neutron diffraction sample, 
along with a hardness sample, was annealed at 
501°C for seven days, at which time the tem- 
perature was lowered to 479°C and held at this 
temperature for twenty-four more days. The hard- 
ness was observed to increase from 133 to 147 Vhn 
during the course of the annealing treatment, in 
qualitative agreement with Nordheim and Grant.’ 

Neutron diffraction traces taken at room tem- 
perature and at 4.2°K are shown in Fig. 1. The in- 
sert shows the trace taken at room temperature with 
short counting times and thus only fair statistical 
accuracy. No evidence for superstructure reflections 
of Cu,Au-type ordering is observed. The statistical 
accuracy of the 4.2°K trace was improved by using 
longer counting periods. Several weak intensities 
are observed at small angles, including an aluminum 
reflection from the cryostat assembly and a very 
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weak reflection near the (111) peak which is at- 
tributed to the vanadium sample holder. The 111 


_) reflection is observed as well as two very 

weak reflections at (100) and (110) positions which 

are at the proper angles to coincide with 200 CS) 


and 220 =) second-order reflections. The three 


second-order intensities have the ratio to the first- 
order reflections expected at the wave length used. 

Relative intensities have been calculated’ for a 
cylindrical specimen utilizing the following con- 


Table I. Calculated and Observed Neutron Intensities at 4.2°K 
hkl Pops Pea, Peal, S = 1 
(= 2.2 
2 
100 or 200 2.0 0 38.2 
2 
110 or 220 { — 2.0 0 36.9 
2 
111 415 414.9 414.9 
200 (231) * 228 228 
210 (Nil) * 0 28 
211 (Nil) * 0 23 
220 (213) * 214 214 


* Parentheses denote room temperature measurements. 


stants: \ = 1.018A, pr = 0.593, density = 1.9 g per 
0:352.x em, by, = 17033 cm, 
the temperature factor 2M = 1.435 x 10° cm sq, and 

= 3.54A. In: Table I the observed intensities may 
be compared with calculated intensities for zero 
long-range order (S = 0) and perfect long-range 
order (S = 1). Perfect long-range order is immedi- 
ately ruled out since no unexpected intensity is ob- 
served at the (100) and (110) superstructure re- 
flection positions and the calculated intensities are 
high, being roughly one tenth of the (111) funda- 
mental reflection as indicated by the dashed reflec- 
tion in Fig. 1. If a small amount of long-range order 
were present and in evidence in the (100) and (110) 
reflections to the extent of one or two intensity units, 
the neutron data would appear inconsistent, since no 
evidence of diffuse maxima is present to suggest a 
high state of short-range order. If ordering forces 
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induce a small amount of long-range order, the re- 
maining atoms will be expected to have a high de- 
gree of short-range order.” * 

A dilatometric sample was annealed at about 
980°C for 12 hr and water-quenched to room tem- 
perature, after which the sample was isothermally 
annealed at 510°C for six days in a dial gage quartz 
dilatometer. No volume change occurred. Similarly, 
no volume change was observed upon annealing at 
473°C for six days. An alloy sample containing 24.9 
pet Cr and 75.1 pct Ni was also obtained. Isother- 
mally annealing a quenched sample at 510°C for 
eleven days yielded no volume change either. The 
fact that no volume change occurred suggests that 
long-range order is not important, since all known 
order-disorder transitions are associated with sig- 
nificant volume changes. It is significant that the 
resistivity of a 25 atomic pct Cr alloy was observed 
to begin changing almost immediately upon iso- 
thermally annealing at 479°C. 

The neutron diffraction and dilatometric results 
reported here indicate that long-range order of the 
classical Cu;Au type is not produced by annealing 
sequences which result in the observed resistivity 
and specific heat anomalies. The lack of diffuse 
short-range order maxima suggests that a high de- 
gree of short-range order is absent. If long-range 
order and pronounced short-range order are not 
considered as the cause of the resistivity change ob- 
served near Ni,;Cr composition, what physical proc- 
esses remain? Changes in a low degree of short-range 
order are possible. A precipitation process by ordi- 
nary diffusion might cause the resistivity change, 
but this appears unlikely, since the resistivity was 
found to begin changing almost immediately upon 
isothermal annealing at temperatures as low as 
479°C and to reach a maximum in a few hours. An 
antiferromagnetic transition as a nondiffusion con- 
trolled process is to be considered, but no evidence 
exists for a transition in the vicinity of 540°C 
(S13) 
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Preferred Growth Direction of Metals 


A theory is developed for face-centered-cubic metals which predicts that the preferred 
orientation formed during solidification of the columnar zone of an ingot is: 1) the <111> 
direction for pure metals, 2) no preferred direction for slightly impure metals, and 3) the 
<100> direction for impure metals and alloys. The theory predicts the direction of for- 
mation of boundaries between substructures and the occurrence of stray crystal formation 
as a function of the orientation of the solid-liquid interface and the degree of constitu- 


tional supercooling existing in the liquid. 


by William A. Tiller 


EVERAL authors** have shown that, during 
solidification from the melt, the direction of for- 
mation of substructure boundaries depends upon the 
direction of heat flow and the rate of solidification 
of the metal. The most prominent of these observa- 
tions was that a preferred orientation developed 
during the solidification of the columnar zone of an 
ingot which for face-centered-cubic metals was the 
<100> direction. Previous explanations’ given to 
account for this preferred orientation and the other 
boundary phenomena are all based on the premise 
that the phenomena are characteristics of the pure 
element. However, recent experiments by Rosen- 
berg and Tiller’ have demonstrated that the pre- 
ferred orientation in pure lead is the <111> orien- 
tation, and that the heretofore observed <100> 
orientation is due to the effect of solute on the mode 
of solidification of the metal. 
Teghtsoonian and Chalmers,* studying striation 
boundaries in tin, and Chalmers and Rutter,’ study- 
ing corrugation boundaries in tin, showed that these 
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substructure boundaries were aligned parallel to 
the axis of heat flow for slow rates of growth, and 
that the alignment varied from this direction as a 
function of the rate of growth to approach the den- 
drite direction at high rates. Chalmers,’ studying the 
direction of formation of a grain boundary separat- 
ing two crystals of different orientation, showed that 
at slow growth rates the boundary is parallel to the 
axis of heat flow, while at higher speeds it will devi- 
ate from this direction, sloping into the crystal 
whose dendrite orientation departs the most from 
the axis of heat flow. It is this phenomenon that 
allows certain crystallites in the chill zone region of 
an ingot to encroach on their neighbors and ulti- 
mately produce the preferred orientation of the 
columnar zone of the ingot. Since the previous ex- 
planations of this preferred orientation are unable 
to account for the recent observations,’ a new mech- 
anism will be considered. This will lead to an ex- 
planation of the other substructure boundary phe- 
nomena as well. 

Investigations by Graf,* Billig,’ Rosenberg,” and 
others have demonstrated in a striking fashion that 
crystal growth takes place by the deposition of in- 
dividual layers oriented along the close-packed 
planes of the material considered. This lamellar or 
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Fig. 1—Trace of the solid-liquid interface on a horizontal 
section through the crystal representing the edgewise growth 
of (111) platelets. 


Fig. 2—Micrograph of a (111) interface in lead showing the 
nucleating centers of the (111) platelets. X300. Reduced 
approximately 15 pct for reproduction. 


Fig. 3—Micrograph of an (hk/) interface in lead showing the 
traces of the (111) platelets. X300. Reduced approximately 
15 pct for reproduction. 


plate-like structure is found not only on typical 
layer crystals or crystals of low symmetry, such as 
hexagonal crystals, but also on crystals with high- 
est symmetry, such as face-centered-cubic crystals. 
The step height of a lamella, which is visible both 
on the exposed surface of the crystal and on a de- 
canted interface, is generally between 10° and 
10° cm. Rosenberg” has shown cinematographically 
that the solidification of lead does not occur by the 
advancement of a smooth interface normal to itself, 
but occurs by the edgewise growth of these platelets, 
which produces a corrugated interface as shown in 
Fig. 1. Fig. 1 represents two crystals cut to reveal 
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the platelet outlined in a horizontal section. The in- 
dividual platelets are shown extending back into 
the solid to facilitate visualizing the direction in 
which they grow. In general, the plane separating 
the platelets is a {111} plane. However, platelets of 
the {100}, {110}, and {311} types have also been 
observed on rare occasions. Fig. 2 shows a (111) in- 
terface of lead on which the platelets appear to be 
nucleating. The mounds in the micrograph are con- 
sidered to be nucleation centers. Fig. 3 shows an 
interface of the (hkl) type, the (111) platelets mak- 
ing an angle with the interface. 

By considering the edgewise growth of the {111} 
platelets on interfaces of (hkl) orientation, it is 
possible to account for the preferred orientation in 
pure and impure metals and the other boundary 
phenomena. The present paper is a theoretical ex- 
amination of these boundary phenomena and the 
development of a preferred growth direction in 
metals under the following main headings: 1) pre- 
ferred growth direction for an ultra-pure metal; 2) 
lack of preferred growth direction for a metal con- 
taining a small amount of impurity, and solidified 
slowly; and 3) development of preferred growth 
direction in an alloy as a function of the growth con- 
ditions. 

The treatment to follow concerns itself with face- 
centered-cubic metals and, specifically, lead. It will 
be assumed that the particular {111} platelet sys- 
tem that operates is the one most nearly parallel to 
the interface. Experiments on lead appear to sup- 
port this assumption. Metals of other crystal types 
solidify by a fundamental platelet mechanism and, 
if the platelet plane is known, a similar analysis can 
be carried out. 


Theoretical Considerations 


Pure Metal—lIn this section it will be shown how 
the growth of the (111) platelets can produce a pre- 
ferred [111] orientation in a casting of pure lead. 
Previous treatments of preferred orientation have 
assumed that it is necessary to produce an interface 
step between two adjacent crystals of different ori- 
entation in order to have one encroach on the other. 
A simpler approach is to determine if it is possible 
to produce such an interface step in a pure metal, 
and this approach will be considered. 

From the viewpoint of the thermodynamics of 
phase equilibrium, the free energy per unit volume 
in the two crystals of different orientation would 
have to be different in order to make the liquid- 
solid transformation temperatures different. In the 
pure metal this would only be possible if there were 
different degrees of imperfections introduced into 
the two crystals. This is very unlikely since for any 
orientation the atoms of the liquid become a part of 
the solid by being accommodated at a corner site, as 
represented in Fig. 1. 

If the kinetics of the transformation are con- 
sidered, the treatment of Chalmers’ may lead to an 
interface step, but one which would produce a 
<100> preferred orientation for pure lead. 

Since both thermodynamic and _ kinetic con- 
siderations are unable to predict the existence of an 
interface step which could account for the preferred 
<111> orientation in lead, the conception of an in- 
terface step between adjacent crystals being a nec- 
essary prerequisite to a preferred growth direction 
must be discarded. A more fruitful approach is 
developed by considering the properties of the grain 
boundary groove formed at the interface between 
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the crystals. It may be assumed that such a groove 
exists. 

Fig. 4 illustrates a grain boundary groove formed 
between crystal A having a <111> orientation, and 
crystal B having an <hkl> orientation. During 
growth the crystals are growing independently, the 
lateral component of growth causing them to meet 
at the boundary region. The portion of solid which 
forms to provide intimate contact between A and B 
must contain the grain boundary surface, thereby 
having a greater free energy per unit volume than 
the solid some distance from the boundary. The 
liquid-solid transformation temperature of this in- 
tercrystalline material is therefore lowered, causing 
the point of junction of the two crystals and the 
liquid to occur a certain distance behind the rest of 
the interface. This distance will depend on the tem- 
perature gradients in both the liquid and the solid, 
and on the misorientation between the crystals. 

The platelet edge is assumed to make some angle 
¢ with the platelet face. If it is also assumed that one 
platelet cannot project over the edge of the platelet 
beneath, and from nucleation considerations this ap- 
pears reasonable, then the maximum slope of the 
groove walls is determined by the angle that the 
{111} platelet plane makes with the interface. The 
lower the angle the platelet plane makes with the 
interface the steeper the groove can be. Therefore, 
for any ¢, the {111} interface shown in Fig. 4 will 
produce the steepest slope. 

Fig. 5 illustrates the possible shapes of the grain 
boundary grooves for bicrystals having the inter- 
face orientations shown. The crystals comprising the 
bicrystal in both cases are misoriented from each 
other by an angle V due to a symmetrical rotation 
about the specimen axis. It is quite apparent, how- 
ever, that if Fig. 5 represents the grain boundary 
groove existing between the crystals, then the liquid 
in this groove will be supercooled, since a positive 
temperature gradient exists in the liquid ahead of 
the interface. Under these conditions it is possible 
for a conjugate (111) platelet system to provide 
solidification in the groove. It is not known at this 
time if there is any nucleation problem involved in 
the formation of this conjugate (111) platelet sys- 
tem. However, the nucleation of the conjugate plate- 
let system will be easiest if the walls of the bound- 
ary grooves are {111} planes. This type of boundary 
groove will be considered, and it will be assumed 
that there is no nucleation problem associated with 
the operation of the conjugate (111) platelet sys- 
tems shown in Fig. 6. More will be said about this 
nucleation problem later. 

If both bicrystals of Fig. 6 are growing under the 
same heat flow conditions, i.e., same temperature 
gradient in the liquid and solid, they are both ad- 
vancing at the same rate, R,, along the specimen 
axis. If the conjugate platelet systems are nucleat- 
ing at the centers of the groove walls as shown, then 
these platelets must grow edgewise at different net 
rates in the two bicrystals in order to advance the 
solid a distance R,At in time At. As discussed by 
Chalmers,’ the net rate of attachment of atoms onto 
the interface is a function of the supercooling AT. 
Therefore, in order for a platelet to advance edge- 
wise at a certain rate R’, it must be supercooled by 
an increment of temperature AT’. In order for the 
boundary grooves in Fig. 6 to advance the same dis- 
tance in unit time, and they must under identical 
heat flow conditions, the conjugate platelets of the 
bicrystal with the <hkl>interface must grow faster 
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Fig. 4—Representa- 
tion of a grain 
boundary groove be- 
tween a crystal hav- 
ing a <111> ori- 
entation, and a 
crystal haying an 
<hkI> orientation. 


Boundary 


Fig. 5—Bicrystals, each misoriented by an angle y¥ due to a 
rotation about the specimen axis. a) LEFT: crystals having 
{hkl} interfaces; and b) RIGHT: crystals having {111} 
interfaces. 


Boundary 


Fig. 6—Grain boundary cusps if conjugate (111) platelet 
systems are operating. 
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Te-AT 
Grain Grain 
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Fig. 7—Relative shapes of the grain boundary cusps under 
similar growth conditions for a <111> bicrystal and an 
<hkl> bicrystal. 
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Fig. 8—Bicrystal of 
(<hkI>, <111>) 
type under actual 
growth conditions 
showing that the 
<111> crystal will 
encroach on the 
<hkI> crystal. 
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than the conjugate platelets of the <111> bicrystal. 


This can only occur if the average temperature at. 


the platelet edge for the <hkl> bicrystal is lower 
than for the <111> bicrystal and the relative shapes 
of the grain boundary grooves for the two bicrystals 
will therefore be as shown in Fig. 7. 

The above discussion has not considered any 
change in the isotherms of the liquid near the 
groove due to the presence of the solid. If this fact 
is taken into consideration it will be immediately 
obvious that the steeper the groove, the greater will 
be the departure of the temperature gradient in the 
groove from the macroscopic temperature gradient 
in the liquid, G,, toward the macroscopic tempera- 
ture gradient in the solid, Gs. For reasonable rates 
of growth Gs > G, and, therefore, at the same dis- 
tance Ax behind the main interface, a platelet on the 
steeper groove wall of the <111> bicrystal can grow 
edgewise at a faster rate than a platelet on the 
groove wall of the <hkl> bicrystal. This enhances 
the effect discussed above. 

From the foregoing considerations it can be seen 
that when an <hkl> crystal and a <111> crystal 
form a bicrystal the grain boundary groove will be 
unsymmetrical in shape. This boundary groove will be 
very much like that produced by taking half of each 
of the two bicrystals in Fig. 7 and joining them at 
the boundary. The normal growth of the conjugate 
platelets on the groove walls will lead to an over- 
hang of the <hkl> crystal by the <111> crystal as 
shown in Fig. 8. Thus, the <111> crystal will en- 
ecroach on the <hkl> crystal. This leads to the de- 
velopment of a preferred <111> direction of growth 
in the columnar zone of an ingot of pure lead. 

where the boundary is not a symmetrical one is 
considered, then one of the crystals might be found 
to encroach upon the other during growth, since one 
may have less difficulty in nucleating the conjugate 
(111) platelet system on the groove wall than the 
other. Consider the <111> bicrystal in Fig. 6 as 
being unsymmetrical with respect to the boundary. 
Let the right-hand crystal have a <110> direction 
in the plane of the paper pointing toward the 
boundary. Let the left-hand crystal have a <211> 
direction in the plane of the paper pointing toward 
the boundary. Then, if the boundary groove is per- 
pendicular to the paper, the groove wall of the 
right-hand crystal may be a {111} plane and the 
conjugate (111) platelet system has little difficulty 
in nucleating. However, the groove wall of the left- 
hand crystal cannot be a {111} plane, and there will 
be a nucleation problem associated with the forma- 
tion of the conjugate platelet system on this wall. 
Thus, the right-hand crystal would be expected to 
encroach on the left-hand crystal. An experiment 
carried out by Shewmon™ on bycrystals of zone 
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refined copper having the orientations described 
above verified the prediction that the crystal with a 
<110> direction pointing toward the boundary al- 
ways encroached on the crystal with the <211> 
direction pointing toward the boundary. 

Small Alloy Additions—In this section it will be 
shown how the presence of a small amount of solute 
hinders the growth of the {111} platelets to such an 
extent that a preferred <111> direction of growth 
does not develop. Under these conditions no pre- 
ferred direction of growth develops. To account for 
this phenomenon let us again consider if an inter- 
face step can develop between two crystals of dif- 
ferent orientation. 

From the thermodynamic point of view there may 
be a difference. in equilibrium temperature of the 
two crystal faces if the melt contains a small amount 
of solute. Theoretical considerations, which will be 
discussed in a subsequent publication, support the 
presence of edge dislocation arrays on the (111) 
planes between platelets. The density of the dis- 
locations will be a maximum for a crystal of [111] 
orientation. This may lead to an interface step be- 
tween crystals. 

From the kinetic viewpoint an interface step may 
again be produced. As the platelet advances edge- 
wise it rejects solute from its edge, and this solute 
must diffuse away from the edge for growth to pro- 
ceed at the initial edge temperature. If a (111) 
plane is in the plane of the interface, a platelet can- 
not grow rapidly across the interface, since it is 
building up a solute distribution at this edge which 
will not be able to diffuse away at as fast a rate as 
it is being rejected. This diffusion problem will be 
considered in a subsequent publication. However, 
qualitative results indicate that the temperature of 
a (111) interface is lower than the temperature of an 
(hkl) interface. 

The above effects, which may produce a small 
interface step between crystals, only account in 
part for the loss of the <111> preferred orientation. 
The major cause is located at the grain boundary 
groove. Because of the existence of solute in the 
liquid, Tiller et al.” have shown that a nonequilib- 
rium solute distribution will exist in the liquid ad- 
jacent to the advancing interface. Tiller and Wine- 
gard” have shown that under these conditions the 
grain boundary groove will act as a sink and, if the 
distribution coefficient” is less than unity for the 
solute, a greater solute concentration will exist in 
this region than on the rest of the interface. There 
will therefore be no supercooling in the liquid of the 
groove region as long as the conjugate platelet sys- 
tems operate. 

It will be immediately apparent that the edge- 
wise growth of the conjugate (111) platelets in the 
groove region of an (<hkl>, <111>) bicrystal will 
tend to trap solute near the base of the groove, 
which will restrict further growth of the platelets. 
Thus, the platelets in this region are constrained to 
grow more slowly because the solute cannot readily 
diffuse out into the bulk liquid. The main part of the 
crystal is still advancing at its normal rate, and this 
will lead to a deep boundary groove. The conjugate 
platelets of the <111> crystal are growing at a 
steeper angle than the conjugate platelets of the 
<hkl> crystal and, because of the solute diffusion 
restriction, must advance more slowly. The presence 
of the solute passivates the platelet growth in the 
groove region. Therefore, there will be no overhang 
of the <hkl> crystal by the <111> crystal as for 
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Fig. 10—Cellular interface composed of (111) platelets ad- 
yancing at some angle to the interface normal. a) Micro- 
graph. X250. Reduced approximately 25 pct for reproduc- 
tion. b) Schematic representation. Section A-A shows no 
solute trapping at the cell boundary; section B-B shows 
definite solute trapping at the boundary. 


pure lead, Fig. 8, and the <111> crystal will no 
longer be able to encroach on the <hkl> crystal. 

The above considerations appear to be adequate 
to account for the loss of the <111> preferred orien- 
tation by the influence of a small amount of solute. 
These considerations apply when the solute con- 
centration and the growth conditions are such that 
no constitutional supercooling exists in the liquid 
adjacent to the interface. 

Alloys—This section differs from the last in that 
the effect of constitutional supercooling on the de- 
velopment of preferred orientation will now be con- 
sidered. 

When a crystal is grown from a melt containing 
solute, the layer of liquid adjacent to the interface 
becomes enriched in solutes having distribution co- 
efficients less than 1. The quantitative features of 
this solute distribution have been calculated for a 
smooth plane interface by Tiller et al.” They have 
shown that for a critical set of growth conditions the 
smooth interface will break down into an interface 
consisting of a network of cellular projections. Rut- 
ter and Chalmers’ postulated that these cells form to 
relieve the constitutional supercooling in the zone 
of liquid immediately adjacent to the interface. 
Tiller and Rutter” have verified this hypothesis and 
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Fig. 11—Cellular interface, each cell containing its own nu- 
cleating center. a) Micrograph. X250. Reduced approxi- 
mately 25 pct for reproduction. b) Schematic representation 
of platelet growth. 


have shown that as the amount of constitutional 
supercooling is increased the cellular caps project 
further into the liquid to relieve the instability. 

It is necessary to consider in what way the cells 
are able to relieve the constitutional supercooling. 
From Fig. 9, which represents a longitudinal section 
of the crystal to show the fiber structure of the cor- 
rugations, it will be apparent that the growth at 
the tip of the projection will be normal to the sur- 
face of the solid, so that there is not only growth 
down the axis of the crystal, but there is some 
growth in a lateral direction also. This lateral 
growth traps solute between the cells which cannot 
diffuse out into the bulk liquid. Because of this high 
solute concentration at the cell boundaries this 
liquid cannot freeze until a lower temperature is 
reached. The way in which the cells relieve the con- 
stitutional supercooling is that they trap solute at 
the cell boundaries that would otherwise reside in 
the solute-rich layer of liquid at the interface. In 
effect, then, they lower the solute concentration at 
the interface and thus the constitutional super- 
cooling. 

Fig. 10a shows a cellular interface composed of 
(111) platelets advancing at some angle to the in- 
terface normal; this is the initial stage of cellular 
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Fig. 12—a) Shape of cell at which instability of single plate- 
let system occurs. b) Two conjugate (111) platelet systems 
operating to provide solidification on cell. c) Micrograph of 
cellular interface on which three conjugate (111) platelet 
systems are operating. X500. Reduced approximately 30 pct 
for reproduction. 


development. A schematic section of the cellular 
interface is given in Fig. 10b. For the A-A section 
the platelets are all growing to the right in the 
direction shown, so that there will be a drift of these 
cells to the right. Thus, no solute will be trapped at 
the base of the cells, and no pronounced cell bound- 
ary segregation will be formed in the solid. On sec- 
tion B-B there is a lateral growth of the platelet 
edge in the groove regions, which tends to trap 
solute in these regions. This, in turn, forms deep 
boundary grooves and a pronounced cell boundary 
segregation in the solid. Thus, although the inter- 
face of Fig. 10a presents a cellular morphology, if 
the crystal was sectioned parallel to the interface 
and etched to show the solute distribution only a line 
array of solute segregations should be observed. 
This would come from segregation to the B-B 
boundaries. Fig. 1la shows a cellular interface con- 
sisting of a single platelet system with deep grooves 
between the cells. In this case, each cell is growing 
like an independent crystal, with the (111) plate- 
lets nucleating on each cell. This is represented 
schematically in Fig. 11b. From the schematic draw- 
ing it can be seen that the platelet, by advancing 
edgewise, is not only rejecting solute into the bulk 
liquid but is rejecting solute into the cell boundary 
region; i.e., it is pushing solute into the region where 
it can be trapped. The steeper the platelet plane 
with respect to the average interface plane, the 
more effectively it will be able to trap solute in the 
boundary region. If a crystal presenting the inter- 
face morphology of Fig. 1la were sectioned parallel 
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to the interface and etched to show the solute dis- 
tribution, a cellular array of solute segregation 
should be observed. 

It will be readily appreciated that, as the con- 
tour of the cell necessary to relieve the instability 
is changed, a point is reached at which the platelets 
begin to push solute into the surface of the adjacent 
cell, as shown in Fig. 12a. When this happens, this 
side of the cell cannot grow as fast as the center 
of the cell, and an instability will arise here. At this 
point, the edge of the platelet will become the face 
and the platelet will begin growing outward, as 
shown by the dotted arrows. When the slope of this 
surface is appropriate, the instability is relieved by 
the operation of a conjugate platelet system which 
pushes the solute out into the liquid rather than 
against the adjacent cell. At this stage all of the 
cells will have conjugate platelet systems operating 
on two of their sides, as shown in Fig. 12b. The con- 
dition will eventually be reached in which the other 
sides of the cell encounter the same solute problem 
in the intercell region and, if it is possible, the other 
two conjugate platelet systems will nucleate to re- 
lieve this instability. The above applies to the de- 
velopment of a cell for a (100) interface. Here, there 
are four conjugate platelet systems that can operate. 
Three are shown in Fig. 12c. 

For an interface of the (hkl) orientation which 
lies somewhere near the center of the stereographic 
triangle, one of the {111} planes makes an angle of 
about 25° with this high index interface, whereas 
the conjugate (111) planes make angles of about 
50°, 70°, and 90°. A cellular interface of this type 
must become very unsymmetrical as the conjugate 
platelet systems operate to bound the cell and, for a 
given projection length of the cell, the cell width 
for an (hkl) interface must be larger than the cell 
width for a (100) interface. This is illustrated by 
Fig. 13. The angles between the conjugate platelets 
on the two cells are different because the platelets 
are not normal to the section drawn. This is a section 
through the center of the cells. 

If the growth of an (hkl) interface is considered, 
it can be demonstrated how the transition from one 
to two, then three, and four operating platelet sys- 
tems occurs to change the direction of the corruga- 
tion axis from the axis of the specimen when only 
one platelet system is operating toward the dendrite 
axis and when the multiple platelet systems are oper- 
ating. Fig. 14 shows the development of this type of 
cell. It only shows the development of one cross sec- 
tion, as it is very difficult to represent the three-di- 
mensional development. This, however, will serve to 
illustrate the point. The platelets on the cells 1 and 
2 are growing in the @ direction as shown, where 6 
is the angle between the (111) plane and the aver- 
age macroscopic interface, and they produce the 
surface ABC. At this stage there are no platelets of 
the same system growing in the (@ + 7) directions. 
The growth on cell 2 in the (@ + 7) direction will be 
pushing solute toward cell 1 at B. This will trap 
solute at B, thus forming a boundary there, and it will 
also inhibit the growth of cell 1 at B in the @ direc- 
tion. Cell 1 will then begin to become asymmetrical. 
When the asymmetry is sufficient to produce a face 
of the proper slope on the B side of cell 1, a con- 
jugate (111) platelet system will nucleate and begin 
to provide growth. 

As this second platelet system begins to grow nor- 
mal to itself, it greatly increases the asymmetry. Up 
to this point the cell boundary has been constrained 
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ee as axis of the crystal because the 
ute occurs at B. However, now 
cell 1 begins to overhang B, so that the boundary 
must deviate into cell 2. The boundary will deviate 
more and more as the cell continues to develop this 
second platelet system. The boundary will finally lie 
along that axis about which the diffusion of solute is 
symmetrical; i.e., along the axis which is the bisector 
of the angle between the two platelet systems. 
When, finally, the four platelet systems are operat- 
ing, the corrugations will be pointing and growing 
in the <100> direction for face-centered-cubic 
metals, since this is the direction bounded by four 
conjugate (111) platelets. This accounts for the 
variation in the direction of formation of corruga- 
tions as a function of the rate of growth. Increasing 
the rate of growth increases the amount of constitu- 
tional supercooling to be eliminated by the cellular 
interface, forcing the cell to be more well developed. 
As the length to width ratio of the cellular caps in- 
creases, more platelet systems must be operating 
and, therefore, the head of the cell is more closely 
aligned toward the dendrite direction. The corruga- 
tion boundaries are then growing in this direction. 

The above considered the development of cells on 
single crystals having (hkl) interfaces. Let us now 
consider the growth of a bicrystal. Under conditions 
of constitutional supercooling, cellular projections 
form on the interface of each crystal. As already 
mentioned, the steeper the platelet planes with re- 
spect to the average interface plane, the more the 
solute can be trapped in the boundary region. 
The more solute there is in the boundary, the less 
solute there is in the solute-rich layer of liquid and, 
therefore, the lower the solute concentration at the 
interface. The lower the solute concentration at the 
interface, the higher the freezing temperature. 
Therefore, the (100) interface is able to grow ata 
higher temperature than an (hkl) interface, since 
the platelets make a steeper angle with the inter- 
face, and there are four conjugate systems that can 
bound this type of cell. 

The cell size is determined by the growth condi- 
tions and the amount of constitutional supercooling 
to be relieved; i.e., there must be enough cell bound- 
ary to receive the extra solute and there must be 
time for diffusion and platelet growth to get it there. 
It is obvious that the smaller the cell width, the less 
time it will take for the diffusion of the solute to the 
cell boundary. Therefore, if the cell widths in ad- 
jacent grains differ, then the grain with the enlarged 
cell size cannot diffuse the necessary amount of 
solute to the cell boundary in the time allowed, and 
so will have a higher concentration of solute at its 
interface than the other grain. Rosenberg and Tiller’ 
have shown that, for crystals with well developed 
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Fig. 13—Relative cell widths on an (hk/) and a (111) inter- 
face for a given projection length of cell. 
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cells, an interface step between adjacent grains is 
found to occur when the two grains have cells of 
different size. The large cell size is found on grains 
of high index orientation, as predicted earlier, and 
the small cells on crystals of low index orientation. 
The interface with the smaller cells is always in 
advance. 

The significant difference in cell size as a function 
of orientation has been discussed by Tiller and 
Rutter,“ and can be accounted for by the inability of 
{111} platelet systems to form a bounded cell of the 
appropriate size and contour for interfaces of high 
index orientations. 

It can be seen from the foregoing that the pres- 
ence of solute allows the interface of one crystallite 
to be stable at a higher temperature than another 
interface of less favorable orientation. Because of 
the interface step the crystal in advance will en- 
croach upon the depressed crystallite and eventually 
grow it out of the specimen. The crystal in advance 
is the crystal closest to the {100} orientation, so that 
the boundary in a bicrystal will deviate into the 
crystal which departs the most from having its 
<100> direction along the axis of heat flow. The 
boundary will deviate the most at high rates when 
the cells are well developed and the interface step 
is the greatest. : 

The trend toward a preferred orientation is found 
to occur in the early stages of cell development.’ 
This may be due to the breakdown to cells of a 
(100) interface before an (hkl) interface. If it re- 
quires some nominal gradient of constitutional 
supercooling in the liquid ahead of the interface to 
make the interface become unstable, the (100) in- 
terface will become unstable before an (hkl) inter- 
face. The instability will be shown by projections 
forming on the interface and extending ahead of the 
main interface into the liquid.“ The projections will 
be on the edges of the (111) platelets and will be 
growing in this direction. Thus, it is the nominal 
gradient of constitutional supercooling in the direc- 
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Fig. 15—Interface position relative to the furnace as a 
function of the freezing rate R. 


tion of (111) platelet advance that is important. 
Since the (111) platelets make a steeper angle with 
a (100) interface than with a (hkl) interface, during 
the growth of an ([hkl], [100]) bicrystal there will 
be a greater gradient of constitutional supercooling 
ahead of the (100) interface in the [111] direction 
than ahead of the (hkl) interface in the [111] direc- 
tion. Thus, the (100) interface will become unstable 
first, and an interface step will develop between it 
and the (hkl) interface such that the (100) can 
encroach on the (hkl). 

It has been possible to account for the variation 
in the direction of formation of corrugation bound- 
aries and grain boundaries as a function of consti- 
tutional supercooling. It is possible now to incorpor- 
ate the observations made on the striations as a 
function of constitutional supercooling. The answer 
to this question leads back to the direction of forma- 
tion of corrugation boundaries. Whenever corruga- 
tions and striations are found to coexist, it is ob- 
served that a striation boundary never cuts across 
a corrugation boundary, but rather follows its out- 
lines. This imples that the striation boundary is 
tied to the corrugation boundary and, therefore, the 
direction of formation of the striation boundary 
varies with the constitutional supercooling in the 
same manner as the direction of formation of cor- 
rugation boundaries. 


Discussion 

The foregoing treatment has dealt with the effect 
of constitutional supercooling on the direction of 
formation of grain boundaries and subboundaries. 
It is now necessary to show that the observations 
made by Chalmers and his collaborators were made 
under conditions such that the constitutional super- 
cooling would increase considerably as the rate of 
growth increased. 

All of the observations on corrugation boundaries, 
striation boundaries, and grain boundaries have 
been made on crystals grown using the modified 
Bridgman technique described by Chalmers.* This 
method essentially consists of moving a furnace 
away from a cylinder of molten metal at a con- 
trolled rate so that solidification begins at one end 
and proceeds along the cylinder at a rate that cor- 
responds closely to the rate of movement of the 
furnace. 

The position of the interface between solid and 
liquid relative to the edge of the furnace is deter- 
mined by the temperature of the furnace and the 
cooling arrangement on the end of the boat. How- 
ever, the faster the crystal is solidified, the more 
latent heat there is to be conducted away per unit 
time. This necessitates a steepening of the tempera- 
ture gradient in the solid or a flattening of the tem- 
perature gradient in the liquid. For this to happen, 
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the interface must be further away from the edge 
of the furnace, as shown in Fig. 15, so that there is 
a zone of liquid between the interface and the fur- 
nace from which heat can be lost laterally by radia- 
tion to the surroundings. The important point to 
consider is that the faster the crystal is made to 
solidify using this technique, the further the solid- 
liquid interface is outside of the furnace. Thus, more 
heat can be lost laterally from this zone of lquid 
as the speed of solidification increases. 

Since the temperature gradient in the solid de- 
creases as more solid is formed, it is the temperature 
gradient in the liquid that must decrease in order to 
grow at a greater rate. This can only be done by 
lateral heat loss from the region of liquid ahead of 
the interface. Fig. 16 represents the temperature 
gradient in the liquid as a function of rate. For low 
rates of growth the gradient is constant. As lateral 
heat losses occur the temperature distribution 
curves become flatter at the interface. The greater 
the lateral losses, the flatter the temperature gradi- 
ent will become; the lateral losses can increase to the 
point where a zone of supercooling is created ahead 
of the interface. For growth under a temperature 
distribution of type c the solid will form faster than 
for type a or b, since extra latent heat can be liber- 
ated to flow down this gradient in the liquid. In 
some cases, the extra heat may be enough to elimi- 
nate this temperature inversion. However, the lat- 
eral heat losses may be so great as to maintain this 
condition in spite of the extra heat supplied from 
the solidification of the solid at the increased rate. 
This type of temperature distribution has been re- 
ported by Goss.” 

From the above it can be seen that, as the rate of 
furnace travel increases, the temperature gradient 
in the liquid decreases, and the rate of solidification 
increases. Therefore, at some critical rate of furnace 
travel, constitutional supercooling will be initiated 
in the zone of liquid adjacent to the interface, and 
the amount of constitutional supercooling will in- 
crease as the rate of furnace travel increases. There- 
fore, the effects ascribed to the difference in growth 
rate are probably caused by the amount of constitu- 
tional supercooling in the liquid adjacent to the 
interface. 

Nucleation of Stray Crystals—It has been ob- 
served in many laboratories that the tendency for 
stray crystal formation in single crystal growth in- 
creases as the rate of growth increases, and as the 
dendrite orientation of the crystal departs from the 
direction of heat flow. This has been considered by 
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Fig. 16—Temperature distribution in the liquid as a function 
of the freezing rate R. 
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Chalmers,” and may be explained by the previous 
analysis. Since the degree of constitutional super- 
cooling increases as the rate of growth increases, the 
development of a cellular interface increases. The 
cells are unable to eliminate all of the constitutional 
supercooling and, since the probability of stray 
nuclei forming in this zone of liquid increases as the 
degree of supercooling increases, the rate of forma- 
tion of stray crystals will also increase with the rate 
of growth. If the crystals are grown by a horizontal 
travelling furnace as in the study of Goss,” it is also 
possible to produce a temperature distribution of the 
type in Fig. 16c so that stray nuclei will have an 
even greater probability of formation. 

For a crystal of high index orientation, the rate of 
growth at which the crystal can no longer relieve all 
of the constitutional supercooling is less than for a 
crystal of low index orientation. Therefore, the de- 
gree of constitutional supercooling in the liquid ad- 
jacent to a high index orientation crystal will be 
greater than in front of a crystal of low index orien- 
tation for the same rate of growth, and the prob- 
ability of stray formation will also be greater. 

In this way both the orientation dependence and 
the rate of growth dependence of the frequency of 
stray formation have been accounted for. 


Conclusions 

The foregoing treatment shows that the preferred 
orientation in face-centered-cubic metals is caused 
by the interaction between the three important vari- 
ables of growth: 1) K, the crystallographic features 
of the growing crystal where these are manifest in 
the anisotropic growth characteristics of the plate- 
lets; 2) T, the temperature distribution in the metal; 
and 3) S, the solute distribution in the metal. It has 
been shown that the direction of formation of grain 
boundaries and substructure boundaries during 
solidification from the melt is not a characteristic at- 
tributable to the nature of the pure metal, but is 
due to the effect of the growth conditions on the 
mode of solidification. 


A theory is developed for face-centered-cubic 
metals which predicts that the preferred orientation 
during solidification of the columnar zone of an 
ingot is: 1) the <111> direction for pure metals; 
2) no preferred direction for slightly impure met- 
als; and 3) the <100> direction for impure metals 
and alloys. The theory predicts that the direction 
of formation of boundaries between substructures 
for slightly impure metals is a) along the axis of 
heat flow if there is no constitutional supercooling in 
the melt, and b) deviated toward the axis of den- 
dritic growth in the specimen as the constitutional 
supercooling increases in the melt. The theory also 
predicts that the frequency of stray crystal forma- 
tion during the growth of single crystals will in- 
crease as the constitutional supercooling is increased 
and as the orientation of the solid-liquid interface 
departs from the (100). 


This once again illustrates the magnitude of effect 
that the existence of constitutional supercooling has 
on the mode of solidification. 
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Technical Note 


Nucleation Sites of Bainitic Carbides in Alloy Steels 


by S. M. Kaufman, G. M. Pound, and H. |. Aaronson 


HETHER the carbides associated with bainite 
precipitate from the ferritic component of 
bainite, as originally suggested by Davenport and 
Bain,’ or from the adjacent austenite at aus- 
tenite:ferrite boundaries, as proposed by Hultgren,” 
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remains in dispute.*” A recent metallographic in- 
vestigation in this laboratory has shown that the 
bainitic carbides formed in a plain carbon hypo- 
eutectoid steel nucleate entirely within ferrite at 
higher reaction temperatures’ and in both ferrite 
and austenite at lower temperatures.” The present 
investigation was undertaken to ascertain the effects 
of alloying elements on the nucleation sites selected 
by bainitic carbides. 

The compositions of the steels studied were as 
shown in Table I. Specimens of these steels were 
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Fig. 1—Carbide 
protruding into 
austenite from 
austenite :ferrite 
boundary (arrowhead 
No. 1) and carbide 
consuming sliver of 
entrapped austenite 
(arrowhead No. 2) 
in manganese steel. 
Reacted for 35 sec 
at 475°C. Etched in 
2 pct nital. X1000. 
Enlarged approxi- 
mately 1.8 times for 
reproduction. 


austenitized for 30 min at 1300°C and isothermally 
reacted at temperatures found to yield moderate 
amounts of relatively large carbides in partially re- 
acted specimens. Such structures developed within 
the range 450° to 550°C in most steels. In the 
chromium steel, however, the range was narrowly 
centered about 600°C, while in the silicon steel no 
reaction temperature was found which fulfilled this 
specification. 

The basic results obtained were substantially in- 
dependent of both composition and reaction tem- 
perature. Arrowhead No. 1 in Fig. 1 points out a 
carbide which can be seen, upon careful examina- 
tion, to protrude appreciably into the adjacent aus- 
tenite. The frequency with which such presumably 
austenite-nucleated carbides were found at the aus- 
tenite:ferrite boundaries of well separated ferrite 
plates, however, did not appear to be sufficient to 
account for the density of carbides in a number of 
these plates. Some of the carbides thus appear to 
have precipitated from the ferrite plates, rather 
than from the surrounding austenite. In areas of the 
type indicated by arrowhead No. 2, where adjacent 
ferrite plates have closely approached impingement, 
on the other hand, carbides were rather frequently 
observed to have partially consumed the remaining 
slivers of austenite. Schrader and Wever* and Ko’ 
have previously discussed the later type of process, 
but considered it to be the only mechanism through 
which bainitic carbides are precipitated. 

Evidence of the type cited above for the precipita- 
tion of carbides from ferrite is indirect in nature and 
cannot be appreciably improved without a quantita- 
tive analysis of the distribution of carbides about 
and within the bainitic areas. An analysis of this 
type, however, does not appear feasible in view of 
the complex shapes which the ferritic component of 
bainite normally develops. In the chromium steel, 
however, unequivocal evidence was obtained for the 
formation of substantial numbers of ferrite-nucle- 
ated carbides. Specimens of this steel which were 
reacted at 600°C initially contained bainite plates* 


* This reaction temperature is above the top of the lower C-curve 
of the TTT-diagram for this steel and is accordingly above the pres- 
ently accepted bainite-start temperature. The present authors, how- 
ever, accept as bainite any aggregate structure formed by nucleation 
and growth during the decomposition of austenite, which fulfills the 
original Davenport-Bain description of ferrite and ferrite-nucleated 
carbides. The failure of the lower C-curve to delimit completely the 
temperature region within which clearly bainitic microstructures 
develop is currently being investigated in this and other 3 pct Cr 
steels. 


in which appreciable areas of ferrite were unblem- 
ished by carbides. These plates were quickly sur- 
rounded by masses of dark-etching aborescent 
pearlite.’ At later reaction times, however, the entire 
areas of the bainite plates etched more rapidly than 
the pearlite. The additional carbide precipitation 
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necessarily occurred entirely within the bainite 
plates. This observation and the basically similar 
observations made by Davenport® on a Cr-Mn-Mo 
steel and by later investigators on Ni-Mn-Mo’ and 
Si’ steels* provide direct proof of the precipitation 


*In these steels, carbides did not appear within ferrite plates 
until substantial amounts of carbide-free ferrite had formed. The 
ferritic origin of these carbides is accordingly certain. The low tem- 
peratures at which the (temporarily) carbide-free ferrite was 
formed and the comparatively long interval of time between the 
formation of ferrite and the formation of carbide resulted in the 
application of the name X-constituent’ to structures of this type in 
order to distinguish them from bainite, in which the isothermal de- 
lay time between the two reactions is normally quite small. As 
Davenport’ tentatively recognized originally, however, this distinc- 
tion appears to be unnecessary, inasmuch as the difference between 
X-constituent and bainite is one of degree, rather than of kind. 


of bainitic carbides within ferrite in a diversified 
group of alloy steels. 

On the basis of the observations made during the 
present and previous investigations, it is concluded 
that the carbides associated with bainite in alloy 
steels can nucleate both in austenite and in ferrite. 
This is in marked contrast to the behavior of a plain 


Table |. Composition of Steels Studied 


Desig- Pct Pet Pet Pet Pet Pet Pet Pet 
nation Cc Mn Si Ni Mo Cr Ss Ee 
(Oy 0.39 0.25 0.19 oo — 6 0.007 0.008 
Mn 0.34 1.87 0.00 0.02 0.02 0.01 0.032 0.011 
Ni 0.33 0.08 0.02 3.65 0.02 0.01 0.020 0.020 
Mo 0.33 0.06 0.01 0.02 0.80 0.00 0.010 0.010 
i 0.37 0.14 3.53 0.02 0.02 0.02 0.012 0.007 
4340* 0.39 0.73 0.27 1.80 0.26 0.77 0.020 0.014 


* Alloy strongly banded. 


carbon steel over an appreciable range of tempera- 
ture.® A satisfactory explanation for this difference 
has not yet been found. 

Although the carbide precipitate in the bainite 
ranges in both plain carbon and alloy steels can 
have dual origins, especially at lower temperatures, 
it seems advisable to retain the original definition of 
bainite given by Davenport and Bain’ (ferrite- 
nucleated carbides only). This practice permits rec- 
ognition that two distinctly different reaction mech- 
anisms are often involved, i.e, one precipitate 
nucleates within another precipitate in the case of 
ferrite-nucleated carbides, whereas both precipi- 
tates nucleate in the matrix in the case of austenite- 
nucleated carbides. 
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Tensile Properties of Zone Refined lron in The 
Temperature Range from 298° to 4.2°K 


The tensile properties of zone refined iron have been evaluated in the temperature 
range from 298° to 4.2°K. It has been found that the higher the purity, the lower the 
flow stresses and the better the low temperature ductility. Yield stresses as low as 3,800 
psi have been observed at room temperature and elongations of 10 pct have been observed 
at 4.2°K. The major portion of the ductility at 4.2°K arises from twinning. Deformation 
by twinning at 4.2°K is not suppressed by prestraining at room temperature and the twins 
occur all through the test. Slip traces were observed to initiate at the ends of previously 


formed twin traces. 


by R. L. Smith and J. L. Rutherford 


LTHOUGH considerable effort has been devoted 

toward the determination of the mechanical 
properties of pure metals, it is extremely difficult to 
compare the results of such work. This is because of 
differences in method and type of test, grain size, 
heat treatment, and purity of material. There is 
very little information on the properties of most of 
the high melting point reactive metals with purities 
greater than 99.9 pct. 

Previous evidence concerning the tensile proper- 
ties of unalloyed metals show that: body-centered- 
cubic metals are brittle at low temperatures; face- 
centered-cubic metals remain ductile; some hexa- 
gonal metals remain ductile, others become brittle. 
It may be that traces of impurities decrease the low 
temperature ductility of the body-centered-cubic 
lattice. This would suppose that a body-centered- 
cubic lattice free from impurities would exhibit 
nearly the same ductility as a face-centered-cubic 
structure. The present investigation has been an 
evaluation of the tensile properties of zone refined 
iron in order to determine whether higher purity 
material than that previously evaluated behaves 
differently. 

4 Experimental Procedure 

In this investigation, high purity iron was zone 
purified using the floating zone method.’ The starting 
stock was obtained from two sources. The first, 
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STRESS, L/Ag (1000 PSI) 
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STRAIN, A1/19 x 100 (%) 


Fig. 1—Tensile properties of vacuum melted iron, grain size 


ASTM No. 8. 
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Fig. 2—Tensile properties of yacuum melted iron after zone 
purification, grain size ASTM No. 5-6, 10 to 20 pct of bar 
length. 


which will be referred to as vacuum melted iron, 
was prepared at the University of Pennsylvania.” 
The second, which will be called arc melted iron, 
was prepared by Rengstorff and Goodwin® of Bat- 
telle Memorial Institute. The impurity content of 
these two is given in Table I. 

Because of the difficulty involved in the deter- 
mination of small quantities of impurity elements, 
no conclusive analytical results are available for the 
zone refined iron. A reasonable estimate of impurity 
content in zone refined rods can be made from con- 
centration profiles calculated for conditions ap- 
proaching those used experimentally.* Table I lists 
these impurity estimates. These values are very 
small but are calculated for only five passes, where- 
as the ingots were given over twice this number of 
zone passes. Furthermore, experimental results 
from a previous investigation’ checked quite well 
with the theoretical calculations. The experimental 
concentration profiles were obtained by monitoring 
the redistribution of radioactive tracers in zone 
melted bars under a known set of conditions. Of 
course, subsequent handling and processing, no mat- 
ter how carefully performed, may introduce minor 
amounts of impurities, especially carbon. 

After zone purification in dry hydrogen, the rods 
were swaged to 0.0625 in. diam and annealed in a 
dynamic vacuum at 900°C. The rods were then 
drawn to 0.031 in. diam, cut to specimens with a 
34 in. gage length, and hand polished to a four zero 
paper finish. They were then given a recrystalliza- 
tion heat treatment in the region of 600°C for 
various times. Some specimens were polished elec- 
trolytically. Great care was taken to avoid specimen 
contamination. During forming, surface material 
was removed by abrasion with emery paper, fol- 
lowed by etching, rinsing, and washing in alcohol 
after each operation. 

The tensile tests were made in a hydraulic tensile 
apparatus constructed for use over a range of tem- 
peratures including that at liquid helium. The ap- 
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paratus was carefully calibrated to determine the 
softness at each of the test temperatures, and from 
this information a correction of extension was made 
for each value of load. A constant rate of extension 
(10> sec*) was used. Crosshead motion was read 
directly to 5 x 10° in. and the load to the nearest 
0.2 lb. 

Since load drops were of special interest in this 
investigation, considerable care was taken to pre- 
vent slippage of the specimen in its grips. As an 
added precaution, the lengths of all specimens were 
measured after testing and checked against the 
elongations as recorded during the tests. 


Results and Discussion 

Conventional engineering stress-strain diagrams 
are shown for various irons in Figs. 1 through 4 for 
tests at 298°, 199°, 77°, and 4.2°K. Since the exten- 
sion, rather than the diameter, was measured during 
the test, the region of necking strain cannot be 
shown on a true-stress, natural-strain basis. 

All of the specimens for which tests are shown 
were recrystallized between 550° and 650°C in an 
attempt to obtain a fine grained structure. Typical 
structures are shown in Fig. 5. The grain size effect 
becomes very important at low temperatures and 
can easily mask the effect of purity.* Therefore, 
great care was taken to select those materials for 
any given series of tests that had similar structures. 

Serrated Tensile Curves—It can be seen that some 
of the stress-strain curves have a wavy appearance 
due to load drops. Yield point phenomena, the oc- 
currence of multiple necks, twinning, and discon- 
tinuous slip are all possible causes for this type of 
stress-strain diagram. Tests at 4.2°K on the arc 
melted material before zone refining showed a com- 
pletely brittle behavior with fracture taking place 
in the elastic range. Other tests at 298° and 199°K, 
Fig. 3, show a well defined yield point with a smooth 
stress-strain curve thereafter. However, stress- 
strain curves at 77°K show a wavy character. This 
wavy behavior makes it difficult to determine 
whether any of the yield points are discontinuous 
yields due to interstitials, twinning phenomenon, 
localized necking, or some other reason. 

A close examination of one of the tests at 77°K, 
Fig. 3, shows what appears to be scatter in the very 
early plastic region. These are very distinct and pre- 
cipitous drops in stress but they occur so rapidly 
and the load recovers so rapidly that they are diffi- 
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cult to record. This sharp serrated type curve be- 
comes more distinct at testing temperatures of 
4.2°K, as can be seen in Figs. 2 and 4. In some cases 
the stress drops are as great as 20,000 psi. The mag- 
nitude of the drop is apparently related to the stress. 

Serrated tensile curves (purportedly others than 
those caused by strain aging) have been reported 
over a wide range of temperatures for a variety of 
materials (5 through 24). Many investigators be- 
lieve that the phenomenon is caused by twinning; 
others think that it is caused by slip due to highly 
localized heating. However, it occurs for many 
materials under a variety of conditions and is in- 
terpreted differently by many investigators. It does 
not seem reasonable that one general explanation 
should serve in all cases. 

Deformation in iron at low temperatures takes 
place by twinning and slip. The stress necessary 
for slip increases sharply with decreasing tempera- 
tures. It seems reasonable that at some low tempera- 
ture, and in cases where there are favorably ori- 
ented grains, twinning will take place before slip. 
The onset of twinning should be accompanied by a 
sharp drop in load with a small amount of strain 


Table |. Analyses of High Purity Irons Used in This Investigation 


Zone Purified 


Arc Melted Vacuum Melted Iron, Calcu- 
Elements Iron,’ Ppm Iron,+ Ppm lated, Ppm 
Oxygen 23 6 to 10 — 
Nitrogen <0.9* 3 to 8 — 
Hydrogen 0.25 0.4 to 7 0.05 
Carbon 40 X0t 0.X (low ) 
Aluminum 20 X0 x 
Antimony <10 <10 <=0:1 
Arsenic <10 “<50 <5 
Barium 10 
Beryllium <b <5 aa 
Bismuth — <10 —_ 
Boron <5 —_ 0.05 
Cadmium <50 <10 —_— 
Calcium at <10 
Chromium 10 <10 <1 
Cobalt 40 <10 <a) 
Columbium — <100 
Copper 8 X0 (ow) X (low) 
Gallium <50 <10 — 
Germanium — <10 
Gold <100 cal 
Lead nh <5 to 10 — 
Magnesium 2 <10 — 
Manganese 4 X0 (low) 0.X (low) 
Molybdenum 10 X0 (low) x 
Nickel 20 < <0.5 
Phosphorous a 0.07 
Silicon 10 X0 (low) x 
Silver — <10 — 
Sodium <10 
Strontium <10 
Tantalum <100 
Tellurium — <1000 — 
Tin 5 5 to 10 1 
Titanium — <10 <1 
Tungsten <10 — 
Vanadium x 0.x 
Zine <10 Kal 
Zirconium — 5 to 10 <i 


* < means element not detected; figures shown indicate limit of 
detection. 

+ Metallic impurities analyzed by Sam Tour and Co. Inc., New 
York. For nonmetallic impurities, see reference 2. 


since the process is discontinuous. The stress then 
would increase elastically until the material again 
deforms ,by twinning. It can be seen in Figs. 2 and 
4 that, in general, the peak stress values increase as 
the strain increases, indicating that twinning occurs 
progressively in favorably oriented grains. There 
may be localized heating due to the energy release 
so that the deformation process is adiabatic. This 
would allow some deformation to take place by slip 
in the heated, stressed area. Local heating would not 
be a necessary requirement for slip since twins 
could be regions of stress concentration from which 
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Fig. 4—Tensile properties of arc melted iron after zone 
purification, grain size ASTM No. 3-5, 20 pct of bar length. 


slip could easily start. Although the drops in load 
would probably be accompanied by strain due to 
both slip and twinning, the primary cause of the 
onset of this type of discontinuous deformation in 
iron is most likely twinning. 

A flat tensile specimen was electropolished and 
tested in tension at 4.2°K. The test was interrupted 
immediately after the first drop in load. A micro- 
graph of the surface is shown in Fig. 6a. The sur- 
face was then polished and etched electrolytically, 
Fig. 6b. A comparison of these two micrographs 
shows that some traces remain after repolishing and 
etching but others disappear. This means that both 
twin and slip traces are present after the first drop 
in load. The specimen was then retested at 4.2°K 
until the second sharp drop in load occurred. The 
same area was examined and is shown in Fig. 6c. 
The original twin traces appear to have been broad- 
ened and a few additional slip traces have appeared. 
Fig. 6d shows the same area after repolishing and 
etching. Again some traces have disappeared indi- 
cating that they were slip lines; new twins can be 
seen on the right. With reference to the foregoing 
paragraph it is interesting to note that new slip 
traces appear at the ends of previously formed 
twins. Several areas were monitored and showed 
the same results. 

There is a possibility that the twins could appear 
as a result of the load drop in the same manner that 
they occur at higher temperatures during impact. 
However, twins occurring during impact are prob- 
ably due to the high stress concentration set up by 
the rapidly propagating crack that is caused by the 
impact load. Even for this type of twin formation it 
should be emphasized that it has not been proven 
that twinning does not precede slip. 

Effect of Prestraining on Serrations—One of the 
most interesting aspects of the serrated curves is 
illustrated in Fig. 7. Zone melted iron from the first 
5 pet of the bar length was tested at 77°K. The ser- 
rations started appearing at less than 30,000 psi.* At 


* Paxton and Churchman“ showed similar sharp serrations in 
iron tested at 88°K at about 42,000 psi and attributed the behavior 
to twinning. 


45,000 psi a sharp drop occurred followed by a slow 
increase in stress giving the appearance of a normal 
discontinuous yield. The specimen was then un- 
loaded and again brought up to room temperature 
and examined carefully for specimen slippage; none 
had occurred. The specimen was again tested at 
77°K and showed another sharp drop at 49,500 psi, 
again followed by a slow increase in stress. It was 
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Fig. 5—Typical recrystallized structures of iron used in tensile tests, 74 pct reduction of area. LEFT TO RIGHT: a) vacuuim melted 


iron, heat treated for 30 min at 600°C ; b) vacuum melted iron after zone purification, heat treated for 10 min at 600°C; c) arc 
melted iron, heat treated for 40 min at 600°C; and d) arc melted iron after zone purification, heat treated for 10 min at 600°C. 


X200. Reduced approximately 35 pct for reproduction. 


unloaded again and brought up to room tempera- 
ture and examined carefully and, finally, it was 
tested at 4.2°K and showed the usual serrated curve. 
The series was completed within 1 hr, with the 
total time at room temperature less than % hr. 

If thermal instability were the cause of the ser- 
rations and a combination of high stresses, low 
specific heats, and thermal conductivities are neces- 
sary requirements,” ~~ then the marked serrations 
for the first test at 77°K are difficult to explain, since 
none of the requirements are met. In fact, the ther- 
mal conductivity is nearly two times that at room 
temperature. Rather, it seems more likely that in 
this very coarse grained material, several of the 
larger grains are favorably oriented so that twin- 
ning occurs before slip. The rapid increase of peak 
stress during subsequent load drops is merely due to 
the relatively few regions with orientations favor- 
able for twinning at these stresses. The nearly elas- 
tic climb between serrations is because the stresses 
are not yet high enough for appreciable slip to 
occur. Upon retesting at 77°K, the first drop is again 
due to twinning and the subsequent slow increase 
in stress and large strains accompanying the drops 
are because the stress is now sufficiently high so that 
appreciable deformation can take place by slip. The 
same holds true for the third test. In the fourth test 
at 4.2°K, the serrations are again primarily due to 
twinning. The sharp drops and nearly elastic climb 
are further evidence that very little deformation is 
taking place by slip. This is because the stress neces- 
sary for slip is strongly temperature dependent and 
is higher at 4.2° than at 77°K. 

A further consequence of this series of tests is to 
show that deformation by slip does not necessarily 
suppress twinning as postulated by Pfeil® and 
Churchman and Cottrell.” More conclusive proof of 
this is given in Fig. 8. This shows the fractured sec- 
tion of a zone melted specimen of intermediate 
purity, which has been strained 2 pct at room tem- 
perature, then immediately tested to fracture at 
4.2°K. Twinning extends back from the fracture into 
the gage section over four diameters. This also 
shows that twinning is not always restricted to the 
immediate vicinity of the fracture. 

Similar interrupted tests have been made by 
Churchman and Cottrell.” They obtained marked 
serrations in carburized Armco iron tested in liquid 
air, but did not observe serrations for carbon and 
nitrogen free specimens. They also noted that the 
behavior was eliminated by prestraining at room 
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temperature and testing immediately in liquid air. 
They concluded that twinning was eliminated by re- 
moval of carbon and nitrogen or by prestraining, 
since the elastic limit for slip would not then de- 
pend so markedly on temperature. This conclusion 
does not conform to the present experimental re- 
sults. The relationship between initial slip and twin- 
ning cannot be explained simply on the basis of im- 
purities per se, but must involve such other factors 
as test temperatures, methods of changing impurity 


Table II. Ratio of Ultimate Stress to Yield Stress 


Vacuum Are 
Melted Melted 
Testing Vacuum lron After Are Iron After 
Temper- Melted Zone Puri- Melted Zone Puri- 
ature, °K Iron fication Iron fication 
4.2 — 1.20 — 3 
17 1.07 
199 1.02 PAL 1.24 1.29 
298 132 1.74 6 1.61 


* The load continually decreases from the upper yield. Thus, the 
maximum load and load at yield are the same. 


content, and the effect of these methods on other 
metallurgical variables. 

Flow Stresses—Figs. 9 through 12 summarize the 
effects of temperature on the flow properties of the 
various irons. Both the yield stress and ultimate* 


*In some cases the yield load or fracture load was the highest 
load during the test. In all cases the ultimate stress was calculated 
in the conventional way, i.e., maximum load divided by original 
area. 


stress curves for the zone melted material fall be- 
low those for the material not zone melted. The 
greatest differences occur at the lowest tempera- 
tures. The comparisons of the flow stress curves 
must be rationalized on the basis of the differences 
in both purity and grain size. The vacuum melted 
material has the finest grain size and therefore 
should have the highest flow stresses at any given 
strain and temperature. 

The effect of purification on flow properties is 
illustrated quite effectively by the lower tensile 
curve at room temperature for zone purified mate- 
rial, Fig. 4. This test is not a duplicate of the other 
room temperature test shown since it has a larger 
grain size, ASTM No. 2-4. The yield stress is 3,800 
psi, which is unusually low. 

The temperature dependence of yield stress in 
iron is difficult to evaluate because of the interfer- 
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ence of twinning and the significant grain size effect. 
A comparison of the yield stress vs. temperature 
curve for several metals is shown in Fig. 13. Ingot 
iron” is shown in comparison to zone purified iron 
of two grain sizes. A body-centered-cubic pure 
metal, tantalum,” and the body-centered-cubic alloy 
8 brass” are also shown. The typical low tempera- 
ture dependence of yield stress for face-centered- 
cubic metals is illustrated by the curve for nickel.” 

The initial flow stress of the pure iron is not as 
temperature dependent as that of the ingot iron. 
In fact, the curve for the large grained pure iron is 
approaching that of 8 brass. This iron came from the 
first 5 pet of the zone purified bar but was very 
badly duplexed. It must be kept in mind that the 
low temperature points for iron are not true values 
of the yield stress for slip since they are most likely 
due to twinning. Of course, if there is slip in locally 
heated layers, the temperatures would be higher 
than that shown. This would have the effect of mak- 
ing the yield stress curves steeper. The primary 
effect of zone purification on flow stresses was to 
lower them. It can be seen from Figs. 9 through 12 
that the temperature dependence has not changed 
appreciably. 

It has been shown that for no yield point to be 
present in iron, less than 10“ wt pct C is required at 
a dislocation density of 10° lines per sq cm.* An 
estimate of the carbon present in the refined iron 
of about 10° wt pct leads to the expectation of a 
yield point. If the strain scale were compressed, the 
initial level portions of some of the curves would 
then be indicative of yield phenomena. If less than 
the amount of interstitials necessary for a yield 
were present, the curve would become perfectly 
smooth. 

It would be of value to be able to calculate the 
temperature dependence of yield stress down to 
0°K for a body-centered-cubic metal to compare it 
with experiment. Unfortunately, only crude com- 
parisons can be made since the theory is not suffi- 
ciently advanced and the experimental data cannot 
be corrected for the effects of grain size, purity, and 
twinning. The Cottrell and Bilby analysis for tem- 
perature dependence * does not fit the data obtained 
in this work. 

Strain Hardening—Because of the serrations and 
wavy character of the tensile curves at low tem- 
peratures, it is difficult to measure the strain hard- 
ening other than by using the ratio of the ultimate 
stress to the yield stress. This ratio shows a decrease 
in strain hardening with decreasing test tempera- 
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tures down to 77°K, Table II. From 77° to 4.2°K 
the ratio increases. 

There is no significant difference in the strain 
hardening characteristics of the are melted iron be- 
fore and after zone refining. The vacuum melted 
iron has lower ratios of ultimate stress to yield 
stress than the same iron does after zone melting. 
However, this is not a reasonable comparison be- 
cause of the differences in grain size. 

The increased values for specimens showing duc- 
tility at 4.2°K are also not comparable to other 
values since the material is probably not actually 
strain hardening but merely using up regions of 
easy twinning first. 

Ductility—Reduction of area and uniform strain 
are used as measures of ductility and are shown in 
Figs. 9 through 12. The uniform strain of the mate- 
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Fig. 6—Arc melted iron after zone purification, polished and etched electrolytically before testing. LEFT TO RIGHT: a) after first 
drop in load; b) after first drop in load, polished and etched electrolytically; c) after second drop in load; and d) after second 
drop in load, polished and etched electrolytically. X225. Reduced approximately 35 pct for reproduction. 
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Fig. 8—End of tensile specimen tested at 4.2°K after pre- 
straining 2 pct at room temperature, showing extent of 
twinning. Fractured end at left. X80. Reduced approxi- 
mately 50 pct for reproduction. 


rial not zone melted is zero at 4.2°K, whereas the 
zone purified material still retains some uniform 
strain at this temperature. The reduction of area of 
iron at low temperatures is probably more strongly 
dependent on grain size than any other property. It 
has been shown that the total strain (In A,/A) of 
iron at liquid air temperatures is extremely depend- 
ent on grain size.” A change of grain size from ASTM 
No. 4 to 7 changes the total strain from 0.2 to 0.9 at 
liquid air temperatures. This effect of grain size is 
independent of the heat treatment provided the 
material is relatively pure. 

The results show that the arc melted zone puri- 
fied material, Fig. 12, undergoes a very gradual de- 
crease in both reduction of area and uniform strain. 
About 6 pct strain and 18 pct reduction of area re- 
main at 4.2°K, as contrasted to the completely 
brittle behavior of the arc melted material which 
was not zone purified. Since the grain sizes were the 
same in both cases, the increase in ductility is due 
to impurity removal. 

The vacuum melted material before zone melting, 
Fig. 9, shows a marked decrease in uniform strain 
with decreasing test temperatures with a complete 
absence of extension at 4.2°K. The reduction of area 
curves do not show a temperature dependence. 
However, it must be kept in mind that the grain 
size of the starting material was much finer than the 
zone melted material. If the starting material had a 
grain size of ASTM No. 5-6, it would probably have 
shown no reduction of area at liquid helium tem- 
perature. The vacuum melted material after zone 
purification, Fig. 10, showed only a gradual decrease 
in uniform strain with a 7 to 10 pct elongation still 
remaining at 4.2°K. The reduction of area curve 
does not show an appreciable temperature depend- 
ence. 

A shadowgraph of a zone purified specimen tested 
at 4.2°K is shown in Fig. 14a. The high reduction of 
area of very fine grained material at low tempera- 
tures may in some cases be a valid measure of duc- 
tility but in others it can be very misleading. For 
instance, the tests at 4.2°K for the vacuum melted 


material before zone melting, Fig. 1, show only an | 


elastic behavior, with fracture taking place before a 
yield, yet this material showed a 75 to 85 pct re- 
duction of area. The tensile behavior was completely 
brittle with fracture occurring catastrophically, yet 
the fracture is fibrous and indicates a high ductility, 
as is shown in Fig. 14b. This type of fracture can 
occur with no observable drop in the load. It has 
been observed previously by one of the authors on 
very fine grained 1020 steel tested in liquid air. In 
those tests, the tensile bars were observed through 
glass windows. They fractured with no drop in load 
indicated on the Baldwin Southwark tester, yet they 
always showed a strongly developed neck. The neck 
must have formed very rapidly, since it could not be 
observed visually up to the instant of fracture. 

The idea of a localized heating could also be util- 
ized to explain this type of behavior. However, this 
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does not seem logical for the same reasons discussed 
previously in connection with the serrated tensile 
curves. This behavior is probably not related to the 
serrations, since they can occur even in specimens 
that show no appreciable reduction of area. The 
ability of a metal to strain uniformly may be 
changed by alloying. Lowering the test temperature 
also decreases the amount of uniform strain. No 
clear quantitative relationship has been established 
between the relative changes between uniform and 
nonuniform strain. The phenomenon observed here 
is probably the end result of a continual decrease in 
nonuniform strain. 

It can be very misleading, then, to speak of duc- 
tility in terms of reduction of area when this type 
of behavior is present. For example, Bechtold” ob- 
serves that the ductility of tantalum, unlike other 
body-centered-cubic metals, is not highly tempera- 
ture dependent. This observation is based on the 
relatively small temperature dependence of the re- 
duction of area. The tensile curves show that the 
ductility as measured by the uniform strain de- 
creases with decreasing test temperatures.” * Basin- 
ski” has reported that ultra-fine grained vacuum 
melted iron has about a 60 pct reduction of area at 
4.2°K. However, this iron also showed a very small 
uniform strain at the same temperature. 

It cannot be concluded that all fine grained mate- 
rial will show a high reduction of area at low tem- 
peratures. There must be other requirements, such as 
low oxygen content, minor amounts of carbon, etc. 
The significant ductility parameter to use as a com- 
parison between body-centered-cubie and face-cen- 
tered-cubic metals is the uniform strain. This meas- 
ures the ability of the material to pass on deformation 
from one localized area to the next. It always de- 
creases with decreasing test temperatures in body- 
centered-cubic materials, and even does so in the 
vacuum melted zone purified iron. The important 
factor to consider is.that it decreases much less 
rapidiy in this iron, and still retains a high percent- 
age of its strain at 4.2°K. This means that minor 
impurities play an extremely important role in the 
ductile behavior of iron. 

Effect of Twinning on Ductility—Interrupted tests 
at 77°K do not show that there are appreciably more 
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twins after fracture than there are after the first few 
percent strain. This is in agreement with the results 
of Geil and Carwile.” However, for interrupted tests 
at liquid helium, this is no longer true. Although no 
attempt has yet been made to determine this quan- 
titatively, visual checks on the surface of electro- 
polished specimens show a progressive increase in 
the number of new twins and the size of the first 
formed twins as deformation progresses. Thus, the 
appreciable elongation of the zone purified iron 
could be the result of twinning. Although most 
metals can deform a maximum amount of a few per- 
cent by twinning, a iron can show a maximum de- 
formation of about 40 pct. This is for single crystals 
most favorably oriented.” In any event, the amount 
of elongation occurring in the iron specimens tested 
at 4.2°K could be attributed entirely to twinning. 
However, the presence of slip lines shows that at 
least some deformation takes place by slip. 

The primary effect of purification on ductility 
most likely results from the lowering of the stress 
necessary for flow. Carbon and nitrogen in iron 
cause nonspherical distortions but, as pointed out by 
Cottrell,” solute atoms would not cause nonspherical 
distortions in a face-centered-cubic lattice. Solute 
atoms would anchor only edge dislocations in face- 
centered-cubic metals, but both screw and edge dis- 
locations would be anchored by interstitial atoms in 
a body-centered-cubic lattice. Recently, Cochardt, 
Schoek, and Wiedersich” have shown that the in- 
teraction between a carbon atom and a screw dis- 
location in a iron has about the same strength as 
that between an edge dislocation and a carbon atom. 
This would lead to the expectation of a stronger 
temperature dependence of flow stress in body- 
centered-cubic metals than in face-centered-cubic 
metals. By lowering the interstitial impurities below 
the amount necessary to saturate all of the disloca- 
tions, the flow stress is lowered. This, in turn, en- 
ables the material to strain a greater amount before 
fracture occurs. 


Fracture—All of the fractures not associated with 
high reductions of area occurred transgranularly on 
cleavage planes. A possible reason for this may be 
that certain large grains are oriented with respect to 
the stress direction so that they crack. This crack 
then propagates through cleavage planes in adjacent 
grains. Several investigations” have shown that 
the ductility in tension for single crystals of iron is 
strongly orientation dependent. 

The idea has recently been revived that twinning 
may be related to brittle fracture by providing 
regions of stress concentrations.” The reason for 
this observation was that twins have not been ob- 
served in tantalum and this is the only body-cen- 
tered-cubic metal that does not undergo a ductile- 
to-brittle transition. That tantalum does exhibit 
such a transition is shown by the marked decrease 
in ductility when the parameter chosen is elonga- 
tion. Blewitt et al.” have interpreted their results as 
showing the presence of mechanical twins in the 
face-centered-cubic metal, copper, when deformed 
at 4.2°K, yet copper does not show a brittle be- 
havior. 

Smith, Spangler, and Brick* have shown that 
twinning does not seem to impair the ductility of 
iron. Specimens tested at 120°K showed appreciable 
twinning, yet had total natural strains of about 1.4 
and uniform strains of 0.18. 

Low and Feustel® have discussed the problem in 
detail and have also concluded that brittle fracture 
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in iron is not due to twinning. They found that for 
iron specimens containing carbon and tested in ten- 
sion at 77°K, twins occurred but did not lead to frac- 
ture. Fracture took place only long after the ap- 
pearance of new twins had stopped. They suggested 
that no new twins form on fracture due to the prior 
plastic deformation. These authors pointed out that 
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it is most likely that the stress for twinning is higher 
than that for flow and that the stress concentration 
required to produce twinning is provided at the ends 
of slip bands temporarily held up at grain bound- 
aries. In this work many cases show that the stress 
for twinning is lower than that for slip, Figs. 2, 4, 
and 7, and that the stress concentration required to 
produce slip is provided in some instances at the ends 
of twin traces. Fig. 6 shows slip bands propagating 
from old twin traces. This doesn’t necessarily indi- 
cate that such stress concentration points initiate 
fracture. The ends of twin traces can act as regions 
of easy slip. 
Summary and Conclusions 

The foregoing results lead to the following ob- 
servations and conclusions: 

1) Lowering the impurity content in iron affects 
the tensile properties as follows: 

A) The higher the purity, the lower the flow 
stresses. This is probably because the interaction 
between interstitials and screw dislocations becomes 
less effective. 

B) The higher the purity, the better the low 
temperature ductility as measured by elongation. 
This is primarily because flow (deformation by both 
slip and twinning) takes place at lower stresses. 

C) A comparison of the temperature dependence 
of ingot iron to that of relatively pure vacuum or are 
melted iron shows that elimination of gross impuri- 
ties decreases the temperature dependence of the 
yield stress. Further purification does not change the 
temperature dependence appreciably. Definite con- 
clusions cannot be drawn concerning this due to the 
interference of twinning at low temperatures. 

2) Since the zone refined iron retained an ap- 
preciable ductility at low temperatures, the follow- 
ing observations can be made: 

A) Twins occur all during the tensile test at 
4.2°K and are not restricted to the immediate vicin- 
ity of the fracture. 

B) Prestraining at room temperature does not 
suppress twinning at 4.2°K. The primary effect of 
prestraining may be to raise the stress necessary for 
twinning. 

C) The sharp serrations in the tensile curves 
may be attributed primarily to twinning. The wavi- 
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Fig. 14—Iron tested at 4.2°K: a) LEFT: zone melted iron 
showing 90 pct reduction of area; and b) RIGHT: nonzone 
melted iron showing cup fracture without elongation. 


ness is most likely due to a mixture of deformation 
by slip and twinning. 
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Aging in Complex Commercial Ni-Cr Alloys 


Hardened with Titanium and Aluminum 


Four commercial Ni-Cr alloys hardened with titanium and aluminum, air melted In- 
conel X 550, Inco 700, and vacuum melted M-252 and Waspaloy, were studied in consider- 
able detail for aging response. Identification of the y’ phase, Ni; (Al, Ti), was made in all 
but M-252. Quantitative determination of the various carbides was also made. Two solu- 
tion treatments and two aging treatments were studied. The effect of such heat treat- 
ments on the rupture life and ductility was determined by means of creep rupture tests at 
1500° and 1600°F. Metallographic studies were utilized to cross-check the findings. 


by Robert F. Wilde and Nicholas J. Grant 


AYLOR and Floyd’s** work in establishing 

phase diagrams based on the elements Ni-Cr- 
Ti-Al has led to an understanding of the precipita- 
tion hardening mechanism in alloys based on these 
elements. Nordheim and Grant* concluded that in 
simple alloys, and where the aluminum to titanium 
atomic ratio was such that less than three out of 
five aluminum atoms were replaced by titanium, the 
precipitate on aging is the face-centered-cubic Ni,Al 
phase, called y’. They further found that increasing 
amounts of hexagonal y phase, Ni,Ti, precipitated 
from these alloys when the titanium content ex- 
ceeded the solid solubility of both matrix and Ni,Al. 
For alloys of Ni-Cr-Ti-Al, in which the titanium and 
aluminum contents each ranged from 0 to 4 wt pct, 
the titanium-rich y was superior for strengthening 
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to either pure y’ or yn. It was also noted that the com- 
bined titanium plus aluminum content (atomic pct) 
was a direct measure of the high temperature 
strength and overaging temperatures for these 
alloys.* 

The present investigation was undertaken to ex- 
tend existing data on precipitation hardening in the 
more complex commercial alloys containing higher 
titanium plus aluminum, and with significant quan- 
tities of cobalt, molybdenum, and carbon. 


Experimental Procedure 

Reforging of As-Received Bar Stock—The alloys 
were received as ground, forged bar stock. Chem- 
ical analyses and the as-received bar diameters are 
shown in Table I along with the ASTM grain size 
after the various treatments. All stock except the 
Waspaloy was reforged to 3% in. diam to gain ma- 
terial and to facilitate machining of stress-rupture 
specimens. Forging was carried out at 2100°F, and 
discontinued when the bar temperature fell to 
1800°F. 

Heat Treatments—For experimental simplicity it 
was desirable to heat treat all of the alloys at the 
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Fig. 1—Log stress-log rupture life plot at 1500°F for Inconel 
X 550 as a function of solution and aging treatments. 


same temperatures. As a result, no attempt was 
made to duplicate commercial heat treatments. In- 
stead, the temperatures used represent the usual 
limits of heat treatment and aging. The heat treat- 
ments were: 

A) Solution at 2200°F, 2 hr, air cooled, plus aging 
at 1600°F, 24 hr. 

B) Solution at 2200°F, 2 hr, air cooled, plus aging 
at 1200°F, 24 hr. 

C) Solution at 1900°F, 6 hr, air cooled, plus aging 
at 1600°F, 24 hr. 

D) Solution at 1900°F, 6 hr, air cooled, plus aging 
at 1200°F, 24 hr. 

Electrolytically extracted residues were obtained 
from bars solution treated at 2000°, air cooled and 
aged at 1500°F, 50 and 250 hr (heat treatments A50 
and A250) or solution treated at 2200°, air cooled 
and aged at 1600°F, 24 hr (heat treatment B). 

Etching Procedure—In the aged condition, the 
complex alloys were electrolytically etched in a 2 
solution treated, it was necessary to immersion etch 
in 97 pct HCl, 2 pct H.SO,, and 1 pet HNO, for from 
30 sec to 2 min. Grain boundaries were satisfactorily 
defined using this etchant, but selective attack 
around carbide particles was sometimes severe. 

Stress Rupture Tests—All tests were carried out 
using gage dimensions of 0.250 in. diam by 1 in. long. 
Specimens were held at temperature for a minimum 
of time and were generally loaded in about % hr 
and always in less than 45 min. 

Electrolytic Extractions—The cell consisted of an 
alloy bar specimen as the anode, and a tantalum 
sheet cathode. An extraction run of 48 hr at 1.5 
amp usually resulted in sufficient residue for all 
tests. Current density was about 1 amp per sq in. 
The residues were separated by centrifuging, and 
screened to —100 mesh. 


Results 

Phase Identification—Electrolytic Extraction and 
X-ray Diffraction: Ni,Al is an intermetallic com- 
pound which is fully ordered up to its decomposition 
temperature with a structure analogous to the Cu,Au 
type. The relative intensities to be expected from 
its X-ray pattern are shown in Table II. 

Note that the relative intensities of the simple 
cubic lattice reflections, (100), (110), (210), etc., 
are very low compared with those of the face- 
centered-cubic lattice (111), (200), (220), etce., re- 
flections. Differentiation of a Ni,Al (y’) pattern from 
a y solid solution pattern can be seen to depend on 
the detection of the lower-intensity lines. Unfor- 
tunately, the observed intensities of the simple cubic 
lattice reflections, using CuKa radiation, were lower 
than those calculated above. Only the first four of 
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these lines appeared, see Table III. Chromium ra- 
diation increased the relative intensities of these 
four lines by a small factor, but they were still be- 
low those calculated. 

Further, the addition of titanium to Ni,Ali de- 
creased the intensities of the simple cubic lattice 
lines until only the (100) and (110) lines appeared 
at the composition Ni, (Al,;, Ti.;), as determined 
from the synthetic standard, see Table III. This 
was to be expected, for the scattering factor of 
titanium is higher than that of aluminum at all 
angles, and the intensities of these lines depend on 
the difference in atomic scattering factor between 
the atoms occupying the two sets of lattice points 
in the Ni,Al1 lattice. 

Extracted residues were consistently high in ti- 
tanium, and the effect in reducing the intensities 
of the simple cubic lattice lines was marked. Only 
the (100) and (110) lines could be identified in 
Inconel X 550 and Inco 700, and none of the other 
alloy residues showed reflections other than the 
(111), (200), etc., face-centered-cubic lines. These 
results, although consistent, make identification of 
Ni,Al from its X-ray pattern difficult in commercial 
alloys. 

Inconel X 550: Inconel X 550 was the simplest of 
the four commercial alloys from a chemical stand- 
point. As judged from its composition, Table I, 
Ni, (Al,.;, Tio.;) was expected to be the composition 
of the aging precipitate. Titanium carbide, nitride, 
or carbonitride was expected, and although colum- 
bium carbide might have appeared, due to the pres- 
ence of almost 1 pet Cb, none was identified. 

Extractions were made in 20 pct H,PO,, after ag- 
ing 50 and 250 hr at 1500°, or 24 hr at 1600°F. The 
only phase found by X-ray diffraction of the resi- 
dues was Ni, (Al, Ti). Table III shows a typical 
pattern, using copper radiation. No additional 
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lower angle lines could be discerned when chromium 
radiation was used. 

Inco 700: X-ray analyses of Inco 700 residues 
were made on both HCl and H,PO, extractions, the 
H,PO, extractions resulting in a y pattern and HCl 
extractions producing only the y pattern. The Ni, 
(Al, Ti) (100) and (110) reflections appeared in 
the H,PO, extraction of a specimen aged at 1500°F 
for 50 hr when chromium radiation was used (lower 
background intensity) but not with copper radiation. 

No unidentified lines appeared in the patterns 
from this alloy. Phases identified were Ni, CALain). 
matrix, and TiC. No M.C lines appeared in the res- 
idues, but this phase was prominent in microscopic 
observations, comprising about 70 pct of the car- 
bides, with Ti (C, N) accounting for the remainder. 
Since chemical analysis of a residue reported mo- 
lybdenum at 2.1 pct, the pattern from M,C should 
have appeared. 

Waspaloy: Electrolytically extracted residues (in 
H,PO,) were found to contain Ni, (Al, Ti), M,C, and 
TiC when analyzed by X-ray diffraction, whereas 
extraction with HCl showed only matrix lines and 


Table |. Alloy Analyses and Data 


Composition, Wt Pct 


Inconel Inco Waspa- 
Element X 550* 700+ M-2528 
Ni 72.39 44.99 55:5 54.8 
15.15 15.05 19.7 19.7 
Co — 30.73 14.1 9.6 
Mo —- 3.22 4.2 9.9 
Ti 2.50 2.19 3.25 2.52 
Al 3.02 1.39 1.04 
Fe 0.68 0.38 0.75 0.84 
Mn 0.70 0.05 0.30 1.0 
0.007 0.007 0.006 0.004 
Si 0.33 0.19 0.49 0.53 
Cc 0.04 0.13 0.09 0.12 
N 0.015 
Cu 0.04 0.02 0.1 # 
Cb + Ta 0.97 
Mg # 0.01 # 
Grain size, ASTM 7 fs 6 to7 6 to7 6 to 7, 
as-received some 4 to 5 
Reforge + 1900°F 5 to 6, 5 to6 5 to6 5 to6 
solution some 2 
Reforge + 2200°F 1 1to3 2to5 2 to 6, 
solution some 1 


* Received as % in. forged bar stock, air melted at Huntington, 

W. Va. , 

+ Received as % in. forged bar stock, air melted at Huntington, 
Va 


+ Received as % in. forged bar stock, induction vacuum melted at 
Utica Drop Forge. 

§ Received as Ys in. forged bar stock, induction vacuum melted at 
Utica Drop Forge. 

# Not analyzed. 


carbides. Further, the M,C and TiC patterns were 
more complete in the H,PO, extraction. 

A consistently better extraction of the aging phase 
and carbide has been possible with H,PO,, especially 
when the acid concentration is kept low. The lowest 
acid concentration able to dissolve away the matrix 
at a reasonable rate is apparently to be preferred. 

M-252: No Ni, (Al, Ti) pattern appeared from the 
residues of M-252. This is the only alloy in which 
y could not be found by the methods used in this 
work. Good identification of two carbides, M,C and 
TiC, was possible, and the other microconstituents 
found by Beattie and VerSnyder,”* M.,C, and o, 
should not have appeared under the conditions of 
these tests and at the molybdenum content (10 pct) 
of this heat. In no case were either of the latter 
phases found. 

Fluorescent Analysis and Chemical Analysis: Ta- 
bles IV and V summarize the results of fluorescent 
and chemical analyses for all the alloys. Good agree- 
ment between these two methods of analysis is seen. 
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The difference between M-252 residues and the 
others is immediately evident. In M-252 the resi- 
dues were predominantly matrix phase enriched 
with titanium carbide. It is unlikely that Ni, (Al, 
Ti) was contained in any but small quantities in 
M-252 residues, although failure to extract it does 
not positively mean that it was not present in the 
alloy. 

Parameter Measurements: Inconel X 550 meas- 
urements were made on the high angle (420) lines 
from solid specimens, powdered alloy, and extracted 
residues, and results for this alloy and the others 
are given in Table VI. The parameter for the 7 
phase in Inconel X 550 was 3.589A, which is 0.017A 
or 0.5 pct larger than the matrix. This misfit dif- 
ference can be accounted for only by considering the 
effect of the larger titanium atoms in the inter- 
metallic structure. The matrix parameter of 3.572A 
was measured after solution treating at 2200°F, ob- 
taining filings, and vacuum annealing the filings at 
1900°F for 10 min. 

With Inco 700, as with Inconel X 550, the lattice 
parameter measurements confirm the presence of 
Ni, (Al, Ti) at aging times from 50 to 250 hr. The 
misfit between y’ and y is +0.3 pct, in good agree- 
ment with presently accepted theories of precipita- 
tion-hardening. A matrix parameter measurement 
of between 3.571 and 3.572A was obtained from the 
annealed filings. The best measurement of the y’ 
phase was 3.583A. 

Waspaloy lattice parameter measurements con- 
sistently followed the above pattern. A matrix lat- 
tice constant of between 3.578 and 3.579A was ob- 
tained both from filings and from an HCl electro- 
lytic extraction residue. For y’ the parameter was 
3.589A, a misfit of +0.28 pct. 

M-252, due to its high molybdenum content, has 
a larger lattice than the other alloys. This may be 
important in considering its electrolysis extraction 
residues. On measuring the lattice parameters of 
M-252 specimens, there was no difference between 
extracted residues and the solid alloy matrix, sug- 
gesting that they were one and the same. 

Stress Rupture Properties—In an effort to deter- 
mine how large the differences in high temperature 
strength and ductility are among these alloys, par- 
ticularly in view of the differences in aging response 
between M-252 and the other three alloys, creep 
rupture tests were run at 1500° and 1600°F for the 


Table Il. Calculated Intensities for NisAl Lines 


hkl FF* my I hkl FF* my I 

100 169 6 1020 220 1450 12 17400 
110 165 12 1650 300 41 6 250 
111 2075 8 16500 310 38 24 910 
200 2000 6 12000 311 1100 24 26000 
210 53 24 1260 222 980 8 7800 


* Structure factor. 
+ Multiplicity. 


several combinations of solution treatment and ag- 
ing treatment. 

Inconel X 550: Fig. 1 shows the results of stress 
rupture testing at 1500°F. The strength values re- 
sulting from a 2200° solution treatment were higher 
than those from the 1900°F treatment, as can be 
seen in Table VII, which summarizes the values of 
stress to produce rupture in specified time periods. 

Ductility was significantly affected by the choice 
of the solution treatment temperature and aging 
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al 


Fig. 5—Micrographs of Inconel 
X 550 after 2200°F solution 
treatment plus a) LEFT: 
1200°F aging, and b) RIGHT: 
1600°F aging. HCI + Cr,O, 
electrolytic etch. X1000. Re- 
duced approximately 20 pct 
for reproduction. 


Fig. 6—Micrographs of Inco 
700. a) LEFT: After 2200°F 
solution treatment. Pratt and 
Whitney etch. b) RIGHT: After 
1900° solution treatment plus 
1600°F aging. HCl + Cr,O, 
electrolytic etch. X1000. Re- 
duced approximately 20 pct 
for reproduction. 


Fig. 7—Micrographs of Waspa- 
loy. a) LEFT: After 1900° solu- 
tion treatment plus 1600°F 
aging. b) RIGHT: After 2200° 
solution treatment plus 1600°F 
aging. HCI + electro- 
lytic etch. X1000. Reduced ap- 
proximately 20 pct for repro- 
duction. 


Fig. 8—Micrographs of M-252. 
a) LEFT: After 2200° solution 
treatment plus 1600°F aging. 
HCI + Cr,O, electrolytic etch. 
X100. b) RIGHT: After 1900° 
solution treatment plus 1200°F 
aging. Pratt and Whitney etch. 
X1000. Reduced approximately 
20 pct for reproduction. 
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Table III. Comparison of Niz;Al and Nis (Al, Ti) Patterns 


NisAl, Nis(Al i 
3(Alo.5, Tio.s), Nis(Ai, Ti), Ni3(Al 
tandard Standard Inconel X 550 400 
d, Observed 
ve Msg d, Observed I* d, Observed I* d, Observed I* 
100 
110 gue Ww 3.600 WwW 3.600 Vw 3.608 Vw 
Ww 2.543 Ww 2.547 vw 2.542 vw 
200 s 2.074 vs 2.073 VS 
210 gee s 1.793 1.791 s 
1.26 va VIS MIS 
300 ee ie 1.261 M 1.267 MS 1.265 MS 
311 1.078 M 08 oa = = — = 
229 105 1.083 Ss 1.081 MS 1.079 MS 
1 MW 1.035 WwW 1.033 Ww 
331 0.819 MS 0.823 M 0.823 M 0.822 M 
420 MW 0.895 0.896 WwW 
observed 3.561 M 0.803 M 0.801 M 
* W stands for weak; M, medium; S, strong; and V, very. 
Table IV. Chemical Analyses of Extracted Residues in Wt Pct 
Heat Mesh 
Alloy Treatment* Size Electrolyte Ni Cr Ti Al Cc Mo Co 
M-252 B —100 HsPO4 57.6 12.9 7.61 2:31 0.66 _ oa 
a 4 54.3 12.0 7.64 3.17 0.49 7.5 6 
A50 —100 HsPO4 69.0 2.56 12.5 5.08 0.45 
X 550 A50 —100 HsPO4 62.8 2.68 9.3 4.80 0.38 
nco 700 A50 —100 HsPO4 52.3 3.18 6.5 7.05 0.35 2.1 26.3 


* A50: solution treated 2000°F, air cooled, aged 1500°F, 50 hr; A250: solution treated 2000°F, 


B: solution treated 2200°F, air cooled, aged 1600°F, 24 hr. 


air cooled, aged 1500°F, 250 hr; and 


Table V. Fluorescent Analyses of Extracted Residues in Wt Pct 


Heat Mesh 
Alloy Treatment* Size Electrolyte Ni Cr Ti Cb Ta Mo Co Fe 
M-252 A50 —100 HsPO,4 high 6 — low low trace 
Waspaloy B —100 HCl low 30 18 — — low low trace 
A50 —100 high low low low trace 
Inconel X 550 A50 —100 HsPO4 high 3 1225, low trace trace — medium 
Inco 700 A50 —100 HsPO4 high 3 9 — _- trace medium trace 


* A50: solution treated 2000°F, air cooled, aged 1500°F, 50 hr; and B: solution treated 2200°F, air cooled, aged 1600°F, 24 hr. 


temperature, but the greater effect was due to the 
decreased aging temperature, see Table VII. In ad- 
dition, test point scatter decreased as either the 
solution or aging temperature increased. 

The severe embrittlement after 1200°F aging is 
closely associated with the observed high hardness 
values for this temperature.* This high hardness 
probably results in a structure which is severely 
notch-sensitive as evidenced by failure in the 
threaded portion of the test specimens. Thus, the 
first intercrystalline crack leads to early failure, 
which does not occur in the 1600°F aged structures. 

Inco 700: From a strength point of view, Inco 700 
responds to changes in both solution and aging tem- 
perature, the response being somewhat greater in 
1600° than in 1500°F tests, see Fig. 2 and Table VII. 
Of greater importance, however, is the considerably 
smaller change in ductility at 1500°F due to a de- 
crease in solution and aging temperatures, as com- 
pared to the behavior of the lower alloyed Inconel X 
550. Tests at 1600° showed significantly higher duc- 
tilities than at 1500°F, in common with M-252 and 
Waspaloy. 

However, Inco 700 has lower ductility at 1500°F 
than either Waspaloy or M-252. Since both the 
Waspaloy and M-252 alloys were vacuum melted, 
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and the Inco alloy was air melted, the lower duc- 
tility of Inco 700 is not surprising. 

Waspaloy: Stress rupture data on Waspaloy pro- 
vided an excellent contrast with Inco 700. A com- 
plete series of heat treatments was tested at 1500°F, 
see Fig. 3 and Table VII. Almost all of the 1500°F 
test points could be fitted by a single curve with little 
scatter regardless of heat treatment. Thus, Waspa- 
loy of the composition tested does not show sensitive 
response to the types of heat treatments used for the 
1500°F tests. 

The ductility behavior is different from that ob- 
served for either Inconel X 550 or Inco 700 in that 
the lower solution treatment resulted in somewhat 
higher ductility values at both 1500° and 1600°F. 
However, the higher aging temperature resulted in 
somewhat better ductility than the 1200°F aging, 
in line with normal behavior. 

Stress rupture tests at 1600° did not indicate much 
difference in response to heat treatment than at 
1500°F. Test point scatter was the same for both 
heat treatment combinations tested, but the 2200° 
plus 1600°F heat treatment was somewhat stronger, 
see Fig. 3. 

M-252: As with Inco 700 and Waspaloy, testing 
at 1600° resulted in a more pronounced difference 
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in stress rupture strength with heat treatment than 
at 1500°F. In M-252, as in Waspaloy, there was al- 
most no difference between the two heat treatments 
tested at 1500°F. The upper pair of curves shown in 
Fig. 4 are drawn separated for convenience only. 
At 1600°F the combination of a higher solution plus 
aging temperature resulted in a slightly stronger 
alloy. 

The ductility of M-252, as shown by percentage of 
elongation and reduction in area, Table VII, is the 
highest of the four alloys. Localized necking and a 
tendency toward transcrystalline fracture appeared 
at 1500°F, especially at higher stresses. However, 
in no case did miscroscopic examination of a frac- 
tured section show transcrystalline fracture. 

Metallography—Inconel X 550: In the as-received 
condition, the matrix was uniformly fine-grained, 


Table VI. Lattice Parameter Measurements* 


Heat 
7’ Misfit, Matrix, Residue, Treat- Electro- 
Alloy Pet A A ment lyte 
M-252 None 3.594 3.595 B HCl 
3.594 B H3PO4 
3.593 A250 H3PO4 
Waspaloy +0.28 3.579 3.5787 B HCl 
3.589 B HsPO4 
3.587 A50 HsPO.4 
3.589 A250 H3P04 
Inconel X 550 +0.5 3.572 3.588 B HsPO4 
3.590 A50 HsgPO4 
3.590 A250 HsPO4 
Inco 700 +0.3 3.572 3.581 B HaPO4 
3.583 A50 HsPO4 
3.583 A250 HsPO4 


* For NisAl, the literature showed 3.557 and 3.560A; the present 
work showed a standard of 3.561A. For Nis(Al, Ti), the literature 
showed 3.584A, and the present work showed a standard of 3.586A. 

+ Undoubtedly matrix. 

t A50: solution treated 2000°F, air cooled, aged 1500°F, 50 hr; 
A250: solution treated 2000°F, air cooled, aged 1500°F, 250 hr; and 
B: solution treated 2200°F, air cooled, aged 1600°F, 24 hr. 


with a globular, fine grain boundary precipitate and 
a few irregular, fairly large carbides. After reforg- 
ing and solution treating, heavy grain growth oc- 
curred at 2200° and a duplex grain size resulted 
from the 1900°F solution treatment. 

The photomicrographs at X1000, Figs. 5 to 7, 
were made with oblique illumination and show a 
roughened matrix for all heat treated conditions 
used. If precipitate particles alone are directly re- 
sponsible for this roughness, then air-cooling did 
not result in retention of the aluminum and titanium 
in solution. On the other hand, the roughness may 
be partially due to an etching effect. A comparison 
with existing electronmicrographs does not substan- 


870—-JOURNAL OF METALS, JULY 1957 


Fig. 9—Micrographs of car- 
bides in M-252. a) LEFT: After 
2200°F solution treatment. b) 
RIGHT: After 2200° solution 
treatment plus 1600°F aging. 
Unetched. X1500. Reduced ap- 
proximately 20 pct for repro- 
duction. 


tiate the hypothesis that the roughening noted in 
Figs. 5 to 7 is directly due to precipitate particles. 
Rather, the volume occupied by a precipitate such 
as Ni, (Al, Ti) could not account for the apparent 
volume in either electronmicrographs or light mi- 
crographs by a significant fraction, even if the entire 
theoretical amount of Ni, (Al, Ti) were to form. 

Aging at 1200° following the 2200° or 1900°F 
solution treatment resulted in continuous networks 
of depleted matrix at the grain boundaries. Fig. 
5a illustrates this type of network, which greatly 
decreased the alloy’s ductility in stress rupture. 

Stain etching was resorted to in an attempt to 
identify carbides optically. A successful stain 
etchant used before in this laboratory was a mixture 
of NH.OH and H.O.. Specimens immersed in this 
etchant for approximately 1 hr developed a strong 
blue stain on M,C, and the other carbides were not 
affected. This procedure was used on specimens of 
all four alloys. Table VIII lists the results. As was 
expected, none of the carbides in Inconel X 550 were 
stained, since there is no molybdenum or tungsten 
in this alloy. 

Inco 700: The as-received Inco 700 stock had a 
uniformly fine-grained matrix, a fine grain bound- 
ary precipitate, and fairly abundant carbides of 
regular polyhedral shapes. After reforging, the 
grain size was not as uniform, and the carbides were 
more globular. Further, the effect of heat treat- 
ment on the reforged bars was significant. Grain 
growth occurred at 2200°, but the 1900°F solution 
treatment resulted in fine, equiaxed grains very 
similar to the as-received condition. 

Carbides were fairly abundant for the 1900°F 
treatment, being small and uniformly scattered 
through the matrix, visible at X1000, see Fig. 6. A 
partial resolution of the fine carbides occurred when 
solution treated at 2200°F, and only larger carbide 
particles could be seen. This partial resolution effect 
was observed in M-252 and the other alloys. 

Aging at 1200° resulted in a fine grain boundary 
precipitate after solution treatment at 2200°F, but 
no change seems to have taken place at the grain 
boundaries after solution treatment at 1900°F and 
aging. 

Aging at 1600°F after either solution temperature 
caused a fine, globular grain boundary precipitate 
to form, and the matrix to be more readily attacked, 
resulting in roughness very apparent at X1500. No 
matrix precipitate could be seen at this magnifica- 
tion, however. 

Microscopic examination of a stain-etched speci- 
men which had been solution treated at 1900° and 
aged at 1600°F showed that approximately 70 pct 
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Table VII. Stress for Selected Rupture Times and Ductility Values at 1500° and 1600°F 


Heat Treatment, °F 


Stress for Rupture in N Hr, Psi 


Approximate 100-Hr 
Rupture Life Ductility 


Alloy Solution 


Reduction in Elongation, 


Aging 1 10 100 1000 Area, Pct Pet 

At 1500°F 
Inconel X 550 2200 1600 52,000 43,000 31,000 20,000 9 3 
2200 1200 51,000 43,000 31,500 19,000 3 1 
1900 1600 45,000 38,000 24,000 15,000 8 2 
1900 1200 45,000 Very brittle 
fo} e200 1600 80,000 58,000 42,500 31,500 8 5 
Waspalo 900 1200 64,000 46,000 34,000 25,000 6 4 
y 2200 1600 71,000 53,000 40,000 29,000 12 5 
2200 1200 70,000 51,000 , 38,000 27,500 9 3 
1900 1600 65,000 49,000 37,000 27,500 22 8 
ee 1900 1200 77,000 54,000 39,000 27,500 22 6 
2200 1600 78,000 53,000 36,500 25,000 30 10 
1900 1200 75,000 he ee 35,000 24,000 30 14 

OF 
Inco 700 2200 1600 54,000 39,000 27,000 19,000 15 9 
ea 1900 1200 42,000 28,000 18,000 12,000 21 14 
paloy 2200 1600 49,000 36,000 26,000 19,500 18 12 
oes 1900 1200 50,000 35,000 24,000 17,000 24 13 
2200 1600 50,000 35,000 24,000 16,500 25 rT 
1900 1200 41,000 30,000 21,500 15,000 24 11 


of the larger carbides were M,C, and 30 pct were Ti 
(C, N). It is evident that electrolytic extraction 
procedures on this alloy dissolved much of the M,C 
present, since not enough remained in the residues 
to appear in X-ray diffraction patterns. 

Waspaloy: When received, the Waspaloy bar stock 
was already forged to size. It had a uniform, fine 
grained microstructure with medium-sized carbide 
particles and some clusters of very fine carbides. 

When solution treated at either temperature the 
matrix recrystallized, but grain growth was not ex- 
cessive. The carbide particles were fine and well 
dispersed, and there was no longer any clustering, 
see Fig. 7. 

The grain boundaries of the solution treated speci- 
mens were clear and sharp at X1500, and aging at 
1200° after a 2200°F solution treatment did not re- 
sult in evident precipitation in the grains. The 2200° 
solution plus 1600°F aging treatment, however, pre- 
cipitated an almost continuous carbide network at 
grain boundaries and on twinning planes. There 
was a smaller amount of discontinuous carbide pre- 
cipitate at the grain boundaries after a 1900° solu- 
tion plus 1200°F aging treatment. 

When stain etched for carbide identification, three 
types of carbides could be distinguished. A gray, 
globular carbide was identified as TiC, comprising 
about 20 pct of the carbide phase. M,C, stained deep 
blue, was almost 60 pct, and a small amount of 
angular pink Ti (C, N) was the remainder. These 
identifications were made on a specimen after a 
2200° plus 1600°F heat treatment. 

M-252: When the as-received M-252 bar stock 
was examined, it showed the characteristic micro- 
structure of this alloy. The carbides were segregat- 
ed as bands and clusters, and the irregularity of 
carbide distribution was severe over the cross sec- 
tional area of a % in. diam bar. The matrix grain 
size was duplex, medium and fine, with no grain 
boundary precipitate visible at X1500. Reforging 
this stoek did not significantly alter its microstruc- 
ture. 

After solution treatment and aging, there was a 
grain boundary precipitate of what appears to be 
very fine carbides. Comparison of the 2200° solution 
treated and the 2200° solution treated plus 1600°F 
aged structures showed this precipitate to occur 
only on aging. Grain growth at 2200°F was severe, 
although it appeared to be inhibited by the clusters 
of carbides. Again, no matrix precipitate could be 
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seen in the aged alloy, and the roughening of the 
matrix could not be resolved with a light micro- 
scope, see Fig. 8. 

Carbides identified by stain etching were TiC and 
M,C, each composing about one half of the total car- 
bide, see Table VIII. Fig. 9 is a micrograph of the 
two forms of carbide precipitate at the grain bound- 
aries resulting from solution treating at 2200° and 
aging at 1600°F. 


Discussion and Summary 


There is ample evidence that Ni, (Al, Ti) or 7’ is 
the aging precipitate in Inconel X 550, Inco 700, and 
Waspaloy, as it was also shown to be in the more 
simple Ni-Cr-Ti-Al alloys* free of molybdenum, 
columbium, and cobalt, and essentially free of car- 
bon, after aging from about 1200° to 1600°F for 
approximately 24 to 250 hr. The evidence for y’ in 
M-252 is negative, utilizing all the same tools and 
procedures which detected it in the other alloys. 

M-252 is different from the other alloys in that 
it has a matrix parameter larger than that of y’, the 
larger size being associated with the high (almost 
10 pet) molybdenum content of M-252. 

Based on parameter measurements of the matrix 
and the Ni, (Al, Ti) precipitates extracted from 
aged alloys, there is no reason to expect significant 
differences during aging in Inconel X 550, Inco 700, 
and Waspaloy. It is likely that coherency strains 
may be significant at lower temperatures and for 
short aging periods, but growth of the precipitate is 
fairly rapid. 

From the various measurements which have been 
made, it appears that air cooling of sections less than 
about % in. in diam fails to maintain all the alumi- 
num and titanium in solution except possibly in In- 
conel X 550 cooled from about 1900° but not from 
2200°F. It is likely that more severe quenches also 
fail to keep these elements in solution in Waspaloy 
and Inco 700. 

The severe hardening and embrittlement of In- 
conel X 550 after the 1900° solution plus 1200°F 
aging and the relatively small aging response in 
Inco 700 and Waspaloy support these observations. 
The more highly alloyed Inco 700 and Waspaloy, 
which undergo some precipitation of y’ on cooling 
from the solution temperature, probably avoid em- 
brittlement because they are somewhat overaged 
prior to the actual aging treatment. Similar over- 
aging of Inconel X 550 by either the 2200° (vs 
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1900°F) treatment (which results in slower cooling 
through the aging range), or by deliberate overaging 
at 1600°, also avoids this embrittlement without loss 
of strength at 1500°F and with significant improve- 
ment in ductility. 

M-252, on the other hand, did not show any evi- 
dence of y’ precipitation, although absolute proof of 


Table VIII. Relative Volume Percentage of Carbides, Stain Etched 
for Identification 


Inconel 
M-252 Waspaloy X 550 Inco 760 
pet (gray) 50 30 80 
(pink) 10 20 30 
M¢C, pet (blue) 50 60 — 70 
TiN, pct (gold) — — trace trace 


its absence cannot be claimed. In spite of this, the 
1500°F creep-rupture properties of M-252 are bet- 
ter than those of Inconel X 550 and are similar to 
those of Waspaloy for the same heat treatments, 
both alloys showing a relatively poor response to 
solution and aging for test purposes at 1500° and 
1600°F. 

Definite evidence of carbide precipitation was 
noted instead in M-252, and this may be adequate 
to account for the rupture properties in an other- 
wise solid solution strengthened alloy. In fact, it is 
wondered whether M-252, Waspaloy, and Inco 700 
do not all benefit to an important extent from the 
carbide precipitation reaction, each of these com- 
positions having appreciable carbon. Inconel X 550, 
on the other hand, has the lowest carbon content 


and is free of the M,C carbide. It is obvious that the 
results presented point to the desirability of a sep- 
arate study of the role of carbon in M-252, Inco 700, 
and Waspaloy. These results do not minimize the 
importance of the y’ precipitation, but they do indi- 
cate that carbide strengthening has a greater im- 
portance than has hitherto been anticipated. 

Unfortunately, the electrolytic extraction tech- 
nique is fairly imperfect, both in regard to the 7 
phase in certain reagents and to the inability to re- 
tain all the M,C in Inco 700 in other reagents. Where 
Ni, (Al, Ti) has been extracted, the check between 
several methods of identification has been very 
valuable. 
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Technical Note 


X-Ray Diffraction Study of the 
Re-Cr, Ru-Cr, 


by R. M. Waterstrat 


i view of the recent findings of a pronounced 
ordering of atoms in o phase alloys containing 
elements of the first long row of the periodic table 
(and including molybdenum),* it is of interest to 
resolve the question of ordering for o phases con- 
taining second and third-row elements. Examples of 
the latter have been provided recently by Green- 
field and Beck’ and two of them, Re-Cr and Ru-Cr, 
would appear to be favorable for a study of order- 
ing by X-ray diffraction methods because of the 
considerable differences in the scattering factors 
concerned. In addition, o phase is found to occur in 
the Os-Cr system, where the difference in scattering 
factors is even larger. Accordingly, X-ray powder 
intensities have been measured in an attempt to 
learn the nature of the ordering, if any, in these 
three o alloys. Since there is no reported work on 
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Sigma Phase in the Systems 


and Os-Cr 


and J. S. Kasper 


intermediate phases in the Os-Cr system, an ex- 
ploratory investigation was made in this system, and 
it was found that, in addition to the o phase, the 
phase with the A-15 or 6-W structure also occurs. 


Specimen Preparation—The alloys were prepared 
by compressing mixed powders of —200 mesh size 
and sintering in an atmosphere of pure dry hydro- 
gen. All alloys were rapidly cooled from the anneal- 
ing temperature to room temperature in a stream of 
cold dry hydrogen in a water-cooled chamber. Table 
I lists the sources and purities of the starting mate- 
rials, as well as the details of processing for each of 
the alloys investigated. 


Intermediate Phases in the Os-Cr System—In the 
absence of information on intermediate phases in 
the Os-Cr system, it was suspected that this sys- 
tem would resemble that of Ru-Cr, where a o 
phase, RuCr.,° and a phase with the A-15 structure, 
RuCr;,,” “ have been identified. Both these phases 
were found in the Os-Cr system and at compositions 
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Table |. Materials Used and Method of Preparation 


Composition 
aa Temperature Intended Chemical Reported by 
é at Phases and Time of Composition, Analysis, Greenfield 
ystem Present Sintering Atomic Pct Atomic Pct and Beck?2 Materials Used Source Purity, Pct 
ReCr 3 hr 37 pet Cr 37.5 pet Cr 36.8 pct Cr Chromium metal powder Electro Metallurgical Co., 99.9 
Soe hanes , 24 hr Niagara Falls, N. Y. 
66 pet Cr 63.5 pet Cr 66 pct Cr Ruthenium metal powder Baker and Co. Inc., 99.9 
Newark, N. J. 
OsCr o ie Ye hr 63 pet Cr 65.6 pct Cr Rhenium metal powder Johnson-Matthey No. 830, 99.99 
hers A 200°C, 3 hr Jarrell-Ash Co., 
sCr ee 1200°C, 3hr 74 pet Cr Not analyzed Boston 
: Osmium metal powder Charles Hardy Inc. 99.5 
OsCr o+ 1600°C; 1 hr 69 pet Cr Not analyze ‘ 
A-15  1200°C, 3 hr 


* This alloy was found to have melted during the course of its preparation. 


Table Il. Os-Cr Alloy, CrsOs + Cr, A-15 Type Structure, Ordered; 


a = 4.677A 
Observed, 
hkl d (A) Topservea Tealculated 
110 3.345 M* 15 
200 2.358 MS 9 
2.101 MS 5 
Cr (110) 2.068 M 
1.918 s 19 
220 1.658 WwW 2 
1.483 M 4 
Cr (200) 1.463 WwW 
0 
320 1.298 MS 2 
321 1.250 VS 31 
400 1.191 M 16 
Cr (211) 1.172 s 
*M means medium; S, strong; W, weak, and V, very. 
Table II1. Comparison of Intensities 
Observed Intensities 
OsCr, OsCr, RuCr, ReCr, 
Observed Calculated dao = 9.107A, do = 9.068A, do = 9.290A, 
hkl d Values Intensities co = 4.696A co = 4.704A Co = 4,831A 
110 0 — = 
101 
} 4.126 2 3 2 
220 0 — 
221° 0 — 
301 
311 2.472 4 8 4 8 
002 2.358 13 15 9 12 
400 0 — = == 
321 0 — 
aio 53 45 52 a7 
330 2.151 22 Ys) 26* 20 
202 ; 2.092 ou 15 13 20 
425 f 2-087 39 30 26 35 
411 2.002 60 67 70 62 
331 1.954 30 37 35 35 
222 1.899 uf 8 9 8 


* Contains Ru (002). 


that were approximately those in the Ru-Cr system. 
(Their X-ray diffraction patterns are given in 
Tables II and III.) The composition of the pure o 
phase specimen corresponds quite well to the form- 
ula OsCr.. The alloy with the A-15 structure con- 
tained some chromium and was not analyzed. It was 
presumed that its formula was OsCr,, since the A-15 
phases generally occur at the stoichiometric compo- 
sition, A,B. The intensity agreement for this phase, 
assumed to be OsCr, and ordered, is not very good 
even allowing for absorption effects. Further work 
would be necessary to ascertain the exact composi- 
tion and degree of ordering, but there is no doubt 
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that there is an A-15 phase of approximate formula 
OsCr,;. This phase is apparently stable at 1200°C, 
while RuCr, occurs only below 900°C.* * 

It is noteworthy that the o phases of the two 
neighboring elements, osmium and rhenium, differ 
so markedly in their chromium contents, the re- 
spective formulas being OsCr, and Re.Cr. 

X-Ray Intensities of the co Phases—Portions of the 
X-ray patterns for the three o phases, RuCr., OsCr,, 
and Re.Cr, are given in Table III, including the in- 
terplanar spacings of OsCr.. The patterns were 
obtained from powdered specimens in a cylindrical 
camera of 5 cm radius. Intensities were estimated 
by visual comparison with a standard intensity 
scale on film. No absorption corrections were ap- 
plied. The calculated intensities of Table III were 
made with the atomic parameters of o Co-Cr as 
given in ref. 1. 

The salient feature of the intensity information is 
that in all three cases there is little deviation of 
observed intensities from those to be expected for 
a random distribution of the component atoms. 
While the intensity comparisons in Table III may 
not be extremely good, the main point is that there 
is no positive indication of highly-ordered atomic 
distributions. Various ordered models were con- 
sidered and found to give significantly larger in- 
tensity disagreements than the disordered model, 
particularly in calling for measurable intensities 
where none could be detected. The data are not 
accurate enough to decide whether there may be 
slight preferences of the respective atoms for dif- 
ferent atomic sites, but they suffice to demonstrate 
that in these three cases a parallel to the ordering 
effects found in o phases containing only first-row 
elements does not exist. Thus, since ruthenium andos- 
mium occur in the same group as iron, they might 
be expected to occupy preferentially the sites of 
lowest coordination (coordination number 12) as 
does iron in o FeCr, especially since the composi- 
tions of RuCr, and OsCr, are compatible with such 
a distribution. This kind of ordering would not pro- 
duce a satisfactory intensity agreement. 

It would seem necessary to do single crystal 
studies to ascertain fully the nature and degree of 
ordering in these three o phases. 
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Diffusion in Gold and Au-Ag Alloys 


The self-diffusion coefficients of gold in pure gold and alloys of gold and silver have 
been measured over a range of temperatures. Chemical interdiffusion coefficients have 
been measured on pure metal and incremental couples, but are of lower accuracy because 
of the development of porosity. The results are compared with earlier work and internally 


on the basis of Darken’s equations. 


by H. W. Mead and C. E. Birchenall 


ELF-DIFFUSION in pure gold has been studied 

by Sagrubsky,- McKay, Gatos and coworkers,” * 
and Okkerse.” Sagrubsky used a sectioning tech- 
nique but reported results far lower than any of the 
others. The work seems to be carefully done, and it 
appears that a factor of 60 must have been omitted 
in his calculations or the units misstated by an 
equivalent amount. McKay used a surface activity 
method, and Gatos and Kurtz, following Gatos and 
Azzam, applied autoradiography to the measure- 
ment of activity on an oblique section through the 
diffusion zone. These two investigations agree well 
with each other but give results below those re- 
ported here. Okkerse employed a very careful sec- 
tioning technique. 

Chemical interdiffusion in Au-Ag alloys has been 
measured under several concentration conditions. 
Average values of the diffusion coefficient for the 
range of 0 to 18 atomic pct Au were obtained by 
Braune.° Since the diffusion coefficient probably 
varies markedly over this range, the values may not 
be too useful. Also, a plot of these data suggests that 
grain boundary contributions may have been ap- 
preciable at the lowest temperature employed. Ebert 
and Trommsdorf' give average values for 0 to 9 
atomic pet Ag, and Johnson®* reports average values 
for 45 to 55 atomic pct Au. Johnson also measured 
silver and gold self-diffusion coefficients in 49.2 
atomic pct Au alloys, and self-diffusion in pure sil- 
ver.” The self-diffusion of gold in pure silver has 
been determined by Jaumot and Sawatsky.” Other 
measurements which do not cover a range of tem- 
perature or are of low precision are not mentioned 
in this account since a review by Kubaschewski is 
available.” 

This contribution reports diffusion coefficients for 
self-diffusion in gold, self-diffusion of gold in 
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Au-Ag alloys, and chemical diffusion in Au-Ag 
alloys. Although it had been intended to obtain 
silver self-diffusion data in the alloys it now appears 
unlikely that these measurements can be done 
soon, so a table has been worked out for a self- 
consistent scheme of diffusion coefficients which 
should not be too far from the true values. 


Experimental Details 

Experiments on pure metals were conducted using 
fine gold of 99.99+ pct Au and silver of the same 
purity. Alloys were prepared by melting the two 
metals together in a graphite crucible in vacuo and 
allowing the slug to solidify in the crucible. After 
machining to a cylinder about 0.85 in. diam each 
slug formed one half of a diffusion couple. Composi- 
tions were determined later by analyzing chips 
taken from the extremities of the diffusion zones. 
The gold used in the preparation of alloys was 
sometimes pure gold but was normally either in 
the form of clean pickled alloy from previous ex- 
periments or gold recovered by oxalic acid precipi- 
tation from warm aqueous solution. Chips from the 
various stages of experimentation were dissolved in 
aqua regia and the solution taken to low bulk, 
diluted with water, and again taken to low bulk be- 
fore diluting for the precipitation. This precipitated 
gold contained a small amount of silver as the only 
impurity detectable by spectrographic analysis. 
Disks for use in diffusion couples had opposite plane 
faces abraded on emery paper as far as zero grit, 
were annealed for 12 hr at 900°C in argon, and had 
one face of each disk polished to 000 emery paper. 

Radioactive gold was plated at about 2 ma per sq 
cm from a small volume of cyanide solution con- 
taining 1 mg of inactive gold as a carrier. Specimens 
were freshly abraded on 4/0 emery paper immedi- 
ately prior to plating. 

In the case of the active couples disks of a simi- 
larly prepared but unplated alloy or pure metal 
were placed on top and welded to the active disk. 
With the concentration couples disks of different 
compositions were welded. Welding was performed 
after a pressure of 5,000 lb had been applied at 


TRANSACTIONS AIME 


room temperature to set the couple in an apparatus 
and manner similar to that used by daSilva and 
Mehl.” Three strips of tantalum foil 0.002 in. thick 
were placed on the flat surface of one disk near the 
rim and these served to locate the weld interface 
after diffusion. 

After rapid heating a time of % hr at 850°C was 
allowed for welding. A dummy run using a hollow 
specimen containing a thermocouple enabled the 
specimen temperature to be related to that of the 
control couple. Corrections were later applied to the 
time of the diffusion anneal to allow for diffusion 
during welding, it being assumed that diffusion com- 
menced upon the application of pressure. The largest 


Table I. Diffusion Coefficients for Gold Self-Diffusion in 


Au-Ag Alloys 
Diffusion 
Temper- Diffusion Time, D, Sq 
Alloy ature, °C Sec x 105 Cm per Sec 
99.99+ pet Au 992 2.538 5.97x10-° 
905 3.837 1.56x10-9 
809 2.566 2.87x10-10 
717 19.62 5.27x10-1 
75 atomic pct Au* 992 2.409 4.25x10-9 
910 0.9306 1.26x10-9 
905 3.837 1.10x10-9 
897 6.992 9.28x10-10 
810 5.136 2.62x10-10 
809 13.58 2.06x10-10 
721 10.18 3.88x10-11 
19.62 5.44x10-11 
25 atomic pct Au; 910 0.9306 6.80x10-10 
905 3.837 7.93x10-10 
897 6.992 7.53x10-10 
810 5.136 1.55x10-10 
809 2.566 1.58x10-10 
19.62 2.27x10-1 
656 24.74 5.71x10-2 
99.99+ pct Ag 905 3.837 9.57x10-10 
897 6.992 8.51x10-10 
810 5.136 1.96x10-10 
19.62 3.20x10-1 
656 24.74 4.08x10-2 


* Couples analyzed at average of 82.94 wt pct Au. 
+ Couples analyzed at average of 38.08 wt pct Au. 


correction applied was one of 3 pct. Many were neg- 
ligible. 

Diffusion anneals were performed with one to four 
specimens placed inside a graphite crucible. One end 
of the crucible contained a well into which a ther- 
mocouple protection tube reached after passing 
through a Wilson seal on the end of the furnace 
tube. At the beginning of a diffusion run this tube 
was used to push the crucible from a cool part of 
the furnace to the hot zone in as short a time as was 


Fig. 1—Distribution 
of activity in four 
typical diffusion 
couples after anneal- 
ing. Cross represents 
the distance from 
the weld in inches 

x 10°; circle, pure 
gold annealed 2.538 
x 10° sec at 992°C; 
triangle, 75 pct Au 
annealed 3.837 x 10° 
. sec at 905°C; di- 

A amond, 25 pct Au 
NX annealed 1.962 x 10° 
scare sec at 717°C; and 

Ye square, pure silver 
annealed 3.837 x 10° 
sec at 905°C. Flags 
distinguish points 

taken from different 
2 sides of welds. 
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Fig. 2—Collected re- 
sults of measure- 
ments of self-diffu- 
sion in pure gold. 
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possible without danger of cracking the furnace 
tube. Before commencing the run the furnace was 
evacuated and flushed three times with argon, the 
last charge being allowed to remain in during the 
anneal at a slight positive pressure. Temperatures 
were taken during the heating period at least daily 
and more frequently during the case of short runs 
by means of a Pt—Pt-10 pct Rh thermocouple stand- 
ardized at frequent intervals against a similar 
couple calibrated at the National Bureau of Stand- 
ards. Diffusion temperatures were maintained to 
+2°C. At the end of an anneal the Wilson seal was 
broken and the crucible drawn out of the furnace 
and allowed to cool in air. 

Before aligning the specimen for machining the 
circumference was skimmed to a sufficient depth to 
expose the tantalum foils previously placed in the 
weld. These were observed at X40 through a micro- 
scope rigidly attached to the toolpost of the lathe 
after the alignment of the specimen was adjusted 
until, on rotating the lathe chuck, the center line of 
all three foils coincided with a hair line. After re- 
ducing the specimen diameter to 0.65 in. and re- 
moving sufficient material, 32 cuts of 0.002 in. or 
0.003 in. thickness normal to the axis were taken 
for the determination of activity or chemical com- 
position. Thickness of cuts was checked frequently 
by means of a depth micrometer. 

Activity was determined by Geiger counting and, 
as the chips were too irregular to be counted 
directly, they were melted and rolled to foil. A 
circle 0.25 diam was punched from each foil, 
weighed, and cemented to an ashing dish suitable for 
insertion into an automatic sample changer. The 
weight of each foil was used in correcting for 
absorption of radiations within the sample. The cor- 
rection was determined empirically. Composition 
was determined by standard gold assay methods 
carefully adapted to small samples. 


Results 


The raw counting data were corrected for back- 
ground, coincidence, and absorption losses, and for 
decay, using a half-life period of 2.69 days. Under 
the present experimental conditions, when activity 
is plotted against the square of the distance from the 
weld, a straight line should result if the distribution 
of the activity is governed by volume diffusion. That 
this was so may be seen from Fig. 1, which illus- 
trates four typical activity-penetration curves. The 
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Fig. 3—Diffusion measurements in Au-Ag alloys. Open 
square represents self-diffusion of gold in pure gold; dia- 
mond, self-diffusion of gold in 75 pct Au; open circle, 
self-diffusion of gold in 99.99-+ pct Ag; closed circle, self- 
diffusion of gold in 25 pct Au; circle with horizontal lines, 
self-diffusion of gold in 49.2 pct Au® (the last two sets of 
data define the same line); triangle, self-diffusion of silver 
in pure silyer;’ inyerted triangle, self-diffusion of silver in 
49.2 pct Au;* closed square, chemical interdiffusion in 45 to 
55 pct Au;* and circle with vertical lines, chemical inter- 
diffusion in 100 to 91.2 pct Au. 


method of calculating diffusion coefficients from 
these curves has been described fully and need not 
be repeated here.* Diffusion coefficients were derived 
from the penetration curves of the incremental 
chemical diffusion couples by the method of Matano.”* 

The accuracy with which D can be determined 
from the curve depends upon the product Dt. For 
most experiments this was 10° sq cm or greater, 
but for experiments at the lower temperatures on 
pure silver and the silver-rich alloy smaller values 
were obtained. Inaccuracies due to temperature 
measurement might amount to 5 pct, and time 
should be less than 1 pct. In the case of alloys the 
possibility of variations in compositions is added. 
Average composition of the alloy couples varied by 
about 1 pct from the mean, which could introduce 
an error into each determination of D of up to 
about 3 pct, depending upon temperature. 

It appears then that errors in D of up to about 10 
pct may be accounted for with rather larger errors 
to be expected for the low temperature runs. The 
departures from the mean found for specimens an- 
nealed at nearly the same temperature range up to 
17 pet at the lower temperatures. 

The results contained in Table I have been plotted 
in Figs. 2 and 3 and straight lines have been drawn 
to represent the relationship between log D and 1/T. 
The equations of these lines were determined by 
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the method of least squares and the constants re- 


lated to the equation 
DD 


where Q is the activation energy, D, the frequency 
factor, R the gas constant, and T the absolute tem- 
perature. 

Values found for D, and Q are presented in Table 
II. Standard errors in Q are near a mean of +1.6 
keal per mole. Evidently the extra error in indi- 
vidual D’s produced by compositional variations in 
the alloys was compensated for by the greater num- 
ber of tests run. Errors produced in D, by this varia- 
tion in @ may alter its value by as much as a factor 
of two greater or smaller. 

Fig. 2 is a plot of the logarithm of the diffusion 
coefficient vs the reciprocal of the absolute tempera- 


Table II. Diffusion Constants for Gold Self-Diffusion in 


Au-Ag Alloys 
Doin Sq Q, Keal 
Alloy Cm per Sec per Mole 
Pure Au 0.14 42.9 41.6 
75 atomic pet Au 0.041 40.7 +1.6 
25 atomic pet Au 0.064 42.8 +1.6 
Pure Ag 0.41 46.4 +1.6 


ture for the published data on gold self-diffusion. 
Sagrubsky’s results have been multiplied by a factor 
of 60, which brings them into the range of the other 
measurements. The present results show nearly the 
same slope as the Gatos and Kurtz line. It is not 
clear whether a constant error could have been in- 
troduced into their values by the use of the Steig- 
man, Shockley, and Nix“ approximation for surface 
activity, which neglects the fact that some of the 
radiation does not emerge normal to the surface. 
When Geiger counting with an absorbing window 
and small subtended angle is used this factor is 
negligible, but autoradiography should use oblique 
rays very efficiently. 

Present diffusion coefficients agree best with the 
careful measurements of Okkerse, but his activation 
energy is appreciably lower. The reason for this 
difference in temperature dependence is not known. 


100 


Atomic pct Au. 


Distance in inches. 


OO! QO! 002 Q03 004 005 


Fig. 4—Penetration curve for specimen D-3” for chemical 
interdiffusion of silver and a Ag-93.8 atomic pct Au alloy 
at 925°C. 
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The only other type of measurement to compare 
with the results cited above are the studies on the 
quenching in and annealing out of vacancies in gold 
wires which Kauffman and Koehler” followed by 
electrical resistance changes. They initially deduced 
an activation energy for self-diffusion in gold of 
45.2 +1.4 kcal per g atom. This is considerably above 
Okkerse’s 39.4 +0.3, but it is in reasonable agree- 
ment with the present value of 45.3 kcal per g atom. 
A new measurement” of the energy of formation of 
vacancies by an improved quenching procedure 
yields a lower value and brings the improved result 
into agreement with Okkerse. 

Fig. 3 is a similar plot for the chemical diffusion 
data, for self-diffusion of gold and silver in the 
Au-Ag alloys and in the pure metals. Values read 
from this figure at 894°C are used in Fig. 4, where 
the diffusion coefficients are plotted against con- 
centration. It should be noted that the new data for 
gold self-diffusion in the alloys fit smoothly with 
Johnson’s point at 49.2 atomic pct Au, and that the 
values of 0.41 and 46.4 for D, and Q agree well with 
those of 0.26 and 45.5 obtained by Jaumot and 
Sawatzky. Their new results” are indistinguishable 
from the lowest line in Fig. 3. The chemical diffusion 
data include an average value by Ebert and Tromms- 
dorf for 91.2 to 100 pet Au and new results giving 
diffusion coefficients as a function of concentration 


Table Ill. Self-Consistent Set of Diffusion Coefficients for Au-Ag 
Alloys at 894°C 


dinyag 
Nau 1+ Nag D* au x 10° D* ag x 10° D x 109 

dNag 
1.0 1.00 1.38 (2.6) 2.6 
0.9 1.11 1.25 (2.4) {2.5} 
0.8 1.25 1.08 (2.1) {2.4} 
0.7 1.40 0.93 (1.9) {2.3} 
0.6 1.58 0.78 (1.8) {2.2} 
0.49 1.76 0.67 1.6 (2.0) 
0.4 1.91 0.64 {1.6} (1.9) 
0.3 1.95 0.64 {1.6} (1.8) 
0.2 1.64 0.68 {1.7} (1.4) 
0.1 1.29 0.75 {1.9} (1.1) 
0.0 1.00 0.80 Pasi (0.80) 


for the ranges 35 to 60 and 0 to 100 pct Au. The last 
couple developed extensive porosity near the weld 
interface, which caused irregular machining in this 
region. Uncertainty in the distance measurements 
was introduced, so the two parts of the curve were 
extrapolated together on a probability plot. A 
sample penetration curve for specimen D-3 inter- 
diffused at 925°C” is shown in Fig. 4. The nature of 
the curve fitting and the precision of the chemical 
analyses may be judged from this plot. The difficul- 
ties associated with the porous region should ac- 
count for the fact that the mid-range results lie 
considerably below the values obtained on incre- 
mental couples. 

Combining the data of Fig. 5 with the thermo- 
dynamic activities for the Au-Ag system as corre- 
lated by McCabe, Schadel, and Birchenall,” and 
using the equation derived by Darken™ 


dln Vag ) 


D= Dt + (1 AN 


a reasonably self-consistent set of values of the 
chemical and self-diffusion . coefficients has been 
worked out for diffusion conditions in which large 
amounts of porosity are not developed. In the 
equation D is the chemical interdiffusion coefficient, 
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Fig. 5—Dependence of diffusion in Au-Ag alloys on con- 
centration at 894°C. The gold self-diffusion data are from 
Fig. 2. Closed square represents chemical interdiffusion 
average for 45 to 55 pct Au;® inverted triangle, silver self- 
diffusion in 49.2 pct Au;* and triangle, silver self-diffusion 
in pure silver.° 


D* is the self-diffusion coefficient at atom fraction 
N in the alloy, and y is the thermodynamic activity 
coefficient. The results of the calculations are sum- 
marized in Table III. Since the data were not com- 
plete, it was chosen to estimate those quantities for 
which the equation is least sensitive at the particu- 
lar composition. The estimated values of D are in 
braces; the calculated values are in parentheses. 
Reasonable consistency is found. The only large 
deviations seem to be associated with copious poro- 
sity. 
Acknowledgments 


This work was done in the Metals Research Lab- 
oratory of the Carnegie Institute of Technology 
under the sponsorship of the Office of Naval Re- 
search. The authors appreciated discussions with 
R. F. Mehl in the course of the work. The Au“* was 
obtained from the Oak Ridge National Laboratory 
with the approval of the Isotopes Div., U. S. Atomic 
Energy Commission. 


References 
1A. Sagrubsky: Physikalische Ztsch. U.S.S.R., 1937, vol. 12, p. 


118. 
2H. A. C. McKay: Trans. Faraday Soc., 1938, vol. 34, p. 845. 

3H. C. Gatos and A. D. Kurtz: AIME Trans., 1954, vol. 200, p. 
616; JouRNAL or METALS, May 1956. 

4H. C. Gatos and A. Azzam: AIME Trans., 1952, vol. 194, p. 407; 
JOURNAL oF MetTats, April 1952. 

5B. Okkerse: Physical Review, 1956, vol. 103, p. 1246. 

6H. Braune: Ztsch. fiir physikalische Chemie, 1924, vol. 110, p. 
147. 

7H. Ebert and G. Trommsdorf: Ztsch. fiir Elektrochemie und 
angewandte physikalische Chemie, 1950, vol. 54, p. 294. 

8 Ww. A. Johnson: AIME Trans., 1942, vol. 147, p. 331; 
TrecHNOLOGY, February 1942. 

9W. A. Johnson: AIME Trans., 1941, vol. 143, p. 107; Merrats 
TECHNOLOGY, January 1941. 

1 FF, BE, Jaumot, Jr., and A. Sawatsky: Journal of Applied Physics, 
1956, vol. 27, p. 1186. 

110. Kubaschewski: Trans. Faraday Soc., 1950, vol. 46, p. 713. 

2, C. C. daSilva and R. F. Mehl: AIME Trans., 1951, vol. 191, 
p. 155; Journat or METALS, February 1951. 

13 C, Matano: Journal of Physics, Japan, 1933, vol. 8, p. 109. 

14 J, Steigman, W. Shockley, and F. C. Nix: Physical Review, 1939, 
vol. 56, p. 13. 

15 J. W. Kauffman and J. S. Koehler: Physical Review, 1955, vol. 
97, p. 555. 

‘oy, E. Bauerle, C. E. Klabunde, and J. S. Koehler: Physical Re- 
view, 1956, vol. 102, p. 1182. 

17 C, L. McCabe, H. M. Schadel, Jr., and C. E. Birchenall: AIME 
Trans., 1953, vol. 197, p. 709; JourNaL or Merats, May 1953. 

is], S. Darken: AIME Trans., 1948, vol. 175, p. 184; Meraus 
TECHNOLOGY, January 1948. 


Discussion of this paper sent (2 copies) to AIME by Sept. 1, 1957 
will appear in AIME Transactions Vol. 212, 1958, and in JouRNAL oF 
Merats, April 1958. 


JULY 1957, JOURNAL OF METALS—877 


Constitution of Delta-Phase Alloys 
Of the System U-Zr-Ti 


The ternary section between the intermediate 5-phase alloys of the U-Zr and U-Ti sys- 
tems has been investigated. A constitutional diagram for the section, ranging from U-74 
atomic pct Zr to U-35 atomic pct Ti, is proposed. Thermal, metallographic, and X-ray 
data were obtained for alloys in this composition range. The section exhibits features of a 
quasibinary system in that only one and two-phase regions were found at the temperatures 
investigated. No evidence for a three-phase region or a new phase, not found in the binary 
systems, was indicated. At elevated temperatures the three components exhibited com- 
plete solubility, to form the body-centered-cubic y phase, decomposing at about 560°C to 
the U-Zr and U-Ti 5 phases in an apparent eutectoid reaction. 


by H. A. Saller, F. A. Rough, A. A. Bauer, and J. R. Doig 


NIQUE among uranium alloy systems are the 

U-Zr, U-Ti,and U-Mo binary systems, in that 
an intermediate phase, of limited solubility range, 
exists in each system. 

These intermediate phase alloys offer a promising 
field of investigation, both as binary alloys and as 
ternary alloy combinations. While a limited amount 
of work has been done on the binary alloys, none 
has been done on ternary combinations of these 
alloys. 

As a possible prelude to more intensive investiga- 
tion of these systems, a study of the phase relation- 
ships between the 6 phases of the U-Zr and U-Ti 
systems was undertaken. 

The solid-state portions of the binary constitu- 
tional diagrams for the U-Ti, Zr-Ti,’ and U-Zr’* sys- 
tems are shown in Fig. 1. The solid to liquid trans- 
formations are not shown, as these transformations 
were not studied in the ternary system. 

The phase designations employed are based upon 
those shown in the uranium constitutional diagrams. 
The crystal structures of the various phases are 
given in Table I. 


Experimental Materials and Methods 

The ternary section presented is based upon the 
results of thermal, metallographic, and X-ray anal- 
yses of a series of alloys ranging in composition be- 
tween the 6 phases of the U-Zr and U-Ti systems 
(U-74 atomic pct Zr to U-35 atomic pct Ti). After 
preparation of the alloys, thermal data were ob- 
tained. On the basis of these data, specimens were 
heat treated and examined metallographically. 
Specimens were then selected from those heat 
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treated for X-ray determination of the phases pres- 
ent in what were considered critical phase regions. 

Alloy and Specimen Preparation—Alloys for this 
investigation were prepared from selected as- 
reduced uranium and crystal-bar zirconium and 
titanium. For nominal compositions, see Table II. 

Charges were arc melted from five to seven times 
under a helium atmosphere, finally being cast into 
wire-bar form for fabrication. A zirconium getter 
button was used to clean the furnace atmosphere 
prior to melting. 

The alloys were homogenized 20 hr at 900°C and 
furnace cooled. A portion of each bar was then re- 
moved for thermal analysis; the remainder was 
saved for fabrication. 

Alloys 8 through 14 were placed in steel tubes 
along with zirconium getter chips and, after flushing 
with argon, the tubes were welded shut and rolled 
at 1500°F to a 50 pet reduction in diam. 

The remaining alloys were annealed 24 hr at 
1100°F to insure transformation of the y phase to the 
6-U.Ti phase and were then hot rolled from a salt 
bath. 

Attempts to roll alloys 6 and 7 at 1100°F were 
unsuccessful. Following this, attempts were made to 
roll pieces of alloys 1 through 5, which had cracked 
rather severely during casting, at 1200°F, but these 
efforts were also unsuccessful. These alloys were, 
therefore, further treated in their cast and homo- 
genized condition. 

All alloys were pickled to remove oxide formed 
during rolling. 

Thermal data were obtained on these alloys by 
conventional differential thermal analysis at a heat- 
ing rate of 3°C per min, and by a high-speed heat- 
ing method at rates of approximately 10°C per sec. 
For the latter method of analysis, a 36-gage 
Chromel-Alumel thermocouple is spot welded be- 
tween two slivers of alloy, the sandwich being en- 
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closed in a platinum envelope. The sandwich is 
then inserted in a small wire coil and is heated 
im vacuo. The heating curve is obtained on a high- 
speed recorder. Data were obtained on all alloys by 
this method. 

Differential data were obtained on alloys 4 
through 14. Bars of the other compositions were too 
badly cracked for the necessary machining to ob- 
tain a specimen. 

Heat Treatment, Metallography, and Hardness 
Measurements—Specimens for heat treatment were 
cut from homogenized or homogenized and rolled 
bars. They were annealed at temperatures based upon 
the results of thermal analysis in vacuum furnaces 
under a vacuum of 5 x 10° mm Hg or less. All 


Table I. Crystal Structure of Phases in the U-Zr-Ti System 


Phase Designation Crystal Structure 


a Orthorhombic 
B Tetragonal 
Body-centered-cubic 
5 r Pseudocubic 

5 i Hexagonal 

€ Hexagonal 


specimens examined after heat treatment appeared 
to be homogeneous. 

Heat-treated specimens were mounted in Bake- 
lite, ground wet through 600-grit paper, and were 
polished on Forstmann’s cloth with Linde A abrasive 
and 10 pct oxalic acid solution. 

Two types of etchant solutions were used for etch- 
ing these alloys. Both were applied by swabbing. 
One solution was lactic and nitric acid plus hydro- 
fluoric acid in the ratios 30 cu cm:30 cu cm:10 drops 
and 50 cu cm:50 cu cm:6 drops. Both ratios were 
used on alloys 6 through 14, the first concentration 
ratio on those alloys which were richest in zir- 
conium and the latter concentration on those with 
higher titanium compositions. The other solution 
utilized was 100 cu cm of 10 pct oxalic acid solution 
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Fig. 2—Proposed ternary section between U-74 atomic pct 
Zr and U-35 atomic pct Ti. 


plus 10 drops of HF. This etchant was used on the 
titanium-rich compositions, alloys 1 through 5. 

A slight overlap of useful composition range of 
these etchants occurred. 

X-Ray Analyses—Selected metallographic speci- 
mens were submitted to X-ray analysis. The speci- 


Table Il. Nominal Compositions and Thermal-Analysis Results 
Nominal 
Composition 
(Balance Uranium), High- 
Atomic Pct Mole Pct Differential Speed 

6 U-Ti Arrests, °C Heating 
Zirco- Tita- in U-35 Arrests, 

Alloy nium nium Pet Ti Heating Cooling °C 
1 0 35 100 — — 908 
2 1 34.5 98.7 — — 896 
3 2 34 97.3 -— — 890 
4 5 32.5 93.1 — — 878 
5 10 30 85.8 879 550, 818 872 
6 20 25.5 73.0 560, 846 561, 753 565, 826 
7 40 16 45.8 567, 767 571, 652 577, 754 
8 55 9 25.6 568 59 575 
9 60 6.5 18.6 585 590 589 
10 63 5 14.4 590 595 583 
11 66.5 15) 10.0 591 596 581 
12 69.5 2 ef 605 610 598 
13 Le fi 1 2.9 604 604 603 
14 74 0 0 595 599 601 


mens selected had structures which were too fine to 
permit identification of the phases present by metal- 
lography alone. 

Each of these specimens was examined on the 
metallographic surface by spectrometer methods. 
As an additional check, some of these samples were 
made into sliver samples for examination in the 
Debye camera. These sliver specimens were rough 
sawed and ground to cone shape and then etched to 
a sharp point. 

Experimental Results 

The tentative ternary section between the 6 phases 
of the U-Zr and U-Ti systems (U-74 atomic pct Zr 
to U-35 atomic pct Ti) is shown in Fig. 2. The sec- 
tion exhibits features of a quasibinary section in 
that only one and two-phase regions appear through- 
out the section. The y+é U-Zr phase region is in- 
ferred from thermal data and its occurrence in the 
U-Zr diagram. Metallographic and X-ray data have 
established the existence of the other phase fields. 

The y phases of all three systems are isomorphous 
at elevated temperatures, decomposing at about 
560°C. Below this temperature, the two 6 phases are 
in equilibrium with one another. 

Thermal Data—The results of thermal analysis 
are listed in Table II. Heating data are also shown 
plotted in Fig. 2. 
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a) U-5 atomic pct Zr-32.5 atomic pct 


Ti at 850°C; 8 plus Ti at 850°C; 


d) U-55 atomic pct Zr-9 atomic pct Ti 
at 640°C; 6 U2Ti plus y. 


g) U-69.5 atomic pct Zr-2 atomic pct 
Ti at 510°C; 6 U-Zr plus 6 U.Ti. 


b) U-20 atomic pct Zr-25.5 atomic pct 


e) U-40 atomic pct Zr-16 atomic pct 
Ti at 640°C; 6 U.Ti plus y. 


h) U-20 atomic pct Zr-25.5 atomic pct 
Ti at 510°C; 6 U-Zr plus 8 UeTi. 


c) U-5 atomic pct Zr-32.5 atomic pct 
Ti at 800°C; plus 


f) U-5 atomic pct Zr-32.5 atomic pct 
Ti at 640°C; 6 UsTi plus y. 


i) U-2 atomic pct Zr-34 atomic pct Ti 
at 510°C; 8 U-Ti. 


Fig. 3—Microstructure of heat-treated and water-quenched U-Zr-Ti alloys. X250. Reduced approximately 25 pct for reproduction. 


The differential data are considered more precise, 
with respect to the temperatures obtained for the low 
temperature transformation, than the data obtained 
by the high-speed heating method. However, where 
data were obtained for the higher temperature 
transformation, those obtained by the high-speed 
heating method are regarded as more reliable. The 
values recorded represent the end of transformation 
as evidenced by a sharp break in the heating curve 
and an increase in the rate of temperature change. 
The change in the differential curves was neither as 
pronounced nor as reproducible. 

Although variations are observed in the values 
obtained by the two methods, these variations are 
quite small and the results by the two methods are 
in substantial agreement. 

Metallographic Data—The results of metallo- 
graphic examination are plotted in Fig. 2. These 
data were obtained for the following heat treat- 
ments, in each case followed by a water quench: 670 
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hr at 510°, 170 hr at 640°, 100 hr at 700°, 20 hr at 
800°, and 20 hr at 850°C. 

Typical structures of the y, y+8 U.Ti, and the 8 
U-Zr + 6 U.Ti phase regions are shown in Fig. 3. All 
the structures are described by the captions appear- 
ing beneath them. However, a few are worthy of 
comment. 

The second phase appearing in Fig. 3d could not 
be identified metallographically but was identified 
by X-ray diffraction methods as § U.Ti. Similarly, 
the second phase appearing in the structure shown 
in Fig. 3g was identified during X-ray examination 
as 6 U.Ti, indicating that the solubility of titanium 
in the U-Zr 8 phase is very limited. 

Fig. 3i shows single-phase 8 U.Ti, maximum solu- 
bility of zirconium in this phase being observed at 
this temperature. 

It should be noted that a second phase, « (a- 
zirconium), appeared in a number of the zirconium- 
rich alloys annealed at 640° and 700°C, although 
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these specimens are indicated as single phase in 
Fig. 2. However, the appearance of this phase is a 
result of oxygen contamination rather than titanium 
additions. Low levels of oxygen content are known 
to restrict the y region severely, oxygen stabilizing 
the yt+e phase region to higher temperatures and 
higher uranium compositions than those shown for 
the true binary alloys. 

X-Ray Data—X-ray diffraction studies were made 
of 16 annealed and quenched specimens after metal- 


Table Ill. X-Ray Diffraction Data Obtained on Specimens in Ternary 
Section Between Composition U-74 Atomic Pct Zr and U-35 Atomic 


Pct Ti 
Nominal 
Composition 
(Balance Uranium), Intensities of 
Atomic Pct Quenching Phase Patterns} 
= Temper- 

Alloy Zirconium Titanium ature, °C UeTi UZrs 
1 0 35 510 Ss 0 0 
ne 0 35 510 Ss 0 0 
3 2 34 510 SS) 0 0 
5 10 30 510 Ss 0 0 
6 20 25.5 510 Ss 0 0 
6* 20 25.5 510 S) 0 0 
7 40 17 510 Ss MF 0 
8 55 9 510 Ss MS 0 

10 63 5) 510 MS Ss 0 

12 69.5 2 510 VVF Ss 0 

14 74 0 510 0 Ss 0 
5 10 30 640 M 0 VVF 
Gy 10 30 640 S 0 F 
6 20 25.5 640 M 0 VF 
8 5D 9 640 M 0 S) 
om 55 9 640 VE 0 VS 
6 20 25:5 700 s 0 F 
6* 20 25.5 700 0 0 Ss 
7 40 17 700 MF 0 M+ 
{i 40 17 700 MS 0 s 
8 55 9 700 0 0 VS 
8* 55 9 700 0 0 VS 
5 10 30 800 0 F toM 
ine 10 30 800 M 0 Ss 


ae Debye camera data obtained on etched slivers of samples ini- 
tially examined on spectrometer. 
+ F means faint; V, very; M, moderate; and §S, strong. 


lographic examination. The results are given in 
Table III. 

It is seen that only two phases exist in equilibrium 
at any one temperature. No evidence for a new 
phase not appearing in the binary systems was 
found. However, a third phase could be present in 
amounts less than are required for detection, or 
etching of the specimens for examination in the 
Debye camera may remove one of the phases prefer- 
entially from the surface of the sample. It will be 
noted that the samples examined in the Debye 
camera generally exhibit relatively weaker intensi- 
ties of the U.Ti phase with respect to y than were 
obtained from the same specimen on the spectro- 
meter. This suggests the removal of U:Ti by the 
etching procedure. 

The coarse grain size found in some specimens 
also makes phase detection difficult on the spectro- 
meter. In addition, if 6 U-Zr is observed on the 
spectrometer, the y phase will not ordinarily be de- 
tected because of the absence of unequivocal reflec- 
tions in the y pattern, 6 U-Zr showing the same 
reflections as the y phase except for additional 
superlattice reflections. 

A relatively high solubility of zirconium in 6 U.Ti 
at 510°C is indicated by observation of lattice shifts. 
Among the alloys annealed at 510°C, alloy 5, con- 
taining 10 atomic pct Zr, had a larger lattice than 
alloy 3, containing 2 atomic pct Zr, placing the solu- 
bility limits between the two compositions. This 
agrees with metallographic data which indicate a 
solubility of between 2 and 5 atomic pct Zr. 

Attempts were also made to estimate the approxi- 
mate solubility of zirconium in 5 U.Ti at 640° and 
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700°C. Although lattice expansions were noted in 
each specimen examined on the Debye camera, they 
were quite variable for specimens annealed at the 
same temperature, and no definite trend could be 
established. These variations are incompatible with 
normal expectation. If the specimens are at equi- 
librium and lie in the same two-phase field, assum- 
ing composition values are correct, they should be 
on the same tie line and, therefore, have identical 
lattice constants. If they are in a three-phase field, 
they should also have the same lattice constants. 

These variations in lattice constant have not been 
resolved. However, two factors probably enter into, 
and may account for, these variations. First, the 
compositions are only nominal, and some deviation 
from a composition tie line may be expected. Sec- 
ond, the majority of alloys examined in the Debye 
camera were titanium-rich alloys which had not 
been rolled. It is quite possible that the homogeniza- 
tion and the following heat treatment alone were in- 
sufficient to produce complete homogeneity and 
eliminate coring introduced during casting. A dif- 
fuseness of some of the patterns, either of 6 U.Ti or 
of y, suggests that equilibrium was not reached in 
all cases. 

An interesting orientation relationship between 
the U.Ti and y phases was observed. Alloys 5 and 6, 
when quenched from 700° and 800°C, respectively, 
showed the following coexisting planar relation- 
ships: (110), U.Ti is parallel to the (110) y; and 
(300), U.Ti is parallel to the (211) y. In alloy 5, 
quenched from 640°C, the orientation relationship 
was: (110), U.Ti is parallel to (110) y. 

Observation of these special orientation relation- 
ships suggests that coherency hardening may occur 
in these alloys under the proper conditions. 


Summary 

At all temperatures investigated, a maximum of 
two phases was found to exist either metallograph- 
ically or by X-ray. No evidence was found for the 
presence of a three-phase region. The proposed 
tentative ternary section from U-74 atomic pct Zr 
to U-35 atomic pct Ti is shown in Fig. 2. 

The presence of U.Ti, as determined by X-ray 
analysis in all specimens annealed at 510°C, ex- 
cept for the pure 6 U-Zr composition, and the ab- 
sence of any other phase but 6 U-Zr and/or U.Ti in 
any of the other specimens, establish the phase 
region at this temperature as consisting of two phases. 

The two-phase y+6 U.Ti region is indicated, both 
metallographically and by X-ray, although the 
microstructures are too fine to reject unequivocally 
the possibility of the presence of a third phase. Simi- 
larly, a third phase may be present, but in too small 
an amount to detect by X-ray. 

The y+6 U-Zr region is inferred from its presence 
in the binary section and from thermal data. 
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Preparation of Alpha Uranium Single Crystals 


By a Grain-Coarsening Method 


A method for preparing single crystals of « uranium is described. The method depends 
on grain coarsening induced by the gradual decrease in grain growth inhibiting influence 
of dispersed inclusions in a fine grained recrystallized matrix. The factors which influence 
the tendency for this phenomenon and the size of coarse grains in uranium are described 
first. These factors are the bases for the method. However, to prepare single crystals of round 
cross section it is necessary to have the grain growth inhibiting inclusions distributed in a 
radial gradient increasing in quantity from the rod axis. This was accomplished by dif- 
fusion penetration of small concentrations of silicon from the rod surface. The steps in the 
process which produced a number of single crystals 4 mm in diam by 5 to 10 mm long are 
outlined and discussed in the second part of the text. 


by E. S. Fisher 


GC coarsening implies a discontinuous type 
of grain growth during which a few grains ina 
fine grained recrystallized matrix grow to large 
grain sizes at the expense of the matrix. Studies of 
this phenomenon in various metals’? indicate that 
grain coarsening may result when continuous grain 
growth in a fine grained matrix is inhibited by 
either a dispersion of very fine inclusions or by a 
strong texture. In the former case a period of an- 
nealing time exists prior to grain coarsening during 
which grain growth inhibition is gradually de- 


E. S. FISHER, Junior Member AIME, is associated with the Ar- 
gonne National Laboratory, Lemont, III. 

TP 4464E. Manuscript, Mar. 2, 1955. Chicago Meeting, February 
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creased by dissolution or coalescence of the dis- 
persed inclusions. This mechanism can be made to 
occur in a uranium during anneals at high a phase 
temperatures. 

A study of some of the factors influencing the 
kinetics of grain coarsening and the coarse grain 
sizes in w uranium has led to a method for preparing 
a uranium single crystals. Previously such single 
crystals containing considerable substructure were 
prepared at this laboratory by a phase change meth- 
od, similar to that described by Cahn.* Attempts to 
prepare more perfect single crystals by strain-anneal 
techniques were unsuccessful. Cahn* has reported 
his attempts to apply such techniques to uranium. 
He proposed that the failure of strain-anneal tech- 
niques is basically due to the many twins which 
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form during slight straining of a uranium. Because 
of the ease of twinning, too many recrystallization 
nuclei are formed during annealing for successful 
application of strain-anneal methods. 

The method for preparing single crystals which is 
described in this report consists of a number of 


Table |. Typical Chemical Analyses of Uranium Used in Grain 
Coarsening Study and Single Crystal Preparation 


Composition in Ppm 


Lot 
No. Cc N Si Fe Other Ingot Source 
1 23 7 10 2 6 Al Melted electrolytic 
sponge 
2 17 7 5 2 2 Melted electrolytic 
sponge 
3 14 — 5 5 1Cu Melted electrolytic 
sponge 
4 20 19 8 3 Melted electrolytic 
sponge 
5 20 10 5) 5 10 Al, 3 Cu Melted electrolytic 
sponge 
6 12 5 5 1 Cu Melted electrolytic 
sponge 
% 20 12 20 30 10 Ni, 10 Al, 5 Remelted biscuit 
Mn, 5 Mg, 2 Cu 
8 34 40 15 10 Al,5 Ni, 3 Mn Remelted biscuit 


steps. The purposes of some of these steps may not 
be obvious to the reader because they are related to 
experimental observations which have not been pre- 
viously reported. These observations are described 
and discussed in the first section of this paper. The 
method for preparing single crystals is then de- 
scribed in the second section. 


Characteristics of Grain Coarsening in « Uranium 

Experimental Procedures—During the course of 
investigating methods for preparing uranium single 
crystals, many different lots of metal were used as 
material, each containing different quantities of im- 
purities. However, for the study of grain coarsening 
and for preparing single crystals the materials were 
primarily of high purity containing 10 to 25 ppm C 
and smaller quantities of other impurities. Some 
typical analyses are shown in Table I. Each lot com- 
prises the specimens made from one ingot of high 
purity metal. Preparation of the ingots by high 
vacuum melting of electrolytically produced sponge 
metal is described by B. Blumenthal.* The chemical 
data showed only small differences in compositions 
of these ingots. Also included in this report are some 
results obtained using uranium of lower purity, lot 
Nos. 7 and 8. This material was made by remelting 
of sponge produced by pyrometallurgical methods 
at AEC contract installations. 

The high purity ingots were relatively small, av- 
eraging 0.8 in. diam x 4 in. long. Preliminary studies 
indicated that heat treatments in the 6 and y phases 
of uranium (660° to 760°C and 760° to 1133°C, re- 
spectively) prior to final fabrication of the a phase 
influenced grain growth in the a phase subsequent to 
final fabrication. To investigate these effects the 
ingots were rolled at 300°C to rods of 0.337 in. diam. 
The rods were cut into 1 in. lengths which were used 
as starting samples. These samples were electro- 
polished in a sulfuric acid, water, and glycerine 
(45, 45, and 10 pct, respectively) electrolyte to a 
bright surface, wrapped in tantalum sheet envelopes, 
and sealed into evacuated fused silica capsules for 
y phase heat treatments. Three different heat treat- 
ing schedules were used, as designated by processes 
A, B, and C of Table IJ. The capsules were heated 
in vertical tube furnaces and quenching was effected 
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by cutting the support wires and breaking the cap- 
sule as it fell into a bucket of water. 

After the final quench the rods were reduced 77 
pct in area to 0.162 in. diam specimen size by swag- 
ing at 300°C out of oil. Most of the rods were re- 
duced using a multiple step schedule as follows: 
a) 10 pct reduction in area, annealed 1 hr at 600°C; 
b) 15 pct reduction in area, annealed 1 hr at 575°C; 
c) 30 pct reduction in area, annealed 1 hr at byay(Cle 
d) 30 pct reduction in area, annealed 1 hr at 475°C; 
and e) 40 pct reduction in area, no anneal. 

During the earlier part of this study some rods 
were reduced to the same final diameter without 
resort to intermediate recrystallization steps. The 
effect of the swaging schedule is discussed in the 
text. Unless otherwise designated, the specimens 
were prepared by the multiple step schedule. 

Annealing of Specimens: Specimens of approxi- 
mately % in. length were cut from the 0.162 in. 
diam rods, electropolished to remove surface oxide, 
and sealed into evacuated glass capsules. The cap- 


Table II. Schedules of Processing Prior to Swaging 


Step Process A Process B Process C 


Heated 1000°C for Heated 1000°C for 
hr 
Water quenched Water quenched 
Reheated 800°C for Reheated 900°C for 
5 hr 
Water quenched — 


Heated 1000°C for 
Sh 


r 
Water quenched 


WN 


5 hr 
Water quenched 


sules were inserted into steel tubes immersed in lead 
baths at various temperatures not exceeding 655°C. 
The anneals were carried out so as to obtain the 
following information: 

1) The induction period, or incubation period, for 
coarsening at a specific temperature. This period in- 
cluded the time necessary for primary recrystalliza- 
tion at this temperature. 

2) The maximum stable coarse grain size result- 
ing from an isothermal anneal. 

3) The effect of multiple step annealing on the 
coarse grain size. Specimens were initially annealed 
at one temperature until coarse grain growth had 
virtually stopped, and were then inserted into fur- 
naces at higher temperatures. 

4) The effect of annealing in a gradually increas- 
ing temperature, 5° per hr, from 550° to 650°C, on 
the coarse grain size. 


Examination of Specimens: The specimens were 
macroetched in a hot aqueous electrolyte consisting 
of trichloracetic acid (500 g per liter) and concen- 
trated hydrochloric acid (20 cu cm per liter). A car- 
bon cathode was used and the voltage varied from 
5 to 20 v, depending on specimen size. A salt film 
produced on the specimen was removed by soaking 
in a dilute nitric acid bath. 

Average grain sizes were estimated from micro- 
graphs at X100 of metallographic polished surfaces, 
using polarized light. For this purpose the surfaces 
were electropolished, after mechanical polishing, in 
an electrolyte consisting of 8 volume pct orthophos- 
phoric acid, 5 volume pct ethylene glycol, and 5 
volume pct ethanol, at 30 ma per sq cm. For inclu- 
sion studies the surfaces were electroetched in a 2 
pet citric acid aqueous solution at 15 ma per sq cm. 

Results—The sequence of stages in the grain 
coarsening in a uranium is similar to those de- 
scribed for Al-Mn alloy® and silver.* Subsequent to 
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fabrication and primary recrystallization there is an 
interval of annealing time at temperatures above 
600°C, during which the matrix grain size is uni- 
form and small. This is an induction or incubation 
period. In the second stage a few of the matrix 
grains begin to coarsen at the expense of the small 
grained matrix. Although the coarse grains appear 
abruptly, denoting the end of the incubation period, 
the rate at which these grains grow depends on the 
matrix grain size, the annealing temperature, and 
the inhibition to grain growth due to dispersed in- 
clusions. 


During both stages the matrix grain size tends to 
increase continuously with time. There appeared to 
be a threshold matrix grain size above which further 
significant coarse grain growth was precluded. This 
threshold grain size was presumably dependent on 
the inhibiting effect of dispersed inclusions, since it 
varied depending on the history of the specimen as 
described below. 


In this study primary interest was in those con- 
ditions which produced the largest coarse grains. 
These conditions were found to be as follows: a) 
the grain size at the beginning of coarsening was 
uniform and small, b) the coarse grains were fewest 
in number, and c) these few coarse grains must 
have been able to grow fast enough to impinge on 
each other before the matrix grains grew to a 
threshold grain size. There remained a problem in 
finding a means of producing these conditions when 
desired. The clue to a method was observed in car- 
rying out simultaneous experiments with different 
ingots of high purity metal. Although these ingots 
were very similar in impurity content the grain 
growth characteristics after rolling and annealing in 
the a phase differed considerably. Metallographic 
inspection failed to correlate the behavior with in- 
clusion content. It was surmised that the differences 
observed were due to differences in the volume frac- 
tion of submicroscopic inclusions resulting from pre- 
cipitation at low a phase temperatures. Subsequent- 
ly, experiments were made to determine the effect 
of different quenching temperatures prior to a phase 
treatment. These experiments showed a pronounced 
systematic effect. It was found that very large coarse 
grains could be produced from any high purity in- 
got by quenching from some optimum temperature. 
The optimum temperature differed between ingots. 


Effect of Final Quenching Temperature: The ef- 
fect of the final quenching temperature on the char- 
acter of grain coarsening is shown in Figs. 1 through 
3. These curves show the grain growth as a function 
of annealing temperature for three different rods 
of lot No. 1, quenched from 800°, 900°, and 1000°C, 
respectively. The incubation periods increased with 
increase in final quench temperature. Continuous 
grain growth of the matrix decreased with increase 
in the final quench temperature. The number of 
coarse grains per specimen volume decreased with 
increase in final quench temperature and was not 
significantly affected by the annealing temperature. 


The ability of the coarse grains to grow and im- 
pinge on each other was significantly affected by the 
annealing temperature. The annealing temperature 
necessary for ultimate disappearance of the small 
matrix grains increased with increase in the final 
quench temperature. Since the annealing tempera- 
tures were limited to below 660°C there existed an 
optimum final quench temperature which would 
produce conditions for maximum coarse grain size. 
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In this lot the optimum quench temperature was 
close to 900°C. 

Effect of Composition: The optimum temperature 
for producing the largest coarse grain size differed 
considerably between ingots. However, in all cases 
the effects of increasing the final quench tempera- 
ture were the same as described above for lot No. 1. 
In lot No. 5 the best results were obtained from 
1000°C final quench, whereas in lot Nos. 3 and 4, the 
optimum final quench temperatures were 860° and 
800°C, respectively. It is of interest that the largest 
coarse grains in the lower purity lots, Nos. 7 and 8, 
were obtained from the 1000°C final quench. In 
these specimens the coarse grains did not grow 
larger than 4 mm in any dimension. In general, the 
coarse grain size decreased with significant decrease 
in the purity of the uranium. 

Effect of Annealing Temperature: In general, the 
coarsest grains were formed by isothermal anneal- 
ing at 640° to 655°C. Usually those specimens of a 
given lot which had been final quenched from an 
optimum temperature contained duplex structures, 
in which coarse grains were not impinged on each 
other when annealed at lower temperatures than 
640°C. Some of these specimens, which had been 
annealed at 625° and 600°C for 65 hr, were subse- 
quently heated at 650°C. The higher temperature 
had no significant effect on the grain size. A similar 
effect was observed in specimens which were slowly 
heated from 550° to 650°C. The duplex structure 
formed at lower temperatures was apparently stable 
at higher temperatures. 

Effect of Fabrication Process: The coarse grains 
were generally longer in a direction parallel to the 
rolling direction than in radial directions. This 
shape appeared to be related to banding in the 
primary recrystallized structure, a pronounced case 
of which is shown in Fig. 4. This appearance is 
typical of microstructures in specimens which were 
swaged by a single step schedule. The bands are 
groups of grains somewhat similar in grain size and 
orientation with respect to the plane of polish (as 
indicated by polarized light examination). The 
bands appear to develop as a result of differences in 
the degree and types of deformation among the 
grains in the rods undergoing fabrication. Rods 
which are large grained prior to rolling, as in cast- 
ings or rods heat treated in the y phase, and are 
heavily rolled prior to recrystailization show this 
phenomenon very markedly after recrystallization. 
The grains in one band may be, on the average, two 
to three times as large as those in an adjacent band, 
and the bands are aligned parallel to the rolling di- 
rection. When coarsening occurs in such structures 
the coarse grain tends to initiate in the fine grained 
bands and to grow into the band in which it 
originated. 

This banding effect was minimized by using mul- 
tiple step reduction schedules. When coarsening oc- 
curred in rods reduced by the multiple step method 
the coarse grains still showed the tendency to grow 
faster in the direction of rolling. However, the aniso- 
tropy of growth was less apparent than in the heav- 
ily banded structures, i.e., the coarse grains grew 
larger in the radial dimensions, the lower the degree 
of banding. 

Interpretation of Effects of Quenching Tempera- 
ture—lIt is proposed that the grain coarsening phe- 
nomenon described in this report is dependent on 
the presence of very fine particles included in the 
uranium during annealing in the a phase. Because 


TRANSACTIONS AIME 


0.5 Mox Mox] 


| 4mm Mox, Duplex 
Duplex 
o 
= = ~.04 
€ € 
€ 
550°C 
z 02 
= Ol 
2 4 10 20 2 4 


ANNEALING TIME, HOURS (Log scale) 


Fig. 1—Grain size ys annealing time 
at 550°, 600°, 625°, and 650°C for 
lot No. 1-A specimens. Arrow denotes 
grain coarsening. Maximum ultimate 
grain size is indicated above arrow. 
Duplex denotes that coarse grains did 
not ultimately consume matrix. 


of the fine particle size these inclusions are very 
effective for inhibiting continuous grain growth sub- 
sequent to primary recrystallization and, the larger 
their volume fraction, the greater the effect. During 
prolonged annealing these particles tend gradually 
to coalesce or to dissolve in the uranium. In either 
event the inhibiting power is decreased gradually so 
that at some stage of annealing some of the grains 
can begin to grow abruptly at the expense of the 
fine grains which are still inhibited. The incubation 
period for coarsening depends on the rate of coales- 
cence or dissolution of the particles, which is a func- 
tion of the annealing temperature, and on the vol- 
ume fraction of the particles. The number of grains 
which start to coarsen during the initial stages of 
coarsening is primarily dependent on the volume 
fraction of particles. 

The question then arises as to the source of the 
fine particles in the high purity uranium. Studies of 
binary uranium alloys indicate that most of the 
elements detected as impurities, Table I, have ex- 
tremely small solubilities in a uranium. However, 
solubilities in the high temperature y phase appear 
to be significantly greater. Atoms in solution in y 
phase will then tend to precipitate when the metal 
is cooled to the a phase. The particle size of the 
precipitate should depend on the temperature at 
which precipitation occurs and on subsequent an- 
nealing. It is assumed that treatments of the rods 
in this study, water quenching and swaging at 300°C 
with intermediate recrystallization anneals, produce 
a precipitate of fine particle size. The volume frac- 
tion of these fine particles should depend on the 
number of impurity atoms in solution just before 
quenching. From the consistently observed correla- 
tion between quenching temperature and grain 
growth kinetics described in the text, the solubilities 
in the y phase apparently increase with temperature, 
ie., the higher the quench temperature, the longer 
the incubation periods for coarsening because of 
the greater volume fraction of fine particles pro- 
duced by precipitation. 


Method for Preparing Single Crystal Rods 

A method for preparing single crystal rods of a 
uranium has been developed which is based on the 
conditions for obtaining a maximum coarse grain 
size as described above. However, it was necessary 
to introduce two other conditions so that the coarse 
grains could grow to the shape of rods with diam- 
eters approaching those of the specimens and lengths 
sufficient for practicable separation from other 
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Fig. 2—Grain size ys annealing time 
at 600°, 625°, and 650°C for lot No. 
1-B specimens. Arrow denotes grain 
coarsening. Maximum ultimate grain 
size is indicated above arrow. Duplex 
denotes that coarse grains did not 
ultimately consume matrix. 
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Fig. 3—Grain size vs annealing time 
at 625° and 650°C for lot No. 1-C 
specimens. Arrow denotes grain 
coarsening. Maximum ultimate grain 
size is indicated above arrow. Duplex 
denotes that coarse grains did not 
consume matrix. 


grains in the specimens. To obtain rod shaped 
coarse grains the distribution of fine particle in- 
hibitor was changed from a uniform type to a radial 
diffusion gradient type in which the concentration 
of inhibitor increased with distance from the center 
or rod axis. Because the incubation period for grain 
coarsening increased with increase in inhibition, the 
first coarse grain in the specimen formed at the rod 
axis under these conditions and grew to the desired 
rod shape and dimensions if other conditions per- 
mitted. To obtain sufficiently long lengths the coars- 
ening process was carried out by a special tempera- 
ture gradient technique, which was also effective in 
limiting the number of coarse grains. 


Single crystals of diameters up to 0.230 in. and 
lengths up to 4% in. have been prepared by this 
method from many different ingots of high purity 
material. In this report the general procedure for 
preparing single crystals in specimens of 0.162 in. 
diam and some typical results are described. 


Siliconizing Process—The radial concentration 
gradient of inhibitor was produced by diffusing sili- 
con into the bare uranium rods during heat treat- 
ment at 1000°C in evacuated Vycor or fused quartz 
capsules. An unknown reaction occurred between 
the uranium and silica which permitted silicon to 
diffuse concentrically into y uranium in sufficient 
quantities to provide suitable concentration gradi- 
ents within 5 to 10 hr exposure to the vapors. The 
time of exposure to obtain sufficient silicon varied, 
depending for some unknown reason on the lot of 
material as indicated by chemical analyses. Chem- 
ical analyses showed that a 10 to 20 ppm overall 
increase in silicon content was sufficient to prepare 
single crystals of this diameter. In some lots the 
depth of penetration of silicon in the uranium rod 
during the siliconizing process was sufficient to pro- 
duce a satisfactory concentration gradient for ob- 
taining a good yield of single crystals. In other lots 
it was necessary to diffusion heat treat subsequent 
to siliconizing. 

Procedure—The general procedure for preparing 
single crystals was somewhat the same as the pro- 
cedure described above for the study of grain coars- 
ening characteristics. The high purity ingots, cor- 
responding to lot Nos. 1 through 6 in Table I, were 
rolled to 0.337 in. diam rods, which were in turn cut 
into 1 in. lengths. These lengths were processed 
individually according to the schedule outlined be- 
low, which includes all of the steps which may have 
been necessary for a particular lot of uranium. 
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Fig. 4—Growth of long coarse grains in matrix containing 
Pronounced longitudinal banding. Polarized light. X50. Re- 
duced approximately 10 pct for reproduction. 


1) Siliconizing Heat Treatment: The rod was 
electropolished, sealed into an evacuated Vycor or 
quartz capsule, heated at 1000°C for 5 to 10 hr, and 
water quenched. 

2) Diffusion at 1000°C after Siliconizing: In some 
lots further diffusion of the silicon was found bene- 
ficial. The siliconized rod was wrapped in tantalum 
foil to prevent further addition of silicon, sealed in 
vacuum, and heated at 1000°C. 

3) Final Quench Treatment: For each lot there 
existed a particular final quench temperature be- 
. tween 800° and 1000°C which produced the best 
final yield. The rods were heated at this tempera- 
ture for 5 hr, sealed in evacuated glass capsules and 
protected by tantalum envelopes, and water 
quenched. 

4) Swaging: The rods were swaged to 0.162 in. 
diam by the multiple step schedule outlined in the 
previous section. 

5) Preparation of Specimens: The rod was cut 
into 1 in. lengths, one end of which was machined 
to a point with a 30° taper (pencil shape). 

6) Coarsening Anneal: The pencil shape speci- 
mens were sealed in evacuated capsules, recrystal- 
lized at 475°C, and annealed for grain coarsening by 
a special temperature gradient procedure which was 
derived after investigating other methods. The cap- 
sules were first suspended vertically in a steel tube, 
the lower half-length of which was immersed in 
molten lead at 655°C, whereas the upper half was 
water cooled through copper tubing soldered to the 
steel. The height of the specimen was adjusted so 
that the point was at 650°C. The temperature gra- 
dient was such that the top of the 1 in. specimen 
was at approximately 575°C. After about 2 hr in 
this position the capsule was lowered abruptly to 
the bottom half of the tube so that the whole speci- 
men was at 655°C for 50 to 100 hr. 

After the coarsening anneal a layer of very fine 
grains generally existed at the cylindrical surfaces 
so as to form a ring about the coarse grains at a 
cross section, as shown in Fig. 5. This ring of grains 
generally could not be completely absorbed by grain 
growth because of the high inhibitor concentration 
in this area due to siliconizing. When the center of 
the cross section contained one large coarse grain, 
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the outer ring of fine grains was easily removed by 
prolonged macroetching in the trichloracetic electro- 
lyte, so as to leave only the one grain at the cross 
section. Fig. 6 shows a specimen containing five 
cylindrical grains after removal of the fine grained 
surface. This grain was then isolated from other 
grains attached to the ends by mechanical grinding 
on metallographic laps. 

Method for Determining Optimum Processing 
Conditions: Before single crystals could be pre- 
pared from specimens of a given lot of material it 
was necessary to find optimum values of the sili- 
conizing time, diffusion time, and the temperature 
of final quenching. Although the amount of silicon 
pickup by the uranium in a given time appeared to 
vary with the material, the effect did not compli- 
cate matters greatly because the amount of silicon 
was critical only to the extent of having sufficient 
silicon to produce an effective gradient of inhibitor. 
It was found that the presence or absence of suffi- 
cient siliconizing treatment could be determined 
from the thickness of the fine grained ring on the 
specimens after the coarsening anneal. When the 
inhibitor concentration at the surface was sufficient 
to form a fine grained ring of two to four grains 
thickness (0.05 to 0.1 mm), conditions suitable for 
preparing single crystals could be produced by ad- 
justments in the other two factors. An excess of 
silicon over a wide range merely caused an increase 
in the thickness of fine grained ring and, conse- 
quently, a decrease in the single crystal diameters. 
Of the four lots of material only lot No. 6 required 
more than a 5 hr siliconizing treatment. 

The total diffusion time was also apparently not 
too critical in its effect on single crystal yield as 
long as the silicon penetration was sufficiently deep. 
In lot No. 5, for example, the diffusion which oc- 


Fig. 5—Grain size 
distribution after 
grain coarsening at 
a cross section of a 
specimen containing 
a concentration 
gradient of silicon. 
Dark outer ring is 
fine grained and 
light area is single 
coarse grain. Macro- 
etched. X7. 


Fig. 6—Specimen 
containing five 
cylindrical grains 
after chemical re- 
moval of fine grained 
surface. X2. 
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curred during the 5 hr siliconizing time produced an 
inhibitor gradient which was effective in causing 
one coarse grain to grow from the center of the 
specimen cross section. However, the annealed 
specimens from this rod all contained an intermedi- 
ate ring of smaller coarse grains between the cen- 
ter grain and the peripheral ring of fine grains 
which was two to four grains thick. Consequently, 
the single crystals obtained from the grain separa- 
tion process were of relatively small diameter. In 
subsequent treatment of lot No. 5 rods an additional 
5 hr diffusion time was used, subsequent to silicon- 
izing, which was effective in permitting the single 
coarse grains to grow to the fine grained ring, the 
thickness of which was not changed significantly by 
the additional diffusion. In lot No. 6 the diffusion 
which occurred during the 10 hr siliconizing treat- 
ment was not sufficient to prevent a thin intermedi- 
ate ring of relatively small coarse grains from form- 
ing between the large center grains and the surface. 
However, because the total thickness of the peri- 
pheral rings was relatively small, the single crystals 
obtained from this lot were of satisfactory diameter. 
An additional 5 hr diffusion in this lot caused an 
increase in the thickness of the fine grained ring, as 
shown schematically in Fig. 7. 

The yield of single crystals was most significantly 
affected by variations in the final quench tempera- 
ture. For each lot of material there was a particular 
range of final quench temperatures for obtaining 
the maximum single crystal yield. The tempera- 
tures in this range varied within an interval of 
approximately 50°C. In lot No. 6, a final quench 
temperature of 1000°C produced very good results 
and higher final quench temperatures were not 
tried. In specimens of this lot quenched from 900°C, 
no single crystals could be obtained. The specimen 
cross sections consisted of two to four large coarse 
grains with dispersed smaller coarse grains. The 
thickness of the fine grained skin did not vary sig- 
nificantly with final quench temperature. In lot No. 
5 the mean optimum temperature was approxi- 
mately 900°; the 1000°C final quench specimens 
consisted of a mixture of coarse grain sizes with 
entrapped islands of fine grains after the final an- 
neal. Lot No. 4 specimens final quenched from 
800°C produced a very good yield of single crystals, 
and lower final quench temperatures were not ex- 
plored. However, specimens processed with a 850°C 
final quench were entirely fine grained after pro- 
longed final anneals. 

Because the optimum processing conditions could 
not be predicted from chemical analyses of a lot of 
material these factors had to be determined by ex- 
ploration. From experience it became evident that 
the 10 hr total processing time at 1000°C was gen- 
erally sufficient for optimum distribution of the sili- 
con, and that the optimum final quench temperature 
would be between 800° and 1000°C. A procedure 
for finding these conditions was adopted in which 
the first three 1 in. lengths of a new material were 
processed simultaneously, using a 5 hr siliconizing 
time and no further diffusion. The first rod was final 
quenched from 1000°, the second from 900°, and the 
third from 800°C. After swaging and final anneal- 
ing, specimens of each rod were examined to deter- 
mine, first, which of the final quench temperatures 
produced the largest coarse grains and, second, 
whether further siliconizing or diffusion treatment 
was necessary in the processing of subsequent rods 
of the same lot. If the specimens contained a fine 
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Fig. 7—Sketches showing effect of varying silicon distribution 
on grain size distribution after final annealing. Specimen A 
is from rod processed with 10 hr siliconizing time. Specimen 
B is from rod processed with 10 hr siliconizing plus 5 hr 
further diffusion. Dark areas indicate fine grains; dark lines 
simulate twin bands. 


grained ring, indicating sufficient siliconizing treat- 
ment, but no single crystals of any diameter could 
be prepared from three or four specimens of each 
of the rods, further exploration of the final quench 
temperature was carried out. In processing the next 
1 in. length from this lot, a final quench temperature 
50°C above that which appeared to be the best of 
the first three tests was tried. If the single crystal 


Table III. Processing Conditions Which Produced High Yields of 
Single Crystals 


Siliconizing Final Quench 


Lot Time, Hr Added Diffusion Temperature, °C 
3 5 None 860 
4 5 None 800 
5 5 5 Hr 900 
6 10 None 1000 


yield from specimens of a rod was in the order of 
50 pet, a 25°C variation in the final quench tem- 
perature was tried in order to obtain specimens of 
greater yield. 

By this method, the processing conditions neces- 
sary to prepare a high yield of single crystals from 
four different lots of uranium were found, which 
are noted in Table III. The lot numbers correspond 
to those in Table I. 

Metallographic Observations—The inclusions ob- 
served in the specimens due to siliconizing varied 
in number and type depending on the lot of mate- 
rial. In lot No. 3, for example, a high concentration 
of very small gray colored inclusions was found at 
the periphery of the cross sections where the fine 
grains remained after the coarsening anneal. No in- 
clusions were found in the isolated single crystals 
from this lot. In lot No. 4 no inclusions were ob- 
served even in the fine grained ring. Lot Nos. 5 and 
6 contained a second type of inclusion which ap- 
peared larger, darker, and more widely dispersed 
than the first type. The concentrations of these in- 
clusions decreased with distance from the cross sec- 
tion edge, but some were found in the coarse grained 
regions. The isolated single crystals from these lots 
contained a few of these inclusions at the edges. 

Under polarized light examination the single crys- 
tals appeared free of subgrain boundaries. Seldom, 
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Fig. 8—Back reflection Laue pattern from well polished face 
of single crystal; b axis parallel to X-ray beam, unfiltered 
tungsten radiation, and 0.030 in. collimator. 


however, were the crystals completely free of twin 
bands. If the crystal ends were not sufficiently elec- 
tropolished after mechanical grinding numerous 
broad twin bands were observed. After prolonged 
electropolishing (20 to 30 min) some very thin twin 
bands were generally present. 

X-Ray Diffraction Studies—Fig. 8 shows a typical 
back reflection Laue pattern taken with one end 
face of the crystal normal to the X-ray beam. The 
Laue spots were reasonably sharp, showing no evi- 
dence of significant substructure. More refined 
methods for detecting substructure have not been 
applied to these crystals. 

The large grains produced by grain coarsening 
are generally oriented with the [010] direction al- 
most parallel with the rod axis. In approximately 
30 single crystals most of the [010] directions were 
within 15° of this alignment, with a maximum 
deviation of 25°. 


Summary 


A method for preparing single crystals of a urani- 
um has been developed which depends on a dis- 
continuous grain growth phenomenon. For grain 
coarsening to occur it is necessary for high purity 
metal to be fabricated in the a phase, so as to 
produce a fine grained structure after primary re- 
crystallization. Upon further annealing at high 
temperatures in the a phase, 600° to 650°C, a few 
of the fine primary grains will grow almost abruptly 
to coarse grains. 

The tendency for grain coarsening is significantly 
influenced by the variation in y phase heat treatment 
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prior to fabrication. This is attributed to the effect 
of the heat treatment on the dispersion of grain 
growth inhibiting inclusions in the primary recrys- 
tallized structure. These inclusions have the greatest 
grain growth inhibiting effect when they are finely 
dispersed. Grain coarsening is attributed to the 
gradual coalescence or dissolution of these inclu- 
sions during prolonged annealing. 

The largest coarse grains are obtained when the 
concentration of fine inclusions is some optimum 
value, the primary recrystallized grains are of uni- 
formly fine grain size, and the final annealing proc- 
ess is carried out at the highest permissible tem- 
perature. The fine inclusion concentration is con- 
trolled by y phase heat treatment, the quantity in- 
creasing with increase of final quench temperature 
prior to fabrication. The uniformity of primary re- 
crystallized grain size is markedly affected by the 
fabrication schedule; a multiple step schedule has 
been found for producing the greatest uniformity. 

To prepare single crystals of round cross section 
it was necessary to introduce further processing 
prior to fabrication so that after fabrication the grain 
growth inhibiting inclusions would be distributed in 
a radial concentration gradient, increasing from the 
rod axis. This was accomplished by permitting sili- 
con vapors to react with the surfaces of the rods 
during heat treatment in evacuated silica capsules 
at 1000°C. The diffusion penetration of the minute 
quantities of silicon was controlled by the time of 
heating. These rods were then processed so as to 
produce the optimum conditions for growing the 
largest coarse grains, as explained above, using the 
optimum final quench temperature, the multiple step 
reduction schedule, and a temperature gradient final 
annealing method. When appropriate processing 
conditions were used, which varied among different 
lots of high purity uranium, one coarse grain grew 
from the center almost to the edge of a specimen 
cross section. The surface of the specimen was fine 
grained. A number of rod shaped single crystals 
of 4 mm diam and 5 to 10 mm length were prepared 
from such specimens. 
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Elevated Temperature Phase Relationships 
In the Cr-Ni-Mn-N System 


Austenite-austenite plus 8 ferrite phase boundaries have been determined for the 
Cr-Ni-Mn-N system at temperatures of 2100°, 2200°, and 2300°F over the composition 
ranges 15 to 21 pct Cr, 0 to 3 pct Ni, 12 to 18 pct Mn, and 0.25 to 0.45 pct N. The 
structural diagrams permit the selection of ferrite-free stainless compositions containing 


little or no nickel. 


by E. J. Whittenberger, E. R. 


VER the past two decades, the Cr-Ni stainless 

steels, popularly termed 18-8 steels, have been 
used in ever increasing amounts in the aircraft, 
automotive, chemical, transportation, and building 
industries.” The contribution of nickel to these steels 
is associated with its strong austenite forming ten- 
dencies which assure good hot and cold forming 
characteristics, and with its beneficial influence upon 
corrosion resistance, especially in oxidizing acids. 
The adjustment of the chromium and nickel contents 
has been used advantageously in controlling the 
rollability and the response of the mechanical 
properties of these steels to cold reduction. 

With the advent of the jet age and the government 
stockpiling of nickel, considerable emphasis has been 
placed upon the development of satisfactory low 
nickel or nickel-free substitute austenitic stainless 
steels, especially for nonmilitary applications.* Fer- 
ritic 17 pet Cr (AISI Type 430) stainless steel has 
been effectively substituted for the austenitic grades 
in applications with mildly corrosive exposure. 
However, the limited formability and ferromag- 
netic behavior of this grade do not permit its satis- 
factory use for many applications. To achieve bet- 
ter formability in a nonmagnetic steel and conserve 
nickel, a number of low nickel substitute austenitic 
grades of stainless steel have been developed in re- 
cent years. In most of these steels, manganese and 
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nitrogen have been substituted for a portion of the 
nickel content, for example, 17 pet Cr-4 pet Ni-6 pct 
Mn (AISI Type 201), 18 pet Cr-5 pct Ni-8 pct Mn 
(AISI Type 202), and 16 pet Cr-1 pct Ni-17 pct Mn, 
all of which contain approximately 0.15 pct N.* The 
precipitation of 6 ferrite when large ingots of these 
Cr-Ni-Mn-N steels are heated to temperatures high 
enough for conversion to slabs on conventional uni- 
versal slabbing mills has seriously affected the hot 
workability of these steels. This has been especially 
true in the case of the 16 pct Cr-1 pet Ni-17 pct Mn 
(sometimes referred to as 15 pct Cr-1 pet Ni-15 pct 
Mn) composition.° 

Because it is possible that little, if any, nickel will 
be available for nonmilitary stainless steel applica- 
tions in the event of a national emergency, a need 
has existed for a nickel-free austenitic stainless 
steel containing hot and cold forming characteristics 
similar to 18-8 steels and corrosion resistance at 
least comparable to the 17 pet Cr ferritic steel. The 
aforementioned deleterious effect of 6 ferrite upon 
the hot working characteristics of the 16 pct Cr-1 pct 
Ni-17 pet Mn steel indicates the importance of estab- 
lishing the austenite-austenite plus 6 ferrite phase 
boundaries as the first step in the development of 
nickel-free or low nickel substitute steels. This 
paper presents the data collected in an elevated 
temperature constitutional study of the Cr-Ni-Mn-N 
system at the South Works of the United States 
Steel Corp. 


Experimental Procedure 


The 300 compositions used in the investigation 
were melted in a 26 lb induction furnace and cast 
in 344 in. diam by 18 in. tall hot-topped ingot molds. 
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Fig. 1—Microstructure of Cr-Mn-N steels after heating forged specimens 1 hr at 2300°F and water quenching. a) LEFT: 18 pct 
Cr-15 pct Mn-0.45 pct N; no 8 ferrite. b) RIGHT: 18 pct Cr-18 pct Mn-0.30 pct N; 5 pct 6 ferrite. Note grain coarsening in ab- 
sence of 6 ferrite. Electrolytic chromic acid etch. X100. 


The furnace charges consisted of low-metalloid 
scrap, low-carbon 70 pct ferrochromium, low-carbon 
90 pct ferromanganese, and 75 pct ferrosilicon. Elec- 
trolytic nickel was used in melting those composi- 
tions that required nickel. To obtain the necessary 
nitrogen contents, either high-nitrogen (2.0 to 6.0 
pet) 60 pct ferrochromium and/or high nitrogen 
(5.80 pet) electrolytic manganese were used. The 
base composition of all heats produced was approxi- 
mately 0.10 pct C, 0.020 pct P, 0.015 pct S, and 0.50 
pet Si. 

Melting to close nitrogen limits necessitated very 
close control of the nitrogen bath additions. Argon 
gas was used over the bath in the furnace to avoid 
nitrogen pickup from the atmosphere. Very close 
visual observations were made of the ingots after 
casting to determine whether nitrogen gas evolution 
(bleeding) was evident. As-cast sections were cut 
from the top of the ingots (just below the hot top 
junction) to determine whether nitrogen gas poro- 
sity was present. 

Each ingot was forged to %4 in. x 3 in. wide plates. 
Samples % x % x 1 in. were cut from the midway 
position of the forged plates, 6 in. from the end 
representing the bottom of the ingot. This location 
was selected to avoid the positive chemical segrega- 
tion that is generally found in the top portion of 
these laboratory ingots. 

The forged samples were annealed in a laboratory 
muffle furnace in the temperature range from 2100° 
to 2300°F at 100°F intervals for 1 hr at temperature 
followed by water quenching. They were sectioned 
and polished metallographically for determination 
of their ferrite content. For magnetic determination 
of their ferrite content, the samples were prepared 
by machining 1/32 in. from all surfaces to remove 
what appeared to be a nitrided case in which ferrite 
was never found regardless of the ferrite content of 
the interior of the sample. 


The magnetic determinations of ferrite content 
were made with a magnetic torsion balance similar 
to that employed by Tisinai and Samans.* To assure 
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proper calibration, standard samples were prepared 
by compacting homogeneous mixtures of pure iron 
powder and Bakelite powder in a conventional met- 
allographic mounting press. These standards, con- 
taining from 0 to 11 pct Fe (ferrite) by volume and 
of a series of thicknesses ranging from 0.10 to 0.35 
in., were then used to prepare a series of calibration 
curves relating deflection of the magnetic torsion 
balance to percentage of ferrite by volume. This 
was done for each series of sample thicknesses. To 
eliminate error in the magnetic torsion balance 
readings, the magnetic deflections of a number of 
the standard samples were checked against the mas- 
ter calibration curves before and during each set of 
measurements on Cr-Ni-Mn-N samples. 


Discussion of Results 

Typical examples of the microstructures charac- 
terizing these Cr-Ni-Mn-N steels when forged struc- 
tures were solution annealed at 2300°F are shown 
in Fig. 1. While the two steels depicted here con- 
tained no nickel, no significant difference in micro- 
structure was observed for the nickel-bearing steels. 
In general, all steels which contained no 6 ferrite 
exhibited grain coarsening after 1 hr annealing 
treatments at 2200° and 2300°F. However, when 8 
ferrite was present, no appreciable increase in grain 
size occurred. This marked influence of &§ ferrite 
upon grain coarsening behavior is demonstrated in 
Fig. 1. Since austenite grain size was not considered 
to be important in this constitutional study, no pre- 
cise record of grain size vs composition and/or an- 
nealing treatment was made. 

Before presenting experimental results, some rec- 
ognition should be given to potential sources of 
error in the experimental techniques. These would 
be expected to be associated chiefly with precision 
of the chemical analyses and the ferrite measure- 
ments, as well as with the adequacy of the length 
of the annealing treatments in producing the equi- 
librium distribution of phases. 

Chemical Composition—Because of the large 
number of laboratory heats which had to be made 
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to rather precise composition specifications in order 
to establish the elevated temperature phase bound- 
aries, and the practical difficulties associated with 
precise control of the carbon, chromium, nickel, 
manganese, and nitrogen contents, a special bath 
sampling technique was developed for the purpose 
of obtaining chemical analyses prior to the forging 
of the experimental ingots. This procedure con- 
sisted of obtaining a small 1% lb chemical sample 
which was representative of the bath analyses just 
prior to tapping of the heat. If the subsequent 
analyses of this tap sample indicated that the com- 
position would be useful in establishing the elevated 
temperature phase relationships, the ingot was then 
processed as previously described. In the early 
stages of the experimental program, check analyses, 
taken adjacent to the specimens used for metallo- 
graphic and magnetic determinations of the phase 
relationships, were obtained for comparison with 
the analyses of the 142 lb tap samples. Because the 
metallographic and magnetic specimens were taken 
from locations representative of the lower portion 
of the ingots, the agreement between the check 
analyses and the tap analyses was quite good, being 
of the order of +0.01 pct C, +0.01 pct N, and +% 
pet of the total amount of chromium, nickel, or 
manganese present. Because of this agreement 
between check analyses and tapping analyses, the 
latter only were used in the later stages of the 
experimentation. The small compositional errors 
which may have heen introduced by the omission 
of check analyses are not considered to have in- 
troduced any significant error into the phase rela- 
tionships. 

As a result of the minor deviations between the 
actual analyses and the aim compositions needed 
for precise establishment of the phase boundaries, 
some personal judgment was subsequently exercised 
in drawing the final phase boundaries. 

Magnetic Determinations of Ferrite Content—The 
previously described procedure for preparing stand- 
ards which were used in determining magnetic de- 
flection-ferrite content relationships and for subse- 
quently calibrating the magnetic torsion balance 
provided a method for establishing ferrite contents 
which was much more rapid and possessed greater 
accuracy than conventional metallographic tech- 
niques. In the early stages of the work, many com- 
parisons were made between metallographic and 
magnetic determinations of ferrite content. In no 
case was the magnetic determination found to be 
significantly different from the metallographic de- 
termination. 

An important contribution of the metallographic 
examinations, however, was that of indicating fer- 
rite-free cases on samples whose interiors contained 
identifiable amounts of ferrite. This was attributed 
to nitrogen pickup during the solution annealing 
treatment in the air atmosphere of the laboratory 
muffle furnace. Removal of 1/32 in. of material 
from all surfaces of the specimens was found to 
eliminate*the ferrite-free case. Therefore, during 
the entire experimental program, 1/32 in. of mate- 
rial was removed from all surfaces of the specimens 
subsequent to the annealing treatment and prior to 
magnetic determination of their ferrite content. 

Annealing Treatment—To assure that the phase 
relationships determined in this work would ap- 
proximate equilibrium relationships, an initial study 
of the influence of annealing time upon ferrite con- 
tent was carried out. Specimens of unbalanced com- 
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Fig. 2—Structural diagram for 0.00 pct Ni-0.30 pct N steels 
indicating the chromium and manganese contents providing 
0, 3, and 5 pct ferrite after heating for 1 hr at 2300°F and 
water quenching. 


positions, i.e., which would precipitate 6 ferrite at 
elevated temperatures, were subjected to 2100° and 
2300°F annealing treatments for various intervals 
of time. In every case, no detectable change in fer- 
rite content occurred at time intervals in excess of 
60 min. This was not unexpected, since forged struc- 
tures were being annealed in this study and would 
not be expected to require the longer annealing 
treatment necessary for the coarser as-cast struc- 
tures. Therefore, the standard annealing treatment 
used in this work comprised 1 hr at temperature 
followed by water quenching. 

The above-mentioned potential sources of error 
in the establishment of the austenite-austenite plus 
8 ferrite phase boundaries are not considered to pro- 
vide a total error in excess of +1 pct 6 ferrite. This 
total error can best be evaluated by reference to Fig. 
2, where curves representing 0, 3, and 5 pct ferrite 
have been drawn as a function of chromium and 
manganese content in nickel-free steels containing 
0.10 pet C and 0.30 pet N. This diagram shows the 
influence of chromium as a ferrite forming element 
and indicates that, at 2300°F, % pct Cr in excess of 
the limit of austenitic stability will produce approx- 
imately 3 pct 6 ferrite. Such relationships as de- 
picted in the 0 pct ferrite curve were used to portray 
the phase boundaries in the balance of the work. It 
should also be pointed out that the linear nature of 
the phase boundary in the range from 12 to 18 pct 
Mn is in good agreement with the previous work of 
Franks, Binder, and Thompson’ and Krainer and 
Mirt.° 

Phase Relationships—While Franks, Binder, and 
Thompson had determined the austenite-austenite 
plus 8 ferrite phase boundary as a function of chro- 
mium, nickel, and manganese contents, their studies 
were limited to nitrogen contents ranging from 0.08 
to 0.15 pet N. Krainer and Mirt, on the other hand, 
determined this phase boundary in nickel-free steels 
containing chromium, manganese, and nitrogen with 
the nitrogen contents approximating 1/75th of the 
chromium content. Since neither of these investiga- 
tions had determined the independent influences of 
chromium, manganese, and nitrogen, this became a 
major objective of the present experimentation. 

At the outset, it was not known whether sufficient 
manganese and nitrogen could be added to nickel- 
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Fig. 3—Structural diagram for 3.00 pct Ni-0.25 to 0.45 pct N 
steels after heating for 1 hr at 2100°F and water quenching. 
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Fig. 5—Structural diagram for 3.00 pct Ni-0.25 to 0.45 pct N 
steels after heating for 1 hr at 2300°F and water quenching. 
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Fig. 7—Structural diagram for 2.00 pct Ni-0.25 to 0.45 pct N 
steels after heating for 1 hr at 2200°F and water quenching. 
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Fig. 4—Structural diagram for 3.00 pct Ni-0.25 to 0.45 pct N 
steels after heating for 1 hr at 2200°F and water quenching. 
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Fig. 6—Structural diagram for 2.00 pct Ni-0.25 to 0.45 pct N 
steels after heating for 1 hr at 2100°F and water quenching. 
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Fig. 8—Structural diagram for 2.00 pct Ni-0.25 to 0.45 pct N 
steels after heating for 1 hr at 2300°F and water quenching. 
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free steels containing 15 to 21 pet Cr to make them 
completely austenitic at 2300°F. Therefore, initial 
compositions included manganese contents up to 18 
pet and nitrogen contents up to 0.50 pet. It soon 
became apparent that the solid solubility for nitro- 
gen depended to a large extent upon the chromium 
and manganese contents. To obtain a qualitative 
measure of the solid solubility for nitrogen, each 
ingot was sectioned approximately 1 in. below the 
hot top junction to examine the internal structure 
for nitrogen gas porosity. Since nitrogen solubility 
was not an objective of this program and because 
such information is difficult to portray on the struc- 
tural diagrams, only qualitative observations of the 
solid solubility for nitrogen are possible. 

In general, an ingot containing 17.50 pet Cr and 
12.50 pet Mn did not exhibit bleeding (nitrogen gas 
porosity) when the nitrogen content was 0.35 pct or 
less. Increasing the chromium and/or manganese 
contents appeared to increase the solid solubility for 
nitrogen. For example, a steel containing 17.50 pct 
Cr, 15.00 pet Mn, and 0.45 pct N did not exhibit 
nitrogen gas porosity when cast in air. Usually, com- 
positions approaching the phase boundaries to be 
portrayed in the balance of this paper did not con- 
tain gas porosity. However, it should be cautioned 
that decreasing either the chromium or the manga- 
nese contents usually resulted in bleeding ingots. 

A typical structural diagram demonstrating the 
chromium and manganese contents corresponding to 
the austenite-austenite plus 6 ferrite phase boundary 
at nitrogen levels ranging from 0.25 to 0.45 pet in 
0.05 pet increments is presented in Fig. 3. The po- 
tent influence of nitrogen as an austenite stabilizer 
can readily be discerned in this figure. The addition 
of each 0.05 pct N makes possible an increase in 
chromium content of approximately 0.60 pct without 
precipitation of 6 ferrite in steels containing 3 pct 
Ni at 2100°F. It should also be pointed out that in- 
creasing the manganese content actually decreases 
the austenite stability slightly, i.e., reduces the 
amount of chromium which can be tolerated with- 
out the precipitation of 6 ferrite. Similar relation- 
ships in 3 pct Ni steels at 2200° and 2300°F are pre- 
sented in Figs. 4 and 5, respectively. Since, in the 
rolling of large commercial ingots, heating at 2300°F 
is desirable, the latter figure indicates that no diffi- 
culty from ferrite precipitation would be encoun- 
tered in a steel containing 18 pct Cr, 3 pct Ni, 12 to 
18 pet Mn, and 0.30 pct N. 

The structural diagrams for 2 pct Ni steels at 
2100°, 2200°, and 2300°F are presented in Figs. 6, 7, 
and 8. Comparisons of these diagrams with those 
for the steels containing 3 pct Ni at the correspond- 
ing temperatures (Figs. 3, 4, and 5, respectively) 
indicates that reduction in nickel content from 3 to 
2 pct lowers the allowable chromium content for a 
completely austenitic structure by approximately 1 
pet. On the other hand, this loss of austenite sta- 
bility may be compensated for by the use of an 
additional 0.05 pct N. 

At the pct Ni level, Figs. 9, 10, and 11, austenite- 
austenite plus 5 ferrite phase boundaries are low- 
ered by an additional % pct Cr. Again, compensa- 
tion for the decrease in nickel content can be made 
by the use of an additional 0.05 pet N. The trend of 
reduced austenite stability with increased manga- 
nese content has not been significantly altered by 
the progressive reduction in nickel content. This 
observation explains the commercial advantages of 
changing the original 16 pct Cr-1 pct Ni-17 pct Mn 
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composition to 15 pet Cr-1 pct Ni-15 pet Mn to im- 
prove hot workability. Although these steels con- 
tained only 0.15 pct N, these structural diagrams 
suggest that decreasing both the chromium and 
manganese contents reduced or eliminated the 8 fer- 
rite present at hot rolling temperatures. Since in- 
creasing the manganese content from 12 to 18 pct 
consistently failed to enhance austenite formation, it 
follows that the only advantage found for the higher 
manganese contents in this study was that of in- 
creasing the solid solubility for nitrogen. 

The final set of structural diagrams, Figs. 12, 13, 
and 14, shows the phase relationships in nickel-free 
steels. It can readily be seen in Fig. 14 that, at 
2300°F, a steel containing 17.50 pct Cr, 14.50 pct 
Mn, and 0.40 pet N* would not contain 6 ferrite. 


* Patent applied for by the United States Steel Corp. The trade- 
name is USS Tenelon. 


Manganese contents below 14 pct might provide 
nitrogen gas evolution during solidification and 
produce internal unsoundness. For applications 
where lower chromium contents can be tolerated, 
lower nitrogen contents, for example, 16 pct Cr and 
0.30 pet N, would provide completely austenitic 
structures at 2300°F. 

An evaluation of the influence of temperature 
upon the austenite-austenite plus 6 ferrite phase 
boundary can be made by comparing the positions 
of the boundaries representing 2100°, 2200°, and 
2300°F equilibria for each level of nickel and nitro- 
gen investigated. This effect is important commer- 
cially, where the highest permissible heating tem- 
peratures are used in hot working operations to 
minimize or eliminate expensive reheating pro- 
cedures. The structural diagrams, Figs. 3 through 
14, indicate that, in the temperature range from 
2100° to 2300°F, austenite stability is reduced the 
equivalent of approximately 0.25 pct Cr for each 
100°F increase in temperature. This loss in austenite 
stability could be offset by the presence of an addi- 
tional 0.02 pct N or 0.40 pct Ni. This is a graphic 
example of the necessity for regulating the maxi- 
mum heating temperature of commercial heats of 
the less stable austenitic stainless steels according 
to chemical composition.’ 

The relative austenite forming abilities of nickel 
and nitrogen in these Cr-Ni-Mn-N steels are given 
in Fig. 15. This diagram shows the austenite- 
austenite plus 6 ferrite phase boundaries at 2300°F 
as a function of chromium, nitrogen, and nickel con- 
tent in steels containing 0.10 pet C and 15.50 pet Mn. 
The curves indicate that, in these steels, approxi- 
mately 0.05 pet N is equivalent to 1 pct Ni in pre- 
venting 6 ferrite precipitation. Certainly these re- 
sults predict greater use of nitrogen as an austenite 
former in stainless steels of the future. 


The development of these elevated temperature 
phase relationships in 0.10 pct C low nickel or 
nickel-free stainless steels permits the selection of 
various compositions (chromium, nickel, manganese, 
and nitrogen contents) which will be completely 
austenitic at hot working temperatures. Of course, 
many physical properties, such as tensile properties, 
weldability, formability, and corrosion and oxida- 
tion resistance of such new steels must be evaluated 
prior to their commercial adoption. Successful de- 
velopment of these new steels necessitates the close 
cooperation of the steel-producing, fabricating, and 
consuming industries. 
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Fig. 9—Structural diagram for 1.00 pct Ni-0.25 to 0.45 pct N 


steels after heating for 1 hr at 2100°F 


and water quenching. 
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Fig. 10—Structural diagram for 1.00 pct Ni-0.25 to 0.45 pct 
N steels after heating for 1 hr at 2200°F and water quench- 
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Fig. 11—Structural diagram for 1.00 pct Ni-0.25 to 0.45 pct 
N steels after heating for 1 hr at 2300°F and water quench- 
ing. 
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N steels after heating for 1 hr at 2100°F and water quench- 
ing. 
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Fig. 13—Structural diagram for 0.00 pct Ni-0.25 to 0.45 pct 
N steels after heating for 1 hr at 2200°F and water quench- 
ing. 
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Fig. 14—Structural diagram for 0.00 pct Ni-0.25 to 0.45 pct 
N steels after heating for 1 hr at 2300°F and water quench- 


ing. 
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Summary 


This elevated temperature (2100° to 2300°F) 
constitutional study of the Cr-Ni-Mn-N system over 
the composition ranges 15 to 21 pct Cr, 0 to 3 pet Ni, 


12 to 18 pet Mn, and 0.25 to 0.45 pet N has shown 
that: 


1) Increasing amounts of nitrogen and nickel con-_ 


tribute strongly to austenite formation, while chro- 
mium strongly promotes and manganese weakly 
promotes 6 ferrite formation. 

2) One half pet Cr in excess of the limit of aus- 
tenite stability at 2300°F will produce approximate- 
ly 3 pct of the 8 ferrite. 

3) Increasing the nitrogen content by approxi- 
mately 0.05 pct is as effective as an increase of 1 pct 
Ni content in enhancing austenite formation at 
2300°F. Either addition permits an increase in 
chromium content of approximately 0.60 pct without 
decrease in austenite stability. 

4) Increasing amounts of both chromium and 
manganese are effective in enhancing the solid solu- 
bility of these steels for nitrogen. Since manganese 
mildly decreases austenite stability, the principle 
advantage of higher manganese content is its bene- 
ficial influence on nitrogen solubility. 

5) The effect of temperature in the range from 
2100° to 2300°F is to shift the austenite-austenite 
plus 6 ferrite phase boundary to lower chromium 
contents, i.e., a 0.25 pet lower chromium content for 
each 100°F increase in temperature. 

6) A nickel-free stainless steel containing 0.10 
pet C, 17.50 pet Cr, 14.50 pct Mn, and 0.40 pct N is 
completely austenitic at hot working temperatures 
as high as 2300°F. 
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Fig. 15—Effect of nitrogen, nickel, and chromium upon the 
austenite stability of 15.50 pct Mn steels heated for 60 min 
at 2300°F and water quenched. 
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ONSIDERABLE confusion exists in the ltera- 
ture concerning the phase transformations ex- 
hibited by the lighter rare earth metals; namely, 
lanthanum,’* praseodymium,” and 
neodymium."*"*" To obtain further information 
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concerning these phenomena the electrical resis- 
tivities of the above-mentioned metals of high pu- 
rity were investigated as a function of temperature. 
Whereas earlier resistivity work””*™ was limited to 
maximum temperatures of about 750°C, this study 
was carried out to temperatures very close to the 
melting points of the respective elements. 


Experimental 


Sample Preparation—The metals were prepared 
in the Ames Laboratory by methods reported ear- 
lier.” After casting the metal in %-in. diam Ta 
crucibles and subsequently machining off the tan- 
talum, the samples were reduced in size by repeated 
rolling and swaging. The specimens were periodi- 
cally annealed in vacuo at about 300°C and cleaned 
with a 5 pet HNO, solution before and after each 
size reduction. The final approximate dimensions of 
the samples were 5 in. in length and 1/16 in. in 
diam. 
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Method—tThe dc potentiometric method was used 
for determining the electrical resistance values at 
various temperatures. A constant current source 
furnishing 100 +0.01 ma was employed in addition 
to a precision potentiometer, galvanometer, and 
standard 1-ohm resistance. The samples were placed 
in a high vacuum system in which a pressure of 
not greater than 2 x 10° mm Hg was maintained 
and were heated in a 30-in. long Kanthal-wound re- 
sistance furnace which kept the entire specimen at 
a uniform temperature. Heating and cooling rates 
of approximately 2°C per min were employed ex- 
cept in regions where anomalous behavior was sus- 
pected. In these ranges the rates were decreased to 
about 0.5°C per min. The samples were cycled at 
least two times to induce homogeneity and remove 
the strains incurred on fabrication. All electrical 
connections to the rare earth metals were made with 
tantalum to avoid contamination. A _ calibrated 
Chromel-Alumel thermocouple was used to deter- 
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mine the temperature, which ranged from room 
temperature to within 20° to 100°C below the melt- 
ing points of the metals studied. The distance, L, 
between potential probes was measured with a Gen- 
eral Electric vernier scale illuminator, and a metric 
micrometer was used to obtain the radius, r, of the 
specimen. Knowing the value of the resistance, R, 


Table |. Electrical Resistivities and Phase Transformation 
Temperatures of Lanthanum, Cerium, Praseodymium, and 


Neodymium 
Transfor- 
mation 

at 25°C x 106 - 

Element Purity, Pct Ohm-Cm Siereee 

La 99.8 56.8 320 to 340 
864 
Ce 99.9 75.3 730 
Pr 99:9 68.0 792 
Nd 99.8 64.3 862 


from the emf measurements, the resistivity, p, was 


calculated from the relationship —— An 


error of no greater than 1 pct was estimated for 
any one resistivity value. After examination the 
X-ray diffraction pattern of each metal was ob- 
tained with a Norelco diffractometer unit. Each 


specimen was also spectrographically analyzed for. 


other rare earths and common impurities. 


Results and Discussion 
Due to strains incurred on fabrication of the metal 
rods the electrical resistivities during the initial 
heating trial were appreciably greater than those 


Table II. Lattice Constants for Lanthamum, Cerium, Praseodymium, 
and Neodymium 


Lattice Constants, 
A 


Metal Structure a Cc 
La, room temperature Hexagonal 3.770 12.159 
La, above 340°C Face-centered-cubic youl 
Ce Face-centered-cubic 5.1612 
Pr Hexagonal 3.672 11.835 
Nd Hexagonal 3.658 11.799 


obtained on cooling and subsequent cycling. Repro- 
ducibility was achieved in the second thermal cycle 
and it is those values that are graphically illustrated 
in Figs. 1 to 4. As can be observed, cerium, praseo- 
dymium, and neodymium were found to exhibit 
only one phase transformation, whereas lanthanum 
showed two such phenomena. The discrepancy be- 
tween the heating and cooling curves of cerium in 
Fig. 2 are due to temperature fluctuations during 
the cooling measurements. A subsequent recycle 
through the region from room temperature to 
600°C gave the same results on heating and cooling 
as is shown on the heating curve of Fig. 2. The val- 
ues of the electrical resistivities of the metals at 
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25°C, their purities, and their transformation tem- 
peratures are given in Table I. It is interesting to 
note that many of the values cited in the literature 
for the melting points of these elements are very 
close to the tabulated high temperature phase tran- 
sitions. 

Lanthanum, praseodymium, and neodymium were 
found to have a room temperature structure that 
was hexagonal, with stacking sequences along the c 
axis of ABAC,” as has been found previously for 
neodymium by Ellinger* and Behrendt”. This is 
essentially a close-packed structure with a c/a ratio 
twice as large as that previously reported for lan- 
thanum and praseodymium. Cerium was found to be 
entirely face-centered-cubic with a lattice constant 
in agreement with previous values in literature. A 
detailed account of crystallographic studies of the 
rare earth metals may be found in another paper 
from this laboratory.” The lattice constants for 
lanthanum, cerium, praseodymium, and neodymium 
are given in Table II. 

High temperature crystallographic studies still in 
progress have shown the intermediate phase of lan- 
thanum to be face-centered-cubic with a lattice 
parameter of a= 5.31A. Cerium, praseodymium, 
and neodymium retain their room temperature 
structures up to their respective high temperature 
transitions. The high temperature forms of these 
metals that exist up to their melting points have not 
been identified, but from the very large resistivity 
anomalies exhibited at the high temperature trans- 
formations, these are expected to differ significantly 
from the low temperature modifications. 
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Temperature Dependence of the Hardness Of 


Secondary Phases Common in Turbine Bucket Alloys 


Representative examples of the most common types of secondary phases in turbine 
bucket alloys have been synthesized in bulk and their hardness measured from room 
temperature to 800°C. It is concluded that high hot hardness of the dispersed phase is 
an important factor in the high temperature strength of alloys but that other (as yet not 
explicitly identified) factors are also significant. 


by J. H. Westbrook 


NTIL very recently the development of high 
temperature alloys has been strictly empirical. It 
is, in fact, a great tribute to the intuition, persever- 
ance, and industry of the practicing metallurgists of 
this country and abroad that the amazing increases in 
gas turbine service temperature over the past 15 
years have been achieved with so little fundamental 
knowledge. The result of this development has been 
the realization of successful but highly complex al- 
loys possessing five, six, or more alloying elements 
and correspondingly complex microstructures. 
Within the last few years, considerable effort has 
been devoted to the identification of the secondary 
phases in these alloys and to the correlation of the 
presence or absence of such phases with alloy prop- 
erties. Little attention, however, has been given the 
problem of identification of the mechanism(s) by 
which such phases enhance the properties of the 
alloy and especially to the assessment of the partic- 
ular properties of the secondary phase (either in- 
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trinsic or relative to the matrix phase) which are 
basically responsible for the improvement. Con- 
ceivable mechanisms which might apply include dis- 
persion hardening and precipitation hardening. In 
both cases geometrical factors—particle size, disper- 
sion, volume fraction, ete.—and agglomeration re- 
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sistance are recognized to be of major importance, 
yet properties of the secondary phases must also 
play a role whose significance cannot presently be 
evaluated. These properties presumably include 
high strength of the dispersed phase at the service 
temperature and, for the precipitation systems, high 
matrix lattice strain without loss of coherency. Data 
are not available, however, to assess the importance 
of high temperature strength of the dispersed phase 
to the high temperature performance of the whole 
alloy. 

In order to fill this gap in our knowledge, it was 
decided to measure the temperature dependence of 
hardness of a large group of secondary phases in 
- turbine bucket alloys up to and including the pres- 
ent service temperature. Then, according to the 
general hardness level and spectral distribution of 
hardness values, it might be decided if hardness of 
secondary phases at temperature is a primary, con- 
tributing, or inconsequential factor to the high tem- 
perature strength of an alloy. For example, finding 
that the high temperature hardness of the secondary 
phases was uniformly high relative to that of the 
matrix would be strong evidence that this is a ma- 
jor factor in the high temperature strength of the 
alloy. On the other hand, a wide spectrum of high 
temperature hardness values among the secondary 
phases would indicate that this property is only a 
contributing or even inconsequential factor, accord- 
ing to whether the range of hardness values was 
found to fall substantially above or approximately 
spanning the matrix hardness level. 

Availability of high temperature hardness data on 
such compounds would also be of aid to those de- 
veloping: new cermet type compositions embodying 
large volume fractions of compounds of this type.*” 

The important secondary phases which have been 
identified in some of the prominent high tempera- 
ture alloys are summarized in Table I. Compositions 
and properties of most of these alloys have recently 
been tabulated by Krivobok and Skinner.” The most 
frequently encountered phases can be divided into 
three groups and number no more than three or 
four types in each group. This classification and the 
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specific compounds selected for study are shown in 
Table II. 

Of the compounds listed in Table II, the cubic 
monocarbides and carbonitrides were eliminated 
from consideration in the present program since a 
detailed study of all of the cubic monocarbides is 
being made separately. Many variations are possible 
for each of the other compounds listed which were 
not considered in the present investigation for rea- 
sons of simplicity. These variations include both 
simple and high order isomorphs as well as complex 
solid solution compounds. Choice was made instead 
of representative prototypes of each structure. In 
addition, specimens were obtained of two actual 
high temperature alloys, S-816 and Jetalloy 1650, 
for purposes of hardness level comparison. * 


* The author is indebted to T. A. Prater for these samples. 


Experiment 


Preparation of Samples—Approximately 100 g 
samples of the selected phases were prepared by 
cold crucible are melting in the manner described 
in a previous paper.” Following this, all samples 
were given a homogenization anneal of 8 hr about 
100°C below the respective melting points or tem- 
peratures at which the first liquid phase formed. 
Phases known to form by solid state reaction were 
given additional long time equilibration anneals im- 
mediately below their formation temperature. Con- 
siderable difficulty was experienced in many in- 
stances in achieving single phase materials satisfac- 
torily even though composition control in the melt- 
ing process was excellent, as indicated by chemical 
analysis. The root of the problem apparently lies in 
the extremely narrow composition range for many 
compounds and from uncertainties in the published 
phase diagrams. These difficulties were surmounted 
in most cases either by making up several alloys 
bracketing the nominal composition of the phase 
under consideration or by remelting a single heat 
with very small additions of the components as 
guided by metallographic examination. Special 
problems and observations arising from the prepara- 
tion of specific phases are discussed below in refer- 
ence to the individual cases. Positive identification 
was made for every sample by X-ray diffraction pat- 
terns. It might incidentally be pointed out that, in- 
sofar as the author is aware, this is the first time 
that many of the phases considered have been syn- 
thesized in bulk. The availability of these speci- 
mens will now permit measurement of other prop- 
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Fig. 4—Micrograph of eFe;Mos, second phase iron. Etched 
with acetic plus nitric acids. X500. Reduced approximately 
15 pet for reproduction. 


erties of interest, outside the scope of the present 
paper. 

Hardness Testing—Indentation hardness measure- 
ments were made on all samples with a Vickers 
pyramidal indenter and a 200 g load on a micro hot 
hardness tester of modified Bergh design.™ The test- 
ing procedure was identical to that previously em- 
ployed” except that the indenter material was varied 
according to the hardness and high temperature 
reactivity of the compound being tested.” The in- 
denter materials used included diamond, sapphire, 
boron carbide, and titanium diboride. 

Hardness-temperature curves were run at least 
twice on each sample to ensure that surface work 
hardening effects had been eliminated.” The re- 
duced data were finally plotted for convenience on 
a semilogarithmic scale.” 


Results and Discussion 

The principal experimental results are presented 
in the curves of Figs. 1 to 3 and may be compared 
with the behavior of typical high temperature al- 
loys shown in Fig. 3. Representative micrographs of 
the phases prepared are depicted in Figs. 4 to 6. 
Comparison of the properties of the compounds is 
facilitated by the bar graphs of Fig. 7, which show 
the relative properties at room temperature and at 
800°C, approximately the present service tempera- 
ture. A number of general observations may be 
made, viz.: 

1) At room temperature, a wide spectrum of 
hardness levels is found. 

2) Except for Ni,Al all compounds studied are 
significantly harder at room temperature than the 
typical high temperature alloy. 

3) At 800°C the total spread in hardness values 
among the group is reduced considerably but dis- 
tinct differences in hardness still exist between in- 
dividual phases. 

4) All compounds studied are significantly harder 
at 800°C than the typical high temperature alloy. 

5) The compounds vary widely in their ability 
to retain their low temperature hardness at high 
temperatures, either absolute or homologous. How- 
ever, some striking reversals emerge from such 
comparisons. The outstanding ability of some com- 
pounds of only moderate melting point to retain a 
high fraction of their low temperature hardness at 
high homologous temperatures, e.g., Ni,Al and Co,Ti, 
suggests further inquiry into the source of the re- 
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sistance of their bonding to thermal forces. On the 
other hand, the high hardness at 800°C of com- 
pounds such as the chromium carbides appears to 
be a direct reflection of their melting point and does 
not seem to imply unusual temperature dependence 
of bond strength. 

6) These results constitute some of the highest 
hardness values at high temperatures yet reported. 
A comparison of some of the harder compounds 


Table |. Common Microconstituents in High Temperature Alloys 


Refer- 
Principal* Identified ence 
Type Alloy Microconstituents No. 
Cr-Ni steels A-286 Laves, NisTi, 10 
G (Ni, Ti, Si) at 
16-25-6 MebC, MzsCe, CrMONe, 13 
Fe;Nby, Fez (Mo, W)6 14 
Fe,Nb;Sis 15 
G-18B Nb (C, N) , MesCoe, MeC 
15-15N Nb (C, N), Laves 16 
(MgZne type) 
Cr-Mo stainless Laves-FeeTi (MgZnz2 18 
type) , x 19, 20 
21 
22 
Cobalt base 422-19 CresCe, CrsCo, 15 
Cr7zC3, McC 23 
24 
H.S.-21 Cro3Ce, Cr7Cs, McC, 25 
CreCo 24, 26 
15 
27 
23 
1-336 MeC, Nb(C, N) , MosCe 
X-63 CrozCe, CroN 24 
X-40 CrosCe 
S-816 NbC, MeC 
23 
14 
J-alloys CrsC2, McC, 24 
TaG; Cr7C3 23 
E-32 M23Ce, NbC 28 
Nickel base Inconel X TiN, NbN, M23Co, 14 
NisAl 15 
Inconel X-500 NisAl, Mc6C 29 
Inco 700 NisAl, MeC 29 
Waspaloy NisAl, McC, Ti(C, N) 29 
M-252 McC, MoeTi, Ti(C, N) 
Nimonic 80 NisAl 30 
31 
Jetalloy 1570 NisTi, MeC, Fez7Moe 32 
Mixed base N-155 Cr7C3, MosCe, 15 
Nb (C, N), Fe2W 23 
(Laves) 16 
14 
Chromium 60-25-15 o, 33 
base, devel- Cr-Mo-Fe 34, 35 
opmental 


* Not all compounds listed have been found by every investigator 
even for the same conditions of heat treatment. 


studied in this investigation with those reported for 
other hot-hard materials is given in Table III. 

Detailed discussion of the experimental results on 
particular phases follows. 

Chromium Carbides, Cr,C, and Cr.,C,—These two 
chromium carbides were chosen as prototypes of the 
M,C, and M.,C, type carbides, frequently found in 
high temperature alloys. The third chromium car- 
bide, Cr,C,, while important as a new base compo- 
sition for cutting tools, is not ordinarily found as a 
constituent of high temperature alloys. No partic- 
ular difficulties were encountered in preparing these 
compounds by are melting. There appears to be lit- 
tle to choose between these two carbides on the 
basis of their 800°C hardness as shown in Fig. 1. 
While Cr,C, has the higher melting point and pos- 
sibly more complex crystal structure, its hardness 
appears to be decreasing more rapidly at high tem- 
peratures than does that for Cr.,C,. Lane and Grant” 
have presented evidence that during the aging of 
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Fig. 5—Micrograph of NisTi; oxide inclusions present. 
Etched with HF plus HNO, plus water. X500. Reduced ap- 
proximately 15 pct for reproduction. 


certain high temperature alloys primary Cr,C, de- 
composes to Cr.,C, and free carbon, which in turn 
reacts with matrix to form more Cr..C,. In view of 
the present observation that Cr.,C, is not signifi- 
cantly harder than Cr,C, at the service temperature, 
the improved high temperature properties cbserved 
in alloys in which this aging reaction occurs must 
be attributed instead to changes in the amount 
and/or size distribution of the carbides. There is 
no apparent explanation for the lack of agreement 
between the room temperature hardness values for 
the chromium carbides and those reported in the 
literature as shown in Table IV. 

Laves Phases, Fe.Ti and Co.Ti—Structurally there 
are three types of AB, Laves phases distinguished 
by the stacking arrangements of tetrahedra of A 
atoms and designated as the MgZn., MgNi,, and 
MgCu, types. Only the MgZn, and MgCu, types are 
represented among the secondary phases in high 
temperature alloys although it has been claimed that 
the MgNi, type exists as a polymorph in Co,Ti and 
certain others. Recent evidence indicates that these 
last results were probably occasioned by the pres- 
ence of impurities.” Fig. 1 indicates that there ap- 
pears to be little difference in the hardness-tempera- 
ture behavior of the two compounds tested. Co,Ti 
(MgCu, type) is slightly harder at room tempera- 
ture than Fe.Ti (MgZn, type) but the reverse is 
true at 800°C. Although these differences are rela- 
tively small it would be interesting to know if these 
result from the difference in stacking arrangement 
or from the substitution of iron for cobalt atoms in 
an approximately equivalent structure. As may be 
noted from Fig. 1, both compounds are outstanding 
in their ability to retain hardness at high homo- 
logous temperatures. The room temperature hard- 
ness measured for Fe.Ti agrees satisfactorily with 
the value (637 kg per sq mm) found by Arbiter.’ 

A.B Compounds, Ni,Al and Ni,Ti—These two 
compounds may, in fact, be more closely related 
than would appear from a superficial consideration 
of their crystal structures. Nickel forms the cubic 
Cu.Au structure not only with aluminum and silicon 
but also with several of the other transition metals 
from its own period in the periodic table. Yet when 
one progresses far to the left, the structure be- 
comes first tetragonal with vanadium and then hex- 
agonal with titanium. In addition, when both titani- 
um and aluminum are present in nickel base alloys, 
these two structures are usually competitive. It will 
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Fig. 6—Micrograph of 12Fe2Mo.C, heat tinted after mechani- 
cal polish. Second phase present, y:FesMosC. X500. Reduced 
approximately 15 pct for reproduction. 


be observed from Fig. 1 that the hardness behavior 
of these two compounds differs radically. Ni,Ti, al- 
though almost three times as hard as Ni,Al at room 
temperature, becomes about equal to Ni,Al at 800°C. 
Its hardness-temperature curve has a definite slope 
right from room temperature. On the other hand, 
the hardness curve for Ni,Al shows an anomalous 
imerease in hardness with increasing temperature, 
reaching a maximum at about 500°C. This surpris- 
ing result was carefully checked and found to be 
completely reproducible. Although several possible 
sources of this anomaly were investigated no un- 
equivocal explanation could be established. Further 
study is indicated. The conclusion of Hignett* and 
Nordheim and Grant” that Ni,Al is the preferred 
precipitate in the case of Ni-Al-Ti alloys is sup- 
ported by the present results. Guard and Prater,” 
however, have developed an outstanding high cobalt 
austenitic alloy strengthened by precipitation of 


Table Il. Compounds Selected for Study 


Compound Melting 
Group Type Selected Point, °C 
Carbides Mo23Ce CrogCo 1518 
MeC (n) Fe;MooC NL ~1400 
Fe2MouC ~1400 
Cr7zC3 Cr7zC3 1728 
M (C, N) None, see text — 

Intermetallics of Cor fo FeCr 1520 
base elements Lo CoCr 1470 
Intermetallics with x FesggCriz2Moio 1490 
incongruous elements € Fe;Mos¢ 1480 
A3B f NisTi 1378 
| NisAl 1395 
Laves FeeTi (MgZn» 1530 

type) 
CoeTi (MgCuz 1250 

type) 


Ni,Ti. The improved performance may result either 
from strengthening of the compound by solid solu- 
tion alloying with cobalt or from the effects of cobalt 
on some matrix-precipitate relationship. It is also 
of interest to note that Ni,Ti has recently been 
found to be a potent hardener for zinc base alloys.” 

The o Phases, FeCr and CoCr—A highly complex 
tetragonal structure, o, essentially the same as that 
for B-uranium, is perhaps the most common inter- 
metallic type among the transition metals aside 
from the Laves phases. The rules for its formation 
are as yet poorly understood. It was originally 
planned to study only o-FeCr, but when difficulty 
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Fig. 7—Comparison of the room temperature and 800°C 
hardness values for representative secondary phases and a 
typical high temperature alloy. 


was experienced in obtaining a single phase speci- 
men (the reaction is quite sluggish at 800°C, ap- 
proximately the critical temperature) o-CoCr was 
added to the group of compounds under study. The 
o-CoCr forms at relatively high temperatures and 
no difficulty was experienced in obtaining a satis- 
factory specimen. Ultimately, a specimen of o-FeCr 
was also obtained single phase by a treatment of 
200 hr at 750°C following 15 pct cold deformation. 
In the course of preparation of a y phase specimen 
from the Fe-Cr-Mo system (see below) a satisfac- 
tory single phase was achieved. It was surprising 
to learn from the X-ray pattern that the sample 
was o rather than x, since the findings of McMullin 
et al.” and of Goldschmidt* indicate x to be stable 
over a range of temperatures, at least 800° to 
1000°C. The stability of o in this composition with 
high annealing temperature (~1400°C) was verified 
and a hot-hardness run made in the o condition. See 
further discussion below. As shown in Fig. 2, the 
three o phases have essentially the same room tem- 
perature hardness but vary considerably in their 
high temperature hardness. The o-FeCr softens 
quite rapidly in the 600° to 800°C range, due, no 
doubt, to the close approach to its critical tempera- 
ture. The o-CoCr softens somewhat more slowly 
and the complex o-FeCrMo very much less. This 
latter result may be due to a further ordering of 
atoms among the five types of crystallographic posi- 
tions in the structure.” Hardness data for the vari- 
ous o phases are compared with literature values 
in Table IV. 

The y Phase, Fe,,Cr,,.Mo,—The existence of a new 
intermetallic phase with the a-manganese structure 
was first reported by Andrews”” and subsequently 
prepared by McMullin et al.” as an equilibrium 
single phase alloy in the Fe-Cr-Mo system. Accord- 
ing to the findings of McMullin et al.,” verified by 
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the structure study of Kasper,” the ideal composition 
for x phase in this system may be written as 
Fe,Cr.Mo,. As indicated previously, this compo- 
sition as first prepared by a homogenization anneal 
at 1400°C was found to have the o structure. How- 
ever, a subsequent anneal of 200 hr at 815°C con- 
verted this sample wholly to x. 

This result provides an interesting sidelight on the 
Fe-Cr-Mo phase equilibria and may reveal a hither- 
to unsuspected relation between the o and x struc- 
tures. In the Fe-Mo binary, o is stable only above 
1180°C; and in the Fe-Cr system, only below 815°C; 
yet o is apparently the stable phase at about 1400°C, 
near the midpoint of the quasibinary; and x in the 
800° to 1000°C range. The y must therefore intrude 
itself into the phase space of o, perhaps as shown in 
Fig. 8, an adaptation of a figure by Bickle.” This 
result has interesting implications with respect to 
the relative stability of o and x structures, as well 
as with respect to the ordering of atoms in o phase. 

The temperature dependence of hardness of x- 
FeCrMo is compared in Fig. 2 with that for the same 
composition with the o structure. The room tem- 
perature hardness of both structures is about 1000 
kg per sq mm, but the o form is significantly harder 
at 800°C and appears to be softening more slowly 
with temperature than the x form. There was no 
indication of transformation from one form to an- 
other during the course of the hardness tests. The 
hardness data for x phase are compared with litera- 
ture values in Table IV, together with data for o« 
phase of comparable composition. 

M,C Carbides, Fe,Me.C and Fe.Mo,C—The M,C 
carbides have long been recognized as significant 
phases not only in high temperature alloys but also 
in cemented carbides and high speed steels. Re- 
cently it has become apparent that the structure is 


Table II]. Comparison of 800°C Hardness of Various Hot-Hard 


Materials 
Hardness, 
Material Kg per Sq Mm Reference No. 
WC + TiC + Co 950* 40 
ni FeaMoeC 930 This study 
WC + Co 850* 40 
Cr7Cs 780 This study 
O-30 cemented oxide 7507 67 
nz Fex2MoiC 720 This study 
700 This study 
o-FeCrMo 660 This study 
CrosCo 650 This study 
Tic 550 41 
Synthetic AlsO3 500 42 
Quartz 400 42 
Rhenium 240 43 
Nimonic 90 240 43 
S-816° 100 This study 
Tungsten 7D 43 
NiAl 60 37 


* Measured by a dynamic technique with a cold indenter. There- 
fore, these numbers may be high relative to normal Vickers values. 
+ Approximate conversion from Rockwell A value. 


more general, and includes analogous suboxides and 
nitrides M,O and M,N. Two structural variations 
are now distinguished and have been designated by 
Kislyakova™ as 7, and y. The », type has the ideal 
composition M,M.’C and may extend over a compo- 
sition range broad enough to include M,M,’C. On 
the other hand, », is confined to an extremely nar- 
row range about M.M,’C. The 7, and 7 phases in the 
Fe-Mo-C system have been identified respectively 
by Westgren and Phragmen™ as a, = 11.08A and by 
Kuo” as a)=11.26A. The preparation of single 
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Table IV. Comparison of Experimental and Literature Hardness Values 


Hardness, Kg per Sq Mm* 


Room 
Compound Source Temperature, °C 800°C 
Chromium carbides CrosCo Synthetic binary 1000 
CrosCo Synthetic binary 100088 
CrosCe ‘Cemented carbide 165044 
Cr7Cz Synthetic binary 1450 
Cr7C3 Synthetic binary 170088 
Cr7;C3 Cemented carbide 210044 
FeCr Synthetic binary 1150 
FeCr Synthetic binary 1100 to 130050 
FeCr oFeCr + 2 pet Ni 950 to 11005° 
FeCr 18-8 Mo steel 75051 
FeCr 25-20 steel 500524 
FeCrMo-o Synthetic ternary 1070 660 
FeCrMo;+ Synthetic ternary 87033 74.433* * 
FeCrMo-o Synthetic ternary 94153 
ternary ~1300549 
O2Crz Synthetic binary 107 
x phases FeCrMo-x Synthetic 1000 440 
Synthetic 77238 66583* * 
Vi x Molybdenum stainless steel 46521 
McC carbides Fe;(Mo, (71) High speed steel 1500 to 18008 
CosWsC (m1) Cemented carbide ~2000#4 
CriFeeC§ (72?) Unknown steel 1300 to 15008 
FesMoeC (71) Synthetic alloy 1350 
Fe2MoiC (72) Synthetic alloy 1070 


* Superscript numbers refer to references at end of paper. Hardness numbers not followed by superscripts are from present study. 

| Parke and Bens did not report any structure or metallographic determinations on their materials. Identification can be made, how- 
ever, for their composition from subsequently published equilibria studies by others.47, 48 

t Specific composition is unknown but probably Fe-Cr-Mo rich. Composition difference may account in part for the difference in hard- 
ness between Koh?! on the one hand, and Parke and Bens?% and this study on the other. 

§ However, the most recent equilibria studies of this system do not show an 7m carbide. 


# Low value probably due to cracking of g under indentor. 
{As read from reproduced micrograph. 
** Test at 1600°F (871°C). 


phase specimens of these two phases proved to be 
the most arduous portion of this investigation. This 
difficulty results from the narrow composition 
ranges, the poorly defined equilibria in this region 
of the Fe-Mo-C system,* and the fact that both 


bg An auxiliary study® has resulted in a partial elucidation of this 
portion of the equilibrium diagram. 


carbides form by very high temperature peritectic 
reactions. In neither case was a truly single phase 
specimen achieved. However, coarse grained speci- 
mens predominantly y, or 7» were finally produced 
which were adequate to permit determination of the 
microhardness-temperature characteristic. The 7 
carbides were among the hardest phases in the group 
when tested at room temperature, but intermediate 
with respect to retention of their hardness at 800°C. 
The room temperature data obtained on these car- 
bides may be crudely compared with values found 
in the literature for other M,C type carbides in 
Table IV. 

The « Phase, Fe,;Mo,—This type of compound, also 
known as uw phase, is common particularly among 
the combinations of iron group elements with those 
of Group VI. The rhombohedral « structure is some- 
what similar to o phase, especially with respect to 
the coordination of atoms.” Fe,Mo, was among the 
hardest of the compounds tested both at room tem- 
perature and at 800°C. Since marked effects of 
solid solution alloying in compounds have been ob- 
served (previously in NiAl and related compounds” 
and now in o phase) it would be interesting to ex- 
plore this possibility in Fe;Mo,, which can be highly 
alloyed in certain ternary systems.” 

Reiter and Hibbard” studied the high temperature 
properties of iron rich alloys hardened by disper- 
sions of Fe,Mo,, and found a correlation between the 
increase in the 1200°F rupture or creep strength 
and the volume fraction of dispersed phase, in ac- 
cordance with the prediction of Fisher, Hart, and 
Pry” from dislocation theory. Reiter and Hibbard 
speculated on the significance of the extrapolation 
of the linear log strength increment-log volume 
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fraction plot to a 1.0 volume fraction, i.e., pure 
Fe,Mo,. This would apparently indicate a 1200°F 
strength for Fe,Mo, of 500,000 psi, since the matrix 
strength can be neglected. If this value* is in turn 


* Rupture strength is assumed to be of the same order as the yield 
strength for the purposes of this approximation. 


converted to a hardness number according to the 
approximate relation derived by Tabor,” a value of 
1020 kg per sq mm is obtained, in reasonable agree- 
ment with the measured 1200°F hardness of 900 kg 
per sq mm in this study. 

High Temperature Alloys, S-816 and J-1650—The 
hardness-temperature curves of the two conven- 
tional high temperature alloys chosen for compara- 
tive purposes as shown in Fig. 3 proved to be essen- 
tially identical. This result emphasizes one of the 
limitations of the hardness technique, since the long 
time properties of these two alloys are known to 
differ significantly. Jetalloy 1650 has a 100 hr, 1500°F 
stress rupture value of 34,000 psi, as compared to 
29,000 psi for S-816. 


General Conclusions 


Since all phases chosen for study showed hardness 
values at high temperatures superior to those for 


2500 


2000 


Fig. 8—Possible 
phase space 
relationship for o 


and y phases inthe © 
Fe-Cr-Mo system. 
Modification of a Keele 1000 
figure by Bickle.” 


JULY 1957, JOURNAL OF METALS—903 


Fe 
| 
Mo Cr 
x 


conventional high temperature alloys, high hot hard- 
ness would appear to be at least a contributing 
factor to the high temperature strength of these 
alloys. The spread in the 800°C hardness values 
observed for the group of compounds may indicate 
that other properties are also determinative with 
respect to the strength of the alloy. However, con- 
sideration of long time, high temperature strength 
properties might lead to a narrower range of 
strengths. Highly informative results might also be 
obtained from experiments on the high temperature 
strength of a series of synthetic alloys in which 
these phases were added singly to a common solid 
solution matrix. 

The 800°C hardnesses of some of the compounds 
studied are among the highest values which have 
ever been reported for any material. 

The cold crucible are melting technique has 
proven particularly applicable for preparation of 
high purity samples of these compounds. In several 
instances, the first massive synthesis of the com- 
pounds was achieved. 
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Shear Along Grain Boundaries In 


Aluminum Bicrystals 


_ Aluminum bicrystals 99.99 pct pure having a pure tilt boundary about the <110> 
axis were subjected to creep stresses along their boundary at various temperatures. The 
initial rate of grain boundary gliding was found to be almost linear and a plot of the 
logarithm of the initial rate for various stresses vs the reciprocal of the absolute tem- 
perature resulted in a series of parallel straight lines. The usual rate equation was used 
to calculate the activation energy for grain boundary shear. It was found to increase 
continuously as the boundary angle increased, and approached a maximum value for the 
maximum angle of misorientation. The mechanism for grain boundary shear is considered 
to be a combination process involving slip and grain boundary self-diffusion. 


by S. K. Tung and R. Maddin 


UCCESS of the dislocation theory in formulating 

the transitional lattice theory proposed by Har- 
greaves and Hill in 1929* is well established for low 
angle grain boundaries. The theoretical work of 
Burgers’ and Read and Shockley,’ together with the 
experimental observations of Aust and Chalmers* 
and Parker and colleagues,’ leaves little doubt as to 
the structure of grain boundaries with differences of 
orientations up to between 15° and 20°. Beyond 
these angles, the structure of the boundary is not so 
clear, and is still a matter for conjecture. 

There have been notable experiments devised 
from which the data could be used to calculate en- 
ergetics for possible arrangements of atoms in form- 
ing a large angle boundary.’ Most of these experi- 
ments deal with diffusion through and along the 
grain boundary. 

The recent work of Rhines and Cochart’ and 
Rhines, Bond, and Kissel* was concerned with the 


S. K. TUNG, Student Member AIME, and R. MADDIN, Member 
AIME, are Graduate Student and Professor of Metallurgy, respec- 
tively, School of Metallurgical Engineering, University of Pennsyl- 
vania, Philadelphia. 

TP 4478E. Manuscript, July 26, 1956. New Orleans Meeting, 
February 1957. 


TRANSACTIONS AIME 


relative movement of grains in aluminum bicrystals 
under constant tensile loads with their boundaries 
aligned at 45° to the tension axis. The gliding along 
the grain boundary was cyclic and began after an 
incubation period. The velocity of gliding increased 
with the sum of the angular difference, 0, between 
the operative slip direction in the conjugate crystals 
and the angular difference between the active slip 
planes as measured between their traces upon the 
grain boundary. The initial gliding rate varied with 
temperature, and the logarithm of the average glid- 
ing taken over a considerable period was a linear 
function of the reciprocal of the absolute tempera- 
ture: the slope gave an activation energy of 11,000 
+1,000 cal per mole. 

Since the rate of grain boundary shear is sensitive 
to the misorientation of the grains themselves, as 
shown by several workers," it is suggested that fur- 
ther work of this type might be fruitful in adding 
information regarding the behavior of boundaries 
under stress. The techniques devised by Chalmers” 
added impetus to the facility for observing grain 
boundary behavior, in that they provided a simple 
means for producing bicrystals of predetermined 
orientation so that the angle of the boundary could 
be controlled. 
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Fig. 1—a) LEFT: misorientation angle relationship between two single crystals, and b) RIGHT: orientation relationship of alumi- 


num bicrystals. 


The present investigation was undertaken in order 
to determine the activation energy for grain bound- 
ary shear as a function of the grain boundary angle. 
If the stresses necessary to activate grain boundary 
gliding are known as a function of both the angle 
of misfit and the temperature, it is likely that a plot 
of activation energy for shear vs grain boundary 
angle may add information about the structure of 
the boundary as it changes from a pure dislocation 
boundary to one of some other structure. This plot 
could also shed some light on the mechanism of 
grain boundary shear, which plays an important 
role during creep. 


Growth of Aluminum Bicrystals 

The material chosen for the investigation was 
aluminum since it can be obtained with fairly high 
purity. This eliminates somewhat the influence of 
relatively large amounts of impurities, which always 
exist, particularly in the grain boundary. Also, aiu- 
minum can be seeded relatively easily to produce 
the desired boundary angles. 

Single crystals of aluminum obtained previously 
were used as seed crystals to grow a master seed 
having a specimen axis orientation located at a 
<110> direction. The single crystal seeds were ro- 
tated to obtain various bicrystal master seeds from 
which the final specimens were obtained, Fig. la and 


Sight Thru Microscope il 
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Furnace Wall 
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Fig. 2—Schematic drawing of shearing equipment. 
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lb. The Laiie back reflection X-ray technique was 
employed to check the crystal orientation of the 
master seed bicrystals and those of the final speci- 
mens. 


Experimental Procedure 


Specimen Surface Preparation—Each specimen 
had a cross section approximately 12.5 x 5 mm. The 
specimens were annealed 8 hr at 620°C in order to 
relieve any strains. Latie X-ray back reflection pat- 
terns were made at this time to determine the actual 
orientation difference, since a slight variation from 
the preset orientation might have resulted. This was 
so because of the inherent slight error of positioning 
the seed crystal. 

The specimens, imbedded in paraffin in a wooden 
trough, were cut with the aid of a jeweler’s saw into 
a series of samples 12.5 x 5 x 10 mm. They were 
next heavily etched with aqua regia for 2 min and 
chemically polished for 20 to 30 min using Alcoa 
R-5 bright dip solution. 

Using a razor blade, a light scratch was made 
perpendicular to the grain boundary approximately 
in the center of each specimen. The dimensions of 
the specimen were again measured so that the 
boundary area could be computed precisely. 

Shear Apparatus—The shearing apparatus is 
shown schematically in Fig. 2. The shear stress, 
acting along the grain boundary, is produced by a 
suspended dead weight, which presses on a wedge 
block through a lever mechanism. A block moved 
horizontally, thus producing a shear force acting on 
the specimen. Consequently, a constant shear stress 
was available. All energy losses due to friction at 
contact surfaces .were determined experimentally 
and compensated for in the applied stress. 

The furnace was constructed by using a length of 
Nichrome wire wound around transite board, the 
overall dimensions of which were 7.6 x 15.9 x 7.6 
cm. A stationary piece along with a moving piece 
made of stainless steel having the shape shown in 
Fig. 2 were placed above a stainless steel floor and 
set above the furnace. For operation, the specimen 
was held by the stationary piece, which was fixed 
to the floor, and the moving piece was controlled by 
a mechanism as described above. 

The temperature was controlled by a Chromel- 
Alumel thermocouple operating through a Wheelco 
controller, with the couple held on the stainless steel 
floor of the furnace against the specimen. 

It is considered that temperature measurement 
was accurate to +8°C. (There was a large heat loss 
through a special glass ceiling window.) The max- 
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Fig. 3—a) LEFT: macroscopically homogeneous shear, and b) RIGHT: two stage shearing 
is horizontal. X200. Reduced approximately 10 pct for reproduction. 


imum operating temperature of the furnace was 
600°C. 

Displacement of the fiducial scratch was measured 
by a normal bench-type microscope using a cali- 
brated eyepiece and a reflecting objective. The total 
arrangement operated as a simple hot-stage micro- 
scope yielding a magnification of X80. The low 
magnification was due partly to the long working 
distance maintained between the specimen and ob- 
jective. The addition of an air cooling device per- 
mitted the use of the objective at the maximum 
temperature desired. 


Experimental Results 


The relative displacement of the grain boundary 
was observed in more than 100 specimens tested at 
different shear stresses and temperatures. In gen- 
eral, the two grains separated cleanly along the 
boundary during the early state of creep. Fig. 3a 
illustrates a typical displacement observed during 
the macroscopically uniform displacement period. 
In many cases, there was ample evidence of bound- 
ary migration during the later shearing period, par- 
ticularly at higher temperature and under higher 
applied stresses. In almost all of these cases, an ini- 
tial macroscopically uniform displacement was ob- 
served. A two-stage nonuniform shear was observed 
during which the boundary migrated irregularly in 
a direction perpendicular to the original boundary 
trace. This was accompanied by a shearing displace- 
ment occurring at the new boundary region during 
the migration period. 

Fig. 3b shows a typical result of nonuniform dis- 
placement. It is of interest to note that the fiducial 
mark, after the shearing period, was curved in the 
vicinity of the grain boundary. This suggests that 
displacement at the boundary was taking place con- 
tinuously as the boundary advanced. 

In the: main, tests were carried out on specimens 
having reasonably straight boundaries. Initial dis- 
placements were generally the same at all points 
along the grain boundary. Displacements were 
measured on a few specimens having three or more 
fiducial scratches to check the uniformity of the 
displacement at the various points. In many cases 
the boundary displacements were found to differ 
markedly from point to point. It appears likely that 
in these cases deformation of the crystals them- 
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Fig. 4—Three types 
of grain boundary 
displacement ys 
time curves. Curve 
A: Specimen No. 53; 
temperature, 550°C; 
stress, 45 g per sq 
mm; and boundary 
angle, 20°. Curve B: 
Specimen No. 96; 
temperature, 450°C; 
stress, 45 g per sq 
mm; and boundary 
angle, 85°. Curve C: 
Specimen No. 37; 
temperature, 500°C; 
stress, 45 g per sq 
mm; and boundary 
angle, 55°. 


Fig. 5—Log of creep 
rate vs 1/T for 
grain boundary mis- 
orientation angle 0 
equal to 55°. Square 
represents stress 
equal to 75.5 g per 
sq mm; triangle, 
stress equal to 60 g 
per sq mm; open 
circle, stress equal 
to 45 g per sq mm; 
and closed circle, 
stress equal to 30 g 
per sq mm. 
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Fig. 6—Log of creep 
rate vs 1/T for 
grain boundary mis- 
orientation angle 6 
equal to 20°. Tri- 
angle represents 
stress equal to 60 g 
per sq mm; square, 
stress equal to 45 g 
per sq mm; and 

“3.4 circle, stress equal to 
30g per sq mm. 
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selves, in addition to sliding past one another, must 
have occurred between these points. In the cases 
where nonuniform displacements were observed, 
the data were not used in calculating energies. 

The specimens with constant orientation angle 
difference were subjected to different creep stresses 
at temperatures of 350° to 550°C. Three different 
types of grain boundary displacement vs time curves 
were obtained. Curve A in Fig. 4 shows a behavior 


Table |. Activation Energy for Different Boundary Angles 


Average 
Orientation Activation Activation 
Difference, Stress, Energy, Q, Energy, Q, 
6, Degrees G per Sq Mm Cal per Mol Cal per Mol 
60 8,800 
20 45 8,600 
30 8,600 
8,670 
75.5 20,140 
60 20,200 
55 45 20,000 
30 20,100 
20,100 
80 30 28,700 28,700 
70 29,200 
85 50 34,600 
45 39,400 
34,400 
88 90 38,400 
60 40,400 
39,400 


typical for the higher temperatures. There was an 
initially high linear rate of flow which was followed 
by a rate gradually decreasing to zero. After a cer- 
tain amount of time, creep began again at a rate 
which was in some cases larger and in other cases 
smaller than the initial rate. The creep curve ex- 
hibited a cyclic variation when observed over a 
long period. Curve B in Fig. 4 shows a creep curve 
typical of relatively low temperatures. In these 
cases, an incubation period was often observed. 
However, the existence of an incubation period was 
strongly orientational-dependent. These curves 
were also cyclic in nature. Curve C in Fig. 4 shows 
the third type of displacement vs time curve charac- 
teristic of intermediate temperatures. As in the case 
of the curves at high temperatures, no incubation 
time was observed. There was always an initially 
linear rate of flow. The succeeding gliding rates 
were also cyclic. It is considered, however, that 
only two types of displacement-time curves were 
present in that the third type could always be 
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thought of as either the first or second type by as- 
suming that the initial displacement was either too 
small or the incubation time too short to be observed. 
Both cases were possible considering the uncertainty 
in the experimental measurements. 

The creep curves obtained herein exhibited the 
same characteristics obtained by Rhines, Bond, and 
Kissel* and Chang and Grant.” All of the curves 
showed cyclic variation. Chang and Grant divided 
the cyclic curves into two periods, i.e., an active 
boundary gliding period and a boundary migration 
period (rest portion of the curve). 

The present experimental work showed no evi- 
dence of boundary migration during the rest period. 
On the contrary, the cyclic curve was evident even 
when no grain boundary migration occurred over 
the entire testing time. This is in agreement with 
the observations of Rhines, Bond, and Kissel. 

The initial rate was always selected as the rate 
observed immediately after a sudden shearing dis- 
placement or incubation time. In either case it is 
interesting to note that this rate was almost always 
linear within a short period of time. When the 
logarithms of the initial rates for the various stresses 
were plotted against the reciprocal of the absolute 
temperatures, a series of parallel straight lines was 
obtained. 

The resulting plots are shown in Figs. 5, 6, and 7 
for 6 angles of 55°, 20°, and 85°, respectively. The 
theoretical treatment of boundary slip, as proposed 
by Ké”” and Mott,” suggests that the rate of bound- 
ary slip could be determined by a rate-reaction 
equation. Consequently, assuming a relation of the 
type 

Ae 


where r is initial rate of grain boundary displace- 
ment, A is a constant which may be a function of 
stress and/or boundary angle, @ is the activation 
energy for grain boundary displacement, R is gas 
constant, and T is absolute temperature, the activa- 
tion energies, @, for the different grain boundary 
angles, @, were obtained from the slopes of the 
curves. The results are shown in Table I. 

The constant, A, in the rate equation was partly 
evaluated by plotting the logarithms of the rates vs 
1/T, and extrapolating to 1/T equal to zero. 
The values of rate obtained by these extrap- 
olations were plotted in a number of ways in 
an attempt to evaluate the rate constant, A. 


Fig. 7—Log of creep 
rate ys 1/T for 
grain boundary mis- 
orientation angle 0 
equal to 85°. Circle 
represents stress 
equal to 70 g per sq 
mm; triangle, stress 
equal to 50 g per sq 
mm; and square, 
stress equal to 45g 
per sq mm. 
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The present data were insufficient for analyzing the 
rate constant completely. Nevertheless, since the 
plot of In A against 1/0 was neariy linear with a 
negative slope, it may be suggested that the rate 
constant is of the form A = Be~’’, in which case the 
rate equation is of the form 


= 


where o, is an index of the strength of the grain 
boundary, and B is a constant which may be a func- 
tion of boundary misorientation angle @. 

The plot of activation energy for grain boundary 
shear vs boundary misorientation angle @ is shown 
in Fig. 8. The curve appears to be continuous and 
approaches a maximum value for a boundary angle 
of 90°, which is the maximum misorientation be- 
tween two grains rotated about the <110> direction. 

The wide variation in the activation energy ob- 
served for specimens with @ value of 85° probably 
results from the steeply rising values of Q for speci- 


Table II. Orientation Difference of 55° 


Stress, Temper- Incubation Q, Shear, Q, Induction, 
G per Sq Mm ature, °C Time, Sec Keal per Mol Keal per Mol 
45 350 8700 
45 400 1800 
45 450 900 
45 500 500 
45 550 — 
20 22.6 
60 350 3300 
60 400 900 
60 450 300 
60 500 — 
60 530 
20.2 
45.9 350 1800 
75.5 400 600 
75.5 450 120 
75.5 500 — 
15.5 550 — 
20.14 22.4 


mens with these misorientations. An error of 2° in 
@ (which is likely from orientation determinations 
by the Laiie back reflection method) would account 
for a variation of 8 kcal per mol. Consequently, the 
plots of the logarithm of rate vs 1/T are not all 
parallel. 

The induction times for grain boundary displace- 
ment for boundaries of @ = 55° at different stresses 
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Fig. 8—Plot of activation energy for grain boundary shear ys 
boundary misorientation angle 0. 
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Fig. 9—Plot of in- 
duction times for 
grain boundary dis- 
placement at differ- 
ent stresses ys 1/T. 
6 = 55°. Circle 
represents stress 
equal to 45 g per 
sq mm; triangle, 
stress equal to 60 gq 
per sq mm; and 6 
square, stress equal 
to 75.5 g per sq mm. 
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were plotted vs 1/T, Fig. 9, and resulted in straight, 
parallel lines. An activation energy was obtained as 
22 kcal per mol. This value is to be compared with 
the activation energy for boundary shearing, 20.1 
kcal per mol, for the same boundary angle. 

Unfortunately, the data for induction time for 
other angles were meager and consequently analysis 
was not possible. The data are listed in Table II. 

It is interesting to note that the activation energy 
for an average misfit angle, 55°, is approximately 
equal to grain boundary self-diffusion (one half vol- 
ume diffusion), according to Turnbull.“ It is also 
of interest to note that for 9 = 55°, the sum of the 
activation energies for shear and incubation is ap- 
proximately equal to the bulk diffusion activation 
energy. 


Discussion 


The theory of grain boundaries proposed by Mott*® 
is based on the idea that a grain boundary can be 
pictured as a sequence of islands of good atomic fit 
separated by areas of misfit. Based on Mott’s model, 
the basic mechanism for gliding along a grain bound- 
ary is thus a transfer of groups of atoms from the 
disordered boundary layer to the crystalline lattice 
and the reverse (i.e., the transformation is some- 
what analogous to melting and solidification). 

Consider a group of n atoms in each island to form 
a layer of boundary between the grains. Mott as- 
sumed that the free energy F necessary to cause 
boundary slip will be given by 


where L is latent heat of fusion, and T,, is melting 
temperature. The expression proposed by Mott was 


r= 


—nL/kT 


vy A Noo 
—_— ; v, the frequency of 


kT 


where A = e 


atomic vibration; a, the distance that each island 
moved in the direction of stress; n, the number of 
atoms each island contains; w, the area each island 
covers; o, stress; k, Boltzmann’s constant; and T, 
absolute temperature. Here Mott concluded that the 
activation energy for grain boundary slip is equal 
to nL, and proposed n= 14. 

The interesting feature of Mott’s theory lies in 
the value of n. It is hard to imagine n to be fixed 
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for all boundaries as considered by Mott. On the 
contrary, n should depend strongly on the relative 
orientation of the two grains across the boundary. 

Using Mott’s expression F = nL (1—T/T,) and 
along with Mott neglecting T/T,,, the data reported 
herein are used to calculate the value of n. Here, L 
is taken as 2.55 kcal per mol (the latent heat of 
solidification for aluminum) and F is taken as the 
value of Q@ measured in the above data. The values 
of n for the various boundaries used are shown in 
Table III. 

It should be noted that the number of atoms per 
island calculated here applies only to the simple tilt 


Table III. Values of n for Boundaries Used 


0, Degrees n 


boundary. In polycrystalline aluminum the bound- 
aries would, in general, be both tilt and twist types. 
The misorientation would then be larger using these 
2 degrees of freedom and hence it would be ex- 
pected that the value of n for boundaries in a poly- 
erystalline specimen would be larger than that pro- 
posed by Mott. 

Turnbull’s idea” that the large angle boundary is 
composed of an array of atoms and holes is only 
slightly different from Mott’s theory in that the 
regions between the holes could be both good and 
bad fit regions. It is quite possible then that slip 
along grain boundaries may take place by the mi- 
gration of vacant sites (holes). This is essentially a 
process of self-diffusion, and can occur at tempera- 
tures for which self-diffusion is appreciable. Na- 
barro has discussed this mechanism in detail,® and 
shows that the process involves the transport of 
atoms with the creation of vacancies on one face 
and destruction on the other face. Since the large 
angle grain boundary acts freely as both a source 
and a sink for vacancies, it can be assumed that this 
mechanism occurs quite readily at large angle grain 
boundaries. 

For any displacement occurring along the grain 
boundary (as is likely, due to the activation of dis- 
location sources in the vicinity of the boundary by 
externally applied stresses), the bad fit region would 
constitute an effective barrier to continued displace- 
ment. A form of bulk diffusion would then be called 
into play to permit further displacement. Thus, for 
large displacements, boundary slip may be consid- 
ered to be a diffusion controlled process. 

The uniform initial gliding rate can be considered 
to be governed by two processes, i.e., slip and diffu- 
sion. The maximum shear stress resolved along the 
{111} planes occurs in the one which is 90° from 
the {110} plane whose pole is both the specimen 
axis and the slip direction. Hence it is reasonable 
to assume that some slip will occur along this plane. 
As the angle @ increases, the slip plane will rotate 
accordingly and go through a maximum at @ equal 
to 90°. Consequently, the applied shear stress acting 
along the grain boundary will have a component re- 
solved along the slip plane which will decrease ac- 
cording to a cosine function as the angle @ increases. 
This means that the greater the angle @ the higher 
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will be the applied shearing force to cause slip. 
However, it is considered that the slip process con- 
tributes only one part of the shear displacement of 
the boundary. After the initial displacement occur- 
ring over a relatively short distance, the structure 
inside the boundary is altered to produce a barrier 
to further glide. Since the barrier can be overcome 
only by diffusion, displacement comes gradually to 
a halt as the effectiveness of the barrier increases. 
Diffusion which is time dependent permits a read- 
justment of the barriers to allow further displace- 
ment. 


Nonuniform shear is observed in some cases and 
has an effect in causing lateral boundary movement. 
As suggested in the discussion of the boundary 
model, atoms in a strained configuration constituting 
a barrier to further glide along the boundary would 
be expected to realign themselves by diffusion. This 
process would produce a boundary migration as de- 
scribed by Beck.” It is to be expected that, subse- 
quent to the initial grain boundary displacement, 
the strain becomes progressively larger, and hence 
there should be migration perpendicular to as well 
as along the grain boundary. In fact, Aust, Harrison, 
and Maddin™ have observed the rate of grain bound- 
ary migration as a function of the boundary angle. 
They obtained the activation energy for boundary 
migration of aluminum bicrystals for @= 55° as 
22 +3 and 10 +3 kcal per mol, respectively. These 
data are qualitatively in agreement with those re- 
ported herein if a low activation energy for bound- 
ary migration can be associated with a highly 
misoriented boundary. This would require a high 
energy for shear along this boundary. Conversely, a 
high energy for migration is associated with a 
boundary of small misorientation which would re- 
quire a small energy for shear along this boundary. 


Acknowledgments 


This work was supported by the Office of Naval 
Research. The paper is based on a portion of a 
thesis by S. K. Tung submitted to the Graduate 
School of Engineering, University of Pennsylvania, 
in partial fulfillment of the requirements for the 
degree of Master of Science. 


References 


1F. Hargreaves and R. J. Hill: Journal Institute of Metals, 1929, 
vol. 41, p. 257. 

2J. M. Burgers: Proceedings Koninklijke Nederlandse Akademie 
van Wetenschappen, 1939, vol. 42, p. 293. 

3 W. Shockley and W. T. Read: Physical Review, 1950, vol. 78, p. 
275. 

4K. T. Aust and B.*Chalmers: Proceedings Royal Soc., London, 
1950, vol. A204, p. 359. 

5J. Washburn and E. R. Parker: AIME Trans., 1952, vol. 194, 
p. 1076; Journat or MeEtats, January 1952. 

6R. Smoluchowski: Bulletin American Physical Soc., 1952. 

7F, N. Rhines and A. W. Cochart: NACA Report No. 2746, July 
1952. 

8F. N. Rhines, W. E. Bond, and M. A. Kissel: ASM Trans., 1955, 
vol. 48, p. 919. 

®B. Chalmers: Proceedings Royal Soc., London, 1949, vol. A196, 
p. 64. 

10H. C. Chang and N. J. Grant: AIME Trans., 1952; vol. 194, p. 
619; JouRNAL or METALS, June 1952. 

uT, S. Ke: Physical Review, 1947, vol. 72, p. 41. 

2T. S. Ke: Journal of Applied Physics, 1948, vol. 19, p. 285. 

BN. F. Mott: Proceedings Physical Soc., 1948, vol. 60, p. 391. 

4D, Turnbull: AIME Trans., 1951, vol. 191, p. 661; JourRNAL or 
Merats, August 1951. 

%D. Turnbull: Atom Movements, p. 129. ASM. Cleveland, 1951. 

16 F, R. N. Nabarro: Report on Conference on Strength of Solids, 
p. 75. Physical Soc. London, 1948. 

17P. A. Beck: Metal Interfaces, p. 208. ASM. Cleveland, 1952. 

1isK. T. Aust, E. H. Harrison, and R. Maddin: Journal Institute of 
Metals, 1956, vol. 85, p. 15. 


Discussion of this paper sent (2 copies) to AIME by Sept. 1, 1957 
will appear in AIME Transactions Vol. 212, 1958, and in JouRNAL oF 
Metats, April 1958. 


TRANSACTIONS AIME 


20 3.4 

55 7.9 

80 11.5 

85 13.5 

88 15.5 


Intermetallic Compounds 


In Titanium-Hardened Alloys 


_ Aging reactions in 26 pct Ni-15 pct Cr alloys of the A-286 type have been investigated 
using light and electron microscopy, X-ray and electron diffraction. Maximum dispersion 
hardening is provided by aluminum-poor y’; 1 platelets are observed above 1400°F; G 
phase is a globular nickel-titanium silicide resulting from grain-boundary segregation; 
bulky Laves or o phases appear depending on whether there is an excess of titanium or 
aluminum. Cellular precipitation involving a new phase occurs in vacuum-melted A-286 
of negligible silicon content. Calculated Patterson-Harker sections show that the inter- 


atomic distances in G phase are not short. 


by H. J. Beattie, Jr. and W. C. Hagel 


URING an earlier examination of high-temper- 

ature alloy, A-286, the presence of an unknown 
intermetallic compound was verified by X-ray dif- 
fraction. Owing to its prominent appearance at 
grain boundaries, the arbitrary name of G phase 
was assigned.’ Low-silicon, vacuum-melted heats 
were found to contain no G phase, and this investi- 
gation was initiated to determine the influence of 
silicon on G-phase formation; additional work was 
undertaken to extend existing data on other inter- 
metallic compounds and the aging reactions in this 
group of alloys. 

Taylor and Floyd*“ observed that the Ni,Al phase 
(>) and the Ni,Ti phase (y) are the only equilib- 
rium intermetallic compounds in nickel ternary al- 
loys containing up to 25 pct Cr and 10 pct Ti or Al. 
They found that y’ can dissolve considerable nickel, 
chromium, and titanium, although the stoichio- 
metric composition of » remains fixed. Nordheim 
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and Grant’ confirmed that age hardening of 80 pct 
Ni-20 pct Cr alloys of the Nimonic-80 type is due to 
precipitation of y, where aluminum is partially re- 
placed by titanium. They suggest that optimum 
hardness and ductility result from increasing the ti- 
tanium to aluminum ratio toward the end of the 
y solubility range and from increasing total tita- 
nium and aluminum content to the maximum limit 
permitted by processing. Such information is neces- 
sary for those seeking to improve the service-tem- 
perature range and long-time structural stability of 
high-temperature components. 


Experimental Methods 

Compositions of materials studied are listed in 
Table I. Alloys D, E, and F possess representative 
A-286 analyses; silicon increases from less than 0.02 
to 1.75 pct in alloys A to H; in alloys I to K, tita- 
nium decreases from 2.24 to 0.39 pct, and aluminum 
increases from 0.16 to 2.40 pct. Alloys A and D were 
solution heat treated for 4 hr at 1700°F, oil 
quenched and aged for 0.5, 2, 6, 12, 30, 70, 200, and 
1000 hr at 1200°, 1300°, 1400°, and 1500°F. There- 
fore, a total of 33 specimens was required for each 
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Table |. Composition of Alloys Investigated 


Alloy Alloy Content, Wt Pct 
Designa- 
tion c Mn Si Cr Ni Mo Ti Al Vv Fe 
A* 0.05 Nil 0.02 14.60 25.14 1.24 1.83 0.20 0.27 Balance 
B 0.05 1.14 <O:10 14.82 26.00 1.12 1.91 0.15 0.35 Balance 
ct 0.03 1:32 0.14 14.54 25.83 1.60 1.86 0.28 0.30 Balance 
D 0.05, 1.29 0.67 14.67 25.51 Test 1.83 0.20 0.24 Balance 
E 0.03 1.23 0.88 14.73 25.59 1.10 1.98 0.19 0.32 Balance 
F 0.04 1.17 0.92 14.66 25.16 rie) 1.86 0.14 0.31 Balance 
G 0.04 1.21 1.32 14.68 26.00 1.28 1.98 0.13 0.32 Balance 
H 0.04 1.23 1.75 14.46 26.81 1.44 1.84 0.09 0.12 Balance 
I 0.04 1.50 0.87 Seam 24.37 1.37 2.24 0.16 0.26 Balance 
dy 0.05 1.60 0.54 14.76 25.71 1.35 1.50 2.40 0.32 Balance 
K 0.04 1.68 0.68 15.34 26.25 1.34 0.39 2.28 0.30 Balance 


* Vacuum melted. 


Table Il. X-Ray Data on New Phase Extracted from Alloy A Aged 
1000 Hr at 1400°F After Solution Treatment for 4 Hr at 1700°F; 
Cobalt K a Radiation 


Sin? ¢ 
d, A, Inten- Calcu- 
Observed sities* (hkl) Observed lated? 
3.340 M 004 0.0679 6.0719 
2.455 MW 105 0.1331 0.1335 
2.225 006 0.1616 0.1620 
2.082 MW 222 0.1847 0.1858 
1.954, MW 310 0.2096 0.2098 
broad 
1.866 MW 303 0.2298 0.2293 
1.822 224 0.2410 0.2398 
1.598 MW 323 0.3135 0.3132 
1.545 MW 400 0.3351 0.3356 
1.502 MW ? 0.3555 —_— 
1.134 MW 408 0,6218 0.6235 
1.010 MW J 534 L 0.7846 0.7851 


=S represents strong; M, medium; and W, weak. 
7 Tentative body-centered-tetragonal lattice; a = 


6.180A, and c 
= 13.344A, 


of these two alloys. Alloys B, C, E, F, G, and H were 
solution heat treated for 1 hr at 1800°F, oil quenched 
and double aged for 16 hr at 1325°F, followed by 
256 hr at 1600°F. The same heat treatment was used 
for alloys I, J, and K, except that the latter double- 
aging temperature was 1500°F. Furnaces were at 
temperature on specimen insertion, and the time 
period of heating was considered to commence after 
the small specimen disks cut from hot-rolled bar 
stock had been exposed for 0.1 hr. At least ten 
Rockwell A hardness impressions were made on 
each specimen of alloys A and D, and the resulting 
average reading was converted to Bhn. 

After mechanical polishing on an intermediate 
Carnauba-wax wheel and Gamel cloth with fine 
alumina, specimens were chemically etched with 92 
pet HCI-5 pct H.SO,-3 pct HNO;. More than two 
etching times were used to evaluate the effect of 
etch depth on structural appearance. After light- 
microscopic examination, specimens possessing 
unique or representative structures were selected for 
electron microscopy. Negative replicas were pre- 
pared by the direct stripping of parlodion, and they 
were chromium shadowed at angles of 15 to 25°. 

X-ray diffraction patterns of electrolytically ex- 
tracted residues were obtained from selected speci- 
mens. The most successful electrolyte was 10 pct 
HCl in ethyl alcohol, and a current of 0.1 to 0.2 amp 
per sq in. was passed for 48 hr at a de potential of 
1.0 v. The more noble phases remaining were sepa- 
rated by suction filtration, washed, dried, and pre- 
served under 0.00025-in. Mylar sheet. Residues 
underwent diffractometer recordings using filtered 
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cobalt radiation, and a few were examined photo- 
graphically in a cylindrical powder camera of 5-cm 
radius using filtered copper radiation. Lattice pa- 
rameters were determined by least-squares analyses 
of sin’ @ values. 

Specimens were prepared for reflection electron 
diffraction by etching with an aqueous solution of 
FeCl, and HCl, rinsing with 10 pct HCl in ethyl 
alcohol, and degreasing successively with anhydrous 
acetone and benzene before mounting in an electron- 
diffraction unit. Magnesium-oxide and lithium- 
chloride standards were used to establish electron 
wave length. 

Experimental Results 

The only interstitial compound found in these 
alloys is TiC; this stable carbide remains relatively 
unaffected by heat treatment and was observed in 
all specimens in the form of lavender particles 
possessing the directionality given them by hot 
working. A preliminary check of solution heat 
treatments for 1, 4, and 8 hr at 1600°, 1700°, 1800°, 
and 2000°F showed that holding for 4 hr at 1700°F is 
sufficient for solutioning of y’ and 7. Although G 
phase progressively dissolves on increasing time at 
temperature above 1800°F, a small trace of G phase 
still remains after 8 hr at 2000°F. Hardness data are 
plotted in Figs. 1 and 2 as a function of aging time 
at temperature. The presence of undissolved G 
phase at the grain boundaries of alloy D retards 
high-temperature grain growth and provides a 
higher short-time hardness level than that meas- 
ured when G phase is not present in alloy A. Other- 
wise, the general shape of both curves shows that G 
phase does not take part in the principal aging re- 
actions; some overaging appears after 200 hr at 
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Fig. 1—Change in hardness of alloy D during aging at 1200° 
to 1500°F after solutioning 4 hr at 1700°F. 
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Table Ill. X-Ray Phase Identification of Alloys A and D Aged 1000 Hr After 4 Hr Solution Treatment at 1700°F 


Lattice Parameters, A, and Abundances* 


MgZne Type 
Alley Temperature NisTi, H 1 
7 isTi, Hexagona Hexagonal 
Designation °F, 1000 Hr TiC, Cubic G Phase, Cubic ao Co do Co New Phase 
A 1200 4.325, A 
1300 4.325, A MR 
1400 4.325, A M 
4.325, A al 
D 1200 4.327, M 11.198, MA 
327, M 11.198, A 4.765 17.697, MR 
4.324, MR 11.198, A 5.100 8.304, MR 4.753  7.704,M 
4.324, VR 11.198, A 5.104 8.311,M 4.751 17.696, M 
* A means abundant; M, medium; R, rare; and V, very. 
° 
1300°F and within less time at 1400° and 1500°F. Table IV. X-Ray Data on Alloy D Aged 1000 Hr at 1500°F After 
The typical electron micrographs shown in Figs. 3 Solution Treatment for 4 Hr at 1700°F; Cobalt Ka Radiation 
to 9 are mounted so that the direction of shadowing 
is from the top of the page; chromium then fell on Sin? 9 
the lower side of replica craters, signifying that the Laves 


Inten- TiC, G Phase, NisTi, Phase, Calcu- 


outlined particles received less etchant att Sys 
ackstham aitiosts Nile. BRL. Observed! lated 


the matrix. Initial hardening occurs during those 
early stages of nucleation and growth when well- 


2.79 MS 16 0.1028 0.1022 
defined precipitate particles cannot be observed, ain) 0.1215 0.1214 
Fig. 3. Maximum age hardening is associated with 2.37 M 110 0.1428 0.1420 
a fine dispersion, Fig. 4, of aluminum-poor 7’; some 
overaging has occurred when relatively larger 103 0.1687 (0.1691 
ere of 7 ae seen, as in Fig. 5, interspersed in 2.078 MS 004 0.1853 0.1856 
‘local region i j i : 112 0.1963 0.1961 
gions when titanium concentration exceeds 1977 VvS 32 0.2047 0.2045 
the allowed solubility ratio of y’. While the nuclea- 202 
: 35 0.2240 0.2237 
tion of cubic y requires only the segregation and 1.863 s. 36 0.2306 0.2300 
i i ant : 202 0.2440 0.2435 
ordering of aluminum and titanium atoms, an ad- 1.768 Mw 40 0.2561 0.2556 
ditional restacking of layers from the face-centered- 203 
.275 
cubic (ABCA) to hexagonal (ABACA) arrangement 1.686 M 44 0.2824 0.2812 
must proceed for nucleation. Longer times and/or 48 0.3070 0.3067 
higher temperatures, Fig. 6, cause further coales- 204 
cence of G phase and spherical y’, additional growth 1.397 MW + 64 0.4106 0.4097 
1.329 M (205) 213 0.4529 0.4532 
of and at interiors. 1318 72 0.4608 0.4601 
m- i igi 1.291 S= 15 (302) 0.4800 0.4793 
acuum-me ted alloy wit. a neglig ble amount 
of silicon was entirely lacking in G and Laves 1.232 MW 205 0.5271 0.5276 
phases. However, the cellular precipitation of 
; 1.187 MW 220 0.5679 0.5681 
lamellae of a new phase was observed at grain 
boundaries. This reaction was most prominent at dee oF 96 O-61a2 0.6134 
1400°F, as shown in Fig. 7. X-ray diffraction data 1.120 M 100 0.6378 0.6390 
1.097 Mw 104 0.6644 0.6646 
on this new phase are given in Table II together 
with an indexing on a tentative body-centered- 1.082 MS 107 0.6841 0.6837 
: 1.077 MS 108 0.6897 0.6901 
tetragonal lattice. All lines are listed except those 1.067 Mw 402 0.7034 0.7026 
: ° 1.046 MW 115 0.7340 0.7349 
i Yr gives wa O 7. ig. 1.008 MW 123 0.7868 0. 
early stages, but it later ¢ y 7 8 0.9885 MS 128 0.8181 0.8179 
131 0.8379 0.8371 
0.9739 MS 132 0.8435 0.8435 
0.9604 W 136 0.8675 0. 
0.9326 MS 144 0.9198 0.9202 
0.9235 MW 147 0.9382 0.9393 
-o—0- 1200 F 0.9199 M 148 0.9447 0.9457 
350|__ 1300 F 
1400 F 
1500 F 
*S represents strong; M, medium; W, weak; and V, very. 
300 = | Ema + Where two phases have coinciding d-spacings, the one with in- 
= 7 dices enclosed in parentheses was weaker and therefore not used 
o in calculating sin? values. 
> 
5 
£ r shows spherical particles of 7’ and platelets of new 
phase and/or 7 are present, according to the X-ray 
te ir evidence. After 1000 hr, Fig. 9, 7 predominates, al- 
} though traces of the new phase are still evident in 
the X-ray data. 
Pe OlUnOn 10 100 1000 Table III lists the lattice parameters and relative 
TREATED AGING TIME - HOURS abundances of phases separated electrolytically in 
1500°F; 
Fig. 2—Change in hardness of alloy A during aging at 1200° alloys A and D after 1000 hr at 1200° to 15 ; 


to 1500°F after solutioning 4 hr at 1700°F. Table IV is an example of X-ray data on a single 
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Fig. 3—Alloy D aged 2 hr at 1200°F after solutioning 4 hr 
at 1700°F. Some undissolved G phase is present at grain 
boundaries; no matrix precipitation is yet detectable. X8000. 


Fig. 5—Alloy hr at 1400°F after solutioning 4 
hr at 1700°F. Initial formation of 1 platelets can be observed 
within y’ dispersion. X8000. 


specimen. Relative abundance from X-ray line in- 
tensities is designated as abundant (a), medium 
abundant (ma), medium (m), medium rare (mr), 
rare (7), and very rare (vr). In these alloys, MgZn.,- 
type Laves phase can consist of (Mo, Ti) (Cr, Mn, 
Fe, Si)., but it is essentially TiFe.. The low manga- 
nese and silicon content of alloy A, as well as in- 
creased y and 7 precipitation consuming titanium, 
appears to inhibit Laves-phase formation. 
Representative electron-diffraction data for alloys 
I and K, identifying y’ and 7, are listed in Table V. 
Calculated d-spacings and intensities are also shown 
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at 1700°F. A fine dispersion of aluminum-poor y’ causes 
maximum hardening. X8000. 


Fig. 6—Alloy D aged 200 hr at 1500°F after solutioning 4 


hr at 1700°F. Overaged structure contains globular G phase, 
spherical y’, and Widmanstatten platelets of 4. X8000. 


for alloy I; these were obtained from the relation- 
ship: 

[1] 
where Pax. is the multiplicity of equivalent planes, 
and E,,x, is the electron-scattering structure factor 
assuming hexagonal-close-packing with stacking se- 
quence of form, ABACA. The (001) reflections which 
normally appear in X-ray patterns are absent in 
the electron-diffraction data, resulting from the 
characteristic platelet shape of the » particles pro- 
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t 1200°F after solutioning 
= 
= 2 - 


Table V. Electron-Diffraction Data for Alloys Aged 256 Hr at 1500°F After Solution Treatment for 1 Hr at 1800°F 


Alloy I 


— Alloy K+ 

, A, d, A, Observed Calculated 

Observed Calculated* Intensities§ Intensities* hkl* Intensities hkl 
22, 
MS 141 200 2.04 s 
553 201 1.74 WwW 200 
as oe VS 1000 202 1.25 MS 220 
MS 203 1.07 MS 311 
1395t 38 204 1.02 WwW 222 
1.325 1.330 Ww 38 05 0.795 M 430 
eae tone 38 205 0.793 MW 420 
salts ae MS 85 220 0.721 MW 442 
206 0.680 Ww 333-511 
0.824 0.827 M 16 492 
0.694 0.694 Vw 6 604 
0.610 0.610 Vw 5 2, 2, 12-444 


oe Hexagonal 7; do = 5.10A and co = 8.33A. 
¥ Cubic y’, do = 3.54A. 

t Due to y-AlsOs. 

§ S represents strong; M, medium; W, weak; and V, very. 


truding from the matrix. With the basal plane of 
the lattice coinciding with the platelet planes, the 
only particles favorably oriented for diffraction 
from the (001) planes are platelets at grazing inci- 
dence to the electron beam. Since diffracted elec- 
trons arise solely from transmission through thin 
sections of particles, diffraction from the (001) 
planes is impossible. Observed intensities for planes 
(205) and (206) are lower than calculation indi- 
cates because the Widmanstatten y platelets con- 
tributing to these lines are inclined at small angles 
to the electron beam, and hence even the thin edges 
present relatively long path lengths. Since atomic 
configurations in the basal planes of 7 and the octa- 
hedral planes of austenite are almost identical, it 
can be understood why 7 possesses a plate-like mor- 
phology. Large, unsuitably shaped particles merely 
absorb or scatter electrons incoherently. Therefore, 
the G, Laves, and o phases in these alloys could only 
be detected by X-ray diffraction. 

The increasing silicon content of alloys A to H 
caused an increase in G and Laves phases and a de- 
erease in grain size that is most striking under a 
light microscope. The high titanium content of alloy 
I achieved the same effect at a lower silicon content, 
except that 7 platelets were in greater abundance. 
In higher silicon and titanium alloys, G phase also 
surrounds TiC particles, as shown in Fig. 10; 
scratch hardnesses taken on these specimens showed 
G phase to be softer than TiC but harder than the 
matrix. The higher aluminum content of alloys J 
and K caused the formation of o instead of G and 
Laves phases; a fluorescent X-ray analysis of o 
phase in alloy K gave the approximate composition 
as 47 pct Fe-26 pct Cr-17 pct Mo-10 pct Ni, and the 
lattice parameters are a, = 8.796A and c = 4.572A. 

A large quantity of alloy D was aged for 48 hr at 
1500°F and electrolytically digested to give a high 
yield of residue. A density separation removed any 
attached matrix, y’ and 7. The remainder was held 
in hot 50 pet HNO, to dissolve TiC, since G phase is 
resistant to all acids except HF; 5 pct Na(OH) was 
added to eliminate silica. About 12 to 14 g of G 
phase remained for chemical analysis; removal of 
TiC and silica was verified respectively by X-ray 
diffraction and infrared spectroscopy. Although not 
as precise as desired, the separation indicated that 
the stoichiometric composition of G phase is Ni.TiSi 
or Ni,Ti,Si, A subsequent attempt by Westbrook’ 
to synthesize G phase showed that the composition, 
Ni. TiSi, consists mostly of G phase as determined by 
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Table VI. Intensities and |F|? Values of G-Phase Powder, CuKa 


Radiation 

Intensity, 
hkl d,A Counts per Sec |F|2 
200 5.604 14 5 
220 3.983 34 13 
400 2.803 66 109 
420 2.499 79 42 
2.285 134 87 
333-511 2.154 635 332 
1.977 556 1000 
1.890 162 82 
442-600 1.865 101 85 
1.770 34 40 
533 1.708 66 84 
1.688 45 60 
553-731 1.458 21 14 
1.399 16 137 
660-822 1.320 86 139 
555-751 1.292 56 61 
911-753 1.229 43 41 
8 1.220 23 33 
931 1.174 23 36 
844 1.142 34 109 
755-771-933 1.125 79 88 
773-951 1.082 22 52 
666-10, 2, 2 1.077 23 119 


X-ray diffraction. With further refinement, an es- 
sentially homogeneous G phase occurred at the com- 
position Ni,,Ti,Si, with a density of 6.27 g per cu cm. 
This gives 108 atoms per unit cell, which is more 
consistent with the formula Ni,Ti,Si,. Systematic 
absences are limited to those of face-centered sym- 
metry. Hence, the possible space groups are F23, 


Fm3, F432, F43m and Fm3m. 


Patterson-Harker Sections 


As a preliminary step toward determination of 
atomic arrangements within G phase, the Patterson 
function can be used 


hk t 


which is a non-stochastic device for obtaining par- 
tial information about an unknown structure direct- 
ly from X-ray data. This treatment has been used 
occasionally for determining metallic structures; 
e.g., by Tucker’ in solving the crystal structure of 
B-uranium. The integers hkl are Miller indices; the 
parameters wvw are coordinates within the unit cell 
expressed as fractions of unit-cell axes; the quanti- 
ties Fax, are structure factors whose magnitudes 
are calculated directly from X-ray intensities. The 
function P,,,.) can be evaluated at every point with- 
in the unit cell; any vector from the origin to a 
maximum of Py».») represents an interatomic vector. 
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Fig. 7—Alloy A aged 1000 hr at 1400°F after solutioning 4 
hr at 1700°F. No G phase is present, and cellular precipita- 
tion inyolying new phase has occurred at grain boundaries. 


X8000. 


hr at 1700°F. X-ray diffraction shows abundant presence of 
y, little of new phase. X8000. 


The magnitude of a maximum is proportional to the 
product of atomic numbers of an interatomic-vector 
pair and also to the multiplicity of equal interatomic- 
distance vectors in the structure.® 
Table VI lists values of |Fax.|? which were calcu- 
lated from intensities by the relation 
(1 + cos’ 2 @) 
I~ F 3 
cos 6 sin’ P |Faw| 
where p is the multiplicity of planes of equal spac- 
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Fig. 8—Alloy A aged 200 hr at 1500°F after solutioning 4 
hr at 1700°F. Larger particles of y’ and platelets of new 
phase and/or 1 are observable. X8000. 


has passed over TiC particle surrounded by G phase. X750. 


ing. This assumes that |Fo..| is the same for all 
permutations of a given set of integers (hkl) and 
that |Foxn| = |Fan|; both assumptions are valid for 
the space groups possible in G phase. The above re- 
lation also assumes that |Fox1)| is the same for two or 
more sets of indices having the same (h? + k? + 1) 
value, such as (333) and (511). While this assump- 
tion is not strictly valid and must be made in ab- 
sence of single-crystal data, the fidelity of the treat- 
ment is not seriously impaired. 
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From Kq. 2, the form of the two-dimensional 
Patterson-Harker section giving vectors parallel to 
the cube face is 


= COS 2 7 hu cos 22 kv 


C om Sin 2 a hu sin 22kv [4] 


where Conny = x Since the sec- 


ond term involving sines vanishes, meaning that the 
borders of the quadrant bounded by u=0, % and 
v= 0, are mirrors of symmetry. Therefore, only 
one quadrant is shown in Fig. 11. 

The equation for the one-dimensional Patterson- 
Harker section plotted in Fig. 12 is 


=> Ba cos2rnx [5] 


where x is the distance along the [111] axis, ex- 
pressed as a fraction of the cube diagonal, and 
Bay = > [Foxy]? summed over the nth-layer line of 


the [111] axis; all (hkl) of the nth-layer line of this 
axis have the property thath +k +l=n. 

Table VII summarizes the positions of maxima in 
both Patterson-Harker sections. There are vectors 
of essentially equal magnitude in the [100] and 


Table VII. Interatomic Distance Information from Patterson-Harker 
Sections of G Phase 


wt, 
Position Interatomic Arbitrary 
Type Parameter, u Distance, A Scale 
uUoo 0.234 2.62 6 
0.434 4.85 3+ 
uUuo 0.171 2.71 5 
0.250 3.96 9 
0.137— 2.65 
0.250 4.85 6 
0.385 7.47 8 
0.475 9.22 1 


[111] directions. The smaller one (2.624) has about 
equal multiplicity in both directions. The larger 
one (4.85A) has higher multiplicity along the cube 
diagonal than along the cube edge and stands at a 
position (4%, %4, %) from its neighbor. These sec- 
tions are significant because they show that the 
interatomic distances in G phase are not short. 


do 


Fig. 11—Two dimensional Patterson-Harker section of G 
phase showing interatomic yectors parellel to cube face only. 
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Fig. 12—One dimensional Patterson-Harker section of G 
phase in [111] direction. 


Conclusions 

Phase relationships in 26 pct Ni-15 pct Cr alloys 
of the A-286 type appear to result from the ten- 
dency of excess nickel to leave the matrix and com- 
bine with aluminum-poor 7’, 7, and G phases. Such 
depletion is controlled by time, temperature, and 
relative concentrations of silicon, titanium, and 
aluminum. Presumably owing to the incompressi- 
bility of its nearly saturated 3d shell, nickel tends 
not to take part in such phases as Laves and o 
which possess abnormally short interatomic dis- 
tances. Neither y’ nor 7 has short interatomic dis- 
tances; calculated Patterson-Harker sections show 
that G phase is not characterized by short inter- 
atomic distances involving nickel. Laves phase ap- 
pears only after most of the excess nickel in high- 
titanium alloys combines with y’, n, and G phases. 
Similarly, o phase forms in high-aluminum alloys 
when excess nickel combines with y’. While 7’ is 
responsible for dispersion hardening in a normal 
manner, G phase of probable stoichiometric compo- 
sition, Ni,,TisSi,, forms an additional sink for nickel 
segregation and thus promotes Laves-phase forma- 
tion in grain interiors. Vacuum-melted A-286 of 
negligible silicon content has essentially the same 
aging characteristics based on y and 7 phases, but 
instead of G or Laves phases there is cellular pre- 
cipitation involving a new phase. 
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Hydrogen Distribution in Heat-Treated 


Titanium as Established by Autoradiography 


The duplex heat treatment of the two phase titanium alloys containing relatively 
large amounts of £-stabilizing elements frequently produces a dark-etching phase at the 
grain boundaries. An inyestigation of this phase was conducted on an alloy containing 
Ti-3 pct Mn-1 pct Fe-1 pct Cr-1 pct Mo-1 pct V in the annealed and in the heat-treated 
condition. Autoradiography, using tritium as a tracer element, and electron microscopy 
showed the intergranular phase to be a hydrogen-rich material. 


by O. J. Huber, J. E. Gates, A. P. Young, M. Pobereskin, and P. D. Frost 


YDROGEN effects in titanium alloys have been 

the subject of extensive research in recent 
years. Lenning, Craighead, and Jaffee’ showed that 
hydrogen embrittles a titanium and, at the same 
time, elevates the temperature at which the transi- 
tion from brittle to ductile failure occurs during 
impact testing. In later work,’ the same investi- 
gators concluded that several all-8 alloys tolerate 
large amounts of hydrogen without serious damage 
to mechanical properties, but two-phase alloys suf- 
fer varying degrees of embrittlement, depending 
upon the specific @-stabilizing addition used and 
whether or not an a stabilizer is also present. 

The mechanism of hydrogen embrittlement has 
not been clearly established. Strain rate has been 
shown to be an important factor and, therefore, a 
strain-aging phenomenon is suspected to cause the 
effects that hydrogen has produced on mechanical 
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properties.*° Ripling® has pointed out that ductility 
damage varies inversely with strain rate in a-f al- 
loys and directly in a alloys. This effect in a alloys 
can be associated with transition-temperature be- 
havior, but the embrittlement mechanism in two- 
phase alloys remains in question. 

During the course of research conducted for the 
U. S. Air Force; a dark-etching phase has been ob- 
served at the grain boundaries of certain two-phase 
titanium alloys after duplex (solution plus aging) 
heat treatments.” 7 An example of the dark-etching 
interface phase is shown in Fig. 1. Decrease in duc- 
tility accompanies the appearance of the minor 
phase but has not always been attributable solely 
to the presence of the phase. Although the dark-etch- 
ing phase has been observed in alloys under a rather 
narrow range of heat-treatment conditions, it is of 
general interest since it is always associated with the 
presence of hydrogen. The known embrittling effect 
of hydrogen makes any facet of its behavior of par- 
ticular importance. 

The intergranular phase has been observed in 
titanium-base alloys with relatively high amounts 
of the 8-stabilizing elements. Specific examples of 
such alloys include Ti-5 pet Mn-2.5 pct Cr, Ti-3.5 
pet Cr-3.5 pet V, Ti-8 pet Mn, and Ti-3 pct Mn-1 
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pet Cr-1 pet Fe-1 pet V-1 pet Mo.’ Alloys of this 
type are amenable to heat treatments of the duplex 
type. Solution treatment in the two-phase (a + B) 
region followed by an aging treatment in the 800° 
to 1100°F temperature range produces improve- 
ments in mechanical properties which are highly de- 
sirable for many applications. However, such heat 
treatments also result in increased susceptibility to 
embrittlement when the hydrogen content is ex- 
cessive. The actual level of tolerance has been shown 
to be dependent upon the strength level produced by 
the heat treatment, at least in the case of the Ti-3 
pet Mn-1 pet Cr-1 pet Mo-1 pct Fe-1 pct V alloy. 
The dark phase appears to be produced by heat 
treatments which yield a relatively high a to £ ratio 
in the structure. Vacuum annealing decreases the 
relative amount of the dark phase, and the degree of 
degassing necessary to carry a particular alloy to 
the point where the phase is undetected depends 
upon the temperature of the solution and aging 
treatments. 

Recent research has established that the dark- 
etching phase described above is titanium hydride 
or at least a hydrogen-rich phase. The present paper 
describes autoradiographic experiments in which 
tritium, the radioactive isotope of hydrogen, was 
used as a tracer element to reveal the location of 
hydrogen in the titanium alloys studied. Not only 
was the nature of the dark-etching phase revealed 
in this research, but some visual evidence of the 
tendency of hydrogen to partition to the B phase 
rather than the a phase was observed. 


Experimental Work and Results 


Although the dark-etching interface phase can be 
associated with the presence of hydrogen, it was not 
possible to identify or even detect evidence of hy- 
drogen in situ using X-ray or electron diffraction. 
The most logical explanations accounting for this 
are 1) there was such a minor amount of the mate- 
rial present that it was undetected or 2) the phase 


Fig. 1—Ti-3 pct Mn-1 pct Fe-1 pct Cr-1 pct Mo-1 pct V 
alloy with 260 ppm H rolled and solution treated in the 
a-B phase region and aged 48 hr at 800°F.° Etchant used 
was 14 parts HF-3¥% parts HNO:-95 parts The dark 
phase is hydride or hydrogen-rich. A heavier etch shows 
the matrix phase to be with a precipitate dispersed 
throughout. X1000. Reduced approximately 20 pct for repro- 
duction. 
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f Ti-3 pct Mn-1 pct Fe-1 pct Cr-1 
pct Mo-1 pct V alloy before heat treatment. Specimen was 
outgassed at 1800°F and charged with 600 ppm tritium- 
bearing hydrogen; 30 hr exposure. Etchant used was 112 
parts HF-32 parts HNO;-95 parts HO .The general distribu- 
tion of exposed silyer grains indicates that a reaction took 
place between the specimen and the emulsion. X750. Reduced 
approximately 20 pct for reproduction. 


is actually a modification of one of the phases pres- 
ent (more probably the a) in which the hydrogen 
concentration does not cause sufficient lattice dis- 
tortion for the phase to be observed. The former is 
an entirely adequate explanation and there is no 
known relation between a phase and hydrogen to 
support the latter. 

The correlation of the dark-etching material with 
hydrogen can be more convincingly established by 
use of autoradiography and electron metallography. 
A series of specimens for this purpose was prepared 
from a Ti-3 pet Mn-1 pct Fe-1 pet Cr-1 pct Mo-1 
pet V alloy which, for other experiments, also con- 
tained 0.1 pet C. The presence of carbon is not re- 
lated to nor does it affect the formation of the dark- 
etching hydride phase. 

Specimens were prepared to provide duplicate 
series, one of which consisted of hydrogen-free (de- 
gassed) samples, the other of material charged with 
hydrogen or tritium-bearing hydrogen. Calculations 
indicated that 0.1 millicurie* tritium per g Ti would 


* A millicurie is defined as the amount of a radioactive substance 
which produces the same amount of radiation as 0.001 g Ra in a 
unit time. 


be sufficient to produce autoradiographs with ap- 
proximately 30 hr exposure time. The tritium was 
purchased from the Oak Ridge National Labora- 
tories as a gas. Hydrogenation with either pure or 
mixed gases was accomplished in a Sievert’s ap- 
paratus, producing an overall gas content of 600 
ppm. A degassing period of 10 hr at 1800°F preceded 
charging and a homogenization treatment of 25 hr 
at 1400°F followed. 

The specimens were sealed in evacuated Vycor 
during heat treatment. Both solution and aging 
treatments were followed by breaking the capsules 
under iced brine as rapidly as possible to effect a 
quench. 


Autoradiography 
Autoradiographic or tracer techniques can be used 
in many systems to determine the distribution or 
location of a particular component which is radio- 
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Fig. 3—Autoradiograph of Ti-3 pct Mn-1 pct Fe-1 pct Cr-1 
pct Mo-1 pct V-0.1 pct N alloy. Specimen was charged with 
600 ppm H and heat treated 2 hr at 1300°F followed by 
water quench; 168 hr exposure. Etchant used was 1! parts 
HF-312 parts HNO;-95 parts The low number of exposed 
silver grains indicates no reaction between the specimen sur- 
face and the emulsion and no radioactivity in the specimen. 
X1000. Reduced approximately 25 pct for reproduction. 


pct Mo-1 pct V-0.1 pct C alloy. Specimen was degassed 10 
hr at 1800°, loaded with 600 ppm tritium-bearing hydrogen, 
and homogenized 25 hr at 1400°F. Etchant used was 11/2 
parts HF-314 parts HNO;-95 parts H2O. The matrix 6 phase 
contains white needles of primary a phase and gray spheriods 
of titanium carbide. The exposed silver grains indicate con- 
centration of tritium in the carbide phase and rather univer- 
sal distribution in the 6 phase, but relatively little in the 
a phase. X1000. Reduced approximately 15 pct for reproduc- 
tion. 


active. In heat-treatment studies, it is possible to use 
tritium, the radioisotope of hydrogen, to show the 
distribution of the contained hydrogen. The physi- 
cal and chemical properties of tritium are the same 
as those of hydrogen. However, 
greater mass of tritium might make its reaction rate 
slower than that of hydrogen in some cases. 
The tracer techniques, as applied in metals, allow 
direct comparison of the metallographic structure 


920—JOURNAL OF METALS, JULY 1957 


the three-fold 


pct Mo-1 pct V-0.1 pct N alloy. Specimen was charged with 
600 ppm H and heat treated ¥2 hr at 1300°F followed by 
water quench; then aged 24 hr at 900°F; 168 hr exposure. 
Etchant used was 112 parts HF-32 parts HNO;-95 parts H.O. 
The low number of exposed silver grains provides a control to 
validate results using tritium-bearing hydrogen. X1000. Re- 
duced approximately 25 pct for reproduction. 


Fig. 6—Autoradiograph of Ti-3 pct Mn-1 pct Fe-1 pct Cr-1 
pct Mo-1 pct V-0.1 pct C alloy. Specimen was degassed 10 
hr at 1800°, loaded with 600 ppm tritium-bearing hydrogen, 
homogenized 25 hr at 1400°, then solution treated for 12 hr 
at 1300°F and quenched. Etchant used was 1) parts 
HF-3'2 parts HNOs-95 parts H2O. The matrix 8 phase con- 
tains needles of primary a phase and gray spheroids of car- 
bide. Exposed silver grains indicate the tritium is distributed 
about as shown in Fig. 5. X1000. Reduced approximately 15 
pet for reproduction. 


and the distribution pattern as revealed by the 
radiation pattern in a photographic emulsion. An 
excellent review of this technique has been pub- 
lished by H. J. Gomberg.* The technique used in the 
present research is as follows: The metal containing 
the radioactive constituent is polished and etched as 
for conventional metallography. A photographic 
emulsion is applied directly to the polished surface. 
The emulsion is optically clear after development so 
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Fig. 7—Autoradiograph of Ti-3 pct Mn-1 pct Fe-1 pct Cr-1 
pct Mo-1 pct V-0.1 pct C alloy. Specimen was degassed 10 
hr at 1800°F, loaded with 600 ppm tritium-bearing hydro- 
gen, homogenized 25 hr at 1400°, solution treated for /% hr 
at 1300°, quenched, and given an aging heat treatment of 
24 hr at 900°F. Etchant used was 1 parts HF-3'% parts 
HNOs-95 parts H.O. The matrix 8 phase contains white 
needles of primary a phase and unresolved precipitated «, 
as well as the gray carbide spheroids. The exposed silver 
particles are concentrated over a dark phase located at the 
a-B interface. This indicates a high tritium concentration in 
this interface phase. X1000. Reduced approximately 15 pct 
for reproduction. 


that exposed silver grains appear superposed on the 
microstructure. Under ideal conditions, an auto- 
radiographic resolution of several yw is possible. The 
major factors influencing the resolution are 1) the 
degree of proximity between the emulsion and the 
metal surface and 2) the energy of radiation emitted 
by the radioactive material. In the case of tritium, 
very good resolution is possible since the energy of 
the 0.019 mev £B radiation is so low that only the 8 
particles emitted from the tritium in the surface 
layers reach the photographic emulsion. 


The very low energy radiation level which makes 
tritium so attractive from a resolution standpoint, 
however, leads to many practical difficulties in its 
use for autoradiography because the radiation is so 
easily absorbed. In biological systems where high 
concentrations of tritium may be’ achieved, high 
resolution autoradiography may be used to show 
compound distribution in cell structures. Although 
there are many metallurgical systems in which the 
behavior of hydrogen is of particular importance, 
the application of tritium as an autoradiographic 
tracer has not been very successful. Low concentra- 
tions of hydrogen, as well as extreme mobility and 
exchange of hydrogen atoms, are severe handicaps 
in many systems. In titanium, however, relatively 
high concentrations of hydrogen are retained and 
fixed, probably as the hydride. 

In this research early autoradiographic exposures 
with metallic specimens were unsuccessful as a re- 
sult of reaction between the photographic emulsion 
and the freshly polished metal surfaces. An example 
of this is shown in Fig. 2. In nearly all such cases, a 
thin protective film, usually plastic, may be used to 
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Fig. 8—Autoradiograph of control specimen, which was de- 
gassed 10 hr at 1800°, loaded with 600 ppm H (containing 
no tritium), homogenized 25 hr at 1400°, solution treated for 
Y hr at 1300°, quenched, and given an aging heat treatment 
of 24 hr at 900°F. Etchant used was 12 parts HF-32 parts 
HNO;-95 parts H2O. The white needles of a phase and 
spheroids of carbide phase lie in a matrix field of B and a 
precipitate phases. A dark-etching interface appears along 
the a needles. The few dispersed, developed silver grains are 
artifacts resulting from such effects as pressure or corrosion 
at the interface between the specimen and the emulsion. 
X1000. Reduced approximately 15 pct for reproduction. 


separate the emulsion and the surface. A film thick- 
ness of 1 » is the minimum thickness practicable for 
such isolation but the average energy of the 8 radia- 
tion from tritium is too low to penetrate even this 
thin a film. Exposure of the titanium alloy to the at- 
mosphere apparently produces a corrosion film. It 
was found that the emulsion did not react with the 
specimen after the latter had been permitted to 
stand in the air for a few hours prior to application 
of the emulsion. Actually, this type of handling 
produces the highest resolution in the autoradio- 
graphs by elimination of all intermediate materials. 
It was calculated that satisfactory autoradiographs 
could be obtained from the tritium-bearing speci- 
mens during a 30-hr exposure period. This proved to 
be the case for specimens which were not heat 
treated after being charged with tritium. However, 
the heat-treated samples required an exposure time 
of seven days. The difference is probably the result 
of hydrogen and tritium loss during heat treatment 
in evacuated Vycor capsules. Sealing the specimens 
in an inert atmosphere might have prevented partial 
degassing and probably would have been equally 
satisfactory for protection from contamination. 
After the specimens had been heat treated, they 
were mounted in Bakelite for metallographic polish- 
ing and etching. Each mount was arranged to hold 
degassed, hydrogen loaded, and hydrogen plus tri- 
tium loaded specimens. This effectively provided 
two nonradioactive control specimens in each mount. 
Comparison of the autoradiographs of the two con- 
trols established whether or not the dark-etching 
phase was reacting with the emulsion and producing 
exposed silver grains in the emulsion. Examples of 
such control specimens are shown in Figs. 3 and 4. 
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Fig. 9—Negative plastic replica electron micrograph of Ti-3 
pct Mn-1 pct Fe-1 pct Cr-1 pct Mo-1 pct V-0.1 pct C alloy. 
Specimen was loaded with 600 ppm H plus tritium and solu- 
tion treated Y2 hr at 1300°F. Etchant used was 14 parts 
HF-3’2 parts HNO:-95 parts The large light particle 
is carbide which is standing in relief on the specimen. The 
gross structure is a 8 matrix containing primary a. X7500. 
Reduced approximately 35 pct for reproduction. 


Fig. 10—Negative plastic replica electron micrograph of 
Ti-3 pct Mn-1 pct Fe-1 pct Cr-1 pct Mo-1 pct V-0.1 pct C 
alloy. Specimen was loaded with 600 ppm H plus tritium, 
solution treated 2 hr at 1300°, and given an additional 
heat treatment of 24 hr at 900°F. Etchant used was 114 
parts HF-3’2 parts HNOs:-95 parts H.O. The light phase is 
the hydrogen-rich material which has formed largely at the 
interfaces between the primary a and the 8 matrix. The 
latter contains a fine precipitate of the a phase. X7500. 
Reduced approximately 35 pct for reproduction. 
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Fig. 3 shows an autoradiograph of a Ti-3 pct Mn-1 
pet Fe-1 pet Cr-1 pct Mo-1 pct V-0.1 pet N alloy 
specimen loaded with 600 ppm H before heat treat- 
ment of % hr at 1300°F followed by water quench. 
Relatively few exposed silver grains are scattered 
through the autoradiograph. These grains were 
probably exposed by radiation from cosmic sources, 
atomic bomb fall-out, or naturally occurring radio- 
isotopes. Such effects are evident to some degree in 
any sensitive emulsion, the degree varying accord- 
ing to the age of the emulsion. Fig. 4 shows an auto- 
radiograph of a specimen charged with 600 ppm H 
and heat treated to precipitate the dark-etching 
phase. Again only a light scattering of exposed 
silver grains is evident. The absence of significant 
numbers of exposed silver grains in the emulsion 
demonstrates the fact that there was no chemical in- 
teraction between either the metal substrate or the 
dark-etching phase and the emulsion during either 
the 168 hr exposure time or the development proc- 
esses. If such reaction had occurred, the autoradio- 
graphs would have shown much heavier concentra- 
tions of exposed silver grains. 

Some autoradiographs from one series of speci- 
mens loaded with hydrogen and tritium are shown 
in Figs. 5 through 8. The alloy is nominally Ti-3 pct 
Mn-1 pet Fe-1 pet Cr-1 pet Mo-1 pet V-0.1 pct C. 
The alloy is shown in Fig. 5 after hydrogenation but 
before heat treatment. The exposed silver grains 
are rather evenly distributed over the @ phase, are 
relatively absent from the a, and are somewhat con- 
centrated over the carbide spheroids. This indi- 
cates that hydrogen tends to partition into the tita- 
nium carbide and offers some visual indication that 
hydrogen partitions to the 6 in preference to the a 
phase. Solution treatinent in the two-phase region 
(% hr at 1300°F) produced little change in either 
the microstructure or the autoradiographic results, 
as is shown in Fig. 6. This is as would be expected, 
since the cooling rate is the main difference between 
the treatments. After solution treatment, the mate- 
rial was quenched in iced brine, while the post- 
hydrogenation homogenizing treatment was fol-- 
lowed by cooling in the apparatus. In Fig. 7, the 
effect of aging for 24 hr at 900°F is immediately 
obvious. There is a concentration of exposed silver 
grains directly over the dark-etching material as a 
result of the concentration of radioactive tritium in 
this phase. 

A control specimen was carried through the entire 
procedure just described except that it was initially 
loaded with pure hydrogen and contained no radio- 
active tritium. The control specimen is shown in Fig. 
8 in the same condition of heat treatment as for Fig. 
7. It is apparent that there are few exposed silver 
grains scattered over the surface and that the dark- 
etching phase at the a-8 interfaces is sharply de- 
fined as contrasted to the appearance of the phase 
shown in Fig. 7. The few developed silver grains re- 
sult from radiation from cosmic source or naturally 
occurring radioisotopes. 

It would appear from this research that the dark- 
etching phase which formed at the a-8 interfaces is 
TiH or at least a hydrogen-rich phase. 


Electron Metallography 


Upon completion of the autoradiographic work, 
the same series of specimens was examined in the 
electron microscope, using shadowed, negative plas- 
tic replica techniques.’ The structure resulting from 
a solution treatment of %% hr at 1300°F appears in 
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Fig. 9. The material was loaded with 600 ppm 
tritium-bearing hydrogen before this heat treat- 
ment. The structure is predominantly a 8 matrix 
with primary a, i.e., « which is present at the solu- 
tion temperature. The large spheroid is a titanium 
carbide particle. The solution treatment described 
above followed by aging 24 hr at 900°F produced 
the microstructure shown in Fig. 10. The matrix is 
8 containing a fine dispersion of precipitated a. The 
phases in relief are primary a and the hydrogen- 
rich phase. The a appears darker and the hydride is 
light and is located at the interface between pri- 
mary a and the matrix. Since in the electron micro- 
graphs both the hydride and the carbide phases ap- 
pear as light areas (thin areas in replica), other re- 
gions in the same sample which showed carbide 
particles were also examined to confirm the differ- 
ences in their appearance. 

Fig. 11 is an electron micrograph of a specimen 
which received the same heat treatment as that of 
Fig. 10 but which was previously degassed. The 
obvious difference between Figs. 10 and 11 is that 
the hydride phase present in Fig. 10 does not exist 
in the degassed material. 

The appearance of the a phase throughout this 
series is interesting, although the effect is probably 
not connected with the presence of hydrogen. There 
are varying degrees of attack by the etchant on the 
the various a islands. In Fig. 11 particularly, some of 
the a phase appears to be relatively unattacked and, 
therefore, it stands in relief above the matrix mate- 
rial. Other areas have been more seriously attacked 
and are recessed. Compositional variations in the 
a phase are possible in the heat treatment of com- 
plex alloys, and they could also account for the ob- 
served variations. The effect need be a relatively 
minor one to be visible at the magnification used, 
X7500. 

Some speculation on the mechanism of hydrogen 
embrittlement is possible based on the observations 
made in this paper. The autoradiographs indicate a 
tendency for hydrogen to partition to the 8 phase 
during a solution treatment. During subsequent 
aging the hydrogen comes out of solution and diffu- 
sion to the a-8 interfaces takes place. The hydrogen 
forms the titanium hydride compound with the a 
phase. The same diffusion and compound formation 
could conceivably be produced by strain aging as 
well as by thermal aging. Since it is known that 
titanium hydride is brittle, this mechanism of for- 
mation of the hydride phase at a-f interfaces might 
be the one which produces strain embrittlement in 
high-hydrogen titanium alloys. 


Summary 


In two-phase titanium alloys containing relatively 
large amounts of the £-stabilizing elements, a minor 
phase has been observed at the B-a interfaces after 
duplex heat treatments involving aging (isothermal 
anneal) in the 800° to 1100°F range. The dark-etch- 
ing phase appears where the ratio of « to B phase is 
relatively high and it increases in quantity with in- 
creasing hydrogen content. Crystallographic evi- 
dence has not been obtained, but the formation of 
the intergranular phase has been established by 
light and electron metallography and its high hydro- 
gen content has been proven by autoradiographic 
tracer techniques, using samples charged with 
tritium-bearing hydrogen. Autoradiography has also 
provided some evidence for the tendency of hydro- 
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Fig. 11—Negative plastic replica electron micrograph of 
control specimen of degassed material solution treated 2 hr 
at 1300° and aged 24 hr at 900°F. Etchant used was 1/2 
parts HF-312 parts HNOs:-95 parts H.O. The large light area 
is a carbide particle. Primary a needles and fine « precipi- 
tate appear throughout the 6 matrix. No hydrogen-rich phase 
is present. Note that the degree of etchant attack on the a 
phase areas yaries. X7500. Reduced approximately 35 pct 
for reproduction. 


gen to partition to the 8 phase in preference to the 
a phase in titanium alloys. 
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Blister Formation in Rolled Aluminum 


Blister raising discontinuities have been located in sheet ingots and followed by means 
of nondestructive testing methods through the various stages of sheet production to the 
formation of blisters. The relative importance of gas content and ingot discontinuities has 
been determined. The use of a fabricating technique based on at least 40 pct cold reduc- 
tion of the as cast ingot prior to the application of normal hot and cold rolling procedures 
has been shown to eliminate blisters. An explanation for this is offered. 


by J. H. O’Dette 


Be formation on wrought aluminum prod- 
ucts has been a matter of concern to aluminum 
fabricators for many years. 

The fact that blisters make their appearance dur- 
ing the final stages of fabrication means that much 
time and effort have been expended before it is 
evident that the material must be scrapped. This 
and the loss of production are ample reasons for 
embarking on a research program to find out more 
about blistering and possible methods of control. 

Many excellent papers on this subject have ap- 
peared in the technical literature in the last few 
years. In one of the more recent papers, Kostron* 
gives a fairly complete review of the problem of gas 
in aluminum and blistering in general. From the 
work of the various investigators, a general mechan- 
ism for the formation of blisters has evolved and 
may be summarized briefly as follows: Hydrogen gas 
is usually present in the cast ingot, in the atomic or 
ionic state, in excess of the solid solubility. At room 
temperature the gas atoms are relatively immobile, 
but at elevated temperatures they become mobile 
and diffuse to free surfaces where they associate to 
form molecules. If these free surfaces are discon- 
tinuities within the ingot then the associated gas 
molecules collect and build up considerable pressure 
until equilibrium is reached with the dissolved gas 
around the discontinuity. Since the solubility of the 
gas is proportional to the square root of the partial 
pressure it is evident that large pressures may be 
built up at the discontinuities. When the metal is 
rolled to sheet the pressure of the gas in these dis- 
continuities is sufficient to deform the surface of the 
sheet and form a blister, particularly when the 
strength of the material is reduced during the an- 
nealing. 

Although the mechanism of the formation of 
blisters was fairly well known, the actual impor- 
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tance of the individual roles played by the gas and 
the discontinuities was not so well established that 
positive methods for control of blistering were at 
hand. It was the object of the investigation to learn 
more about the nature of the discontinuities giving 
rise to blistering and to develop methods of control. 

The investigation was carried out in three stages 
as follows: 

a) A study of the more commonly used methods 
of removing hydrogen from aluminum, such as flux- 
ing and holding, and their effects on blistering. 

b) Location of the discontinuities giving rise to 
blistering. 

c) A study, by indirect methods, of the move- 
ment of gas in the metal and its effect on blistering, 
and the development of methods of blister control 
during fabrication. 

Removing Gas and Reducing Blistering by Flux- 
ing or Holding—The work of removing gas and re- 
ducing blistering by fluxing or holding was carried 
out on metal of Alcan 2S (1100) composition with 
an artificially high gas content. The high gas content 
was obtained by introducing water into the melt 
prior to casting; the water reacted with the alumi- 
num forming Al,O; and hydrogen. The procedure 
was to raise the gas content by introducing water 
into an aluminum melt and using half the melt to 
cast one ingot immediately. The remaining metal 
was treated again with water to make up for the 
reduction in gas content during holding, while the 
first ingot was being cast, and then given a fluxing 
or holding treatment and cast into an ingot. Samples 
for gas determination were cast from the molten 
metal before and after the gassing operation; before, 
after, and during fluxing, and while casting. Samples 
were also cut from sections of the ingots. Gas deter- 
minations were made on these samples using the 
well known vacuum fusion technique. All ingots 
were hot rolled at 500°C to 0.250-in. slab which, in 
turn, was cold rolled to 0.040 in. sheet. The sheet 
was coiled and annealed for 2 hr at 500°C and then 
cut into 5-in. squares which were inspected for 
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blisters. One or more blisters on either surface of a 
square was sufficient to classify it as scrap. 

Invariably the initial ingots cast from the melts 
just after the gassing operation had a high level of 
gas (in the order of 1.7 to 2.7 ml per 270 g) and an 
extremely high tendency to blister (100 pct scrap). 
Fluxing the melts with chlorine, nitrogen, or argon 
in the temperature range 680° to 750°C was effec- 
tive in reducing the gas content to a low level (in 
the order of 0.20 to 0.50 ml per 270 g) and the 
blistering to a low level (0 to 4 pct scrap). Fluxing 
tools that gave multiple streams of small fluxing gas 
bubbles were also more effective than tools that 
emitted a single stream of larger bubbles. Solid 
fluxes, such as hexachlorethane, acted similarly to 
gaseous fluxes in reducing both gas and blistering. 

Although without exception it was possible to re- 
duce the gas content of the melts to a low level it 
did not always follow that the blistering would be 
entirely eliminated. In seeking the reason for this 
it was found that in cases where the gas was re- 
duced to a low level and there was still some blister- 
ing, the ingot contained an appreciable amount of 
shrinkage porosity. In the cases where the blistering 
was eliminated there was very little, if any, shrink- 
age porosity in the ingot. 

Identification of Ingot Discontinuities Giving Rise 
to Blistering—Microsections of blisters, Fig. 1, from 
annealed sheet were prepared and showed the 
blisters to be expanded lamellar discontinuities 
lying in a plane parallel to the surface of the sheet. 

The appearance of these discontinuities suggested 
that they had their origin in shrinkage cavities or in 


Table I. The Effect of Preheating Time and Temperature on Gas 
Content and Blistering of Alcan 2S (1100) Aluminum Alloy 


Preheating Temperature, °C 


Time at 

Temperature, Hr 500° 550° 600° 
6* 1.35 1.65 1.63 
7 1.55 0.35 

t 89.0 93.0 34.0 
12* 1.32 1.50 
1.22 1.23 0.19 

t 87.0 100.0 17.0 
18* 1.53 1.38 1.90 
tT 1.27 0.87 0.14 

t 80.0 94.0 33.0 
24* 1.43 1.39 1.70 
+ 1.28 0.42 0.28 

+ 84.0 64.0 27.0 


* Original ingot gas content in ml per 270 re 
+ Gas content of ingot after preheating in ml per 270 g. 
t Pct blister scrap. 


entrapped oxide particles in the ingot. Sections of 
tilt mold and direct chill cast sheet ingots were 
examined using radiography and ultrasonic refiecto- 
~scope techniques and following this a metallographic 
examination was carried out in areas indicated to 
contain defects. In nearly all cases where ingots had 
a high tendency to blister many discontinuities were 
located.in the nondestructive testing, and metallo- 
graphic examination showed them to be shrinkage 
cavities. In ingots with little tendency to blister 
very few discontinuities could be located. It was 
also noted that in the case of tilt mold ingots the 
shrinkage cavities were usually quite large and the 
blisters on the sheet produced from these ingots 
were large. On the other hand, direct chill cast 
ingots had, on the whole, much smaller shrinkage 
cavities, and the resulting blisters on the sheet 
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rolled from these ingots were quite small. This re- 
lationship between ingot porosity and blistering is 
shown in Fig. 2. 

During the examination of the ingot sections very 
few oxide inclusions were observed and it ap- 
peared that shrinkage cavities in the ingot were the 
main blister-raising discontinuities. However, oxide 
inclusions could not be discounted completely be- 
cause the methods used to examine the sections 
were such as to detect readily shrinkage cavities, 
whereas oxide inclusions were more difficult to de- 
tect. The X-ray method, in particular, located 
shrinkage cavities but was practically useless in 
locating oxide, unless it had associated porosity. 
This is because the X-ray absorption coefficients for 
aluminum and its oxide are almost identical. 

To go a step further in this part of the investiga- 
tion, sections of tilt mold and direct chill cast ingots 
were tested by means of ultrasonics and radiography 
and porosity in the ingots was accurately located. 
Using the same testing methods it was possible to 
trace the ingot porosity through the various stages 
of sheet production and to observe blisters forming 
during annealing at the site of the porosity, which 
had, during the course of fabrication, become a lam- 
ellar discontinuity. 

While the examination of production ingots to 
identify the blister-raising discontinuities was under 
way, a separate investigation to evaluate the effect 
of the variables in the direct chill casting process on 
the quality of sheet ingot and, in particular, the 
blistering was completed. An examination of sec- 
tions of ingot from this program was carried out to 
determine the reasons for the variation in blistering. 
Nondestructive testing methods failed in this case 
to locate the discontinuities, and it was necessary to 
use density determinations to locate the porosity in 
the sections. The measurements were made on 3/4 
in. x 3/16 in. x 6 in. sections cut side by side across 
the width of the ingot. Density patterns were plotted 
for the individual sections and ingots which had a 
high tendency to blister had regions of low density 
that, corresponded with the source of the blister- 
raising discontinuities. Metallographic examinations 
were then carried out on the sections with low 
density and considerable microshrinkage was found 
in most cases to account for this low density. 

At this stage in the investigation of blistering the 
relative importance of gas in the ingot and shrink- 
age porosity was considered to have been estab- 
lished. The findings agreed with the generally ac- 
cepted view that both gas and internal discontinui- 
ties were required for the formation of blisters, but 


- In addition went a step further and pointed out the 


marked importance of the discontinuity (in this case 
microshrinkage) factor in controlling blistering. 
Ingots with widely varying gas content gave various 


Fig. 1—Cross section 
of typical blister in 
Alcan 2S (1100) 
aluminum sheet. 
Note the expanded 
lamellar discontinu- 
ity resulting in the 
raised portion on the 
surface of the sheet. 
As-polished. X40. 
Reduced approxi- 
mately 25 pct for 
reproduction. 
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Fig. 2—LEFT: Radiograph of section of ingot showing porosity and the location of rolling ingot R-190 and microsection R-189 
in relation to the discontinuity. CENTER: Micrograph R-189 as-polished, showing details of porosity. X100. RIGHT: Photograph 
of section of sheet rolled from ingot R-190 showing the blistering. X1. 


levels of blistering depending on the soundness of the 
ingot. An ingot could have the lowest possible gas 
level it was practicable to obtain and still have a 
tendency to blister because of ingot unsoundness. On 
the other hand, an ingot with a much higher level of 
gas could have a slight tendency to blister due to a 
very sound ingot structure, free from coarse micro- 
shrinkage. A large measure of control could also be 
exerted over the extent, size, and distribution of the 
ingot microshrinkage by changes in the casting con- 
ditions. 

Gas Diffusion and Methods of Blister Control Dur- 
ing Fabrication—The third stage of the investigation 
was concerned with a study of gas diffusion in an 
ingot by determining the effect of fabrication vari- 
ables, such as preheating and interannealing, on the 


Table Il. The Effect of Slab Annealing Time and Temperature on 
the Gas Content and Blistering of Alcan 2S (1100) Aluminum Alloy 


Annealing Temperature, °C 


Time at 

Temperature, Hr 400° 450° 500° 550° 
1 2.43 2.35 2.83 2.59 
aT 1.74 1.35 1.72 1.36 

+: 50.0 65.0 76.5 58.7 
oF 2.37 2.64 2.62 2.45 
1.61 1.65 1.69 

t 55.5 82.0 73.7 30.3 
6* 2.45 2.45 2.36 2.08 
t 1.59 1.26 1.12 0.78 

t 84.5 11.4 22.1 0.0 
9* 2.21 2.17 2.50 2.35 
13 1.66 1.21 

t 62.0 25.0 45.0 5.2 


* Gas content of slab before annealing in ml per 270 g. 
+ Gas content of slab after annealing in ml per 270 g. 
t Pct blister scrap. 


gas content and the blistering. Admittedly, this was 
an indirect way of studying gas diffusion, but then 
no direct method exists whereby the actual move- 
ment of gas through a metal can be observed. Ebor- 
all and Swain’ showed that it was possible to remove 
hydrogen from brass ingots during preheating and 
annealing. In this case the hydrogen gas was caused 
to diffuse out of the ingot prior to the stage in which 
the ingot was rolled to light gage sheet and blister- 
ing was prevented. It seemed reasonable to expect 
that similar treatments might be effective in reduc- 
ing the gas content of aluminum and possibly the 
blistering. Eborall and Ransley* demonstrated (in 
their work on the Al-Mg alloys) that hydrogen dif- 
fused readily in aluminum. However, there was an- 
other consideration in attempting to diffuse hydro- 
gen out of aluminum and that was the barrier to 
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diffusion which existed at the surface of the metal, 
in the oxide film. Smithells and Ransley* and Russell” 
showed the marked effect of the surface oxide film 
in retarding the permeation of hydrogen through 
aluminum. 

Preheating and Interannealing—Experiments were 
designed to determine the effect of preheating and 
interannealing on the gas content and blistering of 
334 in. x 9 in. x 36 in. direct chill cast ingots in 
Alcan 2S (1100) alloy composition. All ingots were 
cast from metal with a high gas content to ensure a 
marked tendency to blister. The high gas content 
was produced, as in the work on fluxing, by intro- 
ducing water into the melt. The procedure was to 
hot roll the ingots at 500°C to 0.250 in. slab, cold 
roll the slab to 0.040 in. sheet, coil the sheet and 
anneal it for 2 hr at 500°C, and then to cut it into 
5 in. squares (there were approximately 70 5 in. 
squares of sheet from each ingot) which were sub- 
sequently inspected for blisters. One or more blisters 
on either side of a sheet was sufficient to classify it 
as scrap. In the case of the preheating experiments, 
the ingots were preheated before hot rolling; in the 
case of the interannealing experiments, the ingots 
were hot rolled and the interanneals carried out on 
the hot mill slab. 

Each experimental lot consisted of four ingots. 
Two gas samples were taken from each ingot prior 
to preheating and two after preheating. In the case 
of the interannealing experiments eight gas sam- 
ples were taken at various positiuns in the slab from 
each ingot before and after annealing. 

Typical results for the preheating and the inter- 
annealing experiments are presented in Tables I 
and II, respectively: 

Considering first the results of the preheating ex- 
periment it is apparent that, although preheating 
reduced the gas content up to 17 pct at 500°C, it 
had little effect on blistering. It was not until a tem- 
perature of 550°C was reached and the loss in gas 
was of the order of 70 pct that the blistering was re- 
duced. At a temperautre of 600°C, when the reduc- 
tions in gas were of the order of 80 to 90 pct, the 
blistering was reduced considerably. It is evident 
that at temperatures of 550°C and less the diffusion 
of gas from the ingot is slow and that only at tem- 
peratures of about 600°C can the ingot gas content 
be reduced in a reasonable length of time. Since a 
reduction in blistering takes place it would also in- 
dicate that there is a reduction in gas content at 
the discontinuities; that is, if gas has separated at 
free surfaces in the ingot it now dissociates and dif- 
fuses out of the ingot. 
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The results of the interannealing experiments 
were similar to those of the preheating experiments 
inasmuch as it was possible to reduce the gas con- 
tent and the blistering of the slab by annealing. 
However, the time at temperature was shorter and 
the temperature lower for any specific reduction in 
blistering. This could be reasonably accounted for 
on the basis of the shorter path over which the gas 
was required to diffuse to reach the atmosphere. 
There was also the possibility that the oxide film on 
the hot mill slab was more porous than that on a 
cast ingot and offered less of a barrier to the diffu- 
sion of the gas from the slab. 


Cold Reduction of Ingots Prior to Heating—In 
production, increased blistering had been experi- 
enced after preheating. An explanation for this 
could be found if the gas in the cast ingot were con- 
sidered to be in solid solution and not separated on 
internal free surfaces as suggested by Ransley.* 
Under these conditions, any heating of a cast ingot 
into the temperature range 450° to 500°C, where 
gas diffused readily through the aluminum lattice, 
would allow the gas to separate on the internal dis- 
continuities (these should be free of any oxide film 
on their surface). At the same time the gas would 
tend to diffuse out of the ingot, but this would be a 
much slower process due to the longer path over 
which the gas would have to diffuse and the re- 
sistance to diffusion offered by the external oxide 
film. This being the case, an ingot preheated 8 hr at 
535°C would have much the same total gas content 
as an as-cast ingot but, instead of the gas being in 
solid solution, part of it would now be separated as 
molecular gas at internal free surfaces. The gas 
separated at discontinuities would prevent the dis- 
continuities from being welded shut during rolling 
and result in a lamellar gas-filled discontinuity in 
the finished sheet which would form a blister during 
annealing. 


The blister-raising discontinuities had been iden- 
tified as mainly shrinkage cavities in the early stages 
of the investigation. This being the case, and consid- 
ering the above mechanism of gas diffusion to be 
operative, the possibility of removing these discon- 
tinuities by cold rolling prior to any heating sug- 
gested itself. If, as postulated, the cavities were gas- 
free, they could be expected to weld shut during a 
cold rolling operation. 


To test this theory an experiment was conducted 
in which cold rolling of an ingot was compared with 
hot rolling. One half of a high gas ingot was cold 
rolled and the other half hot rolled at 500°C. The 
cold rolled ingot was reduced 85 pct and the result- 
ing sheet contained no blisters. The sheet from the 
hot rolled ingot, which was also reduced 85 pct, had 
approximately 1000 blisters. Since gas analysis on 
the ingots before cold rolling and on the slab after 
rolling showed the same gas content the experiment 
indicated that the cold rolling had removed the sites 
where gas separation normally took place and re- 
sulted in blistering. A further proof of this was sup- 
plied by ultrasonic inspection tests which were car- 
ried out during the course of the experiments. In- 
ternal defects were detected in both ingots prior to 
rolling. They disappeared in the ingot which was 
cold rolled, but persisted in the ingot which was hot 
rolled through to the sheet stage and resulted in 
blistering. 

A series of experiments was conducted to deter- 
mine the amount of cold reduction necessary to re- 
duce blistering. In these tests high gas ingots were 
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Fig. 3—Relationship between cold reduction and blistering 
for Alcan 2S (1100) aluminum alloy. 


used and were given varying cold reductions. After 
the cold reduction, the ingots were hot rolled at 
500°C to 0.250 in. slab, which was in turn cold 
rolled to 0.040 in. sheet, annealed, and inspected for 
blisters. The results of these experiments are shown 
in Fig. 3. 

During the course of this work two gas samples 
were taken from each cast ingot, four from the slab 
after cold reduction and four from the slab after hot 
rolling. On analysis of these samples it was found 
that the gas content of the material did not change 
during fabrication. 

The tests showed quite clearly that cold reductions 
of the order of 40 pct were sufficient to reduce blis- 
tering to a very low level. This reduction in blister- 
ing was attributed to a closing up of ingot shrinkage 
cavities during cold rolling, with the resultant re- 
moval of free surfaces on which gas might separate 
from solid solution. The gas analysis results ruled 
out any possibility that the reduction in blistering 
was due to a drop in the gas content during fabrica- 
tion. 

To complete this phase of the investigation a 
series of tests was carried out in which ingots were 
heated to 500°C for % hr and then cooled to room 
temperature, before being given cold reductions 
varying from 10 to 80 pct. In these tests the cold 
reductions had no effect in reducing blisters. It ap- 
peared that in as short a time as % hr at 500°C gas 
separated at internal discontinuities and that cold 
reduction, after this gas separation had taken place, 
was no longer effective in welding shut the cavities. 
The film of gas between the two surfaces of the 
cavity probably prevented them from welding 
during the rolling. 

Since cold rolling (rolling with the ingots at 
room temperature, approximately 25°C) produced 
no blistering and hot rolling at 500°C produced a 
great deal of blistering, it was to be expected that 
in this temperature range (25° to 500°C) there 
would be a transition temperature below which 
little blistering would occur and above which ap- 
preciable blistering would occur. This temperature 
would correspond to that at which the diffusion of 
gas to internal shrinkage cavities becomes rapid and 
the cavities would be filled in a short period of time. 
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Fig. 4—Relationship between rolling temperature and blister- 
ing of Alcan 2S (1100) aluminum alloy. 


Tests were conducted to determine this transition 
temperature. In these tests the ingots were rolled, 
at temperatures from 20° to 500°C, as indicated 
in Fig. 4, to 0.250-in. slab. The slab was then cold 
rolled to 0.040-in. sheet, annealed, and inspected 
for blisters. The results of these tests are presented 
in Fig. 4. 

The graph shows quite clearly that in the tem- 
perature range 300° to 400°C there is a marked in- 
crease in blistering. As mentioned previously this 
is attributed to the fact that, at these temperatures, 
the gas in solid solution in the metal is diffusing to 
the internal shrinkage cavities at such a rate that 
the cavities become filled with gas in the short 
time required to bring the ingot to these tempera- 
tures (% to 1 hr). Eborall and Ransley*® report rapid 
gas diffusion in Al-Mg alloys at a temperature of 
400°C and it appears quite probable from these re- 
sults that for Alcan 2S (1100) alloy, internal gas 
diffusion proceeds very rapidly at temperatures 
even below 400°C. The blister scrap figure for curve 
CW-1 is higher than that for curves CW-2 and 
CW-3 up to a temperature of 300°C. In determining 
the reason for this it was found that the ingots 
used in this test had, in addition to normal shrink- 
age porosity, some gas porosity very close to the sur- 
face. This porosity was in the form of spherical 
cavities. Since these cavities contained gas precipi- 
tated during casting it was not to be expected that 
rolling at low temperatures would have any effect 
on reducing blistering from this source. This curve 
shows a rapid rise in blistering when the tempera- 
ture is reached where gas precipitation to shrinkage 
cavities takes place. In this respect it is very similar 
to curves CW-2 and CW-3. 


Summary and Discussion 


The initial investigation of the problem of blister- 
ing, which consisted of experiments using conven- 
tional fluxing techniques for the removal of gas and 
reduction of blistering, gave results that were in 
agreement with previously published work on this 
subject. It was possible to reduce greatly the amount 
of gas in the liquid metal prior to casting and, in so 
doing, to reduce markedly the tendency to blister. 
In addition, it was observed that, although fluxing 
reduced the gas content of the molten metal to a 
very low level, it did not necessarily follow that the 
blistering would be reduced to zero. The reason for 
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this became apparent during the second part of the 
investigation when the blister-raising discontinui- 
ties in the ingot were identified as shrinkage cavi- 
ties. It was observed that ingots with quite low gas 
contents would blister if there was microshrinkage 
to act as a center for gas separation. On the other 
hand, ingots with quite high gas content had little 
tendency to blister if they were free of microshrink- 
age, particularly near the surface. 

The later stages of the investigation, which were 
directed toward the development of remedial mea- 
sures to be used during fabrication, proved to be the 
most rewarding from the point of view of offering 
new methods of blister control and a fairly clear 
explanation of the process of blister formation. 

In the development of a theory to explain the 
process of blister formation there is a limitation in 
the fact that the all important movement of the 
hydrogen through the metal lattice cannot be ob- 
served directly. Indirect indications of the move- 
ment of the gas, such as a change in total gas con- 
tent or changes in blistering, must be relied upon. 

The results of the experimental work support the 
generally accepted theory of blister formation, based 
on gas diffusion and separation on free surfaces 
within an ingot where large pressures are built up, 
which result in blistering during annealing. More- 
over, the free surfaces on which gas separates in the 
ingots have been identified as shrinkage cavities and 
special fabricating techniques have been devised to 
overcome blistering. 

It is quite often assumed that the direct chill 
casting process allows appreciable gas to escape 
from the liquid metal to become entrapped as gas 
bubbles in the solidifying casting. As mentioned 
previously, Ransley® has suggested that this is not 
the case and the results of this work would sub- 
stantiate his views. Although the gas is much less 
soluble in the solid metal than in the liquid metal, it 
does not follow that it is rejected automatically to 
the liquid on freezing. It is held in the solid initi- 
ally and whether or not it passes to the liquid and 
leads to porosity depends on the rate of diffusion of 
the gas in the solid in relation to the rate of advance 
of the freezing front. For Alcan 2S (1100) aluminum 
alloy it appears that under normal direct chill cast- 
ing conditions the greater part of the gas is in solid 
solution in the as-cast ingot. 

Given an as-cast ingot with hydrogen in solid 
solution and with some shrinkage porosity to act 
as a free surface for gas separation it would appear 
from the results of this work that the mechanism of 
the formation of blisters would be that, during the 
preheating of the ingot or during heating for hot 
rolling, the hydrogen in solid solution diffuses to 
shrinkage cavities and separates, probably as mole- 
cular gas. This diffusion and separation takes place 
rapidly at a temperature of 300° to 400°C, as indi- 
cated by the experiments to determine the effect of 
hot rolling temperature on blistering. Prolonged 
heating in this temperature range merely allows 
more gas to separate and increase the blistering in 
the final sheet. During the hot rolling the gas-filled 
shrinkage cavities are rolled out into gas-filled 
lamellar discontinuities in the slab. The film of gas 
between the two surfaces of the discontinuities is 
sufficient to prevent the welding of the two surfaces 
during rolling. The cold rolling of the slab to sheet 
serves to reduce the thickness of the material and 
in effect to bring the lamellar gas-filled discon- 
tinuity closer to the surface of the sheet. When the 
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sheet is annéaled the gas in this discontinuity, which 
is under high pressure, is expanding and at the same 
time the strength of the material is falling. This re- 
sults in deformation outward of the surface of the 
cavity and formation of a blister on the surface of 
the sheet. As stated previously in the introduction, 
this is a conventional theory of blister formation, 
which is supported by the results of this work, in- 
asmuch as the ingot discontinuities were located 
nondestructively and followed through the various 
stages of sheet production to the actual formation of 
the blisters. 

Additional indirect support for this theory of 
blister formation was also obtained in the experi- 
ments on cold rolling of as-cast ingots and its effect 
on blistering. If the mechanism of blister formation 
was as presented above it was reasoned that the 
removal of the internal free surfaces, where gas 
might separate, would prevent the separation of the 
gas and reduce blistering. Since the initial work had 
shown these internal free surfaces to be shrinkage 
cavities the problem became one of removing them 
at some temperature below that at which gas would 
readily diffuse to them. Rolling of ingots at room 
temperature proved to be a successful method of 
removing the cavities and of reducing blistering. 
The actual closure and disappearance of the cavities 
during rolling was followed with the ultrasonic re- 
flectroscope and also by means of sectioning and 
microradiography. The reduction in blistering was 
dependent on the amount of cold reduction given to 
the ingot up to approximately 40 pct reduction, at 
which point the blistering was reduced to approxi- 
mately zero. 

The immediate explanation of the effect of this 
cold reduction on blistering is a simple one, based 
on the observed fact that the shrinkage cavities in 
the ingot were being removed by the cold reductions 
and this prevented blistering. The gas-free shrink- 
age cavities apparently cold welded and thus re- 
moved free surfaces where gas might precipitate and 
cause blistering. 

The later tests to observe the effect of rolling 
temperature on blistering indicated that at tem- 
peratures up to 300°C the diffusion of gas to 
shrinkage cavities was slow and that it might not be 
necessary to give the ingots heavy reductions at 
room temperature, but that rolling at temperatures 
up to 300°C might be satisfactory. However, no ex- 
periments were conducted to investigate cold rolling 
effects in the temperature range 30° to 300°C. 

The concept of essentially gas-free shrinkage 
cavities in an as-cast ingot was further supported 
by the experiment to determine the effect of cold 
reductions on blistering on a preheated ingot. In this 
case the short time required to raise the temperature 
of the ingot to 500°C was sufficient to allow the gas 
to diffuse and separate to the cavities. Once the gas 
had separated no amount of cold reduction would 
then remove the cavities since the film of gas pre- 
sumably prevented cold welding of the adjacent 
faces of the laminate. This left the slab with free 
surface§ on which gas had separated and on which 
more gas could separate, giving rise to blisters. 

Although the above explanation for the effect 
of cold reduction of as-cast ingots on blistering has 
been presented as being the most probable from the 
observed facts, another explanation is being con- 
sidered and experiments are under way to obtain 
some experimental data to support it. 

This alternative explanation takes into account 
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the fact that cold rolling has introduced many dis- 
locations in the metal and, possibly, for this mate- 
rial has also introduced the maximum number of 
dislocations in the region of 40 pct cold reduction. 
The dislocations are considered as sites where gas 
separation may take place from solid solution, pos- 
sibly to the extent of one or two gas molecules per 
dislocation. The extremely large numbers of dis- 
locations in the material could conceivably accept 
all the gas from solid solution. A situation could thus 
exist in which the gas in the metal could be precipi- 
tated at a large number of sites in amounts too 
small to be of consequence in the formation of 
blisters. In such a case other free surfaces in the 
ingot would not play a part in blistering, since 
the gas would be tied up at the dislocations and 
would not be free to move to alternative free sur- 
faces. This theory would not require the removal of 
the free surfaces presented by shrinkage cavities 
during rolling in order to explain the disappearance 
of blisters. The introduction of a large number of 
dislocations during rolling would suffice. If the 
above theory of gas separating on dislocations is 
correct, the precipitated gas molecules could be ex- 
pected to hinder the movement of dislocations. This 
problem is at present under study. 

This work has indicated the importance of the 
roles played by gas and shrinkage cavities in the 
formation of blisters in rolled aluminum and has 
shown the rate of lattice diffusion of gas atoms to be 
very high. Conventional methods for the removal of 
gas from metals by fluxing have been found to be 
effective in reducing blistering. However, the effec- 
tiveness of such methods has been shown to depend 
not only upon the removal of gas from the metal 
but also on the soundness of the ingot subsequently 
cast from the treated metal. Ingots with micro- 
shrinkage, particularly near the surface, are prone 
to blistering even at low gas levels, unless special 
techniques are employed during fabrication. Such 
techniques are: 

1) Preheating of ingots for 24 hr and longer at 
temperatures above 550°C. This has the effect of 
lowering the gas content. 

2) Interannealing hot mill slab at temperatures 
above 500°C for periods of 6 hr or longer. This also 
lowers the gas content. 

3) Reducing the ingots 40 pct at or near room 
temperature, followed by normal fabrication pro- 
cedures. This has the effect of removing the free 
surfaces where gas may separate in the ingot. 

The last method proved to be the most effective in 
reducing blisters. 

In searching for an explanation of the effective- 
ness of the cold rolling treatment in reducing blis- 
tering, the possibility of dislocations playing a role 
in the process has been suggested. This point will 
bear further investigation. 
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Abrupt Yielding and the Ductile-to-Brittle 


Transition in Body-Centered-Cubic Metals 


The relationship of brittle fracture to the early stages of plastic deformation, par- 
ticularly pronounced yielding, was examined in detail. Both abrupt yielding and brittle 
fracture are preceded by appreciable amounts of nonelastic strain. Abrupt yielding and 
the transition from a ductile-to-brittle behavior are shown to be closely related to one 
another and to a common origin. A mechanism for abrupt yielding and the ductile-to- 
brittle transition which is in good agreement with experimental data is presented. 


by E. T. Wessel 


NEXPECTED brittle failures of metals in prac- 
tical applications are a serious problem to many 
industries and to the nation as a whole. Consider- 
able effort has been devoted to studies of the brittle 
behavior in metals. However, the major portion of 
this effort has been directed at developing techniques 
and apparatus for the purposes of determining the 
susceptibility of metals to brittle failure and of 
making various types of observations of the phe- 
nomena. Relatively minor effort has been made to 
understand the basic mechanisms involved in initiat- 
ing brittle failures. A more complete understanding 
of the nature and mechanism of the brittle failure 
problem would be very helpful in efforts directed 
toward predicting and avoiding brittle failure and 
toward the development of suitable materials and 
designs that are not susceptible to a brittle behavior. 
The intent of the present investigation is to acquire 
this basic understanding. 
The pronounced transition from a ductile-to-brit- 
tle behavior is most prevalent in metals having the 
body-centered-cubic lattice structure, primarily be- 
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cause metals of this structure exhibit a strong de- 
pendence of yield strength upon temperature and 
the rate of straining. The generally recognized 
qualitative concept of the ductile-to-brittle transi- 
tion is that brittle (cleavage) failure occurs when 
the yield strength exceeds the cleavage fracture 
strength. This condition can apparently be achieved 
by decreasing temperature or increasing strain rate. 
Likewise, a normally ductile metal can be made to 
fracture in an apparently brittle manner by the 
introduction of triaxial stresses (notches) where the 
ratio of normal to shear stresses can be increased 
to such an extent that the normal stress exceeds 
the fracture strength before the critical shear stress 
for plastic flow is achieved. Neither of these con- 
cepts require any prior plastic deformation or ex- 
plain why the observed fracture strengths are so 
much less than the theoretical cohesive strength. 
The results of several investigations of the ductile- 
to-brittle transition in body-centered-cubic metals 
illustrate rather conclusively that measurable 
amounts of nonelastic deformation do precede cleav- 
age fracture, even at extremely low temperatures. 
These studies suggested that the early stages of 
plastic flow, particularly abrupt yielding, and their 
relationship to brittle fracture should be examined 
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Table I. Identification of the Metals Studied 


Fig. No. Metal 


Composition, Wt Pct Condition 


1 Rimmed structural steel! 


2 Molybdenum 


3 Tantalum,? 
Lot No. 1 


4 Columbium 


As rolled 

i 250 grains per sq mm, 
ASTM No. 5 
Annealed % hr at 
1250°C in hydrogen 
1000 grains per sq mm, 
ASTM No. 7 
Annealed 1 hr at 
1700°C in a vacuum 
of 5x10 mm of Hg 
500 grains per sq mm, 
ASTM No. 6 
Annealed 2 hr at 
1200°C in a vacuum 
of 1x10 mm of Hg 

4 grains per sq mm, 
ASTM No. 00 


C, 0.010 N 


* Supplier analysis. 
yj Westinghouse analysis. 


in more detail. The present paper summarizes the 
results of such studies and relates the various factors 
involved in the early stages of plastic deformation, 
particularly abrupt yielding, with the transition 
from a ductile-to-brittle behavior. Basic concepts 
which are in good agreement with the experimental 
data are developed using dislocation theory. 

Experimental Data—To understand the funda- 
mentals of the ductile-to-brittle transition, it is 
necessary to consider such factors as the tempera- 
ture dependence of the yield and flow stresses, the 
mechanism of the sharp discontinuous yield be- 
havior, and the nature of the pre- and postyield 
plastic flow. Data illustrating these pertinent fac- 
tors concerning the early stages of plastic flow for 
some body-centered-cubic metals exhibiting a sharp 
yield and a ductile-to-brittle transition are pre- 
sented in Figs. 1 to 4. The various properties shown 
in Figs. 1 to 4 are defined in Figs. 5 and 6. The 
various symbols, Figs. 1 to 4, are altered in the tem- 
perature range below the sharp break in the curves 
(transition temperature) to denote brittle fracture. 
A more complete presentation of other data on two 
of these metals, steel, Fig. 1, and tantalum, Fig. 3, 
may be found in the literature.*” The testing tech- 
niques and apparatus used in these experiments 
have previously been reported.*** Pertinent infor- 
mation regarding the metal’s condition, composition, 
etc. is shown in Table I. 

Description of Mechanisms—tThe increased resist- 
ance to initial plastic deformation with decreased 
temperature as illustrated by the pronounced tem- 
perature dependence of the yield strength has prob- 
ably been best explained as being due to the anchor- 
ing of dislocations by impurity atmospheres, as de- 
scribed by Cottrell** and elaborated on by Fisher.* 
Certain detailed aspects of the temperature depend- 
ence of the yield and flow strengths of body-cen- 
tered-cubic metals cannot be adequately explained 
by the dislocation anchoring concept. However, a 
complete understanding of the exact mechanism 
governing the initial movement of dislocations 
through the lattice is not essential to the abrupt 
yield and fracture concepts to be developed in this 
paper. 

The original Cottrell’*® concept of abrupt yielding 
assumes that stresses aided by thermal fluctuations 
enable small dislocation loops to break away from 
anchoring impurity atmospheres and that the nucle- 
ation of the first dislocation loop is the beginning of 
pronounced yielding. During the subsequent exten- 
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sion of a loop or loops, other dislocations are caused 
to break away from their atmospheres, resulting in 
catastrophic yielding. Since thermal fluctuations de- 
crease with decreasing temperature, greater ex- 
ternal stresses are required to tear the dislocations 
away from their anchoring atmospheres; hence, the 
temperature dependence of the yield strength. This 
concept of sharp yielding as being a breaking away 
of dislocations from their anchoring atmospheres 
requires no prior plastic strain except, possibly, that 
extremely small amount when the initial small dis- 
location loops are tearing away from their atmos- 
pheres. The possibility of some additional very small 
amount of nonelastic strain prior to pronounced 
yielding has been suggested by Cottrell,’ Fisher,° 
Stroh,’ and others. Some experimental evidence 
substantiating the existence of small amounts 
(~10~) of preyield plastic strain has been reported 
in the literature. The delayed yield experiments of 
Vreeland, Clark, and Wood” indicate that measur- 
able amounts of both anelastic and plastic strain 
occur before abrupt yielding. Other observations 
of these small amounts of plastic strain prior to an 
upper yield point have also been reported.”” The 
data given by Geil and Carwile” illustrate fairly 
appreciable amounts of plastic strain occurring be- 
fore the upper yield point in ingot iron. However, 
the experimental data presented in Figs. 1 to 4 and 
summarized in Fig. 7 show that a considerable 
amount of plastic strain (~0.1 to 1.0 pct, 10° to 10”) 
precedes the sharp yield (upper yield point) in an 
assortment of body-centered-cubic metals. 

To account for the large amounts of preyield plas- 
tic strain observed in the current experiments, it is 
necessary to assume that many dislocations must be 
moved through the lattice prior to a sharp yield. It 
is probable that dislocations are originally pinned 
by a Cottrell’ atmosphere, but some start to tear 
away at stresses which are even lower than cur- 
rently measurable elastic limits. As the stress rises 
above the elastic limit, increasing numbers of dislo- 
cations move through the lattice. These dislocations 
propagate until they are piled up at grain bound- 
aries or other barriers, i.e., subgrain boundaries, 
hard particles or phases, other dislocation groups, 
etc. 

The amount of preyield plastic strain observed is 
about that which could be associated with the ac- 
cumulated effect of many dislocations moving 
through the lattice and subsequently being piled up 
at grain boundaries or other barriers. Based on the 
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expression® « = pLb, with e equal to observed plastic 
strain; p, dislocation density; L, length over which 
the dislocations move, assumed to be one half the 
grain diameter; and b, Burgers’ vector; it appears 
that, on the average, about 1000 piled-up disloca- 
tions per grain would be necessary in the case of the 
mild steel to account for the amount of preyield 
strain which was obtained at —196°C. Assuming 
approximately 300 dislocations per source, the ob- 
served preyield plastic strains indicate that an av- 
erage of from one to three dislocation groups per 
grain are piled up at barriers prior to abrupt yield- 
ing. On the basis of current dislocation theory, these 
approximations appear reasonable. 

As a result of the piling up of dislocation groups 
at barriers and the accompanying increase in the 
general applied stress level, high stress concentra- 
tions are developed in the regions of the pile-up. 
The abrupt yield now becomes associated with the 
relaxation of these stresses at piled-up groups by 
the activation of new dislocation sources in adjoin- 
ing material and, to a lesser extent, the continued 
propagation of the piled-up dislocations. The 
achievement of the necessary critical stress concen- 
tration in the immediate vicinity of a piled-up dis- 
location group and the resulting activation of plas- 
tic flow in adjoining material are given the descrip- 
tive terminology of being a breaking through or a 
breaking away of the piled-up dislocation group 
from its barrier. Once this break-through occurs in 
a few localized regions, the relaxation in the vicinity 
of the break-through causes higher microstresses in 
neighboring piled-up groups, triggering a general 
cataclysmic yielding and the associated drop in load. 
A schematic illustration of the early stages of plastic 
flow for temperatures above the transition tempera- 
ture is given in Fig. 5. The rounded upper yield 
point which is shown slightly exaggerated in Fig. 5 
is believed to be indicative of the incubation or con- 
ditioning period where a few piled-up dislocation 
groups are starting to break away from their bar- 
riers. The abrupt catastrophic yield then occurs 
after sufficient break-through momentum has been 
developed during this conditioning period. The de- 
gree of rounding (or sharpness) of the upper yield 
point has been observed to vary considerably, de- 
pending upon the particular metal, its chemical and 
metallurgical condition, and the temperature and 
stress levels at which the yielding occurs. However, 
in nearly all cases of pronounced yielding which 
have been observed, some degree of rounding of the 
upper yield point is present. Exception is made in a 
few cases where very sharp upper yield points were 
obtained in some metals tested at 4.2°K.“ Stress- 
strain curves obtained in an earlier investigation™ 
illustrate that the degree of rounding (or sharpness) 
of the upper yield point is not a unique function of 
the test machine or recording apparatus. 

At low temperatures where cleavage failure is 
observed to occur during yielding, the mechanism 
involved in yielding must be somewhat different 
from that just described for the higher tempera- 
tures. A schematic representation of the subtransi- 
tion temperature behavior is given in Fig. 6. At 
these lower temperatures, higher stresses are nec- 
essary to cause the movement of dislocations both 
in the first and subsequent grains or regions to 
yield. Likewise, because of the increased resistance 
to plastic deformation, higher localized stresses are 
required to enable piled-up dislocations to break 
through or away from barriers (upper yield point). 
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As a result, very high localized stresses can exist 
in front of some groups of piled-up dislocations. 
These stresses can be sufficiently high to exceed the 
fracture (cohesive) strength and to open up a crack 
In unfavorably oriented and adjoining material 
much in the manner described by Zener,” Petch,” 
Stroh,” and recently by Alers.” Prior to and simul- 
taneously with the formation of these microcracks, 
many of the piled-up dislocation groups will initiate 
plastic flow rather than cracks in regions where the 
adjoining material is more favorably oriented for 
flow. The initiation of one or more microcracks to- 
gether with some plastic flow is believed to trigger 
the abrupt yielding. During the subsequent drop in 
load (abrupt yielding) the microcracks grow in size 
and number and develop into a larger, more con- 
tinuous network until, at some point during the 
abrupt yielding, the Griffith conditions”™ for brittle 
crack propagation are achieved. 

Stroh® has recently described, in mathematical 
terms, a theoretical model for abrupt yielding and 
brittle fracture in which he suggests that piled-up 
dislocations initiate abrupt yielding at temperatures 
above the transition temperature and brittle cracks 
at subtransition temperatures. In this work the 
necessity for some unknown amount of preyield 
nonelastic strain is implied (model begins with 
piled-up dislocations present), but is not treated in 
any detail. The model and mechanisms for abrupt 
yielding and brittle fracture derived by the experi- 
mental approach in the present paper are similar, 
in that both approaches utilize the generally known 
concept of piled-up dislocations to initiate flow or 
fracture. In the present paper, however, the nature 
and magnitude of the preyield plastic strain is para- 
mount. Particular emphasis is directed at a deter- 
mination of the physical picture of what occurs in a 
static tension test prior to and at the upper yield 
point (beginning of fracture at subtransition tem- 
peratures), as well as during the drop in load which 
is associated with abrupt yielding. In general, the 
concepts developed by the two approaches are in 
good agreement. 

Discussion of Experimental Results—The experi- 
mental data in Figs. 1 to 4 appear to confirm the 
concepts of yielding and brittle fracture developed 
above. As temperature decreases, the stress re- 
quired to cause the initial movement of dislocations 
increases. Likewise, the stress (upper yield point) 
required to cause piled-up dislocation groups to 
activate flow and/or fracture in adjoining material 
also increases, but to a much greater extent, as is 
illustrated by the increasing difference in stress 
level between the proportional limit (0.01 pct yield 
strength) and the upper yield point, Figs. 1 to 4. 
It is believed that the difference in stress level be- 
tween the upper yield point and the true elastic limit 
even increases to a much greater extent. The 
necessity for these higher stresses to cause abrupt 
yielding results in the formation of a more exten- 
sive and more dense accumulation of piled-up dis- 
locations .with an associated increase of potential 
energy. Hence, as temperature decreases down to 
the transition temperature, more preyield plastic 
strain precedes abrupt yielding, as shown in Figs. 1 
to 4 and 7. When the break-through of these high 
potential piled-up groups does occur (abrupt yield), 
it is reasonable to expect that greater amounts of 
plastic deformation and larger drops in load would 
also occur, as was observed experimentally, Figs. 
1 to 4. As temperature decreases, this occurrence 
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of larger drops in load and larger amounts of plastic 
strain during the abrupt yield could arise from sev- 
eral sources: the presence of a more extensive and 
higher potential network of piled-up dislocations, 
the associated activation of larger numbers of other 
dislocation sources during the abrupt yielding, and 
the apparently decreased ability of the material to 
strain harden at the lower temperatures.”* 

At temperatures at or below the transition range, 
cracks are initiated by piled-up dislocations and 
brittle fracture occurs during subsequent yielding. 
The increased ability with decreased temperature 
of piled-up dislocation groups to initiate micro- 
cracking and, in effect, to promote premature abrupt 
yielding, results in a decreased amount of preyield 
plastic strain, as shown in Figs. 1, 2, and 4. While 
tantalum, Fig. 3, did not undergo a ductile-to- 
brittle transition at the lowest test temperature 
(—196°C), its behavior for the temperature range 
examined conforms to the general pattern estab- 
lished. The development of total fracture during 
yielding also results in a decrease in the magnitude 
of the drop in load and the associated plastic strain 
which occurs during yielding. The relative effec- 
tiveness of piled-up dislocations in opening micro- 
cracks and initiating brittle fracture at or below the 
transition temperature varies considerably between 
materials as well as with decreasing temperature 
for a given material. The variation between mate- 
rials may be seen by comparing the subtransition 
data of mild steel, Fig. 1, with that for molybdenum 
and columbium, Figs. 2 and 4. It is apparent from 
the mild steel data that, even at the very low tem- 
peratures, considerable plastic deformation is still 
associated with the brittle fracture both in terms of 
the preyield plastic strain and the plastic strain 
which occurs simultaneously with crack formation 
during abrupt yielding. The data for columbium, 
Fig. 4, and molybdenum, Fig. 2, show that relatively 
smaller amounts of plastic strain occur prior to or 
during the abrupt yield-fracture process. It is 
believed that this difference in behavior below the 
transition temperature arises primarily from the in- 
herent differences in the ability of the different 
materials to deform or fracture in the presence of 
the stress concentrations which exist in front of 
piled-up dislocation groups. For any given material, 
decreasing temperature below the transition tem- 
perature results in decreased amounts of preyield 
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and abrupt yield plastic strain. The decrease in 
plastic strain at subtransition temperatures is quite 
rapid at first (in the lower transition range) and 
tends to become relatively constant at temperatures 
below the transition range. It is believed that this 
increased ability for piled-up dislocations to initiate 
brittle failure at subtransition temperatures is in 
large part due to development of increased stress 
concentrations at the heads of piled-up dislocation 
groups. Because of the increased resistance to plas- 
tic flow and the associated rise in the general stress 
level, higher local stress concentrations can prevail 
after a relatively small pile up of dislocations. 

The preyield behavior (above the transition tem- 
perature) can also vary considerably in different 
lots of any one metal, as can be seen in the case of 
the two lots of tantalum in Fig. 7. This marked 
difference in behavior is undoubtedly related to 
variations of impurity content, grain size, micro- 
structure, etc., with particular reference to the in- 
fluence of these factors on the propagation of dis- 
locations. The two lots of tantalum are currently 
being studied with particular reference to variations 
in the size, shape, and distribution of dislocation 
barriers. 

The abruptness of the transition from an all plas- 
tic deformation to a crack initiating type of yielding 
(ductile-to-brittle transition) is dependent to a 
large extent upon the particular metal and its chem- 
ical and metallurgical condition. For instance, the 
total elongation data for mild steel, Fig. 1, illus- 
trates that the ductile-to-brittle transition occurs 
gradually over the temperature range of —160° to 
—200°C. In this temperature range (upper transi- 
tion range), plastic flow and some microcracks may 
be initiated during abrupt yielding. However, if 
formed, the microcracks do not achieve the critical 
conditions necessary to cause failure during initial 
abrupt yielding. Nevertheless, during subsequent 
postyield plastic deformation, the critical conditions 
for brittle failure are achieved, either by the mer- 
ger and/or growth of existing yield-produced mi- 
crocracks and/or by the initiation and growth of 
new cracks. In this temperature range, the elonga- 
tion data, Fig. 1, indicate that either a ductile or a 
brittle behavior is possible. 

If plastic flow is considered to be the result of the 
propagation of dislocations, it is quite conceivable 
that, after a sufficient amount of deformation which, 
in some cases, may also be associated with some 
strain hardening, some groups of dislocations could 
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be piled up and could develop sufficiently high lo- 
calized stress concentrations to initiate brittle cracks 
in much the same manner as previously described. 
Such would also be the case for metals which do 
not normally exhibit pronounced yielding but do 
fail in a brittle manner. Naturally, the physical 
makeup of the metal, with particular reference to 
the location, size, shape, and distribution of the bar- 
riers, would exert considerable influence on the 
relative ability of dislocations to pile up and to 
cause microcracking. 

In general, most body-centered-cubic metals ex- 
hibit a greater tendency for pronounced (sharp) 
yielding at lower temperatures, as illustrated by 
the experimental data for columbium, Fig. 4, and 
tantalum,’ Fig. 3, which do not exhibit a sharp yield 
point at room temperature, but yield emphatically 
at lower temperatures. The stress-strain curves for 
columbium, Fig. 8, markedly illustrate the various 
degrees of yielding which can be obtained over a 
rather narrow range of temperatures. At +25°C, 
no pronounced yielding occurs. At —50°C, a modest 
yield point is observed. A very pronounced yield 
occurs at —100°C with no well defined lower yield 
point. This accounts for the large values, Fig. 4, for 
the difference in stress between the upper and 
lower yield points and the amount of plastic strain 
occurring during the abrupt yield. The stress-strain 
curve for this particular test shows a continuous 
drop in load after initial pronounced yielding and 
fracture was taken as the lower yield point. This pro- 
nounced yield was accompanied by a 22 pct exten- 
sion in length and a reduction in area of 85 pct, 
illustrating an appreciable capacity for plastic flow 
with considerable localization of strain. However, 
during the next lower temperature test at —125°C, 
microcracks were apparently formed by piled-up 
dislocations resulting in premature abrupt yielding 
and brittle cleavage failure during the early stages 
of this yielding. 

Some explanation of the criterion used for deter- 
mination of the lower yield point seems necessary 
at this time. In the present paper the lower yield 
point was taken as that point in the stress-strain 
curve subsequent to abrupt yielding, where the 
load first showed any indication of rising. If no rise 
was observed, as in columbium at —100°C, fracture 
was considered as the lower yield point. It might 
appear more reasonable in the case of the low tem- 
perature tests of tantalum and columbium to con- 
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sider the flat portion of the stress-strain curve 
subsequent to abrupt yielding as the lower yield 
point. If this latter option is chosen, appropriate 
reductions should be made in the values for the 
difference in stress between the upper and lower 
yield point and the plastic strain associated with 
the abrupt yielding for the —196°C test of tantalum, 
Fig. 3, and the —100°C test of columbium, Fig. 4. 
Such changes would not affect the concepts pre- 
sented in the paper. However, the author prefers 
the lower yield point criterion used in the presenta- 
tion of the data, for experience has demonstrated 
that large precipitous drops in load and associated 
plastic strain continuous to fracture do occur during 
abrupt yielding in some metals, particularly at low 
temperatures. 

Undoubtedly, the influence of notches in promot- 
ing brittle failure (raising transition temperature) 
is in large part the result of a piling up of a con- 
centrated network of dislocations in the highly 
localized regions undergoing deformation at the root 
of the notch. A recent investigation’ illustrates the 
role of plastic strain in promoting brittle fracture 
in the presence of notches. 


Summary and Conclusions 


The relationship of brittle fracture to the early 
stages of plastic deformation, particularly pro- 
nounced yielding, was examined in detail for body- 
centered-cubic metals. It is concluded that some 
nonelastic deformation is a necessary prerequisite 
for brittle failure in metals. Abrupt yielding and 
the transition from a ductile-to-brittle behavior are 
shown to be closely related to one another and to a 
common origin. A mechanism for abrupt yielding 
and the ductile-to-brittle transition which is in 
good agreement with experimental data is de- 
scribed. The general mechanism is briefly sum- 
marized as follows: 

1) Prior to an abrupt yield or brittle fracture, 
many dislocations move through the lattice but are 
subsequently piled up at barriers. An appreciable 
amount of plastic strain is associated with the piling 
up of these dislocation groups. The magnitude of 
this plastic strain increases with decreasing temper- 
ature, reaching a maximum at the transition tem- 
perature, below which the plastic strain decreases 
with decreasing test temperature. 

2) At temperatures above the transition tempera- 
ture, abrupt yielding occurs when the stress con- 
centrations that are present in the vicinity of piled- 
up dislocation groups become sufficiently high to 
overcome the resistance to deformation and activate 
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Fig. 7—Plastic strain preceding abrupt yielding (tension). 
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other sources in the adjoining material, triggering 
a general catastrophic yielding. 

3) At temperatures below the transition tempera- 
ture, the resistance to plastic deformation is so 
great that the stress concentrations in some of the 
regions of piled-up dislocation groups become suffi- 
ciently high to initiate microcracks in these areas. 
The achievement of these high localized stresses 
and the resulting formation of some microcracks to- 
gether with some plastic deformation triggers a 
combined general catastrophic yielding and crack 
formation, terminating in complete brittle fracture. 
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Diffusion of Magnesium, Silicon, And 
Molybdenum in Nickel 


Diffusion rates of magnesium, silicon, and molybdenum were measured in nickel as a 
function of temperature. Activation energies, Q, and values of the frequency factor, Do, 
were calculated for each system. The activation energies obtained were found to be close to 
that for self-diffusion in nickel with the exception of magnesium, for which the value was 
found to be about 10 kcal per g-atom less. The results are interpreted in accordance with 
Lazarus’ theory of solute diffusion and with a model proposed by one of the authors. 


by R. A. Swalin, Allan Martin, and R. Olson 


N this paper, the results of an investigation con- 

cerning the diffusion of three elements, magne- 
sium, silicon, and molybdenum, in nickel are pre- 
sented. The work represents a continuation of a 
diffusion program relating to solute diffusion in 
nickel. The program has the dual aim of obtaining 
useful diffusion data and of yielding insight into the 
factors governing solute diffusion in close-packed 
metals. The first paper of this series has been pub- 
lished earlier.’ In both investigations, in agreement 
with recent results from other laboratories, the ac- 
tivation energies for solute diffusion were found to 
be close but not identical to that of self-diffusion in 
the pure solvent in question. 

In order to obtain valid diffusion data, certain 
experimental pitfalls recognized only in recent years 
had to be avoided. Chief among these were the 
necessity for minimizing short-circuiting diffusion 
paths such as grain boundaries and the necessity 
for using low solute concentration gradients. In this 
series of investigations the following precautions 
were taken in an attempt to minimize such errors. 
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1) Samples with large grain sizes, 0.5 to 10 mm, 
were prepared. 

2) The diffusion coefficients were measured at 
relatively high temperatures, since imperfections 
such as dislocations play a less important role at 
such temperatures than at lower temperatures. 

3) Alloys containing less than 1 atomic pct were 
chosen for study. 


Experimental Work 


Materials—A diffusion couple technique was em- 
ployed in the experimental investigation. Briefly, 
this technique consisted of the following. A diffusion 
couple was fabricated by placing a flat face of a 
cylindrically shaped alloy disk against a similar face 
of a pure nickel disk, and a bond was formed at an 
intermediate temperature under pressure. The dif- 
fusion couple thus fabricated was subjected to a 
diffusion anneal at higher temperatures for a meas- 
ured period of time and then sectioned perpendicu- 
lar to the direction of diffusion. After analyzing the 
sections for solute concentration the diffusion co- 
efficient was determined from a probability plot of 
concentration vs distance from the diffusion inter- 
face. 

Vacuum melted Mond nickel was used in the ex- 
perimental program. The chemical analysis of this 
nickel is listed in Table I. Alloys used were prepared 
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in the form of cy- 
poe - NM dlam and about 4 in. in 
Fabrication _ of Diffusion Couples—Cylindrical 
disks about “4 in. thick were cut from the ingots and 
through rolls in a 
of obtaining large i 
1g le grain size. This treatment yielded 

a final grain size varying from 0.5 to 10 mm. 

A diffusion couple was made by placing a polished 
face of the desired alloy disk against a polished face 
of a pure nickel disk (or a disk containing less 
solute than the former) and forming a bond be- 
tween the two disks by application of a pressure of 
12,000 psi at 1000°C in an atmosphere of hydrogen. 
Several tungsten wires 0.001 in. in diam were placed 
at the interface before welding. 

Diffusion Treatment—A _ diffusion couple thus 
fabricated was sealed under argon in a fused silica 
tube and heated to the desired diffusion anneal tem- 
perature. Upon completion of this treatment, the 
diffusion couple was mounted on a precision lathe 
and aligned accurately by using a cathetometer to 
sight on the ends of the tungsten wire markers. The 
markers were made visible by removing material 
from the cylindrical surface and polishing and etch- 
ing the surface. The machining treatment removed 
material which might have been affected by surface 
diffusion. Extraneous material outside the diffusion 
zone was removed and 1 mil thick slices were cut 
in the diffusion zone. About 40 slices were removed 
altogether. In some couples slices 2 mil thick were 
taken. 

Determination of Solute Concentration—The con- 
centration of the solute in the slices was determined 
by use of spectrophotometric methods of analysis in 
the Ni-Si and the Ni-Mo diffusion system and by 
the spectrographic method in the Ni-Mg system. 
The spectrophotometric method used for the silicon 
determinations was based on the reaction between 
silicon ion and molybdate forming silicomolybdic 
acid in acid solution upon the addition of stannous 
chloride.” Since the amount of silicon in any one 
slice was very small, on the order of 50 yg, the pos- 
sibility of contamination of solutions by the silicon 
in laboratory glassware was an important consid- 
eration. To minimize this source of error, redistilled 
water which had been distilled in a Pyrex glass ap- 
paratus and subsequently stored in polyethylene 
bottles was used in the analytical work. Silicon-free 
ammonium hydroxide was prepared by bubbling air 
through concentrated ammonium hydroxide and 
passing the ammonia saturated air into redistilled 
water. The resulting purified ammonium hydroxide 
was stored in polyethylene bottles rather than in 
glass to avoid silicon contamination. Similar pre- 
cautions were taken with all other reagents used in 
the chemical work. 

In the case of molybdenum a spectrophotometric 
method based on the formation of a yellow thio- 
cyanite complex with Mo(IV) was adapted to use.” 
The details of the methods used for silicon and mo- 
lybdenum are given in refs. 2 and 3. 

The standard spectrographic method was em- 
ployed for magnesium. Suitable samples were pre- 
pared by dissolving the Ni-Mg sections in nitric 
acid, evaporating the liquid, and igniting to form 
the oxides. 

Since the spectrographic method cannot distin- 
guish between magnesium present dissolved in the 
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nickel lattice, magnesium present as MgO particles, 
and magnesium present as MgNi,, it was necessary 
to avoid the formation of the latter two types of 
magnesium both in the formation of the magnesium 
alloy and in the diffusion process itself. Otherwise 
the measured concentration gradient after diffusion 
could not have been used to measure the diffusion 
coefficient of magnesium in the lattice. The presence 
of MgNi, particles was avoided by using alloys with 
less than the solubility of magnesium in nickel, 0.24 
atomic pct.‘ The formation of MgO particles during 
the formation of the magnesium alloy was mini- 
mized by the prior deoxidation of the nickel melt 
with aluminum. The formation of MgO particles 
during the diffusion process was minimized by the 
use of nickel disks which had been deoxidized by 
the same amount of aluminum, 0.2 pct. 

Since silicon also would react with dissolved 
oxygen to form SiO., the considerations discussed 
above apply in this connection also. Upon addition 
of silicon to molten nickel, most of the dissolved 
oxygen would probably react with silicon, leaving 
a low concentration of dissolved oxygen. The pure 
nickel component of the diffusion couple might have 
a considerably higher oxygen concentration. During 
the diffusion anneal, there could have been a net 
flow of dissolved oxygen toward the diffusion inter- 
face, whereupon it would react with silicon, result- 
ing ultimately in an erroneous result for the dif- 
fusion coefficient. To compensate for this potential 
source of error silicon was added to both compo- 
nents. The alloy disks contained 1.25 atomic pct 
Si and the other component contained 0.21 atomic 
pet Si. 

This problem encountered with magnesium and 
silicon was not present in the Ni-Mo diffusion sys- 
tem since molybdenum is not a strong deoxidizer. 
Accordingly, alloy disks containing 0.93 atomic pct 
were placed in contact with pure nickel disks. 


Experimental Results 
The Grube solution to Fick’s second law of diffu- 
sion was found to be applicable in all cases. The 
solution is 


Cm— Co 2\/Dt 


where C; is the solute concentration at a distance X, 
from the diffusion interface, C,, is the solute concen- 
tration in the alloy disk at time, t = 0, C, is the sol- 
ute concentration in the nickel disk, and D is the 
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diffusion coefficient. The necessary conditions to be 
fulfilled in order for the above solution to be valid 
are the following: 1) diffusion is unidirectional; 2) 
the couple can be considered as an infinite solid; and 
3) D is independent of concentration. The first two 
conditions were met by suitable experimental de- 
sign. The third condition was shown to be valid 
when straight line plots of C; — C./Cm — C. vs X; on 
probability paper were obtained. If D had been a 
function of C in the concentration range employed 
in the experiments, nonlinear plots would have been 
obtained. The diffusion coefficient for each couple 
was obtained by comparison with Eq. 1. 


Table I. Analysis of Nickel 


Element Pet Element Pet 
Cu 0.0225 Si 0.002 
Pb 0.001 Mg 0.001 
Fe 0.001 to 0.01 Ca 0.001 
Al 0.0003 Cr 0.001 
Mn 0.001 Co 0.01 to 0.05 


The diffusion coefficients for each system ex- 
hibited the usual temperature dependence, namely 


D=D, exp [—Q/RT] [2] 


where D, is the frequency factor, Q is the activation 
energy, R is the gas constant, and T is absolute 
temperature. In Fig. 1, the experimental values 
of log D are plotted vs the reciprocal of the absolute 
temperature for the three systems. From these 
curves the diffusion parameters were obtained using 
the method of least squares and are given in Table 
II. The real accuracy of the experimental data is 
not apparent from Fig. 1. The scatter of points on 
the probability plots is more significant. Consider- 
able scatter occurred for the magnesium data due to 
analytical difficulties so the error of @ is probably 
about +4 kcal per g-atom whereas that for molyb- 
denum is about +1 keal per g-atom. The scatter on 
the probability plots in the case of silicon was in 
between the two giving an error of +2 or +3 kcal 
per g-atom. 


Discussion of Results 


The results obtained in this investigation are con- 
sistent with the results obtained in the previous 
investigation’ insofar as values of D, and Q are con- 
cerned. The values of Q in both investigations are 
in the vicinity of that for self-diffusion in nickel, re- 
ported to be 66.8 kcal per g-atom,° giving support 
to the vacancy mechanism of solute diffusion. The 
highest activation energy reported out of the seven 
solutes investigated was for tungsten, 76.8 kcal per 
g-atom, while the lowest was for magnesium, re- 
ported here to be 56 kcal per g-atom. The results 
for the other five solutes fall between 61.4 and 68.9 
keal per g-atom, all very close to Q for nickel. The 
high value reported for tungsten and the low value 
reported for magnesium are probably correct since, 
in the temperature range of the investigation, 
tungsten was found to diffuse considerably slower 
than the other elements, which would lead to the 
expectation of a high value for Q. Likewise, mag- 
nesium diffused considerably faster than the other 
solutes, which would lead to a low value of Q. At 
1200°C, the value of D for tungsten is about 0.45 x 
10° sq cm per sec, D for magnesium is about 
19.3 x 10°" sq cm per sec, and D for the other solutes 
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ranges from about 2.0 x 10 to 12.4 x 10 sq cm per 
Sec. 

The results reported in the earlier paper were 
analyzed with respect to the theory of solute dif- 
fusion proposed by Lazarus.® In this theory an in- 
verse correlation between solute activation energy 
and extra valence relative to the solvent is pre- 
dicted. The choice of proper valence for nickel as 
well as for some of the transition element solutes is 
open to question. In the previous paper,’ good agree- 
ment between theory and experiment was found if 
the following choice of valence was made: nickel 
(0), aluminum (+3), titanium (+4), manganese 
(—1), and tungsten (—2). The valence of 0 for 
nickel is the Hume-Rothery valence. Moving to the 
left in Period IVA, cobalt and iron would also have 
a valence of 0 using this reasoning. Manganese 
would, therefore, have a valence of —1 and chro- 
mium —2. Since molybdenum and tungsten are di- 
rectly below chromium in Periods V and VI, re- 
spectively, they would also be assigned valences of 
—2. Aluminum and titanium were assigned their 
chemical valences of +3 and 4, respectively. It is in- 
teresting to analyze the data presented in the pres- 
ent paper with the theory. The assigned valences 
using the above reasoning are the following: mag- 
nesium (+2), silicon (+4), and molybdenum (—2). 
Since titanium and silicon have the same valence, 


Table II. Diffusion Parameters 


Solute Do, Sq Cm per Sec Q, Keal per G-Atom 
Mg 0.44 56 
Si 61.7 
Mo 3.0 68.9 


they would be expected to have the same value of 
Q. This condition is fulfilled, since Q was found to 
be 61.4 and 61.7 for titanium and silicon, respec- 
tively. 

On the same basis, molybdenum and tungsten 
should have the same value of Q. This condition is 
not met very well since Q is 68.9 for molybdenum 
and 76.8 for tungsten. The most serious discrepancy, 
however, occurs for magnesium. According to the 
above reasoning a value of 64.0 would be predicted 
for the activation energy for magnesium, which does 
not agree with the experimental value of 56. 

It appears, therefore, that Lazarus’ theory has 
some success in rationalizing the solute diffusion 
results in nickel if the Hume-Rothery valence 
scheme is used. A serious discrepancy, however, is 
found for two solutes, namely, magnesium and 
molybdenum. The choice of valences needed to ob- 
tain the agreement, however, casts considerable 
doubt on the applicability of Lazarus’ theory to the 
cost of diffusion in nickel. For example, ferromag- 
netic studies with nickel indicate the valence to be 
0.6, not 0. Also, valence values for soine of the 
solutes when dissolved in nickel are equally open to 
question and, hence, perhaps the agreement ob- 
served could be fortuitous, since it is not on strong 
ground from a theoretical standpoint. 

Many of the features of the solute diffusion re- 
sults in nickel can be explained in terms of an al- 
ternative model proposed by one of the authors in 
which the size of the impurity ion is considered.’ 
In this model, the solute ion is considered to behave 
as a compressible sphere and part of the energy of 
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Jumping is considered to result from the hydrostatic 
compression of the solute ion and part from the 
dilation of the solvent lattice. Using this model the 
following equation has been derived for diffusion in 
face-centered-cubic lattices.’ 


(re 
45 7 B, 1’, 
13.3 (\/3 —0.2717r) C 


where Q.eir is the activation energy for self-diffusion 
in the pure solvent; r is the Goldschmidt atomic 


[3] 


Table Ill. Comparison Between Theory and Experiment 
Solute Q, Experiment Q, Theory 
Mg 56 kcal per g-atom 56* kcal per g-atom 
Si 61.7 65.1 
Mo 68.9 73.8 
Al 64.0 64.8 
61.4 70.5 
Mn 67.1 68.9 
76.8 15.5 


* Used to obtain geometrical constants in theory. 


radius of the solvent ion; B,, the bulk modulus of 
the solute ion; C is related to the shear modulus of 
the solvent lattice; N is Avagadro’s number; and 
r’, is given by 

Br +2 


Bret 2 Bets 


[4] 


where 1, is the Goldschmidt atomic diameter for the 
solute ion and B is the bulk modulus of the solvent. 

The comparison between theory and the experi- 
mental results for the seven solutes in nickel is 


shown in Table III. The agreement appears to be 
quite good except for titanium, where the difference 
between theory and experiment is considerably 
larger than expected on the basis of experimental 
error. These calculations are considered in more 
detail in ref. 7. It appears, therefore, that solute dif- 
fusion in nickel can be interpreted satisfactorily in 
terms of a size factor model without the necessity 
of invoking valence differences. 


Summary 


Diffusion rates of magnesium, silicon, and molyb- 
denum have been measured as a function of tem- 
perature. The usual exponential temperature de- 
pendence of D was found, and values of the activa- 
tion energy were found to be close to that for self- 
diffusion in nickel with the exception of that for 
magnesium, which is about 10 kcal per g-atom less. 

The results obtained are generally consistent with 
those of an earlier investigation of solute diffusion 
in nickel. These results have been analyzed in ac- 
cordance with Lazarus’ theory and with a model 
proposed by one of the authors. 


Acknowledgment 


This work was performed under Bureau of Ships 
Contract No. NO bsr - 6 3172. 


References 


1R, A. Swalin and A. Martin: AIME Trans., 1956, vol. 206, p. 567; 
JOURNAL OF METALS, May 1956. 

2C. L. Luke: Analytical Chemistry, 1953, vol. 25, p. 148. 

8C, E. Crouthamel and C. E. Johnson: Analytical Chemistry, 
1954, vol. 8, p. 1284. 

4 Metals Handbook. ASM. Cleveland, 1948. 

5R,. E. Hoffman, F. W. Pikus, and R. A. Ward: AIME Trans., 
1956, vol. 206, p. 483; JouRNAL or Merats, May 1956. 

6D. Lazarus:Physical Review, 1954, vol. 96, p. 610. 

7R. A. Swalin: Acta Metallurgica, 1957, vol. 5. 


Discussion of this paper sent (2 copies) to AIME by Sept. 1, 1957 
will appear in AIME Transactions Vol. 212, 1958, and in JouRNAL oF 
Merats, April 1958. 


Technical Note 


Determination of Orientation in Magnesium By Polarized Light Examination 


by S. L. Couling and G. W. Pearsall 


OTT and Haines’ have summarized the avail- 
able techniques for the examination of alumi- 
num and some anisotropic metals under polarized 
light. Many of these techniques are rather compli- 
cated and cumbersome. This note presents a simpli- 
fied procedure for using polarized light to obtain 
information about the crystallographic orientation 
of any particular grain in a magnesium alloy. Since 
other hexagonal metals are more anisotropic than 
magnesium, similar methods might well be applied 
to them. 
Ernst and Laves’? produced a double-refracting 
layer on magnesium alloy specimens by successive 
S. L. COULING and G. W. PEARSALL, Junior Member AIME, are 
associated with the Metallurgical Laboratory, Dow Chemical Co., 
Midland, Mich. 
TN 418E. Manuscript, Feb. 11, 1957. 
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etches in solutions of perchloric acid in alcohol, 
magnesium perchlorate in perchloric acid and al- 
cohol, and calcium and magnesium carbonates in 
water. They examined their specimens under po- 
larized light and were able to determine the direc- 
tion of the hexagonal axis in any particular grain 
from a measurement of the extinction behavior of 
that grain. The disadvantages of their technique 
were the complexity of the etching procedure and 
the explosive hazard of the perchloric acid-alcohol 
solutions. 

Results equivalent to those of Ernst and Laves 
were obtained in this investigation after etching 
specimens for 6 to 8 sec in an acetic picral solution 
containing 100 parts 6 pct picral, 10 parts distilled 
water, and 5 parts acetic acid. A similar etch has 
been used by George® in earlier metallographic 
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studies of magnesium. For examination under po- 
larized light, the metallograph used was one permit- 
ting the insertion of an adjustable full-wave re- 
tardation plate between the specimen and polarizer. 
The retardation plate permits selective wave-length 
extinction to occur, causing the color of a grain to 
change sharply with every 90° rotation of the speci- 
men. Using a large-grained sample in which the 
orientations of several grains had been determined 
by the standard X-ray Laue technique, it was found 
that the trace of the basal plane in any grain was 
exactly parallel to a vertical cross hair in the eye- 
piece of the metallograph when, on stage rotation, 
the color of that grain changed abruptly from blue 
to orange. The amount of basal plane tilt in any 
grain could be estimated roughly from the magni- 
tude of the intensity change; the greatest change 
occurs when the basal plane is perpendicular to the 
surface and no change occurs when it is parallel. 
Without the wave plate, extinction was observed 
but there were no color changes. Hence, there was a 
twofold ambiguity in determining the direction of 
the hexagonal axis. 

This technique has proved valuable in several ap- 
plications. It has been used to determine the local 
reorientations caused by inhomogeneous deforma- 
tion and it is currently being employed to study the 
changes in preferred orientation that result from 
heavy twinning and annealing. The results of these 
investigations will be reported in the near future. 
An application described briefly here concerns a 
study of preferred orientation in an extruded mag- 
nesium alloy. The preferred orientation of most 
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Fig. 2—Preferred orientation profiles for positions A, B, C, 
and D in Fig. 1. 
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Fig. 1—Distribution of prefer- 
entially oriented grains in Mg- 
3.1 pet Th alloy extrusion. 
Polarized light with a Corning 
2-62 filter (No. 25). X50. Re- 
duced approximately 25 pct for 
reproduction. 
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extruded magnesium strip is such that two maxi- 
mum basal pole densities are present throughout 
most of the extrusion thickness. These maxima are 
usually rotated in opposite directions from the nor- 
mal to the extrusion surface in a plane containing 
the surface normal and the extrusion direction. 

The material used in this investigation was a Mg- 
3.1 pct Th alloy extruded at 900°F as 1/8 in. x 1% 
in. strip. X-ray measurements have shown that this 
alloy has a double peak at +35° throughout most of 
the thickness.* When a longitudinal cross section of 
this material was etched in acetic picral and exam- 
ined under polarized light, the distribution of the 
grains making up the two peaks was immediately 
apparent, Fig. 1. The dark grains appear blue under 
polarized light and the basal traces of these grains 
are rotated counter-clockwise from the extrusion 
direction; the light grains appear orange under 
polarized light and their basal traces are rotated 
clockwise from the extrusion direction. It is seen 
that on the left surface, A, almost all grains are 
tilted counter-clockwise, while on the right surface, 
D, almost all are tilted clockwise. Between the sur- 
face layers, elongated clusters of grains of both ori- 
entations are present, the two orientations alternat- 
ing in a laminar fashion. At positions A, B, C, and 
D across the thickness of the extrusion, the basal 
plane tilts of 100 consecutive grains were measured 
(to the nearest 5°) and the results are shown as 
profile plots in Fig. 2. The length of a profile line 
at any angle is proportional te the number of grains 
in which that particular basal tilt was measured. It 
is seen that the profile plot for each surface (A, D) 
shows a single orientation while the plots for the 
positions in the interior (B, C) show double orienta- 
tions. In each case, the maxima occur at approxi- 
mately +35°, which agrees with the X-ray results.‘ 

Preliminary results on other extruded alloys in- 
dicate that the laminar distribution observed here 
is fairly typical. It is hoped that an explanation for 
the observed effects can be obtained by studying 
extrusion butts to see how grains change their ori- 
entation as they deform and recrystallize while 
flowing toward the die opening. 
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Thermodynamics of the Cu-Fe-S System 


At Matte Smelting Temperatures 


by W. A. Krivsky and R. Schuhmann, Jr. 


papers in this series on the thermo- 
dynamics of copper-smelting systems have pre- 
sented a survey of the field and an outline of the 
overall program,’ thermodynamic studies of iron 
Silicate slags,** and thermodynamic data for simple 
mattes in the Cu-S system.’ Since this program was 
started, an excellent summary of the whole field of 
physical chemistry of copper smelting was pub- 
lished by Ruddle.® The present paper represents a 
further step in the study of liquid mattes, and deals 
specifically with the Cu-Fe-S system. The impor- 
tance of the Cu-Fe-S system to copper smelting is 
evident from the fact that these three elements con- 
stitute 90 to 99 pct of the total weight of most com- 
mercial mattes. In copper mattes oxygen is an im- 
portant fourth component. Oxygen was rigorously 
excluded in the work to be described in this paper. 
However, the behavior of oxygen in mattes was the 
subject of a companion research by Lander’ which 
will be described in a subsequent publication. 
Several studies have been made previously of 
phase equilibria in the Cu-Fe-S system,*” so that 
the ternary phase diagram is fairly well established 
in most regions. Also, separate studies have been 
made of the phase diagrams and thermodynamic 
properties for the three binary systems: Cu-S,”*” 
Cu-Fe,““" and However, no work has 
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Fig. 2—Isothermal section of Cu-Fe-S system at 1150°C. 


been reported to date on the thermodynamic prop- 
erties of the ternary liquid mattes in the Cu-Fe-S 
system. 

The experimental part of this study consisted of 
measuring H.S:H, gas ratios in equilibrium with 
various Cu-Fe-S mixtures in the temperature range 
1150° to 1350°C. The equilibrium measurements 
were made in the following systems: 1) gas: lquid 
matte, 2) gas:liquid matte:liquid metal, and 3) 
gas: liquid matte: liquid metal: solid metal. Complete 
chemical analyses were made of the equilibrium 
phases so that the results furnish a redetermination 
of a substantial portion of the Cu-Fe-S phase dia- 
gram at 1150° to 1350°C. From the experimental 
measurements of sulfur activity, various other ther- 
modynamic properties of the mattes were calculated. 
In particular, several forms of the Gibbs-Duhem 
equation recently derived” for ternary systems were 
used to obtain activities of Cu.S, FeS, copper, and 
iron as functions of melt composition. 


Experimental Methods 


Materials—The copper and copper sulfide were 
the same materials as used previously by Schuh- 
mann and Moles.’ High purity iron was obtained 
from the National Radiator Co. (99.91 pct Fe, 0.015 
pet C, 0.01 pet Cu) and from the Westinghouse Elec- 
tric Co. (99.95 pct Fe, 0.04 pet O, 0.005 pet C). In 
addition, an Armco iron sleeve was used during the 
investigation of the equilibria between liquid mattes, 
liquid metal, and solid metal. Iron sulfide was pre- 
pared by reacting Mallinckrodt USP precipitated 
sulfur with iron, followed by melting in a hydrogen 
atmosphere. No special precautions were taken to 
avoid oxygen contamination of the stock materials, 
since the oxygen was automatically removed during 
the long equilibration runs with a stream of dry H. 
or H,S-H, mixture bubbling through the matte. 

Procedure—The experimental procedure and ap- 
paratus were substantially the same as in the pre- 
vious work on the Cu-S system.’ Closely controlled 
mixtures of hydrogen and hydrogen sulfide were 
bubbled through the liquid mattes in a closed fur- 
nace system. Entrant and exit gas analyses were 
made, and the entrant gas composition was altered 
until both the entrant and exit gas compositions 
were the same and remained so for several hours. 
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Fig. 3—Isothermal section of Cu-Fe-S system at 1250°C. 


Equilibrium conditions were checked by approach- 
ing the equilibrium gas composition from both sides. 
After gas-liquid equilibrium was attained, samples 
of the liquid matte were drawn up into 7-mm Vycor 
tubing, pulled to a capillary opening at the lower 
end. When two liquid phases were present, both 
phases were sampled separately after allowing the 
system to stand quietly for some time at equilibrium. 
The capillary tip of the Vycor sampling tube used 
for the lower liquid-metal phase was sealed before 
use and then the seal was broken on the bottom of 
the crucible. 

The apparatus of Schuhmann and Moles for an- 
alyzing H.S:H, mixtures by fractional distillation at 
liquid-nitrogen temperatures was redesigned to get 
better accuracy in analyzing low H.S mixtures. The 
new design, shown in Fig. 1, permitted rapid and 
accurate analysis of gas mixtures ranging from 0.1 
to 100 pet H.S. In the range from 0.1 to 5 pct HS, 
gas analyses were readily reproduced within +£0.01 
pet H.S. The analytical procedure involved 1) col- 
lecting the gas sample into a fixed volume and read- 
ing pressure and temperature, 2) immersing the bulb 
in liquid nitrogen and pumping off the hydrogen, 
3) evaporating the H.S into the original fixed vol- 
ume, and 4) reading pressure and temperature for 
the H.S alone. For samples with less than 5 pct HLS, 
the pressure of H.S was measured after a standard 
compression using the McLeod-gage type of arrange- 
ment which can be seen at the top of the mercury 
manometer in Fig. 1. Not shown in the figure is a 
liquid nitrogen trap which was placed in the vacuum 
line between the vacuum pump and stopcock 5. The 
addition of this trap greatly improved the accuracy 
by preventing transfer of condensable substances 
from the pumping system back into the sample bulb 
during the hydrogen distillation at liquid-nitrogen 
temperature. 

The experiments on equilibration of gas mixtures 
with three condensed phases, y-iron alloy, liquid 
metal, and liquid matte, proved very troublesome. 
For these determinations an Armco iron sleeve was 
placed in the alumina crucible to insure saturation 
with y-iron. However, difficulty was encountered 
in adjusting the composition of the charge to obtain 
all three condensed phases present at equilibrium. 
This difficulty stemmed from errors in the previously 
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Table |. Equilibrium Data 


Point Chemical Analysis Equivalent Ratios 
ature, °C Pet pu,s/Pu, x 108* log pu,s/pu,t Pct Cu Pct Fe Pet S Est 
Gas—Liquid Matte Equilibria 
9 1148 0.325 BIA — 2.486 71.33 City 21.50 0.186 0.972 
10 1155 4.55 47.7 —1.321 68.84 8.42 22.74 0.218 1.024 
44 12153 100.00 2000 + 0.301 69.27 7.04 23.69 0.188 1.101 
21 1150 100.00 2000 + 0.301 67.25 8.63 24.12 0.226 1.100 
48 1158 175 12.0 —1.921 31.93 39.39 28.68 0.737 0.935 
37 1148 1.63 16.6 —1.780 32.17 38.76 29.07 0.733 0.957 
36 1148 2.62 26.7 —1.573 32.15 38.54 29.31 0.732 0.969 
35 1148 6.66 71.6 1.145 31.68 38.24 30.08 0.733 1.004 
34 1151 13.65 155.5 — 0.808 31.61 37.98 30.41 0.732 1.021 
oo 1148 25.06 325.5 —0.487 31.38 37.80 30.82 0.733 1.040 
8 1263 0.453 4.54 —2.343 71.28 TLS: 21.57 0.186 0.976 
11 1247 4.46 46.2 —1.335 69.35 8.21 22.44 0.212 1.010 
43 1253 100.00 1336 + 0.126 69.27 7.08 23.65 0.189 1.098 
20 1246 100.00 1336 + 0.126 67.54 8.61 23.85 0.225 1.085 
28 1258 3555 15.75 —1.802 32.29 39.25 28.46 0.734 0.927 
29 1250 3.00 30.8 —1.512 32.09 38.73 29.18 0.733 0.962 
31 1252 6.77 71.6 —1.145 32.13 38.15 29.72 0.730 0.990 
30 1249 15.13 170 —0.770 31.65 37.97 30.38 0.732 1.020 
23 1266 26.10 320 —0.495 31.81 37.72 30.47 0.730 1.026 
32 1247 25.76 312 —0.506 31.32 37.90 30.78 0.734 1.037 
ia 1349 0.556 5.60 —2.252 71.26 7.20 21.54 0.187 0.974 
16 1357 iy @ a 7.30 —2.137 69.74 8.77 21.49 0.223 0.950 
15 1354 1.30 13.6 —1.866 69.70 8.54 21.76 0.218 0.967 
12 1349 4.06 41.2 —1.385 69.26 8.81 21.93 0.224 0.974 
13 1353 7.30 75.1 —1.124 69.22 8.26 22.52 0.214 1.014 
14 1353 7.46 76.9 —1.114 68.76 8.65 22.59 0.223 1.013 
17 1364 24.45 262 —0.582 68.48 8.56 22.96 0.221 1.034 
18 1349 49.99 516 —0.287 68.30 8.33 23.37 0.217 1.062 
19 1348 100.00 923 —0.035 67.97 8.37 23.66 0.219 1.077 
42 1354 100.00 923 —0.035 69.58 6.97 23.45 0.186 1.087 
40 1350 0.564 6.00 —2.222 52.71 25.40 21.89 0.523 0.785 
27 1346 2.24 22.7 — 1.644 39.20 28.49 0.734 0.929 
47 1361 3.94 40.0 --1.398 31.91 39.03 29.06 0.736 0.954 
26 1351 5.69 57.95 —1.237 32.28 38.34 29.38 0.730 0.974 
25 1353 17.12 116.1 —0.935 32.07 38.21 29.72 0.731 0.990 
24 1347 25.75 256.5 —0.591 31.67 37.85 30.48 0.731 1.025 
Gas—Liquid Matte—Liquid Metal Equilibria§ 

6 1154 0.0339 3.40 —2.468 71.38 7.30 21.32 0.189 0.960 
97.13 1.51 1.36 0.034 0.054 

1 1150 0.299 3.01 —2.521 67.76 10.22 22.02 0.256 0.959 
96.43 2.34 1.23 0.052 0.048 

5 1256 0.443 4.45 — 2.352 69.65 8.59 21.76 0.219 0.967 
96.66 2.12 1,22 0.048 0.048 

2 1251 0.409 4.11 — 2.386 68.09 9.95 21.96 0.250 0.959 
95.76 2.63 1.61 0.059 0.063 

4 1351 0.571 5.74 —2.241 70.21 8.29 21.50 0.212 0.957 
96.34 2.32 1.34 0.052 0.052 

3 1351 0.550 5.53 —2.257 67.87 10.30 21.83 0.257 0.948 
95.55 3.03 1.42 0.067 0.055 

45 1351 0.421 4.23 —2.373 54.91 23.07 22.02 0.489 0.812 
77.14 18.46 4.40 0.353 0.146 

46 1357 0.418 4.20 —2.376 54.03 24.44 21.53 0.507 0.778 
65.49 28.04 6.47 0.493 0.198 

Gas—Liquid Matte—Liquid Metal—Solid Metal Equilibria§ 

22 1150 0.265 2.66 —2.575 61.76 15.36 22.88 0.361 0.938 
93.10 5.06 1.84 0.110 0.070 

38 1150 0.270 2.71 —2.567 61.49 15.62 22.89 0.366 0.935 
94.27 4.58 1.15 0.100 0.044 

39 1285 0.378 3.79 - —2.422 58.97 18.86 22.17 0.421 0.862 
75.05 20.40 4.55 0.382 0.149 

41 1353 0.442 4.44 —2.352 50.26 29.69 20.05 0.573 0.674 
42.12 51.37 6.51 0.735 0.162 


* Corrected for dissociation at furnace temperature. 
+ Corrected to 100 pect Cu + Fe + S 
NFe ns 
Ere = Es = 
NFe + Nou 


+ NCu 


2 2 
§ For each point, the first line gives the analysis of the matte phase and the second line the analysis of the liquid metal phase. 


available ternary diagrams used as a guide, from the 
narrowness of the three-phase region at higher tem- 
peratures, and from the great temperature sensitiv- 
ity of the various mutual solubilities. Then, when 
the desired equilibrium conditions were approached, 
sampling of the liquids became difficult and even 
impossible, owing to the buildup of solid iron-alloy 
bridges and shells over the liquid phases in the 
crucible. 
Experimental Results 

Five experimental campaigns were carried out, 
each campaign representing from four to six weeks 
of continuous operation at temperature. Once the 
refractories were dried thoroughly and the charge 
became deoxidized at the start of the campaign, suc- 
cessive equilibrium determinations could be com- 
pleted at from 24 to 48-hr intervals. Each equilibra- 
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tion involved adjustment of temperature and charge 
composition followed by repeated adjustments of 
entrant gas composition and repeated gas analyses to 
achieve the same composition in entrant and exit 
gases. Over 600 gas analyses were made during the 
five campaigns. All equilibrium points were ap- 
proached from both directions; that is, by trying en- 
trant gases both richer and leaner in H.S than the 
final equilibrium gas mixture. After all the adjust- 
ments were completed, the system was usually op- 
erated for several hours (overnight) and rechecked 
to insure that no further change or reaction could 
occur. 

Table I gives temperatures, gas compositions, and 
melt compositions for the 48 equilibrium determina- 
tions which were completed satisfactorily during 
the five experimental campaigns. For convenience 
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Fig. 4—Isothermal section of Cu-Fe-S system at 1350°C. 


in subsequent thermodynamic calculations, the gas 
compositions determined analytically (column 3) 
were corrected for dissociation at furnace tempera- 
ture, using Kelley’s free energy data for H.S.” The 
corrected H.S:H, ratios and values of logy. (pus/px.) 
are given in columns 4 and 5. Separate analyses 
were made in duplicate for copper, iron, and sulfur, 
and the analyses appeared to be accurate and re- 
producible to within <0.05 wt pct of each constitu- 
ent. The matte and metal analyses totalled 99.7 pct 
on the average, and so were corrected slightly to 
make copper plus iron plus sulfur equal 100 pct. 
R,O; analyses (after iron removal) were never high- 
er than 0.07 pct, and SiO, contents averaged 0.02 pct. 
The last two columns give melt compositions in 
terms of equivalent ratios, Ey, and Es. These ratios 
are based on the ordinary valences of the three 
components in the stoichiometric sulfides Cu.S and 
FeS. E,. is the ratio of equivalents of iron to total 
cation equivalents while Eg is the ratio of equivalents 
of sulfur to total cation equivalents. For stoichi- 
ometric Cu.S, Es = 1 and E,, = 0; for stoichiometric 
FeS, Es; = 1 and E;, = 1; and for pseudobinary mix- 
tures of Cu.S and FeS, Es = 1 and E;, = mol fraction 
FeS. These parameters proved more convenient 
than mol fractions of the elements in simplifying 
and correlating the data on liquid mattes. 

The order in which the points were determined is 
indicated by the chronological point numbers in 
column 1 of Table I. To facilitate study of the re- 
sults, the table is arranged in three parts, according 
to the number of phases present at equilibrium. In 
each part, the points are further grouped according 
to temperature, and at each temperature are ar- 
ranged in order of increasing E,, and Es. 

Ternary Isotherms at 1150°, 1250°, and 1350°C— 
The analytical data in the last two parts of Table I 
determine a substantial portion of the Cu-Fe-S phase 
diagram for the temperature range 1150° to 1350°C. 
Figs. 2, 3, and 4 give isothermal sections of this dia- 
gram at 1150°, 1250°, and 1350°C, respectively. The 
liquid matte-liquid metal miscibility gap and the 
three-phase regions at each temperature were locat- 
ed reasonably well in the present work. The re- 
mainder of the diagram is based on the work of 
Schlegel and Schiller,” and on other published data 
for the three binary systems.°”“ These diagrams 
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also show the variations of sulfur activity in the 
miscibility gap, from the binary Cu-S two-liquid 
system over to the three-phase region. The figures 
in parentheses for each tie line give pus/Pu:, X OF, 

Within the temperature range under considera- 
tion, the Cu-Fe-S system is characterized by large 
regions of immiscibility. The two stoichiometric sul- 
fides in the pseudobinary Cu,S-FeS system are com- 
pletely miscible and form liquid mattes covering the 
entire range from Cu.S to FeS. However, reduction 
of the sulfur content for high-copper mattes leads 
to the formation of a separate liquid-metal phase 
high in copper. Reduction of the sulfur content of 
low-copper mattes leads to the precipitation of the 
y-iron phase (with some copper in solid solution). 
Along the Cu-Fe side, these isotherms also show the 
immiscibility of the two metals copper and iron. Of 
particular interest in the 1350° isotherm is the long 
narrow single-phase region for liquid metal (m). 
At this temperature, the solubility of iron in liquid 
copper is multiplied several-fold by the addition of 
a critical percentage of sulfur to the liquid. As a 
result of the temperature sensitivity of iron solu- 
bility in liquid copper, the two-liquid miscibility 
gap region enlarges very rapidly at the expense of 
the three-phase region as the temperature is in- 
creased above 1250°C. 

Sulfur Activities in Liquid Mattes—Fig. 5 sum- 
marizes the sulfur activity data for low-iron mattes 
(Ey. = 0.2; about 70 wt pct Cu) and for high-iron 
mattes (Ey. = 0.73; about 32 pet Cu), and also shows 
for comparison previous data’ for mattes containing 
no iron (E,. = 0; about 80 pet Cu). These plots show 
that sulfur activity is very sensitive to sulfur con- 
tent, especially in high-copper mattes. For example, 
at 1150°C, a relative change of only 5 pct in the 
sulfur content (from Es = 1.00 to Es = 1.05) causes 
about a tenfold change in H.S:H, ratio, correspond- 
ing to a hundredfold change in ps.. Mattes approach- 
ing FeS in composition exhibit progressively less 
steep variations of sulfur activity with sulfur con- 
tent. 

The apparent scatter of the experimental points 
in Fig. 5 is due primarily to experimental error in 
the sulfur analyses of the mattes and not to errors in 
the gas analyses. The analytical error in sulfur de- 
terminations is in fact emphasized by the expanded 
Es scale in these plots. Thus, as Es varies from 0.96 
to 1.06, the matte analysis changes by only about 
2 pct S, while the H.S:H, ratio changes by as much 
as a hundredfold in some instances. 

As a result of the steep slopes of the curves in 
Fig. 5, small errors in the sulfur analyses produce 
large errors in estimates of the temperature coeffi- 
cients of sulfur activity. Accordingly, it does not 
appear worthwhile to attempt to calculate heats of 
solution. However, the data do indicate semiquanti- 
tatively that the heat of solution of sulfur in liquid 
mattes tends to decrease rather markedly (more 
heat evolved on solution of sulfur) with decreasing 
sulfur content. 


The general similarity of the three sets of curves 
for three different Cu-Fe ratios in Fig. 5 indicates 
that substitution of iron for copper in mattes causes 
no major or abrupt change in the measured proper- 
ties of the matte solutions, when the substitution is 
made on the basis of one atom of iron for two atoms 
of copper. In other words, sulfur activity is deter- 
mined primarily by the equivalent ratio E,; and by 
temperature, and is only secondarily affected by the 
Cu:Fe ratio or by E,.. Evidently the change in 
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metal-sulfur coordination which must occur with 
substitution of one iron for two coppers does not 
greatly affect the energetics of the solution structure. 

The variation of sulfur activity with matte compo- 
sition at 1350°C is shown in more detail in Fig. 6. 
Also included in this graph is the curve giving sul- 
fur activities for mattes with compositions along the 
boundary of the miscibility gap. This curve is nearly 
horizontal, because sulfur activity varies little as the 
composition of the metal-saturated matte changes 
from the high-copper to the high-iron end of the 
miscibility gap. Moreover, the sulfur activity along 
the miscibility gap passes through a minimum when 
the metal-saturated matte has the composition cor- 
responding Ey. = 0.50 and E, = 0.79. 

The dashed sulfur-activity curve for Ey, = 0.50 in 
Fig. 6 was estimated by interpolation between the 
curves for E,,. = 0.73 and E,,. = 0.2, and by interpo- 
lating between the two points for E,. = 0.489 and 
Ey. = 0.507 along the miscibility gap. The smoothed 
curves in Fig. 6 were taken as the basis for the 
Gibbs-Duhem integrations described in the next 
section. 


Application of Gibbs-Duhem Equations 

When the activity of one component of a ternary 
system is known over a sufficient portion of the 
ternary isotherm, the activities of the other compo- 
nents are readily calculated by integrating various 
modifications of the Gibbs-Duhem relation.” How- 
ever, these integrations can be carried out only along 
certain composition paths. Two kinds of paths are 
of interest in the calculations for liquid Cu-Fe-S 
mattes. In the first place, the Gibbs-Duhem integra- 
tions are readily carried throughout the two-phase 
regions if complete composition and sulfur-activity 
data are obtained for the tie-lines in these regions. 
Thus, insprinciple, for metal-saturated mattes, ac- 
tivities of all components can be calculated from 
sulfur activities and tie-line compositions all the 
way across the Cu-Fe-S isotherms, Figs. 2 to 4, 
from the Cu-S side to the Fe-S side, traversing first 
the liquid matte-liquid metal miscibility gap and 
then the liquid matte-solid iron region. The second 
type of composition path available for Gibbs-Duhem 
integrations is in the single-phase liquid-matte re- 
gion. Here the integrations must follow paths of 
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constant Fe:Cu ratio; that is, paths of constant Ey.. 
On the ternary isotherms, Figs. 2 to 4, these paths 
are represented by straight lines radiating from the 
sulfur corner of the diagram. 

By combining the two kinds of paths described 
above, it is theoretically possible to calculate com- 
plete activity data for all components throughout the 
entire liquid matte field, based on experimental 
measurements of sulfur activity and solution com- 
positions. However, the present investigation did 
not cover the liquid matte-solid iron field. Hence, 
only at 1350°C, for which temperature the two- 
liquid miscibility gap extends well across the dia- 
gram, are sufficient data available to evaluate activi- 
ties over a substantial portion of the matte region. 

Miscibility Gap Integration at 1350°C—For a two- 


phase region in a ternary system, the activity of 


each component (d:, d, or a;) is the same in both 
phases, and two Gibbs-Duhem equations can be 
written governing activity changes throughout the 
two-phase region 


[1] 
[2] 


In these equations, n; represents mols of component 
7 in one phase while n,’ represents mols of component 
7 in the other phase (at the other end of a tie-line). 
Now, by simultaneous solution of Eqs. 1 and 2, 
d In a; can be eliminated to obtain another useful 
Gibbs-Duhem relation 


nd Ina, Ina,— 0 


By integration of Eq. 3, a, can be calculated from 
known values of compositions and a, for the tie-lines 
in a two-phase region. Activities of the third com- 
ponent (a,) can be found by the same procedure, 
starting with elimination of dlna, between Eas. 
1 and 2. 

For the miscibility gap in the Cu-Fe-S system, it 
is convenient to choose sulfur, Cu.S, and FeS as the 
three components. Then Eq. 3 can be rewritten in 
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terms of the equivalent ratios E,, and Es as follows 
Eve Eve Es' Eye EsEve ) 


d log as. 
Eve 


[4] 


Owing to an interesting singularity of the Cu-Fe-S 
system, this equation proved difficult to integrate 
through part of the miscibility gap. That is, at 
1350°C the tie-lines change considerably in direction 
along the miscibility gap, so that part way along a 
point is reached where the tie-line if extended 
would pass exactly through the sulfur corner of the 
composition triangle, see Fig. 4. At this point, the 
Fe:Cu ratio is the same in both phases and E,, = 
E,;,. = 0.5. For this condition, the denominator of 
the right-hand member of Eq. 4 becomes zero. Ac- 


0 In ds 
cording to Eq. 4, at this same point ————— must 
0 In 


also be zero, indicating a maximum or minimum in 
the H.S:H, ratio. The fact that the experimental 
H.S:H, ratios actually show a minimum very close 
to Ey. = Ey. = 0.5, see Fig. 6, thus is a reassuring 
confirmation of the accuracy of the experimental 
work. 

Further study of the type of singularity just 
pointed out led to the following generalization: 
When an extension of a tie-line passes through the 
corner corresponding to one of the components, the 
isoactivity curves for that component in the adja- 
cent single-phase fields must be tangent to the 
boundary curve of the immiscibility region at the 
ends of the tie-line. 

After trial of a variety of mathematical proced- 
ures, a reasonably satisfactory integration of Eq. 4 
along the miscibility gap was finally accomplished 
by an iterative method of successive approximations. 
This method is based on the fact that graphical in- 
tegration of dc.s vs composition data to find as is 
straightforward through the entire region, according 
to the following modification of Eq. 4 


d log Acus = ( 


A log (prs/pr.) = 


S( Exe Exe ) a 5 
Og Aows. 

Ey. ~~ Eve Es' Eve EsEy. 
The fraction within the integral goes to zero when 
E,.. = Ey. and thus causes no difficulty. Accordingly, 
as a starting point, a simple trial relation of deus to 
composition was assumed; namely, that d log deus = 
d log (1—E,.). Using this assumed relation, Eq. 5 
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Fig. 6—Effect of matte composition on sulfur activity at 
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was integrated to find a tentative relation of log 
(pus/pu.) to composition. Subtraction of these ten- 
tative values of log (pu.s/px») from the actual expe- 
rimental values of log (pus/pu) gave a set of S- 
corrections (8 log pms/px.). These S-corrections were 
integrated according to Eq. 4 to obtain a set of Cu,S- 
corrections to be applied to the originally assumed 
values of log dcws. By repetition of this procedure, a 
relation of dems was found which, when integrated 
according to Eq. 5, gave back the experimental val- 
ues of log (pms/pu) within +0.002. The values of 
dows were adjusted to a standard state of pure liquid 
Cu.S of exactly stoichiometric composition, using 
Schuhmann and Moles’ data, and the results are 
plotted as curve A in Fig. 7. 

To establish a reference state for drs, the follow- 
ing chemical equation and its equilibrium constant 
were used 


Fe(y) + H.S = FeS(liq) + Hz 


(Gres) 
Kires 6 
(Are) 


For the equilibrium of gas-liquid matte-liquid 
metal-solid iron at 1350°C, pxs/px, found experi- 
mentally was 4.44 x 10° (from Table I) and Gre, 
was estimated to be 0.93, based on examination of 
the Fe-Cu equilibrium diagram.” The value of Krs 
was estimated as 90 at 1350°C, based on Kelley’s 
data.” Accordingly, dy.s was estimated to be 0.371 
for the terminus of the miscibility gap at the liquid 
matte-liquid metal-solid iron region. Now, with 
pr s/Ppu, and dcws already known as a function of 
matte composition along the miscibility gap, an ordi- 
nary ternary Gibbs-Duhem integration gave dys as 
a function of matte composition along the misci- 
bility gap. The results are plotted as curve B in 
fe 

Since the values of ay..; were referred to a stand- 
ard state of pure liquid FeS by using an estimated 
value of ky.s, it should be kept in mind that all values 
of dys Might be in error by a constant factor equal 
to the ratio of the value of ky.s used in the calcula- 
tions to the true value of Kyxs. 

With complete data on prs/Puo, Aows, ANd Ares NOW 
available along the miscibility gap, the further cal- 
culations of du and are are relatively straightfor- 
ward. These calculations are outlined in the subse- 
quent paragraphs and are related to the compositions 
of the liquid-metal side of the miscibility gap. 

Recent studies of the dilute solution of sulfur in 
liquid copper” indicated that these solutions do not 
deviate greatly from Raoult’s law, so that aq, re- 
ferred to pure liquid copper as a standard state may 
be taken as equal to the mol fraction. Thus, taking 
a value of 2 wt pct S for the sulfur solubility at 
1350°C (after Smith”), a., is estimated to be 0.96 at 
the high-copper, zero-iron end of the miscibility 
gap. Combining this with prs/ps, and dows already 
evaluated at this point, the following equilibrium 
constant is calculated 


2Cu (liq) + H.S = Cus (liq) + 
163 at 1350°C. [7] 
= => a 
(dou) * 


With kews available, dco. was then calculated from 
pus/pu, and dows along the miscibility gap. In Fig. 8, 
the resulting values of a. are plotted against mol 
fraction iron in the liquid-metal phase, this mol 
fraction being referred to 1 mol Cu + Fe as a basis. 
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The curve of dou vs mol fraction is characterized by 
large positive deviation from ideality, approaching 
the condition of widespread immiscibility. As a mat- 
ter of fact, this curve is very similar to the curve cal- 
culated by Chipman” for a>, vs mol fraction in the 
absence of sulfur but at a higher temperature 
(1600°C). 

All the information necessary to calculate as. 
along the miscibility gap at 1350°C has already been 
presented, including prs/pm, Ayes, and the value of 
Kyes- Since the value of ky.s was already used once 
in establishing a standard state for FeS, it cancels 
out in the overall calculations of ay,, so that the 
actual reference state for a;. is given by the previous 
choice of dy. = 0.93 for the three-phase region at 
1350°C. Results of the calculations of a,. are plotted 
in Fig. 8. Here again, the strong positive deviation 
from ideality of the Cu-Fe solution is evident, with 
the activity coefficient of iron approaching about 10 
in dilute solutions (ignoring the presence of sulfur). 

Fig. 8 also shows how sulfur activity varies with 
composition of the matte-saturated liquid metal. The 
lowest curve gives an activity coefficient for sulfur, 
and it is of interest to note that this coefficient first 
increases slightly, then decreases markedly as iron 
is added to the liquid copper. However, the initial 
increase in y, is somewhat questionable, as it is cal- 
culated partly from results of other investigations 
of the Cu-S binary system’” and partly from results 
of the present investigation. Clearly, a detailed in- 
vestigation of the thermodynamic properties of the 
ternary liquid-metal solutions of sulfur and iron in 
copper should be of considerable interest in relation 
to the study of interactions of solutes in metallic 
solutions. 


Matte-Field Integrations at 1350°C—Once com- 
plete activity data for all components were available 
along the miscibility gap, Gibbs-Duhem integrations 
could then be carried into the single-phase matte 
field along lines of constant E,. (that is, constant 
Nye/Nou lines, passing through the sulfur corner of the 
ternary isotherm). Taking sulfur, Cu.S, and FeS as 
components, the following forms of Gibbs-Duhem 
relations were used* 
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The values of the partial derivatives at the es of 
Eqs. 8 and 9 were calculated from the intercepts of 
tangents to the sulfur-isoactivity curves on the S-Cu 
and S-Fe sides, respectively, of the ternary diagram. 

Fig. 9 was found to be an especially convenient 
way of depicting the ternary isotherm and a large 
graph of this kind was actually used as the working 
diagram in carrying out the Gibbs-Duhem calcula- 
tions. After laying out the various phase regions on 
the basis of the available data, the sulfur-isoactivity 
curves were located, using the smoothed data in Fig. 
6. The sulfur-isoactivity curves are quite flat in this 
type of plot, and their two tangent intercepts at any 
point were easily determined at the two vertical axes 
at the left and right, respectively, of the diagram. 
Activities of Cu.S and FeS were calculated along 
Ey. = 0, 0.22, 0.4, 0.5, and 0.573, each calculation 
starting from the miscibility gap as a lower limit of 
integration. With these sets of values of dows and 
Ayes established, the location of the isoactivity curves 
for Cu.S and FeS, which are also plotted in Fig. 9, 
became a routine matter. 

From the results of the calculations outlined 
above, the values of dcws and dy.s for the pseudo- 
binary Cu.S-FeS system were read off, and these 
are shown in curves C and D in Fig. 7. Curve C in- 
dicates that the pseudobinary solutions of Cu.S and 
FeS exhibit moderate negative deviations from 
ideality. The shape of curve D is, of course, also con- 
sistent with this interpretation, but the standard 
state for FeS is somewhat uncertain, since it is based 
on an estimated equilibrium constant as discussed 
earlier. However, in making thermodynamic calcu- 
lations based on these activity data, it will be help- 
ful to keep in mind that these values of dy.s are con- 
sistent with Kelley’s estimate of the free energy of 
formation of liquid FeS. 
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Fig. 9—lIsothermal phase diagram for Cu-Fe-S system at 


Comparison of the various activity curves in Fig. 7 
shows that the assumption that ordinary copper 
mattes are ideal solutions of Cu,S and FeS is a rea- 
sonable rough approximation for practical calcula- 
tions. Such an approximation is particularly justi- 
fied when accurate data on the sulfur deficiency are 
not available and there is an absence of information 
on the effects of oxygen. 


Summary 

Sulfur activities were measured experimentally as 
a function of phase compositions in three major re- 
gions of the Cu-Fe-S system at temperatures from 
1150° to 1350°C. The three regions studied were 
a) liquid mattes, b) the liquid matte-liquid metal 
miscibility gap, and c) the y-iron alloy-liquid matte- 
liquid metal region. A variety of Gibbs-Duhem in- 
tegrations were used to calculate activities of Cu.S, 
FeS, copper, and iron at 1350°C from the experi- 
mental data relating sulfur activity to composition. 

The experimental data generally confirm pre- 
viously published phase diagrams for the Cu-Fe-S 
system in the temperature range from 1150° to 
1350°C and establish more accurately the locations 
of the liquid metal-liquid matte immiscibility region 
and the terminus of this region with two liquids 
in equilibrium with the y-iron alloy phase. 

The sulfur activities of liquid mattes are deter- 
mined primarily by the ratio of equivalents of sul- 
fur to total equivalents of copper plus iron, and are 
very sensitive to this ratio, the equilibrium H,S:H, 
ratio changing as much as a hundredfold (one hun- 
dred and fourfold change in ps.) for only a 10 pct 
change in the sulfur: metal equivalent ratio. On the 
other hand, when the sulfur:metal equivalent ratio 
is held constant, the sulfur activity is found to be 
rather insensitive to the relative proportions of cop- 
per and iron in the matte. Similarly, the heat of 
solution of sulfur decreases markedly with decreas- 
ing sulfur:metal equivalent ratio, but is rather in- 
sensitive to Cu:Fe ratio. 
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As matte and metal compositions are varied along 
the miscibility gap at 1350°C, the variation in sulfur 
activity is rather small, but the sulfur activity passes 
through a minimum when the ratio of equivalents of 
iron to equivalents of copper is unity in both phases. 
For this condition, the tie-line extension passes 
through the sulfur corner of the ternary isotherm. 
Also, this condition caused difficulties in the Gibbs- 
Duhem integration. 

The relationships of Cu.S and FeS activities to 
matte composition, calculated by Gibbs-Duhem in- 
tegrations, show that for approximate practical cal- 
culations, copper mattes might be considered as ideal 
solutions of Cu.S and FeS. However, the FeS-Cu.S 
pseudobinary solutions do show moderate negative 
deviations from ideality, see Fig. 7. 

In the matte-saturated liquid-metal solutions at 
1350°C, the activities of copper and iron show strong 
positive deviations from ideality, corresponding to 
the large tendency toward immiscibility of copper 
and iron at this temperature. However, the presence 
of sulfur markedly increases the solubility of iron 
in liquid copper at this temperature, as compared to 
the solubility in the absence of sulfur. 
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Micrographic Study of Sulfide Roasting 


The calcines resulting from the partial roasting of closely sized sulfide particles were 
examined by micrographic, X-ray diffraction, and chemical methods. The changes in com- 
Position of residual sulfide kernels show that the roasting process involves the preferential 


oxidation of metal atoms. 


by P. G. Thornhill and L. M. Pidgeon 


AN eg a considerable number of experi- 
mental investigations dealing with the roasting 
of sulfide minerals have been reported in the past,” 
the behavior of the single roasting particle does not 
appear to have received the attention it perhaps de- 
serves. This is understandable in that the natural 
sulfide counterpart of the slab or sheet of metal 
normally used in high temperature oxidation studies 
is difficult to obtain and prepare, and is, in most 
cases, virtually impossible to maintain in one piece 
at roasting temperatures. The employment, on the 
other hand, of static aggregations of small particles 
in masses great enough to permit evaluation of the 
roasting reactions by means of thermobalances or 
gas analyses introduces other complications, such 
as localized overheating, sintering, and variable 
gas-solid contact. 

In this investigation a compromise between the 
above extremes was attempted. Closely sized (e.g., 
30 to 40 mesh) particles of natural sulfide minerals 
were isothermally roasted, out of contact with one 
another, in an air-swept system. The progress of the 
roasting reactions was followed by examination in 
polished section of the treated particles and by 
X-ray and chemical analysis of their residual sul- 
fide kernels. In this way some conclusions respect- 
ing the mechanism of roasting reactions were drawn. 

Roasting Furnace—The vertical tube furnace used 
for roasting the sulfide particles had a heated zone 
10% in. long in which four retractable light gage 
stainless steel trays were suspended. Each tray, and 
an accompanying baffle, was mounted on a 2 in. 
length of %% in. stainless steel tubing. These assem- 
blies were axially suspended on a 30 in. length of 
¥, in. stainless tubing, by means of which they could 
be lifted from the hot zone to a water-cooled brass 
chamber at the top of the furnace. Since each tray 
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unit could slide freely on the 30 in. tube, any desired 
number of the trays could be retained in the cooling 
chamber by the manipulation of a horizontal 
plunger during a momentary withdrawal of the four 
trays from the hot zone. 

Although three heating coils, each equipped with 
variable external resistance, were employed, it was 
found impossible to avoid a drop of 10° to 15°C be- 
tween the temperature at the top tray and that of 
the lower three. Consequently, only the bottom 
three trays were used for roasting. Temperature 
readings inside the furnace were made by means of 
a thermocouple inserted down the tray support tube 
at tray levels, and a separate thermocouple, inserted 
adjacent to the middle heating coil, was connected to 
a Micromax temperature control unit. 


Experimental Method—tThe sulfide minerals were 
obtained in a form as free as possible from gangue 
and contaminating sulfides, and were crushed and 
screened to the required particle size range. The 
tray assembly was kept inside the furnace during 
the heating-up period and, when a steady tempera- 
ture had been reached, the trays were withdrawn. 
Each tray was sprinkled with from 200 to 500 mg of 
the sulfide grains, and the assembly was lowered 
into the furnace without delay in order to minimize 
the time required to achieve the operating tempera- 
ture. The furnace top was then clamped into posi- 
tion and the thermocouple inserted down the center 
tube to the required level. It was found that, when 
this procedure was used, the trays achieved their 
former temperature within 2 min, after which time 
the flow of dry air was begun at a rate of 1 liter per 
min, and timing of the run was started. At the re- 
quired intervals of time the trays were successively 
withdrawn from the hot zone and stored in the cool- 
ing chamber by means of the retention plunger. On 
completion of the run the treated particles were re- 
moved from the trays to be set aside for examina- 
tion. 

The roasted particles were mounted in Lucite on 
a Buehler press operating at a temperature of 140°C 
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Fig. 1—65 to 80 mesh pyrrhotite, oxidized 17 min at 550°C. 
X500. Reduced approximately 10 pct for reproduction. 


and at the lowest possible pressure, in order to avoid 
distortion of the friable oxide coatings surrounding 
the sulfide kernels. It was found that several sam- 
ples, representing up to six successive stages of 
treatment, could be mounted in one plastic cylinder 
when short separatory wires were arranged spoke- 
wise on the bottom of the mold. Each sector could be 
made to contain a score or so of 30 to 40 mesh par- 
ticles. The specimens were then gently taken down 
on the customary succession of emery papers until 
it was estimated that the particles had been center 
sectioned. Polishing was done on a fairly fast wheel 
covered by a well worn selvyt cloth treated with an 
aqueous slurry of Linde A brand alumina. 

A Tukon microscope was used in some cases to 
measure the thickness of regular oxide coatings. 
Actual measurement at high power was preceded by 
preliminary scanning of a specimen at low power in 
order to arrive at a region in the specimen which 
was judged to be representative of the large num- 
ber of grains comprising the specimen. Qualitative 
observations and micrographs were made with a 
Bausch & Lomb metallograph. 

It was found that, by the use of hydrochloric acid 
at the proper strength and temperature, the sulfide 
kernels in partially roasted sulfide particles could 
be freed of their oxide coatings by selective leach- 
ing. The clean residual sulfides were then subjected 
to X-ray diffraction and, in some cases, chemical 
analysis. 


Results of the Investigation 


Simple Sulfides—Sphalerite: Sphalerite particles 
were found to oxidize at measurable rates over a 
relatively wide range of temperature, with the 
formation of quite uniform oxide coatings. Since the 
particles underwent no apparent change in shape or 
dimension during treatment, direct measurement of 
oxide thickness, and hence of oxidation rate, was 
possible, and the linearity of the rates permits their 
tabulation, as shown in Table I. 

Each of the rates in Table I was taken from six- 
point curves obtained over periods ranging from 40 
min at 750° to over 200 min at 660°C. The observed 
absorption of mounting plastic by the oxide jackets 
indicated a fine, regular porosity of the oxide. 
Debye-Scherrer patterns made from the residual 
sulfides were identical with those of the raw sphal- 
erite, and there was no visual evidence of structural 
change in the kernels. The linearity of the roasting 
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rates is a good indication that, under the conditions 
employed, the rate of reaction at the sulfide-oxide 
interface is the rate controlling mechanism, and 
gaseous diffusion processes through the oxide coat- 
ing do not limit the overall reaction rate. This is 
supported by the relatively low calculated value of 
the Pilling and Bedworth ratio” and the visual evi- 
dence of regular porosity in the oxide. 

Pyrite: Unlike sphalerite, both 30 to 40 and 65 to 
80 mesh pyrite grains reacted at measurable rates 
over an extremely limited temperature range. The 
rate of advance of the oxide-sulfide interface at a 
furnace temperature of 492°C, for example, was 
estimated to be about 2.3 » per min, while at a fur- 
nace temperature of 500°C, 30 to 40 mesh particles 
were dead roasted within 10 min, indicating a rate 
in excess of 21 »% per min. On the assumption of 
black body conditions and that the heat generated in 
the roasting particles is lost mainly by radiation, 
temperature gradients between the particles and 
their surroundings of 20° and 200°C respectively 
were calculated for the above two rates, so that the 
particles roasted at a furnace temperature of 500° 
probably approached 700°C by self-heating. Such 
an increase is sufficient to bring the pyrite well 
within the range in which it exerts sulfur vapor 
pressures of sufficient magnitude to affect markedly 
the reaction rate. 

There was no visual evidence of crystallographic 
change in the residual sulfide kernels, and X-ray 


Table |. Roasting of Sphalerite 


Theoretical 


Average Oxidation 
Particle Temper- Rate, u 
Mesh Diam ature, °C per Min 
30 to 40 500 uw 540 nil 
660 0.16 
700 0.4 
725 1.2 
750 1.8 
65 to 80 190 « 605 nil 
660 0.17 
700 0.5 


powder patterns of the latter were identical with 
those of the original mineral. 

Pyrrhotite (Fe,sS) and Troilite (FeS): Pyrite 
did not appear to be suitable for this type of inves- 
tigation because of its tendency to ignite in the air 
atmosphere employed in the furnace. Pyrrhotite, on 
the other hand, roasted at measurable rates over a 
relatively wide temperature range. While 65 to 80 
mesh particles of this mineral roasted linearly at 
550°C, the oxidation rate of the 30 to 40 mesh par- 
ticles was retarded after the formation of about 160 
» of oxide. The oxidation rates, in the linear parts of 
the rate curves, are given in Table II. 

Fig. 1 illustrates the columnar reaction interface 
obtained in partially roasted pyrrhotite grains. Ex- 
amination of the partly oxidized polycrystalline par- 
ticles under crossed Nichols revealed that changes in 
orientation of the oxide columns occurred only at in- 
tercrystalline boundaries which involved changes in 
orientation of the pyrrhotite, confirming the sup- 
position that the pyrrhotite oxidized preferentially 
along certain crystallographic planes. According to 
Seitz,” atomic diffusion rates in anisotropic metals 
are extremely dependent upon the relation between 
the crystallographic orientation and the direction in 
which diffusion occurs. This suggests that ionic dif- 
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Fig. 2—30 to 40 mesh troilite (FeS), oxidized 35 min at 
650°C. X360. Reduced approximately 20 pct for reproduction. 


fusion at the reaction zone in solid sulfide is an im- 
portant part of the mechanism of this particular 
roasting reaction. Wagner*® has shown that the 
mobility of cationic species in a sulfide is much 
greater than that of the anions, so that it might be 
expected that, if diffusion in the sulfide plays a part 
in the roasting reactions, the metal component of 
the sulfide could be oxidized more rapidly than the 
sulfur, leaving a sulfide kernel having a higher sul- 
fur to metal ratio than that of the original mineral. 
This could, of course, occur only in sulfides which 
can exist over a wide range of composition, and of 
which pyrrhotite is a good example. 

In order to test the validity of the above con- 
siderations, a series of roasting tests were conducted 
on artificially prepared troilite (FeS). This material 
was made by reacting stoichiometric proportions of 
iron and sulfur powder in an evacuated glass bomb. 
The FeS sinter was fused, crushed, and sized to 30 
to 40 mesh. Unlike pyrrhotite, this material was 
nonmagnetic, and X-ray diffraction determination 
of its lattice constants indicated that they were in 
good agreement with those obtained by Haraldsen™ 
for FeS. The 30 to 40 mesh particles were roasted 
for periods up to 60 min at 550°, 600°, and 650°C. 
Examination of the calcines in polished section indi- 
cated that such oxidation as did occur in the 550° 
and 600°C specimens was manifested by a thin, 
dense layer of hematite on the surface of each par- 
ticle. With temperature increased to 650°C, the coat- 
ings were thicker and contained a magnetite layer 
between the sulfide and hematite in the particles 
roasted for 35 min, as shown in Fig. 2. As can be 
seen in Fig. 3, however, a further 25 min treatment 
resulted in no increase in thickness of the dense 
layer, but rather in localized intergrowths of col- 
umnar oxide similar to those formed in the roasting 
of pyrrhotite. 

The dense nature of the oxide coatings formed on 
the troilite, their evidently strong adhesion to the 
base sulfide, and the double layer of oxide repre- 
senting two stages of iron oxidation presented an 
overall picture remarkably similar to the conditions 
which occur in the high temperature oxidation of 
metallic iron. The particles roasted at 650°C were 
leached with dilute hydrochloric acid to remove 
their oxide jackets, after which they were found to 
have become increasingly ferromagnetic with dura- 
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Fig. 3—30 to 40 mesh troilite (FeS), oxidized 60 min at 
650°C. X360. Reduced approximately 20 pct for reproduction. 


tion of roasting, indicating that the oxidation had 
indeed resulted in a decrease in Fe:S ratio in the 
sulfide and that it had become pyrrhotite. The extent 
of the initial selectivity of oxidation between the 
iron and sulfur was determined by interpolation of 
the data reported by Haraldsen™ relating unit cell 
volumes of the troilite-pyrrhotite series with atomic 
pet sulfur. X-ray measurements in the present case 
were made with iron kal = 1.932076 kX, and the 
lattice constants obtained are given in Table III. 

The S:Fe ratios indicated in the last column of 
Table III show that the preferential oxidation of the 
iron had virtually ceased after 35 min, so that while 
it is apparent that the processes which occurred 
during this period involved the reaction 


FeS + oxygen> Fe,.S + 0.05 Fe.O; [1] 


the reaction which took place during the remainder 
of the 60 min period was essentially 


Fe,.S -+ oxygen 0.45 Fe.O,; + SO.. 


Using the calculated densities of the solids involved 
in Eq. 1, a simple calculation similar to those initiated 
by Pilling and Bedworth” shows that the volume of 
the oxide formed is greater than that lost by the sul- 
fide by a factor of 2.66. The subsequent process repre- 
sented by Eq. 2, on the other hand, can be shown in 
the same way to result in a volume of oxide 
amounting to no more than 77 pct of the space 
vacated by the reacted sulfide. The tendency for this 
sulfide to oxidize with the formation of the columnar 
intergrowths extending into the particle along pre- 
ferred crystallographic directions is thus easily ac- 
commodated in process 2, with a possible 23 pct 
porosity in the oxide for the passage of gases to and 
from the reaction interface. Conversely, the high 
degree of net expansion which results from process 
1 frustrates this tendency at the outset, forcing more 
than half of the oxide to grow outwardly from the 
datum line given by the original FeS surface. Under 
these conditions it is likely that the porosity of the 
oxide is nil, and that the mechanism of the reaction 
is similar to that obtaining in the high temperature 
oxidation of metallic iron, i.e., the transfer of elec- 
trons and cations through the oxide layer followed 
by their reaction with the oxygen at the outer oxide 
surface. 
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During the period that process 1 predominates, 
any crack which might develop in the oxide would, 
by oxide growth, be self-healing. As process 2 be- 
gins to predominate, with the onset of volumetric 
ratios less than unity, cracks in the oxide shell 
must remain as such, permitting the passage of gases 
necessary for the progress of the roasting reaction 
proper. This is evident from the relation between the 


Table II. Oxidation of Pyrrhotite 


Theoretical 


Average Oxidation 
Particle Temper- Rate, w 
Mesh Diam ature, °C per Min 
30 to 40 500 wu 502 0.14 
532 1.40 
550 2.0 
65 to 80 190 w 550 2.55 


thickness of the outer oxide skin and the depth of 
penetration of the columnar oxide shown in Fig. 3, 
in that the reactions forming the latter must have 
taken place at rates many times greater than that 


forming the outer skin, and hence took place by a. 


different reaction mechanism, doubtless one which 
permitted the access of oxygen to the sulfide-oxide 
interface. In this connection it is to be noted that the 
dense outer layer of oxide as formed on the troilite 
was practically nonexistent in the case of the pyr- 
rhotite roasts, and, as seen in Fig. 1, the pyrrhotite 
was deeply penetrated by oxide columns even 
though it was roasted for a shorter period and at a 
temperature 100° lower than that at which the 
troilite was treated. 

Chalcocite (Cu.S): Both artificial and natural 
chalcocite particles were roasted in air for various 
periods at temperatures ranging from 420° to 550°C. 
Examination of the resulting calcines revealed that. 
as in the roasting of troilite, the primary oxidation 
product appeared as a dense layer in contact with 
the sulfide surface. Increased periods of treatment 
were found to have resulted in the growth of porous 
oxidation products in a secondary layer with little, 
if any, increase in the thickness of the dense outer 
layer. As in the case of troilite, the onset of the 
secondary reactions was marked by an increased 
rate of advance into the particle of the reaction in- 
terface, again implying a change in mechanism. In 
contrast to the troilite case, however, was the ap- 
parent expansion of the secondary layer during its 
growth, which caused the outer layer to break away 
from the particle. 

The 30 to 40 mesh natural chalcocite particles, 
roasted at 492°C and leached with dilute acid for 
the selective removal of the oxidation products, 
were subjected to X-ray diffraction analysis. Debye- 
Scherrer films showed that the sulfide kernels were 
approximately 50 pct converted to digenite after a 
7 min treatment and that the transition to digenite 
was virtually complete in 19 min. The conversion 
to digenite is another point of similarity between 
the behavior of troilite and chalcocite since the cubic 
digenite phase, like pyrrhotite, exists as a defect 
structure, which permits considerable deviation from 
the stoichiometry of the orthorhombic chalcocite. 
The possible extent of this deviation was shown by 
Buerger” to result in deficiencies of copper equiva- 
lent to the formula Cu,,,S at a temperature of 300°C. 
The decreasing Cu:S ratio in the digenite series 
parallels a shrinkage of the lattice constant, and 
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while the cell edge of a specimen of natural digenite 
filmed for comparative purposes was found to be 
5.57 kX units, those of the roasted chalcocite were 
5.52 and 5.49 kX units for the 7 and 19 min calcines, 
respectively. This indicates that the copper had been 
depleted to an extent even greater than that ex- 
hibited by natural digenite (Cui,S). However, 
the absence of other data, the calculations of the 
volumetric ratios were based on the reactions 


Cu.S + oxygen > + 0.1 Cu,O [3] 
and 
Cu,.8 + oxygen 0.9 Cu,O + SO.. [4] 


The volumetric ratio for Eq. 3 is 1.94; that for Eq. 4 
would be 0.79. Subsequent reaction of the Cu,O 
with O, and SO, to form, for example, CuSO, could 
increase the latter ratio to about 3.7, accounting for 
the expansion which was observed in the inner 
layer. 

Complex Sulfides—Chalcopyrite: The 30 to 40 
mesh chalcopyrite particles, treated in air at 550°C, 
were found to roast with the formation of large 
gaps, or holes, in the oxidation products. As seen in 


Table III. Roasting of 30 to 40 Mesh Particles of FeS at 650°C 


Time, Atomic 
No. Min akx c/a V Pet S* 
FeS 0 3.438 5.862 1.705 60.00 50.00 
7 15 3.438 5.749 1.672 58.84 52.08 
8 35 3.433 5.718 1.665 58.36 52.72 
9 60 3.433 5.714 1.664 58.32 52.78 


* Interpolated from Haraldsen’s data. 


Fig. 5, the latter did not appear as a continuous 
layer with the regular porosity exhibited by the 
sphalerite coatings but, rather, as one or more layers 
of dense appearance enclosing the gaps. The rela- 
tive thinness of the outer layers indicates that the 
formation of the gaps took place early in the treat- 
ment, and the solid and regular nature of the oxide 
growth which ensued suggests a change in mechan- 
ism. 

Definite phase changes in the sulfide were seen 
to parallel the growth of the oxidation products. 
The first was a Widmanstaetten transformation 
manifested by the appearance of an isotropic brown- 
ish purple phase with the brassy yellow chalcopy- 
rite. The new phase, as shown in Fig. 4, consolidated 
initially at the oxidation interface, whence it grew 
inwardly, until the entire sulfide kernel was trans- 
formed. Continued roasting resulted in the change 
in color of this phase from brownish purple through 
mauve to pale blue, after which a second Widman- 
staetten transformation involving another blue, but 
anisotropic, phase occurred. 

Debye-Scherrer powder patterns were made from 
some of the calcines resulting from the 550°C 
roasting series after removal of the oxides by HCl 
leaching, and the extent to which preferential oxi- 
dation of iron had taken place was determined by 
chemical analysis. The changes taking place in the 
sulfide kernels are summarized in Table IV. 

The chemical analyses in Table IV are accurate in 
respect to the Cu-Fe relationship, but only approxi- 
mate in absolute value with respect to the actual 
sulfide, since the original particles were contami- 
nated with gangue minerals. Measurement with any 
accuracy of the angular spacings for the digenite 
phase was only possible in the case of the powder 
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pattern resulting from the 20 min sulfide because of 
the interference of either chalcopyrite or covellite 
lines in the other three patterns. The small unit cell 
dimension of the digenite phase, while due in part 
to the presence in the lattice of iron atoms, is indi- 
cative of a low metal: sulfur ratio and, consequently, 
of a high proportion of lattice vacancies. While there 
1s no guarantee that the digenite structure existed 
as such at 550°C, it can be safely assumed that the 
phase at this temperature was no less disordered 
than the digenite at room temperature, and hence 
provided a medium favorable to diffusion. The color 
changes of the digenite phase which were noted 
earlier as having taken place with the progress of 
the roast can be inferred from Table IV to have 
coincided with its depletion in iron. 

The mechanism of the chalcopyrite roast at 
550°C appears to be one in which the digenite phase 
plays a key part. Once formed by the initial burning 
of sulfur and iron at the surface of the chalcopyrite 
particle, this phase permits the rapid diffusion, in- 
wardly of copper and outwardly of iron, which is 
necessary to account for the selectivity of oxidation 
indicated in Table IV. The digenite-chalcopyrite 
interfaces advance with continued replacement of 
iron by copper until the entire kernel is converted 
to the digenite phase. Since the rate of advance of 
these interfaces is very much more rapid than that 
of the oxide-sulfide interfaces, it appears likely that 
the resulting rapid rate of shrinkage involved in the 
chalcopyrite-digenite conversion is a contributing 
factor in the formation of the double or multilayered 
structure of the solid oxidation products. Thus, just 
as the period of this conversion was found to coin- 
cide with the formation of the multilayered oxide 
structure, its completion was marked by the begin- 
ning of growth of the innermost oxide layer, which 
showed no further tendency to separate from the 


Table IV. Roasting of 30 to 40 Mesh Chalcopyrite at 550°C 


Sulfide Analysis, Pct 


Time, 

Min Cu Fe Phases Present in Sulfide 

nil 35.3 30.6 Chalcopyrite : 
12 — mo Brownish purple digenite, chalcopyrite 
20 60.6 8.3 Mauve digenite, a = 5.36 kx 

35 68.0 nil Blue digenite, covellite 

50 68.0 nil Blue digenite, covellite 


sulfide for the remainder of the roast. The in- 
creasingly protective nature of the inner layer re- 
tards the oxidation reaction, apparently to the ex- 
tent that the copper roasts in preference to the 
sulfur, its concentration in the kernel decreasing to 
the point at which the digenite begins to transform 
to covellite. The oxide formed in the later stages of 
the roast is shown in Fig. 6. 

Bornite (Cu,FeS,): A relatively high temperature 
(660°C) was found necessary to effect the roasting 
of 30 to 40 mesh bornite particles at a rate com- 
parable to that obtained in chalcopyrite at 550°C. 
As in the chalcopyrite case, the roasting was char- 
acterized by the early conversion of the bornite to 
a digenite phase (a, = 5.51 kX), changing the pink 
bornite color through mauve to blue. Continued 
roasting resulted in the development of a Widman- 
staetten structure optically identical with that 
shown in the chalcopyrite roast to attend the con- 
version of the digenite phase to covellite. 

Localized zones of shrinkage, apparently conform- 
ing to certain crystallographic planes, and resulting 
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in the formation of gaps between primary and sec- 
ondary oxide layers, and in some cases between sul- 
fide and oxide as shown in Fig. 7, were found to 
occur in all specimens. Table V summarizes the 


- changes taking place in the sulfide kernels. 


Again, accurate measurement of the digenite lat- 
tice constant was possible only in the single phase 
member of the series. The fact that the bornite unit 
cell can approximately accommodate eight digenite 
unit cells gives rise to a broadening of the Debye- 
Scherrer lines of the 6-min sulfide in accordance 
with the relationship shown in Table VI. The chal- 
copyrite roast showed a similar facility of trans- 
formation in that its unit cell comes close to ac- 
commodating two cells of the digenite phase to 
which it was converted. 

Pentlandite (NiFe),S,: Pentlandite was roasted in 
particle sizes ranging from 30 to 40 mesh to 100 to 
200 mesh and at temperatures ranging from 550° to 
725°C. At temperatures below 650°C, the oxidation 
was seen to proceed, in its initial stages, in a manner 
similar to that displayed by troilite, with the forma- 
tion of firm, protective oxide shells. This process 
was accompanied by the conversion of the sulfide 
to a polycrystalline anisotropic phase which was 
retained throughout the roasting period at the 
lower temperatures but which, above 650°C, was 
converted in turn to two new sulfide phases. The 
higher temperature roasts and the later stages of 
the lower temperature roasts were marked by the 
formation of shrinkage gaps as in bornite and chal- 
copyrite. 

X-ray diffraction analysis on some of the sulfide 
kernels showed that the first conversion mentioned 
above was from pentlandite to a phase isomorphous 
with pyrrhotite. The lattice constants of the pyr- 
rhotite phase are given in Table VII. Radiation: iron 
kal = 1.932076 kX. 

Analysis of the oxide shells obtained in the 67 
min sample permitted calculation of a metal balance 
which indicated that, while the oxide contained 52 
pct of the iron originally in the pentlandite, only 8 
pet of the total nickel had been oxidized. This was 
in reasonably good agreement with the average 
thickness of the oxide shells, 7.2 », surrounding the 
190 » particles. 

It is apparent from the data in Table VII that the 
mechanism of the pentlandite roast is analogous to 
that of troilite, since the conversion of the pent- 
landite to the pyrrhotite form necessarily involves 
the initial preferential oxidation of the metals. Since 


Table V. Roasting of 30 to 40 Mesh Bornite at 660°C 


Sulfide Analysis, Pct 


Time 
Min Cu Fe 
nil 63.36 11.14 
6 67.75 9.3) 
18 72.73 0.75 
47 73.70 nil 


it is known” that the high nickel forms of the pyr- 
rhotite phase hold much more closely to the stoichi- 
ometric metal:sulfur ratio than do the true pyr- 
rhotites, the shrinkage in unit cell volume reported 
in Table VII is probably due mainly to the increas- 
ing proportion of nickel atoms substituting for the 
larger iron atoms in the lattice. 

At a temperature of 685°C, 80 to 100 mesh pent- 
landite particles were found to undergo a second 
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Phases Present in Sulfide 
Bornite, c 10.93 kx 
Bornite zuve digenite 
Blue digenite, « 5.51 kx 
Blue c enite. covellite 


Fig. 4—30 to 40 mesh chalcopyrite, oxidized 6 min at 550°C. 
X500. Reduced approximately 15 pct for reproduction. 


phase change after elimination of the iron by selec- 
tive oxidation. The sulfide kernels of these particles 
roasted 30 min analyzed 67.3 pct Ni and 2.4 pct Fe. 
The sulfide phases were identified by X-ray diffrac- 
tion to be chiefly Ni,;S. and a phase conforming to 
the data given by Lundqvist” for Ni,S,, with a rela- 
tively small proportion of the pyrrhotite phase. It is 
thus evident that the inward diffusion of nickel, initi- 
ated during the selective oxidation of the pent- 
landite and pyrrhotite phases, continued at the 
higher temperature even after virtual elimination 
of the iron, resulting in the preferential oxidation 
of sulfur at the reaction interface. The shrinkage of 


Table VI. Effect of Bornite-Digenite Conversion on Debye-Scherrer 


Lines 
18 Min 
Roast, 
Bornite, 6 Min Roast, 

hkl Bornite + Digenite Digenite 
400 broadening 200 
331 — disappearing 
440 broadening 220 
622 broadening 311 


the sulfide kernel which accompanies this process 
may easily account for the exaggerated gap forma- 
tion which was observed to have taken place. 


Discussion 


From the results of the present investigation, the 
case in which the sulfide kernel retains the composi- 
tion and crystal structure of the original mineral 
after partial roasting appears to be the exception 
rather than the rule. Thus, the sulfide kernels oc- 
curring in partially roasted FeS, Cu.S, chalcopyrite, 
bornite, and pentlandite particles were found to 
have converted, by the preferential oxidation of 
one or more of their components, to sulfide phases 
having defect structures, while sphalerite and pyrite 
were the only minerals in which such changes were 
not detected. (The pyrrhotite used in this experi- 
mental work probably also falls into the latter class, 
since in its case the defect structure obtained at the 
outset, although accurate lattice parameter meas- 
urements were not made on the partially roasted 
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Fig. 5—30 to 40 mesh chalcopyrite, oxidized 12 min at 
550°C. X75. Reduced approximately 15 pct for reproduction. 


sulfide to determine whether the sulfide kernels had 
suffered further depletion in iron.) Determination 
of roasting rates by measurement of the thickness 
of oxide shells was successful only in the case of 
sphalerite and pyrrhotite, although the columnar 
nature of the sulfide-oxide interfaces obtaining in 
the pyrrhotite roast rendered accurate measurement 
difficult, if not impossible. Pyrite, the third member 
of this group, displayed so exaggerated a sensitivity 
to temperature in its roasting reactions that accu- 
rate measurement of roasting rates in air was im- 
possible. On the other hand, kinetic studies on the 
roasting of those sulfides which undergo selective 
oxidation are understandably complicated by the 
fact that the oxidation takes place according to 
mechanisms which differ from one stage of a roast 
to the next, and the irregular nature of the multi- 
layered oxidation products precluded any but the 
roughest estimation of oxidation rates. 

The tendency toward preferential oxidation of 
the metallic components of the low sulfur minerals 
FeS, Cu.S, and pentlandite and of the sulfur in chal- 
copyrite suggests that the oxidation of metal and 
sulfur does not take place simultaneously even after 
the conversion of the sulfide to its equilibrium de- 
fect structure. Taking the FeS roast as a specific ex- 
ample, it was found that the preliminary stages of 
oxidation had resulted in an overall reduction in the 
Fe:S ratio in the residual sulfide, apparently by dif- 


Table VII. Roasting of 65 to 80 Mesh Pentlandite at 600°C 


Sulfide 
Analysis, Pct 
Time, ———————_- 
Min Ni Fe akx ckx c/a V kX Phases Present 
nil 32.3 10.01 — Pentlandite 
17 — — 3.432 5.530 1.611 56.40 Pyrrhotite type 
37 — — 3.432 5.510 1.605 56.19 Pyrrhotite type 


67 422 22.0 3.432 5.500 1.603 56.09 Pyrrhotite type 


fusion of iron from the center to the surface of the 
kernel. The necessary concentration gradient implies 
a lower concentration of iron at the oxidation inter- 
face than at the center of the particle and, con- 
versely, a relatively high concentration of sulfur at 
the surface. It is conceivable that the latter can in- 
crease to the point at which the surface sulfide ex- 
erts sufficient sulfur pressure to cause localized dis- 
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Fig. 6—30 to 40 mesh chalcopyrite, oxidized 40 min at 
550°C. X75. Reduced approximately 15 pct for reproduction. 


ruption of the oxide film, permitting the ingress of 
oxygen to combine with the sulfur and to begin 
forming a fresh iron oxide film. Growth of the new 
film by ionic and electronic transfer would suffer 
early interruption by again causing a local rise in 
sulfur concentration at its surface of contact with 
the sulfide. The continued repetition of such a proc- 
ess would result in the gas-permeable oxide layers 
which are observed to have formed during the sec- 
ond stage of the roast, when iron and sulfur oxidize 
at equal rates. 

Unlike FeS and Cu.S, chalcopyrite was seen to 
have been converted, early in the roast, to a phase 
having a higher metal:sulfur ratio than that of the 
original mineral, indicating that sulfur had initially 
oxidized at a greater rate than had the metals. It 
might be expected, then, that the metal oxide films 
formed initially would suffer more violent disrup- 
tion by the higher ratio of released sulfur than ob- 
tained in the case of the lower sulfides. The visibly 
porous nature of the outer oxide layers formed on 
chalcopyrite indicated that this was indeed the case, 
and it is likely that the shrinkage gaps were, in 
many cases, enlarged by distention of the outer 
oxide layer. Large scale rupture of this layer would 
then be followed by a renewed growth of oxide on 
the exposed sulfide surface. This mechanism is 
supported by the noticeably thinner and, in some 
cases, nonexistent, layers of oxide on many of the 
inner surfaces of the shrinkage gaps occurring in the 
chalcopyrite calcines. In this connection, it is worth 
noting that both bornite and pentlandite roasted 
with the formation of oxide layers of such apparent 
density, and at such relatively low rates, as to sug- 
gest that much of the oxide growth took place by 
ionic migration through a continuous oxide layer. It 
seems probable that the bare sulfide surfaces seen 
in some of the shrinkage gaps formed in these min- 
erals are localized sites of outward sulfur elimina- 
tion by dissociation from the surface, and metal 
elimination-by migration of the cations through the 
sulfide to a region of firm contact with the oxide 
layer, through which they diffuse to the air-oxide 
interface. 

Summary 

By micrographic, X-ray diffraction, and chemical 
methods of examining partially roasted particles, 
the majority of the sulfide minerals investigated 
were shown to display a marked selectivity in oxi- 
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Fig. 7—30 to 40 mesh bornite, oxidized 36 min at 660°C. 
X150. Reduced approximately 15 pct for reproduction. 


dation between one or more of their contained ele- 
ments. This observed selectivity of oxidation has 
permitted certain conclusions to be drawn respect- 
ing the mechanisms of the roasting reactions in their 
initial stages, and has implied a mechanism whereby 
oxidation continues after it has ceased to be measur- 
ably selective. This same implied reaction mechan- 
ism, l.e., the growth of oxide films by cationic migra- 
tion and their periodic disruption by built-up sul- 
fur pressure at the sulfide-oxide interface, may well 
be applicable to the roasting of all sulfides, includ- 
ing sphalerite, which is known to hold rigidly to its 
stoichiometric composition, and hence did not un- 
dergo the measurable changes observed in the other 
minerals on roasting. 
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Technical Note 


Zone Refining of Bismuth 


by J. H. Wernick, K. E. Benson, and D. Dorsi 


ISMUTH containing less than 10 ppm of metallic 
impurities has been prepared by zone refining 
material containing approximately 1000 ppm. By 
zone refining seven bismuth ingots of different initial 
purities, it was determined that silver, copper, lead, 
tin, nickel, magnesium, calcium, and iron are segre- 
gated. All except iron have distribution coefficients 
less than unity. Silver, copper, lead, and tin are not 
detected spectroscopically at the pure end. Nickel is 
concentrated at the impure end, even though it is 
not detected in the original bismuth. Twelve passes 
are all that are required for silver, lead, tin, and 
nickel. 
The bismuth to be zone refined was first drip- 
melted at a pressure of approximately 0.025 mm Hg 


Table |. Zone Refining Data for Bismuth* 


Distance from Lead End in In.+ 


Element Original 0 3 6 9 11 
Spectro- 
graphic 
Quali- 
tative 
Analysis 
Bi 7 7 “tf 7 
Ca — a 1 — 
Cu 1 i 1 af 1 2 
Mg 1 1 al a 1 1 
Pb 2 — 3 
Si 1 1 — 
Quanti- 
tative 
Analysis: 
Ag — — — 0.0001 
Cu 0.0002 0.0001 0.0001 0.0001 0.0001 0.004 
Fe 0.0001 — 0.0001— 0.0001— 0.0001— 0.0001— 0.0001— 


* Lot 6, 45 passes. 

+ Numbers refer to: 1, very slight trace, <0.001 pct; 2, slight 
trace, <0.005 pct; 3, trace, <0.03 pet; 7, principal, >10 pct; and 
dash, not detected. 

~The elements Sb, Tl, Mg, Mn, Sn, Si, Cr, Ni, Al, Ca, In, Cd, 
and Zn were not detected in the original bismuth and zone refined 
ingot. 


into a Pyrex tube as shown in Fig. 1. This drip- 
melting operation removes second phase impurities 
such as oxides. After drip-melting, the tube was 
sealed off under vacuum at the constriction. It was 
then placed in a larger tube, which was evacuated 
to a pressure of 0.025. mm Hg and sealed off. This 
larger tube conveniently served as a support for the 
ingot tube during zone refining. 

The zone refiner used for nearly all of the experi- 
ments was an induction heated automatically recip- 
rocating unit* shown in Fig. 2. The starting position 
was as shown on the figure. The travel rate was 
1.8 in. per hr in the forward direction and 1.8 in. 
per sec in the reverse direction, and the distance 
traveled was one third the length of the ingot. The 
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Fig. 2—Automatic reciprocating zone refiner. 


boat was held at an angle of 3° to the horizontal to 
prevent mass transfer.” 

The spectroscopic qualitative analytical data for 
one zone refined ingot are shown in Table I as an 
example of the results. A quantitative analysis of 
this same ingot was performed by J. S. Smart, Jr., 
of the American Smelting and Refining Co. Research 
Laboratory. These data are also shown in Table I. 

Some work on analytical sample preparation in- 
dicates that the very slight traces of calcium and 
silicon reported in the qualitative results are prob- 
ably due to pickup during etching of the analytical 
samples. The analytical samples used for the quan- 
titative analysis were not etched. The analytical 
results show the absence of calcium and silicon, but 
show the presence of iron, which may be due to 
sampling. Bismuth intentionally doped with 0.03 pct 
Ca and Mg was zone refined, and these two elements 
were segregated. 
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Continuous Casting Of Three Types Of 
Low Carbon Steel 


by F. G. Jaicks, L. E. Kraay, and M. Tenenbaum 


ECOGNITION of the benefits to be gained from 

the continuous casting of molten steel into fin- 
ished or semifinished products has been given by 
scientific minds since the very beginnings of steel 
plant technology. In fact, Sir Henry Bessemer is 
credited with the first of a long list of patents’ issued 
by the U. S. Patent Office for a process which would 
accomplish this desirable end. None of these early 
ideas attained practical success and, as a result, the 
conventional method of teeming into ingot molds 
became an integral part of modern steelmaking 
operations. This procedure, although refined to keep 
pace with the changes which have come about in 
steelmaking and finishing facilities, is recognized to 
have inherent shortcomings which adversely affect 
manufacturing costs and steel quality. 

Interest in the continuous casting of steel persists 
because the process is directed toward avoiding 
some obvious weaknesses of conventional ingot 
casting. It has been recognized that should it be 
possible to substitute any of the continuous casting 
techniques under current development for ingot 
casting, it would no longer be necessary to make 
large capital investments in primary rolling equip- 
ment, the sole purpose of which is to reduce ingot 
castings to a form rollable on finishing mills. The 
results reported in the continuous casting of non- 
ferrous metals and specialty steels indicate that in 
addition to avoiding the primary rolling mills there 
is some basis for expecting significant improvements 
in yield, surface, and internal quality. 

Recognizing the shortcomings of the conventional 
procedures, the Inland Steel Co., in cooperation with 
Atlas Steels Ltd. and the Freyn Dept. of the Kop- 
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pers Co. Inc., embarked upon a program to evalu- 
ate certain aspects of continuous casting in order to 
determine whether the process could be applied 
practically to an existing integrated steel plant pro- 
ducing large tonnages of carbon steels. To assist in 
this evaluation a study was carried out in which 
several types of low carbon steel were continuously 
cast in an existing machine. It is the purpose of this 
paper to review some of the results obtained in the 
easting studies and to interpret the information 
that was obtained so as to indicate factors that must 
be considered in assessing operating limitations and 
plant capacities. 

Despite the early interest in the continuous cast- 
ing of steel, the actual application to the steel in- 
dustry is relatively recent. At present, there are 
about 25 operating plants casting steel, most of 
which have been built in the past decade. None of 
these plants could be classified as large in terms of 
the tonnages that are being processed by the major 
integrated steel plants. 

In contrast to the situation in the steel industry, 
there has been widespread adoption of the continu- 
ous process in the casting of nonferrous alloys, par- 
ticularly aluminum and copper. As a result, much 
of the basic information that was required to apply 
the process to steel was developed in the nonferrous 
industries. In this respect, a most important contri- 
bution was the development of the Junghans’ sys- 
tem, which was initially designed for the casting of 
nonferrous metals and later applied to the casting 
of steel. 

Alternative methods for casting have also been 
proposed by Babcock and Wilcox Tube Co.,** the 
British Iron and Steel Research Association,’ and 
the Gebruder Bohler A. G.* Each of these methods 
is now being used successfully for the casting of spe- 
cial steels in small experimental plants or in modest 
sized commercial steelworks. 

The original Junghans process was first developed 
in Germany. Further application of the process has 
been made by Rossi in other countries.*” The experi- 
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Fig. 1—Schematic drawing showing the general arrangement 
of the continuous casting plant facilities. 


mental studies uséd as the basis for this report were 
carried out in a Rossi-type plant utilizing a Jung- 
hans reciprocating mold system and designed and 
built by the Koppers Co. 

The fundamental work that has been carried out 
relative to the continuous casting of steel has been 
rather limited. In an excellent series of papers, 
Savage et al.*” have provided a technical insight 
into casting problems. The work of Speith and 
Bungeroth”” has provided a scientific analysis of 
the casting problem as well as a practical assess- 
ment of factors to be considered in applying the 
process to casting of steel. Kramer and Tarmann”™ 
have provided valuable information regarding tem- 
perature and heat transfer conditions existing in 
casting steel. 

Recent reports by Boichenko, Rutes, and Nickol- 
ayev’”” indicated that there is increased activity in 
the USSR directed toward the application of the 
continuous casting process to large scale steelmak- 
ing operations. Komandin™ reports bring out the 
fact that a wide range of carbon and alloy steels 
have been successfully continuously cast in Russian 
steelworks. Recent Russian papers” also describe 
several approaches to problems that must be solved 
in order to introduce the process into large existing 
and new steelmaking plants. 

In conventional ingot casting practice there are 
four types of steel that are normally used for the 
making of low carbon sheet products. The greatest 
proportion of low carbon hot and cold rolled sheets 
is obtained from rimming steel. The dominant posi- 
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tion of rimming steel for such low carbon applica- 
tions stems from the three factors, each of which is 
directly or indirectly related to the fact that large 
volumes of gas are evolved during ingot solidifica- 
tion. First, rimming steel may be produced without 
making major deoxidizing additions to the liquid 
metal tapped from the furnace. Second, a reason- 
able surface quality can be obtained without re- 
sorting to costly surface conditioning of the rolled 
product. Third, a high ingot to product yield can be 
attained simply by exercising moderate controls 
during the teeming period. The advantages result- 
ing from this combination of factors have led to the 
widespread adoption of this type of steel for the 
manufacture of steels for cold pressing applications. 

Mechanically capped steel, which may be re- 
garded as a modification of rimming steel, is also 
used widely in the manufacture of hot and cold 
rolled sheets. With controlled practice, this type 
of steel has an advantage of greater ingot to product 
yield and decreased segregation as compared to 
conventional rimming steels. 

Fully killed steel is also used to make a significant 
tonnage of low carbon sheet products. This grade is 
at a distinct disadvantage to rimming and mechan- 
ically capped steel because of inherently lower in- 
got to product yield. Probably the most common 
deoxidizer added to killed steels is aluminum. With 
carefully controlled percentages of aluminum, it is 
possible to develop a cold rolled sheet product with 
improved resistance to aging and, for certain appli- 
cations, improved deep drawing characteristics. Un- 
fortunately, the presence of these controlled per- 
centages of aluminum leads to increased costs for 
surface conditioning during processing. In many 
instances, the disadvantages outweigh the advan- 
tages and, as a result, the actual tonnage of this type 
of steel that is made is somewhat limited. 

Finally, there is some tonnage of semikilled steel 
used to make low carbon sheet products. On higher 
carbon steels, it has been recognized that the semi- 
killed practice can lead to an increased ingot to 
product yield while still retaining reasonable sur- 
face and internal quality. On many low carbon 
steels these same characteristics can be obtained 
readily with rimming or mechanically capped steel. 
Accordingly, the amount of semikilled steel used for 
the manufacture of low carbon hot and cold rolled 
sheets is not great. 

In view of its prominence in the conventional 
processing of hot and cold rolled sheets, many steel 
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Fig. 2—Water cooled copper mold for continuous casting. 
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Fig. 3—Deep etched sections showing structure of slabs from same heat (3733) cast with different amounts of aluminum added to 
the mold. a) LEFT: Mold addition — 0.20 Ib Al per net ton. b) RIGHT: Mold addition = 0.36 Ib Al per net ton. X0.22. Enlarged 


approximately 5 pct for reproduction. 


processing and fabrication procedures are expressly 
designed toward accommodating rimming steel. It 
appeared logical, therefore, that part of the test 
program should be directed toward investigating 
the continuous casting properties of rimming steel. 
It was recognized, however, that some of the char- 
acteristic advantages of rimming steel over killed 
steel, such as improved surface quality and higher 
ingot to product yield, might not apply to the prod- 
uct obtained in continuous casting. Accordingly, the 
studies also involved the casting of low carbon 
steels that were partly or completely deoxidized 
with aluminum or silicon. 


Description of Facilities 
The continuous casting studies were carried out 
on a casting machine located adjacent to a steel- 


Table |. Dimensions of Continuous Casting Molds 
Used in This Study 


Width, Thickness, Length, 
In. In. In. 
24 6 Ye 20 
21% 5 20 
11% 8% 10 


making shop which was comprised of six tilting 
electric furnaces in a line. The rated capacities of 
the individual electric furnaces in the shop ranged 
from 6 to 50 tons. The heats that were cast in this 
study were melted in either a 6 or a 30 ton electric 
furnace. 

The casting facilities were located in a tower- 
type building extension in line with and just be- 
yond one end of the electric furnace shop. The steel- 
making plant included a conventional casting bay 
where most of the tonnage produced was poured 
into hot top molds from standard bottom-pour- 
ladles. (The term bottom-pour-ladle refers to the 
fact that liquid metal flowed from the ladle through 
a nozzle located in its bottom rather than through a 
specially designed orifice located at the lip.) 

The bottom-pour-ladles used in the tests were 
equipped with manually operated stopper systems. 
Ladle linings included a course of insulating blocks 
next to the ladle shell to reduce temperature losses. 
As a further temperature loss preventative, the 
ladles were preheated to approximately 1400°F 
prior to use. 

Magnesite ladle nozzles were used on several of 
the early heats made in the study as it was feared 
that erosion would adversely affect the close control 
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of metal flow which is necessary for successful con- 
tinuous casting. Because of the tendency for the 
liquid metal to chill as it passed through the mag- 
nesite, regular fireclay nozzles were adopted for the 
majority of the test heats. For the heat sizes of this 
study the fireclay nozzles were not subject to serious 
erosion and proved entirely satisfactory. The most 
common fireclay ladle nozzle diameter was 1 in. 

Because the casting machine was located in a 
building somewhat removed from the conventional 
casting bay, unique equipment was used to transfer 
heats into the casting plant. This transfer equip- 
ment included an electrically driven car which ran 
on a track extending into the casting bay. Ladles 
containing liquid steel for continuous casting were 
carried from the furnace to this car by the pit crane. 
The transfer car then carried the ladle of steel out 
of the pit building to a turntable. After being 
turned 90°, the ladle was moved to a position under 
an 80 ton casting plant crane which traveled on a 
runway more than 50 ft above the pit floor level. 
The casting crane hoisted the ladle to an elevation 
above the operating floor of the casting plant which 
was 31 ft above the pit floor level. Normal elapsed 


Table Il. Types of Steel Cast in Experimental Program 


No. of 
Heats 
Aim Analysis, Pct Cast 
6 30 
Type of Steel Cc Mn P Ss Si Ton Ton 
Rimmed 0.08 0.35 0.010 0.035 trace 3 12 
Aluminum killed* 0.08 0.35 0.010 0.035 trace 3 
Silicon killed 0.08 0.27 0.010 0.035 1.75 1 
Aluminum semikilled 0.08 0.35 0.010 0.035 trace 1 
Silicon semikilled 0.08 0.35 0.010 0.035 0.05 5 
Low carbon resulfurized 0.08 1.00 0.070 0.300 trace 1 
Medium carbon semikilled 0.28 0.35 0.010 0.035 0.05 a 


* Aim total aluminum content: 0.03 to 0.06 pct. 


time required to deliver a heat from the furnace to 
casting position was 10 min. 

The casting plant facilities, which have been de- 
scribed elsewhere,” are shown schematically in 
Fig. 1. The casting machine facilities included the 
previously mentioned operating floor, a completely 
enclosed apron spray section 20 ft above pit floor 
level, withdrawal roll and mold oscillating equip- 
ment 10% ft above pit floor level, provision for 
burning off billets and slabs at pit floor level, and 
equipment for removing the cut cast sections located 
in a pit below pit floor level. 

The operating floor is the location where the 
molten metal was conveyed from the ladle through 
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Fig. 4—Continuous casting data chart for rimming steel heat 
No. 3754. Liquid metal analysis (ladle test): 0.09 pct C, 0.45 
pct Mn, 0.009 pct P, and 0.028 pet S. 


a trough-type tundish to the water-cooled copper 
casting mold, Fig. 2. For these tests, an empty re- 
fractory-lined closed-bottom-ladle was positioned 
in a manner which provided emergency contain- 
ment facilities in the event that there was a loss of 
control of metal flow from the bottom-pour-ladle 
while it was in its pouring position above the oper- 
ating floor. 

A covered refractory-lined trough-type tundish 
suitable to receive metal from the tapping ladle was 
positioned so that one end was over the emergency 
ladle. This end was left uncovered to receive the 
metal. The trough nozzle which fed the molten 
metal to the casting mold was set in the opposite 
end. Magnesia and zirconia nozzles were used in 
the trough throughout the test. The nozzle bores 
were round and ranged from %4 to 14% in. diam, de- 
pending on the flow rate desired. Optimum condi- 
tions of flow from the tundish were attained with 
a liquid metal head in the trough of approximately 
18 in. Since the metal head in the tapping ladle ex- 
ceeded this value for a considerable portion of a 
cast, and since the ladle and trough nozzles were of 
the same order of magnitude, repeated ladle shut- 
offs were required in order to maintain a flow 
balance. It was generally necessary to open and shut 
the ladle nozzle approximately 30 times during the 
pouring of a 30 ton heat.* 


*To predict casting rates under various conditions it was neces- 
sary that the influence of the common hydraulic variables be antici- 
pated. The simple hydraulic formula was found adequate to describe 
the relationship between nozzle diameter metal head and flow rate 
in both the trough and the ladle. This formula was reduced to the 
following form: C is equal to 340D?2 \/h, where C equals flow rate in 
pounds of steel per min; D equals diameter of nozzle in in.; and h 
equals head of liquid metal in in, 


The trough tundishes were equipment with a 
small manually operated stopper rod to permit 
shutting off the flow of metal into the casting mold. 
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Facilities for preheating the troughs and for in- 
troducing heat into the liquid metal in the troughs 
were also provided. This provision included burn- 
ers for natural gas, propane gas, and independent 
piping for gaseous oxygen. 

Details of the water cooled casting mold are 
shown in Fig. 2. The casting mold, which was cast 
of OFHC copper, was designed with a number of 
internal water-cooling passages. These passages 
were connected by rubber hoses to the water source 
and to the plant sewer system. The inside face of 
the mold was carefully polished prior to each use 
to prevent seizure of the metal during casting. The 
cross sectional dimension and length of the molds 
used in these tests are given in Table I. 

The casting mold was provided with small outlets 
around its entire top surface through which regu- 
lated quantities of rapeseed oil were passed during 
casting. The oil ran down the mold walls to act as a 
lubricant for the solidifying casting shell as it moved 
vertically downward through the mold. The mold 
was supported by a table which was linked to the 
withdrawal rolls. Through this linkage, a vertical 
oscillation was imparted to the mold during the cast. 

The operating controls and control instruments 
of the casting plant were located on the operating 
floor. Included were controls for casting withdrawal, 
mold water volume, spray water volume, and mold 
lubrication, and gages and recorders to indicate 
water pressure, water flow, and casting speed. 

The apron spray equipment was located immedi- 
ately below the operating floor. In the apron spray 
zone, the continuously cast bar, withdrawn from 
the mold, was sprayed with sufficient water to effect 
substantially complete solidification. The apron 
spray equipment was comprised of box framework 
of light idler rolls arranged to form a central open- 
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Fig. 5—Continuous casting data chart for rimming steel 
heat No. 3736. Liquid metal analysis (ladle test): 0.06 pct C, 
0.37 pct Mn, 0.006 pct P, and 0.027 pct S. 
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Table III. Chemical Analysis and Casting Temperature for Continuously Cast Rimmming Steels 


Analysis, Pct 


Steel 


Metal Entering Trough 


Temperature, °F 
ast Produc 


Into Into 
No. Cc Mn P Ss Cc Mn P Ss Trough Mold 
1085 0.09 0.33 0.008 0.025 0.09 0.33 0.008 
0.008 0.025 0.11 0.40 0.008 0.025 2860 2760. 
Bee ole ae 0.010 0.030 0.09 0.32 0.008 0.031 2890 2800 
0.010 0.031 0.09 0.34 0.010 0.029 2870 2790 
age pigs s 0.011 0.030 0.10 0.38 0.007 0.029 2890 2790 
0.010 0.032 0.09 0.30 0.010 0.034 2875 28157 
A One ee 0.009 0.025 0.09 0.39 0.008 0.024 2910 2835 
.33 0.008 0.08 0.33 0.007 0.029 2905 2840 
ue F 0.37 0.010 0.031 0.08 0.34 0.009 0.031 2920 2860 
a — 0.26 0.010 0.034 0.08 0.23 0.010 0.035 2870 2770t 
0.06 0.37 0.006 0.027 0.10 0.37 0.008 0.028 2880 2810 
3749 0.07 0.45 0.008 0.039 0.10 0.42 0.010 0.037 2865 2830 
3754 0.09 0.45 0.009 0.028 0.11 0.41 0.009 0.030 2890 2840 
3851 0.09 0.42 0.008 0.040 0.09 0.40 0.012 0.041 2865 2820 
3879 0.09 0.36 0.020 0.037 0.07 0.28 0.016 0.034 2900 2850 


* Average of four check analyses. 


yj Temperature of metal in mold was 2775°F (platinum thermocouple). 
t Near the end of the cast the temperature dropped to 2735°F and the metal froze in the nozzle. 


ing having a cross sectional dimension approxi- 
mately the same as the section being cast. This 
framework was 10 ft long. Secondary spray water 
was applied to the casting around its entire periph- 
ery through 29 banks of nozzles which were posi- 
tioned between the successive idler rolls. All of the 
apron spray equipment was housed in a 5 ft sq water 
tight enclosure equipped with a vapor exhaust sys- 
tem and discharge ducts for the outgoing water. 

Below the level of the spray chamber were two 
sets of motor driven smooth rolls which supported 
the vertically cast bar and controlled its rate of 
withdrawal from the casting mold. There was a 4% 
ft vertical distance between centers of these rolls. 
The rolls were arranged so the each vertical pair 
bore on the same face of the cast section. These 
rolls had motor-driven screws to enable them to be 
adjusted for varying widths of cast sections. The 
drive for the rolls also imparted the power for mold 
oscillation through a gearing arrangement. The 
proper synchronization between the mold oscillation 
and roll movement was regulated through special 
cams. 

The ground level of the casting machine was 
given over to the facilities necessary to cut the cast 
bar into proper lengths. Two oxyacetylene powder 
torches, mounted on a movable carriage, provided 
the means for cutting the continuously cast bar. As 
the carriage moved downward with the casting, the 
two motor driven torches began their cutting opera- 
tion from opposite edges of the section, meeting 
near the center to complete the cut. The distance 
between successive cuts was controlled through a 
series of automatic electric relays. The depth of 
the discharge pit limited the slab length to a maxi- 
mum of 16 ft. 

After a length had been severed, it was cradled 
and lowered into the discharge pit. It was then con- 
veyed to a skid transfer, from which it was picked 
up by a crane, after which it was weighed and piled. 


General Sequence of Casting Plant Operations 


In these studies, a total of 31 heats were produced 
and delivered to the casting machine. Because of 
operating difficulties, casting plant data were ob- 
tained on only 27 of these heats. The various types 
of steels cast are shown in Table II. 

As indicated in the description of the casting 
plant, continuous casting of steel is a succession of 


TRANSACTIONS AIME 


vital operations, the most prominent of which are: 
1) delivery of liquid metal to the plant in refractory 
lined ladles; 2) flow of metal from the ladle, 
through a distributor trough, and into the casting 
mold; 3) formation of the cast section in the water- 
cooled mold; 4) withdrawal of the casting from the 
mold; 5) heat removal from the casting; 6) cutting 
the cast bars; and 7) removal of cut lengths of the 
cast bars. 

There were few deviations from normal furnace 
and tapping practices in the test heats. Tap tem- 
peratures were controlled to a range consistent with 
those used in conventional casting practice for simi- 
lar steel grades. Slag was removed from the furnace 
just prior to tap in order to reduce the volume of 
hot slag carried in the ladle. This practice was used 
to reduce stopper sleeve erosion. Additions of burnt 
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Fig. 6—Continuous casting data chart for rimming steel heat 
No. 3851. Liquid metal analysis (ladle test): 0.09 pct C, 
0.42 pct Mn, 0.008 pct P, and 0.040 pct S. 
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Fig. 7—Deep etched sections from two continuously cast rimming steel heats cooled with different quantities of secondary spray 
water. a) LEFT: Bulged section; secondary cooling water — 960 gpm (not adequate). b) RIGHT: Acceptable section; secondary 
cooling water = 1100 gpm. X0.22. Enlarged approximately 2 pct for reproduction. 


lime and dolomite were made to the ladle during 
tap, to reduce heat losses and to guard further 
against ladle refractory erosion. 

The troughs were preheated to approximately 
2800°F before casting was started. During the pour- 
ing operation, heat loss was combatted by introduc- 
ing fuel and oxygen into the trough. This technique 
proved very effective. The average temperature of 
the metal entering the trough was close to 2900°F. 
With the use of fuel and oxygen in the trough the 
average temperature of the metal entering the mold 
was about 2840°F. With these temperatures, the 
metal flowed readily into the casting mold and uni- 
form operating conditions could be attained. (The 
preceding temperatures were obtained by means of 
an optical pyrometer with an emissivity correction 
of 0.4.) 
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Fig. 8—Continuous casting data chart for aluminum killed 
steel heat No. 3780. Liquid metal analysis (ladle test): 0.08 
pet C, 0.39 pct Mn, 0.008 pct P, and 0.039 pct S. 
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Prior to opening the ladle nozzle for the first time, 
mold cooling water was introduced. Suitable pre- 
cautions were taken to prevent condensation on the 
inner mold walls. The ladle stopper was opened to an 
immediate full stream and the liquid metal was 
allowed to flow freely through the trough and into 
the casting mold. The trough stream characteristics 
did not attain the desired degree of sharpness until a 
reasonable head of metal was developed in the 
trough. However, no adverse effects resulted from 
the early ragged stream characteristics, presumably 
because the original flow collected against a re- 
tractable stool in a manner similar to conventional 
casting. When the liquid metal in the mold ap- 
proached the desired operating level, the secondary 
spray water was permitted to flow. At the same time 
withdrawal of the dummy bar (retractable stool) 
and the oscillation of the mold was started, thus 
marking the beginning of actual continuous casting 
operations. 

Operations at the casting level during a cast con- 
sisted of 1) controlling the metal level in the trough, 
through repeated interruption of the ladle stream 
by means of the stopper mechanism; 2) controlling 
the level of metal in the mold by means of control 
equipment regulating the speed of revolution of the 
withdrawal rolls; and 3) controlling the deoxidation 
of the metal through the use of an aluminum wire 
feeder which fed controlled amounts of deoxidizing 
aluminum into the trough stream. Indication of the 
need for greater or lesser amounts of deoxidizing 
additions was obtained through observation of the 
metal behavior in the mold and the examination of 
the torch cut sections of material already cast. 

On completion of a cast, the trough stopper was 
closed to prevent slag from entering the casting 
mold. Withdrawal of the casting was discontinued 
before the upper end of the casting emerged from 
the bottom of the mold. Withdrawal was resumed 
only after it was determined that solidification of 
the entire casting was completed. This precaution 
was taken to guard against eruptions of molten steel 
in the spray chamber. 


Casting of Rimming Steel 


The rim steel heats were worked down to low car- 
bon, using lance oxygen and ore for carbon removal. 
Because of difficulties in coordinating steel refining 
and casting plant activities, it was not uncommon 
to hold heats in the furnace at a low carbon for a 
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prolonged period. Accordingly, the oxidation level 
of the metal at tap was somewhat higher than would 
be expected for electric furnace rimming steel 
poured into conventional ingots. 

The standard ladle deoxidation for rimming steel 
to be continuously cast was 0.6 lb Al per net ton of 
liquid metal. In experiments directed toward evalu- 
ating the effect of ladle deoxidation on rim thick- 
ness and the control of metal action in the mold, 
the ladle aluminum was varied in the range from 
0.5 to 0.8 lb per net ton. This level of ladle deoxida- 
tion is recognized to be considerably higher than 
that used in conventional casting of rimming steel. 
Three factors contributed to this higher aluminum 
requirement. First, the metal was held in the furnace 
for a prolonged period at low carbon, and this led 
to increased oxidation. Second, the slag was re- 
moved from the furnace prior to tap and for a brief 
period, therefore, the bare metal surface was ex- 
posed to the oxidizing furnace atmosphere, a con- 
dition which also would lead to a higher oxygen 
level in the steel. Finally, to ensure positive con- 
trol of metal action in the continuous casting mold, 
it was necessary to maintain a significantly less 
vigorous evolution of gas than is desired in the con- 
ventional casting of rimming steel. 

The only alloying ladle addition was ferroman- 
ganese. This addition varied through a wide range 
(from 4 to 12 lb per net ton), depending on the re- 
sidual manganese in the bath prior to slag removal. 

As described earlier, one of the techniques used to 
ensure adequate casting temperature involved di- 
recting a stream of gaseous oxygen onto the surface 
of the liquid metal as it flowed through the trough. 
It was estimated that the oxygen was introduced 
into the trough at a rate of about 60 cu ft per min. It 
would normally be expected that in an operation 
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Fig. 9—Continuous casting data chart for silicon killed steel 
heat No. 3847. Liquid metal analysis (ladle test): 0.07 pct C, 
0.27 pct Mn, 0.010 pct P, 0.036 pct S, and 1.76 pct Si. 
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Fig. 10—Continuous casting data chart for silicon semikilled 
steel heat No. 3794. Liquid metal analysis (ladle test): 0.08 
pet C, 0.38 pct Mn, 0.012 pct P, 0.036 pct S, and 0.07 pct Si. 


where a stream of oxygen is directed over the liq- 
uid metal, reactions would take place which would 
interfere both with the meeting of the desired ladle 
analysis and with the control of metal action in the 
mold. Table III shows the changes in analysis of the 
rimming steel heats before and after passing 
through the trough. The table also gives data on 
temperature changes. On the 15 rimming steel test 
heats there was an average drop of 0.02 pct Mn in 
passing through the trough with individual values 
ranging from 0 to 0.06 pct. While this loss in man- 
ganese is generally undesirable, it is not so great as 
to prohibit the use of the oxygen in the trough. It 
was interesting to note that the use of oxygen in 
this manner did not result in any consistent drop 
in carbon content. 

The temperatures shown in Table III were meas- 
ured with a standard optical pyrometer. There is, 
therefore, a definite question regarding the absolute 
accuracy of the measurements. There is no obvious 
reason, however, to question the relative values. 
The data in Table III indicate that under the condi- 
tions of this study, the temperature drop between 
the metal leaving the ladle and entering the mold 
ranged from 35° to 100°F. Near the end of one test, 
the temperature of the metal entering the mold 
dropped to 2735°F, at which time the steel froze in 
the refractory nozzle. On one heat (No. 3677) the 
temperature of the metal in the mold was measured 
by means of an immersion Pt—Pt-Rh thermocou- 
ple. A reading of 2770°F was obtained. 

As in conventional casting, some minor adjust- 
ment in deoxidation was necessary after the metal 
left the ladle. In routine operations, it is likely that 
this final deoxidation would be carried out as the me- 
tal enters the trough. In this investigation, however, 
the final deoxidation was accomplished as the metal 
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Table IV. Heat Removal Data for Several Rimming Steel Casting Conditions 


Average Casting Speed 


Cooling Water, Gpm 


Estimated Rate of 


Average Rate of Heat Removal by Water 
Heat Loss by Slab 


tu per Min 


No. of Section In. Lb 


in Cocling Zone,* 


Heats Cast, In. per Min per Min Mold Secondary Molds Sprays Total Btu per Min 
2 24x 64 8.5 940 220 880 30,500 332,5007 363,000; 370,000 
1 24x 64 37.5 1200 230 880 36,200 370,0007 406,200; 450,000 
3 21x5% 45.7 1140 245 890 36,500 377,000 413,500 390,000 
2 24x 6% 27.6 910 245 700 33,500 302,000; 335,000+ 340,000 
3 24x 6% 35.0 1155 230 1050 37,200 344,300 381,500 412,000 
3 24x 6le 42.1 1390 220 1060 44,200 399,000 443,200 517,000 


* Calculated from the difference in heat content between the liquid metal entering the mold and the casting leaving the water cooling 


zone. 


+ Values are probably on low side because outlet water temperature did not reach a constant level. 


entered the mold. This was done in order to per- 
mit direct observation of the effect of changes in 
oxidation on gas evolution and cast structure. This 
final adjustment of deoxidation was most critical, 
since it was necessary to develop sufficient action to 
ensure an adequate rim zone, while still avoiding 
the excessive boiling and foaming that result char- 
acteristically when overoxidized metal contacts a 
cold mold surface. 

Fig. 3 shows the manner in which mold deoxida- 
tion can affect the cast structure. The structure 
shown in Fig. 3a was obtained when the mold de- 
oxidation bordered on the level at which uncon- 
trolled boiling would be obtained. On this heat, 
such a condition was encountered with 0.20 lb Al 
per net ton added to the metal entering the mold. 
At that point, it can be observed that a substantial 
apparent solid rim zone was obtained. The struc- 
ture shown in Fig. 3b was attained by increasing 
mold deoxidation on the same heat to the point 
where mold action was easily controlled. This con- 
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Fig. 11—Continuous casting data chart for silicon semikilled 
steel heat No. 3830. Liquid metal analysis (ladle test): 0.09 
pet C, 0.40 pct Mn, 0.007 pct P, 0.027 pct S, and 0.07 pct Si. 


1064—JOURNAL OF METALS, AUGUST 1957 


dition was attained with a mold aluminum addition 
of 0.36 Ib per net ton. While the mold action under 
these conditions was quite subdued and easily con- 
trolled, the solid rim was so thin that poor surface 
quality was encountered in the hot rolled product.* 


* Fig. 3 is intended simply to indicate the general nature of the 
problems involved in casting rimming type steels. More detailed dis- 
cussion of the influence of deoxidation on cast structure will be 
presented in a later paper. 


The charts given in Figs. 4, 5, and 6 are intended 
to indicate the progress of several typical rimming 
steel heats. The heats were cast through either 7% 
or % in. stabilized zirconia nozzles. It can be seen 
that the durations of these casts were from 38 to 52 
min. The withdrawal speeds ranged from 32 to 50 
in. per min depending on nozzle diameters and 
metal head in the trough. With these linear speeds, 
the casting rate ranged from 940 to 1390 lb per min. 
The volume of water used to cool the mold was 
held steady through each cast and ranged from 200 
to 225 gpm. The total secondary water was also 
kept steady on the individual heats—the values 
ranging from 950 to 1050 gpm. The charts bring out 
the fact that while the temperature increase in the 
mold water was fairly steady throughout each cast, 
there was a steady rise in the temperature increase 
of the secondary water. Presumably, a large part of 
the heat extracted by the spray water was used in 
heating the mass of equipment in the enclosed apron 
roll section early in the cast, and a steady state was 
not approached until a considerable casting period 
had elapsed. 

Table IV presents data indicating the effect of 
casting rate on the manner in which heat removal 
is accomplished. The measurements on which these 
data are based are by no means exact. However, 
they do permit»some general observations regarding 
the heat removal process. It is interesting to note 
that less than one tenth of the total heat removed 
by the water cooling system was taken out initially 
in the mold. The data in Table IV indicate that with 
increasing casting rate there is a corresponding in- 
crease in heat removal both in the mold and in the 
spray system. 

The amount of mold cooling water used in all 
tests was fairly constant. On the other hand, the 
amount of secondary cooling water used on individ- 
ual heats ranged from 700 to 1100 gpm. It was diffi- 
cult to detect the influence of the rate of water ap- 
plication on the quantity of heat removed in the 
casting system. For a given casting rate, however, 
the volume of water used for secondary cooling was 
found to influence the final dimensions and shape of 
the cast section. It was also found necessary to reg- 
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Table V. Chemical Analysis and Casting Temperatures for Continuously Cast Killed Steels 


Temperature, 
Analysis, Pct oF 
Ladle Deoxidation Ent 
etal Entering Troug Cast Product 

Heat Lb per Into Into 
No. Alloy Net Ton Cc Mn P Ss Si Cc Mn P S) Si Al Trough Mold 
3834 Aluminum 2.3 0.0 0.35 0.008 0.055 0.002 0.06 0. 0.007 0.058 0.002 0.004 2900 —_ 
3780 Aluminum 2.0 0.08 9.39 0.008 0.039 0.02 0.07 0.38 0.007 0.038 — 0.012 2930 2865 
3795 Aluminum 2.7 0.09 0.45 0.010 0.029 0.02 0.07 0.43 0.012 0.029 a 0.033 2910 2840 
3847 75 pet FeSi 47.0 0.07 0.27 0.010 0.036 1.76 0.06 0.27 0.012 0.038 1.70 — 2980 2870* 


* Temperature of metal in mold was 2740°F (measured with a platinum thermocouple). 


ulate the spray pattern in order to obtain uniform 
application of water onto the surface of the cast 
slab. Fig. 7 indicates the influence of the secondary 
water on the cast section. The section Fig. 7a was 
cast using 950 gpm of secondary cooling water. This 
volume of secondary cooling water was inadequate 
and, as a result, there was considerable bulging of 
the cast slab. For comparison, a slab cast at about 
the same speed using 1150 gpm is also shown in Fig. 
7. With the greater cooling water volume, the final 
dimensions of the cast slab were reasonably close to 
that of the inner mold section. 


Casting of Killed Steel 


Both aluminum and silicon deoxidized steels were 
cast, using the 24 x 6% in. section slab mold. Early 
in this work it became evident that there were two 
serious problems associated with the continuous 
casting of low carbon aluminum bearing steels. 
First, killed steels containing aluminum in the same 
range as is now being used for cold rolled sheet ap- 
plications did not flow readily through zirconia or 
magnesia nozzles. Second, with any significant per- 
centage of soluble aluminum in the liquid metal, 
there was an extreme tendency toward formation of 
a refractory crust over the surface of the metal in 
the mold. As a result, there was considerable en- 
trapment of nonmetallic material in the product 
surface. In an attempt to avoid these difficulties, just 
enough aluminum was added to the ladle to remove 
essentially all the dissolved oxygen, after which an 
additional amount was fed to the mold. 

With this mold deoxidation practice, it is difficult 
to specify the exact analysis at which the steel be- 
comes fully killed. Recognizing that there may be 
some uncertainty in the classification, three alumi- 
num deoxidized heats were considered to be fully 
killed. The analyses of these heats are given in 
Table V. 

In addition to the work done on aluminum killed 
steel, one low carbon steel heat was made which 
was killed by adding 1% pct Si to the ladle. Steel of 
this analysis is commonly used in the manufacture of 
hot and cold rolled sheets for electrical steel appli- 
cations. Analysis and temperature data for this high 
silicon heat are also given in Table V. 

The ladle analysis and changes in temperature 
that occurred as the metal flowed from the ladle 
through the trough and into the casting mold are 
shown in Table V. Again it was found necessary to 
use the oxygen and gas heating techniques described 
earlier in order to hold the temperature of the metal 
passing through the trough nozzle well above the 
value normally considered critical. Unlike the rim- 
ming steel heats there was little change in manga- 
nese content as the steel passed through the trough. 
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Three of the heats were made in an effort to deter- 
mine the maximum amount of aluminum that could 
be added to the metal being cast in this system. It 
was determined that with 2.7 lb per ton Al added to 
the ladle, there was a buildup in the tundish nozzle 
which interfered with the metal flow. It is interest- 
ing to note that with 1.76 pct Si in the metal coming 
from the ladle only 0.06 pct Si was lost in passing 
through the trough. 

Figs. 8 and 9 give casting plant data for one of 
the aluminum killed heats and for the high silicon 
heat. The casting times for the heats shown in Figs. 
8 and 9 were between 40 and 45 min. The casting 
rate for the aluminum killed steel, Fig. 8, increased 
steadily throughout the casting period. The volume 
of cooling water used in the mold and in the second- 
ary sprays remained fairly constant throughout the 
cast. Again, about 30 min was required to approach 
a steady outlet temperature for the secondary spray 
water. The outgoing mold water temperature was 
steady throughout the cast. The volume of spray 
water was considerably lower than that which was 
found to be necessary for casting rimming steel. 
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Fig. 12—Continuous casting data chart for vanadium treated 
semikilled steel heat No. 3878. Liquid metal analysis (ladle 
test): 0.06 pct C, 0.33 pct Mn, 0.011 pct P, 0.037 pct S, 
0.05 pct Si, and 0.034 pct Y. 
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Table VI. Heat Remoyal Data for Several Killed Steel Casting Conditions 


Average Casting Speed 


Cooling Water, Gpm 


Estimated Rate of 
Heat Loss by Slab 


Average Rate of Heat 5 
in Water Cooling 


Removal, Btu per Min 


Zone,+ Btu 
Heat Section Nozzle In. Lb oa 
No. Cast, In. Diam, In. per Min per Min Mold Sprays Mold Sprays Total per Min 
00 
3834 24x 6% 1% 42.0 1700 240 957 49,000 388,000 437,000 520,0 
3780 21x 5% Vg 40.8 1280 245 965 41,800 385,000 426,000 craton 
3795 24x 6% 1 27 1030* 250 864 35,800 350,000 385,800 390,00 
3847 24x 6% i 32 1230 250 620 48,600 335,000 383,600 434,000 


* Buildup in nozzle restricted flow. 


+ Calculated from difference in heat content between the liquid metal entering the mold and the casting leaving the water cooling zone. 


The casting rate for the high silicon steel built 
up to a maximum after 10 min, remained fairly 
constant, and then dropped off rapidly toward the 
end of the cast. This late decrease in casting speed 
was associated with a restriction to flow caused by 
metal freezing in the refractory trough nozzle. Dur- 
ing most of the cast, the mold water temperature 
remained reasonably constant. Despite the appli- 
cation of a constant water volume in the secondary 
sprays, a steady outlet temperature was not reached. 

Table VI gives heat removal data for various 
killed steel casting conditions. The linear with- 
drawal speeds on the individual heats ranged from 
27 to 42 in. per min, which for killed steel and the 
sections being produced gave casting rates ranging 
from 1030 to 1700 lb per min. As with rimming 
steel, only a small fraction of the total heat removal 
was accomplished in the mold. The data on alumi- 
num killed steel indicate that the amount of heat ex- 
tracted by the mold cooling water varied with cast- 
ing rate and that the actual amount was about the 
same as for rimming steel cast at the same rate. On 
the high silicon steel, the fraction of the heat ex- 
tracted in the mold was higher than on either rim or 
aluminum killed steel. It is also interesting to note 
that the quantity of water used in the secondary 
sprays on the high silicon steel was considerably 
lower than was required on any of the other steels 
covered in this survey. With the secondary spray 
water volumes used in cooling the killed steel made 
in this study, the final cast section remained reason- 
ably close to that of the inner mold dimensions. 


Casting of Semikilled Steel 


In conventional casting, semikilled steels are gen- 
erally used in order to obtain maximum yield of ac- 
ceptable product from a given ingot weight. The 
shrinkage that occurs characteristically during solid- 
ification of semikilled steel is compensated, at least 
in part, by a controlled amount of gas formation. An 
important attribute of the continuous casting proc- 
ess is that, by its very nature, the shrinkage occur- 
ring during solidification is compensated for by the 
continuous flow of liquid metal into the mold. A 
question may then be raised regarding the purpose 
for continuously casting a semikilled type of steel. 
A similar question may also be raised regarding the 
casting of rimming steel. 

The present investigation was directed primarily 
toward the casting of plain carbon steels for hot 
rolled and cold rolled sheet applications. It is recog- 
nized that steels used for this purpose must be soft 
and ductile after processing. The presence of any 
substantial precentages of deoxidizing elements in 
such steel usually increases the hardness and inter- 
feres with response to anneal. By introducing spe- 
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cial control procedures it has been possible to de- 
velop acceptable properties in steel deoxidized with 
carefully regulated percentages of aluminum. When 
these percentages of aluminum were approached in 
this study, the casting conditions were intolerable, 
and the surface quality was not acceptable. 

Experience has shown that when enough silicon 
is added to low carbon steel to effect complete de- 
oxidation, the properties required for many cold 
rolled sheet applications cannot be developed. It 
was not considered within the scope of this investi- 
gation to initiate major studies to attempt to develop 
properties in low carbon killed steels deoxidized 
with elements other than silicon and aluminum. 
Accordingly, a study was made of low carbon semi- 
killed steels to which only a small quantity of silicon 
was added in the ladle and which were deoxidized 
further by a controlled aluminum addition to the 
mold. The amount of silicon used for ladle deoxida- 
tion was intentionally kept low (under 0.08 pct) in 
order for the effect on product hardness and duc- 
tility to be held to an acceptable level. For the pur- 
pose of this investigation such steels were called 
semikilled. 

The answer to the question regarding the purpose 
of continuously casting rimming or semikilled steels 
involves considerations of cast structures and sur- 
face quality. These will be discussed in more detail 
in subsequent papers. For the purpose of this report, 
however, it may be pointed out that on the low 
carbon steels and with the casting rates covered in 
this study it was possible to obtain improved prod- 
uct surface with certain semikilled steels as com- 
pared to that which was obtained with rimming or 
fully aluminum killed low carbon steels. 

The refining practice used on the low carbon 
semikilled steel heats was generally the same as 
that used on rimming steels. The heats were worked 
down to low carbon content, slag removed, and the 
refined metal tapped. Deoxidizers, ferromanganese, 
and slag thickening agents were added to the ladle. 
Final deoxidation was adjusted through controlled 
mold aluminum addition. This mold aluminum ad- 
dition varied from 0.10 to 0.40 lb per net ton, de- 
pending on the casting conditions and the practice 
feature being studied. 

Table VII gives the chemical analysis of the semi- 
killed steel heats included in this phase of the study. 
One attempt was made to deoxidize in the ladle 
using only a controlled quantity of aluminum. On 
the balance of the heats, the primary ladle de- 
oxidizer was 50 pct ferrosilicon. The final silicon 
analysis was in the same range as is expected in 
conventionally cast semikilled steels. With the ex- 
ception of the aluminum deoxidized heat, the man- 
ganese drop encountered in passing through the 
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Fig. 13—Deep etched structure from two continuously cast semikilled steel heats cooled with different quantities of secondary 
spray water. a) LEFT: Concave section; secondary cooling water — 1100 gpm. b) RIGHT: Acceptable section; secondary cooling 
water = 905 gpm. XO0.22. 


trough was smaller than was encountered on rim- 
ming steel. It is interesting to note that there was 
little change in silicon content between the metal 
coming from the ladle and the final product. 

The temperature of the liquid metal entering the 
mold on all of the semikilled steel heats was well over 
2800°F (optical pyrometer). Under these conditions 
no difficulty was encountered with metal freezing in 
the refractory trough nozzle. 

The amount of aluminum used for mold deoxida- 
tion at the start of a cast was determined from past 
experience and from the behavior of the metal in 
the mold. This mold deoxidation was adjusted, if 
necessary, when sufficient metal had been cast to 
require that the slab be cut, at which time it was 
possible to inspect the torch cut cross section. It was 
generally aimed at maintaining the mold addition 
just high enough to avoid any subsurface-porosity in 
the cast section. 

Casting plant data for three semikilled heats are 
given in Figs. 10, 11, and 12. The casting period on 
these three heats ranged from 33 to 42 min. These 
charts indicate rather constant conditions with re- 
spect to cooling water volume and temperature in- 
crease in the mold cooling water. As with the other 
types of steel, some time was required before the 
outlet temperature of the secondary spray water 
even approached a steady state. 

A very interesting feature of the speed chart for 
heat No. 3878, Fig. 12, is the sharp drop in casting 
rate that occurred after 16 min of casting. This 
sharp change occurred when a large amount of 
aluminum was added to the trough. Following this 
addition, there was a restriction in the refractory 
trough nozzle which slowed the metal flow. No 
further additions were made to the trough and the 
restriction gradually disappeared. At the end of the 
cast, the original casting rate was again attained. 

Heat removal data for the semikilled steel heats 
are given in Table VIII. Again there appears to be a 
relation between the casting rate and the rate of 
heat removal in the mold. As with the other types 
of steel, about one tenth the total heat removed in 
the water cooling system is accomplished in the 
mold. The actual rate of heat removal seems to be 
about the same as for killed steel. 

In these studies the rate at which mold water was 
applied ranged from 200 to 250 gpm. It was inter- 
esting to note that, in this range, the effect of 
changes in rate of water flow on the rate of heat re- 
moval in the mold was too small to be recognized. 

A rather interesting feature of this study was 
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brought out on heat No. 3826. At the start of this 
cast, over 1150 gpm of secondary water were 
sprayed onto the slab. This quantity of secondary 
cooling water was excessive and as a result the cast 
slab was excessively concave on the wide faces. 
When the concave surface was observed, the water 
volume was reduced to the value shown in Table 
VIII. The concave slab condition is shown in Fig. 
13. For comparison, a typical cross section of a slab 
produced on heat No. 3830 which was sprayed with 
only 905 gpm of secondary cooling water is shown. On 
the comparison slab, the section was reasonably 
close to the inner dimensions of the casting mold. 

Two other heats of semikilled steel were cast in 
this program which are of incidental interest. These 
semikilled steel heats were cast into an 8% by 11 %4 
by 10 in. long bloom section mold. One of these 
heats was in the same general analysis range as is 
used for many structural steel applications. The 
second was a low carbon high sulfur heat, the anal- 
ysis of which was similar to that of AISI C-1213 
steel. Heat removal data for these two heats are 
also given in Table VIII. These heats were cast at 
average withdrawal speeds of 43.0 and 30.4 in. per 
min, respectively. It is interesting to note that be- 
tween 15,000 and 20,000 Btu per min were removed 
in this mold. This is roughly about 0.6 of the heat 
removal that would have been expected with the 
slab molds previously considered with the same 
casting rates, see Fig. 14. The actual area of inner 
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Fig. 14—Effect of casting rate on heat removal by mold 
cooling water for various types of steel. 
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Table VII. Chemical Analysis and Casting Temperatures for Continuously Cast Semikilled Steels 


Ladle Deoxidation 


Analysis, Pet Steel Temper- 


ature, °F 

Metal into Trough Cast Product —<$<$<$<—<—<—— 
Heat Lb per = = kato Into 
No. Alloy Net Ton C Mn if Ss Si Cc Mn P Ss Si Al Vv Trough Mold 
3776 Aluminum 2.0 0.07 0.42 0.011 0.036 — 0.07 0.38 0.011 0.035 oe 0.004 2960 2860 
3781 50 pet FeSi 3.3 0.05 0.26 0.014 0.042 0.002 0.06 0.24 0.015 0.041 0.002 2910 
3826 50 pet FeSi 4.3 0.08 0.33 0.011 0.040 0.05 0.05 0.36 0.012 0.042 0.05 2910 2860 
3794 50 pet FeSi 5.3 0.08 0.38 0.012 0.036 0.07 0.08 0.37 0.011 0.030 0.07 2910 2830 
3830 50 pet FeSi 5.3 0.09 0.40 0.007 0.027 0.07 0.08 0.39 0.007 0.027 0.06 c 2875 2820 
3878 50 pct FeSi 5.0 0.06 0.33 0.011 0.037 0.05 0.05 0.31 0.012 0.039 0.05 0.034 2885 2830 

50 pet FeV 1.9 


faces of the bloom mold, however, was only 0.3 that 
of the longer slab mold. While these data are not 
directly comparable, they do reflect the fact that 
proportionately higher fractions of the heat removal 
are being accomplished during the first few inches 
of the casting process than are obtained in any simi- 
lar length lower in the mold. 


Discussion 


The primary purpose of this study was to deter- 
mine whether the conditions attained in the casting 
of the three types of low carbon steel were such as 
to permit consideration of the continuous casting 
process for the large scale production of slabs to be 
used in the manufacture of hot and cold rolled 
sheets. One very important aspect of this study, 
then, involved establishing the maximum rates at 
which the slab sections could be cast. Another 
phase, which involves the structure of the cast sec- 
tions, will be covered in a later paper. 

Tables IV, VI, and VIII indicate the ranges of 
linear casting speeds as well as the casting rates ob- 
tained in this study. It was recognized that for the 
equipment used in this study, the rate of heat re- 
moval was a primary factor influencing the attain- 
able casting rate. Obviously the casting speed could 
not be so fast as to make it impossible to remove 
the heat required for complete solidification prior 
to the time that the cast section was cut. In none of 
the tests covered by this study was the casting speed 
so great that metal was drained from the slab after 
cutting. 

Savage’*® has indicated that when the casting 
speed is too great, the skin thickness of the section 
being formed can be too thin to withstand frictional 
forces and, under these conditions, transverse rup- 
turing can occur. In this study, an effective lubri- 
cation system apparently overcame such frictional 
effects to the point where transverse tearing was 
not a serious factor limiting casting speed. 

Another, more serious limitation on casting rate 
was the ability to develop a solid shell within the 
water cooled mold that would contain the liquid 
metal as the section entered the secondary water 
spray system. Presumably, the governing factor 
here was the thickness of the shell emerging from 
the mold and this, in turn, was determined largely 
by the rate at which heat was extracted in the mold. 

Values for the rate of heat removal in the mold 
were given in Tables IV, VI, and VIII. In these 
tables, it was brought out that approximately one 
tenth of the total heat extracted by the water cool- 
ing was removed in the mold. The actual quantity 
of heat removed was not affected strongly by mod- 
erate variations in the rate of cooling water flow 
through the mold. Fig. 14 has .been prepared to 
show that for the low carbon steel studied the pri- 
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mary factor governing the rate of heat removal was 
the rate at which liquid metal was introduced into 
the molds. The points plotted in Fig. 14 were taken 
directly from Tables IV, VI, and VIII. For the most 
part, the type of carbon steel being cast had little 
effect on the rate of heat withdrawal. An exception 
to this pattern is indicated by the single point giving 
the average heat removal attained in casting low 
carbon high silicon (1.70 pct) steel. The rate of heat 
removal on this grade was substantially higher than 
was attained for the same metal flow rate on the 
unalloyed steel. As a matter of general interest, a 
photograph of a typical cross section taken from 
this high silicon heat is shown in Fig. 15. The sec- 
tion is characterized by a far more pronounced 
columnar dendritic solidification pattern than was 
observed in the product of any of the other steels 
cast in this program. It is speculated that this pro- 
nounced columnar freezing pattern reflects a con- 
tinuous temperature gradient condition during so- 
lidification which, in turn, could be associated with 
the improved heat removal. 

Fig. 14 includes points for both the 24 x 6% x 20 
in. mold and the 21 x 5% x 20 in. mold. The three 
points for the smaller mold section seem to fit the 
main line reasonably well. 

Points are also shown for the 8% x 11% in. bloom 
mold. The two points for this bloom mold fall far 
above the extrapolated line for the slab section. The 
position of the points indicate that the rate of heat 
removal in the bloom mold was far lower than 
would have been expected if the metal had been 
cast in the slab section. 

Exactly why the points for the 21 x 5% in. mold 
conform to the line for the 24 x 6% in. mold is un- 
certain. Tentatively, this has been assigned to a 
combination of features among which may be in- 
cluded the narrower mold and possibly some un- 
certainty in the measurements. 

The first indication of excessive casting speed 
generally appeared in the form of small longitudi- 
nal corner cracks. As the conditions became more 
marginal, the longitudinal corner cracks became 
continuous, and there was some minor bleeding 
through the cracked edges. Such a condition could 
culminate in a complete liquid metal breakout 
through the corner of the casting: The photograph 
shown in Fig. 16 indicates the manner in which 
cracks appeared in two types of steel. 

Table IX has been prepared in an effort to indi- 
cate the safe casting rates that were attained under 
the conditions of this study. Many mechanical fac- 
tors other than speed influenced the attainable cast- 
ing rate. Some of these factors are the machine 
alignment, the arrangement of the water sprays, 
metal temperature, lubrication of the mold walls, 
and the level of liquid metal in the mold. The table 
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Fig. 15—Typical deep etched structure of continuously cast killed low carbon steel containing 1.70 pct Si. Note prominent 
columnar freezing pattern. X0.22. 


simply lists the casting speed for individual heats 
along with the observed corner condition. It brings 
out the fact that for all three types of steel studied, 
a sound corner condition was attained when the 
speed did not exceed 35 in. per min. Above this cast- 
ing speed there was some cracking in at least one 
corner. Only one exception to this general pattern 
can be seen in Table IX. The exception was obtained 
on a single heat of rim steel (3851) which was cast 
without cracking with speeds up to 48 in. per min, 
and attempts to reproduce these favorable condi- 
tions were not successful. It can also be recognized 
that for the 24 x 6% in. section, casting at speeds 
in excess of 45 in. per min invited metal breakout. 

During the studies, several measurements were 
made of the temperature of the liquid metal in the 
mold. For the low carbon steels studied, these meas- 
urements varied from 2740° to 2775°F. The actual 
temperature appeared constant across the entire 
upper surface area. These temperatures were meas- 
ured with standard Pt—Pt-10 pct Rh thermocouple 
equipment, and there was no reason to feel that 
values so determined were not accurate. During the 
casting period there was visible stirring of the liquid 
metal due to the action of the metal stream enter- 
ing the mold. On the rimming heats, this stirring 
action was augmented considerably by gases rising 
from the liquid metal. It is presumed that the stir- 
ring of the liquid metal in the mold led to the con- 
stant temperature conditions in the liquid metal. 

Because of the arrangement of the equipment, it 
was not possible to obtain an accurate measure of 
temperature of the frozen shell of the slab between 
the mold and the secondary water sprays. A few 
crude optical pyrometer measurements were taken 
which indicated that the outer slab surface temper- 
ature was in the order of 2100°F as the casting 
emerged from the mold. Using these temperature 
values and assuming a constant temperature gradi- 
ent across a uniform solidified shell, it is possible to 
estimate the thickness of the frozen outer skin at the 
time that the casting emerged from the mold. For 
the 24 x 6% in. mold the formula for shell thickness 
has the form 


63 59.25 — 0.22 
paras 


where D is the thickness of emerging shell in inches; 
AH is the rate of heat removal in mold, Btu per 
min: and M is the casting rate, lb per min. Values 
for M and AH were obtained from Fig. 14. The shell 
thickness was plotted as a function of casting rate 
in Fig. 17. The curve is compared with values for 
killed steel obtained by converting data on freezing 
rate given by Savage and Pritchard.’ The compari- 
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son curve simply indicates the thickness of skin 
frozen in the time required for a section to travel 
the effective length of the 24 x 6% in. mold used in 
this study. It is interesting to observe that while 
the two curves are different in form, the calculated 
values are of the same order of magnitude. 

The curve of Fig. 17 brings out the fact that there 
is a significant drop in the emerging shell thickness 
as the casting rate increases. For the 24 x 6% in. 
mold used in this study it would appear that a mini- 
mum shell thickness of somewhere between 0.40 and 
0.45 in. was required to contain the metal without 
cracking at the corners. When the shell thickness 
approached 0.35 in. there was a breakout hazard. 


Plant Capacities 

The bulk of the work done in this study was car- 
ried out in a 24 x 6% in. mold. The 24 in. width was 
selected since it was the largest size that could be 
fitted into equipment available for the study. It 
would have been desirable to carry out the studies 
in molds up to 40 in. wide since the range from 24 
to 40 in. slab width is probably the most popular 
for the slabs being used in the manufacture of cold 
rolled sheet and strip in the United States. In the 
absence of actual data on wider slabs, it was as- 
sumed that the casting speeds attained on the nar- 
rower slabs could be attained when producing sec- 
tions of the same thickness up to 40 in. wide. On this 
basis, the information obtained in this study was 
extended to indicate the annual capacity of a single 
strand casting slabs up to 40 in. wide. 

Consider a plant producing a 40 x 6% in. semi- 
killed steel slab at an average speed of 35 in. per 
min. It can be calculated that each strand of such a 
plant can cast about 70 tons per operating hr. In 
normal bottom-pour-ladle practice, a 1 hr period is 
regarded as about the maximum casting time that 
can be considered reasonable. With the present 
status of continuous casting, some time must be al- 
lowed between heats to prepare to receive the next 
cast. On the basis of experience to date, it was as- 
sumed that with a properly engineered machine 
about 50 pct utility of the casting strand could con- 
ceivably be attained. Under these conditions, each 
strand could cast an average of about 840 tons of 
slabs daily. Extending this figure over a full year, 
it may be estimated that each strand can produce 
a maximum of about 300,000 tons of 40 x 6% in. 
slabs per year, provided that a heat of steel is al- 
ways available when the casting plant is prepared 
to operate. For narrower slabs of the same thick- 
ness, the annual capacity per strand would be less 
than the 300,000 tons cited. Extrapolating very 
much beyond the 40 in. width is somewhat hazard- 
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Fig. 16—Deep etched sections showing corner cracks in two types of steel. a) LEFT: Rimming steel. b) RIGHT: Semikilled steel. 
X0.5. Reduced approximately 30 pct for reproduction. 


ous, in view of the many uncertainties that would 
enter into such a consideration. 

The preceding discussion brings out the fact that 
in addition to the actual withdrawal speed, the ca- 
pacity of any casting plant is influenced by the size 
of slab being cast, the availability of the casting 
machine, and the ability to deliver steel as required 
by the machine. For any given operation, the size 
of the slab cast would be determined by the final 
size required in the shipped product and the amount 
of reduction that could be accomplished on the 
equipment used to roll the cast slab into a final 
product. The availability of any casting machine 
will depend, in large measure, on the actual facil- 
ities provided and the manner in which the casting 
unit is operated. As pointed out earlier, 50 pct 
availability appears to be an optimistic but reason- 
able value to expect from a well engineered plant. 

The extent to which it is possible to take full ad- 
vantage of this 50 pct availability for a given ma- 
chine depends, in turn, on the type of steelmaking 
facilities being operated in conjunction with the 
casting plant. It is interesting, therefore, to com- 
pare several types of steelmaking plants with re- 
spect to their adaptability to this type of continuous 
casting procedure. 

From the previous discussion, it can be recog- 
nized that a single strand plant casting a 6% x 40 in. 
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Fig. 17—Calculated effect of casting rate on thickness of 
shell emerging from 24 by 612 by 20 in. mold. 
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slab might be expected to cast about 70 tons per hr. 
If 1 hr is accepted as a maximum permissible cast- 
ing time, the weight of metal sent to the casting 
plant should not exceed 70 tons per strand. For nar- 
rower slabs, the weight of the metal in the ladle 
must be lower. Thus, if a plant is expected to ac- 
commodate complete heats larger than 70 tons, mul- 
tiple strands must be provided. Since multiple 
strand plants are being successfully operated, this 
does not preclude the handling of larger heats; but 
it must be recognized that the equipment as well as 
operation becomes more complex with such a pro- 
posal and potential for yield gain may be lessened. 

The preceding analysis would indicate that steel- 
making units which tap about 70 tons would be 
readily adaptable to the casting of slabs for a popu- 
lar range of hot and cold rolled sheet production. 
Modern pneumatic converter processes are being 
designed to tap tonnages of this order. Accordingly, 
it might appear that from the standpoint of heat size 
such units could be coordinated with casting plant 
operations. 

While electric furnaces are constructed with facil- 
ities to tap considerably larger heats, very few units 
are in operation that tap heats too large to be 
handled by two-strand machines casting slabs in the 
above size range. In this respect, it should be recog- 
nized that practically all steel continuous casting 
plants now in operation receive metal from electric 
furnaces. 

The modern open hearth, on the other hand, is 
designed to tap heats the size of which is consider- 
ably in excess of the values being discussed. It ap- 
pears, therefore, that if continuous casting proced- 
ures are to be considered for the modern open 
hearth shop, a large and complex multistrand ma- 
chine will be required to handle the steel of a single 
heat. Alternatively, it would be necessary to tap 
heats into more than one ladle, adjusting the quan- 
tity to be sent to the machine according to the size 
of slab to be cast. 

The other factor that must be considered in rat- 
ing the capacity of a casting machine is the ability 
to tap a heat (of proper size) whenever the steel is 
required. One of the characteristics of pneumatic 
processes is the regularity of the operation. Thus, 
from the standpoint of its ability to tap heats ac- 
cording to a closely regulated schedule, a Bessemer 
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Table VIII. Heat Removal Data for Several Semikilled Steel Casting Conditions 


Average Casting Speed 


Cooling Water, Gpm 


Estimated Rate of 
Heat Loss by Slab 
in Water Cooling 


Average Rate of Heat Removal by 
Cooling Water, Btu per Min 


Heat Section Nozzle In. Lb s 

No. Cast, In. Diam,In. per Min per Min Mold Sprays Mold Sprays Total casei rede 

3776 24x 6% % 29.0 1150 235 1033 39,1 

3781 21x 5% 1% 56.8 1530 235 1120 46,900 

x 37.8 1500 240 1025 45,800 364,000 409,800 525,000 

x 34.6 1400 240 1150 41,700 430,000 471,700 525,000 

ae oni x ei 1% 40.8 1660 250 905 47,700 375,000 422,700 490,000 

ae a, x ae te 37.2 1600 200 941 46,500 429,000 475,500 490,000 

See v4 x a Ve 43.0 950 260 380 18,300 205,000 223,300 290,000 
8% x 11% 30.4 730 270 224 15,700 130,000 145,700 212,000 


* Calculated from difference in heat content between the liquid met al entering the mold and the casting leaving the water cooling zone. 


7 Cast was too short to approach steady state conditions. 


or an oxygen converter plant could conceivably 
come close to taking full advantage of the avail- 
ability of an individual casting plant without seri- 
ously interfering with its operating procedures. 

The problem of supplyng steel on demand from a 
moderate size electric furnace becomes more com- 
plex. Here, the refining time generally runs into 
hours and while for any grade of steel the tapping 
time is fairly predictable, it is difficult to see how a 
given electric furnace can anticipate the casting 
plant schedule well enough to avoid a substantial 
reduction in the potential productivity of a con- 
tinuous casting plant. 

The problem of meeting casting plant schedules 
becomes extremely difficult in an open hearth shop. 
Here, the tap to tap heat time is of the order of 10 
hr. This would make it necessary to have a large 
number of furnaces tapping on a well controlled 
and uniformly staggered schedule in order to supply 
steel according to the demands of the casting plant. 
Unfortunately, open hearth furnaces do not tap on 
a controlled and uniformly staggered schedule, and 
thus it becomes difficult to obtain optimum utiliza- 
tion of a casting plant supplied by these units.* 


* To explore the problems that are involved in obtaining a high 
utilization factor for a casting plant operating in conjunction with 
an open hearth shop, a study has been made of a fairly typical ten 
furnace unit. For this survey, it was assumed that the ten furnaces 
were operating in conjunction with a casting plant capable of re- 
ceiving a new heat every 2 hr. An analysis of the tapping schedules 
indicated that because of uncertainties in controlling tapping times, 
the availability of casting machine is reduced from 50 to about 30 
pet. Thus, while the potential annual capacity of each strand was 
estimated at about 300,000 tons, the actual production to be ex- 
pected when steel is supplied by a ten furnace open hearth shop is 
only about 180,000 annual tons. 


The preceding discussion is intended to bring out 
a few of the features that must be considered in 
evaluating the capacity of a continuous casting plant 
producing slabs. It is very likely that for any given 
installation, the speeds and the availability will 
differ from the values indicated in this discussion. 
However, with the steel grades and the basic casting 
procedure considered in this study, the values cited 
are probably in the right order of magnitude. 

In this discussion it has been brought out that for 
any continuously operating nominal-sized steelmak- 
ing plant only a fraction of the heats tapped can be 
accommodated by a single continuous casting plant. 
As a corollary, therefore, it may be concluded that, 
under these circumstances, a number of casting 
plants would have to be provided to receive all the 
steel being tapped. Alternatively, it would be neces- 
sary to provide conventional teeming facilities to 
accommodate the tonnage of steel in excess of that 
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which can be received by the continuous casting 
plant. 


Summary 
A study has been carried out to assess the prob- 
lems that are involved in integrating a facility for 
continuously casting low carbon steels into an 
existing steelmaking plant. Rimmed, semikilled, and 
killed types of low carbon steel were studied. It was 
determined that all three types of steel could be 


Table IX. Slab Withdrawal Speeds and Corner Conditions Observed 
on Individual Heats 


Withdrawal Speed, 


In. per Min 
Heat Section Observed Corner 
No. Range Average Cast, In. Conditions 
Rimming Steel 
3710 23 to 27 25.3 24x 6% Sound 
1085 25 to 28 27.5 24x 6% Sound 
1086 28 to 32 29.4 24x 642 Sound 
3713 26 to 37 Sauu 24x 64% Sound 
3754 30 to 34 33.1 24x 642 Sound 
3733 24 to 39 34.2 24x 6% Cracked (over 35) * 
3697 33 to 35 34.6 24x6% Sound 
1087 36 to 40 37.5 24x 6% Cracked 
3879 26 to 46 38.7 24x6% Cracked (over 35)8 
3749 37 to 43 40.3 24x 642 Cracked throughout 
3736 34 to 45 42.5 24x 642 Cracked throughout 
3851 36 to 48 43.0 24x 6% Sound 
3854 30 to 49 44.0 24x 6% Broke out at 47* 
3664 37 to 47 44.5 21x OF Cracked throughout 
3677 37 to 50 45.0 21x5% Cracked throughout 
3672 36 to 53 45.6 21x5% Cracked and bleeding 
Semikilled Steel 
3776 25 to 31 29.0 24x 6% Sound 
3794 30 to 36 34.6 24x 6% Sound 
3878 33 to 42 37.2 24x 642 Cracked (over 37) * 
3826 38 to 40 38.8 24x 6% Cracked throughout 
3830 38 to 42 40.2 24x 6% Faint crack throughout 
3781 54 to 60 56.8 21x5% Broke out at 55* 
Killed Steel 
3795 26 to 30 27.0 24x 6% Sound 
3847 26 to 33 24x 6% Sound 
3780 34 to 43 40.8 21x5'% Cracked (over 38) * 
3834 41 to 44 42.0 24x 642 Cracked throughout 


* Numbers refer to withdrawal speed expressed in in. per min. 


physically cast but that the operating conditions 
differed somewhat for each one. Rimming steel re- 
quired unusually high quantities of water for sec- 
ondary cooling and extremely close control of final 
deoxidation. Semikilled steel required careful con- 
trol of the volume and distribution of spray water 
in order to preserve a reasonably accurate section. 
Killed steel could be cast readily provided that the 
soluble aluminum content of the product was kept 
at a low value. 

The rate at which steel could be cast into a given 
section did not vary greatly for the three types of 
steel. Tentatively, it was concluded that the rates 
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that could be attained depended on the thickness of 
the frozen shell that could be developed during the 
time that the steel was in the water cooled copper 
mold. This shell thickness appears to be a function 
of the amount of heat that can be extracted by the 
mold cooling water. This study indicated that for 
the 24 x 6% in. section that was used in most of the 
work covered in this report it was necessary to de- 
velop a shell thickness of at least about 0.4 in. as the 
section emerged from the mold. This limiting shell 
thickness could be attained by casting less than 1400 
lb of steel per min. When the casting rate exceeded 
such limiting values, severe longitudinal corner 
cracking was encountered in the outer surface and, 
even more serious, there was a definite hazard of 
metal breaking through the shell. 

A general discussion was presented of the factors 
other than casting speed which could influence the 
capacity of a given continuous casting plant. It was 
shown that while a rather fixed tonnage could be 
expected for the plant capacity, there were other 
factors, such as the type of steelmaking units sup- 
plying steel to the casting plant, the number of 
steelmaking furnaces, and the general arrangement 
of the facilities which exerted pronounced effects on 
the ability to attain high long term production rates. 

This paper presents results obtained in the limited 
number of tests carried out on one type of continu- 
ous casting facility operated in conjunction with 
electric furnaces. The study was somewhat unique 
in that the slab sections cast were larger than any 
reported to date. Other casting schemes are cur- 
rently in successful operation, and it is very likely 
that the results that would be obtained on alterna- 


tive equipment and on other carbon steels would 
differ from those covered in this paper. In addition, 
there will undoubtedly be future developments that 
will extend the limits and increase the productive 
capacity of the continuous casting process. 
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Technical Note 


Sigma Phases Containing Osmium and Iridium 


by M. V. Nevitt and J. W. Downey 


URING the course of the present investigation 
of alloy phases involving transition metals, o 
phases were found in the systems Os-Ta, Os-W, and 


Table |. Approximate Composition Range and Lattice Parameters 
of Several o Phases 


X-Ray Data 
Approximate 
Composition Alloy Compo- 
Range, Atomic sition, Atomic 
System Pct, at 1200°C Pct a, A Co, A 
Os-W 65 to 67 W 67 W, 33 Os 9.686 5.012 
Os-Ta 65 to 75 Ta 75 Ta, 25 Os 9.934 5.189 
Ir-Ta 75 to 85 Ta 75 Ta, 25 Ir 9.938 5.172 


Ir-Ta. The (Os, W) o phase was also recently re- 
ported by Raub." Pertinent information is given in 
Table I. The approximate composition range of sta- 
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bility was determined metallographically on arc- 
melted buttons that were annealed 72 hr at 1200°C 
and water quenched. X-ray powder patterns were 
obtained with a 114.6 mm diam powder camera using 
filtered copper radiation. 

The composition for (Os, W) o given by Raub (66 
atomic pct W) is in agreement with the composition 
range reported here. However, the lattice constants 
reported by Raub are: a, = 9.913+0.007, c/a = 0.515. 
The reason for the discrepancy between the lattice 
constants reported by Raub and those given here is 
not known. 
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An Efficient Method of Desulfurizing Liquid 


Pig lron 


by B. Trentini, L. Wahl, and M. Allard 


2 tiie of sulfur in steelmaking is presently 
a problem of utmost importance as require- 
ments on final sulfur contents in finished steels be- 
come increasingly strict. This is in spite of often 
increased sulfur contents in the fuels used during 
the different stages of steel processing. 

According to local conditions or current economic 
factors, sulfur can be removed during one or more 
of the processing operations; for instance, in a blast 
furnace operated under high temperatures and with 
a high slag basicity ratio and also by means of high 
inputs of manganese into the burden. These methods 
of proceeding are, however, expensive and in con- 
tradiction with the acid practice which is gradually 
being developed owing to the fact that it allows 
coke and lime savings and usually permits an in- 
crease of productivity. 

In the melting-shop, desulfurization can proceed 
in the open-hearth or electric furnace with one or 
several very basic slags, or with special prefused 
slags (Perrin process) mixed with steels poured 
from the open-hearth, electric furnace, or con- 
verter. 

Liquid pig iron has also been treated separately 
before being used in the melting shop, in order to 
reduce high sulfur contents. This external desul- 
furization has been developed in Europe for the 
basic Bessemer Thomas process, which is again in 
favor owing to the great flexibility of such in- 
stallations and to the fact that the steel produced 
is not polluted by impurities coming from the scrap. 
Since the basic Bessemer process, as usually prac- 
ticed, has a low desulfurizing power, external de- 
sulfurization is generally carried out in ladles by 
means of alkalies such as soda ash. This method, 
which has the advantage of being simple and costing 
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little, has only a medium desulfurizing power, 
which implies the necessity for repeating the oper- 
ation several times when a substantial amount of 
sulfur has to be removed or when very low sulfur 
contents are desired. Thermal losses are high and 
there is a considerable decrease in output. Moreover, 
the resulting fluid and corrosive slag, which is ex- 
tremely difficult to eliminate, attacks the refractory 
linings of the mixers and steel furnaces. 

Therefore, it seems necessary to devise a simple 
method for external desulfurization which would 
not only remove substantial quantities of sulfur 
from the hot metal coming from an acid blast fur- 
nace, but which would also bring the sulfur contents 
down to the low level required in the making of 
high quality steel and iron. 


Principle of the Process 
In this paper a new method will be described for 
desulfurizing hot metal. It has been perfected by 


s 


s 10 4s 20 t 


Fig. 1—Sulfur evolution curve during the refining of a basic 
Bessemer pig iron. S refers to pct of sulfur content in metal; 
t, blowing time, min; Tr, end of decarburization; F, end of 
dephosphorization; a, sulfur in ladle before pouring; and b, 
sulfur in converter before blowing. 
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Fig. 2—Photograph of pilot plant 700 Ib converter. 


the authors after more than 100 tests carried out at 
both the IRSID pilot plant at Saint-Germain-en- 
Laye and at the Pont-a-Mousson plant in the east 
of France. This method is characterized by very 
efficient conditions of contact between finely 
ground burnt lime, blown through immersed tuyeres 
by means of a neutral or reducing gas stream, and 
the metal bath to be treated. Thus, in a very short 
time, desulfurizing efficiency will be over 90 pct, 
and sulfur contents will be very low, less than 0.010 
pet if necessary. 

The outstanding desulfurizing properties of solid 
burnt lime are well known in steelmaking. They 
have already undergone numerous tests of various 
kinds: the stirring feature of a rotating furnace’’ 
gave satisfactory results in the outstanding experi- 
ments of Kalling,’* which led to very low sulfur 
contents in iron, both on the experimental and on 
the industrial scale.°® Other methods for obtaining 
a good mixture of lime and metal have also been 
tried: induction stirring,’ gas bubbling,*”° and lime 
coating of coke lumps.” 

Likewise, suspending lime powder in a gas stream 
and blowing it into liquid metal is a solution which 
has long attracted investigators. As this paper treats 
the lime problem exclusively, mention shall be 
made only of Wood’s famous work on powder in- 
jections,” which was continued by Baumer, Hender- 
son, and Hulme.** 

Regarding the use of lime, mention shall first be 
made of EKichholz and Behrendt’ who, after Oelsen’s 
experimental work,” injected a mixture of lime and 
carbon powder into a stream of compressed air, 
without obtaining satisfactory results. On the other 
hand, Sawamura, Okamura, Mori, and Abe” used a 
small graphite crucible in which they blew lime 
powder into a nitrogen stream with a lance. The 
only two tests which were made with pure lime 
did not give very low final sulfur contents—from 
0.094 pct before, to 0.050 pct after, treatment. 

A paper published in 1952 by the Quebec Iron & 
Titanium Co. and the Canadian Liquid Air Co.” 
mentions this same method of blowing lime powder 
into a nitrogen stream with a lance where the oper- 
ation was carried out in a basic electric furnace. 
Kalling, before developing the rotating furnace, 
spoke of having tried blowing lime into a nitrogen 
stream, but without encouraging results. 

One of the authors had already experimented 
along these lines in a melting shop with an imper- 
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fect apparatus, but it was only at the IRSID pilot 
plant that it became possible for him, on the one 
hand, to determine that good desulfurization could 
be obtained by blowing fine powdery products into 
the metal bath and, on the other hand, to make use 
of an apparatus to obtain a regular and concentrated 
suspension of lime powder in a gas stream, and a 
tilting apparatus similar to a converter. 

At the same time, another one of the authors, 
during a systematic study of the behavior of sulfur 
at different periods of a basic Bessemer blow, no- 
ticed that during the first minute of the blowing, a 
certain desulfurization (15 to 20 pct) was achieved, 
owing to the strong stirring of the hot metal with 
lumps of lime loaded before the blow, Fig. 1. From 
that, he drew the conclusion that if air were re- 
placed by a non-oxidizing gas and if, instead of 
loading lumps of lime, lime powder were blown 
through tuyeres into a converter free from any oxi- 
dizing slag, the intimate contact and stirring in such 
an apparatus would enable a substantial and rapid 
desulfurization to be obtained. 

Equilibrium calculations show that solid lime is a 
powerful desulfurizing agent for liquid pig iron. 


Table !. Types of Pig Irons Treated 


C, Pct P, Pct Si, Pct 
Normal basic Bessemer pig iron £305) L.m5 0.1 to 0.6 
Semiphosphorus pig iron 3.2 to4 0.6tol 1to3 
Hematite pig iron 3.2 to 4 0.1 1 to 2 
Nickel-bearing pig iron 3 O12 2.5 (Ni = 28 pct) 


These calculations are easy for a pig iron contain- 
ing no silicon and saturated with graphite. The car- 
bon acting as a reducer, the reaction is as follows 


CaO (s) +S +C (gr) =CaS (s) + CO (g). [1] 


Underlined elements are dissolved in the metal. The 
s and g refer to solid and gaseous states; gr indicates 
graphite. 

The standard free energy of Eq. 1 is AF° = 27,050 
— 27.55 T. The reference state for CaO, CaS, and 


Fig. 3—Photograph 
of powder-blowing 
apparatus. 
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C (gr) is the pure substance and, for sulfur in pure 
liquid 1ron, is an infinitely dilute solution. 

It is then easy to determine the equilibrium con- 
stant 

Qeas X Poo 
Acao X Ag X Ag 


At about 1300°C, CaO and CaS do not form solid 
solutions. Therefore, Qoso = das = 1. Likewise, the 
iron being saturated with graphite, ap = 1. If poo is 
assumed to equal 1 atm, K,= 1/as; and at 13005¢: 
SS 

By taking a sulfur activity coefficient of 5 (graph- 
ite-saturated pig iron with a 2 pct P content) 


il 
[S] AG 0.001 pct. 

The equilibrium value of the sulfur content is 
therefore only 0.001 pct. The poo is assumed to equal 
1 atm. For the process developed in this paper, the 
blowing of nitrogen leads to px. + poo = 1 atm, re- 
sulting in a lower equilibrium value for the final 
sulfur. 

A recent paper written by Sawamura”™ develops 
the thermodynamics of the desulfurization of pig 
iron free from silicon by means of lime and cal- 
cium carbide. 

From a practical standpoint, however, pig iron 
always contains silicon, so at normal treatment tem- 
peratures, Eq. 1 is replaced by Eq. 2 


2CaO (s) +2S+Si=2CaS (s) + SiO, (s). [2] 


Eketorp” proved recently that, by assuming the 
formation of pure dicalcium silicate and the insolu- 
bility of CaO, CaS, and SiO., 2 CaO, the equilibrium 
value of the sulfur content at 1300°C is 2.5 10° pct 


Table II. Lime Analysis 


CaO, Pet SiOz, Pct FesOs + AlsOz, Pct CO2 + H20, Pct S, Pet 


93 1.2 1.3 3 0.07 


for a pig iron of the following composition: 3.4 pct 
C, 0.3 pet Si, 0.8 pet Mn, and 1.8 pct P. 

Thus, thermodynamic calculations for the desul- 
furizing of liquid pig iron with lime lead to ex- 
tremely low residual sulfur contents and, although 
many investigators have tried blowing lime powder 
and nitrogen, they have not succeeded in getting 
systematically low residual sulfur contents. The au- 
thors have tried to desulfurize by blowing lime 
powder into a neutral gas, but with a different tech- 
nique, based upon the excellent conditions of contact 
and stirring achieved by immersed tuyeres. 


Experimental Work 

Apparatus—The small 700 lb converter used in 
the first series of tests at the pilot plant of Saint- 
Germain-en-Laye is shown in Fig. 2. 

The lime powder, drawn along in a stream of 
nitrogen, is blown through the metal bath by means 
of small tuyeres placed in the bottom of the con- 
verter, which is lined with a mixture of dolomite 
and tar. 

Fig. 3 shows the powder blowing apparatus* 


* Patent registered. 


whose main feature is the lime concentration in the 
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Fig. 4—Photograph of experimental 6,000 Ib converter. 


gas stream of up to 2.4 lb per cu ft of blown ni- 
trogen. 

Fig. 4 represents the experimental 6,000 lb con- 
verter used at the Pont-a-Mousson plant of the 
Société des Fonderies de Pont-a-Mousson, where 
the second series of tests was undertaken. The hot 
metal was brought along in 30,000 lb ladles, but 
the experimental technique was the same as the 
one followed at the Saint-Germain-en-Laye pilot 
plant, with the 700 lb converter. 

It is to be noted that this desulfurization process 
can be carried out in vessels other than a converter. 
At present, a special ladle with a set of tuyeres is 
being tested. It has the great advantage of being 
able to be used for desulfurizing and transporting 
hot metal at the same time. 

Liquid Pig Iron—At the time this paper was 
written, over 100 tests had already been carried out 
on pig irons of several different compositions, shown 
in Table I. 

As far as the sulfur contents of the pig irons be- 
fore treatment are concerned, they varied within a 
range of 0.015 to 0.300 pct. More than half these 


Table III. Desulfurization of 1 Pct P Liquid Pig Iron 


Desul- 
fur- 
ization 
Blowing Lime Effi- 
Sample Time, Blown, ciency, 
No. Min S, Pet C, Pct Si,Pct Mn,Pct Pct* 
P 101 0 0 0.095 3.3 3.0 0.465 — 
P 102 1 37 0.047 3.3 3.0 0.455 50 
P 103 2 75 0.017 3.1 2.9 0.455 82 
P 104 3 112 0.009 oul 2.9 0.450 90 
Sstart — Stinal 
* Desulfurization efficiency = ——————————_ x 100. 


Sstart 


pig irons, however, had sulfur contents before treat- 
ment of between 0.060 and 0.120 pct. 

Lime—The burnt lime used for all these tests was 
a product of industrial quality, and of low cost. It 
was supplied by a French steel plant which has gas 
heated furnaces, thus enabling a good quality lime 
to be obtained. Lime analysis is shown in Table II. 
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Fig. 5—Lime powder grain size. / refers to IRSID’s present 
tests; K, Kalling’s datas d, powder grain size, mm; and e, 
pet under given size. 


It is to be noted that unburned parts and siliceous 
impurities can have a harmful effect on the effi- 
ciency of desulfurization, but the sulfur content of 
lime at start is of no importance (equilibrium cor- 
responding to CaS). 

The grain size of the lime powder used is given 
by the two curves shown in Fig. 5, and is compared 
with the grain size of the lime powder used by 
Kalling for his tests on the 6,600 lb rotating furnace. 

Nitrogen—Only a few tests at the very beginning 
were carried out with specially purified nitrogen. 
Ordinary nitrogen, containing less than 0.5 pct O, 
was used in most tests. 

Description of a Desulfurization Treatment—De- 
sulfurizing, either in the 700 lb or the 6,000 lb ap- 
paratus, is simple and short. Liquid pig iron is 
poured into the converter in its horizontal position 
and, after a sample of metal has been taken, nitro- 
gen and lime are blown in. As soon as a white cloud 


Table IY. Desulfurization of 0.7 Pct P Pig Iron 


Desul- 

Blewing Lime furization 

Sample Time, Blown, Efficiency, 
No. Min Lb S, Pet C, Pet Si, Pet Pet 
P14, 0 0.092 3.5 2.6 
P14 1% 55 0.025 3.4 2.6 73 
P i4 3 110 <0.003 3.4 2.5 >96 
P 14, 4% 168 <0.003 3.5 2.6 >96 


appears at the nose of the converter, it is tilted into 
its vertical position for the whole length of the 
blow, which lasts about 3 min. At the end of this 
period, the converter is tilted down into its hori- 
zontal position and the lime and nitrogen supplies 
are stopped. After sampling the metal bath, the 
liquid pig iron is poured into a ladle, and retained 
lime runs out of the converter when it has been 
completely tilted down. 


Results 

In order to study this desulfurization method 
etter, many tests were carried out with interme- 
diate tiltings and corresponding metal sampling, so 
that sulfur evolution curves could be drawn. In most 
cases the lime and nitrogen supplies were kept 
constant during the whole test, and many prelimi- 
nary experiments have shown that, under these 
conditions, the lime flow remained quite regular. 

) able III summarizes the results obtained 
with 5,500 1b of semiphosphorus liquid pig iron (1 


da 


a 
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pct P) treated in the apparatus set up at the Pont- 
a-Mousson plant and previously shown, Fig. 4. 

Blowing time was divided into three equal periods 
of 1 min each, and the corresponding sulfur evolu- 
tion curve is given in Fig. 6. 

This test shows that: starting from a value of 
0.095 pct, the sulfur content is finally reduced to 
0.009 pct, representing a desulfurization efficiency 
of 90 pct; this important desulfurization is obtained 
very quickly in a total blowing time of only 3 min; 
and carbon, silicon, and manganese contents show 
a slight decrease from the beginning to the end 
of the blow. 

b) The steep slope of the desulfurization curve 
results from the excellent conditions of contact be- 
tween the metal bath and the desulfurizing agent, 
which is obtained through this way of treating pig 
iron. The steep slope was found in most of the tests 
made. 

Table IV gives an analysis of samples taken every 
1% min during a test carried out with a mass of 
5,500 lb of semiphosphorus pig iron (P = 0.70 pct). 

Fig. 7 shows desulfurization efficiency as well as 
the rapidity of this operation. Two min after the 
start, desulfurization has already attained 90 pct, 
while the lime consumption is less than 2 pct of the 
weight of treated metal; and in less than 3 min, 
the sulfur content is brought down to less than 0.003 
pet, which is the lowest value obtainable with the 
method of chemical analysis used (combustion 
method), and which means a desulfurization effi- 
ciency exceeding 96 pct. There is no way of telling 
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Fig. 6—Sulfur evolution curve, Heat P 10; 5,500 Ib of pig 
iron. S refers to pct of sulfur content; Si, pct of silicon 
content; C, pct of carbon content; and t, blowing time, min. 
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whether further lime blowing lowers sulfur con- 
tents. 

c) It is possible to achieve greater desulfuriza- 
tion speed by increasing the lime flow rate. Thus, 
the test given in Table V represents a charge of 
5,100 lb of pig iron (1 pct P) treated with 117 lb of 
lime powder. The sulfur content dropped from a 
value of 0.088 pct at the beginning to 0.005 pet after 
only 14% min, which means a desulfurization effi- 
ciency of 94 pct. 

d) The first series of desulfurization experi- 
ments carried out with the small 700 lb converter, 
Fig. 2, proved that this new process could be very 
efficient and gave encouragement for the undertaking 
of tests on a larger scale. However, these experi- 
ments on a mass of metal weighing only 700 lb met 
with serious difficulties because too few tests, one or 
two, seldom three, were made per day; and 
also because the lining needed preheating between 
each test with a gas burner, which oxidized the 
metal left on the lining from previous tests. These 
high thermal losses and the presence of an oxidized 
slag are unfavorable for desulfurization efficiency. 

Fig. 8 represents the desulfurization efficiency 
obtained with 32 tests on basic Bessemer pig iron 
(1.7 to 1.8 pet P) containing from 0.030 up to 0.100 
pct S before treatment in the 700 lb converter. 

The points on Fig. 8 show a marked tendency 
toward the horizontal assymptote corresponding to 
a 100 pct desulfurization, but are greatly scattered; 
and the lime consumption is high. This is due to the 
formation of iron silicates owing to the oxidizing 
preheating of the lining, all the more dangerous as 
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Fig. 7—Sulfur evolution curve, Heat P 14; 5,500 Ib of pig 
iron. S refers to pct of sulfur content; Si, pet of silicon con- 
tent; C, pct of carbon content; and t, blowing time, min. 
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Fig. 8—Desulfurization obtained with the 700 Ib apparatus 
with basic Bessemer pig iron. Lining oxidized by preheating. 
Sulfur content at the beginning is between 0.030 and 0.100 
pet. The r refers to pct of desulfurization efficiency, the p, 
lime consumption (wt pct of metal bath). 


the ratio between metal weight and lining surface 
is more important for a small mass of metal. 

e) With this small scale converter, the authors 
tried adding various elements to the lime, in par- 
ticular carbon, aluminum, magnesium, calcium car- 
bide, and calcium cyanamid. The addition of carbon 
(finely crushed charcoal) did not make much of an 
improvement. Fig. 9 shows the results obtained 
with 660 lb of basic Bessemer pig iron treated with 
25 lb lime powder mixed with 25 pct of its weight 
of crushed charcoal. Results appear to be no differ- 
ent from those obtained without charcoal in this 
small converter. A marked decrease in the silicon 
content (from 0.66 to 0.40 pct) resulted from the 
oxidized lining. 

f) The use of this small 700 lb converter has, 
however, made it possible to prove the favorable 
effect of the small addition of a powerful reducing 
agent, such as aluminum. 

By adding only 2 pct aluminum powder to the 
lime, it was possible to attain extremely low sulfur 
contents, less than 0.003 pct, which is the lowest 
obtainable with the combustion method used for 


Table VY. Desulfurization with Increased Lime Flow Rate 


Desul- 
furiza- 
Blowing Lime tion Effi- 
Sample Time, Blown, ciency, 
No. Min Lb S, Pct C, Pct Si, Pct Mn, Pet Pet 
P 211 0 0 0.088 3.2 2.9 0.42 oo 
P 2le 1% ba ( 0.005 3.1 2.8 0.42 94 


sulfur analysis. Small arrows have been put next 
to corresponding points on the graph of Fig. 8 in 
order to show that the desulfurization efficiency is 
close to 100 pet. A sulfur evolution curve with 
aluminum addition to lime is given in Fig. 10. 

The example given in Fig. 10 is also quite signifi- 
cant. The 660 lb basic Bessemer pig iron with 1.8 
pet P and a very high sulfur content (0.300 pct) was 
treated with 24 lb of lime containing 2 pct of its 
weight of aluminum powder. 

Table VI summarizes the data obtained, and 
shows the extremely sharp decrease in the sulfur 
content, dropping in 4% min from 0.300 to 0.004 pct. 
Desulfurization efficiency here reaches 99 pct. 

This desulfurizing method therefore seems to be 
particularly convenient for the quick treatment of 
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Fig. 9—Sulfur evolution curve, Heat Bb 194; charcoal addi- 
tion; 660 Ib of pig iron. S refers to pct of sulfur content; 
Si, pet of silicon content; C, pct of carbon content; and 
t, blowing time, min. 


high sulfur pig irons, such as those produced in 
blast furnaces operated with slags of low basicity 
ratio. 

It must be pointed out that for all these tests, 
metal sampling was done immediately after tilting 
down the converter. 


Table VI. Desulfurization with Aluminum Powder Additions 


Desul- 
furiza- 
Blowing Lime tion Effi- 
Sample Time, Blown, ciency, 
No. Min Lb S, Pct C,Pct Si, Pct Mn, Pct Pet 
Be 202: 0 0 0.300 3.6 0.47 0.35 — 
Be 2022 1% 7.5 0.056 3.5. 0.36 0.34 81 
Be 202s 3 16.5 0.015 3.5 0.31 0.34 95 
Be 202, 442 24 0.004 3.5 0.27 33 99 


The extremely low sulfur contents finally attained 
seem to indicate that the sulfurized particles rise up 
through the metal bath very quickly. In order to 
check that point, during several different tests the 
analysis of a metal sample taken just after tilting 
down was compared with the analysis of another 
sample taken after a holding time of several min- 
utes. An example of the results obtained with a 
charge of 6,200 lb of hematite pig iron treated with 
lime powder and with a holding period of 3 min 
after final tilting down is given in Table VII and 

Other tests carried out along these lines point to 
a similar conclusion. Waiting after blowing has 
stopped has no apparent influence upon the sulfur 
content of the metal sample. This point is an ad- 
vantage of the present method compared with other 
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methods, where it is necessary to hold the bath sev- 
eral minutes while the desulfurizing particles rise 
up through the metal. 

The lime slag can have different colors according 
to conditions. An oxidizing preheating of the small 
700 lb converter gives a final dark lime, a sub- 
stantial part of which is sintered into balls having 
a diameter of up to 1 in. Where it was possible to 
avoid the presence of oxidizing slag or of fairly sub- 
stantial amounts of foreign slag coming from the 
large 30,000 lb ladles, a light colored lime, pulveru- 
lent and barely sintered, was obtained; desulfuriz- 
ing then attained a very high percentage. 

As with the Kalling process, the lime obtained 
contains metallic shots the size of which varies up 
to % in., but they can easily be removed by screen- 
ing and magnetic separation. 

Thermal losses on the 700 lb and even 6,000 Ib 
tests cannot be compared with those encountered 
with a mass of metal of 50,000 lb or more. The tech- 
nique at present consists of treating pig iron in a 
special ladle used for the transportation of the 
metal, in order to avoid thermal losses due to the 
use of a supplementary apparatus. 

The thermal loss caused by the nitrogen (or other 
gases) blown through the metal bath could seem to 
be a disturbing factor, and it is necessary to give a 
maximum value to the resulting loss of heat. 

One of the main features of the powder blowing 
apparatus used for all these tests is, as already said, 
the high lime concentration achieved in the gas 
stream. Taking a consumption of lime of 2 pct of 
the weight of metal to attain a desulfurization effi- 
ciency of 90 pct with the 6,000 lb apparatus, the ni- 
trogen consumption comes to 18 cu ft per metric ton 
of pig iron treated. If it is assumed that tempera- 
ture of nitrogen increases from 20° to 1300°C, 


0.400 4JOSOL 2.5 


Se 
0.040 
0 o|45 
fe) 4 2 3 4 Sac 


Fig. 10—Sulfur evolution curve, Heat Bc 202; 660 Ib of pig 
iron. S refers to pct of sulfur content; Si, pct of silicon con- 
tent; C, pct of carbon content; and t, blowing time, min. 
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which is the temperature of the metal bath, the fol- 
lowing maximum value for the thermal loss due to 
the nitrogen blown through the metal bath is ob- 
famed: At == 1-3°C or 2.3°F. 

It thus becomes apparent that the temperature 
drop due to the nitrogen itself is very small and can 
be neglected. 

A similar calculation shows that the temperature 
drop due to a weight of lime of 2 pct of the metal 
bath is about 30°C or 54°F. 

By taking into account the heat evolved in the 
exothermic desulfurization Eq. 2, and the heat com- 
ing from oxidation of silicon due to oxygen traces, 
a gain of about 15°C or 27°F is obtained. The net 
loss is therefore of the order of 15°C or 27°F. 


Conclusions 


This paper describes a new method of desulfuriz- 
ing liquid pig iron. A very intimate contact between 
the metal bath and the lime powder blown in during 
the operation through immersed tuyeres, together 
with the precautions taken to avoid the presence 
of oxidized or foreign slags, makes an important and 
rapid desulfurization possible. 

This method appears to be efficient, as a sulfur 
content of less than 0.003 pct can easily be achieved, 
and high sulfur pig iron ( with, for example, 0.300 
pet S) can be thoroughly desulfurized. 

The method is very quick, the time of treatment 
varying from 3 to 4 min. Sulfur evolution curves 
show a sharp drop at the beginning of the blow. It 
is unnecessary to have a holding period to allow 
sulfurized particles to rise up through the metal. 

Experiments have shown that on a mass of 6,000 
lb of metal, a lime consumption of 2 pct of the 


Table VII. Desulfurization of Hematite Pig Iron 


Desul- 
furiza- 


Blowing Lime tion Effi- 


Sample Time, Blown, ciency, 
No. Min Lb S, Pct C,Pct Si, Pct Mn, Pct Pet 
P 461 0 0 0.112 2.9 2.6. 0.76 — 
P 462 1% 60 0.030 2.8 2.60 0.75 73 
P 463 3 119 0.005 2.8 2.60 0.75 95 
P 464 Holding period 0.005 2.8 2.6 0.75 95 


of 3 min after 
final tilting 
down 


weight of metal makes sulfur content drop from 
0.100 pct to less than 0.010 pct. Lime is cheap and its 
high concentration in the gas stream leads to a very 
small thermal loss resulting from the blowing of the 
gas. 

This method can, therefore, be applied to all the 
different problems of pig iron desulfurization en- 
countered either in foundries or in integrated steel 
plants, and especially in those operating acid blast 
furnaces. 
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of carbon content; and t, time, min. Blowing time was 3 min 
and holding time was 3 min. 
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Synthesis Some Ferrites 


by Horst Kedesdy and Arthur Tauber 


ERRITES are sintered metallic oxides of the 

spinel structure type’ and belong to the class of 
soft ferromagnetic materials. Similar to a ceramic, 
they can be formed and fired to a dense body, ex- 
hibiting a high electrical volume resistivity ranging 
from 10° to 10’ ohm-cm as compared with 10° ohm- 
em for some of the metallic magnetic materials. 
This high resistivity, with resulting low eddy cur- 
rent losses, finds special application at high fre- 
quencies. The dispersive susceptibility of ferrites 
at microwave frequencies has also led to many ap- 
plications in this field. Ferrites are used in low fre- 
quency applications where high resistivity with high 
permeability is desirable. During the last few 
years ferrites exhibiting rectangular hysteresis 
loops have been developed for computer and mag- 
netic memory systems. 

The general formula for ferrites is MeFe.O, 
where Me is a divalent metal ion such as Ni, Zn, 
Mg, Mn, Cu, Cd, and Fe. Only two of these ferrites 
are nonferromagnetic, namely, those with Zn and 
Cd. Solid solutions can be formed between different 
ferrites, and it is of interest to note that solid solu- 
tions of a ferromagnetic ferrite with a nonferro- 
magnetic ferrite yield much better magnetic mate- 
rials than the basic ferrite body. In general, it can 
be said that the solid solution formation between 
ferrites has widened the field of ferrite synthesis 
and has led to methods of preparing materials with 
a large variety of magnetic properties. 

During the last two decades the synthesis of 
ferromagnetic oxides has been the object of exten- 
sive research, but commercial production has been 
started only within the last ten years. Along with 
more fundamental studies, there remains the never- 
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Fig. 1—Reaction mechanism for Ni-ferrite formation. (After 
Cc. Wagner.’) 


ending task of developing ways to realize the op- 
timum characteristics of materials in large-scale 
production. Ordinarily, to produce a ferrite material 
it is necessary for the constituent oxides to be mixed 
intimately, pressed, and then fired at temperatures 
above 1000°C. 

Ferrite Synthesis: Formation of a basic ferrite by 
solid state reaction from Fe.O, and a monoxide such 
as NiO, under normal atmospheric conditions, is 
governed by a progressive diffusion of cations be- 
tween adjacent particles of the constituents. Firing 
temperature, furnace atmosphere, and cooling can 
vary the magnetic properties, however. If, for ex- 
ample, a dioxide, a sesquioxide, or an oxide of the 
Me,O, type is substituted for the monoxide, the re- 
action mechanism becomes more complex and ex- 
tremely dependent on atmospheric conditions and 
firing cycles. For this reason reproduction often 


Table |. Spectrochemical Analysis of the Constituent Oxides and Fired Toroid Cores* 


Element 
Analyzed for Fe203 MnCO3 NiO NiFesO, MnFe204 
Si 0.01 <0.01 0.06 0.1 0.1 0.0% 
Al 0.01 0.01 0.005 0.02 0.002 <0.01 
Fe Major <0.01 Not detected Major Major Major 
Mg Not detected 0.01 Not detected Not detected Not detected <0.01 
Ca Not detected <0.01 Not detected Not detected Not detected 0.01 
Pb Not detected <0.02 Not detected Not detected Not detected Not detected 
Sn Not detected Not detected Not detected Not detected Not detected Not detected 
Ti 0.0 Not detected Not detected Not detected Not detected 0.01 
V <0.01 Not detected Not detected Not detected Not detected Not detected 
Cr <0.01 Not detected <0.001 Not detected Not detected Not detected 
Mn 0.01 Major 0.01 <0.01 <0.01 Major 
Cu <0.01 Not detected 0.002 0.003 0.003 <0.01 
Ni 0.01 Not detected Major Major Major 0.01 
Zn. Not detected Not detected Not detected Major Major Not detected 


* Results are in weight percent. 
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Fig. 2—Bulk density apparatus. 


fails even in cores from the same batch material, 410 EXER 
with the same magnetic properties. Synthesis of a 
ferromagnetic oxide of final magnetic properties 
consists not only of a completion of the solid state 
reaction between the constituent oxides to form the 
spinel structure, but also in the densification of 
material, diffusion of the cations to form a homoge- NiO+ZnO+Fes03 > 
neous body, and grain growth. A9= 8.38A 

This article discusses results of systematic inves- hkl 600°] 700°| 800° 900°| 100° i250” hk! 
tigations of the formation of a basic ferrite, such M1 
as Ni ferrite; a mixed ferrite, such as NiZn-ferrite; 
and a ferrite involving a complex formation process, 
such as Mn-ferrite. Trends in magnetic charac- 
teristics are related to change in firing cycle and 
furnace atmosphere. 


800 


Specimen Preparation and Testing Procedures: 200 ————— 400 
For synthesis of Ni- and NiZn-ferrite, constituent Ce a 
oxide mixtures consisted of Fe,O; with NiO and a ee 
with NiO + ZnO (1:1); for the Mn-ferrite syn- 10 
thesis an oxide mixture of Fe,O,; and Mn,0O, was aN, 333 


chosen. Zn 103 

Single-phase Baker-analyzed reagent NiO, Fisher 
ZnO, and Fe.O, of C.P. grade were used in prepar- 
ing the samples. Mn,O, was prepared from Fisher 
C.P. grade MnCO, by heating in air at 1000°C for 
1 hr and air quenching to room temperature. The 
sample was then reground, reheated for another 
hour at the same temperature, and then quenched 
to room temperature. Particle size, as determined 
by electron microscopy, was about 0.01y for Fe.O,, 
for NiO, and 1p for Mn,O,. 

Pellets %-in. OD and %-in. thick, pressed at 25,- 
000 psi, were used for the solid state reaction 
studies. The pellets were prepared from the pow- 


dered oxides, which were dried overnight at 110°C. 44) ANT 200 
The exact weights of oxides were measured, mixed, Zn2il| 400 

and ground.in the dry state in a boron carbide mor- 
tar for about 3 hr. Spectrochemical analysis in- ih eee 

dicated no contamination from the mortar. FesO3 NiO FERRITE 


For the magnetic studies toroids were selected, 
prepared by mixing and grinding carefully weighed 
constituent oxides. The dry oxides were ground in 
cined in static air at 950°C for 5 hr in a globar fur- 
nace, and cooled by air quenching. The calcined 
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Fig. 4—The Mn-ferrite formation under different firing conditions. Wide columns indicate major phase and narrow columns minor 


phase. 


product was broken up in a steel mortar and trans- 
ferred to a motorized mullite mortar, where it was 
ground with water for 2 hr. The resulting cake was 
dried out at 110°C and the material passed through 
a series of sieves; the last increment contained par- 
ticles that had passed through a No. 150 Standard 
U. S. sieve. 

For every 50 g of sample, 2 cu cm of a 4 pct 
aqueous solution of DuPont Polyvinyl alcohol were 
added as a binder. The binder was volatilized as 
the toroids were heated slowly during the appro- 
priate firing cycle. Spectrochemical analyses of 
these toroids are given in Table I. All pellets and 
toroids were fired in a Baker E-2 platinum wound 
resistance furnace. Both pellets and toroids were 
fired for 5 hr, at the final temperature, with the 
following firing cycles: 

A. Heated and Slow-Cooled in Air: Samples 
heated in this cycle were brought to the final tem- 
perature at about 150°C per hr. After the samples 
were soaked 5 hr, the furnace was turned off and 
the cooling followed a parabolic curve; room tem- 
perature was reached in 2 to 3 hr, depending on 
the soak temperature. 

B. Heated in Air and Quenched in Air: The heat- 
ing cycle was the same as in A. Cooling, however, 
was accomplished by removing the sample from the 
furnace at its soak temperature, then permitting 
it to cool to room temperature on a ceramic block; 
cooling time was no longer than 10 min. 

C. Heated in Nitrogen and Slow-Cooled in Ni- 
trogen: The heating cycle was the same as in A and 
B except that a nitrogen atmosphere, at a pressure 
slightly above atmospheric and at a flow rate of 0.5 


firing cycle. After 5 hr of firing the furnace was 
turned off and the sample left to cool. Here, a nitro- 
gen stream was maintained until room temperature 
was reached, speeding the cooling process in this part 
of the cycle. 

D. Heated in Air and Quenched in Water: This 
additional firing cycle, used in the study of Mn-fer- 
rite, applies to formation studies only. The heating 
cycle was identical to the cycle for samples fired 
previously. The sample was then removed quickly 
from the furnace while it was at soak temperature 
and dropped into distilled water, cooling to room 
temperature within 8 sec. Firing temperatures 
ranged from 600° to 1400°C for the solid state re- 
actions and from 1000° to 1450°C for the magnetic 
studies. 

X-Ray Diffraction Studies: X-ray diffraction was 
used to study the solid state reaction. FeK-radia- 
tion, filtered through manganese oxide, was used 
throughout. Both Debye-Scherrer powder film pat- 
terns and diffractometer traces were prepared. The 
film patterns were made by grinding to a powder 
the sintered ceramic material from the central por- 
tions of pellets or toroids. Diffractometer traces 
were prepared from powdered samples, as well as 
from unmodified and polished surfaces of the sin- 
tered ceramics. 

Magnetic Measurements: The hysteresis loop 
traces were obtained with an automatic recording 
flux meter,’ which produced a trace of the curves on 
standard rectangular coordinate paper. 

All toroids were wound with 3000 primary and 
30 secondary windings. The primary winding is 
used to generate the magnetizing force by ener- 


liters per min, was maintained throughout the entire gizing it with a controlled direct current; H, the 
No 
VOLTMETER =O =< 
TEST POWER WITH DECADE 
OSCILLATOR AMPLIFIER RESISTOR AMPLIFIER VOLTMETER 
SHUNTS 


Fig. 5—Schematic block diagram for determination of initial permeability of toroidal ferrite cores. 
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magnetic strength in oersted, is proportional to I, 
the magnetizing current. The secondary winding is 
connected with the integrating elements of the flux 
meter. The meter converts the change in flux, link- 
ing the search coil, to variations in current propor- 
tional to the flux density, B. The scales of the two 
mechanisms of the recorder are adjusted by the two 
currents fed to it through separate networks. The 
B element mechanism drives the pen proportion- 
ately to B, while the H mechanism drives the paper 
drum proportionately to H. The B-H loop is traced 
by constantly increasing the magnetic current from 
zero to a positive value, immediately followed by a 
cyclic reversal of the same value. All measurements 
were made at a maximum field strength 
oersteds. Initial permeability (u;) was determined 
with a conventional bridge circuit at 1 kc. Measure- 
ments for initial d-c permeability were made on the 
same toroids used for hysteresis loop tracing without 
a change of windings. An oscillator was used to 
drive the primary of the toroids (Fig. 3). The pri- 
mary magnetizing current and voltage and the volt- 
age in the secondary winding were measured with 
vacuum tube voltmeters. An average value for 
initial permeability was obtained for each core 
from nine individual measurements made close to 
zero field H (0-25 milli oersteds). Initial perme- 
ability can be calculated from 


B 
where B= 
A: Nz f 
0.4-\/2L-N, 
dm 
E, = voltage in millivolts across second- 


ary winding. 


A = cross sectional area of core in cm’. 
N, = number of primary turns. 

N, = number of secondary turns. 

f = operating frequency (1 kc). 

I, = primary current in amperes. 

dn = mean diameter of core in centimeter. 


Bulk Density Measurements: Bulk density meas- 
urements were made with a device based on Archi- 
medes’ principle—a brass wire frame of about 
4x6 in. shown in Fig. 2. A small nut is soldered in 
the center of the crosspiece and into this is screwed 
a glass rod 2 in. long that terminates in a flattened 
disk. Soldered to the crosspiece on the bottom of 
the device is a brass disk that holds the weights 
used in the measuring process. The whole device 
is suspended over a small beaker of mercury. The 
sample is floated on the surface and the disk of 
the rod rests directly on it. The weights are 
placed on the brass disk until the mercury menis- 
cus is aligned with a predetermined zero point on 
the glass rod. The density of the sample is given by 


W, 
Wop we 
where 
dz, density of mercury in g per cm*. 


W, = weight of sample in air, g. 
W.’ = weight of sample in mercury, g. 


Data for densities and weights must be deter- 
mined at the same temperature. In these investiga- 
tions measurements were performed at 26°C. 
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Fig. 6—Lattice constant of Mn-ferrite ys firing temperature. 
Crosses indicate air firing and air quenching to RT; solid 
circles indicate air firing and slow cooling in furnace to RT; 
and open circles indicate firing in a gaseous Ne atmosphere 
with slow cooling in Noe to RT. 


Experimental Results 


Formation of Solid State Reaction: Ferrite forma- 
tion, as determined by X-ray diffraction measure- 
ments, begins between 650° and 700°C for both Ni- 
ferrite and NiZn-ferrite; for the Mn-ferrite, tem- 
peratures between 850° and 1000°C are required, 
depending on furnace atmosphere. The reaction 
mechanism for the formation of Ni- or NiZn-fer- 
rites from their constituent oxides can be visualized 
as a Wagner type of diffusion*® at the particle inter- 
face (Fig. 1). The reaction leading to the formation 
of Ni-ferrite can be represented, for example, by: 


NiO + Fe.O, > NiFe.O,. 


Fig. 3 is a graphical representation* based on X-ray 
diffraction data, obtained from powdered ceramic 
pellets, of the formation in air of Ni- and NiZn- 
ferrite. Diffraction lines of the unreacted oxide 
mixture are plotted on the left side of each diagram 
in such a way that from the top to the bottom the 
diffraction angle increases. Any change in position 
or intensity of diffraction lines, at increasing firing 
temperature, is easily noted by following the lines 
across the diagram. The right hand side of the dia- 
gram shows the completed ferrite diffraction pattern 
(black lines). Pronounced shifts of the ferrite lines 
are seen in the first stage of formation, indicating 
crystal lattice distortion of the newly formed ferrite 
phase. This distortion vanishes as higher firing tem- 
peratures are reached. Accurate lattice constant 
measurements have shown that for bodies quenched 
from 1000° to 1200°C there is first an increase in 
lattice constant, followed by a slight decrease. The 
total change never exceeds 0.005A. A single-phase 
material is observed after firing at 1250° or higher. 
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Figs. 7, 8, and 9—Hysteresis loops of Ni, Ni-Zn, and Mn ferrites prepared under different conditions. Abscissa scale is in oersteds 
and ordinate scale in gauss. 
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Table Il. Chemical Reactions Governing the Formation of MnFe,O, from Mn3O, + FesO, (1:3 Mols) in Air 
and Nitrogen 


Heating in Air Atmosphere 
1. Initial mixture: 
2. At 600°C (oxidation of MnsQ,): 
°C (ferrite formation and i 
Heating in Nitrogen Atmosphere secur 
1. Initial mixture: 


2. At 850°C (ferrite formation and reduction): Mns04 + 3 Fe2O3 > 3 MnFe2O4 + %Oo 


MnsO4 + 1.5 MnoOg 
1.5 Mn2O3 = MnsO4 + 
+ 3 FesO3 = 3 MnFe2O4 + 


(MnzgO4 + 3 Fe2Os) 
(1.5 + 3 FesOs) 
(MngO4 + 3 Fe2Os) 

(3 MnFe204) 


(MngO4 + 3 FeeOs) 
(3 MnFe2O.4) 


Formation of Mn-ferrite,° from mixtures of Mn,O, 
and Fe.O; fired in air, is not a simple reaction. The 
various phases detected are given in Table II. Re- 
actions that occurred in air are compared with those 
that occurred in a nitrogen atmosphere. In the ni- 
trogen-fired samples, the constituent oxides are 
present and unchanged up to the reaction tem- 
perature 850°C; the Mn,O, in the air-fired samples 
undergoes an oxidation to Mn,.O, at about 600°C. 
Before Mn.O, reverts to Mn,O, at higher tempera- 
tures (950°C), solid solutions between Fe.O, and 
Mn.O; are observed. These solid solutions begin to 
dissociate (below 950°C) into Mn,O, and Fe.O,, that 
is, back to the initial constituent mixture, by a re- 
duction of the Mn.O, part of the solid solution. The 
dissociated phases Mn,O, and Fe.O,; probably still 
contain small amounts of Fe-ions and Mn-ions 
respectively. At 1000°C the ferrite formation from 
MnO, and Fe.O,; can be represented by: 


Mn,0, + 3MnFe.O, =F OF 


These results, obtained from X-ray diffraction 
data for both air firing and nitrogen firing, are 
shown schematically in Fig. 4. The column to the 
left of each firing cycle represents the major phase 
at different firing temperatures; columns to the right 
indicate the minor phases. For the air-fired samples, 
ferrite formation starts at 1000°C; the nitrogen- 
fired samples show the first ferrite formation at 
850°C. In the air-fired and air-quenched cycle, the 
presence of a single ferrite phase indicated that the 
reaction was completed at 1150°C; for the nitrogen- 
fired sample it was completed at 1250°C. No single 
ferrite phase material could be obtained when the 
samples were slow-cooled in air. This was deter- 
mined by examining the central portion of the ce- 
ramic pellet, using X-ray diffraction. 
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Fig. 10—The d-c hysteresis loop. 
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During formation of the Mn-ferrite phase, a 
change of lattice constant is observed which is much 
more pronounced than it is in the Ni- and NiZn-fer- 
rites. With the exception of the air-fired and slow- 
cooled sample, the lattice constant is stabilized at 
about 1400°C, Fig. 6. 


Magnetic Hysteresis Loop: The manner in which the 
magnetization B (in gauss) varies with the applied 
magnetic field H (in oersteds) for a typical temporary 
magnetic ferrite sample is shown in Fig. 10. The mag- 
netization curve shown by the dotted line is obtained 
by subjecting the magnetic material that has not been 
magnetized before to a gradually increasing magnetiz- 
ing force H. The magnetization first increases slowly 
and then more rapidly, and finally approaches a satura- 
tion value, Bn. For the initial part at low fields, H, the 
slope of the curve has been designated as the initial 
permeability «i, frequently employed as a figure of 
merit when different magnetic materials are compared. 
The higher the initial permeability is, the greater the 
likelihood that saturation will be reached at lower 
fields, H. 

If the magnetizing force, H, is gradually reduced 
from the highest applied value to zero, the magnetiza- 
tion in the material decreases to a value B,, known as 
the residual induction. If the magnetizing force is 
then reversed (by reversing the current in the primary 
winding) and increased in the negative direction, the 
magnetization is reduced to zero. At this point, the 
value of the demagnetizing force is —H., known as the 
coercive force. If the field H is varied cyclically be- 
tween +H and —H, a complete hysteresis curve is 
traced out with no return to the starting point. 


Development of Hysteresis Loops: The B-H loops 
in Figs. 7-9 show the development of the magnetic 
properties of the three ferrites, as the firing tem- 
perature increases during the three firing cycles. 

1. Ni-Ferrite (Fig. 7): It is apparent from the 
hysteresis loops that the three different firing meth- 
ods applied cause no appreciable difference in the 
magnetic characteristics. From X-ray diffraction 
data it was established that the ferrite phase was 
the major phase present in the reaction product at 
1100°C. Since at this firing temperature the crystal- 
lite size is small and the body is porous with a dis- 
torted lattice, the hysteresis loop is poorly devel- 
oped. Ordering of the cations, sintering, and recrys- 
tallization take place at about 1250°C, where the 
diffraction line pattern of the ferrite is found to 
be sharp and is that of a nondistorted cubic lattice. 
At this temperature development of a character- 
istic hysteresis loop was also observed. Maximum 
flux density of the basic Ni-ferrite at a firing tem- 
perature at 1400°C is less than 2000 gauss for all 
three firing conditions; the coercive force is very 
high, ranging between 7 and 10. 

2. NiZn-Ferrite (Fig. 8): At a firing temperature 
of 1000°C the hysteresis loop is more defined than in 
the case of Ni-ferrite. This is in agreement with 
the reaction studies, where it was observed that the 
beginning of the NiZn-ferrite formation took place 
at a somewhat lower temperature. The greatest im- 
provement in development of the hysteresis loop 
can be seen in the sample fired at 1400°C. The maxi- 
mum flux density appears to be twice as large and 
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Fig. 11 (top row)—Maximum flux density ys firing temperature. Fig. 12 (second row)—Coercive force ys firing temperature. Fig. 13 
(third row)—Residual induction ys firing temperature. Fig. 14 (last row)—lInitial permeability ys firing temperature. In each in- 
stance crosses indicate air firing with air quenching to RT; solid circles indicate air firing and slow cooling in furnace to RT; and 
open circles indicate firing in a gaseous Ne atmosphere with slow cooling in No to RT. 


1146—JOURNAL OF METALS, SEPTEMBER 1957 TRANSACTIONS AIME 


| 

| 

| 

| 


Table III. Comparison of Magnetic Data of Ni-, NiZn, and Mn-Ferrite Prepared Under the Most Favorable 
Conditions Between 1200° and 1450°C 


Firing Bm B; K= 


He 4 
Ferrite Temp, °C Gauss Gauss Bm Oersted (at Ko) 1 Firing Cycle 
Ni— 1200 300 80 0.27 22 i 
1300 750 375 0.50 13.2 13.0 
1400 1700 1200 0.71 8.2 24.2 
<Aee F 1450 1630 875 0.54 5.4 29.5 
i, Zn— (1:1) 1200 1350 700 0.52 4.6 54.4 Air fired—slow cooled 
1300 3550 2150 0.61 1.2 231 
1400 4000 2200 0.55 0.37 322 
2000 0.51 0.36 329 
= 1600 0.64 2.95 100 : = 2 
400 No2(g) fired—slow cooled (N2(g)) 
1400 3400 2500 0.74 0.88 210 
1450 3500 2800 0.80 0.63 260 


the coercive force about ten times as small as that of 
the basic Ni-ferrite. The air-fired, slow-cooled cycle 
proved to be the best of the firing conditions. 

3. Mn-Ferrite (Fig. 9): The beginning of fer- 
rite formation, as can be seen from the hysteresis 
loops, is delayed in the air-fired samples. This is 
in agreement with the solid state reaction studies 
previously described. The loops differ only slightly 
in appearance at 1100°C, while at 1400°C the loop 
of the air-fired, slow-cooled sample differs remark- 
ably from the samples fired in air and quenched 
and from the samples fired in nitrogen and slow- 
cooled. This is contrary to results obtained in Ni- 
and NiZn-ferrite. Maximum flux density is slightly 
lower than that of NiZn-ferrite, whereas the coer- 
cive forces of each are comparable. It can be ob- 
served that the Mn-ferrite exhibits a much better 
rectangular-shaped hysteresis loop than NiZn-fer- 
rite. 

Evaluation of Hysteresis Loops: Results of a more 
detailed evaluation of the loops of these three fer- 
rites are shown in Figs. 11-14, where B,,, H., B,, and 
pi for the three ferrites are plotted as a function of 
formation temperature. A set of three curves is 
given for each ferrite corresponding to each of the 
different firing conditions. 

1. Maximum Flux Density Bn: For Ni-ferrite, 
the optimum B,, for all three firing cycles occurs at 
1400°C. The sample that was air-fired and slow- 
cooled gave the highest value of about 1700 gauss. 
At a higher firing temperature, the B,, of this sam- 
ple decreases, perhaps as a result of decomposition 
and consequent Fe.O, formation. The quenched 
sample and the nitrogen-fired sample both attain 
a constant value for B,, of about 1500 gauss and are 
less sensitive to over-firing. For NiZn-ferrite, with 
a firing temperature between 1300°and 1400°C, a 
much higher value for B,, (4000 gauss) is achieved. 
The effect at 1400°C of the different firing conditions 
on the magnetic properties of these ferrites is very 
small. In Mn-ferrite it can be seen that of the three 
types of fired bodies the nitrogen-fired and the air- 
fired, air-quenched bodies show the highest B, 
values. A maximum flux density of 3500 gauss can 
be obtained for these bodies, when fired at 1400°C, 
a value comparable to that obtained from NiZn- 
ferrite. 

2. Coercive Force H.: The coercive force de- 
creases very rapidly with increasing firing temper- 
ature. For Ni-ferrite H, = 5 is attained at 1450°C, 
and it seems that a further decrease could be ob- 
tained at higher temperatures. At about 1400°C the 
coercive force for NiZn-ferrite reaches a constant 
value of 0.25, which is twenty times smaller than 
the value found for the basic Ni-ferrite. At 1450°C 
H, for Mn-ferrite has decreased to 0.63, which is 
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about equal for all samples regardless of firing 
method. For ferrite samples fired in nitrogen at 
950°C, the lower value of H, is found in the case of 
Mn-ferrite. 

3. Residual Induction B,: B, varies in the same 
way as B,, with firing temperature. In Ni-ferrite, 
the change in B, is very sharp between 1300°C and 
1400°C; the air-fired slow-cooled samples show the 
largest value of B,. At temperatures higher than 
1400°C B, decreases rapidly, indicated by flatten- 
ing of the loop. The maxima of the curves are 
broader for NiZn-ferrite, which indicates that fluc- 
tuations of firing temperature in the 1200°C to 
1400°C range are not critical. In Mn-ferrite, B, is 
enhanced by firing in a nitrogen atmosphere. When 
Mn-ferrite is compared with the two other ferrites, 
no maximum is observed and B, increases steadily. 

4. Initial Permeability yp, (1kc): Initial perme- 
ability increases in the same manner with increasing 
firing temperature as B, and B,. The shapes of the 
pi-curves for Ni-ferrite are very similar; the high- 
est value of 29.5 is obtained with firing in air and 
slow cooling. NiZn-ferrite shows a maximum value 
of «; = 325, which is one order of magnitude higher 
than for Ni-ferrite. A maximum value of p; = 250 
was obtained for Mn-ferrite at 1450°C with firing in 
a nitrogen atmosphere. 


Discussion 


Studies of formation of Ni-, NiZn-, and Mn-fer- 
rites from their constituent oxides by solid state re- 
action reveal that the beginning of ferrite for- 
mation, as observed by X-ray diffraction, occurs at 
temperatures below 1000°C. After firing at 1250°C, 
the reaction is completed. At this temperature, as 
determined by magnetic measurements, magnetic 
property values of all the ferrites fall far short of 
optimum. Firing temperatures up to 1400°C (Ni, 
NiZn-ferrite)—and 1450°C or slightly higher (Mn- 
ferrite) at the favorable firing condition—are re- 
quired to obtain ferrite materials with the best pos- 
sible properties. Of the three firing conditions se- 
lected in this investigation, the air-fired and slow- 
cooled cycle is best for synthesis of Ni- and NiZn- 
ferrite. The best method for the synthesis of Mn- 
ferrite is the nitrogen-fired, slow-cooled cycle. 

Table III summarizes the magnetic data for fer- 
rites, which were prepared under the most favor- 
able conditions. The data given are for four firing 
temperatures, 1200°C, 1300°C, 1400°C, and 1450°C. 
It will be seen that the highest values for B,, and 
B, (for the firing cycles indicated) are attained at 
firing temperatures of 1400°, 1400°, and 1450°C (or 
higher) for Ni-, NiZn-ferrite, and Mn-ferrite, re- 
spectively. The values for H. and yp; indicate contin- 
uous improvement as the firing temperature in- 
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Fig. 15—Density of Ni-, NiZn, and Mn-ferrite as a function 
of firing temperature. 


creases. There might be even further improvement 
if higher firing temperatures could be obtained. The 
ration B,/B,,, which is indicative of the squareness of 
the hysteresis loops, is included. It is apparent that 
Mn-ferrite would be the basis of good rectangular- 
loop material. It is known that this ferrite, when in 
solid solution with other ferrites (Zn- or Mg-fer- 
rite), shows a nearly perfect rectangular hysteresis 
loop. 

As was demonstrated, the furnace atmosphere can 
influence the magnetic properties of all these fer- 
rites. Firing in air supports oxidation, while firing 
in an inert atmosphere, such as nitrogen, supports 
reduction. In all the magnetic ferrites except mag- 
netite, it is supposed that iron is present in the 
trivalent state and that reduction would change the 
valence state from Fe* to Fe* (formation of Fe,O. = 
FeO - Fe.O;). Oxidation of the Fe-ion to a valence 
state higher than 3 is questioned. Therefore, with 
respect to the Fe-ion only, an oxidizing atmosphere 
such as air would be the most promising. For Ni- 
or NiZn-ferrite, where any change of the valence 
state of Ni or Zn in the spinel structure can be con- 
sidered negligible, air firing and slow cooling would 
again be the best choice, which was proved by these 
experiments. In the case of Mn-ferrite, air firing 
would support oxidation of the Mn-ion resulting in 
a valence state change for Mn* to Mn* (formation 
of Mn.O, or Mn,O,) or Mn* (less likely at high tem- 
peratures). Accordingly, firing in a reducing atmos- 
phere would be required; to maintain the Fe-ions in 
the +3 state, however, an oxidizing atmosphere 
would be required. The experimental results prove 
that prevention of oxidation of the Mn-ion is more 
important; the nitrogen-fired sample gave the best 
magnetic properties for the Mn-ferrite bodies. 
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Density of the fired bodies (Fig. 15) increases 
rapidly as the firing temperature increases and 
reaches, for Ni- and NiZn-ferrite, a maximum at 
about 1400°C; it then slowly decreases owing to 
decomposition of the material. The density of Mn- 
ferrite is still increasing at high firing temperature. 
Under the experimental conditions set up for this 
investigation, densities of 85 pct, 92 pct, and 87 pet 
of the theoretical density were obtained for Ni-, 
NiZn-, and Mn-ferrite, respectively. When Figs. 11- 
14 are compared with Fig. 15, the density may be 
observed to change along with the magnetic prop- 
erties. When density is plotted against magnetic 
properties for corresponding firing temperatures, 
there is a nearly linear relationship except in the 
lowest and highest temperature regions. In the 
former the reaction is not completed, and in the 
latter, decomposition in addition to density is af- 
fecting the properties. Ideally, ferrites such as Mn, 
Ni or NiZn contain these cations in the divalent 
state and iron is in the trivalent state. Departures 
from these states are considered here as decomposi- 
tion. As the sintering temperature is increased in 
ferrites, there is a tendency for the oxygen content 
to change.*° Trivalent iron is reduced to divalent 
iron in magnetite above 1400°C in air. When other 
cations are present, the tendency toward oxidation 
will vary. Ferrites have an equilibrium oxygen 
pressure that usually increases with temperature. 
Decomposition has been observed at the surface of 
ceramic pellets of Mn-ferrite.” In fact, decomposi- 
tion of Mn-ferrite also occurs in the bulk, as demon- 
strated by a change in the lattice constant observed 
on central portions of the pellets. Mn-ferrite may 
decompose by either an oxidation or reduction. 
Chemical analysis should indicate an increase in the 
presence of either Mn* or Fe. The products in 
either case will form a solid solution with Mn- 
ferrite itself. Since lattice constant is sensitive to 
changes in valence, a change in lattice constant can 
be expected. The results are qualitatively con- 
sistent with the explanation given. 

Evidence for the decomposition of Ni- or NiZn- 
ferrite is demonstrated by the reduction of density 
and magnetic properties above 1400°C. Ni* and Fe 
are possible oxidation and reduction products. 
Vitert’ and Suchet* have both shown that either 
oxidation or reduction can be inhibited by incorpo- 
ration of small impurities such as manganese, cobalt, 
or copper oxide. A more detailed analysis is being 
made of the property changes with density and 
crystallite size. 
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Tensile Deformation of Aluminum as a Function Of 


Temperature, Strain Rate, and Grain Size 


True stress, true strain data are presented for two lots of high-purity aluminum 
annealed to produce several different grain sizes from each lot. The testing tem- 
perature range 20° to 873°K (0.021 to 0.94 T/T,,,) was explored and the effect of strain 


rate was measured at 77° and 300°K. 


by R. P. Carreker, Jr., and W. R. Hibbard, Jr. 


NE of a series, this report is concerned with the 

experimental documentation of the deformation 
behavior of pure metals over a wide range of tem- 
perature. Previous reports in the series describe the 
creep behavior of platinum’ and aluminum’ and the 
tensile behavior of copper,’ silver,* and molybde- 
num.’ Subsequent reports will describe the creep 
behavior of copper and silver and the tensile be- 
havior of platinum, thus providing extensive creep 
and tensile data on four face-centered-cubic metals 
tested under comparable conditions. 


Material 

Two lots of high-purity aluminum were used in 
this investigation. One lot, designated AC, was ob- 
tained direct from the Aluminum Co. of America as 
high-purity aluminum in notch-bar form. A typical 
analysis of this type of aluminum is 0.006 pct Si, 
0.015 pct Cu, 0.006 pct Fe, and 99.975 pet Al. Lot 
BS was obtained from J. I. Hoffman of the Bureau 
of Standards as a portion of the Aluminum A de- 
scribed in his report of the redetermination of the 
atomic weight of aluminum.’ Lot BS originated with 
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JR., Member AIME, are associated with General Electric Co., 


Schenectady. 
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the Aluminum Co. of America also, and was re- 
ceived in the standard notch-bar form. A detailed 
chemical and spectroscopic analysis of lot BS has 
been published.* Principal impurities were 0.006 pct 
Si, 0.003 pct Fe, 0.002 pet Cu, and >99.987 pct Al. 

Samples were processed identically by room-tem- 
perature swaging and drawing to 0.030 in. diam 
wires from approximately % in. diam rods that 
were machined from the notch-bar pigs. Samples 
were cut from the cold-drawn wire, placed in a 
grooved graphite block in groups of thirteen, and 
annealed in air for 1 hr at each of several tempera- 
tures, with the results shown in Table I. The two 
lots of aluminum responded quite differently to an- 
nealing, the behavior of aluminum AC suggesting 
that its grain growth was controlled by impurities. 
The recrystallization texture of aluminum of similar 
purity comparably treated has been reported as 
predominantly <111> fiber with some <100> fiber 
present.’ 

Testing Procedure 

The testing procedure and method of analyzing 
the data have been described previously.** An- 
nealed specimens of 5 in. gage length were tested in 
an Instron tensile testing machine at a constant head 
motion corresponding to a strain rate of 0.04 min” 
at a number of temperatures. Instantaneous tenfold 
rate changes were employed in some tests to deter- 
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400 


Fig. 1——Tensile strength of two 
lots of aluminum as a function 
of temperature and grain size. 


Fig. 2—Yield strength (co at e 
= 0.005) of two lots of alumi- 
num as a function of tempera- 
ture and grain size. 
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Fig. 3—Percentage elongation 
of two lots of aluminum as 
a function of temperature and 
grain size. 
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subscript zero refers to initial values; all other 
symbols refer to instantaneous values. 


Effect of Temperature 

Figs. 1 to 3 show the effect of temperature on the 
tensile strength, the yield strength, and the percent- 
age of elongation for the two lots of aluminum an- 
nealed at several different temperatures. Note that 
grain size (or annealing temperature) has a pro- 
nounced effect on the yield and tensile strengths of 
aluminum AC, but has a comparatively slight effect 
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on the yield strength of aluminum BS and a neg- 
ligible effect on its tensile strength. The virtual 
independence of the tensile strength on grain size 
(or annealing temperature) is consistent with the 
behavior of 99.999 pct Cu.” 

Fig. 4 shows a typical family of true stress-true 
strain curves for aluminum BS tested at several 
temperatures. Fig. 5 is a logarithmic plot of the 
same data. A straight line on such coordinates im- 
plies a stress-strain relationship of the form o = 
Ke”. The data of Fig. 5 do not conform to that rela- 
tionship over the entire range of strain but, in the 
range « = 0.01 to 0.10, they approximate the rela- 
tionship sufficiently well for m at «= 0.10 to be a 
quantitative measure of strain hardening. Values of 
the strain-hardening exponent, m, are plotted as a 
function of temperature in Fig. 6. As would be ex- 
pected, strain hardening decreases with increasing 
temperature. However, the shape of the curve is 
quite different from the approximately linear de- 
pendence observed for copper* and silver.‘ 

Fig. 7 is a composite plot of tensile strength as a 
function of temperature, including all comparable 
data from the literature and data on both BS and 
AC aluminum from the present report. A 10 pct 
scatter band includes all data, except a portion of 
Inokuty’s* in the region where impurities have their 
maximum effect. The consistency of the tensile 
strength of nominally pure metals in the annealed 
condition, regardless of the details of testing pro- 
cedures, minor impurities, grain size, and metal- 
lurgical history, has been noted in previous reports 
on copper® and silver.* 

The scatter bands for these face-centered-cubic 
metals are compared in Fig. 8 on a reduced tempera- 
ture scale. The behavior of copper and silver are 
strikingly similar. The reduced temperature scale 
normalizes the shape of all three—copper, silver, 
and aluminum—curves above T/T, = 0.2, but the 
tensile strength values do not coincide. A second 
shift, along the stress axis, would be necessary to 
make them superpose; the degree and direction of 
the stress axis shift apparently are proportional to 
the melting point of the metal. The large increase 
in tensile strength of aluminum below T/T,, = 0.2 
is not shown by copper or silver. It is similar to the 
temperature dependence of the tensile strength of 
body-centered-cubic metals, in which impurities 
exert a strong influence.” 

Fig. 9 is a plot of the true flow stress at several 
arbitrary strains as a function of temperature for 


(psi) 


J 
0.1 0.2 0.3 0.4 
Ep 


Fig. 4—Typical family of true stress-true strain curves for 
annealed aiuminum at several temperatures. Aluminum BS, 
annealed 1 hr at 450°C; average grain diam, 0.065 mm. 
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Fig. 5—Logarithmic plot of the data in Fig. 4. 


both the BS and AC lots after 400°C anneals. The 
shapes of these curves in the region below 400°K are 
indicative of strain aging. 


Effect of Strain Rate 

The use of the rate-change test to determine rate 
sensitivity has been described.’ Briefly, a specimen 
is strained to a prescribed nominal strain (in this 
case «= 0.09) at a standard strain rate; at that 
strain the strain rate is changed suddenly to a new 
value and the test continued to a prescribed strain 
(in this case « = 0.11), whereupon the strain rate 
is changed suddenly to the standard rate. In these 
tests the strain rates employed were 0.04, 0.004, and 
0.04 min™. At constant strain and temperature, 
strain rate is known to affect the flow stress through 
the relation o = K’e". Under the conditions of these 
tests, the strain-rate exponent, n, is given by the 
difference in the logarithm of the flow stress at the 
two rates. Typical rate-change tests are shown in 
Fig. 10. The strain-rate exponent, n, of the expres- 
sion o = K’é”, was determined at 77°K and 300°C 
on sainples representing each annealing treatment 
of both AC and BS aluminum. The strain-rate sen- 
sitivity was the same for all annealing treatments 
in both lots, within the accuracy of the measure- 
ments. The n values obtained were: at 77°K, n was, 
equal to 0.010 + 0.001; at 300°K, n was equal to 
0.005 + 0.001. It is somewhat surprising to find the 
larger rate sensitivity at the lower temperature. The 
rate sensitivities of both copper and silver were ob- 
served to increase linearly with increasing tempera- 
ture.** However, Lubahn” has noted that rate sensi- 
tivities of materials known to undergo strain aging 
pass through minima when plotted as a function of 
temperature. For example, 61S aluminum alloy has 
a minimum in rate sensitivity at approximately 
273°K. Strain aging effects are usually considered 
to be associated with soluble impurities. It appears 
that there is some manifestation of strain aging, 
even in this relatively pure aluminum. 


Discontinuous Yielding 

A qualitative difference between the two lots of 
aluminum was apparent in their initial yielding be- 
havior. Aluminum AC had definite yield points at 
195°K and below when annealed at 300°C, whereas 
aluminum BS did not have such yield points. The 
effect was noted in AC aluminum annealed at 300°C, 
not in AC aluminum annealed at 400° and 500°C. 
Figs. 11 and 12 show tracings of the autographic 
load-elongation records. It should be mentioned 
that the testing machine used was relatively stiff 
and utilized a weigh-bar mounting a resistance-wire 
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strain gage whose output was recorded by a short- 
response time recorder. Such a system is sensitive 
to the rapid fluctuations in load that accompany 
discontinuous yielding. 

Yield points are not commonly observed in nom- 
inally pure face-centered-cubic materials; the ef- 
fect is usually associated with body-centered-cubic 
metals containing interstitial impurities.” Small- 
man, Williamson, and Ardley” have recently de- 
scribed yield points observed in careful tests of 
aluminum alloy single crystals. 

The same general mechanism that is widely ac- 
cepted as the explanation of yield points in body- 
centered-cubic metals, namely, the pinning of dis- 
locations by impurities through their mutual inter- 
action, can apply to face-centered-cubic metals. The 
question is one of degree. The difference in the 
yielding behavior of the two lots of aluminum is 
presumably due to a difference in impurity content. 
It is somewhat surprising that a 300°C anneal should 
produce a yield point when higher temperature an- 
neals did not, since the yield-point phenomenon is 
considered to be due to soluble impurities. How- 
ever, it is commonly observed that the magnitude of 
the yield-point phenomenon in Fe-C alloys de- 
creases with increasing grain size. 


Effect of Grain Size 


The annealing treatments resulted in a range of 
grain size from 0.027 to 0.105 mm average diam for 
BS aluminum and from 0.021 to 0.143 mm for AC 
aluminum. Fig. 13 shows the effect of grain size on 
the flow stress at selected strains for BS aluminum 
at 20° and 300°K. At 300°K, the grain size de- 
pendence of the flow stress is similar to that pre- 
viously reported for copper® and for silver,’ being 
most pronounced at small strains and insensitive to 
grain size at strains of the order of 0.05. At 20°K, 
the flow stress is not a rational function of grain 
size. Examination of the data shows that the sys- 
tematic grain size dependence observed at 300°K is 
the exception, rather than the rule, in these experi- 
ments. The derived values of the strain hardening 
exponent, m, and the strain-rate exponent, n, are 
independent of grain size. Both these quantities 
were observed to depend on grain size in the cases 
of copper® and silver.* Presumably, the effects of 
grain size are obscured by experimental scatter and 
aging effects in the present experiments. 


Discussion 


Aluminum has been the subject of much research 
in recent years, due in no small part to its suitability 
for interesting experimental techniques. A large 
body of experimental observations is now available 
in the literature, including descriptions of the slip 
process details, substructure formation and growth, 
annealing characteristics, and thermodynamic prop- 
erties. So much information about aluminum is 
available that it has often been used as the epitome 
of the important face-centered-cubic class of met- 
als. However, the most striking general conclusion 
to be drawn from the present research is that alu- 
minum is atypical when its mechanical properties 
are compared with copper and silver. 

Many of the features of the influence of tempera- 
ture on the mechanical properties of aluminum de- 
scribed above suggest that the small concentration 
of impurities present produced important effects. 
Recall the following observations: 
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1) Distinct yield points, of the type usually asso- 
ciated with body-centered-cubic metals containing 
interstitial impurities, were observed in this rela- 
tively high purity, face-centered-cubic metal. The 
yleld points were evident in fine-grained specimens 
tested at low temperatures. 

2) The shape of the strain hardening vs tempera- 
ture curve, which rises markedly below room tem- 
perature and is virtually flat in the range 200° to 
500°K, is decidedly different from the approximate- 
ly linear temperature dependence observed for cop- 
per and silver. It seems evident that some recovery 
process occurs in aluminum at temperatures well 
below room temperature to an extent that does not 
occur in copper or silver at the same or even much 
higher homologous temperatures. This observation 
brings to mind the evidence of low-temperature 
polygonization in aluminum." It also suggests that 
measurements of changes in electrical resistivity” or 
stored energy” during annealing should be per- 
formed on aluminum deformed at very low tem- 
peratures. Comparison should be made with copper. 

3) The shapes of the flow stress vs temperature 
and the tensile strength vs temperature curves are 
similar to such data on body-centered-cubic metals, 
in which impurities interact with dislocations to in- 
hibit slip, with resultant yield-point and _ strain- 
aging phenomena. 

4) The apparent anomaly in the effect of tem- 
perature on strain-rate sensitivity, the rate effect at 
77°K being several times greater than that at room 
temperature, is typical of metals in which strain- 
aging effects are found.” 

Much of our current understanding of yield points 
and strain-aging effects is due to Cottrell and col- 
laborators,”” who have considered in detail the 
pinning of dislocations by impurities. Solute atoms 
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Fig. 9—True flow stress at several strains for two ‘lots of 
aluminum as a function of temperature. 
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having appreciable misfit in the lattice condense into 
dislocations because of an elastic interaction with 
them. Interstitial solute atoms such as carbon and 
nitrogen produce nonspherically symmetrical dis- 
tortions in body-centered-cubic and hexagonal- 
close-packed metals, distortions that interact with 
both edge and screw dislocations. Substitutional so- 
lute atoms in face-centered-cubic metals produce 
only spherically symmetrical distortions which can 
interact only with edge dislocations. However, Cot- 
trell® has pointed out that the dissociation of dislo- 
cations in face-centered-cubic metals into partial 
dislocations, as discussed by Heidenreich and Shock- 
ley,” always leads to some edge-type component 
which can be anchored by substitutional impuri- 
ties. Since the two partial dislocations are elasti- 
cally bound to one another, the whole dislocation 
may be pinned by impurities. Thus, face-centered- 
cubic metals can be expected to have yield points, 
but to a much less pronounced degree than body- 
centered-cubic metals. 

Suzuki” pointed out that the fault or ribbon-like 
region between two partial dislocations is a region 
that is crystallographically equivalent to a layer of 
hexagonal-close-packed structure of two atomic 
planes in thickness. As such, it is characterized by 
an interfacial free energy, twice that of a coherent 
twin boundary, and possesses a solubility for a par- 
ticular impurity that is different from the sur- 
rounding crystal. There is thus a driving force for 
the segregation of impurities to the fault between 
partial dislocations. Segregation of impurities to the 
fault inhibits separation of the dislocation ribbon 
from the impurity concentration. Thus, the Suzuki 
concept also leads to the prediction of yield points 
in face-centered-cubic metals. Note that both con- 
cepts lead to the impurity pinning of a ribbon-like 
dislocation configuration in face-centered-cubic 
metals as contrasted to the pinning of a single-line 
dislocation in body-centered-cubic crystals. The 
question remains as to why aluminum should show 
the effects of impurities interacting with dislocations 
to a much greater extent than, say, copper. 

Fullman" has measured the ratios of the inter- 
facial free energies of coherent twin boundaries to 
that of grain boundaries in both aluminum and cop- 
per, the values being 0.21+0.05 Al, and 0.036 
+ 0.006 Cu. Suzuki” gives the approximate width, l,, 
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where o’ is the coherent twin boundary energy, and 
# is the shear modulus. Suzuki gives l., as approxi- 
mately 50A. The psi/uo. is approximately %. In 
the absence of an absolute measurement of the grain 
boundary energy of aluminum, we may take 
priate values may then be substituted in Suzuki’s 
equation to give the width of the extended disloca- 
tion fault in aluminum as follows 


AH oa Mal 
o Al Kou 
0.036 1 il 
Oe 2 2 


Admitting the crude approximation, it seems evi- 
dent that the faults between dissociated dislocations 
in aluminum are quite narrow and might better be 


Table |. Annealing Results 


Average Grain Diam, Mm 


Annealing Temperature, °C BS AC 
300 0.027 0.021 
350 0.039 — 
400 0.046 0.118 
450 0.065 — 
500 0.105 0.143 


likened to a line than to a ribbon. Impurity pinning 
in aluminum would then be expected to be charac- 
terized by a relatively strong, narrow interaction in 
contrast to the weaker and broader interaction in 
copper. The impurity interaction in aluminum would 
then be of similar form to, but of much less strength 
than, the interaction caused by interstitial impuri- 
ties in body-centered-cubic metals. Thus, aluminum 
should exhibit a propensity for yield points and 
strain-aging phenomena intermediate to iron and 
copper. 

A comparison of the temperature dependence of 
the yield strength or tensile strength of copper and 
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aluminum is consistent with such an argument. As 
discussed by Suzuki,” thermal fluctuations do not 
markedly affect the critical shear stress of an ex- 
tended dislocation pinned by a heterogeneous distri- 
bution of solute atoms. On the other hand, thermal 
fluctuations will markedly affect the critical shear 
stress of a dislocation pinned by a strong, narrow 
impurity interaction. Thus, the yield strength and 
tensile strength of aluminum are noted to rise mar- 
kedly with temperature as the temperature is de- 
creased below T/T, ~ 0.2, as compared to the mod- 
erate increase in strength observed for copper. 


Summary 

Constant strain-rate tensile tests have been per- 
formed on polycrystalline wires of two lots of high- 
purity aluminum designated AC and BS. Tests were 
made of five groups of BS specimens annealed at 
300°, 350°, 400°, 450°, and 500°C, and three groups 
of AC specimens annealed at 300°, 400°, and 500°C. 
The annealing treatments produced a range of grain 
sizes extending from 0.02 to 0.14 mm average grain 
diam. The specimens were tested at a strain rate of 
0.04 min™ over the range 20° to 873°K (0.021 to 0.94 
T/T,). The data were analyzed to determine the 
effect of temperature on the flow stress at selected 
strains, tensile strength, yield strength, and strain 
hardening. Rate-change tests were used to measure 
the strain-rate sensitivity at 77° and 300°K. 

It is concluded that: 

1) The flow curves of aluminum are generally 
regular over the range 0.021 to 0.94 of the absolute 
melting temperature. Some discontinuous yielding 
was observed in one lot of aluminum at 195°K and 
below. 

2) The yield strength, tensile strength, and true 
flow stress at arbitrary strains extrapolate to finite 
values at the absolute zero of temperature. 

3) Strain hardening, as measured by the strain- 
hardening exponent m, increases markedly with de- 
creasing temperature in the region below 200°K and 
is virtually constant in the region 200° to 550°K. 
This temperature dependence is qualitatively differ- 
ent from that previously observed for copper and 
silver, both of which showed approximately linear 
temperature dependence until annealing tempera- 
tures were approached. 

4) Complexities in the shapes of flow stress vs 
temperature curves suggest strain aging effects were 
operative in these relatively high-purity aluminum 
samples. 
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Fig. 12—Load-elongation records showing the initial yielding of aluminum BS. 


5) The effects of grain size, within the 0.02 to 0.14 
mm average diam obtained in this investigation, 
were masked by specimen scatter and side effects, 
so that no systematic trends were established. 

6) The strain-rate sensitivity at 300°K was found 
to be less than at 78°K, an anomaly that is usually 
associated with strain aging. 

7) As in the case of copper and silver, the tensile 
strength vs temperature relation for aluminum is 
influenced but slightly by variations in specimen 
history. However, the temperature dependence of 
the tensile strength of aluminum is qualitatively 
different from copper and silver below a homologous 
temperature of 0.2 in that the tensile strength of 
aluminum increases much more rapidly with de- 
creasing temperature. 

8) The differences in the behavior of aluminum 
and copper are ascribed to a deduced difference in 
the width of the extended dislocation fault in these 
two face-centered-cubic metals. 
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Cross-Rolling and Annealing Textures 


In High-Purity Iron 


The deformation and annealing textures of cross-rolled high-purity iron specimens 
were determined by use of an X-ray Geiger counter spectrometer. The deformation texture 


was predominantly (100) [011], plus minor texture components of the (111) [110] or the 


(111) [112] type. In a partially recrystallized specimen, the minor deformation texture 
components were replaced by new orientations, while the (100) [011] main deformation 
texture was retained. A rather complex and widely scattered texture was developed in the 
completely recrystallized specimen. This recrystallization texture could be derived from 
the deformation texture components by rotations around (110) poles. The difference in 
the tendency for recrystallization among different deformation texture components may 
serve as an important factor in the formation of annealing textures. 


by Hsun Hu 


OT much data are available in the literature on 

textures in cross-rolled metal sheets. Among 
the body-centered-cubic metals, a few investigators 
have studied the preferred orientations developed 
in cross-rolled and in subsequently annealed molyb- 
denum specimens.‘ Semchyshen and Timmons’ con- 
structed complete pole figures for the cross-rolled 
and subsequently annealed arc-cast molybdenum. 
They used the conventional photographic method. 
Similar data on cross-rolled iron are still lacking. 
In view of the fundamental importance of iron as a 
basic metal for magnetic alloys and many industrial 
steels, the present investigation was undertaken in 
an attempt to understand more about its properties. 
The material selected for the present work was of 
high purity, and the textures were determined by 


H. HU, Member AIME, is with the Westinghouse Research Lab- 
oratories, Churchill Boro, Pittsburgh. 

TP 4473E. Manuscript, Sept. 10, 1956. New Orleans Meeting, 
February 1957. 


1164—JOURNAL OF METALS, OCTOBER 1957 


the Geiger counter spectrometer technique, which 
permits the construction of quantitative pole figures. 


Experimental Procedure 


The material used for this investigation was NRC 
(National Research Corp.) high-purity, gas-free 
iron. The total gas content (N.+0.,+H,.) given 
was less than 0.026 pct, and the carbon content, less 
than 0.005 pct. Spectrographic analysis of a 2 in. 
cast ingot showed the percentage of metallic im- 
purities as 0.0004 pct Cu, 0.0002 pct Mg, 0.001 pct 
Mn, 0.01 pet Ni, and 0.006 pct Si. 

A 1 in. thick slice was cut off from the 2 in. cast 
ingot. It was hot-forged at 850°C to destroy most 
of the cast structure. Surface scale was removed by 
milling the forged piece to a size 2 in. long, 1% in. 
wide, and %% in. thick. After normalizing at 915°C 
for 15 min, the piece was alternately cold-rolled 40 
pet and annealed at 750°C in hydrogen to a final 
thickness of 0.165 in., with a resulting uniform grain 
size of 0.1 mm. 
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Final rolling was performed in such a manner that 
the sheet was turned 90° between each successive 
pass to a final thickness of 0.008 in. This corre- 
sponded to a total reduction in thickness of 95 pct. 
The amount of reduction in each pass was about 
0.005 in. Specimens were cut from the central por- 
tion, 5 x 5 in. in area, of the rolled sheet. The cut 
edges on each specimen were removed by etching in 
a nitric acid solution before the specimen was heat- 
treated. Annealing of the specimens was done in a 
laboratory tube furnace with a hydrogen, or an 
argon, atmosphere. Specimens were quenched after 
annealing for 15 min at various temperatures within 
the range of 350° to 850°C. Hardness measurements 
were made on a Vickers hardness tester with 1 kg 
load. For each specimen the Vickers hardness num- 
ber was taken from the average of ten measurements 
at different areas of the specimen. 

A Norelco X-ray Geiger counter spectrometer 
with molybdenum radiation was used for texture 
determinations. Prior to X-ray exposure, the speci- 
men was etched to a uniform thickness of 0.0015 in. 
in a solution of phosphoric acid-nitric acid mixture. 
Only the transmission method® was used. Intensity 
measurements were taken at 5° intervals of the 
azimuthal angle, and at 5° or 10° intervals of the 
radial angle on a pole figure projection. In high 
intensity areas, intensity measurements were taken 
at closer intervals when detailed information was 
needed. Since no integration device was available 
at the time that this work was carried out, and the 
intensity data obtained from the specimen annealed 
at a higher temperature showed some degree of 
scatter, duplicate pole figures were determined from 
identically heat-treated specimens. High intensity 
areas of such a pole figure were also checked by tak- 
ing several integrated transmission Laue photo- 
graphs to assure their certainty. Only the reflections 
from the {110} planes were recorded. After making 
appropriate corrections for background intensity, 
the pole figures were constructed by plotting the in- 
tensity data as a series of contour lines, with in- 
tensities expressed in multiples of the random in- 
tensity measured from a carbonyl iron powder spe- 
cimen. The texture of the as-rolled specimen was 
actually determined without using a zirconium 
filter; others were determined with filtered radia- 
tion. The pole figures of the annealed specimens 
were arbitrarily symmetrized. 


Experimental Results 


Fig. 1 is the (110) pole figure of the as-rolled spe- 
cimen. The texture consists predominantly of the 
(100) [011] type orientation, i.e., the (100) plane 
is parallel to the rolling plane and the [011] and 
[011] directions are parallel to the two mutually 
perpendicular rolling directions. The four second- 
ary intensity areas near the center of the (110) pole 
figure and the rotary spread along the periphery 
can well be accounted for by the (111)[110] or the 
(111) [112], type orientations, plus a partial ge 
fiber texture, spread mainly between them. These 
were also confirmed by examining the (200) re- 
flections from Laue photographs. The microstruc- 
tures of the as-rolled and of the annealed specimens 
are shown in Fig. 2. 

The change in hardness upon annealing is shown 
in Fig. 3. The initial decrease in hardness which oc- 
curred during annealing at low temperatures in- 
dicates that recovery has taken place to an appre- 
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Fig. 1—(110) pole figure of the 95 pct cross-rolled high- 
purity iron. Intensities are expressed as multiples of random 
intensity of a carbonyl iron powder specimen. 


ciable extent before recrystallization in its classical 
sense has begun. The microstructure of a partially 
recrystallized specimen, which was annealed 15 min 
at 550°C, is shown in Fig. 2b. It consists of clusters 
of recrystallized grains and areas in which the 
grains are outlined by light-etching, low angle 
boundaries. These grains with low angle boundaries 
were apparently formed by the so-called recrystal- 
lization in situ or polygonization process, which re- 
sults in very slight orientation difference from the 
deformed matrix. It is interesting to note that there 
are no, or very few, new grains formed in these 
areas. 

As shown in Fig. 4, the texture developed in the 
partially recrystallized specimen has undergone 
very little change as compared with that of the de- 
formed specimen, except that most of the (111) [110] 
or the (111)[112] texture components have disap- 
peared. In addition to the retained (100) [011] main 
texture, there are a few scattered new orientations 
present, which apparently have been derived from 
the recrystallized grains. 

The texture developed in the completely recrystal- 
lized specimen (annealed 15 min at 675°C) showed 
considerable scatter in orientation. Since the X-ray 
beam was 2 x 5 sq mm in area, the total number of 
grains exposed to the X-rays was nearly 4,000, so 
that this orientation scatter is not likely to be due to 
inadequate sample. The reliability of the texture 
data was also checked by actually determining two 
individual pole figures from two identically an- 
nealed specimens. Their essential features were 
very much the same. Therefore, the recrystalliza- 
tion texture as shown in Fig. 5 should be repre- 
sentative. 


Discussion of Results 


The cross-rolling texture of iron obtained in the 
present investigation is similar to that of molyb- 
denum as obtained by Custers and Riemersma,’ and 
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Fig. 2—Microstructures of high-purity iron specimens. Electrolytically polished, and etched with 2 pct Nital. a) LEFT: as-rolled, 
total reduction in thickness 95 pct; b) CENTER: annealed 15 min at 550°C (partially recrystallized); and c) RIGHT: annealed 15 
min at 675°C (completely recrystallized). X100. Reduced approximately 45 pct for reproduction. 


by Semchyshen and Timmons.’ These investigators 
have reported a predominant (100)[011] orienta- 
tion plus a continuous rotation around the [111] 
direction, normal to the rolling plane. Semchyshen 
and Timmons’ have assigned the ideal orientations of 


(111)[110] and (111)[112] to these continuous 
rotary orientations. The present results show that 
this rotary orientation spread is not uniform. It may 
best be described as a partial [111] fiber texture, 
spreading mainly between the (111)[110] and the 
(111)[112] orientations. In fact, when putting these 
two orientations 90° from each other, the mode of 
cross-rolling operation actually makes them indis- 
tinguishable. 

In the partially recrystallized specimen, the re- 
tention of the (100)[011] main deformation texture 
is evident. Compare Fig. 4 with Fig. 1. Similar ob- 
servations of the strong retainment of the (100) 
[011] texture were recently reported by Wiener 
and Corcoran’ in the recrystallization of straight- 
rolled Si-Fe specimens. The strong retainment of 
the (100)[011] main texture, together with the 
early disappearance of the minor texture compo- 
nents of the (111)[110] or the (111)[112] type, and 
the addition of some new orientations, as seen from 
Fig. 4, are instructive. These experimental results 
indicate that while most of the deformed material 
in the (111)[110] or the (111)[112] orientation is 
replaced by recrystallized grains having new orien- 
tations, other portions of the deformed matrix in the 
(100) [011] orientation have mainly undergone re- 
crystallization in situ or polygonization, with no or 


CURVE 439336 
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Fig. 3—Vickers hardness ys annealing temperature. Applied 
load: 1 kg; annealing time: 15 min at temperature. Textures 


were determined for those specimens marked with solid dots. 
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very few grains of new orientations formed. These 
facts are further proved by examining the micro- 
structure of the specimen, Fig. 2b. Therefore, it may 
be stated that differently oriented regions in the 
deformed matrix respond to thermal treatment dif- 
ferently. These findings are in essential agreement 
with the observations of Dunn and Koh** on Si-Fe 
single crystals. Their results showed that the tend- 
ency for recrystallization can be greatly different in 
crystals with different deformation textures. The 
present results also add support to the observations 
of Liu and Hibbard” that the recrystallization tem- 
perature may be texture dependent. 

Fig. 5 shows the texture of the completely re- 
crystallized specimen, which is apparently different 
from the recrystallization texture of cross-rolled 
molybdenum, although the cross-rolling textures of 
both metals are quite similar. In molybdenum, the 
cross-rolling texture is retained and somewhat 
sharpened after complete recrystallization.~~ How- 
ever, in iron an entirely different texture is devel- 
oped. As seen from Fig. 5, the texture is rather 
complex, and has considerable scatter in orientation. 
An exact analysis of all the individual orientation 
components in such a widely scattered texture ap- 
pears quite impractical. However, it was found that 
rotations of 25° in both clockwise and counter- 
clockwise directions around each of the (110) poles 
of the (111)[110] or the (111)[112] orientation 
components of the deformation texture seem to fit 
most of the intensity areas fairly well.* Fig. 6 shows 


* No attempt was made in this paper to analyze the selection of 
(110) poles as rotation axes. It seems that orientations resulting 
from rotations around poles 4, 5, and 6 fall on high intensity areas 
more markedly than those from rotations around other (110) poles, 
Fig. 6 


such rotations around the (110) poles of the (111) 
[112] orientation. 

On further study of the orientation relationships 
between the recrystallization texture and the de- 
formation texture components, it was found that 
some of the resulting orientations derived from the 
[110] rotations of the minor deformation texture 
components can also be obtained by similar rota- 
tions from the (100)[011] main deformation tex- 
ture. Fig. 7 shows the rotations of 30° in both clock- 
wise and counter-clockwise directions around the 
(110) pole at the cross-rolling direction of the 
(100)[011] orientation. The resulting orientation, 
as shown by the small circles of 5° radius, coincides 
exactly with the orientation derived from the 25° 
rotations around the same (110) pole, but is derived 


from the (111)[110] or the (111)[112] orientation 
(small circles numbered 1 in Fig. 6). The minor de- 
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formation texture components actually consist of a 
partial [111] fiber texture, Spreading mainly be- 


tween the (111)[110] and (111)[112] orientations. 
Therefore, rotations around each of the peripheral 
(110) poles of either of these two orientations (such 
as poles 1, 2, and 3 in Fig. 6) are practically equiva- 
lent. This will bring many poles, away from the 
peripheral region in Fig. 6, coincident with those 
derived by the [110] rotations from the (100) [011] 
orientation. However, the high intensity areas near 
the periphery of the pole figure of the completely 
recrystallized specimen, Fig. 5, cannot be very well 
accounted for by the rotations from the (100)[011] 
orientation. 

The above analysis that the recrystallization tex- 
ture can be uniquely derived from the [110] rota- 


tions of the (111) [110] or the (111) [112] minor de- 
formation texture components immediately raises 
a question about what has happened to the (100) 
[011] main deformation texture. Early results in- 
dicated that this main deformation texture material 
had hardly recrystallized, while the minor deforma- 
tion texture components were completely replaced 
by recrystallized grains, Figs. 2b and 4. Thus, upon 
further annealing toward complete recrystallization, 
the main deformation texture material may either 
recrystallize in the normal manner, but at a much 
later stage of annealing, or never reach complete 
recrystallization before being absorbed by the re- 
crystallized grains formed much earlier from the 
minor deformation texture matrix. However, there 
is considerable evidence to suggest that the latter is 
what occurs in practice. 

First, the new orientations developed in the par- 
tially recrystallized specimen are very similar in 
nature to the features of the recrystallization tex- 
ture. This is particularly obvious when comparing 
the high intensity areas near the periphery of the 
two pole figures, Figs. 4 and 5. These new orienta- 


Fig. 4—(110) pole figure of the partially recrystallized speci- 
men (annealed 15 min at 550°C). Intensities are expressed 
as multiples of random intensity of a carbonyl iron powder 
specimen. 
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Fig. 5—(110) pole figure of the completely recrystallized 
specimen (annealed 15 min at 675°C). Intensities are ex- 
pressed as multiples of random intensity of a carbonyl iron 
powder specimen. 


tions were first formed in the partially recrystal- 
lized specimen at the expense of only the minor 
deformation texture components, and gained in- 
tensity in the completely recrystallized specimen at 
the expense of the main deformation texture. 
Secondly, these high intensity areas near the pe- 
riphery of the pole figures can be derived by [110] 


rotations from the (111)[110] or the (111) [112] 
minor deformation texture components, but not as 
well by similar rotations from the (100) [011] main 
deformation texture. The fact that some of the 
orientations in the recrystallization texture were 
found similarly related to both minor and main de- 
formation texture components can probably be 
postulated as a favorable condition for the growth 
of the early recrystallized grains into the main de- 
formation texture matrix. 

Thirdly, the microstructure of the annealed spec- 
imens shows that there is considerable grain growth 
from the partially recrystallized state to the com- 
pletely recrystallized state, and that the grain size 
distribution in the completely recrystallized speci- 
men is fairly uniform, Fig. 2b and c. 

Lastly, as seen from Fig. 2c, some of the light- 
etching low angle boundary areas are still visible, 
although the X-ray intensities of the retained (100) 
[011] main deformation texture are too low to be 
shown in the pole figure, Fig. 5. In this respect, 
Wiener and Corcoran’ have reported different re- 
crystallization textures obtained from different an- 
nealing temperatures (925°C vs 650°C) in Si-Fe 
specimens with essentially similar deformation tex- 
ture components as in the present case. They ob- 
served no evidence of the light-etching low angle 
boundary areas in the high-temperature annealed 
specimen, but in the low-temperature annealed 
specimens, such light-etching areas were always 
present, although the grain size was virtually equal 
to that in the high-temperature annealed specimen. 

In the light of the present results, the formation of 
a different recrystallization texture at a higher an- 
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Fig. 6—(110) pole positions as derived from rotations of 25° 
in both clockwise and counter-clockwise directions around 
each of the (110) poles of the (111) [112] orientation. Poles, 
and rotations around each pole, are numbered correspond- 
ingly. Small circles are drawn with a radius of 5°. Crosses 
refer to (111) [110]; solid dots, (111) [112]; arrows indi- 
cate the directions of rotations. 


nealing temperature may perhaps be qualitatively 
explained on the same basis, for at low annealing 
temperatures, only certain texture components in 
the deformed matrix are active, while at high an- 
nealing temperatures, all the deformation texture 
components may recrystallize almost simultane- 
ously, particularly at high heating rates. The 
present results add further support to the oriented 
growth theory for the formation of annealing 
textures. Merlini and Beck” » have pointed out the 
complexities in the prediction of an annealing tex- 
ture in a complex deformed matrix. It seems that 
the potentiality for recrystallization of each texture 
component is an important factor. As in the present 
case, the effect of a minor texture component seems 
to have played a determining role in the formation 
of an annealing texture, since the main deformation 
texture has a much smaller tendency to recrystallize 
than the minor texture components. 


Summary 
1) The cross-rolling texture of high-purity iron 
was found to be similar to that of molybdenum, i.e., 
the texture is predominantly (100)[011], plus minor 
texture components of the (111)[110] or the (111) 


[112] type. 

2) The minor texture components of the (111) 
[110] or (111)[112] type exhibited a greater tend- 
ency for recrystallization than the (100) [011] main 
texture. 

3) The texture developed after complete recrys- 
tallization could be described as rotations around 
each of the (110) poles of the minor texture com- 
ponents, the (111)[110] or the (111)[112] type. 

4) The difference in the tendency for recrys- 
tallization among texture components in a deformed 
matrix may play an important role in the forma- 
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Fig. 7—(110) pole positions as derived from rotations of 30° 
in both clockwise and counter-clockwise directions around 
the (110) pole at cross-rolling direction of the (100) [011] 
orientation, indicated by crosses. Small circles are drawn 
with a radius of 5°. They coincide exactly with those small 
circles marked with number 1 in Fig. 6. 


tion of an annealing texture. It may be expected 
that this effect would be particularly notable when 
there is a remarkable difference in the tendency 
for recrystallization among different deformation 
texture components. 

5) The formation of a different recrystallization 
texture from a higher temperature anneal, partic- 
ularly at high heating rates, may be qualitatively 
explained on the same basis. 
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Effects of Crystal Orientation, Temperature, and 


Molten Zone Thickness in Temperature-Gradient 


Zone-Melting 


A strong orientation effect has been found for molten aluminum-rich wire zones 
traversing single crystals of germanium. If the intersection of a {111} plane with the 
plane of wire-travel is oblique to the wire, the wire breaks into segments that lie parallel 
to the line of intersection. However, if the line of intersection is perpendicular or paral- 
lel to the wire, the wire remains straight. This crystalline anisotrophy has been utilized to 
make highly parallel npn junctions using aluminum-rich wire zones in germanium. The 
rate of zone movement increases unusually rapidly with temperature and with diameter 
of the wire zone. These findings suggest that the rate-controlling factor in these expe- 
riments is not diffusion in the liquid zone, but the solution rate at the hotter interface. 
Diffusion may become the limiting process at higher temperatures and lower temperature 


gradients. 


by J. H. Wernick 


temperature-gradient zone-melting’ a molten 
zone is moved through a solid or across a solid 
surface by the establishment of a temperature gradi- 
ent. This technique has both practical and funda- 
mental aspects. One practical application is to make 
p-n junctions for semiconductive devices, particu- 
larly for devices in which the junctions are desired 
within the semiconductor. From a fundamental 
point of view, the technique is being investigated 
as a method for determining diffusivities in liquid 
alloys, and preliminary diffusivity results have been 
reported by the writer.’ 

In this paper, the effects of crystal orientation, 
temperature, and molten zone thickness in tempera- 
ture-gradient zone-melting, and the bearing of these 
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effects on diffusivity measurements and n-p-n junc- 
tion formation are discussed. 


Experimental Procedure 


An effect of crystal orientation was noted in early 
experiments. To facilitate its study, movements of 
wire zones across a surface, rather than through the 
body of a single crystal, were observed for various 
surface planes and travel directions. The experi- 
mental setup is illustrated in Fig. 1. The graphite 
end-section for the high temperature heater has an 
apron about 1/16 in. above the upper surface of the 
crystal. This apron insures that the surface tem- 
perature of the block is equal to or greater than 
the temperature within the block at every point. 
Thus, the zone does not penetrate the block and 
convection in the liquid is minimized. The experi- 
mental setup for the movement of molten zones 
through a block is shown in Fig. 2. 


OCTOBER 1957, JOURNAL OF METALS—1169 


The temperature gradient in the solid was deter- AL RICH WIRE [ori] 
mined by two thermocouples in a germanium test ae 

block, close to the hottest and coldest surfaces. It 
was assumed that the thermal diffusivity was con- 
stant in the temperature range in question. Tem- 
perature gradients so determined were assumed to 
be the same as those which existed in the liquid zone. 


Effects of Crystal Orientation On the Movement of A 
Molten Zone Across a Surface 


It was found that if the starting 3 mil Al solvent INA oo, 


AL WIRE 
wire lies in a (111) plane in a [112] direction and if Oe eae 
it travels in a [110] direction, that is, the direction 
of the temperature gradient, the molten wire zone on) pune 


moves so that it will lie in a [101] or [011] direc- 
tion. Usually, the molten zone breaks up and the 
segments move so that they will lie along <110> Fig. 3—Three mil Al wire on (111) plane in [112] direction. 
directions, as shown in Fig. 3. If the starting wire Etch: 3 parts HF, 5 parts HNOs, 3 parts CH,COOH. X15. 
lies in a (111) plane in a [110] direction and if its Reduced approximately 45 pct for reproduction. 


travel direction is [112], the wire breaks up and 
each segment travels as a unit, all points advancing 
at the same rate. However, the area over which 
each segment moved is bounded by <110> direc- 
tions. In one case, shown in Fig. 4, the wire did not 
break up, but it moved over an area bounded by 
<110> directions. The frozen wire-zone is at the 
top of the swept area. If the starting wire lies in a 
(001) plane in a [010] direction and if its travel 
direction is [100], it breaks up and each segment 
becomes confined to a region bounded on two sides 
by <110> directions. This case is illustrated in 
Fig. 5. 

These results indicated that an originally straight 
molten zone tends not to cross oblique <110> di- 
rections on a surface over which movement is occur- 
ring, but moves so as to lie in <110> directions or 
to be confined to regions bounded by <110> direc- 
tions. This direction apparently is a barrier or a 
stable direction for wires in {111} and {100} planes. 

Additional experiments were performed to learn 
more concerning this orientation effect. For exam- 
ple, it was found that, if the starting wire lies in a 


[iro] 


(111) PLANE 


Fig. 4—Three mil Al wire across (111) surface. Unetched. 


X7.5. Reduced approximately 30 pct for reproduction. 
END - 


HEATER HEATER 


Fig. 1—Experimental 
| setup for movement 
\ of molten zones 
SEMICONDUCTOR WITH across germanium 
SOLVENT WIRE > surface. 


SOLVENT WIRE - 
PRESSED 
INTO GROOVE 


HIGH - TEMPERATURE 
HEA 


Fig. 2—Experimental 
setup for movement 
of molten zones 


SEMICONDUCTOR @ 
SOLVENT: WIRE——— 


through germanium. 
HEATER ——> $ INTO GROOVE 
Fig. 5—Three mil Al wire across (001) surface. Unetched. 
eS X15. Reduced approximately 45 pct for reproduction. 
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Fig. 6—Three mil Al wire across (110) surface. Unetched. 
X7.5. Reduced approximately 25 pct for reproduction. 


Fig. 7—Three mil Al wire across (001) surface. Unetched. 
X7.5 Reduced approximately 20 pct for reproduction. 


(110) plane in a [001] direction and if its travel 


direction is [110], the wire breaks up and each seg- 
ment becomes confined to a region bounded on two 
sides by <112> directions, i.e., the 35° oblique in- 
tersections of the {111} planes on the (110) plane. 
If the starting wire lies in a (110) plane in a [110] 
direction and if its travel direction is [001], the wire 
travels as a unit, all points advancing at the same 
rate, and remains extremely straight. This case is 
illustrated in Fig. 6. The left side of the swept area 
would be expected to be an oblique <112> direction 
55° to the original wire direction. This type of move- 
ment, analogous to the case shown in Fig. 4, was not 
observed. If the starting wire lies in a (001) plane 
in a [110] direction and if its travel direction is 
[110], the wire travels as a unit, all points advanc- 
ing at the same rate. This case is illustrated in Fig. 
7. The intersections of the {111} planes, i.e., the 
<110> directions, are perpendicular and parallel to 
the wire. Thus, it appears that the intersecting {111} 
planes impede zone movement and give rise to the 
above orientation effect. 

The temperature-gradient employed for the above 
experiments was approximately 81°C per’cm ata 
mean temperature of 667°C. Similar results were 
obtained for temperature gradients of approximately 
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15°C per cm, 8°C per cm, and 4°C per cm. The last 
gradient corresponds to a temperature change of 
antl, 

To see if the above orientation results were due 
to convection effects, the setup shown in Fig. 1 was 
rotated 180° so as to have the molten zone move on 
the lower surface of the block. Surface tension pre- 
vented the molten zone from falling off the surface. 
The same orientation results were obtained. 

The surface results apply to the movement of a 
wire zone through a block, as shown by the follow- 
ing results. If the wire direction is <110>, and the 
direction of temperature gradient <001>, as shown 
in Fig. 2, the variation in penetration from section 
to section for a given specimen was considerably 
less than that observed previously,” and amounted 
to less than 11 pct. 


Effect of Temperature and Zone Diameter 
On the Rate of Movement 

The rate of movement of Ge-Al wire zones in- 
creased rapidly with temperature for a temperature- 
gradient of 31°C per cm. This information is shown 
in Fig. 8. To show this effect in another way, 3 mil 
Al wires were placed at different positions along a 
31°C per cm temperature gradient on a block of 
germanium. The hotter the zone the higher was the 
mean rate of movement. This result is shown in 
Fig. 9, together with the mean rates of movement at 
the end of the run. The temperature difference 
across the block was 28.5°C. The large change in 
the rate of movement for such small change in tem- 
perature cannot be accounted for by the change of 
diffusivity with temperature in the liquid zone. This 
statement is based on data for diffusion in liquid 
Pb-Bi alloys*® and the low activation energies re- 
quired for diffusion in other liquids.* The activa- 
tion energy required for diffusion in liquids is, on 
the average, a few kilocalories per mol. The Ge-Al 
preliminary data reported earlier’ gave an activa- 
tion energy (based on two mean temperatures) of 
31,000 cal per mol. Hence, an explanation other 
than the temperature coefficient of diffusivity must 
be sought. 

The penetration rate of a Ge-Al wire zone in- 
creases with increasing diameter of the aluminum 
solvent wire for a temperature-gradient of 114°C 
per cm at a mean temperature of 667°C. The data 
are shown in Fig. 10. The experimental setup is 
illustrated in Fig. 2. 


Discussion 
The orientation, temperature, and zone diameter 
effects can be explained by assuming that the higher 
temperature portion of the molten zone is not satur- 
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Fig. 8—Mean rate of 
movement at end of 
run ys time of run. 
Temperature gradi- 
ent, 31° percm. 
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Fig. 9—Three mil Al wires across (001) surface. Unetched. 
X7.5. Reduced approximately 45 pct for reproduction. 
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‘ion low temperature interface). 
d that diffusion occurs more rapidly 
olution, then AC, the concentration difference 
lten zone, never reaches the value corre- 
ling to AT along the liquidus curve, Fig. 11; and 
hence the so —_ on do es not attain saturation at the 
hotter fa saturated solution can dif- 
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between atomic planes having different 
m rates. Results obtained in the fabrication of 
ictor devices by alloying indicate that the 
is lowest for (111) planes. The (111) 
2 considered to be the most stable, and 
he <110> directions, being the intersections of the 
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It would appear in general 
traicht wire zone tends not to 
whi se are the intersections of {111} 
of wire movement. 
T ature effect on the rate of zone 
a2) t the rate of the limiting step 
temperature; i.e., has a high 
: It j is known that the solution rate 
g pidly with small changes in tempera- 
ire. AAS zone moves to higher temperatures, 
solution rate increases, thereby increasing the 
1cent tration gradient in the zone, as shown in Fig. 
h concentration gradient gives rise 
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to an increase the flux of solute and consequent 
increase in the rate of movement. Therefore, the 
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liffusion process to be the overall 
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on to the rate of diffusion. This 
e obtained at higher temperatures 


ture gradients. 
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value is obtained. For 2, 3, and 5 mil wires, the 
penetrations are 25, 30, and 24 mil per mil, respec- 
tively. A larger high temperature interface area 
will result in a greater amount of solution at a given 
time and possibly a greater AC. However, when the 
rates are expressed on the basis of radius of curva- 
ture or interfacial area, the same penetration rate 
should be obtained if the solution rate is the limiting 


process. This appears to be the case. 
dc 


The use of the diffusion equation, F = —D , as 


an approximate rate equation for this process in 
the temperature region where diffusion in the liquid 
zone is not the limiting step is valid if the D values 
are regarded as rate constants for the overall proc- 
ess. The preliminary D values obtained by use of 
this technique are of the right order of magnitude 
for diffusion in liquids, namely, 10° sq cm per sec. 
For the rate constant to be a true diffusion coeffi- 
cient at a given temperature, diffusion must be es- 
tablished for the system in question as the rate 
limiting process. When this is the case, it is believed 
that the orientation, zone thickness, and large tem- 
perature effects reported here will not be observed. 
It may well be, for some systems, that diffusion will 
be the limiting process over the complete liquidus 
temperature range. 


Convection Effects 

For the movement of Ge-Al molten zones through 
germanium, it was observed that convection occurs 
if the original wire diameter is 5 mil and above. If 
the low temperature heater was above the high tem- 
perature heater for a starting 5 mil Al wire through 
germanium, an average penetration of 102 mil was 
obtained in 50 min. If the high temperature heater 
was above the low temperature heater, an average 
penetration of 60 mil was obtained in 50 min. No 
such effect was observed for 3 mil and 2 mil diam 
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Fig. 10—Average 
penetration in 50 
min ys starting wire 
diameter for 
aluminum wires 
through germanium. 
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Fig. 12—n-p-n type. Transverse section of n-germanium block 
through which a 3 mil Al wire was moved by temperature- 
gradient zone-melting. Etch: 1 part HF, 1 part 30 pet 
and 4 parts H.O. X9. 


Fig. 13—Transyerse section of n-germanium block through 
which a yapor plated aluminum strip was moved by tempera- 
ture-gradient zone-melting. Specimen held at 500°C during 
plating. Etched. X500. Reduced approximately 25 pct for 
reproduction. 


wires. The temperature gradient employed was 
114°C per cm and corresponds to a temperature 
change of 1.5°C over 5 mil. 


n-p-n Structures 

From the preceding, it is apparent that for these 
systems there are two orientations for which a mol- 
ten wire zone moves as a unit in the direction of the 
temperature gradient. They are: 

1) a, wire in (110) plane in <110> direction; and 
b, direction of temperature gradient <001>. 

2) a, wire in (001) plane in <110> direction; and 
b, direction of temperature gradient <110>. 

Using orientation 2, the n-p-n structures shown 
in Figs. 12 and 13 were obtained. Molten Ge-Al 
wire zones were moved through n-germanium 
blocks. The photographs show transverse sections. 
The n-p-n shown in Fig. 13 was produced from a 
vapor deposited aluminum strip, 6 mil wide and 0.5 
mil thick. Plating was done at a temperature esti- 
mated to be about 500°C. The average thickness of 
the p-layer is 0.3 mil. Surface tension appeared to 
cause the original 6 mil wide aluminum strip to form 
a wire of much smaller width. From a useful de- 
vice point of view, the above p-layers are saturated 
with aluminum and therefore are too heavily doped 
for conventional n-p-n configurations. 
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Technical Note 


Formation of Intermetallic Layers in Diffusion Couples 


by L. S. Castleman and L. L. Seigle 


‘N a recently reported investigation, J. B. Clark 
and F. N. Rhines* used a diffusion couple tech- 
nique to determine the number of intermetallic 
phases which should be present in the Al-Mg equi- 
librium phase diagram. Their method was an appli- 
cation of the following generally accepted principle. 
If a diffusion couple made up of two metals is an- 
nealed at a given temperature for a long time, all 
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the phases of the binary system which exist under 
equilibrium conditions at the diffusion temperature 
will form intermetallic layers. It is important that 
the diffusion temperature be high enough and the 
diffusion time be long enough to permit the nuclea- 
tion of all thermodynamically stable phases at the 
interface of the couples and their growth to observ- 
able thicknesses. These simple time-temperature 
criteria are at times difficult to satisfy, and it is the 
purpose of this note to point out a situation in which 
this is the case. 

The authors are currently studying diffusion 
bonding in the Al-Ni system.’ It is well established 
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Fig. 1—AI-Ni couple diffused at 600°C for 96 hr under a 
pressure of 5 tsi. Unetched. X100. Reduced approximately 
25 pct for reproduction. 


that four intermetallic phases occur, which are des- 
ignated (NiAl,), y (Ni.Al,), 6(NiA1), and « (Ni,Al). 
Diffusional bonding between aluminum and nickel 
is limited to temperatures below the eutectic, which 
occurs at 640°C. Previous investigators’ had con- 
cluded that only two phases, the 6 and y phases, 
formed in diffusion couples annealed at 600°C and 
below for times of the order of minutes. This result 
seemed to be confirmed by the initial experiments 
of the present investigators, who extended the times 
to a few hundred hours, Fig. 1. As part of a study 
of intermediate layer formation above the eutectic 
temperature, a few y-Ni diffusion couples were pre- 
pared and annealed for 24 hr at 800°, 900°, and 
1050°C, Fig. 2. Significantly, both the 6 and « phases 
were found in these diffusion couples, in layers of 
approximately equal thicknesses. The data for the 
6 phase are summarized in Table I. 

If In K is plotted vs 1/T, where T is the absolute 
temperature, a reasonably good straight line is ob- 
tained which can be used to extrapolate the data to 
lower temperatures. In addition, if it is assumed 
that the 6 layer grows parabolically with time, it 
becomes possible to determine the times and tem- 
peratures needed to grow a layer of 5 (or «) phase 
of constant thickness. A series of such plots is shown 
in Fig. 3, in which three curves have been drawn to 
show the iso-thickness lines for the 8 phase (the 


Table I. NiAl (6) Phase Thickness in Diffusion Layer 


Temper- Time t, Thickness Sq Mm 
Couple ature, °C Hr ax (Mm) per Hr 
y-Ni 800 24 0.0035 5.1x10-7 
y-Ni 900 24 0.018 1.4x105 
y-Ni 1050 24 0.112 5.0x10-4 


* K is defined by the relation x2 = Kt. 


curves can be shown to be hyperbolas); the lines 
have been drawn for thicknesses of 0.1, 1.0, and 2.0 
pw. In the work on the Al-Ni alloy system, it has 
proven difficult to determine unequivocally by opti- 
cal methods the presence of a phase whose thickness 
is less than 1 to 2 p. Consequently, it was surmised 
that the missing phases in the Al-Ni couples diffused 
below the eutectic temperature might actually have 
been present as undetectably thin layers. This hy- 
pothesis was confirmed by diffusion of an additional 
Al-Ni specimen for 340 hr at 600°C. Careful exam- 
‘ination of the Al-Ni interface at high magnification 
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Fig. 2—y-Ni couple diffused at 900°C for 24 hr. Sample 
etched in HsSOu-HzPO.-HNOs: solution. X350. Reduced ap- 
proximately 25 pct for reproduction. 
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Fig. 3—Thickness of 
NiAl (8) phase as a 
function of diffusion 
temperature and 
time. 
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revealed the 6 and « layers in thicknesses of 2 » or 
less. For diffusion temperatures below 600°C, these 
layers would evidently not grow to sufficient thick- 
ness in any reasonable time to be detected by ordi- 
nary metallographic examination. 

The existence of a eutectic in the Al-Ni system at 
640°C precludes the use of Al-Ni diffusion couples 
above this temperature. Below 640° the high melt- 
ing intermediate phases grow very slowly. In gen- 
eral, therefore, it appears that caution should be 
exercised in applying the diffusion couple technique 
to systems in which low melting components are 
found in conjunction with high melting compounds. 
Under these conditions, inferences concerning the 
number of phases present in the equilibrium dia- 
gram drawn from studies of intermediate layer for- 
mation should be accepted with reservations until 
corroborated by independent tests. 
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Technical Note 


Preparation and Diffraction Data of Ba-Al Alloys 


by Dilip K. Das and Douglas T. Pitman 


OX of the major uses of barium in metallic form 
ls as a getter material in vacuum tubes. Because 
of the high chemical reactivity of the metal, Ba-Al 
alloys are extensively used. Numerous methods for 
the preparation of Ba-Al alloys have been published, 
a few of which" are cited here. Most of these meth- 
ods were found to be quite elaborate, involving the 
reduction of BaO, and not too well adapted for the 
close control of the final composition of small 
amounts of alloys prepared for laboratory use. A 
simple laboratory method for the preparation of Ba- 
Al alloys in small batches starting from pure metals 
was devised, so that it was possible to control the de- 
sired compositions to within 1 pct. 

The pertinent features of the alloy system Ba-Al® 
are 1) an intermediate compound BaAl, with the 
melting point of 1050°C, and 2) a eutectic between 
aluminum and BaAl, at 98 pct Al. 

The accompanying sketch shows the experimental 
arrangement for the preparation of the alloys. 
Weighed amounts of aluminum and barium were 
placed in an alumina and a stainless steel crucible, 
respectively. According to the supplier’s specifica- 
tion, the purity of the metals used in the alloys is 
as follows: a) aluminum rods—99.9 pct Al, and b) 
barium rods—99.5 pet Ba. The stainless steel cruci- 
ble, tapered at the bottom and having a 1/16 in. 
diam hole, rested on top of the alumina crucible. The 
assembly was placed inside a graphite sleeve which 
rested on a refractory platform. The platform moved 
the assembly up and down through the field of a 
radio frequency coil. A glass bell jar was placed be- 
tween the crucible assembly and the radio frequency 
coil to maintain a steady flow of helium around the 
melt. A small window was cut out on the wall of the 
alumina crucible to observe the progress of the re- 
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action and to record the temperature with an optical 
pyrometer. 

The platform was first raised high enough to move 
the barium out of the radio frequency coil field in 
order to allow only the aluminum to melt. The 
assembly was then lowered so that the barium began 
to melt and flow out through the small orifice into 
the molten aluminum. In order to keep the violence 
of the exothermic reaction under control, the rate of 
flow of barium was carefully regulated by raising or 
lowering the crucible assembly. 

All the samples prepared by this technique were 
examined by a Norelco X-ray diffractometer using 
CuKa radiation. The diffraction specimens were pre- 
pared by placing the finely powdered samples in flat 
specimen holders. The Ba-Al alloys prepared with a 
high barium content were found to consist mainly of 
BaAl,. The structure of BaAl, has previously been 
reported by Alberti and Andress.° They found that 
BaAl, was body-centered-tetragonal with an a, = b, 

An alloy whose composition was found by chemi- 
cal analysis to be almost 100 pct BaAl, was used to 
determine the relative intensities. The d-spacings 


Table |. Powder Diffraction Data of BaAl 


hkl d,A I hkl d,A I 
002 5.60 0.61 206 1.442 0.06 
101 4.23 0.74 310 1.435 0.05 
110 3.228 0.34 008 1.408 0.13 
103 2.902 0.78 224 1.405 0.09 
004 2/815 0.66 312 1.398 0.17 
112 2'804 1.00 118 1.289 0.05 
200 2.282 0.47 217 1.263 0.10 
114 2.117 0.11 321 1.258 0.08 
202 2.112 0.02 226 1.223 0.02 
105 2.023 0.37 109 1.206 0.01 
211 2.009 0.20 32 

066 1.874 0.03 208 1.198 0.11 
213 1.794 0.40 316 1.144 0.06 
204 1.774 0.15 400 1.141 0.05 
116 1.624 0.16 0010 1.125 0.01 
220 1.615 0.10 402 1.119 0.01 
222 1.551 0.03 307 

107 325 1.103 0.06 
215 1.512 0.19 411 

301 \ 330 1.076 0.01 


were obtained from the same alloy to which a small 
amount of tungsten had been added as a calibrating 
material. Accurate values for a, and c were calcu- 
lated according to the method proposed by Taylor 
and Floyd.” The calculated values are: a = b) = 
4.566A and c, = 11.250A. The measured d-values for 
BaAl, are shown in Table I along with relative peak 
intensities above background and hkl indices. 
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Stability of AISI Alloy Steels 


Typical AISI alloy steels which are used extensively in the automotive industry were 
investigated. These steels were studied in order to provide a comparison with the steels 
now used for piping and elevated temperature service. The results indicate that the Cr-Mo 
steels now employed for piping are satisfactory in comparison with the AISI alloy steels. 
The steels were exposed at 900° and 1050° and, in several instances, 1200°F. They were 
either normalized or annealed before exposure and, in general, two carbon levels were in- 
vestigated. The microstructure was observed after 34,000 hr exposure. Tensile and creep 
rupture properties were determined after 10,000 hr exposure. Graphite was observed in the 
Ni-Mo steels, but not in the chromium bearing steels, which were the most structurally 
stable of the AISI steels investigated. A slight decrease in tensile strength in the vari- 
ous steels was observed after exposure. The creep rupture strength of the nickel steels 
was similar to plain carbon steels, but the steels containing molybdenum or vanadium 
had a higher creep rupture strength. 


by A. B. Wilder, E. F. Ketterer, and D. B. Collyer 


ISI constructional alloy steels are a series of 

steels in which a numbering system signifies the 
chemical composition limits. SAE (Society of Auto- 
motive Engineers) and AISI (American Iron and 
Steel Institute) use basically the same numbering 
system. The steels contain, in part, alloy additions of 
chromium, molybdenum, nickel, and vanadium. 
They are used widely in the automotive industry 
but have not been adopted for high temperature 
service. 

The purpose of this investigation was to study 
changes in microstructure observed in typical AISI 
constructional alloy steels in the welded and un- 
welded conditions after exposure for 34,000 hr at 
900° and 1050° and, in several instances, 1200°F. 
The tensile and creep rupture properties after ex- 
posure for 10,000 hr were also evaluated. The inves- 
tigation is a continuation of the work previously 
discussed. 

Little was known concerning the existence of 
graphite in medium or low carbon steels before 1943. 
It is important to note that continued exposure at 
elevated temperature is required in order to develop 
graphite in steels. Interest in the presence of graph- 
ite in steel, and also in changes in the properties of 
steels after long service at elevated temperatures, 
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developed after 1943 when a failure of a welded 
joint of high temperature piping was associated with 
the graphitization of a relatively low carbon content 
steel with 0.50 pet Mo.*° 

Numerous investigations have beeen made in re- 
cent years studying the relationship of this type of 
failure to changes in properties. Attempts have been 
made to evaluate the performance of a number of 
steels, particularly in the heat-affected zone of 
welds. It was the unfortunate failure of a weld- 
heated zone in high temperature piping in the steam- 
power industry which focused attention upon possi- 
ble failures, and upon the need for improved steels 
for high temperature piping service. 

Investigation by the National Tube Div., U. S. 
Steel Corp., Lorain Works, has included a wide 
variety of steels in an attempt to learn the effects 
of numerous factors and elements upon the long 
time performance of steels, although many of the 
compositions studied will never be used at elevated 
temperatures.**" Included were the well established 
AISI steel series, which offered opportunity to test 
moderately high carbon content steels as well as 
observe the effect of nickel, chromium, molybdenum, 
etc., upon the properties of these well known steels. 

The properties of the AISI steels were also studied 
for comparison with the previously reported proper- 
ties of the Cr-Mo steels, now used by the steam- 
power industry.” 


Materials and Testing Procedure 
The AISI alloy steels in Table I were exposed for 
10,000 and 34,000 hr at 900°, 1050°, and 1200°F. 


TRANSACTIONS AIME 


Table I. Types of Steel, Heat Treatment, and Welding Electrodes 


Heat 
Desig- Chemical Composition* Prior to Welding 
ate = = Exposure, Electrode 
n ype Cc Mn Ni Cr Mo Vv 1650°F+ Employed 
2320 Ni 0.20 0.70 3.70 0.03 0.002 N E7020 
2517 Ni 0.14 0.41 5.18 0.08 0.003 N E7020 
3115 Ni-Cr 0.16 0.49 1.20 0.61 0.050 N E7020 
3130 Ni-Cr 0.31 0.71 1.44 0.74 0.005 A E7020 
3316 Ni-Cr 0.16 0.44 3.30 1.48 0.006 N E7020 
4115 Cr-Mo 0.21 0.83 0.05 0.49 0.26 N E7010 
4140 Cr-Mo 0.38 0.75 0.03 0.94 0.20 A E7010 
4317 Ni-Cr-Mo 0.18 0.48 1.79 0.41 0.23 N E7020 
4337 Ni-Cr-Mo 0.36 0.70 1.91 0.86 0.30 A E7020 
8625 Ni-Cr-Mo 0.24 0.72 0.45 0.50 0.20 N E7020 
8630 Ni-Cr-Mo 0.29 0.83 0.64 0.56 0.20 A E7020 
4615 Ni-Mo 0.16 0.58 1.87 0.12 0.27 N E7020 
4640 Ni-Mo 0.38 0.67 1.66 0.04 0.26 A E7020 
4815 Ni-Mo 0.19 0.63 3.56 0.16 0.23 N E7020 
6120 Cr-V 0.20 0.51 0.06 1.00 0.016 17 N E7020 
6145 Cr-V 0.49 0.85 0.05 1.07 0.007 0.19 A Type 502 


* Other elements included between 0.008 and 0.031 pct P, 0.011 to 0.030 pct S, and 0.17 to 0.32 pet Si. 


7 N refers to normalized, air cool; A, annealed, furnace cool. 


The steels were forged to 1x1 in. bars. All of the 
steels after carburizing at 1700°F had a fine grain 
size. 

The graphitization chart” employed in this inves- 
tigation contains designations A, B, C, etc. (A being 
the smallest size particle) which are used with a 
prefix. A rating of 10C, for example, indicates ten 
particles of dispersed graphite with an average size 
C in a representative 4x5 in. field at X500. 

A weld bead for graphitization studies was de- 
posited with automatic welding equipment at the 
U.S. Steel Corp. Fundamental Research Laboratory 
using a 44 in. diam coated electrode with 100 amp at 
24 volts and an arc travel speed of 10 in. per min. No 
preheating or postheating was employed. The type 
of welding electrodes employed in this investigation 
is shown in Table I. The results with weld beads 
are not always strictly comparable to commercial 
welding conditions. However, the automatic weld 
beads used in this investigation provided uniform 
conditions for the experimental work. Specimens 
containing portions of the bead welds were micro- 
scopically examined after 34,000 hr exposure at 
900° and 1050°F. The samples exposed at 1200°F 
were not examined due to the large amount of oxi- 
dation and decarburization. j 

The type of specimen used for tensile and creep 
rupture testing is shown in Fig. 1. Standard pro- 
cedure for creep rupture testing was followed.* The 
tensile and creep rupture tests were conducted be- 
fore exposure and after 10,000 hr exposure at 900°, 
1050°, and, in several instances, after exposure at 
1200°F. The creep rupture tests were performed at 
the exposure temperatures and were of sufficient 
duration for actual determination of the 1000 hr 
properties. The tensile tests were at ambient tem- 
peratures. 

Microstructure 


Specimens containing the small weld bead were 
examined microscopically after 34,000 hr exposure 


ig X14 U.S.STD. 
THREADS 


60° CENTERS 


252" 
250°* 


Fig. 1—Diagram of test specimen. 
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and compared with the microstructures of the same 
group of AISI steels after only 10,000 hr exposure 
at 900° and 1050°F.* In general, there was very little 
change in microstructure between 10,000 and 34,000 
hr exposure. 

Graphite in Weld Metal—A small amount of 
graphite was found in the bead weld metal and 
weld heat-affected zone of AISI Grade 4640 steel 
after 34,000 hr exposure at 1050°F. A % in. diam 
E7020 coated electrode was employed, with no pre- 
heat or postheat. The appearance of one of the gra- 
phite nodules in the weld metal is illustrated in Fig. 
2. The graphite rating is 0.04G. 

A number of dark gray particles, too small to 
identify, were visible in the deposited weld metal in 
several of the higher carbon steels, for example, the 
AISI 4140 and AISI 4337 steels after 34,000 hr ex- 
posure. In the AISI 4140 and AISI 4337 welds, the 
small dark particles were visible along the bound- 
aries of columnar structure areas after 900°F ex- 
posure. Particles in the columnar boundaries after 
1050°F exposure appeared to be small, light colored 
carbides. 

Nickel Steels—The AISI 2320 and AISI 2517 
nickel steels exhibited slightly greater spheroidiza- 
tion and graphitization after 34,000 hr exposure 
than was visible after the 10,000 hr exposure, par- 
ticularly in the weld heat-affected zones. After 
34,000 hr exposure at 900°F the structure of the 
parent metal of both steels was still similar to that 
visible after 10,000 hr exposure, and is illustrated in 
Fig. 3a. After 34,000 hr exposure at 1050°F the 
structure of both steels was similar to Fig. 3b, except 
that AISI 2517 steel contained small carbides. 

The greatest change in the nickel steels occurred 
in the weld heat-affected zone. At 900°F the weld- 
heated zone of steel AISI 2320 resembled that of 
AISI 4640 in Fig. 5, and this same zone of steel AISI 
2517 resembled AISI 8625 in Fig. 4. At 1050°F the 
weld heat-affected zone of both steels was similar to 
AISI 4640, Fig. 5, except that the ferrite areas were 
considerably coarser. 

With regard to the subcritical growth of ferrite 
areas at 1050°F in portions of the weld heat-affected 
zones of the parent metal, this condition has been 
observed previously. The phenomenon of growth 
in this area may be associated with welding stresses. 
The growth of the ferrite areas in the plain carbon 
steels* did not show any appreciable increase be- 
tween the 10,000 hr exposure and the 34,000 
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Table Il. Graphite Rating of Steels; 34,000 Hr Exposure 


900°F 1050°F 
AISI 
Designation Type 1* 2+ 3% at 3% 38 

2320 Ni 0 30C 200B 0.5G 1D 40D 100D 0.2K 
2517 Ni 0 0 0 1E 0 0 0.1K pay 
3115 Ni-Cr 0 0 0 0 0 0 
3130 Ni-Cr 0 0 0 0 0 0 Y i 
3316 Ni-Cr 0 0 0 0 0 0 4 0 
4115 Cr-Mo 0 0 0 0 0 0 
4140 Cr-Mo 0 0 0 0 0 0 . rs 
4317 Ni-Cr-Mo 0 0 0 0 0 0 . 4 
4337 Ni-Cr-Mo 0 0 0 0 0 0 2 % 
8625 Ni-Cr-Mo 0 0 0 0 
8630 Ni-Cr-Mo 0 0 
4615 Ni-Mo 0 0 # # 0 204 oe ae 
46409 Ni-Mo 4B 20D 40B 1F 1E 8F 20E se 
4815 Ni-Mo 0 0 0 0 0 0 e 4 
6120 Cr-V 0 0 0 0 0 0 
6145 Cr-V 0 0 0 0 0 0 0 

* 1 refers to heated zone immediately beneath weld metal. 

7 2 refers to heated zone beneath Zone 1. 

+3 refers to area near boundary of heat-affectied zone. 

§ 4 refers to parent metal. 

# Very small dark gray particles, unidentified. 

{ Graphite rating at 1050°F for deposited weld metal equals 0.04G. 


Fig. 2—Stability of AISI alloy steels, showing structures 
visible in bead-weld of AISI Grade 4640 steel exposed 34,000 
hr at 1050°F. Picral-nital Etch. a) LEFT: Graphite in £7020 
deposited weld metal. b) RIGHT: Graphite in weld heat- 
affected zone. X1000. Reduced approximately 45 pct for 
reproduction. 


wei 


by 2 
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d) AISI 4337, 1050°F e) AISI 8630, 900°F f) AISI 8630, 1050°F 


Fig. 3—Parent metal structures after 34,000 hr exposure. 
Picral-nital Etch. X1000. Reduced approximately 45 pct for 
reproduction. 
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hr exposure interval. The growth of the ferrite in 
the nickel steels is also believed to be virtually com- 
pleted during 10,000 hr exposure. 

Samples of each of the nickel steels contained 
more graphite in the parent metal and the weld 
heat-affected zone after 34,000 hr exposure at 900° 
and 1050°F than previously found after 10,000 hr 
exposure.’ AISI 2517 steel, which did not contain 
graphite after 10,000 hr exposure at 900°F, contain- 
ed a small amount of graphite in the parent metal 
after 34,000 hr. The graphite ratings are shown in 
Table II. The reason for the absence of graphite in 
the weld heat-affected zone of the 900°F sample of 
AISI 2517 steel is not clear. 

Ni-Cr Steels—The Ni-Cr steels continued to ex- 
hibit a relatively stable microstructure. After ex- 
posure for 34,000 hr at 900°F AISI 3115, 3130, and 
3316 steels were similar to the steels after 10,000 hr 
exposure and resembled Fig. 3e. After exposure 
for 34,000 hr at 1050°F the Ni-Cr steels were 
spheroidized somewhat more than after the 10,000 
hr exposure. The AISI 3115 steel was similar to 
Fig. 3a, the AISI 3130 steel resembled Fig. 3f, and 
the AISI 3316 steel was similar to Fig. 3d. 

The structure of the weld heat-affected zones of 
these steels after exposure for 34,000 hr at 900°F 
was similar to AISI 8625 in Fig. 4. After exposure 
for 34,000 hr at 1050°F the weld-heated zone of 
AISI 3115 steel was similar to AISI 4115 in Fig. 4a, 
and AISI 3130 and 3316 steels were similar to AISI 
8625 in Fig. 4. 

The Ni-Cr steels contained no evidence of graphite 
in the parent metal or weld heat-affected zones 
after exposure. 

Cr-Mo Steels—Steels AISI 4115 and 4140 con- 
tinued to be relatively stable after prolonged ex- 
posure, but additional spheroidization was observed, 
particularly in the samples exposed at 1050°F. After 
34,000 hr exposure at 900°F the Cr-Mo steels were 
still structurally stable and were similar in appear- 
ance to Fig. 3e. After similar exposure at 1050°F 
the AISI 4115 steel resembled Fig. 3d, and the AISI 
4140 steel was similar to Fig. 3f. In the weld-heated 
zone the structure of the two steels did not change 
to any great extent since the previous examination. 
After 34,000 hr exposure at 900°F the structure of 
the AISI 4115 steel is illustrated in Fig. 4, while the 
AISI 4140 steel resembled the AISI 8625 steel in 
Fig. 4. After 34,000 hr exposure at 1050°F the AISI 
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Fig. 4—Structural changes in weld heat-affected zones of 
AISI 4115 (left) and 8625 (right hand micrographs) steels 
after 34,000 hr exposure at 900°F. Picral-nital etch. TOP 
ROW: weld metal; CENTER ROW: weld heat-affected zone; 
and BOTTOM ROW: parent metal. X1000. Reduced approxi- 
mately 20 pct for reproduction. 


4115 steel compared with AISI 8625 in Fig. 5, and 
the AISI 4140 steel with AISI 8625 in Fig. 4. Gra- 
phite was not observed. 

Ni-Cr-Mo Steels—The Ni-Cr-Mo AISI steels, 
4317, 4337, 8625, and 8630, changed considerably 
during early exposure but appear to have changed 
very little during the exposure interval from 10,000 
hr to 34,000 hr. After exposure for 34,000 hr at 
900°F, steels 4317, 8625, and 8630 remained essen- 
tially the same in appearance and were similar to 
Fig. 3e. After the same exposure at 1050°F some 
changes were observed in the microstructure of 
these steels which resembled Fig. 3f. The structure 
of the AISI 8630 steel exposed at 900°F is illustra- 
ted in Fig. 3e, and at 1050°F in Fig. 3f. The AISI 
4337 steel was not changed after 34,000 hr at 900° 
but showed additional spheroidization after ex- 
posure at 1050°F. Figs. 3c and 3d illustrate the 
structures of this steel after 34,000 hr exposure at 
900° and 1050°F. 

The weld-heated zones after exposure at 900°F 
were essentially unchanged and resembled AISI 

8625 in Fig. 4, but slightly more spheroidization was 
observed in the material exposed at 1050°F with the 
structures resembling AISI 8625 in Fig. 5. Graphite 
was not observed in these steels. 
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Fig. 5—Structural changes in weld heat-affected zones of 
AISI 8625 (left) and 4640 (right hand micrographs) steels 
after 34,000 hr exposure at 1050°F. Picral-nital etch. TOP 
ROW: weld metal; CENTER ROW: weld heat-affected zone; 
and BOTTOM ROW: parent metal. X1000. Reduced approxi- 
mately 20 pct for reproduction. 


Ni-Mo Steels—These steels showed a change in 
microstructure during early exposure intervals, 
but do not appear to have changed materially be- 
tween the 10,000 hr and the 34,000 hr exposure 
periods. The AISI 4615 steel contained 0.12 pct 
residual chromium, the AISI 4815 steel contained 
0.16 pet residual chromium, and the AISI 4640 steel 
contained only 0.04 pct residual chromium. After 
exposure for 34,000 hr at 900°F the AISI 4615 steel 
resembled Fig. 3a; the AISI 4640 steel, Fig. 3f; and 
the AISI 4815 steel, Fig. 3d. After exposure at 
1050°F the AISI 4615 steel resembled Fig. 3b; the 
AISI 4640 steel, Fig. 3f; and the AISI 4815 steel, 
Fig. 3d. 

The weld-heated zones of all these steels were 
similar to AISI 8625 in Fig.4 after 900°F exposure. 
After exposure at 1050°F the AISI 4615 steel re- 
sembled AISI 8625 in Fig. 5. The AISI 4815 steel was 
similar in appearance to the AISI 4640 steel after 
34,000 hr at 1050°F, as illustrated in Fig. 5. 

All three steels displayed evidence of graphitiza- 
tion, as shown in Table II. The AISI 4615 steel gra- 
phitized considerably at 1050°F. However, graphi- 
tization at 900°F was questionable. In the 900°F 
specimen after 34,000 hr exposure a number of 
dark gray particles too small to be identified could 
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Table III. Tensile Properties Before and After 10,000 Hr Exposure at 1200°F 


Yield Strength, 1000 Psi 


Tensile Strength, 1000 Psi 


Elongation, Pct In 1 In. Reduction of Area, Pct 


After 

AISI Before After Befere After Before After Before 

Grade Exposure Exposure Exposure Exposure Exposure Exposure Exposure Exposure 

80 

2320 68 50 86 61 33 42 67 
2517 59 55 82 71 34 39 ee te 
3316 92 61 147 76 21 38 BS 35 
4815 75 39 106 58 24 44 


Table IV. Creep Rupture Strength Before and After 10,000 Hr 
Exposure at 900°, 1050°, and 1200°F 


Stress for Rupture, 1000 Psi 
10,000 Hr= 
After} 


Exposure 
and Testing 
Temper- 
ature, °F 


1000 Hr 


Before* After? Before* 


AISI 2320 
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1050 
1200 
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900 
1050 
1200 


900 
1050 


900 
1050 


900 
1050 


900 
1050 


900 
1050 
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1050 
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AISI 3115 
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AISI 4115 


AISI 4317 
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AISI 6120 


AISI 8625 


AISI 2517 


AISI 3130 
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AISI 4815 
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AISI 4140 
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AISI 4337 


AISI 4640 


nN 
bo 


AISI 6145 


NS 90 20 ON 


Rh 
NOS ©S 


AISI 8630 


wn NS 0S BPO NO HO NO HH WH 


* Material creep rupture tested before 10,000 hr exposure. 

+ Material creep rupture tested after 10,000 hr exposure without 
stress. 

t Values obtained by extrapolation. 


be seen in the parent metal and in the weld-heated 
zone. The AISI 4815 steel graphitized only after ex- 
posure at 1050°F. A large amount of graphitization 
was observed in the AISI 4640 steel at 900° and 
1050°F in the weld-heated zones and parent metal. 
The micrograph in Fig. 2 illustrates the degree of 
graphitization in the weld heat-affected zone of 
AISI 4640 steel after 34,000 hr exposure at 1050°F. 
Graphitization in the deposited weld metal occurred 
in this specimen. 

Cr-V Steels—AISI steels 6120 and 6145 remained 
relatively stable microstructurally after 34,000 hr 
exposure. Both steels had an appearance similar to 
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Fig. 3e after exposure at 900°F. At 1050°F the AISI 
6120 steel resembled Fig. 3d; and the AISI 6145 
steel, Fig. 3c. The weld-heated zones of these steels 
were similar to AISI 4115 in Fig. 4 at 900°F and 
AISI 8625 in Fig. 5 at 1050°F. Graphitization was 
not observed in these steels. 


Tensile Properties 


In general, there was a slight decrease in the 
yield strength and tensile strength of the various 
steels after 10,000 hr exposure at 900°, and the de- 
crease was more noticeable after exposure at 
1050°F. An appreciable decrease was observed in 
the yield strength and tensile strength of the steels 
exposed at 1200°F, see Table III. The elongation in 
the tensile test was not changed appreciably by ex- 
posure at 900° and 1050°F, but the reduction of 
area was increased in several steels. The ductility 
properties were appreciably increased in the steels 
exposed at 1200°F. The tensile properties for the 
steels are shown in Fig. 6 for the 900° and 1050°F 
exposure temperatures. 


Creep Rupture Properties 


The creep rupture strength of the nickel steels in 
Table IV is similar to that of plain carbon steels 
and showed no appreciable change after exposure 
at 900° to 1200°F. Two levels of nickel did not in- 
fluence the creep rupture properties, but the addi- 
tion of chromium to steel containing nickel 
appreciably increased the creep rupture strength. 
These properties were not changed to any great ex- 
tent by exposure at 900° and 1050°F. 

In the steels of Table IV containing molybdenum 
or vanadium, the creep rupture properties were 
higher than the nickel and Cr-Ni steels. The steels 
containing higher levels of carbon had lower creep 
rupture properties than the lower carbon alloy 
steels. The creep rupture strength was slightly de- 
creased due to exposure at 900° and 1050°F. 

The ductility in Fig. 7 before or after exposure 
was greater at 1050° than at 900°F. The ductility 
after exposure at either temperature was greater in 
general than the ductility before exposure. The 
ductility level of some of the steels was low, par- 
ticularly at 900°F. 


Conclusions 


1) Evidence that E7020 weld metal may graphi- 
tize when deposited on AISI 4640 Ni-Mo steel was 
observed after exposure for 34,000 hr at 1050°F. 

2) The AISI 2320 and 2517 nickel steels and the 
AISI 4640 Ni-Mo steel graphitized at 900° and 
1050°F during 34,000 hr exposure. The AISI 4615 
and 4815 Ni-Mo steels with residual chromium gra- 
phitized at 1050°F during 34,000 hr exposure. 
Nickel is not effective in preventing graphitization. 

3) The chromium bearing AISI steels did not 
graphitize after 34,000 hr exposure at 900° or 
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1050°F, although some of the steels contained ap- 
preciable amounts of aluminum, relatively high 
levels of carbon, and nickel. 

4) The chromium bearing AISI steels appear to 
be more stable structurally than the other AISI 
steels. 

5) A slight decrease in the yield strength and 
tensile strength was observed in the AISI steels 
after 10,000 hr exposure at 900° and 1050°F. 

6) The creep rupture properties of nickel steels 
were similar to those of plain carbon steels. The 
addition of chromium to steel containing nickel in- 
creased the creep rupture strength. 

7) The creep rupture properties of molybdenum 
or vanadium steels were higher than those of the 
nickel and Cr-Ni steels. The steels containing high- 
er levels of carbon had lower creep rupture proper- 
ties than the lower carbon alloys. 

8) The ductility after exposure at 900° or 
1050°F was greater than the ductility before ex- 
posure. 

9) The powerful effect of chromium is further 
shown and suggests that the Cr-Mo steels now em- 
ployed as piping materials for elevated temperature 
service appear satisfactory for acceptable perfor- 
mance in comparison with the AISI steels. 
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and ductility. 
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Trans., 1957, vol. 209, p. 408; JouRNAL OF METALS, April 1957. 

The statement under Softening Temperature and Electrical Conductivity that “the addition to 
copper of zirconium in amounts less than 0.12 pct had little effect on the softening temperature’”’ is 
incorrect. Subsequent research has shown that additions of zirconium in amounts as small as 0.02 pct 
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Creep of Al-Cu Alloys During Age Hardening 


High-purity polycrystalline alioys of aluminum with 1 to 4 pct Cu were tested in creep over a 
temperature range of 200° to 540°C. Hardness, X-ray, and tensile data supplemented the creep 
results. Starting with alloys in the quenched, single-phase condition, creep tests were performed 
both within the single-phase and two-phase region of the equilibrium diagram. Aging under stress 
was initiated by enclosing the specimen with the hot furnace at the same time that the load was ap- 
plied. The effects of aging on the minimum creep rate were determined by comparison of two 
types of creep curves: 1) the curves obtained when creep is accompanied by aging, and 2) the curves 
obtained under identical circumstances but without aging. The first curves were determined ex- 
perimentally, while the second were obtained by extrapolation of the high-temperature single-phase 
creep data into the two-phase field. At the intermediate stresses, precipitation resulted in stronger 
alloys. Inversions in the relative strengths of the two-phase and single-phase alloys were predicted 
at the higher and lower stresses, whereby the single-phase alloys became stronger than the two- 
phase alloys. Low stress (high temperature) inversions have been reported by other investigators. 


by Ervin E. Underwood 


phase alloys in which precipitation and creep de- 


persed particles have great value in raising the 
creep resistance of metallic alloys. In fact, some of 
the most successful high-temperature alloys owe 
their superiority to this factor above all others. A 
recent observation by Glen*’ indicates that even 
better high-temperature resistance to deformation 
results in alloys capable of two successive precipi- 
tation reactions. 

The ramifications of this finding are of great in- 
terest. Unfortunately, our understanding of the rea- 
sons for such notable improvements has not kept 
pace with technical developments. In an effort to 
uncover some of the basic facts governing strength- 
ening by particles, a program was initiated at the 
Battelle Memorial Institute with the primary goal 
of comparing creep strengths in single-phase and 
two-phase (precipitating) alloys. 

The effects of precipitation from solid solution 
on the creep properties of alloys are generally such 
that the resistance to creep is increased. However, 
if alloys are heat treated to different degrees of 
hardness before creep testing, it is often found that 
those possessing the maximum hardness initially do 
not necessarily have the maximum creep resistance. 
Depending on the stresses and temperatures in- 
volved other structures may prove more desirable. 
Considerations of the above nature indicate the im- 
portance of defining the initial state of the alloy. 
Here, it was decided to start with quenched single- 


E. E. UNDERWOOD, Member AIME, is Assistant Division Con- 
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formation proceed concurrently. 


Equipment and Experimental Procedures 

Preparation of the Specimens—Four 25 lb ingots 
were prepared from 99.999 pct Cu and 99.996 pct 
Al to compositions of 1, 2, 3, and 4 wt pct Cu. Spec- 
trographic and chemical analyses are listed in Table 
I. After heat treatments and intermediate reduc- 
tions, the alloys were cold rolled to % in. thick 
sheet. The final cold reductions amounted to 50, 40, 
20, and 10 pct for the 1, 2, 3, and 4 pct Cu alloys, 
respectively. 

The specimens for creep testing were machined 
into tensile flats 7 in. long, 34 in. wide (at the 
shoulders), and 4 in. thick. The reduced sections 
were % in. wide and 2% in. long. After heat treat- 
ments at 540°C to an ASTM grain size of 1 +1, the 
specimens were quenched into water at room tem- 
perature, then electropolished in a glacial acetic 
acid and perchloric acid solution. The gage marks 
were Knoop impressions placed 2 in. apart on the 
reduced sections. Blanks of 1 x 1 in. were cut from 
the same sheets for the age hardening runs and 
were given the same grain size heat treatments. 
The specimens and blanks were stored in a refrig- 
erator at —40°C until needed for testing. 

Creep Measurements—Creep tests were conducted 
in a constant temperature room which was main- 
tained at 26° +1°C. A split-type, hinged, vertical- 
tube furnace was mounted on a horizontal track so 
that the specimen could be enclosed suddenly. Thus, 
it took about 15 min for the specimen to come within 
5°C of the test temperature. The temperature vari- 
ation along the specimen was controlled to about 
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% °C by an auxiliary heating coil, while the furnace 
temperature was controlled within +2°C. 

The surface of the specimen and the gage marks 
were observed through narrow slit windows at a 
magnification of 20 times. A microscope, mounted 
on a vertical 4 in. micrometer slide, permitted the 
distance between the two gage marks to be meas- 
ured with a sensitivity of about 50 pin. Direct load- 
ing was used so that the specimen could be unloaded 
quickly and quenched into water at 26°C after a 
selected amount of creep. 

X-Ray Technique—The X-ray examination was 
of a simple back-reflection type used previously.* 
Diffraction patterns were obtained from the reduced 
sections of the specimens using filtered cobalt radi- 
ation. 

Hardness Data—Vickers diamond hardness num- 
bers were obtained from the 1 x 1 in. blanks, and 
from the reduced sections and shoulders of the creep 
specimens. The blanks were aged in salt pots at 
temperatures ranging from 200° to 400°C, and were 
quenched periodically in water at room tempera- 
ture. The average of five impressions was used to 
plot the hardness-time curves. Hardnesses were 
measured at the shoulders and reduced sections of 
the creep specimens after the creep test. 

Tensile Tests—Tensile tests of specimens crept to 
various strains were conducted at constant strain 
rates of about 0.0078 or 0.0108 per min and at tem- 
peratures between 26° and 300°C. The tests were 
usually discontinued shortly after the maximum 
load was detected. 


Experimental Results and Their Evaluation 
Creep Tests—In attempting a comparison of creep 
strengths in single-phase and two-phase alloys, it 
is necessary to identify the effects of age hardening 
on creep. The procedure devised for this purpose 
was that of interrupting the creep run at selected 
times by quenching the specimens from the furnace. 
First, the entire creep curve was delineated. Then, 
additional specimens were tested, under the same 
conditions of stress and temperature, but for suc- 
cessively shorter times. Thus, several specimens, 
representative of as many points along the creep 

curve, were available for other measurements. 
The conditions of the creep tests are given in 
Table II. In general, the temperature dependence of 
creep was obtained with the 2 pct Cu alloys, and 
the compositional dependence of creep was deter- 
mined at 300°C. There is some spread among the 
creep curves belonging to the same stress and tem- 
perature group. The deviations do not appear to be 
greater than those normally encountered, even in 
view of the unusual experimental requirements of 
this investigation. A few creep curves were not 
used because of excessive deviation from the aver- 
age curve. However, in some cases, these specimens 

have yielded data useful in other connections. 


Fig. 1—Representa- 
tive creep curves of 
single-phase or 

aging Al-Cu alloys. 
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Fig. 2—Initial creep stress ys minimum creep rate for single- 
phase or aging Al-Cu alloy. 


The shoulders and reduced sections of the creep 
specimens were selected as likely spots to study the 
effects of strain on age hardening. It was hoped that 
the shoulders would be elastically strained and that 
the reduced sections would be plastically strained. 
To verify this, a fine square grid of 20 lines to the 
inch was applied photographically to two electro- 
polished specimens before creep testing. The resi- 
dual creep strain, measured at room temperature, 
amounted to about 0.2 pct in the shoulders. It ap- 
pears that the deformation there is not entirely 
elastic. The grid deteriorated at higher tempera- 
tures, so the deformation resulting from creep above 
200°C was not determined. 

Typical creep curves have been plotted to linear 
strain and time scales in Fig. 1 to illustrate the vari- 
ations encountered under widely differing creep 
conditions. The 200°C curve is typical of those ob- 
tained at the lower temperatures and under rela- 


Table |. Spectrographic and Chemical Analyses of Al-Cu Alloys 


Nominal Chemical Spectrographic Analysis, Ppm 

Composi- Analysis, 

tion, Pct Wt Pct Cu Si* Fe Pb Mg 
1 9 20 20 <107 1.0 
2 1.95 20 <207 7 1.0 
3 2.96 20 <207 t 1.0 
20 <207+ 20 1.0 


* Silicon pickup possible from the electrode. 
+ Not detected. 


tively high stresses. It should be noted that this 
curve represents creep in an alloy in which aging is 
proceeding concurrently with deformation. It has 
the appearance of a normal creep curve. The other 
two curves were obtained from creep tests in the 
single-phase region. The alloys were tested under 
almost identical conditions except for one important 
difference. In one case (the upper curve) the speci- 
men was allowed to come to temperature before the 
load was applied. This procedure was followed only 
at temperatures within the single-phase field. In the 
other case (the lower curve), the hot furnace was 
placed around the specimen at the same time the load 
was applied. This was the normal procedure when the 
specimen was to be tested at a temperature within 
the two-phase region. The difference in experi- 
mental techniques does not appear to give notice- 
ably different results except at the very short times. 
The magnitude of this early difference for all alloys 
was usually much less than 1 pct strain, and this 
only at the shorter times. 

The consistency of the creep data is indicated in 
Fig. 2, where the logarithm of the stress is plotted 
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vs the logarithm of the minimum creep rate. These 
data points and extrapolated values are utilized 
later in the paper since the minimum creep rate is 
used as an index of the creep strength. The vari- 
ation in the slopes of these lines with temperature 
approximates qualitatively the behavior observed in 
other creep studies.*® 

An informative series of curves appears in Fig. 3 
as a result of plotting minimum creep rates at 
573°K against the composition. Dorn’s data’ were 
used to fill in the single-phase area, while the re- 
maining two-phase data represent minimum creep 
rates of aging Al-Cu alloys. The maximum rate of 
improvement in creep strengths occurs between 1 
and 2 pct Cu. This fact gains additional significance 
when associated with the results of a kinetic anal- 
ysis of age hardening,’ where it is shown that a 
marked retardation of rate of age hardening occurs 
at the same compositions ( 1 to 2 pct Cu) and tem- 
perature (573°K). Returning to Fig. 3, it is ap- 
parent that relatively little additional creep resist- 
ance is gained by increasing the copper content from 
2 to 4 pet. 

Low-magnification examinations were made of 
the surface deformation markings on Al-Cu speci- 
mens crept to various strains at various tempera- 
tures. It was found that the sequence of changes 
and the specific manifestations of deformation (slip- 
bands, folds, grain rotation, grain boundary migra- 
tion, etc.) are much the same as in creep of high- 
purity aluminum. The application of stress to the 
aging alloys was found to give considerably wid- 
ened and numerous bands of the light phenomenon 
at the grain boundaries. Furthermore, platelets re- 
precipitating within these regions appeared to as- 
sume a new orientation. 

A major goal of this investigation is the deter- 
mination and evaluation of the effects of age hard- 
ening on creep. To accomplish this goal, a compari- 
son was made of the following two types of creep 
curves: 1) the curves obtained when creep is ac- 
companied by aging, and 2) the curves obtained 
under identical circumstances, but without aging. 
Obviously, both curves cannot be determined ex- 
perimentally. Therefore, it was proposed to ex- 
trapolate the high-temperature single-phase creep 
data into the two-phase field. The latter data would 
be representative of creep without aging, while the 
corresponding creep plus aging curves could be ob- 
tained experimentally. 

The value of such a comparison depends greatly 
on the accuracy of the extrapolated data. For this 
purpose an extrapolation is desired capable of 
handling stress and temperature changes plus one 
other creep ‘variable, such as strain or minimum 
creep rate. Two relatively simple functions have 
emerged lately which relate creep stress to the tem- 
perature and minimum creep rate. One of these 
functions, the Larson-Miller* parameter, P, has the 
form 

P=T (C— log é,) 


where T is the absolute temperature, ¢, is the mini- 
mum creep rate, and C is a material constant. This 
parameter has been used extensively to relate and 
correlate both creep and tensile data.“ Although 
the exact shape of the stress vs P plot is not specified, 
the curves have qualitatively the same shape.” 
These findings give increased confidence in judging 
the probable usefulness of an extrapolated curve. 

Another expression which relates the stress to a 
function of temperature and strain rate has been 
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Fig. 6—Precipitate in Al-2 pct Cu alloys aged at 400°C. a) LEFT: Overaged for 960 min. Unstressed. b) RIGHT: Aged for 14 


adapted by Dorn” to creep, although it was origi- 
nally proposed for correlation of tensile properties 
by Zener and Hollomon.” This function, Z, may be 
written 

— 


[2] 


where AH is a constant, an experimental activation 
energy for creep which is closely akin to the activa- 
tion energy for self diffusion, and the other terms 
are as before. 

Both Eqs. 1 and 2 were used in an effort to com- 
pare the creep behavior of aging and nonaging Al- 
2 pet Cu alloys. However, since these expressions 
are equivalent,* the same results were found re- 


* This is shown readily by recasting the Larson-Miller parameter 
to the same form as the log (Z) parameter. That is, by solving Eq. 
1 for C, C =,log és + P/T is obtained, and by taking logarithms 
of Eq. 2, log Z = log és + AH/2.3RT is obtained. 


gardless of which parameter was used. The actual 


Table II. Creep Data for Al-Cu Alloys 


Compo- Testing Initial Number of Location on 
sition, Temper- Creep Specimens Equilibrium 
Wt Pct Cu ature, °C Stress, Psi Used Diagram 
a 300 2400 1 Two-phase 
300 2000 a Two-phase 
300 1700 1 Two-phase 
419 200 1 Single-phase 
430 200 2 Single-phase 
457 200 1 Single-phase 
2 200 7500 4 Two-phase 
200 7000 1 Two-phase 
200 6000 2 Two-phase 
300 2400 5 Two-phase 
300 2050 3 Two-phase 
300 1700 3 Two-phase 
400 1700 5 Two-phase 
400 1235 4 Two-phase 
400 790 4 Two-phase 
430 1000 aE Single-phase 
460 353 1 Single-phase 
460 251 1 Single-phase 
460 201 1 Single-phase 
500 362 1 Single-phase 
500 202 1 Single-phase 
500 140 1 Single-phase 
540 206 1 Single-phase 
540 140 1 Single-phase 
540 86 al Single-phase 
3 300 3200 4 Two-phase 
300 2800 1 Two-phase 
300 2400 3 Two-phase 
4 » 300 4000 1 Two-phase 
300 3200 if Two-phase 
300 2800 a Two-phase 


values of the constants in each case were calculated 
from the experimental data. Thus, the values of C 
from Eq. 1 that were found to fit the creep data for 
the single-phase and two-phase alloys are 12 and 
17, respectively. Similarly, AH’s of 48,000 and 58,- 
000 cal per mole were found to fit the data best in 
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Eq. 2. That this latter constant should have dif- 
ferent values is logical, because in one case we have 
creep in a solid solution, undisturbed by aging 
effects, while in the other case aging exerts its 
complex influence on the creep process. Dorn” was 
unable to correlate the creep data of age-hardenable 
alloys with his AH for dilute single-phase alloys, 
but this is understandable if a different process is 
controlling in aging alloys. 

The experimental results are presented in Fig. 
4 but, for the sake of brevity, only in terms of the 
Larson-Miller parameter. The curves for the 2 pct 
Cu alloys are representative of creep in single-phase 
alloys (C=12) and in two-phase aging alloys 
(C = 17). The tensile points appearing at the high- 
est stresses are obtained from crept single-phase 
and two-phase specimens. They help to delineate 
the course of the curves, as does the combined 
creep** and tensile“ curve for high-purity alumi- 
num. 

The qualitative nature of the high-stress portions 
of these curves precludes any quantitative calcu- 
lations, but some observations can be drawn. In 
general the single-phase alloys are weaker* (i.e., 


(P,_4.)1>5T. The meaning of this inequal- 


ity can be understood readily in the case of a constant tempera- 
ture. Then, 5T is also constant and is equivalent to a constant 
distance on the parameter scale. As the two curves diverge more or 
converge less than this distance, the minimum creep rate for the 
single-phase alloy becomes more or less, respectively, than that for 
the two-phase alloy. 


have a higher minimum creep rate) over most of 
the stress range. For a constant temperature, the 
inequality given in the footnote predicts that the 
minimum creep rates tend to become equal at the 
higher stresses as the two curves tend to converge. 
At still higher stresses, an inversion in the minimum 
creep rate occurs and the single-phase alloys be- 
come stronger than the two-phase alloys. For a 
temperature of 500°K, the minimum creep rates be- 
come equal at 10,000 psi, and at higher stresses the 
two-phase alloys are weaker than the single-phase 
alloys. Depending on the temperature chosen, this 
inversion in creep strengths will occur at some 
higher or lower stress. 

The prediction of an inversion in the minimum 
creep rate at the high-stress portion of the diagram 
is not at all unreasonable if an increased creep 
strength there can be attributed primarily to finer, 
more closely spaced particles. Giedt, Sherby, and 
Dorn® have demonstrated experimentally that this 
behavior is a fact at higher stresses. Consider a two- 
phase alloy in which the particles become increas- 
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Table III. Age-Hardening Data* for Unstressed Al-Cu Alloys 


Average 


Maximum Hardness at Reaction Temperatures, °C 


Time, Min, to Maximum Hardness 
at Reaction Temperatures, °C 


Composition, Initial au 
Wt Pct Cu Hardness} 200 220 300 400 200 220 300 400 
2 44.4 50.8 ~50.3 ~50 50.7 4100 1250 37 52 
3 66.4 68 — 63 63.5 1100 — 16 3:7 
4 81.6 81.7 — 76.6 74 1300 — 17 1.4 


* Dphn obtained at room temperature with a 10-kg load. 
j Alloys quenched from 540°C into water at room temperature. 


ingly smaller and more finely dispersed. It is evi- 
dent that the limiting case approaches that of a 
supersaturated solid solution, wherein the particles 
are now the solute atoms themselves. On the other 
hand, the equilibrium two-phase alloy possesses 
gross CuAl, particles and would have a lesser parti- 
cle-strengthening increment than the single-phase 
alloy. 

Another possibility is suggested by the Al-2 pct 
Cu curves of Fig. 4. A slight convergence of the two- 
phase and single-phase curves can be noted as the 
stresses decrease (below 1700 psi) or as the tem- 
perature increases. A trend of this type implies an 
inversion in relative strengths similar to that al- 
ready noted at the higher stress levels. This predic- 
tion is given some element of confirmation by vari- 
ous reports”” showing that, under appropriate con- 
ditions, single-phase alloys have greater creep 
strength than two-phase alloys. To illustrate the 
effect of even this slight convergence, minimum 
creep rates have been calculated for stresses be- 
tween 800 and 1700 psi and are plotted in Fig. 5. 
Fig. 54 shows this inversion in minimum creep 
rates as the temperatures increase, while in Fig. 5B 
the same result is obtained with decreasing stresses. 

To summarize, a comparison of minimum creep 
rates in single-phase and aging two-phase alloys of 
the same composition has been attempted. The re- 
sults indicate that the two-phase alloys are gen- 
erally stronger, but that at high and low stresses, 
single-phase alloys may have the lower creep rate. 
Experimental investigations tend to confirm this 
predicted behavior. Furthermore, the same trends 
are seen in Fig. 6 of the paper by Giedt et al.,° but 
for alloys of different compositions and in terms of 
the Z-parameter. Thus, it appears that new appli- 
cations of the parametric plot are feasible, especially 
if the rather artificial restriction of constancy of C 
(or AH) is removed. 

At higher temperatures the two-phase alloys 
should overage quickly under stress and the creep 
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Fig. 7—Age hardening in unstressed Al-2 pct Cu alloys. 


1186—JOURNAL OF METALS, OCTOBER 1957 


properties should approach those of an alloy over- 
aged before creep. To test this conclusion, a speci- 
men was aged for four days at 300°C and then was 
crept under a stress of 2400 psi at 300°C. The 
change in position because of prior overaging is in- 
dicated by the arrow in Fig. 4. It is obvious that 
this prediction was not confirmed. Recourse to the 
microstructures of the alloys aged before creep and 
aged during creep revealed a great disparity in the 
size, shape, number, and spacing of the precipitates. 
An example of the difference is given in Fig. 6. The 
relatively large coalesced particles in the overaged 
alloy apparently contribute little toward strength- 
ening the matrix, unlike the small, platelike, and 
finely dispersed particles in the alloy aged during 
creep. In fact, at an assigned temperature of 500°K, 
the minimum creep rates of the overaged alloy and 
of the single-phase alloy should be approximately 
equal. 

Age Hardening Curves—The primary function of 
the hardness measurements was to indicate the 
degree of age hardening that occurred during creep. 
However, it was also necessary to establish the 
hardness vs time curves in unstressed alloys, since 
they could serve most readily as a basis for com- - 
parison. In addition to the anticipated uses, inter- 
esting correlations were also developed between the 
hardness number and total creep strain. 

The age-hardening curves for unstressed alloys of 
Al-2 pct Cu are shown in Fig. 7. The estimated 
times to maximum hardness have been indicated by 
small arrows. A consideration of all the data for all 
alloys reveals that the times decrease with inereas- 
ing temperatures, but at a certain critical tempera- 
ture the trend is reversed. The maximum hard- 
nesses also follow the same pattern. These ap- 
parently inconsistent data have been rationalized on 
the basis of a kinetic analysis of the age-hardening 
curves, which has been reported in more detail else- 
where.’ Briefly, this analysis shows that the maxi- 
mum hardness attained during isothermal aging 
decreases to a minimum with increasing reaction 
temperature, then rises again. This temperature, at 
which the maximum hardness is the least, is also 
that at which the rate of reaction is the fastest. 

The more important age-hardening data are listed 
in Table III for ready reference. The average hard- 
nesses of quenched specimens, when plotted vs com- 
position, were seen to lie above the data from other 
investigations.“ The higher quenching tempera- 
ture or differences in alloy purity may account for 
the systematic displacement of the curve. 

Hardness data from the stressed creep specimens 
and from the unstressed alloys are compared in Fig. 
8. For alloys stressed at 1700 psi, the hardness 
maximum is reached first in the gage section, and 
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then later in the shoulders. This order is not seen in 
the results for the alloys stressed at 1235 and 790 
psi, although additional data for the earlier times 
would clarify this point. It does appear, however, 
that the hardness peak in the stressed samples is 
shifted to shorter times as the prior creep stress is 
increased. 

An interesting correlation ensues if the hard- 
nesses are considered, not in relation to the time of 
stressing during creep, but rather in relation to the 
total creep strain. A comparison is made in Fig. 9 
by plotting the three shoulder hardness curves of 
Fig. 8 vs creep time, Fig. 9A, and then again vs total 
creep strain, Fig. 9B. Two radically different groups 
of curves result. In Fig. 9A there is no obvious re- 
lationship between stress, time, or hardness. How- 
ever, in Fig. 9B, three distinct curves have sorted 
themselves out of the same data. The hardness 
levels decrease directly with the stress, while hard- 
ness peaks appear at essentially the same total creep 
strain of about 1.4 pct. Furthermore, through a 
fortuitous scatter in the individual creep curves, it 
can be seen that the contribution of aging time to 
the hardness is negligible compared to that from the 
strain. Qualitatively, the same results were ob- 
tained with the gage section hardnesses as with the 
shoulder hardnesses. However, the greater scatter 
in the gage-section hardnesses (presumably because 
of the greater surface distortion) prevented the re- 
lationship from being shown as clearly. 

The results depicted in Fig. 9 suggest that the 
shoulder strain is directly related to the total creep 
strain. Such a relationship is not unlikely, since the 
stress in the shoulders should be about one third 
that in the gage section. It would also appear that 
there are two major contributions to the hardness— 
that of the age-hardening process and that of the 
structural deformation. The correlation presented 
in Fig. 9B indicates that the structural deformation 
plays the decisive role. The complex interplay of 
stress and strain on the age-hardening process 
makes it difficult to analyze the available data in 
more detail. 

_ The relative importance of the structural defor- 
mation is also emphasized by the hardness data ob- 
tained from specimens crept into the tertiary stage. 
There is an abrupt drop in hardness that bears little 
connection with the age-hardening curve for the 
unstressed alloys. However, reference to the creep 
curves shows that the hardness breaks occur during 
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Fig. 9—Hardness at the specimen shoulders ys the total 
creep strain or creep time for Al-2 pct Cu alloys aged during 
creep at 400°C. 


tertiary creep, and that the hardness falls off grad- 
ually as a function of total creep strain. 

Tensile Tests—A typical series of stress-strain 
curves are presented in Fig. 10A. Al-2 pct Cu alloys 
were crept to the strains indicated in the figure, and 
were then tensile tested at room temperature. The 
effect of prior creep strain on the tensile flow stress 
is depicted in Fig. 10B. The similarity of these al- 
loy flow stress curves to those established by Dorn 
et al.” with prestrained, crept, and tensile tested 
high-purity aluminum would indicate that the age- 
hardening contribution to the flow stress is negli- 
gible compared with the effects of structural de- 
formation. 

The effect of composition on the tensile flow stress 
of the Al-Cu alloys crept at 300°C is depicted in 
Fig. 11. The data were obtained from curves such 
as in Fig. 10B by plotting the flow stress at a creep 
strain of 1 pct against the composition. If the avail- 


Table IV. X-Ray Diffraction Examination of Al-2 pct Cu Alloys 
Aged and/or Stressed at 1700 Psi and 400°C 


Creep Aging Type of Size of 

Strain or Creep X-Ray Spots, Length of Grains 
Pet Time, Min Pattern Mm Areas, Mm Per Mm* 
0 1470 Spot 1.2 
0.80 22 Spot 2 _ 3.04 
1.29 39 Spot 3 — 3.02 
2.89 50 Spot 6 — 2.66 
7.58 75 Debye arc — 15 2.73 

33.0 149 Debye arc —_— Very long 2.28 


* Grain sizes were measured after the creep runs. The average 
initial grain size was 5 grains per mm. 


able data are drawn in three groups according to the 
original creep stresses, then the increase in tensile 
flow stress is roughly equal to the difference in creep 
stresses. 

Fig. 12 reveals the effect of creep stress on the 
flow stress of 2 pct Cu alloys crept at 300° and 
400°C. The effect of prior creep stress on the flow 
stress at 400°C is slight, but becomes appreciable at 
300°C. The data available for 200°C are not shown, 
but suggest an even more pronounced effect—the 
increase in tensile strength is about double the in- 
crease in creep stress. Dorn,* among others, has 
shown that, under constant stress, a constant sub- 
structure results at equal creep strains, regardless of 
the temperature. A different substructure is ob- 
tained at a different creep stress. Since the tensile 
comparisons are made here at the same creep strain, 
it follows that the observed effects are attributable 
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Fig. 10—Derivation of flow stress ys creep strain curve from 
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strain curves of precrept Al-2 pct Cu alloys. Creep stress 
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from Fig. 10a. 


primarily to the substructures inherited from the 
creep stresses. 

X-Ray Investigation—The X-ray technique adopt- 
ed in this investigation has been utilized previously 
with pure metals and single-phase alloys to deter- 
mine the effects of deformation on the crystalline 
lattice. However, in the problem under considera- 
tion here, aging effects are superimposed on those 
due to deformation alone. The results of the X-ray 
investigation of the 2 pct Cu alloys crept at 1700 
psi and 400°C are summarized in Table IV. 

Very diffuse reflections were detected fanning out 
to one side of the sharp spots obtained from the 
overaged unstressed sample. These diffuse reflec- 
tions probably result from residual 6’ platelets, 
since they are quite persistent, see Fig. 6A. Some 
unresolved reflections also occurred outside the a 
solid solution (420) circles from specimens crept 
for 75 and 149 min. At these times the amount of 0’ 
is greatest, see Fig. 7C of ref. 24, so diffraction ef- 
fects could be expected from the precipitate. From 
the results obtained here, it seems likely that the 
deformational process proceeds in much the same 
sequence as observed in pure aluminum.” Moreover, 
when comparisons with pure aluminum are made at 
equal strains, it appears that the structural changes 
are accelerated in the age-hardening alloys. 


Resume and Conclusions 

A study of the creep behavior of high purity, 
polycrystalline alloys of aluminum with copper was 
conducted at temperatures that included both the 
single- and two-phase regions of the equilibrium 
diagram. Alloys tested within the two-phase field 
were initially in the quenched, single-phase condi- 
tion so that aging could start simultaneously with 
the application of the creep load. Different speci- 
mens were crept to successive points along the creep 
curve, thus enabling a detailed examination to be 
made of the changes brought about by stress during 
aging. 

Microscopic observations confirmed the occurrence 
of the same mechanisms of deformation and the 
same sequence of deformation markings with tem- 
perature as recorded for pure aluminum. The light 
phenomenon was found to occur as greatly enlarged 
grain-boundary regions in which a new precipitate 
had assumed orientations different from those in 
contiguous grains. The appearance of the precipitate 
induced under stress differed greatly from that of 
the precipitate originating in unstressed alloys. 
Whereas the former consisted almost entirely of 
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crept to | pct strain 


finely dispersed, sharp platelets, the latter was com~- 
posed mainly of widely spaced, spherical particles. 
X-ray photograms indicated that the sequence of 
deformational changes is the same in Al-Cu alloys 
as in pure aluminum. However, the process seems 
to be accelerated somewhat in the alloys. 

The compositional dependence of the minimum 


creep rate at 300°C revealed a marked increase in 


creep strength at compositions just inside the two- 
phase boundary. This temperature and composition 
range corresponds to the region of the phase diagram 
where the rate of age hardening undergoes a rela- 
tive retardation. 

The effects of aging on the minimum creep rate 
were studied with Al-2 pct Cu alloys. Two curves 
resulted when the stress was plotted against a com- 
bined function of temperature and minimum creep 
rate (i.e., the Larson-Miller or the Zener para- 
meter). One curve represented creep of two-phase 
aging alloys, while the other resulted from creep 
tests at temperatures within the single-phase region. 
An extrapolation of the latter curve into the two- 
phase field enabled comparisons to be made with the 
first curve. Thus, the difference between the hypo- 
thetical single-phase curve and the experimental 
two-phase curve was ascribed solely to the effects 
of aging on creep. 

The following predictions were made on the basis 
of the comparison of the two curves. At inter- 
mediate stresses, the two-phase alloys were stronger 
than their single-phase counterparts, and precipita- 
tion resulted in a strengthening action. However, 
an inversion in relative strengths occurred at the 
higher and lower stresses, and the single-phase al- 
loys assumed a greater (calculated) creep strength. 
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Similar inversions in the creep strength have been 
reported by other investigators. 

Hardness changes in alloys aged under stress sug- 
gested that the time to maximum hardness was de- 
creased by increased stress. When the hardnesses 
were plotted vs creep strain, and not aging times, a 
direct dependence of hardness level on creep stress 
ensued. The maxima in the hardness vs strain 
curves appeared at the same value of the strain. 

The room-temperature tensile flow stress increased 
linearly with prior creep stress or composition, but 
passed through a minimum with creep strain. For a 
fixed composition, the greater the creep stress, the 
higher the flow stress, while the lower the creep 
temperature, the greater the increase in flow stress. 
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Technical Note 


Investigation of the Nickel-Rich Portion of the System Ni-Zr 


by Emma Smith and R. W. Guard 


NVESTIGATION of the nickel-rich end of the 

Ni-Zr system has been prompted by an interest 
in the effect of small amounts of zirconium in high 
temperature alloys. Hansen* presents a hypothetical 
diagram based on the work of Allibone and Sykes,” 
who investigated the system up to 44 atomic pct 
(55 wt pct) Zr by metallographic means. Since the 
alloys they used were melted in Alundum crucibles 
they were probably contaminated with appreciable 
amounts of aluminum. They found two compounds 
which they called Ni,Zr and Ni,Zr. 

Hayes, Roberson, and Paasche’ identified a com- 
pound NiZr (50 atomic pct Zr) with a melting point 
of 1470°C. Such a high melting compound is not 
compatible with the observation of Allibone and 
Sykes’ that a eutectic is formed near 50 atomic pct. 

The alloys containing up to 60 atomic pct Zr 
were melted in an inert atmosphere in a noncon- 
sumable electrode arc furnace. Analysis of most of 
the alloys indicated negligible loss of zirconium. 
The alloys were examined in the as-cast condition 
and also after annealing for 6 hr at 1175°C (or 
1000°C for’ the alloys between 25 atomic pct and 45 
atomic pct). Metallographic specimens were etched 
using mixtures of HF-HNO,-H.O or acetic acid- 
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HNO,-H.O. The specimens for the solidus determina- 
tions were wrapped in molybdenum foil and sealed 
in evacuated quartz tubes. Specimens to be heated 
above 1300°C were enclosed in zirconia tubes in- 
side the quartz to prevent reaction with molyb- 
denum. The solidus determinations were carried out 
by heating the specimens at various temperatures 
for a few minutes and then examining the interior 
structure metallographically to determine at what 
temperature melting began. 

The 150 mesh powders for X-ray analysis were 
annealed in an evacuated quartz tube for 2 hr at 
540°C to remove cold work. Alloys with 22.5 atomic 
pet Zr and 44.4 atomic pct Zr required annealing at 
700°C for complete recovery. The grains of both of 
these alloys were soft and rather ductile. Both 
Debye-Scherrer film patterns and spectrometer 
traces were made for each alloy using filtered cop- 
per radiation. 

Results and Discussion 

The presence of a substantial amount of second 
phase in an alloy with 1.1 atomic pct Zr indicated 
that the solid solubility of zirconium in nickel is 
somewhat less than 1 atomic pct. The a, value for the 
face-centered-cubic matrix in the same alloy was 
equal to that of pure nickel, so that the solubility 
must be very small. This observation is as expected 
from the large atom size difference. 

Annealed specimens of alloys with 15.0, 16.7, 22.5, 
28.6, 44.4, and 50.4 atomic pct Zr showed micro- 
structures that were essentially single phase. When 
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combined with the information on the microstruc- 
tures of the other alloys, these data indicate that 
there are five compounds in this half of the system. 
Based on lever rule calculations and X-ray data the 
compounds have tentatively been identified as Ni,Zr 


(16.67 atomic pct Zr), Ni,Zr, (22.22 atomic pct Zr), 
Ni,Zr, (28.57 atomic pet Zr), Ni,Zr, (44.44 atomic 


pet Zr), and NiZr (50 atomic pet Zr). 

Microstructural observations indicate that alloys 
with 5.2 atomic pct Zr and 10.1 atomic pct Zr lie on 
opposite sides of the eutectic between Ni,Zr and 
nickel. Measurements of the relative amounts of 
eutectic in the two alloys place the eutectic at 9.7 
atomic pct Zr. The as-cast structures of alloys with 
16.7 atomic pct Zr and 44.4 atomic pet Zr show a 
structure typical of alloys freezing through a peri- 
tectic reaction. A second eutectic is observed in 
alloys with 33.4 atomic pct Zr and 40.8 atomic pct 
Zr. From the relative amounts in each the eutectic 
point is calculated to be 37 atomic pct Zr. 

The results of these microstructural and X-ray 
observations coupled with the determinations of 
peritectic and eutectic temperatures give the phase 
diagram shown in Fig. 1. This diagram is different 
from that of Hansen‘ and contains neither the Ni,Zr 
or Ni,Zr found by Allibone and Sykes, although the 
compositions of Ni,Zr and Ni,Zr, are close to the 
compounds Ni,Zr and Ni,Zr, respectively. Although 
Hayes, Roberson, and Paasche" found that NiZr had 
a melting point of 1470°C, the writers find one of 
only 1350°C. It was not possible to resolve this dif- 
ference. 


Structure of Ni;Zr 
The first compound on the nickel-rich end of the 
system is Ni,Zr. The d-values were obtained from 


Table |. X-Ray Powder Data for NisZr* 


Relstive 
Govs a hkl I s eale 
3.854 111 Ww 0.58 
3.346 200 w 0.38 
2.358 220 MS 7.96 
2.024 311 s 22.19 
1.928 222 MS 7.19 
1.670 400 Ww 0.45 
1.531 331 w 0.41 
1.494 420 Ww 0.14 
1.364 22 M 2.49 
1.287 333 MS 
511 
1.183 1.186 440 MS 5.26 
1.131 1.134 531 Ww 0.08 
1.116 1.118 600 0011 
422 
1.060 1.061 620 M 1.18 
1.021 1.023 533 M 2.51 
1.010 1.011 622 M 2.76 
= 0.970 444 A 0.12 
0.9383 0.9400 veel 
551 0.03 
0.9297 0.9305 640 Ww 0.05 
0.8959 0.8967 642 M 2.27 
0.8724 0.8735 731 MS 5.38 Re 
553 2.69 
0.8379 0.8387 800 M 2.32 
0.8195 0.8197 733 W 0.05 
0.8143 0.8137 $20 W 0.08 
644 
0.7902 0.7908 822 M 2.52 1379 
660 1.26 : 
0.7752 0.7748 751 s 23.86 | on 
555 3.98 24-84 


* Cylindrical camera, film to specimen, 5 cm, filtered copper radi- 


ation. 
+ W means weak; M, medium; §S, strong; and A, abse 


both film and spectrometer methods and it was 
found that the compound was face-centered-cubic 
with a, = 6.71A. Intensity calculations verified that 
the structure was isomorphous with Ni,U and Cu,U 
previously determined by Baenziger, Rundle, Snow, 


1190—JOURNAL OF METALS, OCTOBER 1957 


450 
\ 
/ 
\ 
© \ / \ 
/ \ 4 
& 1300 280° =10°C 
5 \ \ 
< \ J \ / 
1200 
7 
\ 
oor 
ro7o = 
Naz 20 30 40 50 


z 


Afo 


Fig. 1—Tentative constitution diagram for the system Ni-Zr 
up to 50 atomic pct Zr showing the positions of the com- 
pounds and solidus temperatures. 


Fig. 2—Crystal 
structure of the com- 
pound Ni:Zr unit x 
cell haying a face- 
centered-cubic O O 
structure with 

= 6.71A. Circle en ix 
refers to zirconium; : 
and cross, nickel. x 


ie a 


and Wilson.* This structure, containing four atoms 
Ni, at (44,144,%), and 16 Nin at (Be 
per unit cell, has four zirconium at (0,0,0), four 
P.2,02.0,2,), where x = 0.625 +0.005, see Fig. 2. 
In this structure the distances between Ni, atoms 
and zirconium atoms or other Ni, atoms are slightly 
less than the sum of the respective radii, while the 


distances between Ni, atoms and other atoms are 
slightly larger than the sum of the radii. It is pos- 


sible to discrepancy by assuming that 
the Ni,, atoms have given seme of their electrons to 
Ni, atoms. The d- cL together with the observed 
and calculated intensities, are given in Table I. 

The structures of the other compounds appear to 
be complex and were not det ermined. For this rea- 
son the formulae gt ven pI ‘eviously for these com- 
pounds are not definite. 
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Transformation Kinetics and Mechanical Properties 


Of Zr-Mo Alloys 


Alloys containing 1.3, 3.3, 5.4, and 7.5 pct Mo were prepared using high purity molyb- 
denum and sponge zirconium. Time-temperature-transformation curves were established 
for these alloys based on the resistivity ys time of anneal curves of isothermally quenched 
rods. Tensile and impact bars of each alloy were heat treated by isothermal quench tech- 
niques as well as by quench and reheat treatments. These bars were then machined, 
tested, and the properties compared. Optimum properties could be developed in the 1.3 pct 
Mo alloy using the isothermal quench technique. The 3.3, 5.4, and 7.5 pct Mo alloys ex- 
hibited a brittle behavior irrespective of type of heat treatment. An or transition phase 
in the 8 — a transformation was discovered which undoubtedly accounts for most of the 
brittleness observed. The » phase has been tentatively indexed as tetragonal, c/a = 1.45. 
Mechanical properties of unalloyed sponge zirconium are presented for comparison. 


by R. F. Domagala, D. W. Levinson, and D. J. McPherson 


OME of the results of a program designed to 
study the kinetics of transformation and related 
mechanical properties of prototype Zr-X binary al- 
loys systematically are presented here. The object 
of this program was to provide a sound basis for a 
scientific approach to the realization of optimum 
properties in binary zirconium alloys. Alloys of Zr- 
Mo (eutectoid), Zr-Sn (peritectoid), and Zr-Ti (a 
and £ isomorphous) were prepared and studied. The 
data herein are confined to a presentation of the 
results of studying the eutectoid prototype alloys. 
The Zr-Mo phase diagram has been determined.’ 
A definitive metallographic study of isothermally 
annealed samples prepared from high purity ele- 
ments served to position a sluggish eutectoid reac- 
tion, B> a + ZrMo., at 780°C. The compositions of 
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the phases involved in this reaction are: B, 7.5 +1 
pet Mo; a, <0.18 pet Mo; and ZrMo., 67.8 pct Mo. 
Inasmuch as a lower purity sponge zirconium was 
used in this work boundary placements were rein- 
vestigated with the less pure alloys. 


Materials and Procedures 


Hafnium-free sponge zirconium was used to pre- 
pare all ingots. The arc melted hardness of a small 
button of this zirconium was found to be Vpn 168. 
Chemical analyses conducted at Armour Research 
Foundation are shown in Table I. 

High purity molybdenum sheet was used as the 
alloy addition. A typical analysis is shown in Table 
I. Several 200-g Zr-50 pct Mo alloys were made by 
arc melting. Crushed granules of this material were 
used to ensure ingot homogeneity. 

Alloy ingots were prepared by double melting 
techniques. First, three 5-lb ingots of each alloy 
composition were arc melted in a nonconsumable 
electrode are furnace. After melting, the ingots 
were ground to remove surface defects. A subse- 
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Table |. Summary of Chemical Analyses 


Analysis 

Material O, Pet N, Pet H, Ppm C, Pet Fe, Pet Other, Pet 
Zr (as-received) 0.131; 0.02 49% 0.023 0.042 
Zr (melted and forged) 0.124 0.02 65 ; 
Mo (sheet) 0.045 0.015 0.005 Co + pire 0.02 
Zr-1 pet Mo* 0.02 1.3 
Zr-3 pct Mo* 0.078 65 ea 
Zr-5 pet Mo* 0.105 62 5. 
Zr-7 pct Mo* 0.126 0.01 86 7.5 


* Analysis on doubly melted and forged rod. 
y+ Analysis on 100. g are melted ingot. 


quent forging operation was performed to convert 
the ingots into 1 in. diam rods. The forged rods 
were centerless ground to eliminate surface con- 
tamination. The bars were then threaded and tapped 
to permit joining and remelting of each composition 
into a single ingot by consumable electrode melting 
techniques. Open anvils were employed for all 
forging operations; ingots were preheated in an 
electric furnace. Furnace temperatures employed 
during forging ranged from 1040°C for sponge zir- 
conium to a maximum of 1315°C for the Zr-5 pct 
Mo alloy. 

After the second melting operation, the large ingot 
of each composition was forged to 1 in. diam. The rod 
was then cut into lengths to produce, on subsequent 
forging, an equal number of tensile and impact 
blanks and a sufficient number of transformation 
study specimens. For TTT chart work, rods were 
forged to 3s in. diam and ground to 3/16 in.; for ten- 
sile bars a % in. diam rod was formed; for impact 
specimens the stock was forged in % in. sq. 

TTT charts were determined principally by resis- 
tometric techniques. It has been demonstrated with 
titanium alloys’* that decomposition of the 6 phase 
is associated with a significant change in resistivity. 
By following these changes in a plot of resistivity 
vs time of anneal for specimens isothermally 
quenched from the £ field, a TTT diagram can be 
constructed. Such evaluation of resistivity data 
must initially be verified by metallographic checks. 
A TTT chart may then be constructed more rapidly 
and often more accurately than by metallographic 
means alone. This is true since it is usually difficult 
to position the completion of a reaction by metal- 
lography, and it is sometimes impossible to interpret 
structures developed on annealing at low tempera- 
tures. 

The procedure followed in this phase of work was 
as follows: 

1) Hold alloy rods (% in. x 3% to 4 in.) in 6 field 
(975° 40°1000-C) for 15 to min. 

2) Isothermally quench specimen to some lower 
temperature, hold for a given length of time, and 
then rapidly water quench. 

3) Measure resistivity, using standard current- 
potential method after removing slightly contami- 
nated surface layer. 

4) Remove small slice of rod from one end and 
submit for metallographic study. 

5) Return rod to beta-izing furnace and proceed 
again from No. 1, but continually lengthen time at 
the transformation temperature. 

When specimens for the kinetics study had to be 
isothermally transformed at rather high tempera- 
tures and/or for long periods of time these rods 
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were sealed in evacuated Vycor bulbs for treatment. 
Tensile and impact blanks were heat treated after 
transformation kinetics data were determined. 

Standard %4 in. shoulder type tensile and V-notch 
Charpy impact specimens were machined from heat 
treated blanks, % in. round and % in. square, re- 
spectively. 

A Debye-Scherrer powder camera was used for 
the X-ray work performed in this program. A mo- 
lybdenum target and a ZrO, filter were used. The 
operating voltage was 50 kv at 15 ma. Exposure 
times were 24 hr. The powder specimen, passed 
through a 200 mesh screen, was placed in a glass 
capillary at the center of a 14 cm diam camera. 

For metallographic study button heads of tested 
tensile bars were rough polished down to 0000 grit 
silicon carbide paper. The samples were then elec- 
tropolished. A solution containing 59 pct methyl 
alcohol, 35 pct butyl cellusolve, and 6 pct perchloric 
acid was used. Current densities of ~1 amp per sq 
in. were maintained for 30 sec. Finally, the samples 
were etched with a solution of 10 to 20 pet HNO, 
and 10 to 20 pct HF in glycerine. 


Results and Discussion 


Pure zirconium, as well as zirconium alloys with 
small alloy additions, may transform, on quenching, 
from the high temperature 8 phase (body-centered- 
cubic) to the low temperature a phase( hexagonal- 
close-packed) with extreme rapidity. In zirconium 
alloys, when a needle-like martensitic configuration 
occurs, the term a’ is used to describe the transfor- 
mation structure. With increasing alloy content the 
high temperature 6 phase may finally be retained on 
quenching from above the 6/a + 6 boundary. When 
such retained 6 structures are subsequently re- 
heated or transformed by step-quenching below the 
B/a + 8 boundary, equilibrium phases are formed 
which may be a or a plus another phase (compound 
and/or £). 

In view of the impurity content of sponge zir- 
conium and its possible influence on mechanical 
properties, a heat treatment vs property study for 
unalloyed sponge zirconium was made. Tensile and 
impact properties were obtained for material proc- 
essed in an identical manner to the alloy ingots. 
A sponge zirconium ingot was prepared by melting 
in the nonconsumable electrode furnace. The ingot 
was forged directly into stock for tensile and impact 
blanks. 

Chemical analyses of the forged rod are shown in 
Table I. Mechanical property data for the sponge 
zirconium are shown in Table II. Some variation 
in tensile properties, impact strength, and hardness 
was observed. A generally ductile condition was 
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preserved, however, regardless of treatment. The 
900°C level at which some of the specimens were 
treated represents a point in the a+ B field for 
sponge zirconium. The a> £ transformation tem- 
perature for pure zirconium is given as ~865°C. A 
metallographic study of slices of the forged rods 
which were annealed at temperatures between 700° 


Table Il. Mechanical Property Data for Sponge Zirconium 


Reduc- 
Ultimate tion 
Tensile Elon- in Impact 
Strength, gation, Area, Strength, Vpn, 
Treatment Psi Pet Pet Ft-Lb 20 Kg 
1025°C, % hr = WQ 109,000 13 40 11.5 282 
1025°C, % hr > AC 100,000 17 41 3.5 204 
1025°C, % hr > FC 74,000 12 21 4.5 161 
1025°C, hr > WQ 
900°C, 1 hr > WQ 101,000 14 36 
1025°C, % hr > 
900°C, 1 hr > WQ 84,800 18 48 12: 1 
1025°C, hr > WQ 
750°C, 1000 min = WQ 73,700 17 32 9.0 1 
1025°C, % hr > 
750°C, 1000 min > WQ 79,400 18 35 — 186 
Forged at 900°C from 
Ye in. 
900°C, 1 hr = AC 79,400 16 40 2.0 199 


and 1025°C showed the transformation range to 
extend from ~975° to ~800°C. 

The microstructural appearance of the tensile 
specimens varied from a martensitic (a) type 
structure to a coarse a configuration, depending on 
the annealing treatment. The a’ structure provided 
the strongest condition. 

Zr-Mo alloys nominally containing 1, 3, 5, and 7 
pct Mo based on sponge zirconium were prepared 
and tested. Analytical data are given in Table I. 
Time-temperature-transformation curves were 
drawn for these alloys. Resistivity curves for iso- 
thermally quenched rods were used as the principal 
tool for TTT chart construction. Due to fineness of 
most of the phases formed during the isothermal 
transformations, and because of the presence of a 
fine dispersion of the unidentified impurity phase, 
the resistivity data proved more reliable than met- 
allography in establishing initiation as well as com- 
pletion of decomposition. Much impurity phase was 
observed in most zirconium and zirconium alloy 
structures. Metallographic interpretation of struc- 
tures was very difficult because of it, especially so 
in cases where intimate transformation configura- 
tions occurred. 

Annealing treatments were conducted with small 
portions of the four Zr-Mo alloys and portions of a 
15 pet Mo (hypereutectoid) button ingot to position 
the eutectoid point for the sponge base alloys. A 
placement of the eutectoid point at ~6 to 7 pct Mo 
and 850°C was made although it must be appre- 
ciated that a three phase a + 8 + ZrMo, field exists 
(because impurities are present) and the eutectoid 
figure given is a simplification of a more complex 
situation. 

Typical resistivity curves are shown in Fig. 1. 
The complete set of curves for all alloys may be 
found in refs. 4 and 5. A decrease in resistivity ac- 
companied the initial rejection of a. The formation 
of eutectoid also was accompanied by a decided drop 
in resistivity. When an incubation period preceded 
the formation of eutectoid, a plateau was observed 
in the resistivity vs time curves. It was not always 
possible to corroborate the interpretation of the re- 
sistivity data accurately by metallography because 
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Fig. 1—Resistivity data for Zr-5.4 pct Mo alloy. 


of the fineness of the decomposition products. At 
temperatures from 650°C and up it was possible to 
confirm the initial drop in resistance as coinciding 
with the formation of discrete a particles. The sec- 
ond drop in the curve occurred when a more com- 
plex microstructure (eutectoid decomposition) de- 
veloped. 

Combined techniques were used to establish the 
M, temperature for the 1.3 pet Mo composition. The 
method is essentially a modification of the Grenin- 
ger-Troiano technique for steel. Resistivity rods 
were quenched from 1000°C to incremental temper- 


Table III. Mechanical Property Data for Zr-1.3 Pct Mo Alloy 


Reduc- 

Ultimate tion 

Tensile Elon- in Impact 

Strength, gation, Area, Strength, Vpn, 

Treatment* Psi Pct Pet Ft-Lb 20 Kg 

1000°C, % hr> WQ 140,000 1 0 1.5 372 
1000°C, % hr = AC 116,000 12 34 4.0 246 
1000°C, % hr> FC 94,100 8 10 5.0 199 
1000°C, % hr> OQ 102,000 Brokein3 pieces 1.5 382 
A + 800°C, 5 min 133,000 Brokein3pieces 1.0 316 
A + 800°C, 20 min 141,500 4 4 1.5 277 
A + 800°C, 180 min 135,000 5 6 1.5 279 
A + 700°C, 5 min 132,000 12 29 4.0 282 
A + 700°C, 20 min 128,000 8 15 2.5 288 
A + 700°C, 180 min 118,000 16 28 4.0 249 
A + 700°C, 2500 min 92,300 17 39 7.0 190 
A + 600°C, 5 min 148,000 6 16 3.0 309 
A + 600°C, 20 min 149,000 if 22 2.5 301 
A + 600°C, 180 min 138,000 11 23 4.0 294 
A + 600°C, 1500 min 106,000 17 40 6.0 209 
A + 500°C, 5 min 176,000 3 0 2.0 347 
A + 500°C, 20 min 164,000 4 9 2.0 340 
A + 500°C, 180 min 170,000 6 0 pA) 344 
B + 800°C, 5 min 92,800 Brokein3pieces 2.0 4 
B + 800°C, 180 min 113,000 3 2.5 253 
B + 700°C, 2500 min 101,000 eA 12 4.5 232 
B + 600°C, 5 min 161,000 0 0 3.0 353 
B + 600°C, 180 min 114,000 1 0 4.0 274 
B + 600°C, 1500 min 94,700 0 0 5.0 262 
B + 500°C, 180 min 168,000 0 0 2.0 346 


* A treatment consists of 1000°C, % to % hr, isothermally 
quenched to temperature, held for indicated time, and water 
quenched. B treatment consists of 1000°C, % hr > WQ; reheated 
to temperature; held for indicated time; and water quenched. 


atures between 400° and 575°C, held for 10 sec, and 
then up-quenched to 600°C, held for 1 min, and 
water quenched. Small slices were submitted for 
metallographic study and the resistance of each rod 
was accurately measured. The resistivity vs tem- 
perature plot showed a discontinuity between 525° 
and 550°C. From this plot, the M, temperature was 
presumed to lie within the discontinuity and was 
positioned at ~535°C. A metallographic study of 
slices of these resistivity bars was conducted. Speci- 
mens initially quenched to 550°C and higher were 
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Fig. 2—TTT chart for Zr-1.3 pct Mo alloy. 


relatively free of a’ needles while those which were 
quenched to 525°C and below were predominantly 
a’. The TTT charts for the four alloys are shown in 
Figs. 2 to 5. 

Chronologically, an identification of the w (transi- 
tion) phase in the @> a transformation was made 
late in the work. Before this fact was established a 
heat treatment vs property study was initiated. 
Using the transformation curves as a guide, mechan- 
ical test blanks of the four alloys were heat treat- 
ed by isothermal quench techniques to various stages 
of transformation, machined, and tested. Other 
blanks were subjected to quench (from #) and re- 


Table IV. Mechanical Property Data for Zr-3.3 Pct Mo Alloy 


transformation anneal, very low ductility levels 
were attained. For example, a specimen isother- 
mally quenched to 600°C and held for 1500 min 
provided a specimen with ultimate tensile strength 
of 106,000 psi, 17 pct elongation, and 40 pct reduc- 
tion in area. When water quenched from the 8 field 
and subsequently reheated to 600°C for 1500 min, a 
tensile bar of this same alloy failed in a brittle man- 
ner. Microstructures of the 600°C, 1500 min sam- 
ples are shown in Figs. 6 and 7. The former has 
coarse a while the latter is martensitic. Exceptions 
to this behavior were found when specimens were 
given prolonged anneals following the initial quench. 
A correlation between hardness and strength was 
found for this alloy which is shown in Fig. 8. 
Mechanical property data for the 3.3, 5.4, and 7.5 
pet Mo alloys are summarized in Tables IV, V, and 
VI, respectively. The results shown represent only 


Table V. Mechanical Property Data for Zr-5.4 Pct Mo Alloy 


Reduc- 

Ultimate tion 

Tensile Elon- in Impact 

Strength, gation, Area, Strength, Vpn, 

Treatment* Psi Pct Pet Ft-Lb 20 Kg 

975°C, % hr > WQ 2.0 323 
A + 800°C, 5 min 115,0007 0 0 1.0 326 
A + 700°C, 180 min 115,000+ 0 0 1.0 259 
A + 650°C, 2500 min 115,0007 0 0 2.5 269 
A + 650°C, 7 days 107,000 1 3 — 244 
A + 600°C, 20 min 121,000 0 0 1.5 334 
A + 600°C, 180 min 138,0007 0 0 2.0 325 
A + 600°C, 7 days 256t 
A + 600°C, 14 days 126,000 2 3 = 254 
A + 500°C, 5 min 94,5007 0 0 2.0 349 
A + 500°C, 180 min 126,000; 0 0 2.0 372 
A + 500°C, 7 days 379f 
A + 500°C, 14 days 364t 
A + 400°C, 5 min 85,9007 0 0 1.0 345 
A + 400°C, 7 days 438t 
A + 400°C, 14 days 447% 


Reduc- 
Ultimate tion 
Tensile Elon- in Impact 
Strength, gation, Area, Strength, Vpn, 
Treatment* Psi Pet Pet Ft-Lb 20 Kg 
975°C, 42 hr >WQ 55,0007 0 0 0.5 353 
A + 800°C, 5 min 122,0007 0 0 — 390 
A + 800°C, 180 min 52,0007 0 0 — 320 
A + 700°C, 5 min 136,000 i 16 3 274 
A + 700°C, 180 min 108,000 1 2 — 244 
A + 650°C, 4280 min 93,500 13 a | — 205 
A + 600°C, 5 min 139,000+ 0 0 — 332 
A + 600°C, 14 days 2445 
A + 600°C, 28 days 239t 
A + 500°C, 5 min 144,000 0 0 = 406 
A + 500°C, 180 min 192,000 1 6 1.5 391 
A + 500°C, 14 days 275t 
A + 500°C, 28 days 261t 
A + 400°C, 14 days 285% 
A + 400°C, 28 days 278% 
Forged at 875°C 
Ye in. 
875°C, AC 
650°C, 24 hr > WQ 116,000 6 9 — 235 


* A treatment consists of 975°C, Y% hr; isothermally 


quenched to 


* A treatment consists of 975° to 1000°C, % to % hr; isothermally 


quenched to temperature; held for indicated time; and water 
quenched. 

+ Tensile specimen broke outside gage mark and/or into several 
pieces. 


+t Hardness data only collected. 


a portion of all data collected. For a complete record 
of all treatments and properties for these alloys see 
refs. 4 and 5. These alloys exhibited a brittle be- 
havior for all but a very few conditions of heat 
treatment. 

An increase in reaction rate below ~500°C was 
noted and is shown on the TTT charts for these al- 
loys. Such behavior in the case of titanium alloys 
has been attributed to the formation of » phase.*® 
The w is believed to be a transition phase interme- 


temperature; held for indicated time; and water quenched. 

_t Tensile specimen broke outside gage mark and/or into several 
pieces. 

t Hardness data only collected. 


heat treatments and varied cools from £ so that the 
properties developed by the different methods could 
be compared. 

The mechanical property data for the 1.3 pct Mo 
alloy are shown in Table III. This alloy exhibited 
a brittle behavior when water quenched from the 
B field. The biggest improvement in relieving this 
condition was found on isothermally transforming 
at about the nose of the curve. In general, the iso- 
thermal quench technique proved superior to the 
quench and reheat treatments in relieving the brit- 
tle condition for this alloy. When a tensile blank 
was water quenched from £ prior to being given the 


1194—JOURNAL OF METALS, OCTOBER 1957 


1000 |— + Initiation of a ©@ Completion of Eutectoid 
& B/a+B © Initiation of Eutectoid x Metallography 4 
X 
= B 4 
800+ 
o 
5 + 
a+B 
a 
 600+- 
| 
iN 
soo} 
if 
0.1 | 10 100 1000 10,00 
Hr | Day | Week 


Time - Minutes 


Fig. 3—TTT chart for Zr-3.3 pct Mo alloy. 


TRANSACTIONS AIME 


diate in the transformation of 8 to a. It is found 
only In certain alloy compositions and forms over 
specific temperature ranges or cooling conditions. 
A very brittle condition is associated with the exist- 
ence of this phase.”® 

The X-ray study performed to help identify the 
existence of w phase in the Zr-Mo alloys was pat- 


Table VI. Mechanical Property Data for Zr-7.5 Mo Alloy 


Reduc- 

Ultimate tion 

Tensile Elon- in Impact 

Strength, gation, Area, Strength, Vpn, 

Treatment* Psi Pet Pet Ft-Lb 20Kg 

1000°C, % hrs WQ 135,000; 0 0 3.0 299 
1000°C, % hr > AC 146,000} 0 0 15 307 
1000°C, % hr > FC 82,0007 0 0 2.0 349 
A + 750°C, 30 min 110,000; 0 0 1.5 291 
A + 700°C, 5 min 118,000; 0 0 e3) 299 
A + 700°C, 180 min 123,000 0 0 15 282 
A + 600°C, 30 min 157,000; 0 0 5 328 
A + 650°C, 1000 min 108,000 0 0 1.0 265 
A + 650°C, 5280 min 108,000 4 5 2.0 235 
A + 550°C, 5 min 149,000; 0 0 1.5 302 
A + 550°C, 180 min 160,500 0 0 15 361 
A + 400°C, 5 min 126,000 0 0 5 405 


* A treatment consists of 1000°C, % hr; isothermally quenched to 
temperature; held for indicated time; and water quenched. 

_j Tensile specimen broke outside gage mark and/or into several 
pieces. 


terned after a similar program with titanium alloys.® 
The term » and other nomenclature regarding the 
transition phase have been drawn from those al- 
ready established for titanium alloys. 

From the water quenched impact bar of the 5.4 
pct Mo alloy, a quantity of powder was prepared for 
study. This material was divided into five small 
Vycor bulbs which were evacuated and sealed. The 
bulbs were held at 1000°C for 5 min and water 
quenched without breaking the bulbs. One bulb 
was kept in this condition and others were reheated 
to 400°C for times from 2 min to one week and water 
quenched (bulb not broken) at the conclusion of the 
anneal. X-ray powder photograms were prepared. 

The patterns were measured and the 6-Zr (body- 
centered-cubic) lines identified and eliminated. A 
strong pattern of @-Zr was present, which seemed 
to diminish in intensity with increased annealing 
times at 400°C. The lines which remained in each 
pattern are shown in Table VII. A recurring set of 
lines is evident. Average d values were calculated 
for each line and an attempt was made to index the 
structure. Too few lines were present for a positive 
identification, but a rather good fit was made for a 
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Fig. 4—TTT chart for Zr-5.4 pct Mo alloy. 
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Fig. 5—TTT chart for Zr-7.5 pct Mo alloy. 


tetragonal structure, c/a = 1.45, a= 4.40A. In no 
pattern were any lines corresponding to a a-Zr 
(hexagonal-close-packed) observed. 

It seems clear that there is a transition phase 
(tentatively tetragonal in structure) in the B>a 
transformation in the Zr-5 pct Mo alloy. This tran- 
sition phase undoubtedly accounts in part for the 
brittleness observed. Because of the wide scope of 
the project under which this work was performed, 
it was never intended to study this phenomenon ex- 
haustively. It is hoped that some ground work has 
been laid for a definitive study of » or transition 
phase in zirconium alloys. 

A few tensile blanks of the 3.3 and 5.4 pct Mo 
alloys were given prolonged treatments aimed at 


Table VII. Summary of d Values for Transition Phase («) Lines 
Observed in Zr-5.4 Pct Mo Alloy 


* 
1000°C, 
Water 2 it i 1 Aver- 

Quenched Min Hr Day Week age hkl+ 
3.118 3.196 3.062 o-2kl 3.181 3.154 110 or 002 
2.320 2.297 2.313 2.300 o-r34 2.309 112 
2.202 — 2.204 2.206 2.204 2.204 200 
1.978 1.97 1.939 1.974 1.974 1.967 210 
1.908 —- — 1.908 211 
1.641 1.631 — — 1.636 004 
1.569 1.578 1.564 1.572 1.573 220 
1.337 1.336 1.332 1.337 1.335 302 

1.166 1.166 313 
1.068 1.070 1.067 1.066 1.068 1.068 006 or 411 
— — 1.030 1.030 106 or 331 
0.981 0.979 0.982 0.981 0.985 0.982 
0.877 — 0.878 0.877 — 0.877 226 
0.911 0.816 0.815 0.809 0.814 0.813 521 


* Treatment was 1000°C > WaQ, then 400°C for times indicated 
and water quenched. 

+ hkl values assigned on a basis of a rather good fit to a tetragonal 
structure, c/a = 1.45. 


producing less brittle conditions. The brittle condi- 
tion generally persisted, however. In only a few 
cases was any ductility shown. 

Fig. 9 is a microstructure observed for the Zr-3.3 
pet Mo alloy after 4280 min (71 hr) at 650°C. This 
represents a completely decomposed condition and 
is one of the few cases where any ductility was ob- 
served for this alloy. 

Hardness data only were gathered for the 3.3 and 
5.4 pct Mo alloys in several instances to note wheth- 
er any softening would occur after prolonged heat 
treatments at low (400° to 600°C) temperatures. 

For the 3.3 pct Mo alloy, very long annealing 
times of the order of one to two weeks at these tem- 
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Fig. 6—Micrograph 
of a Zr-1.3 pct Mo 
alloy; 1000°C, 34 
hr > 600°C, 1500 
min > water 
quenched. Specimen 
has coarse a + 
ZrMoz structure. 
Compare with Fig. 7. 
X250. Reduced ap- 
proximately 15 pct 
for reproduction. 


Fig. 7—Microstruc- 
ture of Zr-1.3 pct 
Mo alloy; 1000°C, 
34 hr > water 
quenched; 600°C, 
1500 min — water 
quenched. Specimen 
has a tempered 
martensite structure. 
Compare with Fig. 6. 
X250. Reduced ap- 
proximately 15 pct 
_ reproduction. 
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Fig. 9—Micrograph 
of Zr-3.3 pct Mo 
alloy; 975°C, 34 hr 
— 650°C, 4280 min 
— water quenched. 
Specimen has a 
completely decom- 
posed structure, 

a ZrMoo. 


1196—JOURNAL OF METALS, OCTOBER 1957 


peratures would probably provide little improve- 
ment in ductility. 

In the case of the 5.4 pct Mo composition, anneals 
at 400°C only served to make the alloy harder and 
presumably more brittle. Little change in hardness 
occurred after one to two weeks at 500°C. After 
one and two weeks at 600°C a significant hardness 
drop was found, and here some slight relief from 
the brittle condition might be anticipated. 

It should be noted that no oxygen pickup was 
experienced in processing the ingots. Nevertheless, 
oxygen may have contributed to the brittle condi- 
tion. Increasing amounts of ZrMo, probably was 
also a factor. It is impossible to distinguish the com- 
bined or overlapping effects of o, oxygen, and ZrMo.. 


Summary 


Time-temperature-transformation curves have 
been established for sponge base zirconium alloys 
containing 1.3, 3.3, 5.4, and 7.5 pct Mo. These pro- 
totype eutectoid alloys have noses corresponding to 
the initiation of transformation at about 600° to 
650°C which are moved to longer times with in- 
creasing molybdenum contents. Resistivity as a 
function of transformation was the principal tool 
employed in this work. 

Mechanical properties as a function of degree of 
transformation were determined for the alloys. Iso- 
thermal quench techniques provided optimum prop- 
erties in the 1.3 pct Mo alloy. The other three 
alloys generally exhibited a brittle behavior irre- 
spective of heat treatment. The brittle nature has 
been associated with the formation of » or transition 
phase in the 8> a transformation. This transition 
phase has tentatively been indexed as tetragonal, 
c/a = 1.45: 
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Copper-Silica and Copper-Alumina Alloys 


Of High Temperature Interest 


Utilizing relatively coarse copper powders and several sizes of silica and alumina 
powders, alloys containing up to 10 volume pct of oxide were made. The alloys were 
prepared by mechanical mixing of powders, followed by cold hydrostatic pressing, sin- 
tering, and hot extrusion. Measurements were made of room temperature tensile prop- 
erties, recrystallization temperature, creep rupture properties from 250° to 450°C, and 
resistivity. In addition, metallographic studies were made of the resultant structures. 
Of particular interest was the stability of the structure with respect to temperature, 


time, and stress. 


by Klaus M. Zwilsky and Nicholas J. Grant 


VER since the unusual high temperature creep 
resistance and structure stability of SAP (Sin- 
tered Aluminum Powder) and similar aluminum- 
alumina alloys were reported,’ there has been a 
need to determine whether other metal-metal oxide 
(or other hard stable particle) alloys, not so ideal 
as the Al-Al.O, system, would show similar high 
temperature strength and stability. Of the many 
possible methods of obtaining a metal-metal oxide 
alloy,* one that offers many practical and theo- 
retical advantages is the simple mechanical blending 
of metal powders with hard stable particles, fol- 
lowed by pressing, sintering, and hot extruding. 
With this purpose in mind copper powder and 
silica and alumina were selected for experimenta- 
tion because these materials are readily available, 
cheap, reliable, and lend themselves to the simplest 
processing and testing. 
Starting Materials—Two sizes of electrolytically 
deposited copper powders were used, a —200 mesh 
powder referred to as A powder in this investigation 


K. M. ZWILSKY and N. J. GRANT, Member AIME, are Research 
Assistant and Professor, respectively, Dept. of Metallurgy, Massa- 
chusetts Institute of Technology, Cambridge, Mass. 
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and a —325 mesh powder referred to as C powder. 
Silica was added in the form of pure Potter’s flint 
from which a —10y fraction had been separated. 
Alumina of the a variety was used in two size 
ranges. The first was a —10» fraction separated 
from a coarser aggregate, the second a commercial 
product of 0.34 average diam manufactured by 
Linde Air Products. 

Preparation of Powders—Five-hundred gram 
batches of A copper with 1, 3, and 10 volume pct 
of each of the three oxides mentioned above were 
prepared, as well as C copper containing 1, 3, and 10 
volume pct of —10y silica. Powders were weighed 
out carefully and blended by ball milling in air for 
24 hr. Since this treatment resulted in surface oxi- 
dation of the copper, the charge was hydrogen re- 
duced at 260°C for 5 hr. The next step consisted 
of hydrostatically compacting the powder into a 
shape suitable for the required hot working. For 
this purpose a slug about 1% in. in diam and 3% in. 
in length was produced by placing the mixed pow- 
ders into a rubber sleeve, holding in a perforated 
steel canister, and rubber stoppering at the ends; 
the assembly was then subjected to a hydrostatic 
pressure of 50,000 psi. The air was evacuated from 
the assembly prior to pressing in order to prevent 
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Fig. 1—Rockwell E hardness ys annealing temperature for 
—200 mesh copper containing 0 to 10 pct —10u alumina, 
after 50 pct cold work and 1 hr annealing at indicated tem- 
perature. 


gas entrapment inside the compact. This method 
gave a compact of considerable green strength, 
which could be handled readily. Sintering took 
place in purified hydrogen for 1 hr at 500° and for 2 
hr at 1000°C. A shrinkage of 2 to 4 pct was ob- 
served during sintering and a theoretical density of 
about 90 pct was obtained. The compacts contain- 
ing silica were then sheathed in copper, the void 
space was filled with fine Al,O;, and the container 
sealed by welding. The purpose of this was to pre- 


Table |. Mechanical Properties at Room Temperature for 
As-Extruded and Annealed at 400°C Conditions 


Yield 
Strength, Reduc- 
0.2 Ultimate Elon- tion in 
Pct Off- Strength, gation, Area, 
Material Condition set, Psi Psi Pct Fet 
Pure copper vacuum melt 63,800 65,000 17 85 


as cold worked 


400°C anneal 7,900 35,900 52 94 
29A Si-1 as extruded 12,200 36,000 41 52 
400°C anneal 10,300 35,500 43 52 
14A Si-3 as extruded 39,000 40,800 13 35 
400°C anneal 29,400 38,900 27 40 
14A Si-10 as extruded 36,000 37,700 is) 12 
400°C anneal 30,800 37,000 10 15 
29A Al-1 as extruded 12,900 36,300 43 54 
400°C anneal 11,400 35,600 43 52 
29A Al-3 as extruded 13,300 35,500 39 42 
400°C anneal 11,800 35,400 36 4b 
29A AJl-10 as extruded 19,400 31,900 16 14 
400°C anneal 17,800 32,000 21 23 
29A Al-1 fine as extruded 15,900 35,500 43 53 
400°C anneal 11,600 35,300 44 54 
29A Al-3 fine as extruded 22,100 33,000 28 65 
400°C anneal 20,200 32,900 28 60 
29A AI-10 fine as extruded 30,200 39,300 15 iq 
400°C anneal 30,000 39,000 15 29 


vent oxidation during the hot working treatment. 
After it was observed in early trials that oxidation 
during hot working occurred only at the surface, 
and to a much lesser degree than anticipated, a 
number of subsequent compacts containing alumina 
were hot worked in the as-sintered condition. 

Since maximum densification and a good disper- 
sion of the oxide depend on the proper hot working 
of the material, the slugs were hot extruded at 
760°C to a final diameter of 0.300 or 0.375 in. The 
optimum extrusion ratio was not known. Therefore, 
several reduction ratios were studied; namely, 14, 
21, and 29 to 1. Sound extrusions were obtained in 
all instances, all with good surfaces. 


Results 
Densities—All of the extruded products except 
two had theoretical densities of 99 pct or greater. 
The two exceptions were for A copper plus 10 vol- 
ume pct of —10u alumina and A copper plus 10 vol- 
ume pct of 0.34 alumina. The former had a theo- 
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Fig. 2-—Rockwell E hardness ys annealing temperature for 
—200 mesh copper containing 0 to 10 pct 0.34 alumina, 
after 50 pct cold work and 1 hr annealing at indicated tem- 
perature. 


retical density of 96; the latter, 97.8 pct. Accuracy 
was within +1 pct. 
Recrystallization—Three-eighth in. samples were 
cut from the extruded rods and cold swaged 50 pct 
reduction in area. Rockwell E hardness was meas- 
ured after each specimen had been annealed for 1 
hr at various temperatures. Figs. 1 and 2 represent 
the results graphically. Fig. 1 shows the results for 
the alloys containing —10y alumina additions, but is 
representative of the alloys containing —10» silica 
additions to A and C copper. The 0 pct addition 
curve was obtained from measurements on ¥% in. 
diam copper powder slugs, 3s in. in length, which 
had been compacted, sintered (but not extruded), 
cold worked, and annealed. It can be noted in Fig. 
1 that 1 and 3 pct additions raise the recrystalliza- 
tion temperature about 50°C, while a 10 pct addi- 
tion raises it by approximately 100°C. Of particular 
interest is the higher retained hardness after re- 
crystallization which increases with increasing per- 
centage of oxide. Fig. 2 presents the data for A cop- 
per and additions of 0.34 alumina. It can be seen 
that a 10 pct addition prohibits recrystallization 


Table II. Stress for 10, 100, and 1000 Hr Rupture Life and 
Interpolated Ductility Values at 250°, 350°, and 450°C 


Elonga- Elonga- Elonga- 
tion, tion, tion, 
Material 10 Hr Pet 100 Hr Pet 1000 Hr Pet 
250°C 
Pure copper 18,000 38 13,000 40 9,000 —_ 
21A Si-3 30,000 6 22,000 5 14,000 4 
14C Si-3 25,000 9 19,000 6 11,000 2 
14A Si-10 20,000 4 14,000 6 10,000 3 
29A Al-3 fine 20,000 14 18,000 8 17,000 —_— 
29A AI-10 fine 23,000 5 21,000 —_— 20,000 —_— 
350°C 
Pure copper 10,000 31 6,000 30 4,000 —_ 
21A Si-3 11,000 rs) 6,000 4 4,000 — 
14C Si-3 10,000 4 5,500 a 3,000 — 
14A Si-10 7,500 6 4,800 5 3,000 — 
29A Al-3 fine 15,000 14 13,500 — 12,000 — 
29A Al-10 fine 19,000 4 18,000 4 17,000 4 
450°C 
29A Al-10 fine 13,500 2 12,000 1 11,000 _— 


completely in terms of the usual hardness vs tem- 
perature curve, and only a slow softening is ob- 
served, becoming slightly more pronounced beyond 
600°C. Even at 1000°C, 83° below the melting point 
of copper, considerable hardness is retained by this 
alloy. 

Tensile Data—Threaded test bars having a 1 in. 
gage length by 0.160 in. diam were machined from 
the extruded bars. Tests were made in the as-ex- 
truded condition and after a 1 hr anneal in vacuum 
at 400°C. For comparison purposes tests were run 
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Fig. 3—Longitudinal section of —200 mesh copper plus 10 
volume pct of 0.3u alumina (29A AI-10 fine). Section as- 
extruded. Etched with KCr.0;. X500. Reduced approximately 
10 pct for reproduction. 


on a vacuum melted copper alloy, which had been 
cold worked more than 50 pct reduction in area by 
swaging to the desired diameter. Table I summa- 
rizes the tensile data, giving yield strength (0.2 pct 
offset), ultimate strength, elongation, and reduction 
in area. 

The most striking feature noted in Table I is that 
the maximum change with annealing is in the yield 
strength, not the tensile strength, along with a much 
smaller change in ductility. These powder products 
exhibit yield strengths after a 400°C anneal which are 
from 70 to 99 pct of the original as-extruded yield 
strength values. For the vacuum melted cold 
worked copper, however, the yield strength de- 
creased to a value which is only about 23 pct of the 
original cold worked value after a 1 hr anneal at 
250°C, and is less than one third that of the better 
metal-metal oxide products after a 1 hr anneal at 
400°C. Similar to the SAP-type Al-Al.O, products, 
this is a manifestation of extreme structure stability 
with respect to temperature. 

The alloys with —10u and 0.3 alumina additions 
can be compared directly. It can be established that 
the finer oxide is the more effective one in achieving 
and retaining high yield strength values. A com- 
parison of the microstructures shows that the fine 
oxide is dispersed more effectively for strengthen- 
ing than the coarser oxide. Figs. 3 and 4 present 
longitudinal views of alloys with fine and coarse 
alumina additions. 

It is difficult to compare directly the alloys with 
—10u additions of silica and those with alumina 
since they have different extrusion ratios. The 3 
and 10 volume pct alloys of the two oxides show a 
large difference in yield strength values, the silica 
giving a product two or three times as strong as the 
alumina, see Table I. It cannot be stated conclu- 
sively whether this difference is a function of the 
oxide chemistry, of the shape of the particular oxide 
added, of the hot working treatment, or of a differ- 
ence in oxide dispersion. 

Strength and ductility values for silica additions 
to C copper were very similar to those for the silica 
to A copper and therefore have not been included 
here. It should be pointed out, however, that in all 
of the extruded products tested rather good values 
of ductility were recorded, which is encouraging 
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Fig. 4—Longitudinal section of —200 mesh copper plus 10 
volume pct —10u alumina (29A AI-10). Section as-extruded. 
Etched with K2Cr.0;. X500. Reduced approximately 10 pct 
for reproduction. 


from an engineering point of view for any future 
application of these wrought powder alloy products, 
see Table I. 

Stress Rupture Testing—Stress rupture tests of 
the constant load variety were run using the same 
type of specimen as was used for the tensile tests. 
Specimens were brought up to temperature and an- 
nealed for 1 hr at the test temperature prior to test- 
ing. Fig. 5 shows typical log stress-log rupture life 
data at 250° and 350°C for three alloys and also in- 
cludes data for the vacuum melted cold-worked 
pure copper, which is shown for comparison pur- 
poses. Table II summarizes the creep rupture data 
by showing the stress necessary to produce rupture 
in 10, 100, and 1000 hr at several test temperatures 
along with interpolated ductility values. The oxide 
alloys in Fig. 5 include 214A Si-3, 14C Si-3, and 29A 
Al-10 fine.* It can be seen that at 250°C the 3 pct 


* The numbers 21, 14, and 29 refer to the extrusion ratio. A re- 
fers to the —200 mesh copper powder. Si-3 or Al-10 refers to the 
type of oxide, silica, or alumina, and to the volume pct added, in 
this case 3 or 10 pct. It is understood that any oxide added was 
—10, unless the word fine appears after the pct number, in which 
case the oxide added was 0.3, in size. 


addition of —10, silica (21A Si-3) is the most ef- 
fective in increasing the stress for short rupture life 
values over that of pure copper. However, after 
about 50 hr there is an instability break in the log- 
log curve for each SiO, alloy which is associated 
with recrystallization, see Figs. 7 to 9. Beyond about 
150 hr the 29A AJI-10 fine alloy (0.34 alumina) 
shows the best properties, exhibiting a flat stable 
curve to longer than 1000 hr. 

At 350°C it will be noted that the two Cu-SiO, 


alloys, while stronger for short rupture lives, 

50,000 

20,000 } 
2218 


500 1000 


Fig. 5—Log stress vs log rupture life of pure copper and 
three alloys at 250° and 350°C. 
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Fig. 6—Log stress vs log rupture life of pure copper at 250° 
and 350°C and 29A AI-10 fine at 250°, 350°, and 450°C. 


weaken rapidly and show no superiority over pure 
copper, which has recrystallized to a rather coarse 
grain size. The 29A Al-10 fine alloy remains stable, 
as indicated by the flat slope of the curve, out to 
beyond 1000 hr. 

Since the alloy containing fine alumina exhibited 
such superior properties at 350°, tests were also run 
on this material at 450°C, and values are plotted in 
Fig. 6. It will be noted that alloy 29A Al-10 fine at 
450° is stronger than pure copper at 350°C for rup- 
ture times greater than 0.1 hr, and is stronger at 
450° than pure copper at 250°C for rupture times 
greater than about 200 hr. Even at 450°C, this alloy 
shows the same stable flat slope as at 250° and 

Table II shows the same striking superiority for 
the copper plus fine alumina alloys that has already 
been exhibited in Figs. 5 and 6. While the silica al- 
loys give the best values at lower temperatures and 
shorter rupture lives, the fine alumina products can 
sustain twice the stress that pure copper can for a 
1000 hr rupture life at 250°, and from three to four 
times the stress of pure copper for a 1000 hr rup- 
ture life at 350°C. It is interesting to observe that 
for the coarser silica additions the rupture life 
values decrease with increasing percentages of ox- 
ide as exemplified by the 21A Si-3 and 14A Si-10 


Fig. 7—Transcrystalline fracture of —200 mesh copper plus 
10 pct 0.34 alumina (29A AI-10 fine). Test temperature, 
450°C; stress, 13,500 psi; life, 7.35 hr. Etched with KCr.O,. 
X500. Reduced approximately 10 pct for reproduction. 
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products. At 250°C, for instance, the stress for a 
100 hr rupture life for the 3 pct addition is 22,000 
psi, while for the 10 pct addition it is 14,000 psi. For 
the products containing fine alumina, however, the 
reverse is indicated, the strength of the alloy in- 
creasing with increasing amounts of oxide added. 
These results may well be a function of the dis- 
tribution of oxide in the matrix metal. Coarser 
oxides, differing in diameter from the metal pow- 
der by only five to ten times, appear to strengthen 
the matrix by local straining action. At the higher 
percentages of coarse oxide additions segregation 
will result in increased crack formation, thus weak- 
ening the metal. The finer oxides, on the other 
hand, varying in diameter from the metal powder 
by 100 to 200 times, seem to group themselves 
around the metal grains more ideally, which may 
be more effective in preventing recrystallization and 
grain growth than the more randomly dispersed 
coarser particles. 

Fig. 7 shows a typical fracture for 29A Al-10 fine 
after testing at 450°C and 13,500 psi. Note the 
elongated fibrous appearing fracture which suggests 
that it is a transcrystalline failure. By comparison, 
Figs. 8 and 9 show both recrystallized structures and 
definite intercrystalline fractures, typical of all the 
other fractures noted at high temperatures or low 
stresses, that is, beyond the noted instability breaks 

In line with the stable flat slopes noted in Figs. 
5 and 6, these alloys showed large decreases in sec- 
ondary creep rate over that of pure copper. Fig. 10 
shows typical curves for several of the alloys at 
350°C at 15,000 and 17,000 psi. Compared to pure 
copper, with a minimum creep rate of 100 pct per 
hr, alloy 29A Al-10 fine had a creep rate of 0.0086 
pet per hr, an improvement of 11,000 times. 

Resistivity—So far resistivity has only been 
measured for the silica containing alloys. Room 
temperature values indicated an increase of 6 to 24 
pet over pure copper for 3 pct additions of silica, 
the particular value apparently depending on the 
extrusion ratio, and an increase of 30 pct over pure 
copper for a 10 pct addition of silica. 

Modulus Measurements—Modulus measurements 
showed an increase of up to 3 million psi over pure 


Fig. 8—Intercrystalline fracture of vacuum melted cold- 
worked copper. Test temperature, 350°C; stress, 4900 psi; 
life, 342 hr. Etched with KsCr.O;. X500. Reduced approxi- 
mately 10 pct for reproduction. 
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copper for 3 pct additions of —10, silica or alumina. 
A decrease of up to 2 million psi was recorded for 
10 pet additions of the —10y oxides. Three and 10 
pet additions of the 0.34 alumina decreased the 
modulus from 16 million psi for pure copper to 
less than 12 million psi. One pct additions in all 
cases were mildly beneficial, increasing the modulus 
to 17.5 million psi. 


Discussion and Summary 


There is a significant increase in recrystallization 
temperature of the Cu-SiO, and Cu-Al.O, alloys, 
the increase being larger with increasing amounts of 
oxide and with increasing fineness of oxide. In the 
best alloy produced in this program (29A Al-10 
fine), there is no sign of recrystallization, as meas- 
ured by the shape of the hardness vs temperature 
curve, up to about 80°C below the melting point of 
pure copper. 

The increase in recrystallization temperature is 
also manifested in the retention of yield strength 
- after an anneal of 1 hr at 400°C for these alloys. 
Cold worked pure copper, on the other hand, softens 
completely at about 200°C. Of interest is the change 
in yield strength of these alloys without a signifi- 
cant change in the ultimate tensile strength. 

Probably the most important data are found in 
the creep rupture tests. Whereas most of the oxide 
containing alloys which were tested at 250°C 
showed the desirable flat slopes which indicate 
time-temperature-stress stability, see Fig. 5, the 
silica additions, which were of coarse size, did not 
sustain this slope out to long times and a break re- 
sulted in the curves, indicating a structure insta- 
bility (probably recrystallization). The alloy with 
0.34 Al,O, (29A Al-10 fine), on the other hand, 
showed the desired stability and strength up to 
450°C and up to 1000 hr, see Fig. 6. The measured 
high recrystallization temperature, see Fig. 2, and 
the apparently transcrystalline fracture at 450°C 
both attest to the desirable properties. The flatness 
of slope noted in Fig. 6 over the entire test tempera- 
ture range for this alloy clearly demonstrates that 
the mechanical mixing of metal and oxide powders, 


Fig. 9—Intercrystalline fracture of —200 mesh copper plus 
3 pct —10, silica (14A Si-3). Test temperature, 250°C; 
stress, 12,000 psi; life, 2218 hr. Etched with K2Cr2O:. X500. 
Reduced approximately 10 pct for reproduction. 
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Fig. 10—Creep curves at 350°C and 15,000 psi; the curve 
for the 29A AI-10 fine is at 17,000 psi. 


followed by compaction, sintering, and extrusion, 
can produce alloys with properties similar to those 
of the SAP-type Al-Al,O, alloys. 

The major problem encountered in this program 
was the inability in these early trials to attain uni- 
form mixing of metal and oxide. This is clearly 
illustrated in Figs. 3, 4, and 7. Yet, in spite of this 
difficulty, alloys were produced which showed use- 
ful high temperature strength and unusual stability 
on exposure to temperature and stress for long 
periods of time. 

The role of extrusion and the extrusion ratio 
could not be accurately determined either on the 
strength and ductility values or on the oxide distri- 
bution. 

Whereas it has been postulated that a very fine 
metal powder must be used to achieve high tem- 
perature strength, the present work indicates that 
large increases in strength and stability can be 
achieved with relatively coarse metallic powders, 
such as —200 mesh copper. 

The peculiar and unexplainable modulus of elas- 
ticity results must await more careful and extensive 
investigation to determine the role of the many 
variables involved on the elastic properties and be- 
havior of the metal-metal oxide alloys. 
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Technical Note 


Some Characteristics of the Martensite Transformation 


Of Cu-Al-Ni Alloys 


by C. W. Chen 


Ne transformations in 6 Cu-Al alloys 
have been studied by Greninger* and other 
investigators. According to Greninger, the parent 
phase #,, an ordered body-centered-cubic structure 
obtained from 8 phase by suppressing the eutectoid 
decomposition, transforms into an ordered hexa- 
gonal-close-packed phase y’ in composition contain- 
ing 12.9 to 14.7 pet Al. The M, temperature de- 
creases with increasing aluminum content; for the 
alloy containing 14.5 pct Al, for example, the 
8. > y transformation occurs below room tempera- 
ture. More recently, Kurjumow’ studied the trans- 
formation in 6 Cu-Al alloys with the addition of 
nickel. His report stimulated new interest in the 
subject due to the observation of completely revers- 
ible transformation without hysteresis in the trans- 
formation temperature ranging from 10° to —10°C. 
In the present paper some characteristics are de- 
scribed of the transformation of Cu-Al-Ni alloys 
that were partly studied by Kurjumow. 


Experimentai Procedure 

High purity copper (99.999 pct) and aluminum 
(99.99 pet) and electrolytic nickel were used in the 
preparation, by the Bridgman technique, of single 
crystal specimens which contained aluminum and 
nickel of 14.5 and 0.5 to 3.0 pct, respectively. 
Polished surfaces were prepared mechanically. 
Specimens were then chemically etched to remove 
distorted material, homogenized at 1000°C for sev- 
eral hours, and quenched drastically to room tem- 
perature in a 10 pct NaOH bath to produce the 
parent phase §,. The transformation was studied 
under a microscope and, in some cases, recorded by 
means of motion pictures. A device similar to that 
designed by Greninger and Mooradian* was used to 
cool and reheat the specimens. 


Results and Discussion 

When the specimens were cooled below room 
temperature, the £, to y transformation began at 
10°C with the appearance of y’ crystals in relief, 
Fig. la. As the specimen temperature dropped fur- 
ther, the transformation continued, either by the 
growth of the y’ crystals, with the £,—y’ interface 
moving into the £,; phase, Fig. le and ld, or by the 
formation of new y’ crystals, Fig. ib. As a conse- 
quence of the former process, banded structure is 
observed as a common feature of the low tempera- 
ture phase. According to the theory of the formation 
of martensite by Wechsler, Lieberman, and Read,* 
the bands of y’ phase are probably twin-related, as 
is the case in the diffusionless phase change of In-Tl 
alloys, but this was not revealed by X-ray tech- 
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niques. New y crystals, in needle form, often 
emerged suddenly across the y’ bands during the 
transformation. These acicular crystals then grew, 
both in length and in width, see Fig. 2a through 2d. 
The transformation on cooling is completed at about 
—35°C. 

Upon heating, the reverse transformation started 
at —10°C, in a manner nearly opposite to the trans- 
formation on cooling, and completed at 35°C. There 
was no noticeable change in the transformation tem- 
perature when the nickel content was varied with- 
in the limits previously mentioned. Through control 
of the specimen temperature, the transformation can 
be started, stopped, or reversed at will. This phe- 
nomenon has frequently been observed in the 
martensite transformation of many nonferrous alloy 
systems. Other systems are Au-Cd° and In-Tl.° How- 
ever, in the latter systems, the transformation is 
accomplished by single interface motion if the speci- 
men composition is homogeneous and the tempera- 
ture gradient in the specimen is uniform and sharp, 
whereas in the Cu-Al-Ni specimens, only multiple 
interface transformation is observed. The speed of 
the interface motion appears to be a function of the 
rate of temperature change and the temperature 
gradient across the specimen length. In one case, in 
which the temperature increased at the rate of 10°C 
per min and there was no temperature gradient 
along the specimen axis, the speed of the disap- 
pearance of a y plate was determined, by the study 
of the motion pictures made, to be 26 mu per sec. 

Quench markings were observed on the polished 
surfaces of specimens. The markings were grouped 
into one or more sets of different orientations, and 
were parallel in each set. The y’ plates formed in 
subsequent transformation were parallel to the 
markings, indicating that the y plates and the 
quench markings had the same geometric relation- 
ship to the £8, matrix. The quench markings on two 
intersecting surfaces of a specimen were therefore 
used in the determination of the habit plane of 
transformation, by the trace method suggested by 
Barrett.’ Results obtained from five sets of mark- 
ings in three specimens indicate that the habit plane 
is an irrational plane about 2° from one of the {221} 
planes. This is very close to the habit plane (3° from 
221 planes) of 8 Cu-Al alloys containing more than 
13.0 pet Al? 

The martensite transformation of Cu-Al-Ni alloys 
is reproducible. No sluggishness was found between 
consecutive transformation cycles, although a slight 
difference in the distribution pattern of the y’ plates 
was observed, compare Figs. 1d and 2d. The trans- 
formation can be strain-induced. This characteristic 
has been tested by a simple method. When a speci- 
men was elastically strained slowly in a vise, y’ 
plates were gradually produced in the same fashion 
as during transformation on cooling. This test was 
done at room temperature, and thus above the M, 
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TRANSFORMATION ON COOLING 


Fig. la 


12.3 sec —> Fig. 1b ——5.1 sec ——> Fig. 1c —— 6.6 sec ——> Fig. 1d 


REVERSE TRANSFORMATION 


Fig. 1h <——6 sec 


TRANSFORMATION ON COOLING, NEXT CYCLE 


Fig. 2a —— 3.1 sec ——> Fig. 2b —— 6.9 sec ——> Fig. 2c 


Fig. 1g <—— 5.1 sec —— Fig. 1f <——16.1 sec 


Sequence of martensite trans- 
formation on cooling and heat- 
ing in a Cu-14.5 pct AI-1.5 pct 
Ni alloy. Crystals which appear 
bright in either band or needle 
form represent 7’ phase; ma- 
trix in the dark background is 
the parent 6, phase. Rate of 
cooling and heating: approxi- 
mately 10°C per min. All mi- 
crographs are reproduced from 
16 mm film taken at a mag- 
nification of X100 and an ex- 
posure speed of 8 frames per 
sec. Time between successive 
pictures is indicated above in 
seconds. X3. 


Fig. le 


14 sec —-> Fig 2d 


temperature for unstrained specimens. The induced 
y’ plates disappeared as soon as the strain was re- 
leased. The strain-induced behavior of the trans- 
formation is very similar to that observed with 6 
brass by Reynolds and Bever.® 

Some observations are not in agreement with 
those of Kurjumow. For example, the temperature 
range for the transformation, as described above, 
was found to be larger in the present study than he 
indicated. In addition, a hysteresis of 25°C was ob- 
served in the transformation; but the complete re- 
versibility of the transformation, as reported by 
Kurjumov in the sense that the reverse transforma- 
tion takes place in regions where the transformation 
on cooling ceases was not observed in a careful 
study of the motion pictures of the transformation 
prepared in the present investigation. Not only did 
y plates other than those formed just before the 
cessation of transformation disappear earlier than 
the latter, but residual y’ plates which did not dis- 
appear even when the specimen had been heated to 
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100°C were observed. This incomplete reversibility 
was not affected by holding the specimen below M, 
temperature for a period of time. 
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SOO 


Approximate Method for Calculations Using 


Concentration-Dependent Diffusion Coefficients 


Standard methods are available for calculating the results of diffusion processes 
providing the diffusion coefficient is a constant. In fact, the diffusion coefficient changes 
radically with composition in most alloy systems and therefore the standard methods are 
not quantitatively applicable. It is shown that a correction can be made for the variation 
of the diffusion coefficient with concentration by employing a special coordinate trans- 
formation. Illustrative calculations for two types of variation of the diffusion coefficient 
with concentration show that the accuracy of this approximate method is of the order 
of 20 pct for large changes in the diffusion coefficient. The relation of the present 


method to that of Wagner is discussed. 


by A. G. Guy, M. Golomb, and A. S. Yue 


N the course of a research on steady-state dif- 

fusion it became necessary to make diffusion cal- 
culations for a finite solid. This problem was found 
to be sufficiently different from the corresponding 
problem for the semi-infinite solid for an entirely 
new approach to be necessary in obtaining a useful 
solution. The assumption of an exponential varia- 
tion of the diffusion coefficient with concentration’ 
was no longer a practical necessity, so that the new 
solution offered the possibility of handling diffusion 
in semi-infinite solids for arbitrary variations of the 
diffusion coefficient with concentration. 

In discussing the principle on which this method 
of calculation is based, it is convenient to consider 
the relatively simple problem of one dimensional 
diffusion into a matrix that initially contains none 
of the diffusing substance. The solution of the sec- 


dC 
ond Fick Law, ae == 1DY. Ene for diffusion into a 


semi-infinite solid is® 


[1] 


where C is the concentration of the diffusing sub- 
stance at a depth x cm below the surface after dif- 
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fusion has occurred for t seconds; C, is the concen- 
tration of the diffusing substance at the surface of 
the matrix; D, is the diffusion constant, expressed in 
sq cm per sec; and @¢ represents the Gauss error 
function. 

The corresponding solution for diffusion into a 
finite solid of thickness, l, is conveniently written 
for the change in concentration, C,,, at a point mid- 
way through the matrix and for times, t, great 
enough for the following equation to be used* 


Co: 


In Eqs. 1 and 2 the diffusion coefficient is repre- 
sented by the symbol D, (rather than by D) to em- 
phasize that these equations are valid only for con- 
stant values of D. 

To understand how these equations can be modi- 
fied to take account of actual variations of D, such 
as that shown in Fig. 1, first consider the fact that 
for a given time of diffusion the concentration at a 
given point is determined, not by the D value alone, 


but by the ratio 


in Eq. 1 and by a similar ratio, 


—, in Eq. 2. Even though in fact D varies, it is pos- 


sible to keep this ratio constant by using a special 
coordinate system, x,, that varies with D in the 
appropriate manner. 

The necessary character of this special coordinate 
system can be easily visualized by imagining that 
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the region into which diffusion has occurred is di- 
vided into infinitesimal regions of thickness dx. At 
each instant the diffusion in each of these elemen- 


tary regions will be determined by the ratio ) 

D 
where D is the value of the diffusion Peer Nae: 
the concentration at the region being considered. 
Consider that in the fictitious x, coordinate system 
corresponding infinitesimal regions are set up so 
that for every region dx, there is a corresponding 
region dx, of such thickness that 


dx 
— = [3] 
where IBY. is a constant reference value of the diffu- 
sion coefficient, such as the value for diffusion in 


extremely dilute solution. Eq. 3 may now be solved 
for any value of x 


J oJ V5 ° [4] 


where the indicated integration is conveniently done 
graphically, as illustrated below. 

The above method is only an approximate one, 
and it would be possible to show by a mathematical 
analysis to what degree it approximates the rigorous 
solution. However, a clearer picture of the useful- 
ness of the method is given by typical examples of 
its application. Its use in determining a concentra- 
tion-distribution curve for diffusion into a semi- 
infinite solid may be illustrated by a calculation for 
the diffusion of zinc into copper. The steps in the 
calculation are: 1) determining the curve of C vs 
(fictitious) x, that would be produced if the diffu- 
sion coefficient were constant at D,, the value char- 
acteristic of 0 pct Zn in copper; 2) using this curve 
in connection with the actual variation of D with 
concentration to find x as a function of x,; and 3) 
converting the curve of step 1 from a plot of C vs 
x, to a plot of C vs the actual distance coordinate, x. 
Note that x is conveniently replaced by the dimen- 


ae in the following example. 

Consider the diffusion of zinc into copper at 855°C 
(1571°F) from a vapor that maintains a zinc con- 
centration of 2.56 g per cu cm (30 wt pct) at the 
surface of the copper. If the reference (constant) 
D, is chosen to be the value of D in a dilute solu- 
tion of zinc in copper, then from Fig. 1 


sionless quantity 


D, = 1.0 x 10° sq cm per sec. [5] 
Table 18-1 in ref. 3 can be used to obtain the data 


Xo 


for the curve of C vs These data are tabulated 


in the first two columns of Table I. 


as a means 


VD.t 

for evaluating the integral of Eq. 4. The values of 
D corresponding to the C values in Table I were 
found using Fig. 1. These are tabulated along with 


The next step is to plot 1 — vs 
D, 


D 
the 1; values in Table I. A series of ee values 
1D), Dat 
determined by graphical integration are listed in 
the last column. 

Fig. 2 is a comparison of the concentration-dis- 
tribution curve obtained by this approximate 
method with the one determined by Wagner’s 
method. The latter curve is based on an exponential 
approximation to the diffusion data, shown by the 
dashed line in Fig. 1. The five points from a step by 
step calculation, described below, indicate that in 
the case being considered, Wagner’s result is better 
in the high concentration region and the present 
method is better in the low concentration region. 

Unlike the semi-infinite solid, for which there is 
essentially only one characteristic concentration- 
distribution curve, the finite solid has a number of 
concentration curves that may be of interest. Con- 
sider, for example, the diffusion of zinc into a thin 
copper specimen of thickness | at 855°C. Convenient 
boundary conditions are provided by maintaining 
zine concentrations of 30 pct (2.56 g per cu cm) and 
0 pet at the opposite faces of the specimen. Initially 
diffusion is of the semi-infinite type discussed above, 
but later the concentration-distribution curves are 
of the types shown in Fig. 3. These curves were 
calculated by a laborious step by step method’ to 
provide a comparison for the results obtained by the 
present more convenient approximate method. 

The problem of principal interest was the deter- 
mination of the time, t,, necessary to reach the 
steady-state concentration distribution. An anal- 
ysis similar to that employed for the semi-infinite 
solid was used to determine the fictitious dimension, 
L, that would require the same time to reach the 
steady-state assuming a constant diffusion coeffi- 
cient, D,, as is required by the true dimension, l, for 


Table I. Data Used in Obtaining a Concentration-Distribution Curve for the Diffusion of Zinc into a Semi-Infinite 
Copper Bar at 855°C (1571°F). 


Xo D dxo 
= 

V Dot G per Cu Cm Cm §q per Sec Do VDot ° Do VDot 
0 2.56 36.6 6.05 0 

0.1 2.41 31.0 5.56 0.58 

0.2 2.27 25.8 5.08 1.11 

0.3 2.13 21.2 4.60 1.60 

0.4 1.99 17.0 4.13 2.03 

0.6 10.0 2.76 

0.8 1.46 6.0 2.45 3.32 

1.0 1.23 4.0 2.00 

12 1.02 2.8 1.67 4.14 

1.4 0.83 2.1 1.45 4.45 

1.6 0.66 LAY 1.30 4.72 

1.8 0.52 1.4 1.18 4.97 

2.0 0.40 1} 1.14 5.20 

2.4 0.23 1.2 1.10 5.65 

2.8 0.12 Mal 1.05 6.08 

Spe) 0.06 1.0 1.00 6.49 

3.6 0.03 1.0 1.00 6.89 

4.0 0.01 1.0 1.00 7.29 

4.8 0.00 1.0 1.00 8.09 
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the actual concentration-dependent diffusion coeffi- 
cient, D. Using the dimension L, a calculation in- 
volving D, was made according to Eq. 2 to deter- 
mine t,. The steps involved in this calculation were 
the following. 

1) The curve of concentration vs distance that 
exists under steady-state conditions was determined 
from the known data on the variation of the diffu- 
sion coefficient with concentration.* Under steady- 
state conditions the flux, K, of zinc through the 
specimen is constant and, therefore, for the steady- 
state condition, the following equation holds. 


1 
dx = — = .f* DAC [6] 


Graphical integration of this equation gave the de- 
sired curve. 


x 
2) <A plot was made oy Vs rE and L was 


determined as the area under this curve, Eq. 4, ex- 
pressed as a fraction of l. In the present example, 

3) Since a suitable criterion of achievement of 
the steady-state condition is that the concentration 
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at the midpoint of the specimen should have at- 
tained the steady-state value to within 1 pct, Eq. 2 
was written 
2 


For D, = 1x10", this equation gave t, = (3.8 x 10°) 
l. The corresponding result calculated by the step 
by step method was t, = (4.3 x 10°)I’. 

A consideration of the approximations involved in 
the procedure used above showed that errors of 
opposite sign had largely cancelled one another. 
However, in most systems the curve of D vs con- 
centration is analogous to the one considered here 
and similar cancellation would be expected to occur. 
As a more conclusive test of the general applicabil- 
ity of the method, it was applied in a case where the 
variation of D with concentration was radically dif- 
ferent from that in the Cu-Zn system. The diffusion 
data used for this purpose were adapted from the 
results on the Cu-Au system quoted by Birchenall’ 
in which the diffusion coefficient goes through a 
maximum. The time to reach the steady-state con- 
dition was calculated by the approximate method 
described in the section above and was found to be 
(2.35 x 10°)l’, while the step by step solution gave a 
value of (2.0 x 10°)’. Again, the agreement between 
the two values was satisfactory, being within 20 pct. 


Conclusions 


The present approximate method permits a cor- 
rection to be made for the variation of the diffusion 
coefficient with concentration, using equations that 
apply for a constant D value. Since D values typ- 
ically vary by about a factor of ten, it is useful to 
be able to take this variation into account in a rea- 
sonably quantitative manner. In the case of the Cu- 
Zn system, which was used for the principal illus- 
tration here, the time to reach the steady-state con- 
dition was estimated to within about 20 pct by the 
present method, even though the diffusion coefficient 
varies thirty seven fold over the concentration 
range involved. 

Concentration-distribution curves describing dif- 
fusion into a semi-infinite solid can also be obtained 
with comparable accuracy for actual variations of 
the diffusion coefficient with concentration. How- 
ever, in those instances in which the variation of 
the diffusion coefficient is almost exponential, the 
latter calculation can be made more rigorously and 
more conveniently by Wagner’s method. 
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Diffusion of the Elements of the IB and IIB 


Subgroups in Silver 


_ Data are given for the diffusion of the elements of the IB and IIB subgroups in 
single crystals of silver. With the exception of those for mercury in silyer, the data in- 
dicate that the activation energies for diffusion of the atoms of a given subgroup in 
the same solvent are similar, but the frequency factors differ. From this, it is concluded 
that atomic size, provided solid solutions are formed, probably does not affect the acti- 
vation energy. The relation of the present results to several of the more popular gen- 


eralizations concerning diffusion is discussed. 


by A. Sawatzky and F. E. Jaumot, Jr. 


1 bee as long been recognized that there is a need for 
accurate systematic data on diffusion in solids. 
Originally, such data were needed to check existing 
theories but, more recently, it would appear that it 
could be used most advantageously as a guide to, 
or a check for, much needed extensions of the theory 
of diffusion. The awareness of the conditions which 
are important to experimental accuracy, the avail- 
ability of the materials for accurate experiments, 
and the techniques have improved to the extent that 
it would now seem to an experimentalist that, un- 
less extensions of the theory are made which take 
into account the fundamental parameters of the 
atoms, the electrons, and the lattice in some detail, 
the field of diffusion will rapidly become an empiri- 
cal or semi-empirical field. 

The present series of experiments was designed 
to provide accurate data on the diffusion of the ele- 
ments of the IB and IIB subgroups in silver; that is, 
to provide data on the diffusion in silver of three 
face-centered-cubic elements with roughly similar 
chemical properties, but with different atomic or 
ionic sizes and, similarly, for three noncubic ele- 
ments. The elements of these two subgroups have 
different valences, so that the data will not give any 
significant information on differences due to the 
crystal structure of the solute. 

The present paper reports data on the diffusion 
of copper and mercury in single crystals of silver; 
the data for the other elements of the IB and IIB 
subgroups were reported previously by the authors” 
and by Tomizuka and Slifkin.* 


Experiment 
The general technique used was identical to that 
previously described’? and will not be repeated 


A. SAWATZKY is associated with The Franklin Institute Labora- 
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here. In all cases, the sectioning technique and high 
specific activity isotopes* were used. 


* Obtained from Oak Ridge National Laboratories. 


The short half-life of Cu“ made decay corrections 
more important than for the other isotopes, and 
necessitated around the clock shifts while data were 
being taken. Each section was counted at least twice 
(as was true for all longer half-life isotopes) and a 
monitor was counted along with each sample. 

Data for the diffusion of mercury in silver are 
presented at a greater number of temperatures than 
for the other solutes. This is a result of two circum- 
stances. First, six (of 30) samples had to be dis- 
carded because of pitting or recrystallization which 
occurred during the diffusion runs, even though the 
samples had sustained high temperature prediffusion 
anneals. Either of these was a very rare phenome- 
non in the other experiments, and their occurrence 
in this case is considered in more detail below. Sec- 
ond, the curves of the logarithm of the activity of 
the sections vs the square of the penetration deptht 


+ The diffusion coefficient is obtained from the slopes of these 
curves by a least-squares method. 


were, in general, quite good, but frequently seemed 
to show one point to have high activity and the next 
point to have slightly low activity in terms of the 
best straight line. When this occurred, there was 
remarkable regularity of the high-low sequence. In 
any event, the results, as far as diffusion coefficients 
are concerned, were not affected by this amalgam 
effect. In fact, the mercury data had the highest 
internal consistency of any of the data. 


Results 

Diffusion of Copper in Silver—Diffusion runs were 
made at eight temperatures in the temperature 
range from 700° to 950°C, for times ranging from 
5 to 45 hr. A linear curve of the logarithm of the 
activity vs the square of the penetration depth was 
obtained for all samples. Table I summarizes the 
results for individual samples and Fig. 1 gives a 
plot of the logarithm of the diffusion coefficients as 
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a function of the reciprocal of the absolute tem- 
perature. 

The activation energy, Q, and the frequency fac- 
tor, D., were obtained from a least-squares fit of the 
data of Fig. 1. With an estimated probable error 
of +4 pct in D, +2 pct in Q, and as much as 20 pct 
in D,, the data may be represented by 


1.23 exp (—46,100/RT) sqcempersec. [1] 


The accuracy of these data is not as good as that 
for zine or mercury, probably due to the difficulties 
introduced by the short half-life of the copper iso- 
tope. The average difference in values of D obtained 
at a given temperature is slightly more than 2 pct, 
with by far the greatest contribution (6.3 pct) com- 
ing from the highest temperature data. The mean 
deviations from the values given by Eq. 1 are less 
than 2 pct, with a maximum deviation of about 
4 pct. 

Diffusion of Mercury in Silver—Diffusion runs 
were made at thirteen temperatures in the tempera- 
ture range from 650° to 950°C, for times ranging 
from 6 to 360 hr. Only linear curves of InC vs x’ 
were obtained. Table II summarizes the data for the 
individual samples and Fig. 2 gives a plot of InD 
WS 

A least-squares fit of the data in Fig. 2 indicates 
the data is well represented by 


D = 0.079 exp (—38,100/RT) sq cm per sec. [2] 


The internal consistency (we hesitate to call it 
accuracy) of these data can only be described as 
remarkable and probably fortuitous. The average 
difference in the values of D obtained from different 
samples at the same temperature is 0.47 pct, with no 
difference being as great as 1 pet. The mean devia- 
tion of the individual points from the values calcu- 
lated from Eq. 2 is less than 1 pct. In spite of the 
apparent accuracy of the data, no better than +2 
pet in D, 0.5 pct in Q, and perhaps +10 pct in D, 
is claimed. 


Discussion 

Fig. 3 and Table III summarize the recent experi- 
mental results for diffusion of elements of the IB 
and IIB subgroups in silver. Also included in the 
table are some previous results on similar systems. 
Finally, Table III gives the values of D, and Q cal- 
culated, using Zener’s theory* and Nowick’s method,° 
respectively. The calculated values are, in general, 
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in good agreement with the recent data, the only 
real departures coming for the high atomic number 
solutes, gold and mercury. 

The recent data support the now generally ac- 
cepted idea that for solute diffusion in very dilute 
solutions, the values of D, and Q should not differ 
as greatly from those for self-diffusion as the older 
data indicated. On the other hand, there seems to 
be no doubt that the differences which are present 
are significant. Thus, LeClaire’s suggestion® that the 
differences might vanish at very small concentra- 
tions of solute is probably unfounded.t Both of 


tFrom the thickness of the plated layer and the penetration 
depth, a maximum concentration of the solutes of 5 x 10-+ is esti- 
mated, which is within the range of the purity of the single crystals 
of silver. The starting material was 99.99 pct Ag from Handy and 
Harman. 


these points have been discussed in more detail 
elsewhere.® 

One of the main objectives of this series of experi- 
ments was to learn more of the effects of the ionic 
or atomic size and the valence of the solute on the 
frequency factor and activation energy. There is 
now reliable data available on three monovalent 
metals (subgroup IB) of different sizes and three 
divalent metals (subgroup IIB) of different sizes 
assuming, of course, the Hume-Rothery valences. 

It is seen from Fig. 3 that the plots of InD vs 1/T 
for solutes of a given subgroup tend to group to- 
gether and, with the exception of the curve for mer- 
cury, they are relatively parallel within subgroups. 

Thus, the data indicate that, provided solid solu- 
tions are formed, the ionic size does not appreciably 
affect the activation energy for diffusion, but does 
affect the frequency factor (valence obviously has 
an appreciable effect). That is, the activation en- 
ergies for diffusion of silver and gold in silver are 
identical, and that for copper in silver is not very 
different. A similar situation exists for zinc and 
cadmium in silver, but the difference in the activa- 
tion energy for mercury from that for zine and cad- 
mium is too great to be within experimental error. 
This will be discussed in more detail below. On the 
other hand, the frequency factors vary in accord- 
ance with Zener’s theory,* or roughly as the Debye 
temperature of the solutes. This would appear rea- 
sonable, since it is expected that the vibration fre- 
quency of the solute atom would partially control 
the jump frequency, and the heavier the atom the 
lower the vibration frequency. 


4 
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That the activation energy is not appreciably af- 
fected by the size of the solute atom is not unreason- 
able from a physical point of view, but is much more 
tenuous on theoretical grounds. That is, it is likely, 
at these low concentrations, that the solute atom 
sees only a solvent lattice. Then, an adjacent va- 
cancy (assuming vacancy diffusion) would tend 
further to reduce any effect of size so far as the 
energy barrier is concerned. There appear to be no 
good grounds for determining whether the fact that 
each of the solute atoms discussed here (except sil- 
ver, of course) can have a smaller ionic or atomic 
radius§ than the solvent atom plays an important 


§ All except gold have smaller ionic radii, and gold, as 
metal, has a smaller atomic radius. 


role. It is believed that it would, on lattice strain 
considerations, and a similar study using copper or 


Table |. Summary of Data for Diffusion of Copper in Silver 


Sample Temper- Time, Sec D, Sq Cm 
No. ature, °C x 10-4 per 
1 944.5 1.80 6.334x10-9 
2 944.5 1.80 6.740x10-% 
3 925 2.19 4.922x10-° 
4 925 2.19 4.710x10-% 
5 899 3.06 3.371x10-9 
6 899 3.06 3.327x10-9 
854.5 3.99 1.395x10-® 
8 854.5 3.99 1.435x10-° 
9 804 7.56 5.429x10-10 
10 804 7.56 5.386x10-10 
11 758 9.39 2.039x10-10 
12 758 9.39 2.016x10-10 
13 752 11.84 1.838x10-29 
14 752 11.84 1.860x10-19 
15 716.5 16.05 8.354x10-0 
16 716.5 16.05 8.253x10-11 


zine as the solvent would be interesting.# Along 


# Although Mercer and Shuttleworth® have studied diffusion of 
various elements in copper (to be published), the authors do not 
consider it a truly similar study because of the quite different tech- 
niques used. 


these lines, however, the present data indicate that 
it makes no appreciable difference whether small 
concentrations of the solute expand or contract the 
lattice. 

Lazarus’ has given an atomistic treatment of so- 
lute diffusion in metals for cases of negligible chem- 
ical concentration gradients. Using a Thomas-Fermi 


Table Il. Summary of Data for Diffusion of Mercury in Silver 


Sample Temper- Time, Sec D, Sq Cm 
No. ature, °C x10-4 per Sec-t 
1 947.5 2.34 1.188x10-8 
2 947.5 2.34 1.202x10-5 
3 916 3.06 7.699x10-° 
4 911 5.40 7:031x10-2 
5 911 5.40 7.020x10-9 
6 877.5 8.46 4.451x10-° 
a 877.5 8.46 4.411x10-9 
8 842 8.64 2.677x10-® 
9 842 8.64 2.652x10- 
10 837 17.28 2.419x10-° 
11 809.5 14.67 1.528x10-° 
12 809.5 14.67 1.532x10-® 
13 805.5 25.92 1.472x10-® 
14 805.5 25.92 1.466x10-° 
15 787 35.82 1.075x10-® 
16 787 35.82 1.073x10-® 
U7, 773 17.01 8.349x10-10 
18 773 17.01 8.410x10-10 
19 738 70.38 4.484x10-10 
20 738 70.38 4.460x10-1 
21 690.5 104.59 1.760x10-19 
22 690.5 104.59 1.765x10-19 
23 653 129.78 7.923x10-1 
24 653, 129.78 7.880x10—-11 
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approximation, he calculated the influence of im- 
purity atoms on the Fermi electrons of the lattice. 
The results, applied to the data of Ref. 3, indicated 
that the screening terms are sufficient to explain the 
magnitude and direction of the observed deviation 
from self-diffusion in silver. 

Since the excess valence and the screening con- 
stant are the only variables of interest in the final 
expressions, Lazarus’ treatment can be compared 
with experiment either by assuming an excess val- 
ence and a screening constant and computing D, and 
Q for the solute, or by using the Q obtained experi- 
mentally to determine a screening constant with 
which to calculate D,. 

The difficulty with this treatment is that it leads 
automatically to the same activation energy and 
same D, for solute and self-diffusion if solute and 
solvent have the same valence. Further, for the 
divalent elements which have the same activation 
energies, this treatment leads to the same value of 
D,. Thus, for experiments of the present type, Laz- 
arus’ treatment has little meaning, because insuffi- 
cient parameters are considered. Lazarus himself 
points out that the most questionable assumption he 
makes is that a solute atom may be represented as a 
solvent atom differing only in nuclear change and 
numbers of valence electrons. 

It is tempting to explain both the diffusion results 
(low Q) for mercury and the tendency of the sam- 
ples to pit and/or recrystallize during the diffusion 
anneal in terms of sensitivity to imperfections. The 
recrystallization and pitting could be explained 
logically on the basis of a high degree of segregation 
of mercury at dislocations, and the low activation 
energy could be explained by a significant contribu- 
tion of dislocation diffusion to the low temperature 
data. However, without more direct data, these 
must remain only suggestions, particularly since it 
is difficult to imagine dislocation diffusion yielding 
data of such high internal consistency. Also, a va- 
lence effect can equally well be argued, in view of 
Lazarus’ work, to account for the diffusion results. 

Frequently, generalizations are found in the lit- 
erature which describe the effects of various physical 
properties on diffusion rates. Three of the more 
popular ones were restated recently by Mercer and 
Shuttleworth’ in connection with diffusion of vari- 
ous solutes in copper. These are: 
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1) Diffusion rates increase with increase of va- 
lence. This is the only generalization that appears 
to be more or less universally true. 


Table Ill. Summary of Data for Diffusion of Group IB and Group IIB 
Elements in Single Crystals of Silver 


Previous Work§ 


Recent Values* Calculated} Solute 
Q, Concen- 
Do, Q, Do, Q, Do, Keal tration, 


Sq Cm Kceal per Sq Cm Kceal per 


Sq Cm per Atomic 
Solute perSec Mole per Sec Mole 


per Sec Mole Pct 


Cu 1.23 46.1 1.06 45.7 5.9x10 24.8 a 
Ag 0.724 45.5 0.724% 44.9 0.895 45.9 0 
Au 0.26 45.5 0.53 47 5.3x10-+ 29.8 10) 
1.1x10-4 26.6 18 
Zn 0.54 41.7 0.54 41.7 4.4x10+ 23.5 5 
Cd 0.44 41.7 0.46 41.7 4.9x10 22.35 2 
4.7x103 31.3 0.5 
Hg 0.079 38.1 0.15 39.5 a a = 


* The values for silver and cadmium were taken from Ref. 1. The 
others were obtained in these laboratories. 

+ For the methods used, see Refs. 2 and 3. 

t The constants involved in the theoretical expression for Do 
were adjusted so that the calculated and experimental values for 
self-diffusion in silver agreed. 

§ These values were taken from Refs. 9 or 10. Since most of the 
idee data were obtained with appreciable solute concentration, this 
information is given. 


2) Diffusion rates increase with increase of size 
of solute. Mercer and Shuttleworth state that size 
appears to be more important than valence. The 
present experiments and those of Ref. 3 are in vir- 
tually uniform disagreement with this. Only mer- 
cury, at the lower temperatures, could be said to be 
in agreement. 

3) The smaller the maximum solubility of the 
solute in the solvent, the greater the diffusion rate. 
The only comparison here is among copper, silver, 
and gold, for which the maximum solubilities in 
silver are 14, 100, and 100 atomic pct, respectively. 


At the higher temperatures, copper obeys the gen- 
eralization, but at the lower temperatures it does 
not. The crossover of the curves for silver and cop- 
per occurs at about 260°C for copper and at about 
—90°C for gold. Of course, all of the group II ele- 
ments have smaller solubilities in silver than silver 
and gold, but their higher rates are attributed to 
valence. 

Finally, one of the more generally accepted con- 
cepts is that of a general direct correlation between 
@ and D,. However, if the activation energies are 
similar for equivalent atoms in the same solvent, 
and the frequency factors are different, the validity 
of any general correlation must be questioned. 
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Technical Note 


Investigation Of Grain Boundary Phase In Stainless Steel 


by C. C. Clark, J. R. Mihalisin, and K. G. Carroll 


BSERVATIONS made in this paper were for the 
purpose of exploring the anomalous behavior of 
a particular heat of Type 310 stainless steel. The 
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alloy, of nominal composition 25 pet Cr, 20 pct Ni, 
was observed to form a grain boundary precipitate 
at exceedingly high rates. A sheet of this metal, 
0.060 in. thick, after cooling in air from 2000°F 
showed the presence of the grain boundary material, 
whereas none was found after water-quenching 
from the same temperature. X-ray techniques were 
applied without success and, in view of the ex- 
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tremely small amount of embrittling phase, data 
were obtained through use of the electron micro- 
scope. 

The electron micrographs shown in Figs. 1 and 2 
reveal the striking difference in behavior between 
water-quenched and air-cooled specimens. Some of 
the thin, intergranular phase which adhered to the 
replica is evident in Fig. 2. In order to permit dif- 
fraction study of the phase, extraction replicas were 
prepared, in the manner reported by Fisher.’ Rela- 
tively large amounts of the grain boundary phase 
were removed from the metal by this procedure. A 
typical example of the material is shown in Fig. 3, 
enlarged to 18,000 diam. In appearance the phase 
is quite similar to chromium carbides which were 
reported by Mahla and Nielsen’ in the course of their 
work with bromine extractions from stainless steels. 
The two-dimensional nature of the carbide is appar- 
ent from Fig. 3. Visible thickness gradations suggest 
that the carbide is frequently thinner than 200A. 

Selected area electron diffraction on the material 
of Fig. 3 yielded a spotty pattern which nevertheless 
permitted measurement of Debye-Sherrer rings. The 
interplanar spacings found are given in Table I and 
compared with X-ray diffraction data for chromium 
carbide and iron boro-carbide. The data establishes 
that the embrittling phase is structurally similar to 


Fig. 1—Parlodion replica of Type 310 stainless steel sheet 
after water quenching from 2000°F. Germanium shadowed. 
Etched with electrolytic 10 pct chromic acid. X7500. Reduced 
approximately 50 pct for reproduction. 


Fig. 2—Parlodion replica of Type 310 stainless steel sheet 
after air cooling from 2000°F. Replica prepared in the same 


manner as in Fig. 1. X7500. Reduced approximately 50 pct 


for reproduction. 
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Fig. 3—Parlodion extraction replica of air cooled steel, 
showing the structure of grain boundary material. Etched 


with hydrochloric-picric acid in methanol. X18,000. Reduced 
approximately 50 pct for reproduction. 


the complex cubic chromium carbide, Cr.,C,. It might 
well contain boron which is known to stabilize the 
related structure, Fe.,(C,B)..’ 

Chemical analysis of the steel indicated a boron 
concentration of about 0.001 pct by weight. Subse- 
quent work on other heats of the steel indicated that 
the quantity of network phase formed during cooling 
is sensitive to the concentration of boron. Inasmuch 
as the network forms during the short time in which 


Table |. Electron Diffraction Pattern, 100 Ky, Electrons, of 
Material shown in Fig. 3 


Interpianar Spacing, Chromium Carbide, Iron Boro-carbide, 


d,A CrosCo,3 d, A* Fess (B, C)e,4 d, A* 
3.187 W 
3.055 W 

2.67 — 2.644 W 

2.42 2.380 MS 2.367 S 

2.20 2.172 M 2.161 S 

2.08 2.048 S 2.037 VS 
1.91 1.882 M 1.872 S 
1.82 1.800 M 1.792 S 
— — 1.765 M 

1.70 1.683 W 1.674 VW 
— — 1.613 W 
1.62 1.605 MW 1.595 MW 

1.50 — 1.466 VW 
1.36 — 1.325 W 

Aeon 1.291 M 1.284 W 

1.26 1.255 MS 1.248 M 

1.24 1.229 M 1.222 M 

1.20 1.183 W 

1.17 1.168 M 1.162 W 
— — 1.111 W 

1.09 1.086 S 1.082 M 


* § stands for strong; M, medium; W, weak; and V, very. 


the steel cools through the temperature range of car- 
bide formation, it is suggested that boron here be- 
haves as a powerful catalyst to carbide formation. 
In view of the possibility of chromium substitution 
for iron in this structure, it may be that the first 
precipitate to form is the boro-carbide (Cr,Fe).s 
(B,C), which, in turn, nucleates Cr.:C., the carbide 
generally found in stainless steels. 
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Elastic Properties of Yttrium and Eleven 


Of the Rare Earth Elements 


LASTIC constants of yttrium and eleven of the 

rare earth elements have been measured. This 
has been accomplished by measuring the propaga- 
tion velocities of ultrasonic pulses. The velocity 
measurements were made by noting the elapsed 
time between an applied pulse and the appearance 
of successive echoes. The pulse-echo technique has 
become relatively common, and the basis of the 
measurement is outlined in several standard tests, 
e.g., Heuter and Bolt.’ 

Two important assumptions are made when using 
this method for the determination of elastic moduli. 
First, the pulse is assumed to propagate as a plane 
wave. To justify this assumption, the cross section 
of the test specimen should be large compared to 
the wave length of the transmitted pulse. For these 
measurements on the rare earth elements the mini- 
mum cross section wave length ratio was about 20. 
A second assumption which must be made when 
using polycrystalline specimens is that the grains 
are sufficiently numerous and randomly oriented so 
that the specimen may be approximated as elasti- 
cally isotopic. The grain size in the as-cast speci- 
mens which were used is believed to be sufficiently 
fine for this approximation, and the degree of pre- 
ferred orientation is believed to be small. Support- 
ing this viewpoint is the fact that elasticity imeas- 
urements by the pulse-echo technique on as-cast 
specimens of other metals give results which are in 
satisfactory agreement with values obtained by 
other techniques. Hence, it is believed that the meas- 
ured elasticity values for the rare earth elements 
are not apt to be seriously in error due to the 
assumption of elastic isotopy. 

The apparatus used in this determination was a 
modified Sperry Reflectoscope with a precisely cali- 
brated time base circuit. Piezoelectric transducers 
were used both to generate the pulse and to detect 
the echoes. X-cut quartz crystals were used for the 
longitudinal modes, and Y-cut quartz crystals were 
used for the shear modes. Frequencies of 2.25 and 
5 megacycles per sec were employed. Most of the 
specimens were 2.5 to 5.0 cm in length. 


Results 


Table I is a tabulation of the measured propaga- 
tion velocities of longitudinal waves and of shear 
waves, together with densities obtained by Sped- 
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ding, Daane, and Herrmann’ from lattice parameter 
measurements. The shear modulus, Poisson’s ratio, 
and Young’s modulus were calculated from the data 
in Table I through use of the following relationships: 


[1] 


2 
2 [1—(v,/v.)*] (21 


and 
[3] 


where pw is the shear modulus, Y is the Young’s 
modulus, o is Poisson’s ratio, p is the density, v, is 
the longitudinal wave velocity, and v, is the shear 
wave velocity. The calculated quantities are shown 
in Table II. 
Compressibility values can be computed from the 
relationship 
—2o 
[4] 
and the computed values may be compared with 
measured values obtained by Bridgman.* Table III 
lists the data for such a comparison. The agreement 
is satisfactory, being particularly good for neodymi- 


Table |. Measured Values for Sonic Velocities in Yttrium and Some 
of the Rare Earths 


Element Sonic Velocity x 10~ Cm per Sec 

Density, Longitudinal Shear 

No. Symbol G per Cu Cm Wave Wave 
39 4.472 4.280+0.021 2.420+0.018 
57 La 6.612 2.751+0.006 1.501+0.002 
58 Ce 6.768 2.300+0.020 1.332+0.011 
59 Py 6.769 2.660+0.011 1.410+0.016 
60 Nd 7.007 2.718+0.006 1.438+0.013 
62 sm 7.540 2.702+0.004 1.292+0.017 
64 Gd 7.868 2.951+0.003 1.682+0.002 
65 Tb 8.253 2.920+0.009 1.661+0.002 
66 Dy 8.556 2.958+0.006 1.724+0.009 
67 Ho 8.799 3.0390.011 1.742+0.004 
68 Er 9.058 3.082+0.004 1.808+0.006 
70 Yb 6.959 1.820+0.012 0.999+0.001 


um and gadolinium, poor for samarium, and inter- 
mediate for the other elements. Some variation is 
expected since Bridgman’s measurements are iso- 
thermal, whereas the present measurements are 
adiabatic. In addition there may be some effect due 
to small variations in purity. Though most of the 
rare earth metals measured by Bridgman and all of 
the metals used in the present measurements were 
prepared at this laboratory, minor purity variations 
might exist since the samples came from different 
lots. Also, any imperfections such as dislocations, 
vacancies, voids, grain boundaries, microcracks, etc., 
should contribute to the volume change of a com- 
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pressed sample as determined by Bridgman, but 
these imperfections should affect only the attenua- 


tion of sonic waves and not the velocity through the 
crystal lattice. 


Discussion 

The compressibility is the reciprocal bulk modulus 
and is a measure of the interatomic forces resisting 
volume changes. The shear modulus is a measure of 
the interatomic forces resisting deformation of shape 
at constant volume. The compressibility and shear 
modulus thus give complementary information 
about the binding forces in solids. Compressibility 
and shear modulus as functions of atomic number 
are plotted in Figs. 1 and 2, respectively. In both 
plots there is an approximately linear increase in 
bond strength with atomic number. This could in- 
dicate a small contribution of the 4f electrons to the 
bonding but, more probably, it is due to an increas- 
ing strength of interaction between the core and 
the bonding electrons due to increasing nuclear 
charge. 

From the graphs it can be seen that lanthanum 
(57), samarium (62), and ytterbium (70) deviate 
significantly from the linear trend in shear modu- 
lus, while cerium (58) and ytterbium (70) deviate 
appreciably from the linear trend in compressibility. 
These deviations seem to be correlated with crystal 
structure. Most of the rare earth elements crystal- 
lize at room temperature in the ordinary, double- 
layered hexagonal-closest-packed structure, but the 
elements noted above all crystallize in other struc- 
tures. Cerium has been reported‘ to crystallize in 
both the hexagonal-closest-packed and face-cen- 
tered-cubic structures, but the metal used in these 
measurements was the face-centered-cubie modifi- 
cation. Samarium crystallizes with a hexagonal 


Table II. Elastic Moduli Calculated From Measured Sonic Velocities 


Young’s Shear 
Element Modulus Modulus 
x 10-4 Dynes x 10-4 Dynes Poisson’s 
No. Symbol per Sq Cm per Sq Cm Ratio 
39 ¥ 6.63 2.62 0.265 
57 La 3.84 1.49 0.288 
58 Ce 3.00 1.20 0.248 
59 Pr 3.52 1.35 0.305 
60 Nd 3.79 1.45 0.306 
62 sm 3.41 1.26 0.352 
64 Gd 5.62 2.23 0.259 
65 Tb 5.75 2.28 0.261 
66 Dy 6.31 2,54 0.243 
67 Ho 6.71 2.67 0.255 
68 Er 7.33 2.96 0.238 
70 Yb 1.78 0.70 0.284 


structure which has peculiar layering’ of close- 
packed planes. Ytterbium crystallizes with the face- 
centered-cubic structure. Europium, which was not 
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measured, crystallizes with the body-centered-cubic 
structure. Ytterbium and europium would be ex- 
pected to have abnormally weak bonding since 
chemical evidence indicates that these two elements 
tend to fill and half-fill, respectively, the 4f elec- 
tronic states at the expense of the 5d and 6s states. 

Lanthanum, praseodymium, and neodymium crys- 
tallize with a structure closely related to hexagonal- 
closest-packed. In this structure the basal planes 
are layered ABACABAC instead of the usual 
ABABAB; the unique lattice parameter and the unit 
cell are twice as large as the ordinary hexagonal- 


Table III. Compressibility Values 


Compressibility x 108 
Sq Cm per Kg 
Element 


These Data, Bridgman, 
No. Symbol Adiabatic Isothermal 
39 2.09 — 
57 La 3.24 3.9 
58 Ce 4.95 4.7 
59 Pr 3.28 3.7 
60 Nd 3.02 3.0 
62 Sm 2.56 3.5 
64 Gd 2.52 2.5 
65 Tb 2.45 —_— 
66 Dy 2.39 2.6 
67 Ho 2.14 2.5 
68 Er 2:11 2:5 
69 Tm — 2.6 
70 Yb 
71 Lu —_— 2.3 


closest-packed structure. However, praseodymium 
and neodymium both follow the linear trends close- 
ly in compressibility and shear modulus. Hence, it 
may be that the high shear modulus of lanthanum is 
due to oxygen contamination. Oxygen removal from 
lanthanum is particularly difficult. 

Yttrium (39) is shown in the plots because of its 
chemical similarity to the rare earths, even though 
it is not properly a member of the lanthanide series. 
The yttrium value projects on the compressibility 
trend at about element 68 and on the trend in shear 
modulus at about 66.5. The binding forces in yttrium 
might therefore be expected to be intermediate be- 
tween rare earth elements 66 and 68. 
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Mechanism of Precipitation in a Cu-2.5 Pct Fe Alloy 


The precipitation process in a Cu-2.5 pct Fe alloy was studied experimentally by 
means of X-ray diffraction and hardness measurements and light and electron micro- 
scopic observations. It was concluded that y-Fe and a-Fe precipitate simultaneously, 
y-Fe dominating in the early stages. During later stages, the particles of y-Fe dissolve, 
providing the copper lattice with iron atoms which diffuse to the more stable a-Fe par- 
ticles. The a-Fe particles continue to grow until all evidence of the y-Fe is gone. 


by J. B. Newkirk 


| Foe 1939 Bitter and Kaufmann’ suggested that iron, 
precipitating from a copper-rich, Cu-Fe solid solu- 
tion, appears initially as coherent particles of y-Fe 
which transform to the body-centered-cubic form of 
iron when the alloy is cold worked. Since then there 
has been considerable discussion, supported only by 
indirect evidence, regarding the validity of the con- 
cept. For example, Reekie, Hutchison, and Hether- 
ington*® interpreted the changes in electrical resis- 
tance accompanying the aging of Cu-Fe specimens 
in terms of a coherent y-Fe precipitate which 
transformed to the incoherent a-phase during long 
aging or cold working. Greninger* found that Cu- 
Fe alloys which had been water quenched from 
1050° and then held at 650°C for 3 hr changed from 
weakly to strongly ferromagnetic as the aged wire 
was subsequently cold worked. He also found dif- 
fraction lines corresponding to body-centered-cubic 
iron in Debye-Scherrer patterns given by aged and 
worked specimens but lines corresponding to only 
one face-centered-cubic phase in specimens which 
had been aged but not worked. Knoppwost,* and 
later Cech and Turnbull, found that aged Cu-Fe 
specimens showed a slight increase in ferromagnet- 
ism after they had been cooied in liquid nitrogen. 
Very recently Denney’® followed the kinetics of the 
precipitation reaction as indicated by the satura- 
tion magnetization, hardness, and diffuse X-ray 
effects. 

The experimental results reported by all of the au- 
thors mentioned above are readily explained in 
terms of the Bitter and Kaufmann concept. How- 
ever, most of the evidence is indirect when used to 
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define the structural changes involved. It was the 
aim of the present investigation to determine the 
mechanism of precipitation of iron from a Cu-Fe 
solid solution in the light of available published 
information and with additional new and more 
direct experimental data. 


Experimental Method 

At 1060°C copper will contain up to 3 atomic 
pet Fe in equilibrium solid solution.’ The solvus 
slopes rapidly toward lower iron concentration, so 
that at 600°C only about 0.5 pet Fe remains in solu- 
tion at equilibrium. Below the eutectoid tempera- 
ture (850°C), the iron-rich phase in equilibrium 
with the copper-rich solid sulution consists of body- 
centered-cubic a-Fe. Above 850°C the equilibrium 
iron-rich phase is face-centered-cubic y-Fe. 

The alloy to be studied was made by melting 
electrolytic iron and OFHC copper by induction 
under vacuum in an Alundum-lined crucible. The 
metal was held malten for about 5 min, after which 
time the power was turned off and the crucible was 
tipped about 70° to promote directional solidifica- 
tion. The resulting ingot, containing 2.5 wt pct Fe 
by analysis, was clean, large grained, and free of 
gross segregation. Slices 3g in. thick were eut from 
the ingot, rolled to 4 in. in thickness, homogenized 
in hydrogen at 1060°C for 24 hr and, finally, 
quenched in cold water. Specimens for all subse- 
quent tests were made from these slices. 

Squares measuring about 1 cm on a side were 
cut from the slices to make specimens for studying 
hardness and microstructure. Wires (0.020 in.) for 
the Debye-Scherrer survey were drawn from }% in. 
sq rods which had been cut from the homogenized 
slices. Large crystals for observing diffuse X-ray 
diffraction effects were prepared by mechanically 


TRANSACTIONS AIME 


abraiding slices to a thickness of 0.005 in. after the 
final aging treatment and then etching them in dil- 
ute HNO, to about 0.003 in. in thickness. 

All specimens to be aged were first solution 
treated for 1 hr at 1060°+10°C in hydrogen under a 
layer of at least ¥% in. of alumina. After this treat- 
ment the ceramic boat holding the specimens was 
removed from the furnace and its contents were 
dumped into a vessel containing cold water at least 
12 in. deep. The solution treated specimens were 
handled carefully thereafter to avoid distorting 
them mechanically. 

The specimens were aged at 600° or 700°C in 
small Vycor vials containing argon gas at low pres- 
sure. The longest aging treatment was 3840 hr at 
700°C. 

Hardness measurements were made with a Ken- 
trall hardness testing machine using the 1/16 in. 
ball and 60 kg load. Since the specimen grain size 
was large, the average of 12 impressions is reported 
here. Each aging condition was represented by an 
individual specimen. Debye-Scherrer photographs 
were made with a cylindrical camera of 10 em diam 


Table I. Debye-Scherrer Patterns Giyen by Heat Treated 
Cu-Fe Wires 


Treatment Pattern 


1050°C, 1 hr water quench. Single face-centered-cubic. Resolved 


doublets. 
600°C, 30 min air cooled.* Single face-centered-cubic. Resolved 
doublets. do = 3.615A. 
600°C, 6 hr air cooled. Single face-centered-cubic. Faint dif- 
fuse sidebands on high angle side. 
See Fig. 2b. 
600°C, 40 hr air cooled. Single face-centered-cubic. Resolved 
doublets. Diffuse sidebands on high 
angle side. do = 3.616A. 
600°C, 90 hr air cooled. 
600°C, 600 hr air cooled. Strong face-centered-cubic (ad = 
3.616A) plus weak face-centered- 
cubic (do = 3.590A) identically ori- 
ented. See Fig. 2c. 


600°C, 600 hr air cooled. 
Cool in liquid Ne. 


Same as immediately above. 


600°C, 600 hr air cooled. 
Cool in liquid Ne. 
Bent repeatedly at 20°C. 


Strong face-centered-cubic copper 
pattern. Doublets barely resolved. 
Faint body-centered-cubic (ao = 
2.864A) pattern. See Fig. 2f. 


Strong sharp face-centered-cubic 
(copper) plus weak face-centered- 
cubic (y-Fe) plus trace of body- 
centered-cubic (do = 2.864A). 
Quench distorted. 


700°C, 24 hr, quench. 


Strong sharp face-centered-cubic 
(copper) plus weak sharp face-cen- 
tered-cubic (y-Fe). 


700°C, 286 hr, air cooled. 


Strong sharp face-centered-cubic 
(copper) plus very weak sharp face- 
centered-cubic (y-Fe) plus very 
weak sharp body-centered-cubic (a- 
Fe). See Fig. 2d. 


700°C, 810 hr, air cooled. 


Strong face-centered-cubic (copper) 
plus weak body-centered-cubie (a- 
Fe). See Fig. 2e. 


700°C, 3840 hr, air cooled. 


* This and all subsequently listed specimens were initially solu- 
tion-treated 1 hr at 1060°C and water quenched. 


using a rotating wire specimen. Filtered copper 
radiation (CuK,, = 1.5405A) was used throughout 
the survey. The microstructure was observed on 
polished sections which had been etched with a 
dilute aqueous solution of K,CrO; and H,SO, or a 
solution of H,O., KOH, NH,OH, and water. A few 
specimens were etched both chemically and, after 
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Fig. 1—After reaching a broad maximum of about Rockwell 
F82, the hardness gradually falls below that of the as- 
quenched condition. 


repolishing, by cathodic bombardment with ionized 
krypton gas, using a technique described elsewhere.* 
Electron microscopy was done using a standard 
technique in which a collodion replica of the etched 
section was shadowed with chromium and examined 
in transmission with a Philips EM-100 microscope at 
an accelerating potential of 40 kv. 

In an effort to observe diffuse X-ray scattering, 
thinned, partially precipitated crystals were glued 
to a small quartz rod and were mounted on the 
goniometer head of a 10 cm diam cylindrical cam- 
era. The specimen crystal was oriented so that a 
<110> direction was parallel to the vertical rotation 
axis of the goniometer. Stationary-crystal photo- 
graphs were then made with the crystal in chosen 
positions. Unfiltered copper radiation was used to 
make these photographs. 

Results 

The results of the hardness tests using specimens 
aged at 600°C are given graphically in Fig. 1. Re- 
sults of less complete surveys made with Cu-Fe 
specimens at other temperatures are also in quali- 
tative agreement with normal age hardening be- 
havior. 

Table I summarizes Debye-Scherrer X-ray dif- 
fraction patterns given by Cu-Fe wire specimens. 
Six distinctly different conditions are present: 

1) Sharp coarse grained pattern corresponding 
to face-centered-cubic copper, with well-resolved 
back-reflection doublets. See Fig. 2a. This is char- 
acteristic of the solution-treated condition prior to 
aging. 

2) Single coarse grained face-centered-cubic 
pattern, each spot of which has a diffuse sideband 
on the high angle side of the main line. See Fig. 2b. 
This is found at relatively early stages of aging. 

3) Two coarse grained face-centered-cubic pat- 
terns of slightly different lattice parameters. See 
Fig. 2c. Each spot on the intense pattern given by 
the copper matrix has a corresponding spot of much 
lower intensity on the second pattern. The corre- 
sponding spots are joined by a diffuse band. This is 
characteristic of intermediate stages of aging. 

4) Two coarse grained face-centered-cubic pat- 
terns as in condition 3, plus one weak body-cen- 
tered-cubic pattern with continuous lines. See Fig. 
2d. This is characteristic of moderately long aging 
time at high temperature. 

5) One coarse grained face-centered-cubic (cop- 
per) pattern plus one fine grained body-centered- 
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cubic (a-Fe) pattern. See Fig. 2e. This is character- 
istic of very late stages of aging. 

6) One fine grained face-centered-cubic and one 
fine grained body-centered-cubic pattern. See Fig. 
2f. This pattern is given by an aged specimen which 
had been cold worked after aging. 

The diffuse X-ray scattering given by partially 
aged Cu-Fe single crystals in the transmission re- 
gion could all be accounted for by thermal diffuse 
scattering and the usual Compton modified and air 
scattering. There was no evidence of, streaks or 
other extra-Bragg scattering of the type sometimes 
given by partially ordered’ or precipitated” crystals 
in the transmission region of the diffraction spec- 
trum. A crystal of annealed OFHC copper gave the 
same diffuse effects around low index Bragg spots 
as did any of the aged Cu-Fe single crystal X-ray 
specimens. Diffuse scattering associated with the 
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Fig. 2—Debye-Scherrer photo- 
graphs given by Cu-Fe wires 
after the following heat treat- 
ments: a) 1060°C, 1 hr water 
quench (solution treatment); 
b) solution treated, aged 6 hr 
at 600°C, air cooled; c) solu- 
tion treated, aged 600 hr at 
600°C, air cooled; d) solution 
treated, aged 810 hr at 700°C, 
air cooled; e) solution treated, 
aged 3840 hr at 700°C, air 
cooled; and f) solution treated, 
aged 600 hr at 600°C; cooled 
in liquid No, plastically de- 
formed by bending. 


iron precipitate was found around high angle Bragg 
spots. This is treated more fully in the Discussion. 

Microscopic examination showed that solution 
treated and unaged specimens were composed of 
single phase copper solid solution. After aging 60 
hr at 600°C, a fine precipitate, see Fig. 3, appeared 
throughout the grains and, in heavier concentration, 
at grain and incoherent twin boundaries. Precipitate 
particles did not form preferentially at coherent 
twin boundaries. At high magnification, see Fig. 4a, 
the fine particles appear to be pits randomly dis- 
persed and roughly equiaxed in shape. Later in the 
aging process these particles are more clearly de- 
fined, Fig. 4b, and appear to have a characteristic 
substructure. At high magnification the surface of 
the etched section also occasionally showed definite 
ridges, the direction and height of which varied 
from grain to grain, Fig. 5. 
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Specimens which had been slowly cooled from 
the solution temperature to the aging temperature 
ultimately developed large particles which had no 
preferred morphology or orientation, Fig. 6a. These 
particles grew in size as aging progressed. On the 
other hand, specimens which had been quenched 
from the solution temperature and then reheated 
developed on long aging a clear Widmanstatten 
figure, as shown in Fig. 6b. During the late stages 
of aging, the fine particles of general precipitate 
near the grain boundaries and near the larger intra- 
granular Widmanstatten particles apparently dis- 
solve, as shown in Fig. 7. 


Stereographic analysis of the Widmanstatten fig- 
ure found in the microstructure of greatly overaged 
specimens shows that the precipitate particles could 
be explained by the presence of platelets parallel 
with {111} planes of a cubic (matrix) lattice. An ex- 
ample of this is shown in Fig. 8, which gives a 
stereographic analysis of the trace directions taken 
from Fig. 6b. This result is typical of many such 
analyses made with overaged Cu-Fe specimens. It 
was found by similar analysis that the Widman- 
statten pattern in aged Cu-Co alloys" can also be 
accounted for by the presence of precipitate plate- 
lets parallel with {111} planes of a cubic lattice. 


Discussion 


The observed change of hardness with aging time 
is in qualitative agreement with the observation of 
Gordon and Cohen,” though the magnitude of the 
age hardening is not as pronounced. The curve in 
Fig. 1 is typical of age hardening alloys in that a 
maximum is reached after which the hardness falls 
below that of the original solid solution. No initial 
hardness decrease, which might be attributable to a 
decrease of iron in supersaturated solid solution, has 
been observed. Previous work,’ in which an initial 
hardness decrease was found, is of doubtful signifi- 
cance since the hardness measurements were made 
on specimens which were approximately half the 
minimum recommended thickness” for material of 
this hardness. 


Coherent y Iron Precipitate—The Debye-Scherrer 
pattern, Fig. 2a, given by a solution treated and un- 
aged wire shows that the specimen was coarse 
grained, chemically homogeneous, and free of gross 
strains. Patterns, Fig. 2b, containing face-centered- 
cubic lines with diffuse high angle side bands in- 
dicate the presence of: 1) lattice strains, 2) a co- 
herent face-centered-cubic lattice with a lattice 
parameter less than that of the matrix, and 3) com- 
position gradients or a combination of these. The high 
angle side bands ultimately become resolved, Fig. 
2c, into distinct Debye-Scherrer spots which form a 
pattern corresponding to a face-centered-cubic lat- 
tice with a, = 3.590A. It is proposed that this pat- 
tern is direct evidence for the existence of y-iron 
as originally suggested by Bitter and Kaufmann. 

The lattice parameter of the new phase is within 
0.9 pct of that of the now depleted parent matrix at 
room temperature and furnishes a measurement by 
which the value of the lattice parameter of pure y- 
Fe at room temperature may be estimated. Accord- 
ing to the Fe-Cu equilibrium phase diagram,” the 
solubility of copper in y-Fe at 700°C (the aging 
temperature for the specimen of Fig. 2c) is roughly 
4 pet Cu. This much copper in solution would be 
expected to impose a Vegard expansion of 0.05 pct 
on the y-Fe lattice. Subtracting this from the ob- 
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Fig. 3—Microstructure of a specimen aged 60 hr at 600°C 
shows a uniform dispersion of a fine unresolvable precipi- 
tate. Potassium dicromate etch. X500. Reduced approxi- 
mately 15 pct for reproduction. 


served lattice parameter, a value of 3.588A is found 
for the parameter of pure y-Fe at room tempera- 
ture. Using this figure, the curve of a (y-Fe) vs 
temperature, reported by Basinski et al.,* may be 
extended to room temperature, see Fig. 9. The data 
in Table I show that most of this face-centered iron 
does not transform spontaneously to a-Fe even 
when cooled to the temperature of liquid nitrogen. 

Since the diffraction spots given by the new face- 
centered-cubic phase are sharp at intermediate 
stages of aging, the particles of this phase must be 
at least 1000A in minimum dimension. Also, since 
each Debye-Scherrer spot on the copper pattern is 
matched by a corresponding spot on the y-Fe pat- 
tern, the two lattices must be oriented identically. 
It follows that, whereas each matrix Debye-Scher- 
rer spot comes from a single copper crystal, many 
identically oriented precipitate crystals contribute 
to each of the y-Fe spots. 

The absence of precipitate-induced diffuse X-ray 
scattering in transmission Laue diagrams is prob- 
ably due to the small difference in scattering powers 
of iron and copper and by the small difference in a, 
of copper and y-Fe, viz., 1.2 pct at room tempera- 
ture. Thus, the diffuse figures which one might hope 
to see about reciprocal lattice points at early stages 
of aging and which are well known for some other 
systems are so slight in Cu-Fe alloys as to be ob- 
scured by thermal and other background scattering. 

The particles seen in Fig. 4b are reminiscent of a 
precipitate reported by Westbrook™ for the system 
Ni-Al, in which the precipitate and matrix are also 
both face-centered-cubic. Westbrook describes the 
form of the precipitate particles as ogdoadically 
diced cubes of Ni,Al. Faced with the inability to de- 
duce directly the form of the early y-Fe precipitate 
by the available diffuse X-ray techniques, it can 
only be inferred, from the electron micrographs, 
that the y-Fe particles are roughly equiaxed, as in 
the Al-Ag system.” In Cu-Fe precipitation there 
appears to be no well-defined transition structure 
other than the distorted face-centered-cubic lattice, 
part of which is held out of its equilibrium config- 
uration by the coherency forces at the Cu/y-Fe 
boundary. This is somewhat the same situation as 
occurs in the Cu-Ni-Fe system studied by Bradley," 
and the similar Cu-Ni-Co” system, except that the 
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Fig. 4—By means of electron micrographs the precipitate particles can be resolved. Polystyrene spheres 25« in diam are in- 
cluded for microscopy control. Potassium dichromate etch. a) LEFT: 60 hr at 600°C. b) RIGHT: 1300 hr at 600°C. X500. Re- 
duced approximately 5 pct for reproduction. 


amount of precipitate and the disregistry are much 
smaller in the case of Cu-Fe. This small amount of 
coherent precipitate in Cu-Fe alloys would account 
for the failure to observe any evidence of distortion 
in the matrix lattice. Such distortion is quite evident 
in partially aged Cu-Ni-Co alloys through X-ray 
diffraction effects, where the face-centered-cubic 
matrix decomposes into two face-centered-cubic 
lattices in approximately equal amounts. 

The a Iron Precipitate—-At very late stages of 
aging all X-ray evidence for the presence of the 
y-Fe lattice is missing. Instead, definite lines which 
fit the diffraction spectrum of a-Fe can be seen, see 
Fig. 2e. Since each of these body-centered-cubic 
lines is of uniform intensity, the pattern proves the 
existence of small crystals of a-Fe in random ori- 
entation. The specimen which gave this pattern was 
thoroughly overaged, having been held for 160 days 
at 700°C. The specimen was very carefully handled 
to avoid distorting it before the X-ray picture was 
made. On the basis of these results it is believed 
that incoherent particles of randomly oriented a-Fe 
formed as a normal precipitation product at grain 
boundaries. Intragranular particles of a-Fe may 


have nucleated at lattice imperfections or they may 
have arisen through the transformation of some of 
the unstable y-Fe particles to the a-Fe lattice, in 


Fig. 5—Some grains are characterized by definite ridges 
made up of individual mounds on the specimen surface. This 
specimen was aged 90 hr at 600°C. Potassium dichromate 
etch. X20,000. 
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which case a definite lattice orientation relation 
with respect to the matrix would be expected.* 


* An experiment outside the scope of the present work suggests 
itself here. It should be possible to determine experimentally the 
orientations of a-Fe which result from the transformation of y-Fe 
precipitate in a single crystal of a Cu-Fe crystal. The Kurdjumov 
and Sachs!’ orientation relationship would probably be found. 


Another source of a-Fe is obviously the coherent 
y-Fe precipitate which transforms to the more stable 
body-centered-cubic lattice when it is cold worked. 
The Debye-Scherrer photograph in Fig. 2f contains 
a face-centered-cubic pattern and a body-centered- 
cubic pattern having lattice parameters correspond- 
ing, respectively, to copper and a-Fe. The specimen 
for this photograph was a wire which had been 
plastically deformed after aging. Before deforma- 
tion this specimen gave the pattern shown in Fig. 2c, 
which pattern corresponds to the copper matrix plus 
y-Fe only. It is evident therefore that the iron-rich 
precipitate has transformed from the original co- 
herent face-centered-cubiec y phase to the nonco- 
herent body-centered-cubie form, an expected con- 
sequence of the cold working. 

Specimens at a moderately late stage of aging 
apparently contain three phases as shown by the 
three patterns in Fig. 2d. These phases are: a) the 
depleted copper matrix, and b) the particles of y-Fe 
which are in the process of dissolving in favor of 
c) the growing particles of stable a-Fe. 

No evidence has been found for the existence of 
a tetragonal body-centered-cubie form of iron, a 
recently reported structure.* The high angle 310 De- 
bye-Scherrer line, which would show evident split- 
ting at a c/a ratio as close to unity as 1.01, was al- 
ways quite sharp. 

The mechanism of precipitation has been studied 
in several systems in which the precipitate and the 
matrix are both face-centered-cubie and both have 
the same orientation when the original coherency is 
lost. These systems include Cu-Ag, Ag-Cu, Cu-Ni- 
Fe, Cu-Ni-Co, and Fe-Ni-Al.” Without exception 
the observed Widmanstatten structures have been 
satisfactorily explained on the basis of precipitate 
platelets which are parallel to {100} matrix planes. 
Thus, the platelets in overaged Cu-Fe might not be 
the coherent y-Fe phase, but rather the a-Fe phase. 
This would be consistent with the gradual appear- 
ance of a-Fe lines in Debye-Scherrer patterns given 
by greatly overaged specimens and with the fact 
that the platelets are ferromagnetic, as observed by 
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Fig. 6—Stable a-Fe precipitate a) LEFT: grows as equiaxed particles if the specimen is slowly cooled from the solution tempera- 
ture to the aging temperature, or b) RIGHT: forms a Widmanstdtten structure if the specimen is quenched and reheated to 
the aging temperature. Aged 3840 hr at 700°C. Potassium dichromate etch. a) Furnace cooled from 1060°C to aging tempera- 
ture. b) Water quenched from 1060°C and reheated to aging temperature. X250. Reduced approximately 2 pct for reproduction. 


Gordon and Cohen. The clear boundary between the 
Widmanstatten precipitate and the matrix, seen in 
Fig. 7, leaves no doubt that this is a true {1ll}a 
habit of a single particle, and not a pseudohabit 
such as was reported at first for Ag-Cu alloys. (The 
latter structure, being unconfirmed, was later iden- 
tified” as preferred ‘precipitation of unresolved par- 
ticles on {111}. slip planes.) Perhaps the {111} 
habit in overaged Cu-Fe alloys can be explained in 
terms of accelerated growth of the a-Fe particles in 
{111}. slip planes. Thus, specimens which had been 
plastically strained by quenching prior to aging 
would develop {111} Widmanstatten platelets, as 
observed, whereas those which had been slowly 
cooled to the aging temperature would not. 

The absence of fine y-Fe precipitate in the neigh- 
borhood of the a-Fe grain boundary and Widman- 
statten particles can be clearly seen in Fig. 7. This 
effect indicates that the y-Fe, though it is the first 
precipitate to form, is not the more stable. The a-Fe 


Fig. 7—At a late stage of precipitation, the finely dis- 
persed y-Fe particles dissolve and the massive particles of 
a-Fe grow. Quenched from 1060°C, aged 3840 hr at 
700°C. Alkaline hydrogen peroxide etch. X500. Reduced 
approximately 20 pct for reproduction. 
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particles provide a low energy sink into which iron 
atoms from the less stable and therefore more solu- 
ble y-Fe particles can diffuse. Thus, the y-Fe will 
disappear completely if enough aging time is al- 
lowed. The precipitation sequence from the super- 
saturated solid solution to the final state, where 
a-Fe exists in equilibrium with the depleted copper 
matrix, is illustrated schematically in Fig. 10. 

The continual increase of magnetic susceptibility 
of aged and unworked specimens, reported by Gor- 
don and Cohen, is clearly explained in terms of the 
gradual triumph of the ferromagnetic a phase over 
the previously precipitated nonferromagnetic y 
phase. 


PHOTOMICROGRAPH 
VERTICAL 


Fig. 8—Octahedral poles of a cubic lattice in standard 100 
orientation can be made to lie on the trace normals of the 
Widmanstdtten particles in Fig. 6a by a rotation of 44° 
about an axis in the specimen surface. 
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The ridge-furrow structure found on the etched 
surface of partially aged specimens, Fig. 5, may be a 
manifestation of rows of edge dislocations, each of 
which has an atmosphere of impurity (iron) atoms 
about it. The structure is similar in appearance to 
that observed by Wilsdorf on Al-Cu alloys.” 


Summary and Conclusions 


X-ray diffraction patterns have shown that the 
decomposition of a supersaturated solid solution of 
iron in copper occurs by the simultaneous precipita- 
tion of discrete particles of y and a-Fe. Depletion of 
the matrix first occurs by the copious precipitation 
of coherent y-Fe. This stage is accompanied by 
moderate hardening of the alloy. Continued aging 
permits the growth of the less numerous a-Fe par- 
ticles. This growth of a-Fe particles is accompanied 
by softening, further depletion of the matrix, and 
the re-solution of the y-Fe particles. 

Microscopic examination has shown that the y-Fe 
particles occur as a general precipitate. According to 
X-ray evidence the orientation of the y-Fe lattice 
is the same as that of the copper matrix with which 
it is coherent. The shape of the y-Fe particles could 
not be determined by available X-ray techniques, 
although electron micrographs indicate that the par- 
ticles are roughly equiaxed. The y-Fe does not, in 
general, transform spontaneously to a-Fe, even 
when it is cooled as low as —196°C. However, if the 
specimen is plastically strained at room tempera- 
ture, transformation to a-Fe occurs immediately. 
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Fig. 10—At an early stage of aging, most of the precipi- 

tate is in the form of coherent y-Fe. On continued aging, 

the persistent growth of the more stable incoherent a-Fe 

particles leads to the re-solution and ultimate disappear- 

ance of the y-Fe particles. 


At an intermediate stage of aging particles of 
a-Fe appear at grain boundaries and within grains. 
Grain boundary precipitate grows as equiaxed par- 
ticles and with random lattice orientation. Intra- 
granular particles of a-Fe, probably resulting from 
the transformation of a few of the y-Fe particles, 
may have a definite lattice orientation with respect 
to the matrix, although this has not been demon- 
strated. The a-Fe particles are much less numerous 
than those of y-Fe and produce little if any matrix 
hardening. Being more stable than the y-Fe pre- 
cipitate, the a-Fe particles grow continuously dur- 
ing aging, while the y-Fe precipitate redissolves. 
The a-Fe particles are equiaxed in specimens which 
have been slowly cooled to the aging temperature. 
However, in specimens which have been plastically 
strained by quenching, a definite Widmanstatten fig- 
ure is found which is explained by the presence of 
platelets parallel to {111} planes of the copper ma- 
trix. The more rapid growth of the intragranular 
a-Fe particles on {111}... planes may be accounted 
for by increased diffusion on these faulted slip 
planes. 
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Some Observations on 885°F Embrittlement 


The hardening of several 24 to 30 pct Cr steels was studied at temperatures near 
885°F. In alloys containing normal amounts of carbon, the temperature and time of pre- 
heat treatment affect the hardening, apparently because of destruction of potential 
hardening nuclei by carbide nucleation. This occurs to a lesser extent in decarburized 
alloys and does not occur at all if the carbon is stabilized by titanium or is sufficiently 
low. Nitrogen has an effect similar to that of carbon. Hardening does not occur in 
electrolytic chromium. Interference with the nucleation of the hardening constituent also 
affects the optimum hardening temperature. On the basis of one neutron diffraction 
run, long range ordering in any sizable amount does not appear to be a likely explana- 
tion for 885°F hardening. Thus, the evidence tends to substantiate the belief that 885°F 
hardening is the result of coherent precipitation of a chromium-rich phase, the nature 


of which is still not entirely clear. 


by G. F. Tisinai and C. H. Samans 


ARDENING and embrittlement of the ferritic 

chromium stainless steels at temperatures 
near 885°F have been known for a long time.’ How- 
ever, no satisfactory explanation has been given. 
Both ordering and precipitation hardening have 
been suggested. Fisher, Dulis, and Carroll’ discov- 
ered a chromium-rich body-centered-cubic precipi- 
tate in embrittled alloys. Subsequently, Williams’ 
and Wright’ also have found evidence of this body- 
centered-cubic constituent. William’s hardness, elec- 
trical resistance, and magnetic studies led to his pro- 
posal of a new constitutional diagram for the Fe-Cr 
alloys. The new feature of this diagram is the eutec- 
toidal decomposition, below about 970°F, of the o 
phase into two stable body-centered-cubic solid 
solutions, one rich in iron and the other rich in 
chromium. An observation of Heger’® that the am- 
ount of o phase has increased and the amount of 
chromium-rich body-centered-cubic phase decreased 
in the interval 5000 to 32,600 hr at 900°F, even 
though the alloy increased in hardness, casts some 
doubt on this diagram. 

If precipitation hardening causes the embrittle- 
ment, the precipitate probably is always coherent 
with the matrix, since no evidence of overaging has 
been reported. It cannot be stated positively, how- 
ever, that Fisher’s body-centered-cubic constituent 
is the embrittling phase. According to Preston’s 
data,’ such a chromium-rich phase should have a 
parameter less than about 0.5 pct larger than that 
of the iron-rich matrix lattice. Moreover, the con- 
stitutional relationships whereby Fisher’s constitu- 
ent forms, and whether it is stable, metastable, or a 
transition phase, are not yet completely clear. 


G. F. TISINAI and C. H. SAMANS, Members AIME, are Assistant 
Project Engineer and Associate Director, respectively, Materials 
Div., Engineering Research Dept., Standard Oil Co., Whiting, Ind. 

TP 4468E. Manuscript, Sept. 18, 1956. 
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The recent studies of Wright* and of Lommel,’ as 
well as the earlier studies of Becket* and of 
Hochmann,’ have shown that 885°F hardening occurs 
in relatively pure Fe-Cr alloys. No evidence of its 
occurrence or absence in chromium itself has been 
reported. The rate of hardening in high purity al- 
loys seems appreciably slower than that in alloys 
containing larger amounts of impurities (chiefly 
carbon and nitrogen). This may be due merely to 
the absence of hardening and straining effects from 
precipitated carbides and/or nitrides. These obser- 
vations on high purity alloys make it seem un- 
likely that 885°F hardening is caused by a consti- 
tuent containing other than iron and chromium 
atoms, e.g., carbides and/or nitrides. 

Wright,* Lommel,’ and Lena and Hawkes” dem- 
onstrated the accelerating effects of a finely dis- 
persed precipitate of (probably) chromium nitride 
on the hardening reaction. This appears to be evi- 
dence that lattice straining increases the rate of 
nucleation of the hardening constituent. 

Some new observations on 885°F hardening are 
reported here. They show an effect of preheat 
treatment that should contribute to a better under- 
standing of the 885°F hardening phenomenon. They 
also clarify a discrepancy which exists in the litera- 
ture. Some investigators have reported most rapid 
hardening at 885°, whereas others have reported 
it at 930°F. The present work also shows that 885°F 
hardening does not occur in electrolytic chromium, 
and that any long range ordering type of reaction 
affecting any sizeable part of the volume is unlikely. 


Materials Studied 
Table I shows the composition of the alloys used 
in this investigation. In these alloys carbon and 
nitrogen are present in roughly similar amounts. 
Presumably both elements precipitate, as carbides 
and/or nitrides, during the heat treatments given. 
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MINUTES AT TEMPERATURE OF PREHEATTREATMENT 


Fig. 1—Effect of time and temperature of preheat treat- 
ment on the hardness of a 30 pct Cr steel before (lower 
curves) and after (upper curves) a 24 hr hardening heat 
treatment at 885°F. Initial treatment was 1 hr at 1700°, 
furnace cool to 1550°F, hold 1 hr, water quench. Closed 
circle refers to 950°; open circle, 1000°; closed triangle, 
1050°; open top circle, 1150°; closed top circle, 1250°, 
closed square, 1350°; open triangle, 1450°; and open 
square, 1550°F. 


Although it is not possible, strictly, to separate the 
effects of these two, an effort has been made to do 
so wherever there was any evidence to present. 

Types of Heat Treatments Used—Throughout this 
paper the effects of three general types of heat 
treatment will be discussed. 

1) The initial treatment produces the base con- 
dition. When it was desired to have materials free 
of the effects of cold work and to have most of the 
carbides precipitated, the initial treatment con- 
sisted of 1 hr at 1700° followed by a furnace cool 
to 1550°F and a water quench. In experiments 
where the base condition desired was a treatment 
above 1550°F, that higher temperature treatment 
comprised the initial treatment. 

2) The preheat treatment immediately precedes 
the final or hardening heat treatment. In some 
instances, the initial treatment and the preheat 
treatment are identical. 

3) The hardening heat treatment is the final heat 
treatment given the specimens, generally for 24 hr 
at 885°F, although some treatments were given in 
a gradient furnace over a range of hardening tem- 
peratures. 

Preheat Treatments in the Range 950° to 1550°F— 
The small specimens used here were given the ini- 
tial 1700° to 1550°F heat treatment to produce a 
base condition. Individual samples then were held 
for varying times at preheat treatment temperatures 
in the range 950° to 1550°F and water quenched. 
All samples finally were given a hardening heat 
treatment of 24 hr at 885°F. Rockwell G (1/16 in., 
150 kg, red) hardness readings were taken before 
and after the 885°F hardening treatment. 

The hardness readings for the 30 pct Cr, low 
(0.04 pct) nitrogen alloy are plotted in Fig. 1 
against the time of holding at the preheat treating 
temperature. Data for the material after preheat 
treatment but before the hardening heat treatment 
are given in the lower curves, and for the material 
after the additional 24 hr at 885°F hardening heat 
treatment in the upper curves. For simplicity, the 
intermediate data secured at the even 100° tem- 
peratures have been omitted. Results for the 24 
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pet Cr alloy were similar except that the hardness 
levels were about ten points lower. The treatments 
given to the commercial purity 27 pct Cr alloy were 
not so extensive as those given the other two alloys. 
However, the results secured showed clearly that 
it reacts in substantially the same way, but with 
intermediate hardnesses. 

Effects of Time of Holding at 885°F—The influ- 
ence of preheat treatments on the hardening at 
885°F shown in Fig. 1 are maintained even after 
relatively long hardening periods at 885°F. Fig. 2 
shows this for the commercial purity 27 pct Cr steel. 
These samples were given an initial treatment of 16 
hr at 1700°F and water quenched. Preheat treat- 
ments of 1 hr at temperatures of 925° to 1700°F 
then were given, followed by a series of hardening 
treatments at 885°F. The greater hardening which 
resulted at 885°F because of a preheat treatment of 
1 hr in the range 1150° to 1250°F has persisted even 
after 330 hr at 885°F. 

Effect of Preheat Treatment on the Temperature 
of Maximum Hardening—Two samples of the com- 
mercial purity 27 pct Cr steel were given the ini- 
tial 1700° to 1550°F heat treatment, then one sample 
was given an additional preheat treatment for 1 hr 
at 1200°F. Both samples were then held in a gra- 
dient furnace maintained between 835° and 1045°F 
to determine the optimum hardening temperature. 
Rockwell G hardness measurements were made on 
the hardened bars. The data are plotted in Fig. 3. 

Effect of Preheat Treatments in the Range 200° to 
950°F—These data were secured for the 30 pct Cr, 
low (0.04 pet) nitrogen alloy and for the 27 pct Cr, 
0.67 pet Ti alloy. The purpose of the titanium addi- 
tion was to tie up the carbon and nitrogen as a ti- 
tanium carbonitride and thus to remove these ele- 
ments from solid solution in the chromium ferrite. 
The hardness data are summarized in Fig. 4. One 
sample was given an initial heat treatment for 1 hr 
at 1600° and another an initial heat treatment for 
1 hr at 2000°F. Water quenching was used follow- 
ing each heat treatment. Both then were held in a 
gradient furnace, which covered the range from 
200° to 950°F, for times of 120, 360, or 720 hr. No 
significant differences in hardness were found be- 
tween the 120 and 720 hr treatments except in the 
hardening range, viz., above about 525°F, where 
the differences were not more than about 5 points. 
Both samples were then given a final hardening 
treatment of 24 hr at 885°F. 

Effect of Cold Rolling on the Rate of Hardening 
at 885°F—To determine if mechanical straining 
could increase the rate of 885°F hardening, samples 
of the commercial purity 27 pet Cr steel, which had 
been given an initial treatment of 2 hr at 1850°F, 
water quench, were cold rolled to varying reduc- 
tions and then given a hardening heat treatment of 
24 hr at 885°F. As shown in Fig. 5, as little as 6 pct 
reduction caused a decided increase in the amount 
of hardening produced by a subsequent heat treat- 
ment at 885°F. 

Hardness Changes in Decarburized Materials— 
The 30 pct Cr, low (0.04 pct) nitrogen and the 24 
pet Cr alloys were decarburized to a level of 0.02 
pet C by an initial heat treatment in dry hydrogen 
at 2200°F. Although nitrogen analyses were not 
made on these specimens, other specimens, after a 
similar treatment, showed little change in the ni- 
trogen content. Both these two decarburized alloys 
and the same alloys in their original (i.e., hot forged) 
condition were preheat treated for 16 hr in a gra- 
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dient furnace operating in the range from 1280° to 
1940°F. Finally, the materials were given a harden- 
ing treatment for 24 hr and for 360 hr at 885°F. The 
Rockwell G hardness data for the 30 pet Cr. alloy 
are shown in Fig. 6; the results for the 24 pet Cr 
alloy were comparable. id 

Effect of Nitrogen Level on 885°F Hardening— 
Two specimens each of the 30 pct Cr, 0.08 pet. C, 
high (0.12 pet) nitrogen alloy and of the 30 pet Cr, 
0.08 pet C, low (0.04 pct) nitrogen alloy were given 
the initial 1700° to 1550°F heat treatment. One 
specimen of each alloy was given a further heat 
treatment of 1 hr at 1200°F and water quenched. 
All four specimens then were positioned in a gra- 
dient furnace operating between 550° and 1300°F 
and given a hardening heat treatment of 120 hr. The 
Rockwell G hardness measurements, made along 
the gradient bar, are plotted against the correspond- 
ing temperatures in Fig. 7. 

Hardness Changes in a High Purity Alloy— Com- 
parable hardness data for the commercial purity 
27 pet Cr alloy and for the high purity 35 pct Cr 
alloy are given in Table II. 

In the commercial purity alloy the hardness in- 
creased markedly (AH=30 points) during preheat 
treating, as the preheat treating temperature was 
raised from 1200° to 1950°F. In the high purity alloy 
the change was much smaller (AH=6 points). 

After the 885°F hardening heat treatment, the 
commercial purity alloy showed high hardnesses 
for those samples given the 1950° or 1200°F preheat 
treatments and lower hardnesses for the sample 
given the 1600°F preheat treatment. In the high 
purity material, the hardness was substantially in- 
dependent of the temperature of preheat treatment. 

Attempt to Embrittle Chromium at 885°F—To de- 
termine if 885°F embrittlement would occur in pure 
chromium, samples of high purity electrolytic 
chromium about 0.050 in. thick were sealed in eva- 
cuated Vycor tubes. One specimen was given an 
initial heat treatment of 1 hr at 1800°, followed by a 
furnace cool to 1550°F, where it was held for 1 hr 
and water quenched. A second specimen also was 
given this initial heat treatment plus an additional 
preheat treatment of 1 hr at 1200°F, followed by 
water quenching. Hardness measurements (Vickers 
pyramid with 1 kg load) were made both after 
the above heat treatments and after a final harden- 
ing heat treatment of 24 hr at 885°F. 

The 1200° preheat treated sample had hard- 
nesses substantially the same as those of the 1550°F 
heat treated sample. The samples given either 
treatment fell in the hardness range of 311 to 313 
Vpn before the 885° hardening heat treatment and 
in the range of 251 to 257 Vpn after the 885°F 
treatment. 

Neutron Diffraction Study of a Hardened Speci- 
men—One sample of the commercial purity 27 pct 
Cr alloy also was examined by neutron diffraction.* 


* Through the kindness of C. C. Shull and W. C. Koehler of the 
Oak Ridge National Laboratory, whose assistance and cooperation 
are gratefully acknowledged. > 
The neutron beam had a principal wave length of 
1.315 angstrom units, with about 7 pct of’ a second 
order wave length of 0.6575 angstrom units. 

This sample was in the form of about 8 cu cm of 
loosely packed filings which had been heat treated 
in three successive steps: a) 1 hr at 1550°F, water 
quench; b) 1 hr at 1200°F, water quench; and c) 
168 hr at 885°F, water quench. This treatment 
should first precipitate most of the carbon as car- 
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Fig. 2—Effect of 
time at 885°F on 
the hardness of a 
commercial purity 27 
pct Cr steel after 
preheat treating for 
1 hr at temperatures 
from 930° to 1700°F. 
The initial heat ~ 
treatment was 16 kr 
at 1700°F followed 
by a water quench. 


Fig. 3—Effect of 
hardening tempera- 
ture on the hardness 
of a commercial 
purity 27 pct Cr 
steel which had been 
preheat treated for 

1 hr at 1200° or 
1550°F. 


Fig. 4—Effect of 
preheat treatments 
of 720 hr at tem- 
peratures in the 
range from 200° to 
950°F on the hard- 
ness of the 30 pct 
Cr, low nitrogen 
steel. The lower 
curves are for data 
taken before and 
the upper curves are 
for data taken after 
a 24 hr hardening 
heat treatment at 
885°F. Initial treat- 
ment was a water 
quench following 1 
hr either at 1600° 
or at 2000°F, as 
indicated. 


Fig. 5—Effect of cold 
rolling on the hard- 
ening of a commer- 
cial purity 27 pct Cr 
steel; lower curve, as 
rolled; upper curve, 
rolled plus a 24 hr 
heat treatment at 
885°F. Before roll- 
ing, the material was 
water quenched fol- 
lowing a 2 hr heat 
treatment at 1850°F. 
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bides and then produce appreciable 885°F hardening 
for the time used. 

The diffraction pattern showed no evidence of 
anything other than the body-centered-cubic re- 
flections of the normal unit cell. This could indicate 
either a) that no superstructure was present, or b) 
that the technique was not sensitive enough to de- 
tect the presence of the superstructure. 

Partial ordering or short range ordering would 
not be excluded by the data, so it only can be said 
that complete ordering appeared to be ruled out. 
However, more than likely a 20 to 40 pct degree 
of order would have been undetectable in the study. 
Thus, although the results are far from conclusive, 
it appears that the random substitution model 
should be preferred to an ordered model. The peaks 
secured were not sharp enough to furnish useful 
evidence on the possible existence of a chromium- 
rich constituent. 


Discussion 


According to modern nucleation theory,* in 
homogeneous chromium ferrite there will be chro- 
mium-rich clusters of various sizes. These clusters 
could serve as nucleating sites for the 885°F harden- 
ing constituent, if this is a chromium-rich consti- 
tuent, as well as for chromium carbide and/or 
chromium nitride. The stable carbide, (Cr, Fe)..C,, 
contains about 68 pct Cr and 26.5 pct Fe”. The 
stable nitride, (Cr, Fe).N, extracted during the pre- 
sent study contained about 83.5 pct Cr and 4.5 pct 
Fe. Nucleation of chromium carbide and/or chro- 
mium nitride could use up chromium-rich clusters. 
Such destroyed clusters could not nucleate the 885°F 
hardening constituent. Hence, if carbides and/or 
nitrides are precipitated, the hardening produced by 
a constant hardening heat treatment will be de- 
creased. 

Carbon solubility in chromium ferrite increases 
with temperature. Above about 1600°F this was 
verified metallographically by observing the re-solu- 
tion of carbides. Hardness increases with increasing 
amounts of carbon in solid solution were similar to 
those reported by Rickett and Kristufek” for fer- 
rite. 

Preheat treatments at 1550°F leave a limited 
amount of carbon in solid solution. In Fig. 1, the 
1550°F preheat treated hardness is 62 Rockwell G. 
Much of this limited amount of carbon precipitates 
as carbide during the subsequent 24 hr hardening 
treatment at 885°F, so the hardness attained is 
only 76 Rockwell G. At temperatures of preheat 
treatment lower than 1550°F the limited amount of 
carbon dissolved at 1550°F tends to precipitate as 
carbide. The hardness therefore decreases, reaching 
a minimum of about 58 Rockwell G for the 1250°F 
preheat treatment. Since less carbon remains in solid 
solution after these lower temperature preheat 
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treatments, fewer clusters are destroyed during the 
885°F hardening heat treatment. After a constant 
885°F hardening heat treatment, the hardness of 
samples given only short time lower temperature 
preheat treatments is a minimum (comparable to 
that of the 1550° preheat treated and 885°F hard- 
ened samples), but hardness then increases with 
increasing time of preheat treatment, to a maximum 
88 Rockwell G. This is attributed to the restoration 
of the characteristic chromium-rich cluster distri- 
bution by chromium diffusion at the preheat treat- 
ment temperature. For temperatures below about 
1250°F a plot of the logarithm of the time at pre- 
heat treating temperature required to regain the 
maximum hardness, Fig. 1, against the reciprocal 
of the preheat treating temperature (absolute) gives 
a straight line. The slope of this line gives an acti- 
vation energy (Arrhenius) for the rate controlling 
step of 54 kcal per mole. This is in excellent agree- 
ment with the value of Campbell et al.” of 55.2 kcal 
per mole for diffusion of chromium in iron. 

The different hardness levels illustrated in Fig. 1 
after a 24 hr hardening time at 885°F are maintained 
for much longer hardening times. Fig. 2 shows this 
for times up to 330 hr. This indicates that the 
hardness differences result from differences in nu- 
cleation determined by the preheat treatment. For 
a constant hardening temperature the growth rate 
should be constant. 

Hardness differences between the 1200° and 
1550°F preheat treatments are found for hardening 
heat treatments below about 950°F, Fig. 3. At each 
hardening temperature the 1200°F preheat treated 
material hardens more and reaches its highest 
hardness at a lower temperature (885°F) than the 
1550°F preheat treated material (930°F). It has been 
noted in the literature“ that 885° hardening some- 
times was greatest at 885° and sometimes at 930°F, 
but this has not been previously related to temper- 
ature of preheat treatment. Material with minimum 
cluster destruction during hardening (1200°F pre- 
heat treatment) hardens more than material which 
has partial cluster destruction during 885°F hard- 
ening (1550°F preheat treatment). With fewer hard- 
ening nuclei initially a more rapid growth (ie., a 
higher temperature of hardening) is needed to 
reach maximum hardness in a constant time than 
is true with the normal number of nuclei. Above 
about 930°F the hardness is lower than maximum 
for material given either preheat treatment. This 
suggests that the smaller clusters will not become 
hardening nuclei at hardening temperatures above 
about 930°F. 

Preheat treatments below the hardening range 
seem largely to precipitate carbon from solid so- 
lution, Fig. 4. The hardness after the pretreatment 
alone decreases slowly with increasing tempera- 
ture of preheat treatment above 200°F (to 1250°F); 
this must be interpolated in the hardening range 
(525° to 1125°F). These hardnesses changed only 
slightly with time (up to 720 hr). It cannot be 
stated definitely whether the intermediate values 
between the carbon in solution and the carbides pre- 
cipitated is the result of incomplete precipitation or 
of a balance between softening from carbon removal 
from solid solution and dispersion hardening from 
carbide precipitation. The hardening noted in Fig. 
1 for preheat treatments in the range 1250° to 
1050°F suggests the latter explanation. 


These low preheat treatment temperatures had 
no effect on the hardening produced by the 24 hr 
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Table I. Materials Studied, Pct 


Designation Cr 


Cc N Ni Mn Si P s 
24 pet Cr 24.95 
0.07 
27 pet Cr, commercial purity 27.80 0.04 . 0.08 0.38 0.34 0.024 0.015 
Boe 26.96 0.02 * 0.01 0.62 0.82 0.010 0.020 
BO pct Gr hich No 31.00 0.08 0.04 0 08 0.36 0.65 0.024 0.008 
35 pet Cr, high purityt 34.75 0.010 0.002 nil nil i 0008 0016 


* Not determined; similar material 


; 
+ With 0.67 pet Ti and 0.01 pet Mo. prepared in the same manner consistently have contained 0.04 to 0.06 pet N. 
¢} The authors are indebted to A. B. Kinzel, Union Carbide & Carbon Corp., for this material. 


at 885°F treatment if there was only a small amount 
of carbon retained in solid solution during the ini- 
tial heat treatment (1600°F initial heat treatment 
in Fig. 4). However, if there was appreciable car- 
bon in solid solution (2000°F initial heat treatment 
in Fig. 4), the hardening produced by the 885°F 
treatment was appreciably higher. This is explained 
by an increase in nucleation of the hardening con- 
stituent because of the mechanical straining effects 
of the precipitated carbides. This is similar to the 
effect reported for chromium nitride by others.” 
Positive proof of such a straining from a well dis- 
persed precipitate is difficult to secure. However, 
the data in Fig. 5 show that the basic concept is 
valid. The strain induced by a 6 pct reduction by 
cold rolling has raised the hardness level appreci- 
ably after the hardening heat treatment. This effect 
usually is attributed to an increased nucleation be- 
cause of strain. It should be noted that the increased 
nucleation caused by straining more than compen- 
sated for the destruction of the chromium-rich 
clusters by carbide nucleation, Fig. 4. 

If nucleation of carbides during the preheat treat- 
ment or hardening treatment has these effects on 
hardness level after hardening, marked differences 
should result from making the carbon ineffective or 
lowering it. To test this, 0.67 pct Ti was used to tie 
up most of the carbon (and nitrogen) as titanium 
carbonitride. No effect of preheat treatment was 
found in any temperature range, i.e., hardening after 
the 885°F heat treatment was independent of pre- 
heat treatment temperature. 

A comparison of data for the material before and 
after decarburization, Fig. 6, shows a definite de- 
crease in hardness level in the decarburized mater- 
ial before hardening. Temperature of preheat treat- 
ment still influences this to some extent, possibly 
an effect of nitrogen. After hardening for 24 or 360 
hr at 885°F the same general differences in hardness 
level with preheat treatment are shown for both 
the original and the decarburized material. How- 
ever, the hardness level for the latter is lower in 
each case. This decrease is related to the lower car- 
bon content of the decarburized material. Less car- 
bon is available either for solid solution hardening or 
for dispersion hardening from precipitated carbides. 
The minimum hardness, after 885°F hardening, is 
again found following preheat treatments in the 
range of about 1550° to 1750°F. Even in the decar- 
burized material these particular heat treatments 
leave enough carbon in solid solution to interfere 
with nucleation of 885°F hardening by destroying 
chromium-rich clusters. However, there is not 
enough carbon in solution to dispersion harden the 
matrix by precipitation during the 885°F hardening 
heat treatment, and hence accelerate nucleation by 
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strain, except following preheat treatments above 
about 1800°F. The nitrogen content of these two 
materials is the same, so the effects of precipitated 
nitrides will be comparable. 

The data for the 35 pct Cr high-purity alloy also 
are in agreement with this picture. The electro- 
lytic chromium does not harden because the harden- 
ing constituent forms only from an Fe-Cr solid so- 
lution. The softening observed is believed to be the 
result of precipitation from solid solution but it can- 
not be stated specifically what the precipitating con- 
stituents are. 

The effects of nitrogen would be expected to be 
similar to those of carbon. However, this is not easy 
to establish, since it is difficult to make nitrogen- 
bearing material low enough in carbon to be sure all 
observed effects are due to nitrogen alone. In Fig. 7 
there definitely is a difference in hardness (for heat 
treatments above 1100°F, for example) of about five 
to six points between the two alloys of different ni- 
trogen content. The two alloys also show the effects 
from carbide precipitation already discussed. The 
1200°F preheat treatment definitely lowers the ini- 
tial hardness level (600°F hardening) about six 
points in each alloy, and yet permits maximum 
hardening in the low nitrogen alloy because of less 
interference with nucleation. It should be noted also 
that the maximum hardness for both the high and 
low nitrogen alloys preheat treated at 1200°F is the 
same. The increase in hardness of the low (0.04 pct) 
nitrogen alloy is appreciably greater, however, 
since it has a lower initial hardness. The data for 
the 0.04 pct N alloy are directly comparable with 
those given in Fig. 3. For the 0.12 pct N alloy, how- 
ever, the straining caused by the precipitation of 
chromium nitrides increased nucleation of the 
885°F hardening constituent to such an extent that 
the differences between the 1550° and 1200°F pre- 
heat treatments were eliminated; these two hardness 
curves are quite similar for hardening temperatures 
above about 700°F. 

The present observations provide only limited 
clarification of some aspects of the complicated 
problem of 885°F hardening. Of the various possi- 
bilities they appear to strengthen the probability 
that the coherent precipitation of a chromium-rich 
constituent, the specific nature of which is still un- 
certain, is the correct explanation. The observed 
effects of carbon and nitrogen make it unlikely that 
this constituent is a carbide or nitride. Limited neu- 
tron diffraction data gave no evidence to substan- 
tiate ordering as a valid explanation. 


Summary and Conclusions 
1) On the basis of these observations on 24 to 30 
pet Cr steels, the explanation of 885°F hardening as 
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Fig. 7—Effect of hardening heat treatments of 120 hr at 
temperatures in the range from 550° to 1300°F on the hard- 
ness of two 30 pct Cr, 0.08 pct C steels containing, re- 
spectively, 0.12 pct and 0.04 pct N. 


being caused by the coherent precipitation of a 
chromium-rich constituent seems to be strengthened 
considerably. The specific nature of this constituent 
has not been established here but, since its poten- 
tial nuclei apparently can be destroyed by earlier 
nucleation of chromium carbide, its chromium- 
rich nature seems clear. 

2) The data indicate a relatively rapid (within 
minutes) restoration of conditions in the solid solu- 
tion favorable to 885°F hardening during preheat 
treatments at temperatures above about 1250°, but 
a much slower restoration at temperatures below 
1250°F. The activation energy for this restoration 
process is in excellent agreement with that reported 
in the literature for chromium diffusion in iron. 

3) For a constant hardening time, the hardness 
level after a 885°F hardening heat treatment can 
be increased by first straining the matrix, by cold 
work, or by precipitation of a sufficient amount of 
finely dispersed carbides and/or nitrides. This in- 
creased hardness is believed to be the result of an 
increased rate of nucleation of the hardening con- 
stituent. Also, the nucleation is more rapid the 
more closely the Fe-Cr matrix approaches the statis- 
tically homogeneous condition, with the consequent 
characteristic number and distribution of chro- 
mium-rich clusters. 


4) Peak hardness is secured near 885° if the 
hardening nucleation is optimum, but it may occur 
as high as 930°F if there is interference with this 
nucleation. Prior or simultaneous nucleation of car- 
bides is suggested as an interfering or competing 
process. 

5) The probable effect of carbon in destroying 
the chromium-rich clusters, which are potential 
hardening nuclei, in the hardening range can be 
decreased to a low level, or eliminated, by a) pre- 
cipitation of carbides at temperatures near about 
1250°F before hardening, b) decreasing the carbon 
content of the alloy sufficiently, or c) using suitable 
added elements, such as titanium, to remove the 
carbon from solid solution. If titanium is used, how- 
ever, a heat treatment first must be given which is 


Table Il. Rockwell G Hardness of Commercial Purity and High 
Purity Ferritic Chromium Steels after Various Heat Treatments 


High 
Commercial Purity 34.75 
Purity 27.80 Pct Cr, 0.010 
Pct Cr, 0.04 Pet C, 0.002 
Pct C Steel Pct N Steel 
Not Not 
Hard- Hard- Hard- Hard- 
Treatment ened ened* ened ened* 
1 hr at 1950°F, water quenched 87 88 57 84 
1 hr at 1950°F, water quenched 60 72 54 82 
1 hr at 1600°F, water quenched 
1 hr at 1950°F, water quenched 57 84 51 83 


1 hr at 1600°F, water quenched 
1 hr at 1200°F, water quenched 


*In each instance the final hardening heat treatment was 24 hr 
at 885°F. 


ui 


suitable for precipitating the carbon as titanium 
carbonitride, e.g., near 1600°F. 

6) The likelihood of 885°F hardening being an 
ordering reaction is small as judged by the result 
of a limited neutron diffraction study of a hardened 
commercial purity 27 pet Cr alloy. Although not 
completely conclusive it is believed that evidence of 
ordering to a degree of more than about 20 to 40 
pet would have been found had it existed. No evi- 
dence of anything other than the random substitution 
solid solution was detected. 

7) Heat treatment of electrolytic chromium at 
885°F produced a softening rather than a hardening. 
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Phase Transformations in 


Hypoeutectoid Ti-Cr Alloys 


The morphologies of proeutectoid « in a Ti-Cr alloy have been investigated in 
some detail and found to be basically similar to those previously observed in the pro- 
eutectoid ferrite reaction in plain carbon steels. The eutectoid reaction in hypoeutectoid 
Ti-Cr alloys was found to consist primarily in the precipitation of a and of TiCr. from 8 


in non-lamellar form. 


by H. |. Aaronson, W. B. Triplett, and G. M. Andes 


NLY limited studies have been made of pro- 

eutectoid a morphology in hypoeutectoid Ti-Cr 
alloys during previous investigations.“* The nature 
of the eutectoid reaction, B>a+TiCr., has been 
considered in somewhat more detail."** Inasmuch as 
the proeutectoid ferrite reaction in plain carbon 
steels has recently been extensively investigated in 
this laboratory,” advantage has been taken of the 
opportunity to compare the morphologies developed 
in two rather different eutectoid systems in order to 
permit a preliminary estimate to be made of the 
degree of generality which may be ascribed to the 
various results obtained. 


Experimental Procedure 

The chemical analyses of the alloys used are given 
in Table I. 

The 7.22 pct Cr alloy was prepared by the Battelle 
Memorial Institute from iodide titanium and high 
purity chromium. The initial ingot was made by 
arc melting a master alloy and iodide titanium. The 
resultant ingot was twice remelted by the consum- 
able electrode technique. Upset forging at 950°C re- 
duced the final ingot to % in. sq bars. 

The 10.94 pct Cr alloy was prepared by the Tita- 
nium Metals Corp. of America from sponge titanium 
and chromium of ordinary purity. This alloy was 
melted twice by the consumable electrode technique, 
forged at 1200° to a % in. sq bar, and rolled at 
815°C to a % in. round. 

Specimens 1/4 in. x 1/4 in. x 1/16 in. were cut 
from the 7.22 pct Cr alloy; halves of disks 1/2 in. in 
diam and 1/16 in. thick served as specimens of the 
10.94 pet Cr alloy. These specimens were individ- 
ually encapsulated in Vycor. Each capsule was 
evacuated three times to a pressure of 2 to 6 x 10° 
mm Hg and flushed twice with a reduced pressure of 
argon prior to sealing. The inclusion of two small 
packets of zirconium chips permitted the capsules to 
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be outgassed and internally gettered, without heat- 
ing the specimen, prior to heat treatment. 

The specimens were solution annealed for 40 min 
at 1000°C, isothermally reacted in deoxidized lead 
pots, and quenched in iced water. Most of the iso- 
thermal reaction treatments were carried out at 25° 
intervals between 725° and 550°C on specimens of 
the 7.22 pet Cr alloy and at 650°C on specimens of 
the 10.94 pct Cr alloy. 


Results and Discussion 
Morphologies of Proeutectoid «a*—Kinetics of the 


*This part of the investigation was performed entirely on the 
Ti-7.22 pct Cr alloy. 


Boa Reaction: Fig. 1 shows the TTT-curves for the 
beginning of the proeutectoid a and the eutectoid 
reactions in the temperature range investigated in 
the 7.22 pet Cr alloy. The M, temperature in this 
alloy is below 0°C. The curve for the beginning of 
the proeutectoid a reaction is in good agreement 
with that of Frost, Parris, Hirsch, Doig, and 
Schwartz’ for a 7.54 pet Cr alloy, appears at con- 
siderably earlier reaction times than the corre- 
sponding curve presented by Rostoker* for a 7 pct 
Cr alloy, and lies athwart the curve of Spachner and 
co-workers” for an 8 pct Cr alloy. Differences in 
criteria for the beginning of the a reaction and the 
relatively high rate of this reaction at lower tem- 
peratures presumably account for some of these di- 
vergences and may also explain, in part, the apparent 
failure of an iodide-base 7.22 pct Cr alloy to react 
more slowly than sponge-base 7 to 8 pct Cr alloys. 

Grain Boundary Allotriomorphs: Crystals of this 
morphology nucleate at and grow preferentially and 
more or less smoothly along the matrix grain 
boundaries.** Allotriomorphs are the first morphol- 
ogy to precipitate at most grain boundaries at re- 
action temperatures from 725°C, the highest tem- 
perature studied, at least through 575°C. Fig. 2 
shows typical allotriomorphs, formed during an 
early stage of transformation at 725°C. 

Grain boundary allotriomorphs are not the pre- 
dominant morphology at late reaction times at any 
temperature studied. However, from 725° through 
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Fig. I—TTT-diagram for iodide Ti-7.22 pct Cr alloy. 


625°C, the lowest temperature at which rates of re- 
action are still slow enough to permit the beginning 
of the transformation to be investigated in some de- 
tail, allotriomorphs are initially the dominant mor- 
phology. The interval of reaction time during which 
allotriomorphs are the most important morphol- 
ogy and the amount of thickening which occurs 
during this stage of the transformation increase 
with increasing temperature. 

The thickening of allotriomorphs at temperatures 
of 600°C and above is not halted when the proportion 
of e in the microstructure becomes constant, as in- 
dicated by comparison of Figs. 3 and 4. At tempera- 
tures below 600°C, the relatively early intervention 
of the eutectoid reaction and the small sizes of the 
e erystals tend to obscure thickening of this type. 

A. Widmanstatten Sideplates: AT TEMPERATURES 
ABOVE 600°C. Sideplates grow into the interiors 
of matrix grains from the region of the grain bound- 
aries, usually from grain boundary allotriomorphs.** 
The e sideplates normally form in groups which are 
parallel to a common habit plane in the 8 grain into 
which they develop, as illustrated in Fig. 5. Side- 
plates develop into both of the bounding £8 grains 
from the allotriomorphs at some grain boundaries 
and into only one @ grain from the allotriomorphs 
at other boundaries; at a few rows of allotrio- 
morphs, sideplates do not form even at compara- 
tively late stages in the transformation, Fig. 5. At 
most grain boundaries whose orientation is nearly 
constant, sideplates form parallel to only one, or 
occasionally two habit planes. As shown in Fig. 6, 
a marked change in the orientation of a grain 
boundary can change the habit plane of sideplates 
or even prevent completely the development of this 
morphology. 

Sideplates are the dominant morphology after ap- 
preciable amounts of a have formed in virtually all 
of the 8 grains in specimens reacted at 725° and 
700°C. From 675° through 625°C, there is an in- 
creasing tendency for intragranular plates to con- 
tribute the largest proportion of a, especially in B 
grains which are larger than average or in which 
one or more grain boundaries does not serve as a 
prolific source of sideplates. 

Although some complexities are involved, the 
average spacing at early reaction times between 
sideplates associated in groups decreases with de- 
creasing reaction temperature. The average width 
of sideplates, and apparently also the average width 
to length ratio, decrease in the temperature range 
725° to '625°C. 

A well formed sideplate has a needle-like cross 
section on a plane of polish which makes an appre- 
ciable angle with the broad faces of the plate. Many 
a plates formed at temperatures above 600°C, how- 
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ever, deviate sufficiently from this ideal shape to be 
termed degenerate. The evolution of variations of 
the basic sideplate shape does not occur at random. 
One or two basic motifs normally characterize an 
entire group of degenerate sideplates at a grain 
boundary whose orientation is approximately con- 
stant. The total number of different types of degen- 
eracy appears to be limited. An individual type of 
degeneracy is often found repeatedly in a given spe- 
cimen and in other specimens reacted for different 
times at the same temperature. Some types of de- 
generate sideplates appear at more than one reaction 
temperature, with the average number of crystals in 
a group of sideplates rapidly increasing and the size 
of the individual crystals rapidly decreasing as the 
temperature is reduced. 

Figs. 7a and 7b are examples of two of the most 
common types of degenerate sideplates formed at 
700° to 725°C. Figs. 7c and 7d show groups of de- 
generate sideplates, formed at 675°C, in which the 
basic motifs of the corresponding structures in Figs. 
7a and 7b have been essentially reproduced in min- 
iature. Further reductions in temperature result in 
the development of additional complexities of shape 
among groups of degenerate sideplates, though the 
types of structure shown in Figs. 7a and 7b continue 
to appear. 

One source of degeneracy among sideplate struc- 
tures is illustrated in Fig. 7b. The sideplates in this 
field are composed of short segments. Close examina- 
tion of the individual segments, such as the one point- 
ed out by the arrowhead, indicates that they are com- 
posed of individual beads of a, separated by aia 
boundaries. Neither coincidence nor a nonrepre- 
sentative plane of polish appears to be a satisfactory 
explanation for these rows of beads. It is more prob- 
able that individual beads nucleated at the inter- 
phase boundaries of previously formed beads, de- 
spite the deterrent to the nucleation of chromium- 
poor a crystals which should be provided by regions 
of 8 enriched in chromium to nearly the maximum 
permitted by the phase diagram. The phenomenon 
of nucleation at the interphase boundaries of pre- 
viously formed crystals of the same phase has been 
previously identified in the proeutectoid ferrite re- 
action in a plain carbon steel and was named sym- 
pathetic nucleation.” 

When only a small proportion of the plates in a 
group of sideplates grows from grain boundary al- 
lotriomorphs or from a £ grain boundary and the 
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Fig. 3—General view of structure shortly after metastable 
equilibrium is attained at 675°C. Ti-7.22 pct Cr. Solution 
annealed 40 min at 1000°C; reacted 1 hr at 675°C. Etched 
in 60 pct glycerine, 20 pct HNOs;, 20 pct HF. X250. Enlarged 
approximately 10 pct for reproduction. 


remainder are nucleated at the broad faces of plates 
previously formed, the resultant structure is termed 
a sheaf of sideplates.” Structures of this type first 
appear in significant numbers at 650° and are the 
dominant mode of sideplate formation at 625°C. Fig. 
7e shows several sheaves of sideplates formed at 
650°C. The observations that these sheaves often 
attain their maximum thickness at some distance 
from the grain boundary and that a number of the 
component plates of the sheaves are separately re- 
solvable indicate that the sheaves are neither 
structures composed entirely of secondary sideplates 
nor intricately shaped single plates. 

Fig. 7f shows a typical group of sheaves of side- 
plates formed at 625°C. The individual plates are 
now in contact over most of their lengths, but the 
boundaries between them are sufficiently revealed 
to indicate that each sheaf is composed of many thin 
plates of varying lengths. 

The sideplate structures presented above devel- 
oped during the early stages of the formation of a. 
With increasing reaction time, drastic changes occur 
in these structures.* These changes may be sum- 


*Van Thyne and Rostoker!2 have previously described these 
changes, in general fashion, as coarsening of the Widmanstatten 
structure. 


marized as follows: 

1) The average spacing between sideplates in- 
creases substantially, compare Figs. 3 and 4, de- 
spite the fact that the average plate thickness also 
becomes larger. 

2) The rate of increase in the average inter- 
sideplate spacing, which was semiquantitatively 
assessed in terms of the ratio of the increase in 
spacing during a given interval of reaction time to 
the initial spacing, increases with decreasing tem- 
perature, passes through a maximum at 650°, and 
decreases at 625°C. 

3) The perfection of shape of many sideplates 
increases noticeably with increasing isothermal re- 
action time, compare Figs. 7a through 7d and 8a. 
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Fig. 4—General view of structure after prolonged reaction at 
675°C. Ti-7.22 pct Cr. Solution annealed 40 min at 1000°C; 
reacted 7 days at 675°C. Etched in 60 pct glycerine, 20 pct 
HNOs;, 20 pct HF. X250. Enlarged approximately 10 pct for 
reproduction. 


4) The connections between sideplates and al- 
lotriomorphs, which are not too good even during 
the early stages of reaction, are almost completely 
severed at late reaction times, Fig. 8a. 

Fig. 8b shows the separation of sideplates from 
allotriomorphs at an earlier stage than in Fig. 8a. 
Arrowhead A points out a sideplate whose base has 
been nearly dissolved, while arrowhead B indicates 
a sideplate which appears to have been disconnected 
from the allotriomorph from which it developed 
shortly before the termination of the isothermal 
reaction anneal. A protuberance remains in the in- 
terphase boundary of the allotriomorphic base layer 
on the side which faces the sideplate at arrowhead 
B, and at several other places along this boundary. 
At later reaction times, Fig. 8a, these protuberances 
largely disappear and the interphase boundaries of 
most allotriomorphs become smoothly shaped. 

5) At very late reaction times, even well formed 
sideplates tend to break up into shorter segments, 
which then tend to become increasingly separated; 
the more degenerate groups of sideplates apparently 
tend to break up almost completely into irregularly 
disposed platelets and idiomorphs. 

B. At TEMPERATURES BETWEEN 600° AND 550°C. 
An unexpected change in the morphology of 
sideplates occurs when the reaction temperature is 
reduced to 600°C. In addition to densely packed 
groups and sheaves of very thin sideplates, another 
type of sideplate, illustrated in Figs. 9a and 9b, be- 
gins to appear. These crystals develop as single 
plates, rather than as sheaves, etch darkly, are 
usually much longer and thicker than ordinary 
single sideplates in the same specimen, and are 
characterized by exceptional perfection and simplic- 
ity of shape. Although no X-ray studies were made 
of specimens reacted in the 600° to 550°C region, a 
careful investigation by Spachner et al.” of the 
crystal structure of the transformation products in 
a Ti-8 pct Cr alloy demonstrated that a is the only 
proeutectoid phase to form above 550°C. The black 
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Fig. 5—Widmanstatten sideplates developed from allotrio- 
morphs. Ti-7.22 pct Cr. Solution annealed 40 min at 1000°C; 
reacted 30 min at 700°C. Etched in 60 pct glycerine, 20 pct 
HNOs. 20 pct HF. X250. Enlarged approximately 10 pct for 
reproduction. 


plates are therefore presumed to be a. These crystals 
constitute a relatively sma!l proportion of the side- 
plates formed at 600°C, Fig. 9a, are the dominant 
sideplate morphology at 575°C, Fig. 9b, and may be 
the only sideplate structure to develop at 550°C. 

The ratio of black plates to normal a plates ata 
given grain boundary, the particular matrix habit 
plane(s) to which the black plates at a boundary 
are parallel, and the rate of nucleation of black 
plates exhibit the same types of orientation de- 
pendencies as do the sideplates of normal a formed 
at higher temperatures. Some of these effects are 
illustrated in Fig. 9b. 

Fig. 10a shows sideplates and intragranular plates 
in a structure formed at 600°C. Both black plates 
and sheaves of normal a are present; the total 
amount of these structures constitutes nearly the 
metastable equilibrium proportion of a. Although 
the black plates are clearly visible, they are present 
in much smaller quantity than the sheaves of nor- 
mal a. Fig. 10b,-on the other hand, illustrating a 
typical structure at a much later reaction time at 
the same temperature, is dominated by crystals 
which appear to be thickened black plates. The 
average spacing between black plates does not appear 
to have changed significantly, but the sheaves of 
normal a have disappeared. Groups of small, rather 
well shaped cross-plates and occasional complex, 
light etching groups of crystals net much thinner 
than the main black plates have replaced the 
sheaves of normal a plates. 

Similar changes in structure were found at 575°C. 
At this temperature, however, the smaller amount 
of normal a initially present quickly disappeared. 
Late reaction time structures at 550°C appeared to 
be composed entirely of thickened black plates, 
slightly thinner and noticeably shorter and more 
uniform in size than those developed at 600°C. 

Intragranular Widmanstdtten Plates: At TremM- 
PERATURES ABOVE 600°C. Intragranular plates 
are the last a morphology to appear at re- 
action temperatures above 600°C. This morphol- 
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Fig. 6—Effects of grain boundary orientation on side- 
plate morphology. Ti-7.22 pct Cr. Solution annealed 40 min 
at 1000°C; reacted 2 min at 650°C. Etched in 60 pct glyc- 
erine, 20 pct HNOs, 20 pct HF. X500. Enlarged approxi- 
mately 10 pct for reproduction. 


ogy is present at all of the reaction temperatures 
studied, but its importance at late reaction times 
increases with decreasing temperature. Intragran- 
ular plates form a relatively small component of 
the microstructure at 725°, are prominent at 700° 
to 675°C, and become the dominant morphology at 
625° to 600°C. The variations of 8 grain size within 
individual specimens were sufficient to demonstrate 
that an appreciable decrease in grain size will 
materially reduce the proportion of intragranular 
plates in the microstructure, especially at the higher 
reaction temperatures. 

Intragranular plates appear as isolated single 
plates and grouped together in sheaves. Single 
plates appear most frequently at 725° and during 
the early stages of reaction at 700°C; sheaves are 
the dominant intragranular structure during later 
reaction times at 700°, and at all stages of a forma- 
tion within @ grains at lower temperatures through 
625°C. Single plates, however, are still present in 
small numbers throughout this temperature range. 

Fig. lla shows part of a single intragranular plate 
formed at 700°C. Close inspection indicates that 
this plate was probably formed by the successive 
sympathetic nucleation of smaller plates at the 
edges of previously formed plates. Fig. 1lb is a lew 
magnification view of most of a 8 grain, in which 
a number of sheaves have developed. The almost 
complete absence of a plates in the comparatively 
large spaces between the sheaves and the relatively 
short lengths of the sideplates make it highly un- 
likely that most of the component plates of the 
sheaves, which are so close together that they are 
largely unresolved at this magnification, were 
formed by any mechanism other than sympathetic 
nucleation. 

Both single plates and sheaves sometimes appear 
as components of larger groupings. Known as Wid- 
manstatten stars, these structures consist of two or 
more plates or sheaves, usually nucleated at a cen- 
tral locus, which are parallel to different matrix 
habit planes. Additional plates or sheaves of plates 
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Fig. 7—Ti-7.22 pct Cr, solution annealed 40 min at 1000°C. 
a to d) Degenerate sideplates. e,f) Sheaves of sideplates. 
a) 725°C for 6 hr. X500. b) 700°C for 30 min. X250. 
c) 675°C for 15 min. X1000. d) 675°C for 30 min. X500. 
e) 650°C for 1 min. X1000. f) 625°C for 10 min. X1000. 
Etched in 60 pct glycerine, 20 pct HNOs;, 20 pct HF. En- 
larged approximately 10 pct for reproduction. 


are often sympathetically nucleated, at their edges, 
against the broad faces and the edges of components 
of the star. 

Fig. lle, taken for convenience from a specimen 
reacted at 600°C, shows a complex Widmanstatten 
star composed largely of single plates. Fig. 1lld 
shows a star of sheaves formed at 650°C. Both types 
of star appear in noticeable numbers at 650°C and 
below, but stars of sheaves are found with notice- 
ably greater frequency than stars of single plates. 

Ideally, a sheaf of intragranular plates should be 
composed of a number of well formed, parallel 
plates of approximately equal thickness, with 
lengths decreasing slowly from the center to the 
edges of the sheaf; the broad faces of adjacent 
plates should be in contact over most of their 
lengths. It is found experimentally, however, that 
deviations from this ideal morphology are the rule 
rather than the exception. As in the case of degen- 
erate sideplates, the deviations are both systematic 
and repetitive. 

Fig. lle shows an example of one of the more 
common types of intragranular sheaf. Two com- 
paratively thick outer plates, concave in shape and 
not well formed, enclose many very thin, closely 
packed, and highly degenerate plates. Fig. 11f shows 
an example of another frequently found type of 
intragranular sheaf. Close examination indicates 
that this structure is largely composed of numerous 
thin, short plates, intricately interconnected as a 
result of frequent sympathetic nucleation. 

The effects of continued annealing at the tem- 
perature of isothermal reaction upon the structure 
of sheaves are largely similar to those previously 
listed for sideplates. The effects of reaction time 
on intragranular sheaves differ from the effects on 
sideplates in only one important respect: the rate 
of increase in the average interplate spacing in 
intragranular sheaves increases continuously with 
increasing temperature. 
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a) Increased perfection of sideplates at late reaction time; 
reacted 15 days at 650°C. X500 b) Dissolution of junctions 
between sideplates and allotriomorphs; reacted 3 days at 
650°C. X1000. Etched in 60 pct glycerine, 20 pct HNOs, 
20 pct HF. Enlarged approximately 10 pct for reproduction. 


A. AT TEMPERATURES BETWEEN 600° anp 550°C. 
Intragranular plates begin to form shortly after 
sideplates appear at 600° and 575°C and soon be- 
come the dominant morphology. At 550°C, however, 
the rapid formation of sideplates at subbound- 
aries tends to obsecure, and reduce the importance 
of intragranular precipitation. 

As in the case of sideplate structures, black plates 
begin to appear intragranularly at 600°C. At this 
temperature, they are intermixed with sheaves of 
normal a, Fig. 12a. A higher magnification view of 
a typical mixed structure is shown in Fig. 12b. The 
largest Widmanstatten star in this field appears to 
have developed by the sympathetic nucleation of 
sheaves of normal a about a central black plate. 
Other structures in this field, however, are appar- 
ently composed entirely of either black plates or 
normal a. Evidently intragranular precipitation at 
600°C can be initiated by either type of plate. 

At 575°C, black plates become the dominant, and 
almost the only, intragranular morphology. Unlike 
normal a, the black plates do not form sheaves. As 
illustrated in Fig. 12c, these plates tend to appear 
singly or in small, simple groupings, such as checks 
and triangles. Subboundaries in the £8 grains, as 
well as sympathetic nucleation, appear to play a 
role in the formation of these groupings. 

The summary previously given of the behavior 
of sideplates at late reaction times in this tempera- 
ture range is also applicable to intragranular plates. 

Discussion: Although a detailed discussion of all 
of the individual features of the morphologies of 
proeutectoid a cannot be attempted here,* an in- 


* A more extensive discussion of these features has been provided 
in ref. 13. 


sight into the origins of these structures may be ob- 
tained by comparison of the a morphologies with 
those of proeutectoid ferrite, as formed in plain car- 
bon, hypoeutectoid steels. Outwardly, the two re- 
actions differ in several basic aspects: the type of 
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solid solution involved, the crystal structures of 
the matrix and the precipitate phases, and the dif- 
ferences in the individual characteristics of the sol- 
vent and solute atoms. The morphologies of pro- 
eutectoid a and proeutectoid ferrite, however, have 
at least three important features in common: the 
Dube’ morphological classification system is ap- 
plicable to both precipitates, the orientation depend- 
encies of a sideplates are the same as those of 
proeutectoid ferrite,» and sheaves of sideplates and 
intragranular sheaves develop at lower tempera- 
tures in both alloy systems.” These fundamental 
similarities suggest that the shapes of precipitate 
crystals may be largely controlled by general fac- 
tors, rather than by the individual characteristics of 
particular alloy systems. It has been suggested that 
the structure of the sites at which precipitates nu- 
cleate and the migrational characteristics of the in- 
terphase boundaries which enclose them are the 
most important of these factors.” 

There are, however, some differences between 
the a and the ferrite reactions which require 
discussion. The details of degenerate a sideplate 
and intragranular plate structures differ appre- 
ciably from those of degenerate ferrite side- 
plates” and intragranular sheaves.°” This differ- 
ence is perhaps to be expected. Degenerate plates 
are considered to result, in part, from the disrup- 
tion of portions of the interfacial structure of the 
broad faces of plates by volume transformation 
strains, with the consequent alteration of the mi- 
grational characteristics of the affected areas.° The 
amount and distribution of these strains is con- 
trolled, for a crystal of a given shape, by the volume 
change associated with the individual reaction 
and the elastic constants (at a given reaction tem- 
perature) of the phases involved. Both of these fac- 
tors vary markedly among different systems. The 
sites at which sympathetic nucleation, another 


Fig. 9—Ti-7.22 pct Cr, solution annealed 40 min at 1000°C. 
a) Sheaves of normal a and black plates, reacted 3 min at 
600°C. X1000. b) Different proportions of black plates and 
normal a on opposite sides of grain boundary; reacted 1 
min at 575°C. X500. Etched in 60 pct glycerine, 20 pct 


HNO:, 20 pct HF. Enlarged approximately 10 pct for repro- 
duction. 
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source of degeneracy, will be most likely to occur 
should also be influenced by the local changes in in- 
terfacial structure and energy produced by trans- 
formation strains. 

The black plates formed in Ti-Cr alloys have no 
counterpart in hypoeutectoid steels. This difference 
is both unexpected and unexplained. 

Two additional differences between the a and the 
ferrite reactions appear to be more of degree than 
of kind. The amount of undercooling below the 
transus required to form large numbers of plates or 
sheaves of plates is much less in Ti-7.22 pct Cr 
than in hypoeutectoid steels.°~° Grain boundary al- 
lotriomorphs are thus not the dominant a morphol- 
ogy at late reaction times even at temperatures 
near the transus; in hypoeutectoid steels,’ allotrio- 
morphs are the dominant, and often almost the 
only, ferrite morphology present over an appreci- 
able range of undercooling. 

The changes which take place in the a plate mor- 
phologies at late reaction times might also occur 
in ferrite plates formed in plain carbon steels if 
these morphologies developed more readily at tem- 
peratures above the eutectoid or if pearlite did not 
form so rapidly at temperatures below the eutectoid. 
The nature of the changes previously listed strongly 
indicates that the minimization of interphase inter- 
facial free energy is the driving force for these 
changes. High energy interfaces, such as the edges 
of plates, irregularities in the broad faces of plates, 
and the junctions between sideplates and allotrio- 
morphs will thus tend to be dissolved, with the 
more sharply curved interfaces being attacked more 
rapidly. Simultaneously, the low energy interfaces, 
such as the dislocation facets in the broad faces of 
plates, will tend to increase in area and to migrate 
normal to themselves into the surrounding 8. 

The rate at which the intersideplate spacing in- 
creases should rise with increasing degeneracy of 


1000°C. 
a) Black plates and normal a at a comparatively early 
reaction time; reacted 7 min at 600°C. b) Black plates, 
appreciably thickened, become the dominant structure; re- 
acted for 3 days at 600°C. Etched in 60 pct glycerine, 20 
pct HNOs, 20 pct HF. X500. Enlarged approximately 10 pct 
for reproduction. 
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the sideplates, decreasing plate thickness, decreas- 
ing initial interplate spacing, and increasing diffu- 
Sivities of titanium and chromium atoms. In the 
temperature range between 725° and 625°C, all of 
these factors but the diffusivities become more fa- 
vorable with decreasing temperature. The maximum 
in the rate of increase of the interplate spacing 
which is accordingly to be expected was found ex- 
perimentally at about 650°C. The continuous rise in 
the rate of increase of the interplate spacing of in- 
tragranular sheaves with increasing temperature is 
presumably due to the circumstance that the initial 
interplate spacing in sheaves does not vary mark- 
edly with temperature. 

The Eutectoid Reaction—Mechanism: The mech- 
anism of the eutectoid reaction was studied in speci- 
mens of iodide Ti-7.22 pct Cr reacted in the range 
between 650° and 550°C and in specimens of sponge 
Ti-10.94 pet Cr reacted at 650°C. The latter alloy 
was employed because its higher chromium and 
oxygen contents accelerate the eutectoid reaction’** 
sufficiently to permit virtually the full course of 
this reaction to be followed conveniently at 650°C, a 
temperature at which the size of the TiCr, crystals 
is relatively large. No important differences were 
found in the nature of the eutectoid reaction in the 
two alloys. 

The eutectoid reaction begins with the precipita- 
tion of TiCr. crystals at a allotriomorphs, Fig. 13a. 
The TiCr, crystals are readily identified by the high 
etching rates of their interphase boundaries. An ex- 
tended study was made of the locations of TiCr, 
crystals formed at the earliest stages of reaction. 
As illustrated in Fig. 13a, most of these crystals are 
found at the following locations: 1) almost entirely 
in B at a:8 boundaries; 2) about equally in a and 
B at a:8 boundaries; and 3) almost entirely in a at 
a:8 boundaries. Few crystals were found wholly 


Fig. 11—Ti-7.22 pct Cr, solution annealed 40 min at 1000°C. 
a) Segmented intragranular plate; reacted 4 hr at 700°C. 
X500. b) Intragranular sheaves; reacted 7 min at 650°C. 
X250. c) Star of single plates; reacted 7 min at 600°C. 
X1000. d) Star of sheaves; reacted 10 min at 650°C. X500. 
e) Complex intragranular sheaf; reacted 10 min at 650°C. 
X1000. £) Another type of complex intragranular sheaf; 
reacted 30 min at 650°C. X1000. 
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and deeply imbedded within a. It will shortly be 
shown that appreciable numbers of TiCr, crystals 
do not appear in the initially unblemished areas of 
proeutectoid a at a later stage in the transformation. 
The simplest and perhaps the most probable con- 
clusion which may be drawn from this evidence is 
that the eutectoid reaction begins with the precipi- 
tation of TiCr, in B at a:8 boundaries, with an un- 
known, though presumably small, amount of TiCr, 
precipitating in a. (Structures No. 2 and 3, above, 
are thus considered to be the result of displacement 
of the a:8 boundaries with respect to stationary 
TiCr, crystals.) 

The next step in the eutectoid reaction is either 
1) the nucleation of new a crystals at §:TiCr, 
boundaries; or 2) the resumption of the migration 
of the 8: proeutectoid a boundaries into £, Fig. 13b. 
The evidence available is insufficient to permit a de- 
cision to be made as to the operative mechanism. In 
either case, the a formed as a result of the prior nu- 
cleation of TiCr, will be termed eutectoid a. As 
shown in Fig. 13b, further precipitation of TiCr, oc- 
curs preferentially at 8:eutectoid a boundaries and 
results in the formation of additional eutectoid a. 
The composite structure thus advances into the un- 
transformed £6 by the successive precipitation of 
TiCr, and of a from 8. 

Fig. 13b indicates that the growth of eutectoid 
a is roughly isotropic, in marked contrast to that of 
proeutectoid a. As indicated in Fig. 14a, however, 
the steric interference of proeutectoid a often 
markedly affects the morphology of eutectoid a. 

Fig. 14b shows that the rates of the eutectoid re- 
action can vary appreciably at different grain 
boundaries. 

The structures shown in Figs. 13b and 14a suggest 
that eutectoid a may absorb, in some way, the pre- 
viously formed proeutectoid a, as previously sug- 


; 
Fig. 12—Ti-7.22 pct Cr, solution annealed 40 min at 1000°C. 
a) Mixed intragranular black piates and sheaves of normal 
a; reacted 3 min at 600°C. X500. b) Widmanstatten star 
formed about a black plate, and structures composed en- 
tirely of either black plates or normal «a; reacted 3 min at 
600°C. X1000. c) Configurations of intragranular black 
plates; reacted 10 sec at 575°C. X500. Etched in 60 pct 
glycerine, 20 pct HNOs, 20 pct HF. Enlarged approximately 
15 pct for reproduction. 
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1000°C. a) Precipitation of TiCrs largely in 6 at interphase 
boundaries of a allotriomorphs; reacted 12 hr at 650°C. 
b) Formation of TiCr2 primarily in association with eutec- 
toid a; reacted 1 day at 650°C. Etched lightly in 60 pct 
glycerine, 20 pct HNOs, 20 pct HF. X1000. Enlarged ap- 
proximately 15 pct for reproduction. 


gested by Frost et al.t and Rostoker.* Fig. 15, how- 
ever, indicates that proeutectoid a is probably not 
absorbed, but merely engulfed. The sizes of the in- 
dividual TiCr, crystals and the mean free a path in 
the eutectoid a are much reduced in consequence of 
the lower reaction temperature (600°C), permitting 
the preservation of the thickened black plates and 
allotriomorphs, which comprise most of the pro- 
eutectoid component of this structure, to be readily 
established. 

Intragranularly, the eutectoid reaction begins 
much later than at the grain boundaries. Compari- 
son of Figs. 13a and 16a and of Figs. 13b and 16b in- 
dicates, however, that the basic mechanism is the 
same. 

At late reaction times, the continued growth of 
eutectoid structures nucleated intragranularly and 
at grain boundary allotriomorphs slowly transforms 
the remaining §£. In the 10.94 pct Cr alloy, the re- 
action is more than 95 pct complete after 29 days of 
reaction at 650°C. 

Kinetics: The initial stage of the eutectoid reaction, 
the precipitation of TiCr, at a allotriomorphs, de- 
velops so slowly, especially at temperatures near 
the eutectoid, that the selection of a reproducible 
criterion for the beginning of the reaction neces- 
sarily involves the use of a somewhat later stage in 
the transformation. The initial appearance of a 
scattering of closely packed rows of TiCr, crystals 
was found to be suitable for this purpose. Fig. 1 
shows the TTT-curve obtained on this basis for the 
1.22 pet Cr alloy. 

In view of the unexpected change in the shape 
of this curve which occurs at 600°C, additional 
series of specimens were reacted at 562° and 587°C. 
As shown in Fig. 1, the results of these heat treat- 
ments are consistent with those previously per- 
formed. 

Discussion: Frost et al.’ have shown that the for- 
mation of TiCr, is accompanied by a decrease in the 
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chromium content of the untransformed £, indicat- 
ing that TiCr. precipitates from £. Rostoker* has 
suggested that impurity elements may convert 
nominally binary Ti-Cr alloys into polycomponent 
systems and that TiCr, may precipitate from a as 
the composition of the a changes in conjunction with 
displacement of the three-phase field a + 8 + TiCr:. 
The results of the present investigation are in agree- 
ment with those of Frost and co-workers. 

The markedly higher rates of nucleation of TiCr, 
at the interphase boundaries of grain boundary al- 
lotriomorphs, as compared with those at the bound- 
aries of sideplates and intragranular plates, are 
readily explained on the basis of the different pro- 
portion of high interfacial free energy facets in these 
boundaries. Inasmuch as allotriomorphs are com- 
pelled to follow the paths of the grain boundaries, 
the proportion of high energy facets in the bound- 
aries of allotriomorphs will tend to be considerably 
greater than in sideplates or in intragranular plates. 
Since heterogeneous nucleation theory predicts that 
the rate of nucleation will increase very rapidly as 
the energy of the nucleation site is increased,” the 
observed dependence of the nucleation rates of 
TiCr, upon a morphology is consistent with theory. 


Summary 

The morphologies and mechanisms of the pro- 
eutectoid a and eutectoid reactions have been in- 
vestigated in an iodide Ti-7.22 pct Cr alloy in the 
temperature range between 725° and 550°C; supple- 
mentary studies were performed on the eutectoid 
reaction in specimens of a sponge Ti-10.94 pct Cr 
alloy reacted at 650°C. 

The morphological classification scheme devised 
by Dube’“ for the proeutectoid ferrite reaction in 
plain carbon steels was found to be applicable to 
the morphologies of proeutectoid a. Many of the 
characteristics of the individual a morphologies 


po 


Fig. 14—Ti-10.94 pct Cr, solution annealed 40 min at 
1000°C. a) Steric interference of proeutectoid a with growth 
of eutectoid a; reacted 2 days at 650°C. X1000. b) IIlus- 
tration of the marked difference in rates of the eutectoid 
reaction at different grain boundaries; reacted 8 hr at 
650°C. X250. Etched lightly in 60 pct glycerine, 20 pct 
HNOs, 20 pct HF. Enlarged approximately 15 pct for repro- 
duction. 
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Fig. 13—Ti-10.94 pct Cr, solution annealed 40 min at 
Sites 
PE 


SS 


ed 40 min at 1000°C. 
Evidence for the failure of eutectoid a to absorb proeutectoid 
a; reacted 5 days at 600°C. Etched lightly in 60 pct glycer- 
ine, 20 pct HNOs, 20 pct HF. X500. Enlarged approximately 
10 pct for reproduction. 


were observed to be the same as those of ferrite. 
These observations provide evidence to show that 
the shape of a precipitate crystal may be controlled 
primarily by generally operative factors rather than 
by the particular characteristics of an individual 
alloy system. 

The following are some of the more important 
characteristics of the various a morphologies: 

1) Grain boundary allotriomorphs are present at 
all reaction temperatures studied but are never the 
dominant morphology at late reaction times. The a 
allotriomorphs continue to thicken even after the 
metastable equilibrium proportion of a has formed. 

2) Widmanstatten sideplates are the dominant 
morphology at late reaction times between 725° 
and 675°C. The crystals are often degenerate in 
shape, but the description of the degeneracy evolved 
tends to remain constant at a grain boundary whose 
orientation is approximately constant. Sideplates 
often appear in sheaves at 625° and 600°C. At 600°C 
and lower temperatures, a new type of a sideplate— 
long, slender, nearly perfect in shape, and initially 
dark etching—increasingly replaces the type of side- 
plate formed at higher temperatures. 

3) Intragranular plates are dominant at late re- 
action times at 650° to 550°C. These plates also ap- 
pear frequently in sheaves. The sheaves are often 
characteristically degenerate. Black plates also be- 
gin to replace normal a plates intragranularly at 
600°C. 

The following sequence describes the mechanism 
of the eutectoid reaction at all of the reaction tem- 
peratures studied: 

1) TiCr, crystals nucleate initially at a allotrio- 
morphs, later at a plates. It was deduced that most 
of these crystals nucleate in 8 at a:@ boundaries. 

2) The growth of a is resumed (or new a crystals 
nucleate) and the TiCr. crystals originally formed 
are engulfed. 

3) TiCr, crystals then nucleate preferentially at 
the interphase boundaries of the newly formed a, 
resulting in further growth of the a crystals. 
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Fig. 16—Ti-10.94 
pct Cr, solution an- 
nealed 40 min at 
1000°C. a) Nuclea- 
tion sites of TiCrs 
formed at intragran- 
ular plates; re- 
acted 3 days at 
650°C. X500. b) 
Formation of eutec- 
toid nodule intra- 
granularly; reacted 
2 days at 650°C. 
X1000. Etched light- 
ly in 60 pct glycer- 
ine, 20 pct HNOs, 
20 pct HF. Enlarged 
approximately 10 pct 
for reproduction. 


Table |. Compositions of Titanium Alloys, Pct 


Cr 10) N H Cc 
7.22 0.0403 0.010 0.0067 0.019 
10.94 0.302 0.030 oS 
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The Uranium-Silicon Epsilon Phase 


The properties of the U-Si « phase have been investigated, with emphasis on the 
means of obtaining material resistant to corrosion in water. Evidence is presented that 
the corrosion resistance depends on the absence of phases other than « and that the de- 
sired « phase has a silicon content in the range of 3.9 to 4.0 wt pct, rather than the 3.78 
wt pct of stoichiometric U.Si. It was necessary to develop an analytical method to over- 
come the apparently low silicon content found in this system under certain conditions. At- 
tempts to fabricate this alloy were devoted primarily to coextrusion with Zircaloy-2. 


Extrusion constants are reported. 


by S. Isserow 


ECENTLY, a description of the wartime work 

in this laboratory on the U-Si phase diagram 
was published.* This diagram was available earlier 
in the open literature,* as were Zachariasen’s crystal 
structure identifications for the compounds in the 
system.* The uranium end of the phase diagram is 
shown in Fig. 1. The most recent work on this sys- 
tem has emphasized the peritectoid « phase, of par- 
ticular interest for a number of reasons. The early 
work provided evidence of this phase’s resistance to 
corrosion in water and of its slight ductility. Fur- 
ther information on these properties has been ob- 
tained here. Work elsewhere’ has provided evidence 
of stability under irradiation. This body-centered- 
tetragonal phase is relatively isotropic compared to 
the more usually applied a or y uranium phases. 
Unlike the other compounds in this system, it con- 
tains no Si-Si covalent bonds.’ In addition, consid- 
eration on the basis of Pauling’s concepts leads to 
the conclusion that in the « phase, uranium has a 
higher valence than in any of the other phases. 

Definition of the composition of the « phase has 
been of prime concern in the study of this alloy. 
Evidence is presented below that its silicon content 
is slightly higher than that of stoichiometric U,Si, 
the composition frequently assigned this phase on 
the basis of Zachariasen’s identification. This work 
on the composition required careful attention to the 
method of dissolving the alloy for analysis, since 
apparently low silicon contents could be found un- 
der certain conditions, see Appendix. 

Preparation: Melting, Casting, and Heat Treat- 
ment—Almost all the samples were from cast- 
ings with a diameter of 134 or 2 in. and about 1 
ft long, weighing 10 to 15 lb. The U-Si charge 
was melted by heating to about 1650°C in an in- 
duction heated vacuum furnace. Beryllia crucibles 
were used at first, but were replaced by zirconia- 
washed graphite as the technique of keeping the 
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carbon content low enough (about 500 ppm) was 
mastered. The alloy was bottom-poured at about 
1650°C into graphite molds. A few small buttons, 
weighing no more than 50 g, were prepared in a 
small are melting unit.’ 

Since cast material has a preponderance of ura- 
nium and U,Si., heat treatment is necessary to ob- 
tain the « phase by the solid-solid peritectoid reac- 
tion. Once obtained, the « phase is stable to room 
temperature, obviating the need for special atten- 
tion to the method of cooling after epsilonization, 
see Fig. 1. It was found desirable to epsilonize at 
800°C for a week. For some purposes, in which 
residual uranium and/or U;Si, are tolerable, shorter 
periods may be adequate. The temperature of 800°C 
is not critical, since essentially the same results were 
obtained from 785° to 825°C. Further departure 
from this epsilonization range is inadvisable. 
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Fig. 1—U-Si phase diagram. 
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Attempts to find means of promoting epsiloniza- 
tion were unsuccessful. They were based on the 
presumed facilitation of the solid-solid reaction by 
grain refinement. Extrusion of the casting before 
heat treatment or extrusion as an intermediate 
stage between two heat treatments did not improve 
the product of the final heat treatment. Deliberate 
de-epsilonization did not generate fine uranium and 
U,Si, for more complete reaction in the final epsilon- 
ization. The uranium agglomerated, as it does dur- 
ing epsilonization in the eutectic zones of cast 
material. 

Since the formation of « by the peritectoid reaction 
involves a volume decrease, application of pressure 
would be expected to promote epsilonization. No 
experimental data are available on such attempts. 

Composition and Corrosion Resistance—When 
adequately heat treated, material of suitable com- 
position withstands attack by high temperature 
water. In this work the test medium was degassed 
distilled water at 500°F (680 psi) or 650°F (2200 psi). 
Uniform attack at rates of about 50 and 1000 mg per 
sq cm per month respectively were observed. (In 
several tests in 750°F steam at 1500 psi, the alloy 
crumbled as a result of severe attack.) Unalloyed 
uranium is attacked at a rate of about 1000 mg per 
sq cm per month by boiling distilled water (212°F). 

The crucial problem is the establishment of the 
existence range of the e phase. The narrowness of 
this range justifies the use of a vertical line in the 


- 
4 


usual phase diagram, but evidence was obtained that 
the silicon content is higher than that of stoichio- 
metric U,Si. This narrow range makes it difficult to 
achieve completely epsilonized material. Even at 
the required composition, small but significant 
amounts of free uranium and U,Si, are likely to be 
retained near each other, Fig. 2, because of the small 
concentration gradient in the « separating these two 
phases. 

The establishment of the silicon content of « was 
made difficult by two factors. First, cast alloys may 
have composition variations as high as 0.3 wt pct 
Si so that, after epsilonization, even a sample shorter 
than 1 in. can show considerable variation in corro- 
sion resistance from one end to the other. This 
variation makes it difficult to use the analyses of 
portions of a billet to determine the composition of 
a sample of known metallography or corrosion re- 
sistance from that billet. The more subtle second 
difficulty can be overcome by modification of the 
analytical procedure, see Appendix. Unless the al- 
loy is epsilonized or oxidized before solution in acid 
for analysis, silicon contents low by several tenths 
of a percent are likely to be observed. When not in 
the e« phase, the alloy can evolve volatile silanes 
during direct solution in acid. 

The definition of the composition of « was ad- 
vanced by the establishment of the relation between 
the alloy’s metallographic purity and its corrosion 
resistance. The expectation that residual uranium 


Fig. 2—U-Si alloy UA148 (3.9; wt pct Si) heat treated seven days at 800°C. Electropolished in 10:1 acetic acid/perchloric acid. 
Bright light, « matrix, light phase UsSi2, dark phase -U. a) X100 b) X500. Enlarged approximately 15 pct for reproduction. 


Fig. 3—Effect of non-e phases (U, U:Siz) on corrosion of alloy in 


mately 15 pct for reproduction. 
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500°F water for 100 days. a) X500 b) X50. Enlarged approxi- 
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Fig. 4—Effect of non-e phases (U, U;Siz) on corrosion of e alloy in 650°F water for about 40 days. a) LEFT: Corner. X50. RIGHT: 
Center. X100. b) LEFT: Corner. X50 RIGHT: Center. X100. Enlarged approximately 15 pct for reproduction. 


or U,Si., both having inferior resistance, would im- 
pair the corrosion resistance of the e was borne out 
by examination of samples of known corrosion his- 
tory. Figs. 3 and 4 provide examples of 500° and 
650°F samples, respectively, which show the sensi- 
tivity of the alloy’s corrosion resistance to retained 
uranium and U,Si., especially when these non-e 
phases are coarse. 

With the method of analysis modified to overcome 
low silicon values previously obtained for non-e 
material, it was possible to evaluate the composition 
of about 50 billets as it affected the metallography 
and corrosion resistance of samples from these bil- 
lets. This evaluation was supplemented by the 
analysis of a number of samples after corrosion re- 
sistance had been established. For this application 
it was necessary, in some cases, to crop samples of 
non-uniform corrosion resistance to isolate the por- 
tion having good corrosion resistance and confirm 
its behavior before analysis. This evaluation led to 
the establishment of the range of 3.9 to 4.0 wt pct 
Si for the e phase. The silicon content is thus sig- 
nificantly higher than for stoichiometric U,Si. Sup- 
port for this high silicon content was obtained by 
analysis of a metallographically pure « sample. A 
section of an arc-melted button had been found to 
have a concentration gradient which left a band of 
pure e« sandwiched between zones containing an 
excess of uranium or U,Si, respectively, Fig. 5. Met- 
allographic examinations of the other faces of the 
button permitted a survey of this band and the 
isolation of a 120 mg sample for analysis. This 
sample was found to contain 3.97 wt pet Si. (The 
carbon content of the button was 85 ppm, whereas 
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the range of carbon content of the cast material is 
about 500 ppm.) 

Physical and Mechanical Properties—The earlier 
work’ provided information on such properties as 
density, hardness, compressive strength, and ther- 
mal conductivity. In spite of the advance in the 


technology of preparation, further investigation of 
these properties was not undertaken. The results of 
some exploratory tests are recorded here. 

Tensile tests of an extruded and machined rod 
gave about 100,000 psi as the ultimate strength and 
a proportional limit of about 60,000 psi. The values 
obtained after annealing were about 60 pct of these 


She 


Fig. 5—Section of arc-melted U-Si button, heat treated 7 
days at 800°C. Clear section isolated and found to contain 
3.97 wt pct Si. X50. 


TRANSACTIONS AIME 


SERS 


Fig. 6—Longitudinal section of coextruded rod 8355 from billet UA148, see Fig. 2. a) Near edge (clad on left) b) Near center. 
X100. Enlarged approximately 15 pct for reproduction. 


values. The total elongation was about 1 pct. The 
elastic modulus was near 22,500,000 psi. 

The following overall coefficients of expansion 
from room temperature to the specified temperatures 
were obtained in the course of the investigation of 
dilatometry as a means of detecting free uranium: 
aX 10°—12, 300°C; 14, 600°C; and 16, 800°C. The lin- 
ear expansion on de-epsilonization is about 1.7 pct. 

The electrical resistivity of « was found to be 55 
microhm-cm at room temperature. 

Considerable effort was devoted to the develop- 
ment of techniques for the extrusion of the « alloy, 
notably coextrusion with Zircaloy-2. Temperatures 
above 1560°F were not considered because of pos- 
sible peritectoid decomposition. At 1500° or 1560°F, 
the extrusion constant K* is about 45,000 psi. In 


*P = Klin R where P is the pressure, determined from the force 
over the initial area, and R is the ratio of the initial to the final 
cross sectional area. 


the range of 1400° to 1450°F, this constant is in- 
creased to about 55,000 psi. Further reduction of 
the temperature causes a sharper increase in the 
constant: at 1350°F, it exceeds 70,000 psi. 

In the course of extrusion, uranium retained in 
the alloy generates stringers. These stringers are 
more likely to be observed near the axis of the rod 
than at the edges, Fig. 6. They provide a corrosion 
path when the specimen is tested in such a way that 
the axial region is exposed to the corrosive medium, 
e.g., rods with flat ends. This attack can lead to 
splitting of the rods in spite of the excellent resist- 
ance of the cylindrical surface. 

Coextrusion with zirconium or its alloys can lead 
to interaction between the U-Si alloy core and the 
zirconium of the cladding. The formation of inter- 
mediate layers is illustrated in Fig. 6a. 

It is well to recall that the alloy can be machined 
fairly readily either before or after epsilonization. 


Appendix—Analytical Method: Elimination Of 
Sensitivity To Phases Present 
After the alloy is dissolved in nitric acid to which 
hydrofluoric acid is added, silicon is determined col- 


orimetrically by reduction of the silicomolybdate 
complex. The reliability of the colorimetric method 
was checked against the gravimetric method in 
which SiO, is determined by weight difference upon 
volatilization with HF. 

As an outgrowth of the analyses of samples of 
established corrosion resistance, it was found that 
lower results were obtained for alloys consisting of 
uranium and U,Si, than for alloys in which e pre- 
dominated. This sensitivity of apparent silicon con- 
tent was first demonstrated by comparison of three 
small adjoining pieces from several castings, only 
the middle piece being epsilonized before analysis. 
Confirmation of the effect of the phases was ob- 
tained in analyses of sets of three adjoining samples, 
all of which had been epsilonized together, with 
the middle sample then being deliberately de-epsi- 
lonized at 950°C. 

It was then established that this sensitivity to the 
phases is eliminated by atmospheric oxidation at 
500°C before dissolution in acid. In analyses of sets 
of three samples with the central piece in a differ- 
ent phase from the outside pieces, this prior oxida- 
tion eliminated the differences between ¢« and non-e 
material. For epsilonized material, the same results 
were obtained with or without atmospheric oxida- 
tion before solution in acid. Losses of silicon on 
direct solution of non-e material are attributed to 
volatilization of silanes. The ignition of such vola- 
tilized silanes is observed when these alloys are 
dissolved in other mineral acids. 
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Misfit Strain Energy in the Au-Cu System 


Misfit strain energy has been calculated for the AuCu lattice from interatomic dis- 
tances and the Morse function; the calculations give results of the same order of mag- 
nitude as calculations from elasticity theory. It is shown that electronic rearrangements 
occur during uniaxial tension, greatly reducing the strain energy from that calculated 
by ordinary methods. The theory of Pauling is applied and the electronic rearrange- 
ments derived from this theory reduce the strain energy to small values. This is not true, 
however, in other lattices. An explanation is advanced as to why Au-Cu alloys form more 


exothermically than Au-Ag alloys. 


by Ralph Hultgren 


N solid solutions atoms of differing sizes occupy 

the same crystalline lattice, requiring that some 
of them be compressed and others expanded. The 
energy involved has been called misfit strain energy 
and is an important concept of crystal chemistry. 

If the atomic sizes and elastic constants of inter- 
atomic bonds are known, the misfit energy may be 
calculated,’ provided certain simplifying assump- 
tions are allowable. Usually, isotropic crystals are 
assumed and interatomic distances are taken to be 
the statistical average determined from X-ray dif- 
fraction. Such calculations yield values of the misfit 
energy of the order of 1 or 2 kcal per atom in alloys 
such as Au-Cu at compositions of 50 atomic pct. 

However, evidence has accumulated in recent 
times that atoms change their sizes with composition 
of alloys, implying electronic rearrangement of the 
bonds. The size changes have been found partic- 
ularly by application of the X-ray method devel- 
oped by Warren, Averbach, and Roberts.’ Thus, 
Averbach, Flinn, and Cohen* determined radii in 
Au-Cu alloys. Oriani‘ showed that these new radii 
led to a calculated misfit energy in disordered AuCu, 
which was decreased from the values calculated by 
the usual theory more than twenty-fold, to only 80 
cal per g atom. Thermodynamic calculations froin 
the phase diagram’ also show misfit energy to be no 
more than a few hundred calories per g atom in this 
alloy. 

The question of what electronic rearrangements 
are possible therefore becomes compelling in esti- 
mating misfit energy. In the following pages the re- 
sults of certain calculations on the AuCu tetragonal 
superlattice are submitted. Conclusions drawn from 
these should be applicable in large degree to dis- 
ordered solid solutions. 

As in all ordered states, bonding distances in the 
superlattice are individually known, rather than 
being merely average distances as found from lat- 
tice constants of disordered states. Moreover, only 
the Au-Au and Cu-Cu distances are strained; the 
elastic constants of these are known in the ele- 
mentary state. In the usual calculation it is neces- 
sary to assume elastic constants for Au-Cu bonds. 
Misfit energy has thus been calculable without the 
need of many simplifying assumptions usually made. 


R. HULTGREN, Member AIME, is Professor of Metallurgy, Uni- 
versity of California, Berkeley, Calif. Contribution No. 2125 from 
the Gates and Crellin Laboratories of Chemistry, California Insti- 
tute of Technology, Pasadena, Calif. 

TP 4488E. Manuscript, Sept. 10, 1956. 
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It is still assumed that equilibrium bond lengths 
and elastic properties of the bonds are the same in 
the alloy as in the pure metals. As previously dis- 
cussed, this is probably not correct. Also assumed is 
that the bonds are not affected by strain of neigh- 
boring bonds. A calculation of Young’s modulus 
from compressibility data shows this to be far from 
true; extensive electronic rearrangements take 
place. It would seem that misfit energy cannot be 
calculated from elasticity data for the elements. 
The usual methods may, however, give an upper 
limit which is often much higher than the true 
value. 

The question of electronic rearrangement is, of 
course, a complex one. Pauling’s theory gives a 
simple, approximate treatment of the relation be- 
tween type of bond and bond distance. This has 
been applied with some success to the Au-Cu sys- 
tem, as will be shown in a later section. 


Misfit Energy in Au-Cu Alloys 

Hume-Rothery and Raynor® discuss the Au-Cu 
system as a type example of strain energy. The gold 
atom is 12.8 pct larger in diameter than the copper 
atom, near the size factor limit beyond which solid 
solubility is severely restricted. They therefore 
consider the misfit energy to be large, a conclusion 
for which they believe they find evidence in the 
phase diagram. Gold and copper are completely 
miscible in the solid state, but the alloy has a mini- 
mum melting point at an intermediate composition. 
From this Hume-Rothery and Raynor conclude that 
the strain energy is nearly large enough to prevent 
miscibility; the phase diagram tends toward a eutec- 
tic type. In Ag-Cu, which has almost identical size 
relationships, solid miscibility is quite limited; 
whereas in Au-Ag, where atomic sizes are nearly 
the same, there is complete miscibility without a 
minimum in the melting point. From their argu- 
ments the heat of formation of Au-Cu would be 
expected to be endothermic or only slightly exo- 
thermic, that of Ag-Cu to be endothermic, and that 
of Au-Ag to be exothermic. Deviations from Ve- 
gard’s law of additivity of atomic radii support 
these conclusions, since Au-Cu and Ag-Cu both 
have pronounced positive deviations, and Au-Ag has 
a negative deviation. 

Nevertheless, Au-Cu alloys form exothermically; 
indeed, considerably more exothermically than Au- 
Ag, Table I. Hence, strain energy must be much less 
important in this case than Hume-Rothery and Ray- 
nor have supposed. 
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Calculation of Misfit Energy Assuming No Change 
in Bond Type 

The AuCu superlattice is derived from the dis- 
ordered face-centered-cubic solid solution by order- 
ing the gold and copper atoms respectively on alter- 
nate planes parallel to the cube face, Fig. 1. The 
structure thereby becomes tetragonal with the c 
axis a few percent shorter than the other two. It is 
required by geometry that 


whereas the distance dy,c. May assume any value 
by adjusting the length of the c-axis. Hence, bonds 
between unlike atoms may take equilibrium lengths 
and be strain-free. For experimental bond distances, 
see Table II. 

The misfit energy of the superlattice would be 
calculable from the elastic constants of the bonds in 
elementary gold and copper if the bonds did not 
change their nature during alloying. As mentioned 
earlier, this assumption is not warranted, but the 
calculation should give an upper limit of the misfit 
energy. 

Elastic strains experimentally realizable amount 
at most to a few tenths of a percent, so that calcula- 
tions from experimental elastic constants involve a 
large extrapolation. In gas molecules the inter- 
atomic distance vs energy relationship has been 
found to obey with surprising accuracy an empirical 
function proposed by Morse.’ This function has been 
used in the following form 


E = — 2,740) [1] 


from which the force can be derived by differentia- 
tion 


dE 
20D 


9 
= ] [2] 


where E equals energy of strained bond; D, energy 
of unstrained bond; d, bond distance, strained bond; 
d,, bond distance, unstrained bond; a, constant de- 
pending on elastic properties; and F, force in 
strained bond. 

Of the above quantities, D can be evaluated from 
the energy of sublimation to monatomic gas. Waser 
and Pauling® have tabulated force constants k and k’ 
for bonds in most metallic elements from com- 
pressibility data. The force constants may be de- 
fined as follows 


/ 


k 


Expanding the Morse function in series and taking 
the first few terms gives the following expression 
valid for small values of d—d, 
E—D=D{[a’(d—d,)* + —d,)*] 

from which a can be evaluated for a typical d — d,, 
such as 0.02A, where the Morse curve fits the com- 
pressibility data exactly, fitting approximately at 
other distances. Values of a calculated in this man- 
ner are tabulated in Table III. 

Bond energies are shown in Fig. 2 on p. 1243 as 
a function of interatomic distances. The distance at 
which the tensile stress of copper equals the com- 
pressive stress of gold should be the distance of 
static balance in the lattice. This is found to be 
2.794A, surprisingly close to the experimental dis- 
tance, 2.800A. At this point the strain energy of 
copper amounts to 7.73 pct of the total energy; for 
gold it is 2.2 pct. Considering that Au-Au and 
Cu-Cu bonds each constitute one sixth of the total 
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Table I. Heats of Formation of Binary Alloys of Gold, 
Silver, and Copper 


Alloy Composition, Heat of 
Atomic Pct Formation, 
Cal per 
Au Ag Cu G Atom Source of Data 
50 50 —1100 White et al.14 
50 50 (disordered) —1230 Orr,!6 Oriani 
50 50 (ordered) —2150 Orr16 
89 +600 Orr'16 (1956) 
Table II. Interatomic Distances in Au-Cu Alloys 
Interatomic Distances, A Atomic 
Volume, 
Substance Au-Au Cu-Cu Au-Cu Average Cubic A 
Au 2.884 16.962 14.387 
Cu 2.556 { 2.720 41/812 } 

AuCu (ordered) 2.800 2.800 2.705 QA 14.449 
AuCu (disordered) 2.740 14.453 
Table III. Morse Exponent a for Certain Elements 

Dx102 
kx10-3 k’x10-0 D, Erg 
Ele- Dyne Dyne ax10-8 Keal per per 
ment per Cm per Sq Cm Cm-1 G Atom Bond 
Au 51.9 —500 1.54 85.0 0.981 
Cu 36.9 —210 ISH i 81.1 0.938 
Fe 72-26" —118* 1.465* 97.9 1.696* 
Co 48.4 — 400 1.37 102.0 1.18 
Ni 48.9 — 450 1.37 
Pd 54.1 — 450 1.52 93.0 1.075 
PE 80.0 —1100 121.6 1.405 


* Values per bond of D and k are large for iron because its coor- 
dination number is 8 instead of 12 as in the other elements. How- 
ever, a is less dependent on coordination number as shown by the 
approximate agreement of values for iron with those of the neigh- 
boring elements cobalt and nickel. Actually, the results listed in 
Table IV are not very sensitive to values of a and, for these calcu- 
lations, the value of a for iron was taken to be 1.37, in agreement 
with the values for cobait and nickel. 


Table IV. Calculated and Experimental Bond Distances in 
AuCu-Type Superlattices 


Bond Distances 


A-A and 
A-B B-B Caleu- 
lated 
Sub- Experi- Addi- Experi- Pre- Misfit 
stance do Co mental tivity mental dicted Energy 
AuCu 3.9592 3.6772 2.705 2.720 2.800 2.794 1350 


FePt 3.863 3.759 2.695 2.650 2.732 2.707 1280 
CoPt 3.826 3.646 2.642 2.643 2.705 2.703 1190 
NiPt 3.8227 3.589 2.622 2.633 2.703 2.701 1360 
FePd 3.856 3.727 2.681 2.638 2.726 2.672 790 
AITi 4.006 4.070 2.856 2.892 2.833 2.902 40 


Table V. Calculated and Observed Values of Young’s 
Modulus Along c Axis 


E, Dyne per Sq Cm 


Element Calculated Observed 
Au 2.62x10” 0.429x1012 
Cu 2.02x1012 0.67x10” 


Table VI. Bond Distances in Au-Cu Superlattices 


Distances, A 


AuCu Structure AuCuz Structure 


Bond Calculated Experimental Calculated Experimental 
Au-Au 2.809 2.800 
Cu-Cu 2.773 2.800 2.614 2.651 
Au-Cu 2.701 2.705 2.679 2.651 


OCTOBER 1957, JOURNAL OF METALS—1241 


number, this amounts to 1350 cal per g atom. This 
is somewhat smaller than the value of 1870 cal per 
g atom calculated for disordered AuCu, by Aver- 
bach, Flinn, and Cohen®* from elasticity theory, but 
an ordered state should have a smaller strain en- 
ergy. 

Five other superlattices of this structure were 
found for which there are sufficient experimental 
data to make the calculation. Results are shown in 
Table IV. In two cases excellent agreement is found; 
in three cases deviations are rather large. In FePt 
and FePd distances are larger than predicted; in 
AITi, smaller. 

It is of interest to examine the bond distances, 
A-B, between unlike atoms in these superlattices, 
since these distances are not affected by geometric 
constraints. Usually it is felt that stronger bonds 
lead to shorter interatomic distances; for example, 
in nearly all intermetallic compounds bond distances 
are shorter than the sum of the atomic radii. Thus 
short bond distances may go with exothermic heats 
of formation. 

Thermodynamic data are available for two of the 
pairs in Table IV. AuCu, as shown in Table I, forms 
exothermically and the deviation from additivity of 
radii is negative. It is noteworthy that consideration 
of Vegard’s law leads to wrong conclusions in this 
case; disordered AuCu has a considerable positive 
deviation from Vegard’s law. Oriani (1953) found 
that disordered CoPt formed endothermically, AH, 
= +1000 cal per g atom. The ordered alloy conse- 
quently should form with approximately zero heat 
effect, which fact coincides with the nearly additive 
interatomic distance. 

However, as will be discussed later, changes in 
radius of atoms during alloying may occur in a com- 
plex way, so that a simple relationship between in- 
teratomic distance and heat of formation will hardly 
be expected in all cases. 


Strain and Electronic Rearrangement 

That electronic rearrangements occur in bonds as 
they are strained can be shown from the relation- 
ship of Young’s modulus to the elastic constants of 
hydrostatic compression. During hydrostatic com- 
pression of cubic crystals, all bonds are equally 
shortened and the tendency for rearrangement of 
bonding electrons may be negligible. The elastic 
constants for compression may therefore be taken as 
properties of bonds in their unaltered state. In uni- 
axial tension some bonds are shortened and some 
lengthened. The LeChatelier principle predicts that 
changes in bonds brought about by strain will be 
such as to weaken the stretched bonds and strengthen 
the compressed ones. Hence, Young’s modulus cal- 
culated from compressibility data should be greater 
than experimental values, if there has been elec- 
tronic rearrangement. Young’s modulus on a cubic 
axis can be calculated from compressibility data 
alone. Gunnar Bergman* of the California Institute 


* Dr. Bergman has also found that for bonds in which electronic 
rearrangements such as those postulated by Pauling occur during 
straining, the Cauchy relations will not be fulfilled, a fact which 
is experimentally observed. The nonfulfillment of the Cauchy rela- 
tions has previously been an objection to considering metallic lat- 
tices as being held together by bonds between atomic nearest neigh- 
bors. Acta Metallurgica, to be published. 


of Technology has kindly calculated Young’s modu- 


lus and finds for the c direction of face-centered- 
2 


cubic metals that Young’s Modulus = — where 


Ao 
a, is the edge of the unit cell and the other letters 
have the same significance as previously. 
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Fig. 1—Crystal 

structure of AuCu. > 

resent gold; open ae 

circles, copper. 
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As seen in Table V, gold and copper have experi- 
mental values far below the calculated ones, indi- 
cating considerable change has occurred in the 
bonds. Diamond, on the other hand, has covalent 
bonds that are the best possible sp* bonds, and elec- 
tronic rearrangement would not be expected during 
deformation. Hence, much closer agreement should 
be expected between Young’s modulus as determined 
experimentally and as calculated above. Unfortu- 
nately, diamond has an open structure in which 
extensive bending of bonds may occur, so that it is 
not possible to make the above calculation without 
data on resistance to bending of the bonds. It can be 
shown, however, that the calculated value in dia- 
mond will not greatly exceed the experimental 
value, in agreement with the picture here presented. 

It thus appears that bonds do change during 
straining. The effect is so large that the usual cal- 
culation of misfit energy from the theory of elastic- 
ity yields results which are not even approximately 
correct; they are much too large. The effect of 
atomic size on alloy formation can be predicted only 
when much more is known of the kinds of electronic 
rearrangement which occur on straining. 

The only theory which simply relates type of 
bond with bond length is that of Pauling. A 
straightforward application of this theory to the Au- 
Cu system gives bond distances which greatly re- 
duce the strain energy. However, the theory is 
shown to be incomplete since it fails to predict the 
unusual behavior of FePd, FePt, and AIT1i. 


Pauling’s Theory 

Electronic rearrangements that reduce strain en- 
ergy are a feature of the theory of Pauling.”” An 
electron transfer may be part of the electronic re- 
arrangment. The principle of electroneutrality”® 
favors a transfer from the more electronegative 
atom to the more electropositive one, in this case 
from gold to copper. This direction of transfer is 
also favored by the size factor, since it will reduce 
the size of the gold atom and increase that of copper. 

According to Pauling, both gold and copper are 
hyperelectronic; they both have too many electrons 
to develop the full valence of 6 found in transition 
metals adjacent to them. Loss of an electron by gold 
therefore increases its valence. Moreover, the d 
character of the bond is increased, strengthening it 
and decreasing the atomic radius. Gain of an elec- 
tron by copper has the opposite effect. 

Transfer of about % electron from gold to copper 
will give good agreement with the facts, as will be 
shown later. This will result in bond numbers that 
are simple fractions, which has been observed to 
give best agreement in other cases, presumably be- 
cause resonance is favored by such bond numbers. 
This amount of electron transfer is reasonable since 
the electronegativity of gold (2.5) differs from that 
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Fig. 2—Energy ys interatomic distance in gold and in copper. 


of copper (1.8) by an amount that predicts that the 
bond will be 11 pct ionic. Thus, four bonds would 
give each gold a charge of —0.44 and each copper, 
+0.44. A transfer of % electron would approxi- 
mately neutralize these charges, achieving elec- 
troneutrality. 

Such a transfer increases the valence of gold to 6, 
decreasing its single bond radius from 1.339A to 
1.314A. The valence of copper decreases to 5 and its 
single bond radius increases from 1.176A to 1.206A. 

Hexavalent gold can form bonds with its 12 
neighbors with n = 42. Copper would then use four 
of its five valences in bonding with its eight gold 
neighbors, leaving a single valence with n = % for 
its four copper neighbors. The bond distances for 
unstrained bonds may be calculated from the for- 
mula 

D, = D,— 0.60 log n 


where D, is the sum of the single bond radii of the 
elements concerned. Results of the calculation are 
given in Table VI. 

For the superlattice AuCu, similar considerations 
would lead to a transfer of %4 electron from the 
gold, each copper receiving %4 electron. Gold would 
then have a valence of 6 and a single bond radius 
of 1.307A, while copper would have a valence of 5% 
and a single bond radius of 1.191A. Bond distances 
would be those shown in Table VI. 

The agreement in Table VI is remarkably good. 
The Au-Cu bond in AuCu is practically strain-free, 
as expected. The other bonds have most of their 
strain removed; only about 100 cal per g atom re- 
mains. In AuCu,, strains have been reduced to about 
300 cal per g atom. These results were attained by 
simple and natural assumptions in the Pauling 
theory. 

However, for the other lattices of Table IV, Paul- 
ing’s theory does not lead to a similar release of 


strain. The transition metals involved, except nickel, 
would change neither their valence nor their radius 
appreciably on electron transfer. Two interpreta- 
tions are possible. The estimated strain energy may 
remain in the alloy. In this case, thermodynamic 
measurements should show heats of formation that 
are less negative than in AuCu; unfortunately, these 
measurements are not yet available. The second pos- 
sibility is that forces are involved that are not ac- 
counted for by any existing theory. Certainly this 
is true at least to some extent; Fe-Pd and Fe-Pt 
distances are unaccountably large and AI-Ti dis- 
tances unaccountably small. 

The question as to why Au-Ag alloys are less 
exothermic than Au-Cu alloys may have an intrigu- 
ing explanation. Silver has nearly the same elec- 
tronegativity as copper and might be expected to 
attract gold equally well. The size of the silver 
atom is nearly equal to that of the gold atom, so that 
misfit energy should be absent. As seen in this 
paper, the size difference of gold and copper is over- 
come by a transfer of electrons, which is approxi- 
mately the amount predicted by the difference of 
electronegativity in order to produce electrical neu- 
trality. Such a transfer cannot occur in Au-Ag with- 
out producing differences in size with consequent 
misfit energy. This may produce a less stable bond, 
accounting for the difference in heats of formation. 

Electronic rearrangements are probably common 
in alloys, so common that the ordinary calculation 
of misfit energy from elasticity data may not be 
correct even as to order of magnitude. 
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TRANSACTIONS AIME 


ANADIUM has only recently received considera- 
tion with respect to structural applications."* 
It would appear likely to find service where its 
high electrical resistance and constant temperature 
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coefficient of resistance are advantageous. 
tion, there are applications for vanadium which 
exploit its resistance to attack by corrosive chem- 
icals. The relatively high melting point, 2173° 
+25°K (1900° +25°C),* suggests good structural 
strength at high temperature. Detailed information 
about temperature dependence of strength has been 
lacking, although some data between room temper- 
ature and 1200°K are available.* In this report, an 
analysis is made of the tensile properties of sheet 
metal for constant strain rate and at temperatures 
between 78° and 1500°K. 

Arc melted ingots were cast in a rotating hearth 
furnace described previously by Keeler.’ These in- 
gots were scalped and hot rolled in mild steel sand- 
wich jackets at 1073°K (800°C). Billets were re- 
moved from the jackets and cold rolled from 0.200 
to 0.020 in. with an intermediate vacuum anneal 
(1073°K, % hr) at 0.100 in. thick. Chemical analy- 
sis of the rolled sheet indicated the impurity con- 
tent shown in Table I. The temperature required to 
produce complete recrystallization for a % hr an- 
nealing treatment was approximately 1200°K 

Tensile test specimens were cut from the sheet 
parallel to the rolling direction. These were tested 
as cold rolled and as recrystallized at 1273°K 
(1000°C) for 1 hr. The grain size for the recrystal- 
lized metal was 0.03 mm. An Instron testing ma- 
chine was used at a nominal strain rate of 0.09 in. 
per in. per min and at temperatures from 78° to 
1500°K. In order to determine the effect of strain 
rate on flow stress, the rate was changed momen- 
tarily to 0.009 during each test. Data were plotted 
autographically. Elevated temperature tests were 
made in vacuum, and temperatures were recorded 
by means of a Pt—Pt-Rh thermocouple positioned 
at the middle of the gage length. A description of 
the test equipment can be found elsewhere.’ Eval- 
uation was made in terms of ultimate tensile 
strength, 0.2 pct yield strength, strain hardening, 
and rate sensitivity of the flow stress. 

Logarithmic plots of true stress-strain were quite 
straight so that hardening could be evaluated in 
terms of the slope, m, of these logarithmic curves. 

dloge 


dloge | ,T 
where m is called the strain hardening exponent, 
ao is the flow stress, and « is the strain. 
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Table I. Chemical Analysis of the Rolled Sheet 


Element Wt Pct Present 

0.057 

N 0.07 

H 0.0004 

(© 0.09 

WwW <0.02 

Fe <0.005 

Si <0.005 


Table II. Data for Cold Rolled Specimens 


0.2 


Test Pct Yield Tensile Strain Rate 
Temper- Strength, Strength, Elonga- Hard- Sensi- 
ature, °K Psi Psi tion, Pct ening, M tivity, N 

300 102,770 105,000 0.8 

500 87,680 88,400 0.2 —_— 0.021 

700 77,880 80,150 0.9 0.013 0.030 
1000 33,330 40,580 4.5 0.029 0.051 
1300 4,710 8,480 46.3 0.043 0.071 


A similar relationship is used to evaluate rate 
sensitivity. 


O71 
log — 
Oz 


log 


where n is called the strain rate sensitivity; o: is the 
flow stress at the faster rate; o. is the flow stress at 
the slower rate; é is the faster rate, 0.09; and « is 
the slower rate, 0.009. There are no data to indicate 
that the logarithmic relationships between strain 
rate and stress for vanadium should be linear. In 
view of the temperature dependence of stress, they 
may be presumed not to be linear. Hence, the values 
for n are not expected to apply to rates other than 
those listed above. 

Table II lists data for the cold rolled specimens, 
and Fig. 1 shows the tensile parameters vs tempera- 
ture for the conditions resulting from the 1273°K 
(1000°C) annealing treatment. Fractures were ob- 
served to be transgranular at all temperatures. 

Vanadium has a temperature dependence of ten- 
sile properties which is characteristic of body- 
centered-cubic metals. There are several features of 
this dependence. For example, strength is exceed- 
ingly dependent on temperature in the low tem- 
perature range. Below 300°K strength rises very 
rapidly as temperature is diminished. Yield points 
and discontinuous yielding, observed at low and in- 
termediate temperature, respectively, indicated 
strain aging behavior. Other strain aging indicators 
are the minima in strain rate sensitivity and elonga- 
tion, and the maxima in strain hardening and 
strength relationships at about 700°K. Similar tem- 
perature dependences have been observed for iron 
and steel,”* molybdenum,’ and tantalum.” 
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Sand Cast Magnesium- 


Rare Earth Metal-Zirconium Alloys 


Addition of zirconium to cast magnesium-rare earth metal alloys results in a marked 
degree of grain refinement and a significant improvement in strength and ductility at 
temperatures up to 400°F. The strength properties and creep resistance of Mg-didym- 
ium-Zr alloys are markedly superior to those of Mg-Mischmetal-Zr alloys. Results of 
studies on alloys containing various proportions of Mischmetal and didymium, and cerium 
and didymium, are also presented. In general, both in Ce-didymium and Mischmetal-didym- 
ium alloys the strength properties increase with increasing didymium content. 


by T. E. Leontis and D. H. Feisel 


AGNESIUM alloys containing rare earth 
metals have received considerable attention 
during the past several years because of the need 
for light alloys having high strength and creep 
resistance at elevated temperatures. Although much 
of the work reported earlier has dealt with alloys 
containing Mischmetal, it has been shown in two 
previous papers”’ that distinctly different effects 
are produced by various rare earth metals and 
rare earth metal mixtures on the properties of 
magnesium. For example, much higher strengths 
are obtained in magnesium alloys containing didym- 
ium (essentially neodymium plus praseodymium) 
than in alloys made with Mischmetal, which con- 
tains all the rare earth metals in the proportions 
in which they occur naturally in the monazite ore. 
Mg-rare earth metal alloys are characterized by 

a relatively coarse grain size, which greatly impairs 
castability. The addition of zirconium as a second 
alloying ingredient has been shown*" to refine the 
grain size, which also produces a distinct improve- 
ment in the strength properties. Certain Mg- 
Mischmetal-Zr and Mg-Mischmetal-Zn-Zr alloy 
compositions which are currently being produced 
commercially have been discussed in detail by 
Nelson and Strieter,** who also present some in- 
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formation on a Mg-low Ce-Mischmetal-Zr alloy, 
and by Nelson.’ A patent issued to Jessup, Emley, 
and Fisher” emphasizes the superiority of Mg- 
didymium-Zn-Zr alloys over the corresponding 
alloys made with Mischmetal. 

The purpose of this paper is to present the results 
of an extensive investigation concerned with the 
effect of increasing amounts of zirconium on mag- 
nesium sand casting alloys containing several differ- 
ent rare earth metal mixtures in varying amounts. 
The effect of the addition of zinc to some of these 
alloys is also being reported. 


Preparation and Testing of Alloys 

The alloys studied in this investigation were 
prepared in small laboratory melts according to 
the melting procedures described by Nelson” as the 
Crucible Method. Electrolytic magnesium having 
the composition shown in Table I was used as the 
starting material. The rare earth metal alloying 
ingredients used in preparing these alloys were 
essentially of the compositions listed in Table II. 
Some of the didymium-containing alloys were pre- 
pared using a Mg-didymium hardener. The rare earth 
metal content of this hardener analyzed 1.2 pct Ce, 
10.4 pct Pr, 80.8 pet Nd, and 7.6 pct La. The zirconium 
was added in one of three forms: 1) as sponge zirco- 
nium obtained from the Bureau of Mines; 2) as a 
fused salt consisting of 50 pct ZrCl, and 50 pct 
alkali chlorides from which the zirconium is re- 
duced by the magnesium; or 3) as a Mg-Zr 
hardener. The alloying procedures and melt hand- 


Table |. Typical Analysis of Electrolytic Magnesium by Spectrographic Method, Pct 


Al Ca Cu Fe Mn Ni Pb Si Sn Zn 
<0.01 <0.01 <0.01 0.03 0.05-0.10 <0.001 <0.001 <0.01 <0.001 <0.01 
Table II. Chemical Analyses of Rare Earth Metals 

Producer’s 

Designati Total Rare r Other 

Sf Material: Earths, Pct Ce, Pct Nd, Pct Pr, Pct Th, Pct La, Pet Fe, Pct Si, Pct Cr, Pet Impurities, Pct 

Mischmetal 97.8 50.6 18.2 6.4 nil 22.6 0.59 0.16 0.03 1.42 

Cerium-free 

NMiechmetal 94.5 0.2 Spi} 12:2 0.9 46.0 3.24 0.20 0.31 1.79 

Didymium 89.8 0.8 72.3 7.9 nil 8.8 7.05 0.56 0.75 2.84 

Cerium 94.8 92.2 0.9 0.3 nil 1.4 2.37 0.02 0.50 2.21 
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Fig. 1—Tensile strength and tensile yield strength at 70°F 
of Mg-3 pct rare earth metal-Zr alloys in the T6 condition. 


ling techniques for alloy compositions of this type 
are discussed in detail by Nelson and Strieter.*” 

The alloys were cast into sand molds using a 
four-bar pattern to produce test bars of 6% in. 
length with a reduced section 2% in. long and %& 
in. diam. The test bars were tested without machin- 
ing the surface of the reduced section. 

All alloys were tested in various conditions of 
heat treatment. The following ASTM designations 
are used throughout the paper to indicate the dif- 
ferent conditions: T5, aged at 400°F for 16 hr; T4, 
solution heat treated; and T6, solution heat treated 
and aged at 400°F for 16 hr. Differences in the 
solidus temperatures of the various alloys necessi- 
tated the use of different solution heat treating tem- 
peratures as shown in Table III. The heat treating 
conditions listed are adequate for effecting maxi- 
mum solution of the alloying elements and coales- 
cence of the undissolved compound without causing 
a significant increase in the grain size. 

The methods of tension and creep testing have 
been described in detail in earlier papers.”” The 
creep characteristics of each alloy are described 
by the following three parameters obtained by 
interpolation of log stress vs log extension plots of 
the original data: 1) creep limit based on 0.1 pct 


Table III. Solution Heat Treating Temperatures* 


Solution 
Heat Treating 


Alloy Addition to Mg-Zr Base Alloy Temperature, °F 


'Y2 to 7 pct Mischmetal 1050 
3 to 5 pct Cerium-free Mischmetal 1050 
1 to 2 pet Didymium 1050 
3 to 6 pect Didymium 1000 
2 to 3 pct Didymium + 1 to 1.5 pet Mischmetal 1025 
2 to 4 pet Didymium + 2 pct Zn 925 
2 to 4 pct Didymium + 4 pct Zn 900 


* Solution heat treating time of 16 hr for all alloys. 
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Fig. 2—Tensile strength and tensile yield strength at 400°F 
of Mg-3 pct rare earth metal-Zr alloys in the 76 condition. 


creep extension in 100 hr, 2) creep limit based on 0.2 
pet total extension in 100 hr, and 3) creep limit 
based on 0.5 pct total extension in 100 hr. The 
total extension includes both the creep extension 
and the initial extension resulting from application 
of the load. Creep rates are not reported since 
they bear little significance when derived from 
tests of 100-hr duration. 


Discussion of Results 

Tensile Properties—As indicated earlier, the most 
significant effect of zirconium on sand cast Mg-rare 
earth metal alloys is the reduction in the grain size. 
Binary Mg-rare earth metal alloys are characterized 
by a rather coarse equiaxed grain structure. Addition 
of between 0.10 and 0.30 pet Zr reduces the grain 
size to between 0.002 and 0.005 in., while increas- 
ing the zirconium content to between 0.4 and 0.6 
pet further reduces the grain size to between 0.001 
and 0.002 in. In general, the presence of rare 
earth metals decreases the maximum amount of 
zirconium soluble in magnesium from 0.7 pct to 
a value in the range of 0.5 to 0.6 pct. When zircon- 
ium contents are indicated, they are given as acid 
soluble. This serves to distinguish these values 
from the small amount of unalloyed zirconium 
which does not dissolve when the analytical sample 
is subjected to the action of a dilute solution of 
hydrochloric acid. The acid insoluble zirconium did 
not exceed a few hundredths of 1 pet in any alloy. 

All the Mg-rare earth metal-Zr alloys are bene- 
fited by a solution heat treatment prior to the 
aging treatment. Both the ductility and strength 
are higher in the T6 condition than in the T5 con- 
dition at all testing temperatures. For this reason, 
only properties of these alloys in the T6 condition 
are being reported. 

The enhancement of the tensile properties of Mg- 
3 pct rare earth metal alloys by the addition of zir- 
conium is clearly shown in Figs. 1 to 3. Zirconium 
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Fig. 3—Tensile strength and tensile yield strength at 600°F 
of Mg-3 pct rare earth metal-Zr alloys in the T6 condition. 


content affects tensile properties in a similar way 
at both higher and lower levels of rare earth metal 
content. As a general statement, it can be said that 
for all rare earth-containing alloys, the strength 
properties up to 500°F increase with increasing 
amounts of zirconium. At 600°F, however, zircon- 
ium content has no significant effect on the proper- 
ties of these alloys. The effect of zirconium on the 
ductility of the alloys is shown by the data in 
Table IV. These data show that zirconium increases 
the ductility of alloys containing up to 3 to 4 pct 
rare earth metals, whereas this property is not im- 
proved in alloys of 5 to 6 pct rare earth metal con- 
tent. 

Figs. 1 to 3 also show that significant differences 
exist among the various rare earth metals in their 
effect on the strength properties, as in the case of 
zirconium-free alloys.’ 

Alloys containing cerium-free Mischmetal + 
zirconium are superior to Mg-Mischmetal-Zr alloys, 
but the outstanding properties are exhibited by Mg- 
didymium-Zr alloys. 

The effects of Mischmetal content, zirconium con- 
tent, and testing temperature on the tensile prop- 
erties of the Mg-Mischmetal-Zr alloys in the T6 
condition are shown by the curves in Figs. 4 to 6. 
The curves of Mg-Mischmetal alloys (0 pct Zr) are 
reproduced from a preceding publication.’ Elongation 
values for these alloys are to be found in Table IV. 
The curves in Fig. 6 emphasize a previous statement 
that at,600°F zirconium content has no significant 
effect on the properties of the Mg-rare earth metal 
alloys. In fact, the values for Mg-Mischmetal-Zr 
alloys fall quite closely to the curve for Mg-Misch- 
metal alloys. 

The tensile properties of Mg-didymium-Zr alloys 
at 70°, 400°, and 600°F are shown by the curves 
in Fig. 7. Curves for Mg-didymium alloys are re- 
produced from a preceding publication* for compari- 
son. Elongation values are given in Table IV. Above 
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Fig. 4—Tensile strength and tensile yield strength at 70°F 
of Mg-Mischmetal-Zr alloys in the T6 condition. 


Table IV. Elongation of Alloys at Room and Elevated Temperatures 


Percentage of 
Elongation in 2 In. 


Alloy Rare Zirco- 
No. Earth, Pct nium, Pct 70°F 400°F 600°F 
Magnesium 
0 38 81 
Mg-Mischmetal-Zr Alloys, T6 Condition 
i 0.40 0 8 24 52 
2 0.49 0.21 8 20 59 
3 0.66 0.55 8 21 54 
4 2.50 0 2 8 33 
5 3.23 0 1 4) 24 
6 3.39 0.07 2 12 34 
v 3.19 0.28 3 13 70 
8 2.85 0.43 4 16 58 
9 3.61 0.44 3 10 55 
10 3.19 0.50 3 9 49 
11 3.11 0.52 3 12 54 
12 3.21 0.57 3 13 52 
13 4.20 0.51 4 12 53 
14 4.76 0.56 3 2 49 
15 6.33 0 pt i 12 
16 6.12 0.36 0.5 2 38 
17 6.22 0.53 0.5 3 58 
Mg-Cerium-Free Mischmetal-Zr Alloys, T6 Condition 
18 3.00 0 2 14 41 
19 Ree ir 0.40 2 11 58 
20 2.95 0.55 2 12 51 
Mg-Didymium-Zr Alloys, T6 Condition 
21 1.0 0 5 iby f 34 
22 1.04 0.60 9 20 52 
23 2.0 0 4 14 32 
24 1.98 0.61 % 16 51 
25 3.0 0 3 uh 30 
26 3.40 0.21 2 10 Sif 
27 2.98 0.46 7 10 50 
28 3.76 0.51 6 14 oF 
29 3.39 0.57 6 14 43 
30 4.47 0.23 3 12 22 
31 4.47 0.54 4 12 41 
32 5.5 0 1 3 28 
33 5.53 0.53 38 
Mg-Ce-Didymium-Zr Alloys, T6 Condition 
Cerium, Didymium, 
Pet Pet 
34 0.75 2.41 0.57 5 15 57 
35 1.13 2.04 0.64 5 14 45 
36 2225 1.08 0.60 13 64 
37 2.78 0 0.23 13 50 
Mg-Didymium-Mischmetal-Zr yee T6 Condition 
Didymium, Misch- 
Pct metal, Pct 
38 1.8 1.8 0.45 4 14 55 
39 1.6 1.6 0.41 5 14 50 
40 2.0 1.0 0.13 = 12 66 
41 2.0 1.0 0.43 4 14 56 
42 2.0 1.0 0.57 6 15 57 
43 3.2 1.6 0.48 2 4 50 
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Fig. 5—Tensile strength and tensile yield strength at 400°F 
of Mg-Mischmetal-Zr alloys in the 76 condition. 


the 3 pct didymium level, tensile strength decreases 
with increasing didymium content. The effect of 
zirconium additions to Mg-didymium alloys is most 
pronounced on the tensile strength at room temp- 
erature. Attention is called particularly to the ex- 
cellent combination of strength and ductility at 
room temperature of the alloy containing 3 pct 
didymium + 0.5 pct Zr. The superiority of these 
alloys over all other Mg-rare earth-Zr alloys per- 
sists at all temperatures investigated. 

In addition to studying Mg-didymium-Zr alloys, 
the properties of alloys containing mixtures of 
didymium and pure cerium and of didymium 
and Mischmetal were also determined. The re- 
sults of tensile tests on such alloys are shown in 
Figs. 8 and 9 and Table IV. It can be seen from 
these data that replacement of the didymium by 
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Fig. 6—Tensile strength and tensile yield strength at 600°F 
of Mg-Mischmetal-Zr alloys in the 76 condition. 


increasing amounts of either pure cerium or Misch- 
metal, while maintaining the same total rare earth 
metal content, results in a progressive decrease in 
the strength properties. The Mg-pure Ce-Zr alloy 
used in this comparison is somewhat low in zircon- 
ium content. However, at the level of 3 pct rare 
earth metal content, magnesium alloys containing 
pure cerium are quite similar to Mg-Mischmetal al- 
loys. Reference to the properties of a Mg + 3 pct 
Mischmetal + 0.5 pet Zr alloy will confirm the 
trends established by the Mg-Ce-didymium-Zr 
alloys. 

The curves in Fig. 8 show that an alloy whose 
rare earth metal content is composed of two parts 
didymium and one part Mischmetal is only slightly 
inferior in tensile properties to the corresponding 
alloy containing only didymium. This alloy has been 


Table V. Tensile Properties of Mg-Didymium-Zn-Zr Alloys 


400°F 


70°F 600°F 
Tensile Tensile Tensile 
Percentage Yield Tensile Percentage Yield Tensile Percentage Yield Tensile 
Zirco- of Elon- Strength Strength of Elon- Strength Strength of Elon- Strength Strength 
Rare Earth nium, Pct, gation in 1000 in 1000 gation in 1000 in 1000 gation in 1000 in 1000 
Alloy No. Metals, Pct Zn, Pct Acid Soluble’ in 2 In. Psi Psi in 2 In. Psi Psi in 2 In. Psi Psi 
Properties in the T5 Condition 
Alloys Containing Didymium 
24 1.98 —— 0.61 6 19 33 16 14 23 53 8 il 
44 2.13 1.81 0.69 8 15 28 25 11 21 38 8 13 
45 2.09 3.68 0.76 2 20 28 26 13 20 39 10 12 
29 3.39 — 0.57 3 21 31 11 17 27 48 8 12 
46 3.92 1.93 0.58 2 16 22 19 ity! 24 44 8 15 
47 4.01 3.82 0.63 4 17 27 25 12 22 42 8 13 
Alloys Containing Mischmetal 
48 2.82 2.99 0.69 83 17 22 itil 11 21 50 8 12 
Properties in the T6 Condition 
Alloys Containing Didymium 
24 1.98 - 0.61 “a 18 36 16 sly 25 51 12 14 
44 2.13 1.81 0.69 10 15 32 31 11 21 50 8 12 
45 2.09 3.68 0.76 12 16 34 39 10 15 70 i 8 
29 3.39 — 0.57 6 23 39 14 22 31 43 12 15 
46 3.92 1.93 0.58 3 16 25 20 12 24 61 9 12 
47 4.01 3.82 0.63 ai 16 30 27 11 20 52 10 


1248—JOURNAL OF METALS, OCTOBER 1957 


TRANSACTIONS AIME 


| 
| 
15 15 


55 
| 
50|}—— TENSILE STRENGTH 
45 
40 
(TN 
a 35 70°F 
30 L | x 
a 
Pa 0.5-0.6 % 2R 
5 ——+—+ NO 2R 
| 
30 Seal 
TENSILE YIELD STRENGTH : | | 
= =| 
= 70°F 
20 400°F _| 
2 is | 
~ Zr = 600°F _ | 
= 
5 
§ 
Co) 1 2 3 4 5 6 7 


DIDYMIUM, PER CENT 


Fig. 7—Tensile strength and tensile yield strength at 70°, 
400°, and 600°F of Mg-didymium-Zr alloys in the T6 con- 


studied in considerably more detail and the effect of 
zirconium content on its properties has already been 
shown in Figs. 1, 2, and 3. Although the strength 
properties of this alloy in separately-cast test bars 
are slightly lower than those of the corresponding 
Mg-didymium-Zr alloy, bar sections from a simu- 
lated production casting of both compositions ex- 
hibit nearly equivalent tensile properties in the T6 
condition. Replacement of a portion of the didym- 
ium by Mischmetal offers the possibility of a lower 
cost alloy and in addition conserves the less abund- 
ant rare earth metals. 

From the standpoint of porosity tendency it has 
been found beneficial to add zinc to Mg-Mischmetal- 
Zr alloys. This has resulted in a commercial alloy 
containing 3 pct Mischmetal, 3 pct zinc, and 0.5 pet 
minimum Zr (ASTM designation EZ33A).**° The 
results of tensile tests on a series of alloys contain- 
ing didymium and zinc are given in Table V to- 
gether with the properties of EZ33A alloy. It has 
been found that a solution heat treatment prior to 
aging does not enhance the properties of Mg-Misch- 
metal-Zn-Zr alloys. To illustrate these effects for 
Mg-didymium-Zn-Zr alloys, data for both the T5 
and T6 tempers are included in Table V. It can 
be clearly seen that the Mg-didymium-Zn-Zr al- 
loys behave in the same way with respect to heat 
treatment. On the other hand, Mg-didymium-Zr 
alloys are markedly benefited by a solution heat 
treatment. And what is more important is that Mg- 


dition. didymium-Zr alloys in the T6 temper exhibit 
Table VI. Creep Limits of Mg-Rare Earth Metal-Zr Alloys 
100-Hr Creep Limits, 1000 Psi 
400°F 600°F 
0.1 Pet 0.2 Pet 0.5 Pet 0.1 Pet 0.2 Pct 0.5 Pet 
Creep Total Total Creep Total Total 
Alloy No. Rare Earth, Pct Zirconium, Pct Extension Extension Extension Extension Extension Extension 
T6 Condition 
Mg-Cerium-free Mischmetal-Zr Alloys 
18 3.00 0 11.8 9.6 12.7 1.4 1.7 2.1 
19 3.17 0.40 9.4 8.7 11.2 1.2 1.3 LS 
20 4.98 0.32 10.8 9.8 12.4 ile 1.4 iley( 
Mg-Didymium-Zr Alloys 
21 1.0 0 8.5 7.2 9.5 1.9 2.1 2.6 
22 1.04 0.60 10.8 9.8 12.0 1.6 1.8 2.1 
23 2.0 0 11.5 9.0 12:5 1.2 2.0 2.8 
24 1.98 0.61 12.0 10.0 14.6 neil 1:3 1.8 
25 3.0 0 13.2 10.0 14.5 1.0 1.4 LT. 
27 2.98 0.46 11.2 9.2 15.0 1.2 1.4 1.6 
32 5.5 0 14.5 10.0 16.8 1.0 1.4 2.4 
33 5.53 0.53 i Ip Wa | 9.2 14.3 1.9 1.0 1.4 
Mg-Didymium-Ce-Zr Alloys 
Cerium, Pct Didymium, Pct 
34 0.75 2.41 0.57 11.0 10.0 13.0 nie 1.2 1.4 
35 1.13 2.04 0.64 9.5 8.4 12.4 0.8 0.9 12 
36 2.25 1.08 0.60 8.3 7.9 11.0 neil 13 1.6 
37 2.78 0 0.23 8. A 8.8 1.8 2.0 2.3 
Mg-Didymium-Mischmetal-Zr Alloys 
Didymium, Pct Mischmetal, Pct 
40 2.0 1.0 0.13 9.6 8.5 IS 0.7 0.9 1.2 
42 2.0 1.0 0.57 9.4 8.5 11.7 0.8 0.9 1.2 
43 3.2 1.6 0.48 8.3 7.6 10.5 0.7 0.9 iat 
Mg-Didymium-Zn-Zr Alloys 
Didymium, Pct Zinc, Pct T5 Condition 
24 1.98 — 0.61 8.6 8.3 10.2 0.8 0.9 teal 
44 1.81 0.69 8.6 8.0 9.9 1.4 
45 2.09 3.68 0.76 7.8 7.2 10.0 0.6 0.7 1.0 
46 3.92 1.93 0.58 10.0 8.1 10.0 0.9 1.4 A By 
47 4.0 3.82 0.63 9.8 8.6 11.0 1.0 1.4 17 
T6 Condition 
44 2.13 1.81 .69 8.5 8.0 10.4 1.0 pe 1:7 
45 2.09 3.68 0.76 6.1 6.1 8.0 0.5 0.6 0.8 
46 3.92 1.93 0.58 8.6 7.6 10.8 1.2 1.4 1.8 
47 4.01 3.82 0.63 9.2 8.8 10.3 1.0 1.2 15 
Mg-Mischmetal-Zn-Zr Alloy 
Mischmetal, Pct Zinc, Pct T5 Condition 
48 2.82 2.99 0.69 9.0 8.0 10.1 1.0 1.2 qe5) 
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Fig. 10—Limiting stress for 0.1 pct creep extension in 100 
hr of Mg-Mischmetal-Zr alloys in the T6 condition. 


markedly higher strength properties at all temper- 
atures than the corresponding alloys containing 
zinc. 

Creep Resistance—The effects of zirconium con- 
tent on the creep properties of the Mg-Mischmetal- 
Zr alloys at 400° and 600°F are shown by the 
curves in Figs. 10 to 12. At all levels of Mischmetal 
content except approximately 0.5 pct, there is a 
downward trend in the creep limits with increasing 
zirconium content. Percentagewise, the decrease is 
much greater at 600° than at 400°F. There appears 
to be a minimum of the creep resistance of the 
Mischmetal alloys at about 0.25 pct Zr. These effects 
may be a result of the opposing effects on creep 
resistance of grain refinement and strengthening 
resulting from the addition of zirconium. At the 
level of 0.5 pct Mischmetal, the creep resistance is 
definitely improved by the addition of zirconium. 
In fact, at 600°F, the creep resistance of the Mg + 
0.66 pct Mischmetal + 0.55 pct Zr is the highest 
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Fig. 11—Limiting stress for 0.2 pct total extension in 100 hr 
of Mg-Mischmetal-Zr alloys in the T6 condition. 
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of any of the zirconium-containing alloys investi- 
gated. The creep resistance of this alloy at 400°F 
is comparable to that of the commercial alloys 
EK30A-T6 (Mg + 3.4 pct Mischmetal + 0.3 pct 
Zr) and EK41A-T6 (Mg + 4 pct Mischmetal + 
0.6 pet Zr), and at the same time has a good com- 
bination of strength and ductility at room tempera- 
ture. It appears that more work is needed in the 
lower Mischmetal range. There are possibilities for 
an alloy cheaper and more castable than the higher 
Mischmetal-containing EK30A and EK41A. The 
T5 condition creep limits were obtained but are 
not reported. The creep limits of the Mg-Misch- 
metal-Zr alloys in the 7'5 and T6 conditions do not 
differ significantly. 

The creep limits of other Mg-rare earth metal- 
Zr alloys and the Mg-didymium-Zn-Zr alloys are 
presented in Table VI. The Mg + 3 pct cerium-free 
Mischmetal + 0.40 pct Zr alloy shows a distinct 
superiority in creep resistance at 400° over the 
corresponding alloy containing Mischmetal, but 
at 600°F the two compositions are equivalent. The 
results confirm those of Nelson and Strieter,* who 
tested an alloy made with low-cerium Mischmetal 
in which the cerium amounted to about 3 to 4 pct 
of the total rare earth metal content. Significantly, 
higher creep resistance at 400°F is exhibited by 
Mg-didymium-Zr alloys, a result which confirms 
the findings on Mg-didymium alloys. At 600°F, 
however, these alloys show no advantage in creep 
resistance over the corresponding alloys containing 
Mischmetal. The Mg-Ce-didymium-Zr alloy shows 
a definite downward trend in creep resistance with 
increasing cerium content. The Mg-didymium- 
Mischmetal-Zr alloys have creep resistance at 
400°F superior to those of corresponding alloys 
made with Mischmetal but inferior to that of the 
alloys containing only didymium; at 600°F the 
alloys are about equivalent. Addition of zinc to Mg- 
didymium-Zr alloys is detrimental to the creep 
resistance of these alloys. 


Summary 
The results presented in this paper clearly show 
that the grain refinement of Mg-rare earth metal 
alloys resulting from the addition of zirconium is 


13 
400°F 0.55 % BR 
| 
= 0.25% 
Ax La 
| 
600°F 
O% ZR 
0.25% 2R _| 
| 
0.55 ZR — 
|_| 
0 1 2 3 4 5 6 7 


MISCHMETAL, PER CENT 


Fig. 12—Limiting stress for 0.5 pct total extension in 100 hr 
of Mg-Mischmetal-Zr alloys in the 76 condition. 
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accompanied by a = significant improvement in 
strength and ductility at temperatures up to 400°F. 
Creep resistance is impaired slightly at 400° and 
more drastically at 600°F by the addition of zircon- 
ium. 

Table VII is presented in order to afford a quick 
comparison of some of the experimental alloys 
discussed in this paper with commercial Mg-rare 
earth metal alloys (EK30A, EK41A, and EZ33A) used 
at elevated temperatures. Data are included in this 
table at 500°F in order to give a more complete 
picture of the effect of temperature. Also, proper- 
ties of two important magnesium alloys containing 
thorium (HK31A and HZ32A) are presented. These 
alloys are discussed in much more detail else- 
where.** In general, alloys EK30A-T6, EK41A-T5, 
EK41A-T6, and EZ33A-T5 are essentially equivalent 
both in static properties and creep resistance, with 
EK41A-T6 showing some superiority. The Mg- 
didymium-Zr alloys exhibit the highest strength 
and ductility and show some superiority in creep 
resistance at 400°F. The alloy containing 2 pct 
didymium appears to have some advantage in 
creep resistance at 500°F. The outstanding charac- 
teristic of the alloys containing thorium is the high 
creep resistance at 500° and 600°F, which is even 


more pronounced when evaluated in tests of longer 
duration than 100 hr.* 
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Grain Boundary Deformation in Fine-Grained 


Electrolytic Magnesium 


by S. L. Couling and C. S. Roberts 


LASTIC strain in polycrystalline metal as a re- 

sult of bulk movement of one grain with res- 
pect to another along grain boundaries is not new. 
Rosenhain and Humphrey observed such effects 
shortly after the turn of the century.’ Since then, 
observations of grain boundary deformation have 
been made on several metals.” In recent years, in- 
tensive studies of the deformation at grain bound- 
aries have been performed on polycrystalline me- 
tal and bicrystals.“ Aluminum or its alloys have 
been used in these latter studies. The subjects of 
controversy at present appear to be not whether 
grain boundary deformation exists, but 1) how 
quantitatively important it can be in polycrystal- 
line metal, and 2) what its detailed mechanism is. 
Some investigators have concluded that such de- 
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formation is minor in importance while others have 
concluded that it is a major consideration. Some 
have concluded that it involves shear of one grain 
over another at the interface while others have con- 
cluded that it operates by crystallographic defor- 
mation within the grains near the boundary. A 
categorical statement for electrolytic magnesium ‘' 
cannot be made on either of these points. When 
polycrystalline magnesium is deformed in creep 
under conditions of high strain rate and low tem- 
perature, grain boundary deformation is relatively 
slight.“ Under these conditions, much deformation 
occurs within the grains and boundary contours 
change to a higher-energy jagged form. The result 
is shown in Fig. 1, where boundary jaggedness is 
pronounced upon polishing and etching after a 
plastic strain of approximately 6 pct at 300°F and 
3000 psi. No migration of the boundaries has been 
detected in this process. When the same metal is 
deformed the same amount at 600°F and 300 psi, 
resulting in a much lower strain rate, the boundaries 
migrate toward a lower energy configuration, where 
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their smoothness equals or exceeds that of the ori- 
ginal aggregate. Such a result is shown in Fig. 2. 

This paper presents quantitative evidence on this 
second process, which involves migration of bound- 
aries in conjunction with shear of one grain with 
respect to the other. The results show that under 
conditions of high temperature and low strain rate 
boundary deformation is by far the major strain 
contributor. In the limiting case it appears that all 
the deformation would be localized at the bound- 
aries. 


Experimental Procedure 


Completely recrystallized extruded electrolytic 
magnesium was used in the investigation. This ma- 
terial was identical with respect to purity, extrusion 
conditions, and preferred orientation to that used 
in earlier work by one of the authors.“ Creep speci- 
mens with a 4% in. wide gage section were machined 
from ¥g x 1% in. cross section flat stock. The aver- 
age grain diameter was about 0.003 in. with some 
minor variation between specimens. Specimens were 
tested at 600°F under stresses of 750, 500, 400, and 
300 psi; additional tests at 500° and 650°F were 
made with respective stresses adjusted so as to have 
approximately the same strain rate as in the 600°F, 
500 psi test. 

Grain boundary displacements were measured by 
a grid technique. Electropolished samples were 
ruled with lines transverse to the stress axis using 
a sharp razor blade and then reelectropolished for 
30 sec. Metallographic examination with the aper- 
ture diaphragm stopped down to the limit showed 
the lines to be almost hairbreadth. Measurements 
were made at X1000 with a calibrated filar eyepiece. 
An idealized sketch of a gridded area after grain 
boundary deformation has occurred is shown in 
Fig. 3. The exact method of obtaining the strain 
localized at grain boundaries (e¢;) from measure- 


ments of individual boundary displacements (X) and 


boundary angles (@) is presented in the Appendix. 
Providing a sufficient number of boundary shears 
are measured to determine the average boundary 
shear, ‘x, within narrow limits, the grid technique 
used in this investigation should give an accurate 
figure for eg;. It is assumed, of course, that surface 
measurements are representative of the interior of 
the metal and that the grid lines do not influence in 
any way the behavior of boundaries they happen to 
cross. Concerning this latter point, no interaction 
between grid lines and boundaries was ever noted. 
In an effort to obtain as accurate as possible a figure 


for x, at least 500 boundary shears were measured 
in every specimen. Between 2 and 4 pct of these in- 
dividual displacements were negative; the alge- 
braic sum of positive and negative displacements 
was used in computing a. Negative shears were most 
often observed on boundaries of low @ and most 
likely resulted from grain rotation. 

Measurements of grain boundary migration were 
obtained by traversing in a longitudinal or trans- 
verse direction and measuring at X1500 with a filar 
eyepiece the apparent distances through which 
boundaries had migrated. The angle that each 
boundary made with the stress axis was measured 
with a protractor eyepiece. Careful metallographic 
examination of grain boundary deformation was 
made and micrographs of representative areas after 
various amounts of creep obtained. 

Measurements of overall creep extension, er, made 
by Martens extensometer readings were compared 
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with those calculated from direct measurements of 
grid line spacings before and after creep. These lat- 
ter measurements were made using the calibrated 
stage of a metallograph. Where slight differences 
were observed between the two measurements, an 
average value was arbitrarily taken for ey. 


Boundary Deformation 

A representative piccure showing grain boundary 
deformation is presented in Fig. 4. The smooth 
cyclic nature of the boundary deformation process 
is evident; boundary shears alternate with migra- 
tions of the respective boundaries to new positions. 
Metallographic examination of all specimens showed 
that the amount of basal slip present was a func- 
tion of the test conditions, an increasing occurrence 
of basal slip being noted with increasing stress 
(temperature constant) or decreasing temperature 
(strain rate constant). Almost no basal slip could be 
detected in the sample stressed at 600°F, 300 psi. 
Examination of representative areas in several speci- 
mens after ~3 pct and again after ~6 pct creep 
showed that the total shear at any one boundary 
had roughly doubled between the 3 and 6 pct creep 
levels while the total boundary migration (although 
larger after 6 than 3 pct) had not increased propor- 
tionately. The distance between successive bound- 
ary steps was observed to decrease with continued 
cycling until individual displacements were no 
longer resolvable. 

Relative movements of grains perpendicular to 
the specimen surface were examined metallographi- 
cally at high magnification. It was noted that the 
direction of boundary migration was always down- 
hill, i.e., into the receding grain. No correlation 
could be observed between the direction in which 
a particular boundary tended to migrate and curva- 
ture of the boundary. 

The data are collected in Tables I and II so as to 
show the effects of time and temperature on the 
amount of boundary contributed strain. Higher 
temperatures (time constant) or longer times 
(temperature constant) to the same total strain lead 
to increased contributions from grain boundary de- 
formation. Values of ¢¢;/er range from 0.67 to 0.93. 
These values are considerably higher than those 
reported by other investigators making similar 
determinations for pure aluminum and aluminum 
alloys. In McLean’s”™” work, a test temperature of 
only 200°C was used and the grain size of his ma- 
terial was six times larger than that used in the 
present work. In the work of Fazan et al.,” the 
grain size was of the order of 50 times larger than 
that used here. Since large contributions from 
boundary deformation are favored by small grain 
size, high temperature, and low strain rate, it is not 
surprising that higher contributions were determined 
in the present case. 


Boundary Migration 

Measurements of boundary migrations were made 
in four of the six specimens. The procedure followed 
was to traverse 66 consecutive boundaries in both 
the longitudinal and transverse directions, measur- 
ing apparent migration and angle for each boundary 
encountered. Average apparent migration in each 
10° angular increment of 6 could then be calculated. 
Actually, such measurements and_ calculations 
would not give true migration values because some 
contribution from boundary shearing would be 
present in the measurements. The true migration 
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Fig. 1—6 pct creep at 300°F and 3000 psi. Repolished and 
etched after deformation. X500. Reduced approximately 20 
pct for reproduction. 


in an angular increment should be the apparent 
migration minus the product of the average shear 
in that increment multiplied by sine 6. Because only 
132 boundaries per specimen were measured, the 
data showed fairly wide scatter. However, the 
following general trends were apparent: 

1) After 3 pct creep, boundaries perpendicular 
to the stress axis (6 = 90°) had migrated through 
a distance which was 1.5 to 2.5 times as great as the 
distance through which they had sheared. Bound- 
aries parallel to the axis (9=0°) had migrated 
about half as much as the @ = 90° boundaries. For 
intermediate angle boundaries, a linear relationship 
between these two extremes appeared to obtain. 

2) After 6 pct creep, the amount of shearing 
on the @=90° boundaries had doubled, but the 
amount of migration did not increase proportion- 
ately, the result being that the migration to shear- 
ing ratio was now between 1.0 and 2.0. Boundaries 
with 6 = 0 had not changed as much in their migra- 
tion rate, so they had now migrated 0.75 to 1.0 
times as much as the @ = 90° boundaries. Again, an 
approximately linear relationship obtained for 
intermediate angles. 


SNS 
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Fig. 3—Grain boundary displacements and boundary angles. 
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Fig. 2—6 pct creep at 600°F and 300 psi. Repolished and 
etched after deformation. X500. Reduced approximately 20 
pct for reproduction. 


Discussion 


The results indicate that the high-temperature 
boundary deformation process consists of cyclic 
boundary shearing and migration. A_ structural 
model for such a process is presented. Consider 
that, like deformation within grains, grain bound- 
ary shear may be elastic, anelastic, or plastic. The 
first two have been observed in the studies of Ké”” 
and discussed comprehensively by Zener.” The static 
modulus of an aggregate involves anelastic behavior 
of the boundaries because of stress relaxation across 
them. The anelastic strain approaches a finite limit 
because of stress concentration at boundary edges. 
The dynamic modulus involves elastic behavior of 
the boundaries because the period of oscillation is so 
much less than the relaxation time. It is suggested 
here that plastic boundary behavior occurs in static 
creep when a thermally activated phenomenon, 
boundary migration, relieves the blocking stress 
concentration at grain edges and allows the an- 
elastic boundary shears to be captured. This concept 
is analogous to the anelastic dislocation movement 
between barriers within a grain becoming plastic 
strain by the thermal activation of the dislocations 
over the barriers. 

Suppose that a shear stress is applied to boundary 
A-B in Fig. 5. As this stress is relaxed by anelastic 
strain, stress concentrations will build up in grains 
C and D at the triple points. Now let migration of 
the B-C, A-C, B-D, and A-D boundaries operate. 
Since the shear has slightly increased the total 
boundary area, migration is driven by the lowering 
of interfacial energy as well as by the lowering of 
elastic strain energy. When the local stress con- 
centration is adequately relieved by the sweeping 
grain boundaries, the original boundary can shear 
again. Boundary A-B may also migrate to relieve 
stress concentrated by shear on B-C, A-C, A-D, or 
B-D and so on in a complex fashion throughout the 
entire aggregate. 

The maximum anelastic displacement which can 
occur on a favorably oriented boundary during one 
cycle may be calculated with the help of an expres- 
sion developed by Ké.” If s is the shear stress acting 
on the boundary; Gu the unrelaxed shear modulus; 
d, the average grain diameter; and AX’ the displace- 
ment that occurs during relaxation time 7, then 
AX’/d = s/Gu. Now AX’ represents all but one eth 
of the maximum possible displacement, AX, so that 
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Fig 4—6 pct creep at 600°F and 400 psi X500. Reduced 
approximately 20 pct for reproduction. 


e sd 
AX =( AX? = 1.58\——. For a test stress of 
e—1 Gu 


300 psi, a @= 90° boundary (boundary trace per- 
pendicular to the stress axis) lies, on the average, 
at 45° to the surface, and the resolved shear stress 
is 150 psi. Taking d = 0.003 in. and Gu (600°F) = 
2.0 x 10° psi, AX ~ 3.6 xX 10% in. Resolved on the 
surface, this would correspond to a displacement 
in the direction of the stress axis of 2.5 x 10% in. 
From Fig. 6, after 3.45 pct creep, boundaries with 
6 = 90° in the 600°F, 300 psi specimen showed an 
average shear of 6.3 X 10” in.; and after 5.61 pct 
creep, a shear of 11.0 x 10° in. These measured 
shears, therefore, correspond to about 250 and 440 
cycles, respectively, each of the cycles contributing 


a displacement of 2.5 x 10“ in. Metallographic ex- 
amination at high magnification has disclosed that 
these figures are quite reasonable. In some bound- 
aries, individual steps are not resolvable but in 
others, more than 100 steps can be distinguished 
along with an unresolvable region. 

It has been proposed several times™"”” that de- 
formation localized at grain boundaries is caused 
by the stress concentrations resulting from deforma- 
tion in the interior of adjoining grains. In the case 
of electrolytic magnesium, this concept may be valid 
for low temperature creep (conditions similar to 
those of Fig. 1) but it is invalid for the conditions of 
high temperature-low strain rate investigated here, 
where it was observed that grain boundary defor- 
mation became more pronounced as strain within 
the grains decreased. In a like manner, the results 
also contradict the suggestion that dislocation move- 
ment on slip planes is the cause of boundary mi- 
gration.” 

Summary 

High temperature grain boundary deformation in 
a simple polycrystalline magnesium aggregate is a 
two-stage process involving alternate boundary 
shearing and migration. Increasing test tempera- 
tures and decreasing strain rates favor larger con- 
tribution to the overall strain from boundary de- 
formation. In the limiting case, it appears that all 
the deformation would be localized at the bound- 
aries. A mechanism which explains the observa- 
tions is the alternation of anelastic boundary shears 
with the capture of these shears when the bound- 
aries migrate to new positions. Repetition leads to 
cyclic process. The number of cycles necessary to 
produce the measured shear on a simple boundary 
has been calculated and found to agree qualitatively 
with metallographic observation. 


Table |. Effect of Time on Grain Boundary Deformation of Electrolytic Magnesium 


Test Conditions Pet t, Hr x, In. N Pet 
600°F, 500 psi 3.39 119 3.53x10-5 5.12x10-5 540 PETE 0.81 
600°F, 400 psi 2.71 214 3.63 5.22 460 2.40 0.89 
600°F, 300 psi 3.45 672 4.12 5.97 540 3.23 0.93 
600°F, 750 psi 5.80 122 6.54 9.48 410 3.89 0.67 
600°F, 500 psi 6.14 237 6.46 9.37 525 4.92 0.80 
600°F, 400 psi 5.88 573 6.98 10,12 450 4.55 0.78 
600°F, 300 psi 5.61 1149 6.35 9.20 525 4.83 0.86 


sf ep equals total creep strain; t, creep testing time; x, average grain boundary displacement, > xi/n; x, corrected displacement, Fx, 


n 


4=1 


where F = 1.45, see Appendix; N, number of grain boundaries intercepted in a 1 in. longitudinal traverse; Egp strain contributed by grain 


boundary deformation, Nx x 100 pet; and €qgn/Ep> fraction of the total strain caused by grain boundary deformation. 


Table Il. Effect of Temperature on Grain Boundary Deformation of Electrolytic Magnesium 


Test Conditions Pet t, Hr In. x, In. N Egp Pet 
500°F, 1100 psi .24 120 3.01x10- 4.37x10— 540 2.36 0.73 
600°F, 500 pai 3.39 119 3.De 540 0.81 
650°F, 375 psi 3.20 98 5.09 540 
500°F, 1100 psi 6.16 267 5.68 8.25 525 4.33 pee 
600°F, 500 psi 6.14 237 6.46 9.37 525 4.92 Hoa 
650°F, 375 psi .36 259 6.72 9.74 525 Daly i 


* 
ep 


n 


equals total creep strain; t, creep testing time; a, average grain boundary displacement, » 2xi/n; ‘x, corrected displacement, Fx, 


4=1 


where F = 1.45, see Appendix; N, number of grain boundaries intercepted in a 1 in. longitudinal traverse; e,;,, strain contributed by grain 


boundary deformation, Nee 100 pet; and €gp/Eg> fraction of the total strain caused by grain boundary deformation. 
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Fig. 5—As the shear 
stress applied to 
boundary A-B is 
relaxed by anelastic 
strain, stress con- 
centrations build up 
at the triple points. 
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Fig. 6—Boundary displacement ys @ after 3.45 pct creep 
and after 5.61 pct creep in 600°F, 300 psi specimen. 


Appendix Calculation of «cs From Boundary 
Displacement Measurements 

Fazan, Sherby, and Dorn” have calculated eg; by 
measuring individual boundary displacements (X) 
in a direction parallel to the stress axis, averaging 
the displacements to get x, and multiplying this 
figure by the number of grain boundaries (N) in- 
tercepted by a transverse of unit distance in the 
longitudinal direction. The value of ¢€g; so obtained 
is only correct if boundary displacement is inde- 
pendent of the angle which the trace of the bound- 
ary makes with the stress axis or if all boundaries 
make the same angle with the stress axis. In the 
present work it was found that there was a large de- 
pendence of boundary shear on trace angle; bound- 
aries almost parallel to the axis made little or no 
contribution while those perpendicular evidenced 
maximum shears. It was therefore necessary to 
calculate a correction factor, F, which could be ap- 
plied to values of eg; obtained simply by measure- 
ments of N and x. This was accomplished in the fol- 
lowing manner: 

a) A specimen was creep tested to 3.45 pct and 
later to 5.61 pct at 600°F, 300 psi. After each creep 
increment, values of boundary displacement, x, and 
angle, 6, which the respective boundaries made with 
the stress axis were measured for at least 550 grain 
boundaries. 


b) Average boundary displacement x = 
n 


was determined for each case. 

c) The average boundary displacement in each 
10° angular increment of @ was calculated for both 
cases, plotted on a graph, and a smooth curve drawn 
through the graphed points to give %, X., ---%», as 
shown in Fig. 6. 
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Fig. 7—Boundary angle frequency ys 0. 


d) Boundary angles were measured on a longi- 
tudinal traverse. A normalized plot of frequency of 
occurrence of boundary angle in each 10° angular 
increment of 6 was made and a smooth curve drawn 
through the graph points to give f., f., ---fs, as 
shown in Fig. 7. (This step would be unnecessary if 
the grains were symmetrical, since the curve would 
have the shape of a normalized sine wave. How- 
ever, in the electrolytic magnesium used in this 
work the grains were slightly elliptical in shape 
with the major axis of the ellipse in the transverse 
direction; as a result, the shape of the curve is more 
like that shown in Fig. 7.) 

e) The corrected average boundary displace- 


ment, x, for both cases was then obtained as the sum 


9 
x,f;, where 2, and fi, f, arevas 


shown in Figs. 6 and 7, respectively. 


f) The correction factor, F, is the x/x for each 
case. The calculated values of F were 1.43 (3.45 pct 
creep) and 1.47 (5.61 pct creep). An average, F = 


1.45, was applied to measurements in which only x 
was obtained. The validity of such a procedure is 
believed to be reasonably good, since the specimens 
were all of uniform grain geometry. 
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Nature of the Ni-Cr System 


It is shown that chromium-rich nickel alloys precipitate rapidly on cooling in more 
than one fashion. The solubility of nickel in chromium increases rapidly with tempera- 
ture. No support was found for the recently proposed version of the Ni-Cr diagram. 


by Robin O. Williams 


N investigation has been made of the Ni-Cr 

system for the purpose of elucidating certain 
points, namely the nature of aging in both terminal 
solid solutions and the nature of the phase diagram. 
Information pertaining to solubilities and precipita- 
tion has been obtained. 


Experimentation 

Five alloys, Table I, were arc melted in a cold 
copper crucible using electrolytic chromium and car- 
bonyl nickel, both dry hydrogen treated. These 
100 g buttons were homogenized 24 hr at 1300°C in 
dry hydrogen and air cooled. Powders were pre- 
pared by filing or pulverizing and subsequent heat 
treatment was done in vacuum or helium using ti- 
tanium chips as a getter. 

Powder of —80 mesh was filed from the 60 pct Ni 
alloy quenched from 1000°C and was sealed in silica 
under vacuum using a 250°C outgassing. After aging 
as indicated in Table II the lattice parameters were 
measured on the quenched samples using the stand- 
ard cos’ 6 extrapolation. These parameters are con- 
sidered accurate to roughly 0.0001A. In all cases 
chromium lines of 2.8812 + 0.0005A at 30°C were 
found. 

Drastic quenching from sufficiently high tempera- 
tures produced very sharp body-centered-cubic lines 
in the first four alloys without indications of trans- 
formations. Temperatures to 1250°C were used. 
Solid samples less than 1/16 in. thick were quenched 
in water without transformation and the powders 
could be adequately quenched in small helium filled 
thin wall silica tubing using a water quench. 

For those powder samples which were quenched 
from the two phase field the relative intensity of the 
body-centered-cubic lines and the face-centered- 
cubic lines were estimated and extrapolated to give 
the indicated solubility data in Fig. 1. The data for 
the two higher alloys were somewhat limited, the 
plotted points being the lowest temperature where 
no nickel phase was found. 

Neither filing, abrading, pulverizing, nor cooling 
to —190°C produced any new diffraction lines for 
solid samples quenched from the single phase re- 
gion, nor did the character of the body-centered- 
cubic lines change. Single phase body-centered- 
cubic powders likewise did not change on cooling to 
—190°C. Also, samples which had some precipita- 
tion due to inadequate quenching showed no addi- 
tional changes under these conditions. 
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The first change apparent by X-ray diffraction 
form samples quenched almost fast enough to pre- 
vent precipitation was the diffuseness of the body- 
centered-cubic lines, particularly on the low angle 
side. For slower cooling rates the diffuse face- 
centered-cubic lines appeared. Work on the large 
grained castings showed profuse streaking through 
some of the Laue spots while oscillating patterns 
showed broad body-centered-cubic and face-cen- 
tered-cubic lines as well as some new lines. For the 
23.6 pct Ni alloy the new lines corresponded to 2.16, 
1.96, and 1.86A and were more similar in character to 
the face-centered-cubic lines than the body-cen- 
tered-cubic lines. Samples which were air cooled 
gave only face-centered-cubic and body-centered- 
cubic lines which were still broad. One pattern indi- 
cated that face-centered-cubic (111) plane was 
parallel to a body-centered-cubic (110) plane. 

For those samples which were examined by light 
microscopy there were details which were not re- 
solved. However, varied and beautiful structures 
were obtained. Fig. 2 is of an alloy quenched in a 
helium filled silica tube from the single phase region 
and shows particles associated apparently with dis- 
locations which are arranged in low angle bound- 
aries. Finer, general precipitation has also taken 
place within the grains. Figs. 3 to 5 show the 
variety of structures produced in these alloys on 
continuous cooling. It appears that there are four 
distinct modes of precipitation as evidenced by these 
figures. Annealing these structures at higher tem- 
peratures in the two phase field gives structures as 
shown in Fig. 6, which shows nickel plates in the 
chromium matrix which reprecipitated nickel on a 
much finer scale of the final quench. Lower anneal- 
ing temperatures and shorter times naturally give 
finer plates of the nickel-rich phase. 

Samples of the first four alloys were annealed for 
appreciable times between 900° and 1250°C and 
gave structures like Fig. 6. The relative amounts 
of the two phases were measured and extrapolated 
to give solubility data as indicated in Fig. 1. The 
point at 1250°C was deduced from data of Oxx.* 
These and most of the other samples were checked 
for ferromagnetism but none was apparent. In fact, 
it appeared that the magnetic susceptibilities were 
not more than three times that for paramagnetic 
chromium. 

Discussion 

In Fig. 1 it is seen that the solubility of nickel in 
chromium can be represented by a slightly curved 
line on the usual log X vs 1/T plot. These data are 
believed to be accurate to roughly 5 to 10°. There 
is only fair agreement with the data of Taylor and 
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Fig. 1—Solubility of nickel in chromium and chromium ia 
nickel. 


Floyd,’ but this is not surprising because of the rela- 
tive insensitiveness of the lattice parameter to 
composition and the possibility of some precipitation 
effecting their results. There is fair agreement with 
the high temperature results of Stein and Grant,’ 
but no agreement at all at low temperatures. Their 
highest point, which agrees so well, is considered by 
them to be the solubility of nickel in a new, high 
temperature phase. 

The present data agree on the solubility of chrom- 
ium very well with the earlier results’ except for 
their point at 900°C which deviates from the line 
in Fig. 1 by an amount appreciably greater than 
their apparent experimental error. A possible rea- 
son for this is not known. In any case, the present 
representation is considered more likely to be correct 
than their curve having an inflexion point (log X 
vs 1/T plot), since the basis for an inflexion has not 
been established. The curve is drawn slightly un- 
der the point at 570°C, since 34 days at this temper- 
ature is relatively short. These results demonstrate 
that the aging in these alloys at about 500°C is not 
due to precipitation. 

Because of the difference in crystal structures 
complete miscibility in this system is not possible 
and it is necessary for the log X vs 1/T curves to 
curve upward at high temperatures, as shown. How- 
ever, the rapidly increasing solubility of nickel in 
chromium is not consistent with a regular system 
(Raoult’s law) unless it is supposed that the free en- 
ergy of body-centered nickel is decreasing rapidly 
with increasing temperatures. The straight line por- 


Fig. 2—Microstructure of a 23.6 pct Ni-Cr alloy quenched 
from 1250°C, showing precipitation along low angle bound- 
aries. Electrolytic etch with 5 pct H2SO:. X500. Reduced 
approximately 15 pct for reproduction. 
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Table |. Alloys Investigated 


Alloy No. 
1 2 3 4 5 
Wt Pct Ni 16.0 23.6 26.4 31.9 60 
Atomic Pct Ni 14.4 21.5 24.1 29.4 yt 


Table II. Solubility of Chromium in Nickel as Indicated 
by Lattice Parameters 


Temper- Lattice Parameter, Composition Using Data 
ature, °C Time, Days at 25°C, A of Taylor and Floyd? 
790 17 3.5734 40.6 atomic pct 
10 3.5693 
690 20 3.5691 37.2 (average) 
34 3.5694 
565 34 3.5644 33.8 


tions of these solubility curves correspond to 29,000 
and 1,900 cal per mol for the chromium and the 
nickel phases, respectively. Fig. 7 shows the solu- 
bility curves replotted exactly on regular coordin- 
ates and demonstrates the significant point that 
solubilities which are concave upward are not ab- 
normal but actually can represent the normal ex- 
ponential type of solubility. 

These experiments clearly demonstrated that the 
precipitation of nickel from supersaturated chrom- 
ium takes place very rapidly and only small samples 
can be quenched fast enough to prevent this. This 
high rate is the result of at least three factors; 1) 
the rapidly decreasing solubility, 2) the possibility 
of good atomic matching between the two phases, 
and 3) the large amount of heat released. The fact 
that a transition structure can form may also be 
significant. The microstructures suggest that precipi- 
tation can occur in many fashions, including nu- 
cleation at dislocations and grain boundaries as well 
as homogeneously. This precipitation process must 
have complicated most or all the previous studies 
of chromium-rich nickel alloys. 

X-ray diffraction and microstructure established 
that the relation between the matrix and precipitate 
was as follows: body-centered-cubie (110) (habit 
plane) || face-centered-cubic (111) and _ body- 


centered-cubic [111] || face-centered-cubic [110]. 


Fig. 3—Microstructure of a 23.6 pct Ni-Cr alloy as-cast, 
showing two modes of precipitation. Gelman’s etch. X1000. 
Reduced approximately 15 pct for reproduction. 
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Fig. 4—Microstructure of a 23.6 pct Ni-Cr alloy air cooled 
from 1300°C, showing precipitation. Electrolytic etch in 5 


pct H2SO.. X1500. Reduced approximately 15 pct for repro- 
duction. 


Such a relationship is expected on the basis of reac- 
tions in other systems and it is found that fair atomic 
matching can exist on this plane. It is possible to 
.account for the extra lines by means of a close- 
packed-hexagonal lattice with a= 2.50 A and c= 
3.92 A, making the c/a ratio 4 pct under ideal. The 
three new lines index as (10.0), (00.2), and (10.1), 
respectively. The atomic arrangement and spacing 
of the basil plane are identical with the face-cen- 
tered-cubic (111) plane. It may be that the lines 
from the body-centered-cubic, face-centered-cubic, 
and close-packed-hexagonal phases would explain 
the results of Blake and Lord,* but details of their 
work are lacking. 

It is important to note that structures as in Fig. 6 
result from growth during annealing of previously 
precipitated alloys and are not a primary result of 
transformation. 

These results have failed to add substance to the 
recently proposed version of the Ni-Cr system.*” If 
there is really a high temperature phase in chrom- 
ium,”” and there has been no positive evidence, then 
the eutectoid (or peritectic) reaction occurs above 
1250°C. It is evident that most of the effects which 
have been attributed to this reaction are really the 
result of the precipitation observed here. Likewise, 


the anomolous thermal results reported by Jenkins 
et al.,”7 were caused by this precipitation, as were the 
reports of diffuse X-ray lines.”* 


Fig. 6—Microstructure of a 26.4 pct Ni-Cr alloy air cooled 
from 1300°C and held 6 hr at 1100°C and quenched. White 
plates are the nickel phase. Electrolytic etch with 5 pct 


H.SO,. X500. Reduced approximately 15 pct for reproduction. 
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Fig. 5—Microstructure of a 26.4 pct Ni-Cr alloy air cooled 
from 1300°C. Electrolytic etch with acetic and nitric acids. 
X500. Reduced approximately 15 pct for reproduction. 


The qualitative observations on mechanical prop- 
erties made during this study agree with earlier 
work.’”® Alloys 1, 2, and 3 were very hard and brit- 
tle in the as-cast or air cooled condition, whereas 
alloy 4 would not pulverize as air cooled, but could 
be filed. Alloys 1 and 2 could be filed when suffi- 
ciently well quenched. 


Summary and Conclusions 
1) New values have been reported for the terminal 
solid solubilities in the Ni-Cr system. The solubility 
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Fig. 7—Phase diagram of the Ni-Cr system. 
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of nickel in chromium decreases very rapidly with 
decreasing temperatures. The solubility of chrom- 
ium in nickel is in fair agreement with Taylor and 
Floyd’s results... The aging in nickel-rich alloys at 
about 500°C is not attributable to precipitation of 
chromium. 

2) The chromium-rich alloys are characterized by 
very rapid precipitation during cooling which can be 
prevented only by very effective quenching. This 
rapid precipitation results from the rapidly decreas- 
ing solubility, the large heat release, and good atomic 
matching between phases. 

3) X-rays and microstructures show that there 
are several modes (perhaps four) of precipitation. 
The (110) is the habit plane in the matrix and is 
parallel to the (111) of the precipitate. Diffuseness 
of X-ray lines indicate coherency and/or large 
strains in most cases. In some cases, close-packed- 
hexagonal lines have been found where the basil 
plane is identical with the (111) of the face-cen- 
tered-cubic precipitate. 

4) The evidence showed that neither mechanical 
stress, low temperatures, nor both could produce 
transformations in these supersaturated chromium 
alloys. The very high hardness and brittleness 
found in these alloys are the result of precipitation. 
No magnetic structures were found. 


5) No evidence has been found to support a re- 
cently proposed version of the Ni-Cr diagram. co et Gi 
a eutectoid reaction (or peritectoid) reaction exists 
its temperature is above 1250°C. 

6) The present knowledge of the Ni-Cr system 1s 
very incomplete. 
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Effect of Heat Treatment on the Hardness and 
Microstructure of U-Ti Alloys 


The hardness and microstructure of U-Ti alloys may be varied over wide ranges by 
suitable heat treatment. Quench-temper or isotherma! treatments were particularly effec- 
tive. The overall response to heat treatment was dependent upon the phases present dur- 
ing solution treatment. Results are interpreted in terms of the phase diagram. 


by David L. Douglass and Lyle L. Marsh, Jr. 


ORRELATION was made between the heat 
treatment and hardness of three U-Ti alloys 
ranging in composition from 8.5 to 50 atomic pct Ti. 
The following important observations were made: 
1) A direct quench of y U-Ti solid solution re- 
sulted in the formation of a hard martensitic phase 
in low-titanium alloys. 

2) Subsequent tempering initially increased the 
hardness by the precipitation of a fine dispersion 
of U.Ti; further precipitation of U.Ti with tempering 
time eventually resulted in softening. 

3) High-hardness levels were obtained also by iso- 
thermal transformation of an 8.5 atomic pct Ti alloy 
at 400° and 500°C. 

4) The crystal structure of the phases present at 
the solution-treating temperature (one region in the 
phase diagram excepted) and the temperature with- 
in a given phase region affected the hardness of 
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both quenched and isothermally transformed al- 
loys. 
Introduction 

It has been known since 1887 that the mechanical 
properties of metals were dependent upon their 
microstructure. Sorby pointed out in that year that 
annealed gray iron castings were softer than chilled 
iron castings by virtue of the graphite which had 
replaced hard cementite in the microstructure. Over 
the years, interest has increased in the effect of mi- 
crostructure on the mechanical properties of metals, 
and now high-strength levels may be achieved by 
bringing about the dispersion of a second phase or 
by other microstructural adjustments. The nature 
of a second phase in an alloy strongly influences the 
properties. For example, the size, shape, amount, 
and distribution of a second phase plays a very im- 
portant role in the ultimate properties of an alloy. 
Microstructural control is achieved by heat treat- 
ments. Hence, any alloy system of potential use 
should be understood in terms of its response to 
heat treatment and the resultant effects upon the 
properties. 
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U-Ti alloys are heat treatable and have been ex- 
amined for their response to the three basic types of 
heat treatments, i. e., varied cooling rates through a 
phase change, interrupted quench (isothermal 
transformation through a phase change), and tem- 
pering (decomposition of a metastable structure). 
The results of this study have given an insight into 
the behavior of the system and have shown that a 
wide variety of structures and properties may be 
achieved by heat treatment. 


Constitution of U-Ti Alloys 

The high-temperature phases of uranium and 
titanium form a continuous series of body-centered- 
cubic solid solutions. A eutectoid exists between y 
uranium and the compound U.Ti at 723°C and 4 
atomic pct Ti. The solubility of titanium in 8 uran- 
ium is about 1% atomic pct at the eutectoid temp- 
erature. The compound exists over a narrow compo- 
sition range and forms by the decomposition of 
y-solid solution. The solubility of titanium in a ura- 
nium is very small. No reliable values have been 
reported. The phase diagram as proposed by A. G. 
Knapton’ is shown in Fig. 1. 


Experimental Procedures 

Preparation of Alloys—Fifty-lb ingots of alloys 
containing 8.5, 25.5, and 50 atomic pct Ti were 
double arc-melted in water-cooled copper crucibles. 
Derby uranium and iodide titanium were used as 
charge materials. The ingots were forged at 1000° 
and rolled at 600°C to strips 4 in. wide and 0.150 in. 
thick. 

Heat Treatments—Slow-cooled alloys were ob- 
tained by the following procedure. Specimens were 
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Fig. 2—Effect of quenching from various equilibrium-phase 
fields on hardness of U-Ti alloys. Hardness values are 
shown at the location of the solution treatment. 


sealed in Vycor tubes under an argon atmosphere, 
solution-treated 5 hr at 1000°C, and furnace-cooled 
lave. 

Samples were air-cooled in Vycor tubes after 
solution treatment at 1000°C for 5 hr. 

Quenched samples were obtained by plunging the 
alloys (in Vycor tubes) into water after solution 
treatment at 1000°C for 5 hr, and immediately 
smashing the tubes. Two other series of samples 
were quenched from 750° to 850°C. Small specimens 
were transformed isothermally by suspending them 
on Nichrome wire in a lead bath at the solution- 
treating temperature for 1 hr. Then they were re- 
moved and immersed in a second lead bath at the 
desired isothermal treatment temperature. After the 
desired time had elapsed, the specimens were 
quenched in water at room temperature. Both baths 
were covered by powdered charcoal. No visible at- 
tack by the lead baths was apparent. 

Metallography—Specimens were mounted cold in 
Epon resin in order to prevent any further phase 
changes or tempering due to warm mounting in 
Bakelite. After the specimens had been ground and 
polished, they were etched either electrolytically 
with a 1:8 mixture of CrO;: acetic acid or chemi- 
cally with an etchant consisting of 196 g oxalic acid, 
3 g Fe(NO,)., and 4 cu cm HF per liter of water. 

Hot-Hardness Tests—Hot-hardness was measured 
by means of a vacuum hot-hardness machine.” The 
machine consists essentially of a dead-weight mech- 
anism with a sapphire-tipped indenter (136° pyra- 
mid tip) surrounded by a furnace in a vacuum 
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Fig. 4—The hardness of quenched and tempered U-Ti alloys 
as a function of tempering temperature for 1 hr. 


chamber. The specimen and indenter were heated to 
the desired temperature, whereupon the load was 
applied for 15 sec. Three or four readings were 
taken at each temperature. 


Experimental Results 

Effect of Cooling Rate on Hardness—Slow-cooled 
specimens were considerably softer than were either 
quenched or air-cooled specimens. However, among 
the slow-cooled specimens, there were no marked 
changes in hardness as a result of adding titanium. 
It may be possible that any differences might have 
been masked by oxygen contamination during heat 
treating. An increase in cooling rate obtained by air 


Table I. Hardness of U-Ti Alloys as Affected by Cooling 
Rates from 1000°C 


Titanium Content Hardness, Dph 


(Balance Uranium), 


Atomie Pet As Rolled Slow Cooled Air Cooled Quenched 
8.5 395 345 401 472 
20-9 470 304 449 585 
50.0 535 341 575 638 


Table Il. As-Quenched Hardness Data for Material Used in 
Tempering Studies 


Solution Treating Temperature, °C 


750° 850° 
Titanium Content, Hardness, Hardness, 
Atomic Pct Phases Dph Phases Dph 
0 B 225 7 258 
8.5 y¥ +B 450 496 
25.5 y¥+8 496 y¥+8 585 


cooling resulted in an increased hardness for all 
three alloys. The U-50 atomic pct Ti alloy increased 
in hardness from 341 Vhn to 575. The most drastic 
cooling rate, obtained by a direct water quench, in- 
creased the hardness of the 50 atomic pct alloy to 
638 Vhn. The 8.5 atomic pct alloy increased in hard- 
ness from the value obtained by air cooling. The 
25.5 atomic pct alloy showed a marked increase in 
hardness in the quenched condition compared with 
the air-cooled condition. Data for hardnesses as af- 
fected by cooling rate are listed in Table I. All al- 
loys except the U-8.5 atomic pct Ti shattered upon 
quenching from 1000°C. However, it was still pos- 
sible to obtain hardness readings on the larger 
pieces. The fracturing was caused by the large 
volume change associated with the formation of 
U.Ti. This phenomenon will be covered subse- 
quently in greater detail. 

Effect of Quenching from Various Equilibrium 
Phase Fields on WHardness—The hardnesses_ of 
quenched alloys solution treated in various regions 
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of the phase diagram are shown in Ive, PA, Mae 
room-temperature hardnesses are shown for each 
composition at the temperature of solution treating. 
The following observations were made. 

8.5 Atomic Pct Ti Alloy: 

1) Quenching from the y+. field produced a 
harder structure than quenching from the £ + « 
region. 

2) There was little difference in hardness be- 
tween alloys quenched from the y region and those 
quenched from the y + « region. 

25.5 Atomic Pct Ti Alloy: 

1) As the quenching temperature was increased 
in the y + « field, the hardness increased. The same 
effect was observed on quenching from the 6 + « 
field. 

2) Quenching from above the y + «/B8 + « 
transus resulted in greater hardness than was ob- 
tained by quenching from below the transus. A 
similar result was also observed in the 8.5 atomic 
pet alloy. 

50 Atomic Pct Ti Alloy: 

1) Quenching from the y region produced a very 
hard structure, but all samples shattered upon 
quenching. 

2) The hardness of samples quenched from the 
y + « region appeared to be independent of quench- 
ing temperature and compared in hardness with the 
slow-cooled alloys. This region was the only one in- 
vestigated in which temperature had no effect on 
the as-quenched hardness. 

Effect of Quench and Temper Treatments on 
Hardness—Samples of biscuit uranium, U-8.5 atomic 
pet Ti, and U-25.5 atomic pct Ti were solution 
treated 1 hr at 750° and 850°C, and water quenched. 
Tempering treatments were then performed at 200°, 
300°, 400°, 500°, and 600°C for times ranging from 
¥% to 40 hr. The hardness is shown as a function of 
tempering time at 500°C in Fig. 3. The effect of tem- 
pering temperature on the hardness is shown in 
Fig. 4 for times of 1 hr. 

The hardness of an 8.5 atomic pct alloy tempered 
at 500°C increased to a maximum after 1 hr of tem- 
pering and then decreased rapidly. This was true 
for samples quenched from either 750° or from 


850°C. The 25.5 atomic pct alloy quenched from 
750°C started to soften immediately, reached a 
minimum hardness at 1 hr, and then hardened to a 
maximum at 4 hr, followed by further softening. 
The 25.5 atomic pct alloy quenched from 850°C fol- 
lowed the same pattern as the sample quenched 
from 750°C, except that the minimum hardness oc- 
curred at 8 hr, and the maximum value had not 
been reached after 40 hr. 

The tempering temperature had a pronounced 
effect which was essentially the same for both 
alloys. A minimum hardness occurred at 200° for 
all cases, after which a maximum occurred at 400°C 
for all the samples. Both 25.5 atomic pct samples 
(quenched from 750° and 850°C) exhibited a sec- 
ondary minimum at 500°C. 

Hardness data for as-quenched samples are 
shown in Table II. It may be seen that hardness of 
the quenched structures increased with alloy con- 
tent. 

Effect of Isothermal Transformation on Hard- 
ness—Alloys containing 8.5 and 25.5 atomic pct Ti 
were solution treated for 1 hr at 750° and 850°C, 
and isothermally transformed at 300°, 400°, and 
500°C for times ranging from % to 18 hr. All data 
are shown in Fig. 5. 

Elevated-Temperature Hardness—Hot-hardness 
tests showed a decrease in hardness with increasing 
temperature for all alloys. The softening rate, ex- 
pressed as log hardness/°C, and the ultimate hard- 
ness for the 25.5 atomic pct Ti alloy were less and 
greater, respectively, than for the 8.5 atomic pct 
alloy. Under a given set of test conditions, the 
quenched 8.5 atomic pct Ti alloy had a lower soften- 
ing rate than for any other heat treatment investi- 
gated. Quenching of the 25.5 atomic pct alloy had 
little effect upon changes in hot hardness for the test 
conditions employed. Hot-hardness data are shown 
in Fig. 6. 

Mechanical Properties—Tensile data were ob- 
tained for the U-8.5 atomic pct and 25.5 atomic pct 
alloys in the vacuum-annealed condition (10 hr at 
800°C in vacuum and furnace-cooled), and for the 
50 atomic pct alloy in the as-rolled condition. Heat 
treatments of machined tensile bars resulted in 
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Fig. 7—Microstructure of slow-cooled U-Ti alloys. a) U-8.5 atomic pct Ti slow cooled 1000° 
a uranium. Fine dispersion: UsTi, b) U-25.5 atomic pct Ti slow cooled from 1000°C at 5°C per hr. White 
White particles: 


U.Ti. Matrix: a uranium. c) U-50 atomic pct Ti slow cooled from 1000°C at 5°C per hr. 
titanium. X500. Reduced approximately 30 pct for reproduction. 
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Fig. 8—Microstructures of quenched U-Ti alloys. a) U-8.5 atomic pct Ti water quenched from 1000°C. Martensitic a uranium. 
X500. b) U-25.5 atomic pct Ti water quenched from 1000°C. Undissolved UsTi particles, U2Ti precipitate at grain boundaries 
in retained y matrix. X500. c) U-50 atomic pct Ti water quenched from 1000°C. U.Ti network at grain boundaries and fine 


compound precipitate in grains. X100, Reduced approximately 25 pct for reproduction. 


severe growth and warping for all alloys. The 25.5 
atomic pct alloy was too brittle to be machined in 
the as-rolled condition, but was readily machined 
after vacuum annealing. The 50 atomic pct alloy 
failed in the grips with a brittle fracture on each of 
two samples tested. No yield strength or ultimate 
strength values were obtained. However, reliable 
values of the modulus of elasticity were obtained. 
The tensile data and room-temperature hardnesses 
of the tensile bars are listed in Table III. 


Discussion 
The hardness changes incurred by varied cooling 
rates from the y region can be rationalized in terms 
of microstructures. Fully annealed uranium gener- 
ally has a hardness of less than 200 Vhn. The solu- 
bility of titanium in a uranium is essentially 0; 
therefore, the hardness of annealed Derby uranium 


Fig. 9—Strain markings at grain junctions in vicinity of 
crack in a quenched U-25.5 atomic pct Ti alloy. X100. 
Reduced approximately 30 pct for reproduction. 
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may be taken as the hardness of the a phase as a 
first approximation in the U-Ti alloy system. Micro- 
hardness measurements of the compound, U.Ti, 
showed a Knoop hardness of about 800. The U-8.5 
atomic pct Ti alloy showed a very fine precipitate in 
the slow-cooled condition, whereas the 25.5 atomic 
pet alloy consisted of large equiaxed particles of 
compound in an a matrix as shown in Fig. 7. The 
50 atomic pct alloy had a dispersed compound phase 
intermediate in size to the other alloys. However, 
the amount of compound appears to be much 
greater than in either the 8.5 or 25.5 atomic pct Ti 
alloys. The hardness results are anomalous, inas- 
much as the hardness should be a function of the 
amount of second phase if the shape and size are 
held constant. Microhardness measurements of the 
a phase were made with difficulty. The distance 
between the U.Ti particles was too small to permit 
the entire indentation of the Knoop indenter to fall 
within the a phase alone, even with the lightest 
available load: Values ranged from 398 to 642 
Knoop. Although the values are unreliable, it is be- 
lieved that some of the a-phase hardness may be at- 
tributed to oxygen contamination. 

Rapid cooling of the 8.5 atomic pct alloy resulted 
in a martensitic a uranium, having the titanium 
content of the parent y phase. In the 25.5 and 50 
atomic pct alloys rapid cooling retarded the decom- 
position of y to equilibrium a and compound. Micro- 
structures of quenched alloys are shown in Fig. 8. 
The martensitic structure obtained in the 8.5 atomic 
pet sample appeared to be similar to martensites 
observed in steels. The 25.5 atomic pct alloy con- 
tained some undissolved compound. A fine precipi- 
tate formed at some of the prior y grain boundaries 
in the quenched structure. No precipitate was vis- 
ible within the grains at X500. The 50 atomic pct 
alloy was the hardest of the quenched samples. A 
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Fig 10—Microstructures of a U-8.5 atomic pct Ti alloy quenched from various equilibrium regions of the phase diagram. 
a) Water quenched from 900°C (y region). b) Water quenched from 750°C (y and e region). c) Water quenched from 
700°C (8 and e region). X100. Enlarged approximately 5 pct for reproduction. 


nearly continuous grain-boundary network of com- 
pound was present, and a fine precipitate of com- 
pound was also distributed throughout the grains. 

Precipitation of the compound caused severe lat- 
tice strains in both the 25.5 and 50 atomic pct alloys. 
It is thought that the 25.5 atomic pct sample had a 
submicroscopic precipitate and was comparable to 
an age-hardenable alloy at some intermediate stage 
of aging. The volume change associated with the 
decomposition of y into the stochiometric composi- 
tion of U.Ti (33 atomic pet Ti) was calculated to be 
15.8 pct expansion. This large volume change, 
coupled with the dissimilarity in crystal structures, 
was sufficient to cause severe lattice strains during 
quenching. The stresses associated with the volume 
change were sufficient to raise the yield stress to 
some value approaching or equal to the fracture 
stress. Stress relief can occur if relaxation takes 
place in the grain or at the grain boundary. When 
relaxation cannot occur, for example, at the junction 
of three grains, a crack will form and failure takes 
place. An example of this can be seen in Fig. 9, 
where quenching of the U-25.5 atomic pct Ti alloy 
from 900°C caused failure. Strain markings can be 
seen at the junctions of grains adjacent to the crack. 

The effect of crystal structure of the alloy at the 
solution-treating temperature (one region of the 
phase diagram excepted) strongly influenced the 
hardness of the quenched alloys. Alloys containing 
8.5 atomic pct Ti transform martensitically when 
quenched from temperatures above 723°C, the 
eutectoid temperature. The equilibrium phases 
above 723°C are either y or y + «. The high-titanium 
content of the y phase (8.5 atomic pct) causes a 
distortion of the normally titanium-free a lattice as 
the martensite forms. The titanium atoms have in- 
sufficient time to diffuse out of the shearing planes 
and are entrapped in the a lattice. If solution treat- 
ment is performed in the y + « region instead of in 
the y region, the y composition will be less than 8.5 
atomic pct Ti, and the a formed by quenching will 
have a correspondingly lower titanium content. 
Hence, the degree of supersaturation is lower, and 
the hardness is lower. Some « will be present during 
solution treatment in the two-phase field and will 
be observed in the quenched alloy. The compound 
exists either as a precipitate or as a grain-boundary 
network and results in an overall hardness equal to 
or greater than the structure consisting of 100 pct 
8.5 atomic pct Ti martensite. 

Quenching the 8.5 atomic pct alloy from the 6 + « 
region caused a softer final structure than obtained 
by quenching from other regions. The structure 
consisted of finely dispersed U.Ti in a matrix of 
equilibrium a. The a in this structure was undis- 
torted, as evidenced by the sharp lines on the X-ray 
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diffraction pattern. The sharpness was attributed to 
the low titanium content of the 8 phase from which 
the a formed. Microstructures of alloys containing 
8.5 atomic pct Ti quenched from the three regions 
are shown in Fig. 10. 

Quenching of the U-25.5 atomic pct Ti alloy from 
various temperatures within the y + e field resulted 
in higher hardness as the quenching temperature 
was increased. The titanium content of the y phase 
in the y + « field increases with increasing tempera- 
ture. As the titanium content increased, the y 
formed a distorted, supersaturated a upon quench- 
ing. As the temperature increased, more and more 
titanium was retained in the a formed during the 
quench, and the distortion due to a higher degree 
of supersaturation increased. Thus, the increase in 
hardness is explained. Alloys quenched from the 
8+ « field contained about 70 pet by volume of the 
hard U.Ti phase, which accounted for the high hard- 
ness. Microstructures of this alloy quenched from 
the two regions are shown in Fig. 11. 

The only region in the phase diagram from which 
quenching produced little change in hardness with 
respect to the solution-treating temperature was the 
y + region on the titanium side of the compound. 
This behavior is to be expected in view of the small 
differences in the amount of U.Ti present at the 
solution-treating temperatures and of the small 
variation in titanium content of the y phase. A rep- 
resentative microstructure may be seen in Fig. 12. 

Time of tempering had two effects on the U-8.5 
atomic pct Ti alloy. Martensitic a initially rejected 
a fine dispersion of U.Ti which caused considerable 
hardening up to times of 1 hr. Additional time at 
temperature softened the alloys by virtue of in- 
creased precipitation of compound and a corre- 
sponding decrease in the supersaturation of a mar- 
tensite. This behavior is analogous to aging and 


Fig. 1]—Microstructures of a U-25.5 atomic pct Ti alloy 
quenched from yarious equilibrium regions of the phase 
diagram. a) Water quenched from 850°C (vy and e re- 
gion). b) Water quenched from 700°C (8 and e region). 
X100. Reduced approximately 20 pct for reproduction. 
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Table III. Mechanical Properties of 


U-Ti Alloys at Room Temperature 


Titanium Content, Modulus of Yield Ultimate Elongation, Reduction 
Atomic Pct Alloy Condition Elasticity, 106 Psi Strength, Psi Strength, Psi Pet of Area, Pct Hardress, Dph 
8.5 Vacuum annealed 28.2 84,100 153,000 3.9 4.5 393 
25.5 Vacuum annealed 29.4 73,900 97,900 0.5 0.26 376 
255 Vacuum annealed 28.7 76,900 99,500 — 0.11 376 
50.0 As-rolled 26.4 — * — — 535 
50.0 As-rolled 24.7 — 535 


* Failed by brittle fracture in grip. 


overaging with respect to hardness changes. Fig. 13 
shows small compound particles in a martensitic a 
matrix for an 8.5 atomic pct Ti alloy solution treated 
for 1 hr at 850°, water quenched, and tempered 1 hr 
at 300°C. Increased tempering temperature in- 
creased the amount of precipitation for a given time 
at temperature, Fig. 13b. Additional time at tem- 
perature, 500°C, shown in Fig. 13d, increased the 
thickness of the grain-boundary precipitate. Finally, 
at 600°C, the compound rejection and breakdown 


quenched from 700°C. X500. Reduced approximately 20 pct 


for reproduction. 
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of the martensitic « was essentially completed 
within 1 hr. 

The 25.5 atomic pct Ti alloy showed a minimum 
hardness followed by an increase for samples 
quenched from both 750° and 850°C and tempered 
at 500°C as a function of time. The minimum in the 
hardness-time curve appeared to be due to stress 
relief. No apparent microstructural change was ob- 
served in this alloy for treatments ranging from 
¥% to 8 hr at 500°C. A 20-hr tempering treatment 
changed the microstructure which is shown in Fig. 
14. The longer treatment caused coalescence of the 
dispersed phase and, possibly, the transformation of 
a small amount of retained y which was undetected 
by X-ray diffraction. 

No analysis was attempted on the isothermal 
transformation hardness data. In order to account 
for the observations accurately, additional data, 
such as M, temperatures and X-ray lattice constant 
determinations, would be required. It is apparent, 
however, that a wide variety of hardness levels 
may be obtained by suitable heat treatment of a 
given alloy. 

Hot-hardness data are plotted as log hardness vs 
temperature. The semilog scale method of plotting 
was suggested by Westbrook.* This plot enables the 
determination of certain constants for a functional 
hardness-temperature relation proposed by Shi- 
shokin.* Unfortunately, these data are not suscep- 
tible to an analysis as proposed by Westbrook. In 
all but the slow-cooled alloys, the material is in a 


Fig. 13—Effect of temperature 
and time of tempering on the 
microstructure of a U-8.5 
atomic pct Ti alloy. Solution 
treated 1 hr at 850°C, 
quenched and tempered as in- 
dicated. a) 1 hr at 300°C, b) 
“heat, 500°C ches at 
600°C, and d) 4 hr at 500°C. 
X250. Reduced approximately 
10 pct for reproduction. 
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Fig. 12—Micro 
str 
ucture of a U-50 atomic pct Ti all 
\ 


Fig. 14—Effect of tempering 
time on the microstructure of 
a U-25.5 atomic pct Ti alloy. 
Samples solution treated 1 hr 
at 850°C, quenched and tem- 
pered at 500°C for the indi- 
cated time, a) 2 hr at 500°C. 
X1000. b) 20 hr at 500°C. 
X250. Reduced approximately 
10 pct for reproduction. 


metastable condition and will undergo radical 
changes with time and temperature. Any variations 
in the time-temperature cycle of the test would have 
resulted in other values. The data are included so 
that a short-time comparison may be made between 
the heat-treated alloys and pure uranium. A more 
complete analysis would require the effect of time 
necessary to heat to temperature, and a time study 
of hardness at temperature. It may be concluded 
that the alloys and heat treatments produced more 
superior elevated-temperature strength and hard- 
ness characteristics than the pure uranium and 
equilibrium alloy structures. 

The mechanical properties of the U-8.5 atomic pct 
Ti alloy in the vacuum-annealed condition are 
superior in every respect to those of the 25.5 atomic 
pet Ti alloy in the same condition. It is very likely 
that uranium alloys containing small amounts of 
titanium may be heat treated to high strengths and 
moderate values of ductility. The 50 atomic pct al- 
loy appeared very sensitive to scratches or local 
stress raisers. The lower modulus values for this 
alloy may be attributed to the titanium-rich matrix 
instead of the uranium-rich matrix. 


Conclusions 


The hardness of U-Ti alloys is very sensitive to 
heat treatment. High hardnesses may be obtained 
by either isothermal transformation or by quenching 
and tempering. 


Low-titanium alloys transformed martensitically 
upon quenching and exhibited high hardness. 
Quenching of the 25.5 and 50 atomic pct alloys from 
the y region resulted in shattering due to the large 
volume change associated with the formation of 
U.Ti. Quenching of these alloys from regions where 
U.Ti was a stable phase produced a high hardness 
for the 25.5 atomic pct alloy, but eliminated shatter- 
ing and produced softer structures for the 50 atomic 
pet alloy. 

Tempering of an 8.5 atomic pct alloy as a func- 
tion of time initially produced hardening due to a 
fine dispersion of compound, followed by overaging 
and softening. A maximum hardness as a function of 
temperature was achieved at 400°C (1 hr treat- 
ments). 
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Technical Note 


Growth of Iron Alloy Single Crystals from the Melt 


by RG. Hall 


EVELOPED to grow single crystals of alloys of 

high hardness and high melting points is a sim- 
ple but effective apparatus described in this note. 
Growth from the melt, that is, by the Bridgman 
technique,”* may be applied to metals or alloys 
which are physically hard as long as no phase 
transformation occurs on cooling to room temp- 
erature. The present apparatus was employed to 
grow single crystals of the ferromagnetic Al-Fe 
alloys above 1 wt pct Al and the Si-Fe alloys above 
3 wt pet Si. 
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Single Crystal Growth 

In a simple form, the method for growth of single 
crystals from the melt requires a molten metal 
charge in a pointed crucible which is slowly low- 
ered through a heated zone into a colder zone. 
Solidification starts at the bottom point and con- 
tinues up the charge as the crucible is lowered 
through the heated zone. If a single crystal nucleates 
at the bottom, one crystal may grow throughout 
the charge under ideal conditions of slow growth.*” 
The presently developed method of growth was 
designed so that the chances that more than one 
crystal would grow were small. 

The single crystals were grown by the apparatus 
illustrated in Fig. 1. The charge was in the form 
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Fig. 1—Sketch of the furnace for growth of single crystals 
from the melt. 


of a round bar with one end pointed and the other 
end square. The pointed end was machined to fit 
the contour of the pointed-bottom Alundum crucible. 
The square end of the charge had a hole drilled in 
it to receive, from the top of the crucible, a Pt— 
Pt-10 pct Rh thermocouple and thermocouple pro- 
tection tube. Thus, the temperature of one end 
of the bar could be determined at all times. The 
furnace assembly, consisting of the 2% in. ID Vycor 
tube and contents, was supplied with power by a 
high-frequency (10 kc) water-cooled copper coil. 
A tantalum susceptor, surrounding the crucible, 
picked up the high-frequency power and radiated 
heat to the crucible and charge. Thus, the melt 
was maintained placid. 

To obtain the proper temperature distribution in 
the melt or charge, the tantalum susceptor was 
pointed just as the Alundum crucible was. The 
very point of the susceptor was removed to permit 
a 4 in. diam rod to be freely inserted. This rod was 
made of smaller molybdenum rods which were 0.05 
in. sq and 3 in. long. This form of laminated rod was 
chosen in order to reduce the heat that would have 
been generated through induced eddy currents if 
a solid rod had been used. The composite rod was 
drilled at the top end to receive the pointed crucible 
and was inserted in a water-cooled copper block 
at the lower end in order to extract heat. This 
rod supported the crucible and extracted a sufficient 
amount of heat from the bottom of the crucible so 
that, with the aid of the pointed susceptor, the 
proper heat distribution was maintained and single 
crystals could be grown. 

The mechanics of growing crystals may be briefly 
described. After flushing the Vycor tube with helium, 
the charge was heated to 100° to 200°C above its 
melting point to be certain that it was entirely 
molten. Then the power input was slightly lowered 
until the thermocouple indicated the melt to be 20° 
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Fig. 2—Micrograph of a heavily etched surface of a single 
crystal of 3 pct Al-Fe. X1450. Reduced approximately 30 
pct for reproduction. 


to 40° above the solidification temperature. Past 
this point in the heating cycle the power setting 
was not changed. The entire Vycor tube assembly 
was lowered at a rate of 1/4 to 1/3 in. per hr 
through the heating coil. Lowering of the melt 
through this coil generally resulted in a single 
crystal starting to grow at the point. Continued 
lowering permitted this crystal to grow upward, 
often to the bottom of the thermocouple protection 
tube. 
Nature of Single Crystals 

The degree of perfection of the crystals made by 
this method was not always identical. Low angle 
boundaries were occasionally produced, although 
crystals could be grown without evidence of them. 
Furthermore, the single crystals as grown from the 
melt showed a distinct cellular structure when 
heavily etched.* Each main cell had a finer struc- 


* The etchant was a solution of 25 pct nitric acid, 5 pet hydro- 
chloric acid, and balance water. 


ture as seen in Fig. 2 for an alloy of 3 wt pct Al in 
iron. The photographed surface is approximately a 
(110) erystallographic plane with the angle between 
the direction of growth and the (110) plane (or sur- 
face viewed) about 5 degrees. 

In the Al-Fe alloys above 12 wt pct Al, segrega- 
tion of the aluminum was ohseived. For instance, a 
difference in composition of about 1 pct Al was 
produced in a distance of 2 in. at nominally 15 pct 
Al. 

The orientations (crystallographic direction par- 
allel to the growth direction) of several single 
crystals of Al-Fe and of Si-Fe were found to be 
quite randomly distributed throughout the unit 
stereographic triangle. 
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CsCl-Type Ordered Structures in Binary Alloys 


of Transition Elements 


X-ray diffraction results indicate that in the VFe alloy, the body-centered-cubic 
disordered structure can be almost completely retained by quenching from 1250°C. On 
annealing at 600°C, the disordered body-centered-cubic structure transforms into a CsCl- 
type ordered structure before practically any of the stable « phase is formed. The in- 
creasing stability of the CsCl-type ordered structure from CrFe to VFe to TiFe indicates 
that the A-B bond increases in strength, as compared with the A-A and B-B bonds. This 
is accompanied by increasing brittleness, increasing lattice contraction, and the disap- 
pearance of ferromagnetism. It is probable that the increasingly strong A-B bond results 
from a quasi-ionic bond component due to electron transfer. 


by T. V. Philip and Paul A. Beck 


N a previous note’ it was pointed out that the 

available information suggests a distinct correla- 
tion between the occurrence of the CsCl-type ordered 
structures formed in equi-atomic binary alloys of 
transition elements and the location of the com- 
ponents in the periodic table. A definite increase in 
the bond strength between unlike atoms, as com- 
pared with that between like atoms, is indicated 
when, in binary alloys of iron’ group ele- 
ments, the other component is changed from 
chromium to vanadium or tantalum, to titanium. 
Laves and Wallbaum,’ reported a CsCl-type ordered 
structure for the stable intermediate phase at the 
equi-atomic composition in the Ti-Fe system (and 
also in the Ti-Ru and Ti-Os systems). On the other 
hand, Tagaya, Nenno, and Nishiyama’ found no or- 
dering of this kind in the body-centered-cubic solid 
solutions in the Cr-Fe system. It was concluded’ that 
the occurrence of a CsCl-type ordered phase of in- 
termediate stability may be expected in the V-Fe 
system. Preliminary results were described,’ sug- 
gesting that at least some degree of order does ex- 
ist in the equi-atomic alloy VFe, annealed at 1200°C 
and quenched in cold water. Using CrK radiation, at 
least one weak superlattice line was found in the 
X-ray diffraction pattern which could be indexed as 
(100), and which disappeared, as expected, when 
FeK radiation was used. 

It was found more recently that the impurity 
phase (presumably VN), previously giving rise to 
additional X-ray diffraction lines and thus prevent- 
ing definite indentification of the (111) superlattice 
line,’ can be eliminated by preparing the alloy by 
arc melting in a helium atmosphere. The alloy speci- 
men melted in this manner had clean surfaces 
and showed very littte, if any, nitride phase in the 
microstructure after annealing in vacuum at 1250°C 
and quenching. The relative intensity of the (100). 
superlattice line with CrK radiation was greatly 
increased and, in addition, a fairly strong (111). 
superlattice line and even a detectable (210). super- 
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lattice line was obtained, when the powder produced 
by filing from the 1250°C annealed and quenched 
specimen was reannealed in vacuum at 625°C for 
1 hr. By using a cellulose acetate film as a filter in 
front of the photographic film in order to absorb the 
soft radiation resulting from air fluorescence, the 
background intensity could be reduced considerably 
in relation to the intensity of the diffraction lines. 
All three superlattice lines, (100)., (111)., and 
(210)., disappeared, as expected, when a radiation 
other than CrK, was used.’ For the powder rean- 
nealed at 625°C, the strongest lines of the o pattern 
also appeared weakly, indicating that during an- 
nealing at 625°C a small amount of transformation 
took place from the body-centered-cubic to the o 
phase. However, since all superlattice lines to be 
expected in the @ angle range used were actually 
very clearly present, it was evident that the high 
temperature body-centered-cubic phase had trans- 
formed into a CsCl-type ordered structure before 
much o phase could form. Reannealing filings for 1 
hr at 700°C resulted in complete transformation into 
the o phase. After 1 hr at 650°C the transformation 
into « was not quite complete, the strongest body- 
centered-cubic diffraction lines were still present, 
although fairly weak, and only the (100), super- 
lattice line was detectable (extremely weak). 
These findings not only confirm the previous 
conclusions’ as to the existence of a CsCl-type or- 
dered structure in the Fe-V system, but they also 
indicate that this metastable ordered structure forms 
at about 600°C preceding the formation of the stable 
o phase, while at 1250°C the disordered body-cen- 
tered-cubic phase is stable. The faint (100). super- 
lattice line previously observed in specimens 
quenched from 1200°C was probably due to the 
fact that the quenching of the powder in an evacu- 
ated fused quartz capsule was not fast enough to 
prevent completely the ordering reaction on cooling. 
The present results conform with the suggestion 
that the A-B bond, in relation to the A-A and B-B 
bonds, increases in strength from CrFe to VFe to 
TiFe. It is, therefore, of interest to compare the 
measured values of the average atomic diameter for 
these three alloys with the corresponding average 
atomic diameters calculated from the atomic radii 
of the elements concerned. Assuming A-B contacts 
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in a CsCl-type structure, it follows that the meas- 
V3 
2 
The a, for VFe and for TiFe were determined experi- 
mentally, by using a symmetrical back reflection 
focusing precision camera with CrK and CuK radi- 
ation, respectively. The a, value for CrFe has been 
calculated from data published by Nishiyama.’ The 
a, values, the corresponding r, + 7; values, and the 
average atomic diameters R, + R,; calculated from 
the atomic radii for coordination number = 8, ac- 
cording to Laves,* are shown in Table I. It is inter- 
esting that for CrFe the average atomic diameter 
calculated from the lattice parameter is in complete 
agreement with the sum of the atomic radii accord- 
ing to Laves, but that for VFe the value calculated 
from the lattice parameter is low, and for TiFe it is 
even lower. That the observed lattice contraction in- 
creased with increasing stability of the ordered 
structures, as indicated by the temperature range of 
stability, is quite reasonable. Both the increasing 
bond strength and the increasing contraction may 
well be due to an increasing ionic bond component 
resulting from electron transfer, as suggested pre- 
viously.” It may be noted that the a, for VFe was 
observed to decrease upon ordering by about 0.0018A, 
a value near the estimated experimental error. In 
line with the above reasoning a decrease in a, might 
be expected when the number of V-Fe nearest 
neighbors increases, as in ordering. The fact that 
the change is so slight may be attributed to the 
presence of a considerable degree of short range 
order in the specimen quenched from 1250°C, even 
though it shows little, if any, long range order. The 
extent of electron transfer may be expected to de- 
pend on the number of V-Fe nearest neighbors, 
hence on short range order. 

In this connection, it is interesting to compare the 
three CsCl-type ordered structures TiFe, TiCo, and 
TiNi,** for which lattice parameter values have 


ured average atomic diameter is rs + 1; = a 


*Duwez and Taylor,’ using CoK radiation, could not find any 
superlattice lines for TiFe, TiCo, and TiNi. In the present work with 
CrK radiation superlattice lines were again not definitely detectable, 
even when the annealing temperature was decreased from 1200° 
(TiFe, TiCo) and 1000° (TiNi) to 600°C. This, however, may be a 
result of too small a difference between the atomic scattering power 
of the components, and it does not prove the absence of ordering. 


been published by Duwez and Taylor.’ In the pre- 
sent work, lattice parameters have been redeter- 
mined for the three equi-atomic alloys by using a 
symmetrical back reflection focusing type precision 
camera and CuK radiation. By linear extrapolation 
of the lattice parameter vs cos’ 6 plot to 6 = 90°, the 
a, values listed in Table I have been obtained. These 
values, except the one for TiNi, are in fairly good 
agreement with those published by Duwez and Tay- 
lor, and the two investigations are certainly in 


agreement on a Significant point. The lattice para- © 


meter of TiFe is smaller than that of TiNi in spite of 
the fact that, in accordance with the usual atomic 
radii of these elements,’ the reverse should be the 
case. From the data in Table I, it may be seen that 
this reversal is a result of the fact that the lattice 
contraction in FeTi is much larger than that in TiNi, 
TiCo being in-between. On the basis of the above 
observations regarding CrFe, VFe, and TiFe, these 
data may be interpreted to signify that the A-B 
bond in TiFe is stronger than that in TiCo, and 
this in turn is stronger than that in TiNi. While con- 
sideration of the data for CrFe, VFe, and TifFe in- 
dicates increasing attractive forces between tran- 
sition element atoms with increasing separation in 
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Table |. Measured Average Atomic Diameter rs +- rs and Average 
Diameter Ra + Rz Calculated from Metallic Radii for Coordination 
Number = 8, Laves,* for Transition Element Alloys 


Contraction 
in A, 
rat+ re Ra+ Re (Ra + Re) — 
Alloy Qin A in A inA (r4 + TB) 

CrFe 2.8753 2.49 2.49 0.00 
VFe (ordered) 2.910 +0.001 2.52 2.57 0.05 
TiFe 2.976 +0.001 2.58 2.66 0.08 
TiCo 2.991 +0.001 2.59 2.65 0.06 
TiNi 3.015 +0.001 2.61 2.64 0.03 
TiRe 3.104 +0.001 2.69 2.76 0.07 


the periodic table, as would normally be expected, 
the reverse appears to be true for the series TiFe, 
TiCo, and TiNi. 

It is very likely that these conditions result from 
electronic interactions of the various transition ele- 
ment atoms with each other. Certain conclusions as 
to the nature of these interactions may be inferred 
from the magnetic properties. Preliminary studies 
indicate that VFe is strongly ferromagnetic at room 
temperature, while TiFe, TiCo, and TiNi do not be- 
come ferromagnetic even at 78°K. Since the Fe-Fe 
distances in VFe and in TiFe differ only by about 2 
pet, it is not very probable that the lack of ferromag- 
netism or low Curie temperature in TiFe is due to the 
insufficiency of the exchange forces resulting from 
the large Fe-Fe distances in the alloy as compared 
with those in iron. It appears more likely that elec- 
tron transfer between the iron atoms and the sur- 
rounding titanium atoms reduces the atomic moment 
of iron by decreasing the number of d-electrons with 
unopposed spin. This suggestion could be tested by 
means of neutron diffraction. In agreement with the 
assumption of a quasi-ionic bond in TiFe, due to 
electron transfer, this alloy shows considerable hard- 
ness and brittleness. TiNi is noticeably softer and 
less brittle. 

In view of the apparently increasing A-B bond 
strength from TiNi to TiCo to TiFe, one may wonder 
as to the cause of the reported absence of a CsCl- 
type ordered structure in TiMn.° In order to investi- 
gate further the alloying behavior of manganese 
group elements with titanium, an alloy of the com- 
position TiRe was prepared. The X-ray diffraction 
patterns indicated a body-centered-cubic structure, 
with any superlattice lines, in spite of the great 
difference in the atomic scattering factor of titanium 
and rhenium for CrK radiation. The body-centered- 
cubic pattern, without superlattice lines, was ob- 
served after annealing at 1200°C and quenching to 
room temperature, and also after reannealing for 1 
hr at 700° or for a week at 600°C. If a CsCl-type 
ordered structure occurs at this composition, it can 
be stable only below 600°C.* This observation, to- 


* An alloy of the composition TisRe was found to be also body- 
centered-cubic, with ao = 3.199 +0.001A, when annealed for three 
days at 1200°C and quenched. With ao = 3.282A for B-Ti at room 
temperature,’ there is a nearly linear decrease in the ap for the 
body-centered-cubic phase with increasing rhenium content, sug- 
gesting that a continuous body-centered-cubic solid solution field 
extends from §-Ti to nearly TiRe. An alloy of the composition 
TisRes, when quenched from 1200°C, also showed strong body-cen- 
tered-cubic diffraction lines, but its lattice parameter was the same 
as that of TiRe. The X-ray patterns for both TiRe and TisReg had, 
in addition to the strong body-centered-cubic diffraction lines, some 
weak lines, suggesting the presence of a small amount of a second 
phase. Microscopic examination indicated a somewhat larger amount 
of a very finely dispersed precipitate in the TisRes alloy than in the 
specimen corresponding to the composition TiRe. The body-cen- 
tered-cubic solid solution appears to extend at 1200°C to a compo- 
sition slightly higher in titanium than TiRe. 


gether with the reported absence of a CsCl-type or- 
dered structure in the Ti-Mn system, appears to in- 
dicate that the A-B bond in equi-atomic alloys of 
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titanium with manganese group elements is much 
weaker than with iron group elements. However, 
the observed contraction of 0.07A of the average 
atomic diameter for TiRe, Table I, is not readily in- 
terpreted in the light of the foregoing discussion. 


Summary 

There is very clear indication of decreasing A-B 
bond strength, both from the temperature range of 
the stability of the CsCl-type structure and from 
its lattice parameter, as a shift is made from titan- 
ium to vanadium to chromium in equi-atomic al- 
loys with iron. VFe has an order-disorder transfor- 
mation in the temperature range between 600° and 
1250°C. Evidence for CsCl-type ordering has been 
previously found’ in alloys of vanadium group ele- 
ments with ruthenium in the iron group. A partic- 
ularly strong tendency to form CsCl-type ordered 
structures is found in the alloys of titanium with the 
iron group elements. Titanium also forms such 
structures with cobalt and nickel but, if the lattice 
contraction is accepted as an indicator, the bond 
strength is decreasing from TiFe to TiCo to TiNi. 
The two manganese group elements so far studied 
in this respect have no tendency to form CsCl-type 
ordered structures with titanium. TiRe is body- 


centered-cubic (with a small amount of second 
phase), with no long-range order as quenched from 
the temperature range between 600° and 1200°C. 
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Notch Tensile Properties of 


Selected Titanium Alloys 


Selected a, a-8, and @ titanium alloys have been tested in the notch-tension test. 
The base alloys were variously contaminated with carbon, nitrogen, and/or oxygen, and 
the notch sensitivity of the resultant materials was determined in the temperature in- 
terval —320° = T =75°F. From these results contamination limits to produce embrit- 
tlement at the testing temperatures examined have been established. 


by E. P. Klier and N. J. Feola 


OTCH properties of titanium materials have 
been extensively investigated in the impact 
test.*°* For the most part the impact strength meas- 


*The impact strength of titanium materials on an exhaustive 
scale has been determined and reported in restricted circulation re- 
ports for the standard Charpy V-notch specimen. The results so ob- 
tained are in essential agreement with the results reported for the 
microspecimen generally used in the referenced studies. 


ured suggests a ductile-brittle transition that lies at 
relatively high temperatures, thus indicating a pos- 
sible notch sensitive condition at ambient tempera- 
tures. Recently it has been shown‘ that the impact 
strength for unalloyed titanium, as for aluminum 
alloys, may be a nonsensitive index of notch sensi- 
tivity as provided by the notch strength as measured 
in the notch tensile test. 

The notch strength for unalloyed titanium was 
found to depend on the nitrogen and carbon contam- 
ination levels. In the present work the levels to 
which oxygen, nitrogen, and carbon contaminants 
can be tolerated without leading to excessive em- 
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Fig. 2—Tensile and notch tensile properties of a 5 pct 
Al-2V2 pct Sn-Ti as forged alloy as a function of test tem- 
perature. Specimen was 0.3 in. diam, with 50 pct notch; 
radius, <= 0.002 in. 


brittlement as determined in the notch tension test 
in selected alloy titanium are reported. 


Experimental Procedure 

Materials—It was considered probable that notch 
sensitivity in alloy titanium would be dependent 
on the phase relations in the respective alloys, and 
on the alloy content for a given type of phase con- 
dition. For this reason two a, one £, and three a-8 
type alloys were prepared. The base compositions 
of these alloys are presented in Table I. 

Melting and Forging—Melting was completed in 
an inert atmosphere consumable electrode copper 
crucible are furnace.’ Sponge titanium and alloy ad- 
ditions were pressed into 2 x 2 x 10 in. compacts 
which were welded together to form suitable elec- 
trodes. Approximately 30 lb ingots were melted and 
these were forged either to % or 1 in. sq bar stock. 
The 1 in. sq stock was contaminated, remelted, and 
forged to % in. square bar. This stock was, in gen- 
eral, annealed and then used for specimen prepara- 
tion. 


Table |. Base Compositions of the Titanium Alloys 


Nominal Pct By Analysis, Pet 


2.42 pct Sn; 5.70 pet Al; 0.02 pet C; 0.015 
pet N; 0.052 pct O; 0.0033 pct H 

5.38 pet Al; 0.02 pet C; 0.018 pct N; 0.095 
pet O; 0.011 pet H 

2.4 pet Mo; 6.2 pct Al; 0.01 pct C; 0.008 pct 
N; 0.081 pet O; 0.014 pct H 

4.5 pet Al; 4.6 pet Mn; 0.015 pet C; 0.008 
pet N; 0.10 pet O; 0.0016 pet H 


2% pet Sn-5 pet Al-Ti 
6 pet Al-Ti 

3 pet Mo-7 pet Al-Ti 
4 pet Al-4 pct Mn-Ti 


8 pet Mn-Ti 8.3 pet Mn; 0.025 pet C; 0.025 pct N; 0.228 
pet O; 0.028 pct H 
15 pet Cr-Ti 15 pet Cr; 0.02 pet C; 0.017 pct N; 0.0183 


pet H 
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Fig. 3—Tensile and notch tensile properties of a 5 pct Al- 
2% pct Sn-0.23 pct Ov-0.04 pct No-Ti alloy as a function of 
test temperature. Specimen was 0.3 in. diam, with 50 pct 
notch; radius, = 0.002 in. 


Contamination and Analyses—The 1 in. sq bar 
was contaminated in suitable lengths, by the addi- 
tion of measured contaminants in a weld bead along 
the bar. Three to five lb ingots were then melted 
and processed. Following forging to % in. sq bar, 
analyses were made for carbon and nitrogen and, 
in selected instances, for oxygen and hydrogen. 

The carbon and alloy analyses were determined 
by Kimman and Wheeler, Syracuse, N. Y. The 
oxygen and hydrogen analyses were determined by 
the National Research Corp., Cambridge, Mass. The 
nitrogen analyses were determined by a micro- 
kjehldahlometric-colorimetric procedure at Syra- 
cuse University. Compositions of the contaminated 
materials are presented in Table II. 


Specimens and Testing Procedure—Specimens ac- 
cording to Fig. 1 were prepared from the % in. sq 
bar. The notches were machined with a suitably 
sharpened cutting tool. The dimensions of the speci- 
mens were measured on an optical comparator and 
a notch root radius of 0.002 in. or less was consis- 
tently obtained. Two notched and one smooth speci- 
men were tested at 75°, —65°, —100°, and —320°F. For 
each of the three highest temperatures, specimens 
were tested at two loading rates. The fast loading 
rate led to failure of notched specimens within 3 
to 6 sec. The slow loading rate was adjusted to give 
failure after a time about 100 times that for the 
fast test. Specimens were loaded to fracture in 
concentric loading fixtures,*° one of which was 
adapted for testing in a liquid environment at low 
temperatures. All materials were examined metallo- 
graphically after electropolishing. 
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Fig. 4—Tensile and notch tensile properties of a 5 pct Al- 
2% pet Sn-0.125 pct No-Ti alloy as forged as a function of 
test temperature. Specimen was 0.3 in. diam, with 50 pct 
notch; radius, = 0.002 in. 


Representation of the Test Data—Typical tensile 
and notch strength data are plotted against testing 
temperature to illustrate characteristic trends. Duc- 
tile-brittle transitional behavior, however, is best 
determined in the notch tensile test by examina- 
tion of the notch strength ratio. Thus, for the 
specimens given in Fig. 1, the notch strength (defined 
as the maximum nominal stress under the notch) 
divided by the tensile strength gives a value of 
from 1.5 to 1.7 for a fully ductile material. As notch 
sensitivity sets in, this ratio is reduced and in the 
present work a value of 1.0 is set as the lower limit 
of the ductile range. Values of contamination with 
carbon, nitrogen, and oxygen which give a notch 
strength ratio of 1 at the several test temperatures 
are therefore plotted. Additional illustrative curves 
are presented. 

Experimental Results 

The a Alloys—The results obtained for the vari- 
ous titanium alloys form analogous sets. Relatively 
detailed results for the 5 pet Al-2% pct Sn-Ti alloy 
only, therefore, will be presented. 

The microstructure of this alloy is essentially a 
phase and the distribution of the microconstituents 
is that usually observed. The precipitate structure 
has not been identified but is considered to be made 
up of the compounds of oxygen, nitrogen, and car- 
bon with titanium. 

The tensile and notch strength data for the base 
alloy are presented in Fig. 2. The tensile strength 
(75°F) is 125,000 psi and increases linearly with 
reduction in temperature to a value of 180,000 psi 
at —320°F. The notch strength (75°F) is 195,000 psi 
and increases at a decreasing rate with reduction 
in temperature to a value of 225,000 psi at —320°F. 
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Fig. 5—Tensile and notch tensile properties of a 5 pct Al- 
2% pct Sn-0.22 pct No-Ti as forged alloy as a function of 


test temperature. Specimen was 0.3 in. diam, with 50 pct 
notch; radius, = 0.002 in. 


Thus at —320°F this alloy is still notch tough, or 
the ductile-brittle transition temperature lies at less 
than —320°F. 

If the oxygen content is raised to 0.23 pct, the 
alloy remains notch tough in the temperature in- 
terval 75°F to —100°F, Fig. 3, while the tensile 
strength (75°F) is raised to about 150,000 psi. A 
comparable nitrogen content, however, leads to ex- 
treme embrittlement, Figs. 4 and 5. 

With the addition of nitrogen the tensile strength 
is raised at a relatively high rate. For the alloy con- 
taining 0.125 pct N. it is also indicated that the notch 
strength is velocity sensitive, Fig. 4, although for 
the alloy examined the effect may be due in some 
measure to the hydrogen present. As illustrated in 
this figure, it is nearly characteristic that while 


Fig. 6—Interstitial 
compositions which 
give a notch strength 
ratio equal to | at 
the indicated tem- 
peratures for the 5 
pet Al-212 pct 
Sn-Ti alloy. 


Fig. 7—Interstitial 
compositions which 
give a notch strength 
ratio equal to 1 at 
the indicated tem- 
peratures for the 6 
pet AI-Ti alloy. 
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Fig. 8—Tensile and notch properties of a 7 pct AI-3 pct 
Mo-Ti as annealed alloy as a function of test temperature. 
Specimen was 0.3 in. diam, with 50 pct notch; radius, 
= 0.002 in. 


the tensile strength curve may be raised the notch 
strength curve remains only slightly displaced un- 
til a critical condition is obtained, at which point 
it is abruptly lowered. The consequence of this is 
that as the tensile strength is raised the curve of the 
notch strength ratio is gradually lowered to a value 
of about 1 and then seemingly discontinuously is 
lowered further to a value of about 0.7. The tran- 
sition temperature is then moved abruptly from a 
temperature considerably less than —100°F to a 
temperature greater than 100°F, see Figs. 4 and 5. 
Where possible, the compositions at which the ten- 
sile and notch strengths are equal were established 
at each testing temperature. The data so obtained 
were plotted in Fig. 6 and establish the ductility 
limits, i.e., as given by a notch strength ratio of 
1, as imposed by the interstitial contaminants. The 
results for the 6 pct Al-Ti alloy were very similar, 
as is indicated in Fig. 7. 

The a-8 Alloys—The two a alloys discussed in 
the preceding section are essentially non-heat 
treatable. The a-8 alloys, on the other hand, are 
subject to structural changes through heat treat- 
ment. In order to minimize property changes due 


Fig. 9—Interstitial 
compositions which 
give a notch strength 
ratio equal to 1 at 
the indicated tem- 
peratures for the 7 
pct Al-3 pct Mo-Ti 
alloy. 
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Fig. 10—Tensile and notch tensile properties of a 4 pct Al-4 
pct Mn-Ti annealed alloy as a function of test temperature. 
Specimen was 0.3 in. diam, with 50 pct notch; radius, 
<= 0.002 in. 


to structural changes the different contaminated 
bars were annealed together according to annealing 
procedures now in use in commercial practice. 

The tensile properties of the uncontaminated 7 
pet Al-3 pct Mo-Ti alloy are presented in Fig. 8. 
The tensile strength, which is 155,000 psi at 75°F, 
increases linearly with temperature decrease to 
230,000 psi at —320°F. The notch strength, which 
also increases linearly with temperature decrease 
to —100°F, drops to 160,000 psi at —320°F. Thus, a 
ductile-brittle transition in the test exists in the 
temperature interval —320°<T< —100°F. This 
transition temperature is elevated as the carbon, 
nitrogen, and/or oxygen contents are allowed to 
change. Ductility limits which determine a notch 
strength ratio of 1 are given in Fig. 9 at testing 
temperatures of interest. 

The tensile properties measured for the 4 pct Al- 
4 pct Mn alloy are presented in Fig. 10. The tensile 
strength is 140,000 psi and increases linearly with 
reduction in temperature to 190,000 psi at —320°F. 
The notch strength, on the other hand, decreases at 
a low rate with temperature decrease from 190,000 
psi at 75°F to 170,000 psi at —320°F. The ductile- 


Fig. 11—Interstitial 
compositions which 
give a notch strength 
ratio equal to 1 at 
the indicated tem- 
peratures for the 4 
pet Al-4 pct Mn-Ti 
alloy. 
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Fig. 12—Tensile and notch tensile properties of a 8 pct 
Mn-Ti annealed alloy as a function of test temperature. 
Specimen was 0.3 in. diam, with 50 pct notch; radius, 
= 0.002 in. 


brittle transition for this material also lies in the 
interval —320° <T< —100°F. 

Contamination limits of carbon and nitrogen in 
the 4 pet Al-4 pct Mn alloys producing a notch 
strength ratio of 1 are illustrated in Fig. 11. 

The tensile properties of the 8 pct Mn alloy are 
presented in Fig. 12. The contaminant level in this 
alloy before contaminant addition was sufficiently 
high to cause extreme embrittlement. 

The Alloy—The £-phase titanium alloy selected 
for study contained 15 pct Cr, and could be retained 
as 6 phase at 75°F only by relatively fast cooling 
through the transformation range. During slow 
cooling a pearlitic structure is formed. Relatively 
little testing was completed on this alloy because 
of this indicated structural instability. The tensile 
properties of the 6 structure are presented in Fig 13. 
From 75°F to —100°F this alloy is evaluated as 
notch tough, while a ductile-brittle transition les 
at less than —100°F. If the 15 pct Cr alloy is allowed 
to transform to a pearlitic structure, as by annealing, 
it becomes extremely notch sensitive. 


Discussion and Conclusions 

The notch tensile test has, in the past, been 
developed in the course of notch sensitivity studies 
on high strength steels.°” It is a test of primary 
significance for steels as the strength level exceeds 
a limit of about 200,000 psi, Fig. 14. In this figure 
similar limiting tensile strengths for the test are 
indicated for both aluminum and titanium base 
materials. 

In Fig. 14 the notch strength vs tensile strength 
data for all titanium alloys studied in this investiga- 
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Fig. 13—Tensile and notch tensile properties of 15 pct Cr-Ti 
as forged alloy as a function of test temperature. Speci- 
men was 0.3 in. diam, with 50 pct notch; radius, = 0.002 in. 


tion are summarized. It is evident that as the tensile 
strength passes through the 130,000 to 150,000 psi 


Table Il. Chemical Analyses of the Titanium Alloys Invesitgated 


Pet 
Alloy Cc N oO H, Ppm 

5 pet Al-2%% pct Sn-Ti 0.02 0.015 0.052 33 
0.065 0.025 0.097 57 

0.02 0.125 0.116 220 

0.01 0.220 

0.02 0.04 0.230 74 

0.105 0.155 

0.04 0.235 0.056 _ 

0.03 0.155 0.214 97 

6 pet Al-Ti 0.02 0.108 0.095 110 
0.065 0.06 0.104 150 

0.22 0.025 0.12 180 

0.02 0.116 0.12 145 

0.01 0.201 0.125 aS 

0.02 0.086 0.242 171 

0.15 — 0.111 120 

7 pet Al-3 pet Mo-Ti 0.01 0.008 0.081 169 
0.08 0.066 

0.155 0.0372 

0.12 0.056 0.117 130 

0.025 0.105 

0.105 0.205 0.124 120 

0.039 — 

0.16 0.056 

0.02 0.087 0.26 38 

4 pet Al-4 pct Mn-Ti 0.15 0.008 0.097 16 
0.09 0.04 

0.17 0.072 — _ 

0.02 0.18 0.179 73 

0.02 0.26 

0.015 0.09 0.129 24 

0.18 _ 0.130 82 

0.03 0.09 0.150 69 

— 0.025 

0.015 —_— 0.117 100 

0.015 


* Nominal 0.2 pet C too brittle to machine. 
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Fig. 14—Notch sensitivity vs tensile strength of high 
strength alloys; sharply notched 0.3 in. diam specimens. Al- 
loys 4 pct Mn-4 pct AI-Ti; 7 pct Al-3 pct Mo-Ti; 6 pct 
AI-Ti; and 5 pct Al-2¥% pct Sn-Ti have similar notch 
strength ys tensile strength curves, so only one curve was 
presented. 


interval the notch tensile test becomes a sensitive 
test of notch embrittlement. It is important to note 
in the examination of these data that the tensile 
strength changes have resulted from contamination 
effects and the properties obtained may not be the 
optimum properties obtainable by suitable struc- 
tures control through heat treatment. However, it 
may be concluded from this figure that as the tensile 
strength of a titanium alloy exceeds 150,000 psi, 
notch sensitivity may well be encountered. 

For a material that undergoes a ductile-brittle 
transition this phenomenon is usually found to be 
temperature dependent and in the notch tensile 
test the notch strength ratio plays a role similar 
to the impact strength in indicating this transition 
with temperature change. Characteristic data are 
presented in Fig. 15 for consideration of the ductile- 
brittle transition with testing temperature changes 
for selected alloys. 

It has already been pointed out that the transition 
temperature defined in terms of a notch strength 
ratio of 1 shifts abruptly from very low to very 
high temperatures, and the manner in which this 
shifting is accomplished is given in Fig. 15. From 
these curves it is seen that tensile strengths at 
from 150,000 to 160,000 psi are potentially em- 
brittling for some alloys. It is also indicated, how- 
ever, that by both alloy and metallographic struc- 
tures control this limit may potentially be increased. 
In this respect titanium alloys analogous to the 
superior ultra high strength steels would appear 
to be possible, see Fig. 14. 

The limits to which the interstitial contaminants, 
oxygen, carbon, and nitrogen, can be tolerated for 
certain of the alloy systems can be fairly well estab- 
lished. For systems in which the relative volumes 
of a and 8 phase can be altered and consequently 
for which the partitioning of the interstitial con- 
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Fig. 15—Notch strength ratio ys testing temperature for se- 
lected titanium alloys at the indicated tensile strengths. 
Note that the tensile strengths are obtained through the 
addition of carbon, nitrogen, and/or oxygen. 


taminants can be altered some question may be 
raised as to the maximum contamination limits that 
may be tolerated. Indeed, if full ductility as sig- 
nified by a notch strength ratio of 1.5 is required, 
it appears that no increase in interstitial contamina- 
tion over the base level in the sponge is admissible 
for any but the a-phase alloys, if these alloys are to 
be given the conventional heat treatment. The 
possibility does exist, however, that by suitable 
heat treatment alloys containing maximum levels 
of interstitial contamination may be rendered suita- 
bly notch tough for service applications. 


Summary 

1) Six alloys of titanium have been prepared and 
contaminated variously with carbon, nitrogen, and 
oxygen. The respective materials were then ex- 
amined in the tensile and notch-tensile tests at 
temperatures from 75°F to —320°F. 

2) As the carbon, nitrogen, and/or oxygen con- 
tents of the various alloys were allowed to increase 
either singly or in combination, notch sensitivity 
was induced at a contaminant level which depended 
on the alloy and testing temperature. Possible con- 
tamination limits vary for the different alloys. 

3) Notch sensitivity in the various titanium 
alloys in the notch-tensile test has been observed 
to depend on the strength level, with the critical 
strength level falling in the 140,000 to 160,000 psi 
range. For those alloys which have good low temp- 
erature toughness the transition temperature in 
the notch-tensile test is also dependent on the 
tensile strength. 
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Technical Note 


Cylindrical Carbide Particles 
by J. H. Westbrook 


I T is always of interest to document the origin of 
real microstructures which closely approach vari- 
ous idealized morphologies. Such instances consti- 
tute excellent bases for experimental studies of the 
effect of microstructure on properties. Typical ex- 
amples include the eutectoid steels (lamellae) used 
by many investigators and the two phase Cu-Cr al- 
loys (spheres) recently employed by Hibbard and 
Hart.’ The present note describes a structure with 
cylindrical particles. 

In a study of certain alloys in the Cr-C system, 
an alloy was arc melted whose composition was 
very close to the aCr-Cr.,C, eutectic (3.2 wt pct C, 
according to the latest phase diagram published 
by Bloom and Grant’). The alloy was not analyzed 
but previous experience with the melting technique 
employed indicates good correspondence between 
intended and analyzed compositions with negligible 
tungsten contamination from the electrode. 

The phases present in the alloy were identified 
by X-ray powder patterns as a chromium and 
Cr.,C,. Typical micrographs, presented in Fig. 1, 
show unmistakable evidence of the cylindrical 
geometry of the carbide phase. The eutectic grains 
are randomly oriented and, consequently, only a 
few show the true fibrous nature of the carbide 
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particles, most being cut so as to show slightly 
elliptical cross sections. Within any particular grain, 
remarkable uniformity is to be observed with re- 
spect to the size, shape, spacing, and orientation of 
the carbide particles. Length to diameter ratios 
have been estimated from the micrographs to be 
at least 250:1, with diameters of about 1p. 

This alloy may be of further interest from differ- 
ent viewpoints. On the one hand, it might be used 
to check the applicability of the equations derived 
by Fullman’® for computing true particle dimensions 
of cylindrical particles from opaque random 
sections. On the other hand, it might be possible 
to extract the carbide particles from this alloy and 
repack them in a ductile matrix to form a synthetic 
structure of the type discussed by Metcalfe et al.* 
With the large l:d ratio and the small diameter of 
the carbide fibers, it is likely that the interdefect dis- 
tance in each fiber is sufficiently great to permit 
realization of a large fraction of the presumed high 
strength of the carbide. 
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Fig. 1—Typica! microstructures of the aCr-CrosCs eutectic showing the cylindricity of the carbide phase. Both, _ 
trolytic etch. LEFT: X100. RIGHT: X1000. Reduced approximately 15 pct for reproduction. 


Distribution of Boron in Gamma Iron Grains 


The distribution of boron in y iron grains as a function of temperature is studied, 
employing three experimental techniques: a) grain growth in high purity Fe-C and Fe-C-B 
alloys, b) X-ray parameter measurements on Fe-B alloys as a function of temperature, 
and c) the metallographic test for the boron constituent. It is concluded that boron un- 
dergoes positive adsorption to y iron grain boundaries and that the temperature coeffi- 


cient of adsorption is positive. 


by R. M. Goldhoff and J. W. Spretnak 


N connection with establishing the mechanism by 
which boron enhances the hardenability of heat 
treatable steels, this research work has been under- 
taken. Spretnak and Speiser*’ indicated the need 
for studying high temperature effects in boron steels 
and, chief among these, the possible nonhomogeneous 
distribution of boron in y iron grains. The occur- 
rence of this effect may be of significance in explain- 
ing the mechanism of enhancement of hardenability 
by boron as well as in explaining some of the ob- 
served characteristics of boron steel behavior. Pri- 
marily, then, this work was undertaken a) to 
establish whether or not boron is adsorbed in y 
solid solutions, b) to determine the nature of any 
such adsorption effects, i.e., whether it is positive 
or negative as well as its temperature coefficient, 
and c) to establish the magnitude of any such 
effect. 

While past literature on this specific subject is 
rather sparse, a number of authors have postulated 
that the observed temporary loss of hardenability as 
well as the occurrence of the characteristic boron 
constituent in these steels is due to the nonuniform 
distribution of boron in austenite.** 


Experimental Techniques 

Attempts to obtain direct evidence of grain bound- 
ary effects in boron steels have been unsuccessful, 
both by using the technique of Chalmers’ in which 
small concentrations of solute made radioactive by 
irradiation are detected by autoradiographic means, 
and by means of studying cleavage fractures with 
the electron microscope.® 

The present study attempts the design of experi- 
ments to measure the effect of boron on properties 
which might be subject to variation because of 
grain boundary effects. A study of the theoretical 
aspects of grain growth indicates that such studies 
may be pertinent. Another valid type of experi- 
ment involves the measurement in polycrystalline 
materials of properties whose values depend on the 
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bulk of the grain, being negligibly influenced by 
grain boundaries. One such property is the lattice 
parameter measured by X-ray diffraction. The 
value of the lattice parameter reflects the average 
conditions which obtain over a relatively large num- 
ber of atoms in a fixed crystalline lattice, and is 
therefore mainly dependent on bulk grain material. 
Measurement of lattice parameter variation over the 
austenite range of temperature in iron with and 
without boron should give evidence of concentra- 
tion variations in the bulk grain material if adsorp- 
tion effects are significant. 

Finally, use is made of the Grange and Garvey* 
metallographic test for boron in which a charac- 
teristic boron constituent can be developed in aus- 
tenite grain boundaries. The very occurrence of 
this phenomenon suggests grain boundary enrich- 
ment of boron and a study of the occurrence of this 
constituent and its varation with austenitizing 
temperature should help to detect grain boundary 
effects. 

Materials 

One lb ingots of pure iron, an Fe-B alloy, an Fe-C 
alloy, and an Fe-C-B alloy were prepared. The 
melting technique included an initial melting of elec- 
trolytic iron under vacuum followed by remelting 
under hydrogen and, finally, by melting under ar- 
gon with the addition of alloying elements. Each ingot 
was surface machined between meltings. A quanti- 
tative spectrographic analysis was obtained on the 
pure ingot and, in addition, oxygen, nitrogen, and 
carbon were determined by the vacuum fusion 
method. The results of these analyses are given in 
Table I. Semiquantitative spectrographic analyses 
were performed on the alloy ingots, while quantita- 
tive determinations of the alloy additions were ob- 
tained. These analyses are shown in Table II. 

The cast ingots were subjected to the following 
sequence of fabrication treatments: forging to 5/8 
in. bars, swaging to 0.300 in. rounds, drawing to 
0.025 and 0.010 in. wire. Portions of each ingot 
were retained in the swaged condition for experi- 
mental use. 

For certain portions of the work typical commer- 
cial steels were used. These materials were supplied 
by the Republic Steel Corp., Canton, Ohio, and cor- 
respond to AISI 8640 and AISI 86B40 compositions. 
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Both materials were taken from the same base heat, 
the boron being added to a portion of the heat as 
Grainal No. 79. The composition and treatment of 
these materials are shown in Table III. 


Grain Growth Studies 
Many excellent reviews of boundary migration 
and grain growth theory appear in the literature.’™ 
The mathematical treatment of grain growth varies 
in complexity, but it is customary to treat the re- 
sults of isothermal grain growth studies in accord- 
ance with a relationship of the form 


D=kt" [1] 


where D equals average grain diameter; t equals 
time of anneal; and k and n are constants. 

In theory the value of n in the above equation 
should be 0.5, but for metals its value in general is 
less. Fullman”™ has studied the factors which may 
influence n and has included the effects of inclu- 
sions, changes in grain boundary free energy, ad- 
sorption of impurities at grain boundaries, orienta- 
tion, polygonization, and strain. A study of these 
effects in detail” shows that even though the ad- 
sorption of solute atoms at the grain boundaries 
does not appear to alter the surface energy signifi- 
cantly and thereby influence the grain growth ex- 
ponent, such an occurrence can still have a substan- 
tial effect on grain boundary mobility, which tends 
to decrease n by a large relative amount. This 
provides a basis for studying the isothermal grain 
growth chacteristics of the Fe-C and Fe-C-B alloys 
described previously. 

Specimens of each alloy were heat etched in a 
highly purified hydrogen atmosphere using a system 
analogous to that described by Miller and Day.” 
Isothermal grain growth curves were obtained at 
temperatures of 1750°, 1850°, and 1900°F for times 
ranging from 15 min to 4 hr. The average grain 
size analysis was based on the grain count as ob- 
tained from six photographic fields of about 100 
grains taken from each specimen. By using the fol- 
lowing equation, the average grain size is then 


determined,* 
1.075 \/ A 
D = ——_ — 
M N 


where D equals average grain diameter; M magnifi- 
cation; A, area of field; and N, the average number 
of grains in the field. 

According to the equation D = kt", a plot of log 
D vs log t should give a straight line with slope n 


Table |. Quantitative Spectrographic and Vacuum Fusion Analyses 
of High Purity Iron 


Element Wt Pct 
Mn 0.005 
Si 0.01 
Cu 0.0005 
Ni <0.005 
Cr <0.01 
Vv <0.01 
Mo <0.005 
Al <0.001 
Sn <0.001 
B <0.0005 
Co <0.01 
Ca <0.0005 
c* 0.0072 
o* 0.0023 
N* 0.0080 


and intercept log k, based on the assumption that 
the initial grain size is negligible in comparison to 
grain sizes encountered on annealing and likewise 
that the time for recrystallization is negligible in 
comparison to the annealing times used. These as- 
sumptions appear valid for the data presented here. 

Figs. 1 and 2 show the data plotted according to 
the above scheme and the results are reasonably 
good straight lines. It is apparent that the slope of 
the curves increases continuously for the Fe-C alloy 
over the range of temperatures studied, whereas it 
decreases continuously for the Fe-C-B alloy studied. 

In order to refine the data, a least squares analy- 
sis was performed and the best equations to fit each 
set of data points were determined. A tabulation 
of these data is given in Table IV. Further, the 
equations of the straight lines of Figs. 1 and 2 have 
been differentiated to obtain rates of grain growth. 
These values are tabulated in Table V. 

While the increase of n with temperature is prob- 
ably chiefly a thermal effect, the decrease of n with 
temperature in the case of the boron alloy would 
seem to indicate a deterring mechanism for grain 
boundary migration. Examination of the data shows 
that at a given grain size and temperature the rate 
of growth of the Fe-C-B alloy is greater than that of 
the Fe-C alloy, yet with increasing temperature at 
this same grain size the comparable rate of grain 
growth increase is less in the Fe-C-B alloy. Again, if 
we differentiate Eq. 1 


——— = Knt™ [2] 


and apply the data of Table V at unit time Table 
VI can be drawn up. 

From Table VI it appears that there is a differ- 
ent temperature dependency of grain growth for the 
two alloys. The reason for the higher growth rate 
of the Fe-C-B alloy at 1750° and 1850°F is not 
clear, but it could be associated with some nitrogen 
compound in the Fe-C alloy. In any event it seems 
plausible that the observed behavior could be at- 
tributed to grain boundary adsorption of boron in 
the Fe-C-B alloy as the temperature increases. 


X-ray Diffraction Studies 

The basic concepts underlying the X-ray diffrac- 
tion studies of y iron have been briefly considered 
in a previous section. Several preliminary tests on 
the iron and Fe-B alloys indicated that boron does 
have a measurable effect on the lattice parameter 
of iron. Further tests were then carried out in the 
hope that detectable variations of comparative ther- 


Table Il. Semiquantitative Spectrographic Analyses of Iron Alloys 


Alloy Fe-B Fe-C Fe-C-B 

Major, >10 pet Fe Fe Fe 
Low, 0.1 to 1 pct None None None 
Very low, 0.01 to 0.1 pet None None None 
Very low trace, 0.005 to 0.05 pct ri 
Trace, <0.01 pet n i i u s 

zs 3 Cu As Mn Ti Ni Sb 

Ni Sb Cul FAs Cry eb 


Co Zn i 
Boron* 0.0053 0.0021 
Carbon; 0.30 0.29 


* Carbon, oxygen, and nitrogen were determined by vacuum 
fusion analysis. 


* Boron analyses were done spectrographically. 
+ Carbon analyses were done by a combustion method. 
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Fig. 1—lIsothermal grain growth characteristics of high 
purity Fe-0.3 pct C alloy. 


mal expansion values might be interpreted in the 
light of concentration variations that might be in- 
duced by adsorption effects. 

The materials used in this study were 0.010 in. 
wires of each of the high purity materials prepared 
for this work. Diffraction patterns were obtained 
on each of these fully annealed materials at room 
temperature. A 114 mm Norelco powder type cam- 
era was used for this work. The camera was ther- 
mostatted and cobalt radiation without filtering was 
used. Experimental accuracy was estimated to be 
0.0001A using the extrapolation method of Nelson 
and Riley” in determining the parameters. Lattice 
parameters corrected to 20°C, as determined by this 
means, are shown in Table VII. Both boron con- 
taining alloys show a parameter contraction with 
reference to pure iron whereas the plain carbon 
alloy shows neither expansion nor contraction, On 
the basis of the patterns obtained it is felt that the 
parameter differences are significant, and that this 
may indicate some effective solubility of boron in 
iron at room temperature. 

The high-temperature vacuum camera used in 
this work was capable of producing temperatures 
ranging from 900° to 1200°C and power input sta- 
bilization maintains the temperature to within 
+2°C. Pressures of the order of 2 x 10° mm Hg were 
maintained at temperature. For accuracy of meas- 
urement and ease of handling the 0.010 in. wires 
were found satisfactory for use in the experiment. 
Initial tests on the fully annealed high purity wires 
showed that some critical reflections were absent 
due to grain growth and that the diffraction lines 
were too spotty to insure the needed accuracy. For 
this reason all the determinations could not be 
made on one specimen so that the values shown at 
each temperature represent different specimens 
from the same length of wire. The problems were 
further obviated by using cold drawn specimens 
which recrystallized in the camera during the heat- 
ing up period. Only the pure iron and Fe-B alloy 
were used and again the Nelson-Riley method was 
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Fig. 2—Isothermal grain growth characteristics of high 
purity Fe-0.29 pct C-0.0021 pct B alloy. 


work using pure nickel at about 1000°C indicated 
that the camera gave results accurate to within 
0.0005A in this temperature range. Fig. 3 presents 
the data obtained for the thermal expansion of the 
alloys studied. A check with some recent work by 
Basinski et al.” on lattice parameters in y iron shows 
fair agreement at the higher temperatures but fair- 
ly large differences at the lower temperatures. 
Camera, characteristics, alloy purity, and differences 
in technique may well account for this, but for pur- 
poses of this study it is really the comparison rather 
than the absolute values which is important. Per- 
haps the greatest concern is whether or not the 
boron is retained in the specimen wires at these 
high temperatures. Unfortunately, this is very diffi- 
cult to check since neither analysis nor the metal- 
lographic test can be applied under these conditions. 
However, the vacuums obtained, as cited before, 
would appear to be sufficient for assuming the re- 
tention of boron. 

A preconceived notion of the expected behavior 
of the thermal expansion of the Fe-B alloy was de- 
veloped as shown in Fig. 4a. This was based on the 
assumption that boron would be in interstitial solid 
solution in y iron. As a result, an expansion of the 
lattice was expected. Further, if the boron were 
randomly distributed in the y iron over the temper- 
ature range of the test, the thermal expansion curve 
of the Fe-B alloy could be expected to be parallel 
to the curve for pure iron. The occurrence of ad- 
sorption would be indicated if the thermal expan- 
sion curve of the alloy approached that for pure 
iron as shown in the figure. The observed behavior 
plotted in Fig. 3 has been redrawn schematically in 
Fig. 4b for comparison purposes. Obviously the 
addition of boron to pure iron causes a contraction 
of the lattice. The thermal expansion curve for the 
alloy is divided into two sections, a and b, in Fig. 
4b. The portion of the curve marked a is better 
understood by reference to the Fe-Fe.B equilibrium 
diagram of McBride, Spretnak, and Speiser.” In this 
diagram, at a 0.005 pct B concentration, a two phase 


used in measuring lattice parameters. Previous field exists between 906° and about 1025°C. Above 
Table III. Analysis of Republic Steel Corp. Heat No. E38720* 

C Mn P Si Ni Cr Mo B 
£38720, Ladle 0.39 0.85 0.015 0.019 0.31 0.53 0.48 0.23 = 
3A, No. 79 Grainal 0.395 0.89 Not 0.31 0.54 0.48 0.25 0.0013 
5A, Base 0.396 0.88 reanalyzed 0.31 0.54 0.47 0.25 0.0000 


* Heat had base analysis of AISI 8740; special ingot treated with Grainal No. 79. 5A represents base analysis; 3A represents base plus 4 
9. 


lb per ton of Grainal No. 7 
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Fig. 3—The y phase lattice parameter of pure iron and an 
Fe-0.005 pct B alloy. 


1025°C all the boron is in solution in austenite. The 
observed constant slope portion of the thermal ex- 
pansion curve for the Fe-B alloy must then repre- 
sent the solution of Fe.B. Along the portion of the 
curve marked b, the tendency is for the lattice 
parameter of the alloy to converge to that for pure 
iron. This behavior can be plausibly explained by 
concentration variations within the grains as pre- 
viously surmised, i.e., the positive adsorption of 
boron in austenite, increasing with increasing tem- 
perature. 

The lattice contractions observed when boron is 
added to iron indicate that boron atoms occupy 
substitutional sites in both the a and y phases. There 
have been several publications which support the 
idea that boron is substitutional in a iron.”” On the 
other hand, recent internal friction studies”” on 
Fe-B alloys in the a range have disclosed a peak 
attributed to boron, in addition to peaks for carbon 
and nitrogen. Because of low concentrations of 
boron involved, it is concluded by these investigators 
that only interstitial boron atoms could give rise to 
such an internal friction peak. As for y iron, on the 
basis of diffusion data showing boron and carbon 
to have comparable diffusion rates in austenite,”” 
it had been assumed previously by the writers that 
boron forms an interstitial solid solution in y iron. 
However, the X-ray parameters obtained in this 
work show a definite contraction of the lattice, 
pointing to a substitutional solid solution. Calcula- 
tions” involving the dependency of solubility on the 
energy required to introduce a boron atom into 
either an interstitial or substitutional position seem 
to support the interstitial solid solution, although 
not decisively. These calculations neglect chemical 
interaction, which probably contributes to the re- 
striction of the solubility of boron. 

In considering the atomic radii of boron and iron, 
the radius ratio puts boron about midway between 
the values favorable for substitutional solutions and 


the interstitial solutions and suggests that boron is 
slightly more comfortable in a substitutional site. 
This leads to an interesting possibility of boron 
atoms occupying both types of sites, with the larger 
fraction in substitutional sites and a smaller fraction 
in interstitial sites at any particular instant (the 
proportions may be altered in a iron because of the 
smaller interstitial hole in this phase). Thus, dif- 
fusion could involve three types of jumps: a) sub- 
stitutional-substitutional, b) interstitial-interstitial, 
and c) substitutional-interstitial. Since most of the 
atoms are expected to be substitutional, a contrac- 
tion of the lattice parameter would be expected. 
Such a situation, admittedly unusual, could resolve 
the conflicting evidence on damping capacity, diffu- 
sivity, and lattice parameters. 


Metallographic Studies 


Grange and Garvey’ have discussed a unique met- 
allographic test for boron. Whenever addition of a 
small percentage of boron results in increased hard- 
enability a characteristic constituent can be formed 
in the microstructure which cannot be found in 
steels not containing boron. Grange and Garvey 
obtained this constituent by heating in the vicinity 
of 2000°F and rapidly cooling to a subcritical tem- 
perature where ferrite forms at the austenite grain 
boundaries on holding. The authors speculated that 
boron atoms were concentrated at the grain bound- 
aries at the high austenitizing temperature and pre- 
cipitation of the constituent occurs on rapidly 
cooling to the subcritical transformation tempera- 
ture. Under these circumstances it appears that a 
study of the variation of boron constituent with 
austenitizing temperature might be a_ sensitive 
means of establishing the possible occurrence of 
surface adsorption of boron in austenite. 

The material used in this study was a portion of 
a commercial heat of AISI 86B40 steel supplied by 
the Republic Steel Corp. The analysis of this steel 
appeared in a previous section. Because of the 
extreme sensitivity of these steels to deboronization, 
the specimens were nickel plated before treatment 
in an argon atmosphere. Salt baths were used in 
subcritical transformation phase of the heat treat- 
ment cycle. 

It was necessary to make a preliminary study of 
the temperature and time of holding in the sub- 
critical transformation range in order to obtain op- 
timum conditions for developing the boron con- 
stituent. Using an austenitizing temperature of 
2000°F it was determined that a subcritical trans- 
formation temperature of 1200°F produced the de- 
sired ferrite network for developing the constituent. 
If transformation temperatures were lowered to a 
point where the proeutectoid ferrite was acicular in 
nature, the constituent was undiscernable. A study 
of the effect of holding times at 1200°F revealed 
that boron constituent was present in the first pro- 


Table IV. Equations for the Isothermal Grain Growth of an Fe-0.3 
Pct C Alloy and an Fe-0.29 Pct C-0.0021 Pct B Alloy 
at Various Temperatures 


Table V. Equations for the Rate of Isothermal Grain Growth of an 
Fe-0.3 Pct C Alloy and an Fe-0.29 Pct C-0.0021 Pct B 
Alloy at Various Temperatures 


Alloy Temperature, °F Equation Alloy Temperature, °F Equation 
750 D = 0.046t0.%7 Fe-0.3 pet C 1750 dD/dt = 0.0045t--9 
1350 D = 0.043t0.14 Fe-0.3 pet C 1850 dD/dt = 0.0060t~0-5 
Fe-0.3 pct C 1900 D = 0.036t0.21 Fe-0.3 pct C 1900 dD/dt = 0.0076t-0.7 
Fe-0.29 pet C-0.0021 pct B 1750 D = 0.042t0.14 Fe-0.29 pct C-0.0021 pct B 1750 dD/dt = NIE 
Fe-0.29 pet C-0.0021 pct B 1850 D = 0.061t9-11 Fe-0.29 pct C-0.0021 pet B 1850 dD/dt = ES 
Fe-0.29 pet C-0.0021 pct B 1900 D = 0.076t0.088 Fe-0.29 pct C-0.0021 pct B 1900 dD/dt = 0.0066t-0.% 
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Fig. 4—Schematic representation of the effect of boron on 
the expected and observed behavior of the thermal expan- 
sion of pure iron. 


eutectoid ferrite to form. The amount of constituent 
increased with time of holding until the proeutectoid 
ferrite transformation was complete. Beyond this 
time, which appeared to be about % hr at this 
temperature, no change of the amount or disposition 
of the constituent was noted. Further study showed 
that the coarsening temperature for this steel was 
about 1800°F. Detection of the boron constituent 
using austenitizing temperatures below this figure 
was very difficult. Undoubtedly, grain size is of im- 
portance in increasing the boron concentration at 
the grain boundaries. 

The experiment consisted of heat treating speci- 
mens in increments of 100° from 1800° to 2200°F 
for 10 min, quenching into a constant temperature 
salt bath at 1200°F, and holding for 1 hr before 
removal and cooling in an air blast. Each specimen 
so treated was sectioned, polished, etched with 
picral, and viewed under the microscope at magnifi- 
cations from X1000 to X1500. A typical microstruc- 
ture obtained by heating at 2000°F is shown in 

The evaluation of the relative amount of boron 
constituent developed in the grain boundaries at the 


Table VI. Temperature Dependency of Grain Growth Rate for Fe-C 
and Fe-C-B Alloys 


Fe-C Fe-C-B 
dD dD 
Temper- — Pct of Temper- —- Pct of 
ature, °F dt Increase ature, °F dt Increase 
1750 0.00446 1750 0.00588 
> 35.0 12.4 
1850 0.00602 1850 0.00671 
> 25.6 —2.7 
1900 0.00756 1900 0.00653 


various temperatures involved the measurement of 
grain size, the average particle size of the constitu- 
ent, and the relative amounts of grain boundary 
area covered by the constituent in each of the speci- 
mens. Grain size determinations were made by com- 
parison with ASTM charts. The size and boundary 
coverage of the boron particles were determined 
microscopically at X1250 with the aid of a filar eye- 
piece and an oil immersion objective lens. Particle 
size was estimated by the measuring of diameters 
of approximately 590 particles in randomly dis- 
tributed patches of constituent throughout the speci- 
mens. To estimate the grain boundary coverage, 
all average of 50 randomly chosen fields per speci- 
men were evaluated. The results of these measure- 
ments are shown in Table VIII along with the calcu- 
lated volume fraction of boron constituent at each 
temperature. This volume fraction was calculated 
according to 
Fes Dp 


F= 
De 


where F equals volume fraction of boron constitu- 
ent; F¢,:, fraction of grain boundary covered by 
boron constituent; D,, particle diameter; and Dz, 
grain diameter. 

From the results of the semiquantitative measure- 
ments made, it appears that twice as much boron 
constituent is present in the specimen heat treated 
at 2200° as is present in the specimen heat treated 
at 1800°F. The obvious interpretation of these data 
is that boron must be concentrating at grain bound- 
aries in increasing amounts with increasing tem- 
peratures. 

During the course of this work, several attempts 
were made to develop the boron constituent in high 
purity Fe-B alloys as well as high purity Fe-C-B 
alloys. In each case the alloy without carbon failed 
to develop the constituent. This appears to correlate 
with the data obtained by Darken et al.” on the 
phase equilibra in the ternary Fe-C-B system. This 
work establishes the presence of boro-cementite at 
temperatures in the austenite range of this system. 
Boron apparently substitutes in part for carbon in 
this compound. It is probable, then, that the ob- 
served boron constituent is a boro-cementite com- 
pound. 

Summary and Discussion 

Taken together, the results of studies involving 
grain-growth characteristics, lattice parameters, and 
metallography indicate the following: 

1) Boron is adsorbed in y iron. 

2) The nature of the adsorption is that a) it is 
positive, i.e., boron atoms tend to segregate at the 
y grain boundaries, and b) it has a positive tem- 
perature coefficient, i.e., boron atoms segregate to 
the y grain boundaries in increasing amounts with 
increasing temperature. 


Table VII. Lattice Parameters of Pure Iron and Some Iron 
Alloys at 20°C* 


Parameter, 
Alloy Corrected to 20°C 
Fe 2.8665 
Fe-0.005 pet B 2.8662 
Fe-0.30 pet C 2.8665 
Fe-0.29 pct C-0.0021 pet B 2.8664 


* Unfiltered cobalt radiation, thermostatted camera. 
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3) A semiquantitative microscopic analysis of the 
boron constituent in AISI 86B40 indicates that about 
twice as much constituent is present in the y grain 
boundaries at 2200° as is present at 1800°F. 

4) From a study of the variation of lattice param- 
eters in both a and y iron, with and without boron, 
it appears that the boron atom forms a substitutional 
solid solution in both of these phases. However, 
recent diffusion data and anelasticity studies also 
point to the existence of interstitial solutions involv- 
ing boron in iron. 

It is well established that boron in hardenable 
steels acts to delay the start of the decomposition 
of austenite. The normal concentrations of boron 
in the bulk of the grain seem to have no deterring 
influence after the transformation is initiated. This 
behavior suggests a critically enhanced concentra- 
tion at the grain boundaries. Such an enrichment of 
boron atoms can be brought about by a positive 
temperature coefficient of interfacial adsorption, as 
demonstrated by the research being reported. 

The idea of a positive temperature coefficient of 
adsorption is often rejected on the basis of behavior 
of gas adsorption in catalysis. The heat of such ad- 
sorption is generally exothermic and, according to 
the Le Chatelier principle, increasing the tempera- 
ture will reduce the degree of adsorption, yielding 
a negative temperature coefficient. However, Tay- 
lor and Glasstone” point out that heats of adsorp- 
tion from solutions, and also the amounts of adsorp- 
tion, are complicated by the participation of the 
solvent and are correspondingly difficult to inter- 
pret. In this particular case of solid solution inter- 
facial adsorption, several factors can change with 
temperature, such as the chemical interaction be- 
tween solute and solvent, the magnitude of the in- 
terfacial energy, the effect of the solute on the inter- 
facial energy, and the strain energy effect resulting 
from the distortion induced by the solute atoms. It 
is reasonable then that the temperature coefficient 
cannot be predicted a priori. The authors’* have 
pointed out previously that the temperature co- 
efficient of adsorption in solid solutions must be 
determined experimentally because of the limita- 
tions in the present state of our knowledge. 
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Technical Note 


Crystallographic Angles for Manganese Bismuthide 


by W. J. Romanow 


ECENT papers by Williams, Sherwood, and 

Boothby,’ Seybolt et al.,* Heikes,® and Roberts* 
attest to the increasing importance of the hexagonal 
ferromagnetic compound MnBi. Since the magnetic 
properties of MnBi crystals are highly anisotropic, 
it is useful and necessary to have appropriate aids 
for determining their orientations—a (00-1) stand- 
ard stereographic projection and a corresponding 
table of crystallographic angles for this structure. 
The tables of crystallographic angles for the hexa- 
gonal system available in the literature’ are com- 
puted for c/a ratios greater than that of MnBi and 
cannot satisfactorily be used to find the crystallo- 
graphic angles of MnBi. 

A table of angles between the crystallographic 
planes (HK-L) and (hk-l) was calculated for MnBi 
from the formula’ 

Hh+Kk-+ % (Hk+hK) + %4 (a/c)*L1 
(H’? + + HK + % (a/c)’L’) (h’ 
+ k? + hk + % (a/c)’ 


on an IBM Type 650 Magnetic Drum Data Process- 
ing machine. The lattice constants used are listed in 


= arc cos 


W. J. ROMANOW is associated with the Bell Telephone Lab- 
oratories Inc., Murray Hill, N. J. 
TN 395E. Manuscript, Oct. 10, 1956. 


Table |. Angles Between the Crystallographic Planes 
of Manganese Bismuthide* 


HK-L hk+1 
00-1 10-8 11.64 
10-7 13.25 
10-6 15.36 
10-5 18.24 
10-4 22.39 
20-7 25.21 
10-3 28.78 
20-5 33.39 
10-2 39.48 
20-3 47.69 
10-1 58.75 
20-1 73.12 
10-0 90.00 
21-2 65.36 
21-1 77.08 
21-0 90.00 
11-8 19.63 
11-6 25.44 
11-4 35.51 
11-2 54.98 
11-0 90.00 
12-2 65.36 
12-1 77.08 
12-0 90.00 
10-0 21-0 19.11 
11-0 30.00 
12-0 40.89 
01-0 60.00 
11-0 12-0 10.89 
12-0 60.00 


= 4.286A, co = and c/a = 1427, 
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Table I and are those determined by Willis and 
Rooksby’ at 20°C. More recently published values 
obtained by both X-ray and neutron diffraction” 
show no difference from these significant to the cal- 
culation. 

From the crystallographic angles between the 
basal plane (00-1) and the general plane (hk-1) in 
Table I, an (00-1) standard stereographic projection 
was made for MnBi which is shown in Fig. 1. 
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Some Internal Friction Studies in Columbium 


_ Carbon has been found to diffuse in columbium at a slightly more rapid rate than 
nitrogen. At 1 cps, that internal friction peak which arises from the stress-induced order- 
ing of carbon in columbium is found at 268°C while the nitrogen peak occurs at 285°C. 
The diffusion coefficients are: D—0.0046 exp (—33,300/RT) for carbon in columbium 
and D—0.0072 exp (—34,800/RT) for nitrogen in columbium. The carbon peak in colum- 
bium is very unstable, the height declining rapidly with time in contrast to the nitrogen 
peak. The ratio of the height of the nitrogen peak to the concentration of nitrogen in 
solid solution (expressed in wt pct) was found to be 0.33, in good agreement with previous 
work. The internal friction in high purity columbium was found to be a sensitive function 
of the strain amplitude at which the damping was measured. 


by R. W. Powers and Margaret V. Doyle 


NTERNAL friction measurements, carried out 

as functions of temperature, have been used ex- 
tensively to obtain data on the mobility of interstitial 
impurities in the Group V metals, vanadium, colum- 
bium, and tantalum. For a given frequency of vibra- 
tion, the internal friction peaks at a temperature 
which depends principally on the particular metal 
and interstitial impurity. Relaxation times and 
corresponding activation energies are determined 
from a knowledge of such peak temperatures for 
various vibration frequencies. These experimentally 
determined relaxation times are related to the aver- 
age jump frequencies of the interstitial impurity 
atoms using the model of Snoek* and can be related 
to macroscopic diffusion coefficients as shown by 
Polder.* 

In these Group V elements, the impurity whose 
diffusion rate has been the hardest to pin down by 
the internal friction technique has been carbon. The 
experimental difficulties associated with carbon in 
these metals were not evident in the earliest inves- 
tigation carried out by Ke on tantalum.* The carbon 
peak was thought to occur near 140°C at 1 cps 
on the basis of the enhancement of the height of 
this peak measured on specimens which had been 
coated with colloidal carbon and heated in vacuo 
at 1200°C. Presumably on the basis of similar evi- 
dence, Wert identified a peak also near 140°C at 1 
cps in columbium with the diffusion of carbon in 
that element.* 

Later, the difficulties of admitting carbon into 
these metals without simultaneously introducing 
oxygen were pointed out by Ang and Wert’ and by 
Marx, Baker, and Sivertsen.® The latter suggested 
that the peaks attributed to carbon in tantalum 
and columbium might arise from the presence of 
traces of oxygen, adventitiously absorbed during 
the carburization. Such suspicion was confirmed, at 
least in tantalum, when it was found possible to 
prepare C-Ta specimens without contamination by 
oxygen. Specimens so prepared, although high in 
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carbon content, gave no evidence of a damping peak 
near 140°C.’ 

Recently, the authors were able to show that car- 
bon diffuses in tantalum at a rate only slightly 
slower than that for nitrogen.* At 1 cps, the carbon 
peak les at 349°C, only a few degrees above the 
nitrogen peak at 341°C. However, the two could be 
distinguished by a different stability with respect to 
aging at 400°C and by a different dependence of 
peak height on solute concentration. On the basis of 
this experience with tantalum, it appeared worth- 
while to search also for a carbon peak in columbium 
in the vicinity of the nitrogen peak.* 


* The nitrogen peak in columbium has been investigated by Ang,® 
Ang and Wert,®5 and Marx, Baker, and Sivertsen.* 


In this report, the location of the carbon peak 
in columbium is made known and its position rela- 
tive to the nitrogen peak is compared with the au- 
thors’ previous findings in tantalum. In addition, a 
second source of internal friction seen only in speci- 
mens of very high purity is discussed. 

Columbium was obtained from the Fansteel 
Metallurgical Corp. as either 30 or 40 mil diam 
stock. The manufacturer gives the following analy- 
sis as typical of this material: 99.4 pct minimum 
Cb, 0.10 pet maximum C, 0.5 pct Ta, 0.04 pct Ti, 
0.02 pet maximum Si, and 0.01 pct maximum Fe. 
Wires 13 in. long were degassed near 2200°C for 
4 to 16 hr in an ultimate vacuum better than 2.10° 
mm Hg in an apparatus described previously.* This 
treatment reduced the oxygen and nitrogen damp- 
ing peaks observed in the as-received material to 
less than 0.0001 in Q* above background. The latter 
value varied somewhat from specimen to specimen 
in the range 0.0004 to 0.0008, depending chiefly 
on the wire diameter and the frequency of vibration. 
The high temperature evacuation left the specimen 
in a rather soft condition, the Vhn being reduced 
to 40 from a value near 121 in the as-received con- 
dition. The grain size was about the diameter of 
the specimen. After outgassing, specimens were 
loaded with carbon by absorption of such hydro- 
carbons as methane or ethylene. Carbon was also 
added to a few specimens by heating them at 
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Fig. 1—Carbon and nitrogen internal friction peaks in 
columbium. 


2000°C in vacuum following application of a car- 
bon black-water slurry to their surfaces. Carbon 
solutions prepared in this manner were subject to 
almost no contamination by oxygen. The oxygen 
peak in no case exceeded 0.0003 in Q”*. The very 
high carburization temperatures used were sug- 
gested by the experiments of Mrs. M. R. Andrews, 
who found many years ago that the absorption of 
oxygen by tantalum decreases rapidly with increas- 
ing temperature.” The situation in columbium is 
presumably similar. The presence of carbon in co- 
lumbium produces a damping peak near one pre- 
viously reported to arise from the diffusion of nitro- 
gen. Consequently, for purposes of comparison, the 
internal friction was studied also in columbium 
specimens to which nitrogen was added by the ab- 
sorption of either molecular nitrogen or ammonia. 

The internal friction measurements were made in 
a torsion pendulum of the sort popularized by Ke.” 

Identification of the Carbon Peak in Columbium— 
In Fig. 1, plots are shown of internal friction vs 
reciprocal temperature for various columbium speci- 
mens, which had been evacuated and then charged 
with carbon or nitrogen as designated in the figure. 
For purposes of critical intercomparison, the various 
curves have been normalized to unity at the peak. 
The background damping has been subtracted from 
the observed damping in each case. Note that in 
columbium, carbon diffuses at a somewhat more 
rapid rate than does nitrogen. At 0.55 cps, the car- 
bon peak is located at 258°C while the nitrogen 
peak is found at 275°C. This is the inverse of that 
found previously in tantalum. In the latter, carbon 
diffuses at a slightly slower rate than does nitrogen. 
Moreover, in the specimens charged with carbon, 
either no peak or one not larger than 0.0003 was 
found near 140°C. This observation demonstrates 
that the previous association of the 140° peak in 
columbium with carbon was incorrect, and that the 
140° peak was caused by absorbed oxygen. 

Aging of C-Cb Solid Solutions—The height of the 
carbon peak in columbium was found to decline 
with time. This aging process, which proceeds con- 
siderably more rapidly than in C-Ta solutions, un- 
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Fig. 2—Difference in stability between the nitrogen and the 
carbon peak in columbium with respect to aging at 310°C. 


doubtedly contributed to the initial delay in identi- 
fying the peak and made the characterization rather 
difficult. This effect is presumed to arise from the 
precipitation of columbium carbide. It is illustrated 
in Fig. 2, where for a specimen loaded with 0.01 
wt pct C, the damping peak height was remeasured 
between successive heatings of the pendulum furn- 
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Fig. 3—Height of N-Cb damping peak as a function of 
nitrogen concentration. 
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Fig. 4—Determination of the activation energies for the 
diffusion of carbon and nitrogen in columbium. 


ace to 310°C. The peak damping is plotted against 
the number of times the specimen had been heated 
to 310°C. The instability of carbon solutions should 
be contrasted with that of nitrogen solutions. No 
aging of the peak, in a specimen containing 0.01 wt 
pet N, was expected from the work of Ang and 
Wert.’ None was found, as shown also in Fig. 2. 

Peak Heights as Functions of Solute Concentra- 
tion—Attempts were made to establish the relation- 
ship between the height of the carbon peak and the 
carbon concentration. They were not successful be- 
cause of the rapid aging of carbon solutions as dis- 
cussed above. The height of the carbon peak for a 
given carbon concentration varied considerably 
from specimen to specimen and appeared to depend 
critically on the rapidity of quench. In general, 
higher peak heights were observed in those speci- 
mens prepared with methane, as compared with 
those prepared from ethylene. It is assumed that 
this is due to the greater amount of hydrogen asso- 
ciated with a given quantity of carbon in methane. 
The greater amount of hydrogen gives rise to a more 
rapid quench and thus provides for higher degrees 
of supersaturation. 

The height of the nitrogen peak in columbium as 
a function of nitrogen concentration was determined, 
however. The data are reproduced in Fig. 3. A 
linear relationship, as predicted by Snoek’s theory,’ 
was noted with a peak height to wt pct N ratio 
of 0.33. For most other systems in which this ratio 
has been measured, such as for carbon and nitro- 
gen peaks in iron and oxygen and nitrogen peaks 
in tantalum, a value near 1 has been observed."*” 
The present value of 0.33 confirms very well, how- 
ever, the result of Ang and Wert,’ who obtained an 
average value of 0.34 from three determinations. 
The agreement is particularly satisfying since the 
methods used for determining nitrogen concentra- 
tion were so disparate. The method used here is es- 
sentially a measurement of the volume of gas ab- 
sorbed by a specimen of known mass, whereas Ang 
and Wert had a determination made of the amount 
of nitrogen extracted. 

Diffusion Constants for Carbon and Nitrogen in 
Columbium—Some time ago, Polder,’ and later Wert 
and Zener,” showed that the diffusion coefficient 
for an interstitial impurity in a body-centered-cubic 
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Fig. 5—Strain amplitude dependence of internal friction in 
pure columbium. 


metal is related to the relaxation time for the stress- 
induced ordering of interstitial impurity atoms 
through the expression D = a’/36r. Here D is the 
diffusion coefficient; a, the lattice parameter; and 
7, the relaxation time. At the temperature at which 
the internal friction peaks, r = 427f, where f is the 
frequency of the applied stress. Since relaxation 
times involving diffusional processes can usually be 
expressed as functions of temperature in the form 
7T=7, exp (E/RT), the parameters 7, and E, the ac- 
tivation energy, can be obtained from plots of lo- 
garithm of applied frequency vs reciprocal peak 
temperature. Such information for both carbon and 
nitrogen in columbium are tabulated in Table I 
and are presented graphically in Fig. 4. The diffu- 
sion coefficients are found to be D= 0.0046 exp 
(—33,300/RT) for carbon in columbium and D 
= 0.0072 exp (—34,800/RT) for nitrogen in colum- 
bium. The error limits given in the figure are for 
the 50 pct confidence limit, appropriate correction 
having been given for the small sample size. 
Because of the rapid aging of the carbon peak, it 
was not possible to determine the constants for the 
diffusion of carbon in columbium with the ac- 
customed precision. Even though the constants for 
nitrogen in columbium have been measured pre- 
viously and have been collated by Marx, Baker, and 
Sivertsen,” it would appear that the earlier mea- 
surements were made with specimens containing 
nitrogen at high concentration. It is now known that, 
as a result of interactions between the impurity 


Table |. Experimental Data Used in Determining Diffusion 
Coefficients in Columbium 


Specimen Containing 
0.014 Wt Pct C 


Specimen Containing 
0.018 Wt Pct N 


Applied Peak Applied Peak 
Frequency, Temperature, Frequency, Temperature, 
Cps °C Cps °C 
0.349 267.3 0.155 237.5 
0.542 274.4 0.165 238.3 
1.005 285.5 0.568 259.3 
1.728 295.3 0.710 261.6 
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atoms themselves, the activation energy is somewhat 
higher when measured on specimens containing im- 
purities at high concentration in comparison to that 
for specimens containing low concentrations.* It 
was for this reason that it was considered worth- 
while to repeat the measurement. 

Internal Friction in Pure Columbium—lIn all the 
specimens into which carbon or nitrogen was added, 
the damping was strictly independent of the strain 
amplitude, at least up to strains of 10%. However, for 
those specimens which were merely evacuated at 
2200°C and into which no impurity was back added, 
the damping proved to be a sensitive function of the 
strain amplitude, as shown in Fig. 5. It seems best to 
describe this physical situation as a second mode of 
mechanical energy absorption which becomes im- 
portant when the impurity concentration is reduced. 
The strain amplitude dependence was found to in- 
crease with temperature up to those temperatures 
at which oxygen is absorbed. For columbium speci- 
mens in a pendulum through which high purity 
argon is flowing, this temperature is near 225°C. 
This absorbed oxygen irreversibly represses the 
strain amplitude dependent damping. For the most 
carefully evacuated specimens, the damping is 
strain amplitude dependent down to amplitudes of 
at least 10°. For less completely evacuated speci- 
mens or for those which have absorbed very small 
amounts of impurity, there appears to be a range 
of strain in which the damping is independent of 
amplitude. Above a critical amplitude, however, the 
damping increases rapidly with strain. It was ob- 
served that internal friction of this sort is very sen- 
sitive to small amounts of plastic deformation, in- 
creasing by a factor of 10 or more on application of 
plastic strain or 10°. It appears to be independent 
of frequency. 

Internal friction with the characteristics described 
above has been observed many times previously in 


various classes of solids.” It is usually interpreted 
as arising from the motion of dislocation seg- 
ments.” Very possibly, because of the greater 
binding energies of impurity atoms for dislocations 
in body-centered-cubic metals, somewhat higher 
degrees of purity are needed to observe this pheno- 
menon with these metals. The authors’ observa- 
tions have been briefly described to make the point 
that the onset of this second source of energy ab- 
sorption imposes a lower limit to the concentration 
at which investigations relating to the diffusion of 
impurities in body-centered-cubic metals may be 
carried out using the internal friction technique. 
This limit appears to occur in the neighborhood of 
10* to 10° wt pct impurity. 
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P. Herasymenko (New York University, New York) 
—tThe authors’ experiments on equilibria between wa- 
ter vapor and liquid synthetic slags represent a valu- 
able contribution to our knowledge of the nature of 
liquid slags. They can be regarded as a proof of ionic 
splitting of water molecules dissolved in slags. The 
assumption that water dissolved in slag was com- 
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pletely ionized was made in my report on hydrogen 
equilibria in steelmaking as early as 1940°. In that 
paper, the first systematic data were given on the con- 
tent of ionized hydrogen in acid and basic open-hearth 
slags. The paper probably escaped the notice of the 
authors, although they mention the articles published 
later by other investigators who reported erratic and 
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unreliable measurements of hydrogen content in in- 
dustrial slags. In our experiments, the slag samples 
were taken as follows: Slag was cast into a water- 
cooled iron tube closed at one end; the upper end was 
provided with a ground joint, so that the tube could 
be tightly sealed by a cap immediately after casting 
the sample. Water vapor which evolved from the 
slag sample during solidification was determined by 
gas analysis of the air above the sample. The amount 
of water collected from the air above the sample in the 
sealed tube was usually smaller than 5 pct of the total 
hydrogen content of the sample. 

The solid slag sample was afterwards quickly trans- 
ferred from the sealed iron tube into a quartz tube and 
heated in vacuo at 950 - 1000°C for three hours. Water 
vapor extracted from slag samples passed through a 
heated bed of ferromanganese lumps and was con- 
verted to hydrogen gas, which was then determined by 
gas analysis. The weighing of samples was carried 
out after vacuum extraction. It was found to be es- 
sential that slag samples should not be exposed to 
moist air for a time longer than 2 min, because basic 
slags absorbed water from the air. Acid slags were 
not hygroscopic when present in lumps of about % in. 
size. The average content of hydrogen in acid open- 
hearth slags determined on a large number of samples 
was found to be (H) = 12.2+ 2.0 ppm. The average 
value reported by the authors is practically the same 
as ours (12.7+2.1 ppm). This excellent agreement 
shows that our extraction method was equally as re- 
liable as that described by the authors. Evidently, the 
diffusion rate of hydrogen ions in slag samples at 
950°C was high enough for complete extraction of wa- 
ter from lumps of % in. size in 3 hr. 

There is, however, a surprising lack of agreement in 
the results for the average content of hydrogen in 
basic slags. The authors report for basic slags the 
average hydrogen content (H) = 33 ppm, whereas our 
average value was (H) = 11 ppm, ie., practically the 
same as in acid slags. Such a large discrepancy can- 
not be due to difference in the extraction methods. 
Basic slags are very hygroscopic, and can easily ab- 
sorb 20 or more ppm of hydrogen during cooling in 
air and storing, or even during weighing prior to 
vacuum extraction. It is not certain if these sources 
of error were eliminated in the authors’ experiments. 
Further experimental work is necessary to develop re- 
liable analyses of hydrogen in basic slags. 

The authors did not consider the possibility of slag- 
metal equilibria for hydrogen, apparently for the fol- 
lowing reasons. They equilibrated acid open-hearth 
slags with a steam-nitrogen atmosphere at pu.o = 0.25 
atm, and found the solubility of (oxidized) hydrogen 
in slags equal to 33 ppm. Therefore, according to the 
authors, the solubility of hydrogen in acid slags should 
be given by the equation: 


(H ppm) = 73+ [1] 


Acid open-hearth slags contained an average of 12.7 
ppm; therefore, the activity of water vapor for these 
slags calculated from Equation 1 should be equal to 
Pro = 0.03 atm. 

Acid open-hearth steel as made in the United States 
contains on the average [H] = 3 ppm and [O] = 0.010 
—0.015 pet. Using the thermodynamic data on equi- 
libria: 

Ho(g) + % Oo(g) = H:0(g) 
O = O2(g) 
and 


H = % H.(g) 


we find that the activity of water vapor in steel is 
about pu, = 6X10 — 10~ atm, i.e. 30 to 50 times lower 
than the water vapor activity of the acid slag calcu- 
lated above. Thus, according to the authors, the activ- 
ity gradient for water vapor at the slag-metal interface 
should be very high, and the distance from equilibrium 


very large. 
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However, the above reasoning is not convincing. 
Let us consider the starting point of the above train 
of thought. In reporting that an acid slag equilibrated 
with water vapor at 0.25 atm. pressure dissolved 33 
ppm hydrogen, the authors tacitly assumed that the 
slag after this equilibration remained practically the 
same as the original slag from the open hearth furnace 
or, at least, that any change in the composition did 
not affect the hydrogen solubility. However, the oxy- 
gen potential of water vapor at 0.25 atm. pressure is 
so high, that a slag—which, for instance, had the in- 
itial composition 19.5 pct FeO, 0.5 pct Fe.O;, 20 pct 
MnO, 4 pct CaO and 56 pct SiO.—will change its na- 
ture so profoundly as to lose any resemblance with 
the original acid open-hearth slag. Practically all fer- 
rous ions will be oxidized to ferric ions, and solid 
silica will precipitate from the slag, which was origi- 
nally saturated with silica. The amount of the remain- 
ing liquid phase may be considerably reduced. There- 
fore, there is no justification in using the solubility of 
hydrogen obtained in such experiments for the calcula- 
tion of the activity of water vapor in an acid open- 
hearth slag of entirely different composition. The true 
solubility of water vapor in slag could be obtained only 
under a (H:+ H:O) atmosphere having the ratio of 
Pu,o tO Pu, such that the composition of slag remained 
the same as it was in the open-hearth furnace. Until 
such data are available, the authors’ conclusion—that 
hydrogen distribution between slag and metal should 
be very far from equilibrium—cannot be regarded as 
proven. 

Steelmaking slags always contain suspended drop- 
lets of liquid steel—sometimes a few percent of the 
slag weight. A very high activity of water vapor in 
slag cannot be maintained in the presence of finely 
dispersed steel globules. Therefore it is reasonable to 
assume that the actual activity of water vapor of slags 
is much lower than that assumed by the authors, and 
should be near to equilibrium with steel. My own 
studies on hydrogen contents of the open-hearth fur- 
nace slags and steel strongly support the conclusion 
that hydrogen content of liquid steel is determined by 
oxidation reduction equilibria such as: 


2H* + Fe = 2H + Fe* 
2 H* + Mn = 2H + Mn* 


which are, of course, interdependent. The last equi- 
librium is the most convenient one—for practical rea- 
sons—for the description of hydrogen distribution be- 
tween slag and metal. 

From numerous analyses of steel and slag in the 
acid open-hearth furnace the equilibrium constant 


t MnO 
[pet H]’ (pet MnO) [2] 
(pet H)? [pet Mn] 


was calculated. In acid slags the weight percentages 
of (H) and (MnO) are proportional to ionic concentra- 
tions of Ht and Mn* ions. The value of the constant 
in Eq. 2 was found to be 


This constant decreased with temperature, but the 
effect of temperature was not determined sufficiently 
accurately. Fig. 17 shows the content of hydrogen in 
acid steel as a function of pect Mn and pct MnO at 
1600°C and at (H) = 12x10~ pct (12 ppm). 

The diagram can be used to explain why different 
hydrogen contents in steel are observed in different 
methods of acid steelmaking. In Europe, acid steel is 
often made with a high content of manganese in the 
charge, so that the content of manganese during refin- 
ing varies within the range 0.40 to 0.65 pct Mn. In one 
method which I described in detail elsewhere,” the 
metal contained about 0.50 pct Mn and the slag around 
33 pct MnO at the end of the boil. The observed aver- 


OCTOBER 1957, JOURNAL OF METALS—1289 


1600° C 
10 % MnO 
of 
15% 


T 


Hydrogen In Steel, PPM 


3h : 

2 

IF 

Mn, % 


Fig. 17—Equilibrium contents of Hydrogen in acid steel at 
various contents of Mn (in steel) and MnO (in slag). 


age content of hydrogen was 4.5 + 0.3 ppm. This agrees 
well with Fig. 17 which predicts 4.6 ppm at 1600°C. 

In the American practice," the average residual 
manganese content is around 0.1 pct and the average 
content of MnO in acid slag is about 20 pct. Accord- 
ing to Fig. 17, the hydrogen content of such steel 
should be about 2.5 ppm. Carney et al.” found a slight- 
ly higher value of 3.1 ppm. (average of three heats), 
and the authors found similar values. Sims et al.” re- 
ported values ranging from 1.4 to 2.8 ppm. The agree- 
ment between the predicted and observed values can 
be regarded as good, considering the possibility of 
deviations from the average analyses of slag and metal 
assumed above, and deviations from equilibria. 

The chemistry of basic slags is more involved than 
that of acid slags. The activity coefficients of basic 
slag constituents vary considerably with slag composi- 
tion and are largely unknown. Therefore, only qual- 
itative deductions can be made with respect to the 
hydrogen equilibria in basic open-hearth furnaces. 
Let us consider the following reactions leading to the 
slag-metal distribution of hydrogen and manganese in 
basic steelmaking: 


Mn O= 07 [4] 


It follows that 
[0] 
(Oz) 


[O] 


(H*) 


[3a] 
and 


[Mn] = kan? (Mn**) - [4a] 


These equations indicate that the contents of hydro- 
gen and manganese in basic steel should increase with 
increasing content of O*? ions (i.e. with increasing 
basicity), when other factors are kept constant. The 
observations illustrated in Fig. 18 confirm this conclu- 
sion. In the course of the heats shown in these ex- 
amples the slag basicity strongly increased with time 
during the second half of refining, due to gradual solu- 
tion of lime which was present in excess at the start 
of refining, and both hydrogen and manganese in steel 
also increased by reduction from the slag. Accurate 
determinations of hydrogen in basic slags are required 
to develop a quantitative theory of hydrogen equilibria 
in basic open-hearth furnaces. A possible effect of 
carbon on the activity coefficient of hydrogen in steel 
also has to be investigated for a complete description 
of equilibria. 

Agitation of the bath of carbon monoxide during the 
boil facilitates the establishment of equilibria but is 
inefficient to influence the direction in which these 
equilibria are displaced by changes of slag and metal 
composition, or by temperature variations. Of course, 
the bubbles of carbon monoxide do transfer some hy- 
drogen from steel to the furnace atmosphere but this 
loss is rapidly compensated by the oxidation-reduction 
reactions at the slag-metal interface. The establish- 
ment of slag-metal hydrogen equilibria should be more 
rapid than those of, say, manganese or sulfur reactions 
(and the latter are known to reach equilibria quite 
easily): the diffusion rate of small hydrogen atoms 
and ions is certainly higher than that of the larger 
manganese or sulfur atoms. 

A knowledge of the oxidation-reduction equilibria 
appears to be more important for the control of hydro- 
gen in steel than reliance on the elusive kinetics of 
the so-called flushing action of the boil. 


J. H. Walsh, J. Chipman, T. B. King, and N. J. Grant 
(authors’ reply)—The authors wish to thank Dr. 
Herasymenko for drawing their attention to his 1940 
paper” and regret having overlooked this contribution. 

One of the points at issue is whether our method of 
sampling and analysis for basic open hearth slags is 
reliable. These slags were sampled in several different 


2H+0=2H*40* [3] ways involving different rates of cooling but no appre- 
BASIC O.-H. BASIC 0O.-H 
T 
lor ww 41.0 
[c] 
al 4 L 40.8 
7r 40.7 
= 
40.6 
5+ 40.5 
40.4 
3r 40.3 
2r 40.2 
Fig. 18—Logs of two basic qe: 
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ciable differences in the analyzed hydrogen content 
was found. We agree that basic slags can pick up 
moisture from the air, especially those slags which 
contain undissolved lime, but feel that our own sam- 
pling procedure avoids this. Slag samples were stored 
in a desiccator to prevent pick-up of surface moisture 
and a freshly-broken piece was always used for 
analysis. 

We do not agree that the correspondence between 
our results and those of Dr. Herasymenko for acid 
slags represents a proof that his extraction method is 
reliable. In this connection we would refer Dr. Herasy- 
menko to a recent paper by S. Sawa.” Sawa’s results 
suggest that only part of the water is removed from 
basic slags by vacuum extraction at temperatures as 
low as 950°C, and that temperatures above the melt- 
ing point are necessary to remove all the water in 
times as short as three hours. 

A second question concerns whether slag-metal equi- 
librium with respect to hydrogen is reached in open- 
hearth furnaces. The authors do not share Dr. Herasy- 
menko’s faith in equilibrium constants derived from 
operating data. It is known however that a steady-state 
distribution of manganese between slag and metal is 
reached in basic open-hearth furnaces in a relatively 
short period, say 40 minutes, after a major addition 
has been made. Darken,™ has suggested that the rate 
of approach to manganese equilibrium is governed by 
transport of manganese in the metal to the metal-slag 
interface. The rate-controlling factor in the transfer 
of hydrogen from slag to metal is by no means so 
simple, though it is certainly not likely to be the trans- 
port of hydrogen in the metal. Hydrogen is present in 
the gas phase as water vapor, in the slag as hydrogen 
or hydroxyl] ions, in the metal as protons or hydrogen 
atoms, and in the boil gases as gaseous hydrogen. That 
the boil gases do remove considerable quantities of 
hydrogen is quite clearly confirmed by the work of 
Kalling and Rudberg.” Epstein, Chipman, and Grant* 
have shown that, to account for experimental observa- 
tions the furnace atmosphere must supply comparable 
quantities of hydrogen to the metal through the slag. 
For slag-metal equilibrium to be attained with respect 
to hydrogen one would have to postulate that the rele- 
vant slag-metal reaction is very much faster than the 
slag-atmosphere or metal-boil gas reactions. Such a 


possibility seems very unlikely. Slag-metal equilibrium 
with respect to manganese is an entirely different case 
since only the slag-metal reaction takes place. If we 
continually added manganese to the metal we would 
not expect equilibrium to be maintained. In the open- 
hearth furnace, while the boil is proceeding, one would 
logically expect the activity of water vapor in the slag 
to be intermediate between that in the metal and that 
in the furnace atmosphere. This is exactly what our 
results show. 

Dr. Herasymenko’s objection to such a conclusion is 
that the experiments in which furnace slags were equi- 
librated in the laboratory with atmospheres containing 
water vapor may not have been properly conducted 
and that the equilibrium solubility of hydrogen may 
be much higher. 

If we assume for the moment that an acid slag con- 
taining 12.7 ppm hydrogen is indeed in equilibrium 
with the metal, for which psu. = 10° atm, then the 
solubility equation is approximately, using Dr. Herasy- 
menko’s figures, 


(H ppm) = 400- 


For pu. = 0.25 the solubility of hydrogen would then 
be 200 ppm. It is quite inconceivable that the experi- 
mental values of 30 to 40 ppm are so seriously in error. 
Recent experiments” suggest that the oxygen pressure 
has no appreciable influence on the solubility of hydro- 
gen in iron-silicate slags or in basic open-hearth slags. 


19 P, Herasymenko and P. Dombrowski: Archiv fur das Eisen- 
huttenwesen, 1940, vol. 14, p. 109. 

20 P, Herasymenko: Journal of the Iron and Steel Institute, 1947, 
157, 515: 

21G. R. Fitterer: Trans. ASM, 1945, vol. 34, p. 1. 

22D. C. Carney, J. Chipman, and N. J. Grant: Electric Furnace 
Steel Proceedings, 1948, AIME, vol. 6, p. 34; Trans. AIME, 1950, 
vol. 176, p. 397. 

23C, E. Sims, G. A. Moore, and D. W. Williams: AIME, Techn. 
Publ. No. 234, Metals Technology, Feb. 1948. 

24P, Herasymenko and P. Dombrowski: Archiv fur das Ejisen- 
huttenwesen, 1940, vol. 14, p. 109. 

2S, Sawa: Journal of the Iron and Steel Institute of Japan, Aug. 
1956, vol. 42, No. 8, p. 638. 

2L. S. Darken: Basic Open Hearth Steelmaking, AIME, New 
York, 1951. 

27B. Kalling and N. Rudberg: Jernkontorets Annaler, 1938, vol. 
122, p. 91. 

28H. Epstein, J. Chipman, and N. J. Grant: JourRNAL oF METALS, 
April 1957; AIME Trans., vol. 206, p. 601. 

29 J. M. Uys: Unpublished results, M.I.T., 1956. 


Self-Diffusion of Iron in Molten Iron-Carbon Alloys 


by L. Yang, M. T. Simnad, and G. Derge 


JOURNAL oF MeTaLs, November 1956, AIME Trans., vol. 206, pp. 1577-1588. 


James Lommel and Bruce Chalmers (Harvard Uni- 
versity, Cambridge, Mass.)—-Comparison of the values 
of physical constants whose accuracies are unknown 
ean lead one into drawing unwarranted conclusions. 
The standard deviation or probable error of an empir- 
ical constant is just as much a part of it as its value 
since no physical measurement can be made with 
absolute accuracy. The authors have presented the 
values of diffusion constants for the self-diffusion of 
iron in liquid iron-carbon alloys without including an 
estimate of their accuracy. A statistical analysis of 
the accuracy of these experiments would indicate the 
reliability of the diffusion data and whether there is a 
real difference in the activation energy and D, for the 
two different carbon-content alloys. 

It is obvious from Fig. 4 of the paper, a plot of log 
D vs 1/T, that there was a considerable spread in the 
values of D at a fixed temperature. There were many 
possible sources of error: insufficient counting time of 
radioactive samples, uncertainty in the length of the 
capillary diffusion sample, the time of the run, etc. 
Random errors in these quantities can give rise to a 
spread in the values obtained for D. Statistical analy- 
sis of the effects of errors in these quantities on the 
values obtained for D would show if they are the only 
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ones responsible for the observed spread in the values 
of D. Errors introduced by convective mixing in the 
diffusion capillary would be suspected if the spread in 
D values could not be adequately explained on the 
basis of errors in the above quantities. 

The data given in Table I were analysed by the 
method of least squares to obtain the best straight line 
in a plot of log D vs 1/T for each carbon content. It 
was assumed that the random errors in D were much 
greater than those in 1/T and the errors in the latter 
were neglected. The values calculated for Q, the acti- 
vation energy, and log D, are given below, along with 
their standard deviations. These standard deviations 
were obtained by calculating the mean square devia- 
tion of the observed values of log D from the least 
squares straight line and using the appropriate multi- 
plying factor following the technique described by 
Davies.” 

Least Squares values for @ and log D, for self- 
diffusion of Fe in Fe-C alloys: 


Log Do 
—3 + .490 + .504 
—2 + .068 + .216 


Do, sq cm per sec 
3.1x/3.2.10-3 
1.17x/1.64.10-2 


Pet C Q, cal per mole 
4.6 11,180 + 3,610 
2.5 16,070 + 5,130 


To test if there was an effect of carbon content on 
the diffusion coefficient and activation energy for dif- 
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fusion the t distribution was used to see if there was 
a significant difference in the values of Q, and log D,, 
for the two carbon content alloys. The statistical hy- 
pothesis is that there is no difference in Q, and log D,, 
for the two alloys. It was found that the experimen- 
tally obtained difference in the two values of @ could 
be expected once every two times this experiment was 
repeated. In the case of log D, as large a difference in 
the two values as that obtained experimentally could 
be expected in 30 pct of the experiments. These prob- 
abilities are not large enough to reject the hypothesis 
that there is not a significant difference in the values 
of Q, and log D,, for the two alloys. 

Because of the large scatter in the values of D, the 
authors have not substantiated their claim that the 
carbon content of a liquid iron-carbon alloy influences 
the diffusivity of iron and the activation energy asso- 
ciated with it. 

L. Yang, M. T. Simnad, and G. Derge (authors’ re- 
ply)—The careful analysis of our data by the discuss- 
ers is appreciated by the authors. We wish to point out 
that in the text no strong claim is made for the signi- 
ficance of the apparent small change in activation 
energy of diffusion with carbon content. However, we 
cannot agree that the data do not show a dependence 
of diffusivity on composition. The following addition- 
al analysis of our data is offered. 

The random error involved in our experimental 
measurement is estimated to be about + 5 pct which 
would cause a scattering of about + 10 pct in the D 
values. This is approximately the degree of scattering 
in our experimental D values. Although we are by no 
means certain that the errors due to convection and 
the deviations from the boundary conditions are com- 
pletely eliminated, we think we have minimized them 


by discarding uncontrolled samples as identified by 
our autoradiographic and sectioning methods. 

Assuming that the relationship D=D) exp 
(—AH/RT) holds, and that the errors in log D are nor- 
mally distributed about 1/T, we obtained the following 
equations for a 50 pct confidence limit by using the 
methods described by Hald”. 


D = (3.09 + 0.10) x 10° exp [(—11200 + 3500) /RT] 
for carbon = 4.6 pct 

D = (1.23 + 0.02) x 10° exp [(—16200 + 4950) /RT] 
fOr Carbon — 


Subsequent t-tests show that the two values of acti- 
vation energy are significantly different only at the 50 
pet level. However, the same test also shows that the 
two lines (therefore the log Do values) are significantly 
different at the 95 pct level. This substantiates that the 
self-diffusion coefficient of iron in the 4.6 pct C melt is 
higher than that in the 2.5 pct C melt. 

We certainly agree that the small observed difference 
in activation energy does not have statistical signifi- 
cance. However, the possibility of such a difference 
should not be overlooked, since it can be correlated 
with other types of evidence. Calculations based on 
viscosity data of Wimmer and Theilmann™ indicates 
that the values of activation energy for viscous flow 
are about 12, 16 and 17 kcals per mole for melts con- 
taining 4, 3 and 2.5 pct C respectively. It is interest- 
ing to see that their change with carbon content is 
similar to that observed for self-diffusion. 


0, L. Davies: Statistical Methods in Research and Production, 
Oliver and Boyd, London, 1947, pp. 118-167. 

20 Hald: Statistical Theory with Engineering Applications, John 
Wiley & Sons, New York, 1952, Ch. 18. 

21 Wimmer and Theilmann: Stahl und Eisen, 1947, vol. 47, p. 389. 
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Selective Sulfation for Cadmium Recovery at Josephtown Smelter 


by R. E. Lund and D. E. Warnes 


Journat or Merats, April 1957, AIME Trans., vol. 206, pp. 608-611. 


H. G. Haemers (Ghent University, Belgiwm)—The 
authors claimed “the results of their work indicate 
that the metals can be arranged in a sulfation series 
similar in its application for selective sulfation tot the 
electromotive series for displacement of metals from 
solution”. 

The series as stated in decreasing order for tendency 
of SO; give up, is the same as that stated by free 
energy diagrams. Indeed, the degree of stability of a 
sulfate is measured by the free energy of sulfate form- 
ation out of the corresponding metal oxide and SOs. 


1292—JOURNAL OF METALS, OCTOBER 1957 


The more negative the value of the free energy (—DG) 
the greater the stability of the sulfate. 

As a second consequence this statement results in a 
relative aptitude for capture of SO; by each metal ox- 
ide when brought in contact with the sulfate of other 
metals. Let M: and M,2 be the two metals, and 
— DG, and — DG: their free energy values at tempera- 
ture T. Both sulfates are stable at temperature T if 
— DG: < O and — DG: < O. 

In case where — DG: < — DG: the stability of M,SO, 
is greater than that of M.SO,, and when M,O (oxide of 
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M;) is brought in contact with M.SO, the equilibrium- 
reaction proceeds to formation M,SO, and M:O, thus 
forming the most stable component. 


+ M:SQ, = MSO, + 
The free energy diagram of sulfation gives up the 
series: Fe. Als (SQ,) — Cuso; — ZnSO, 


— FeSO, — CdSO. — PbSO, where the authors found 
the following order: FeSO, — Fe.(SO,); — Al, (SO,) 

The fact that FeSO, is situated at top of the series 
as stated by the authors, is probably due to the follow- 


ing facts: a)—oxidizing character of the oven atmos- 
phere; b)—the influence of the humidity in the oven 
gases. 

As the — DG of the reaction 2 FeO + O. > 2 FeO; 
is negative, it seems that Fe,O; is more stable than 
FeO; i. e., the formation of a higher oxide of iron out 
of FeO is very probable. This explains why the au- 
thors state the order FeSO, — Fe:(SO;)s when it is 
known that FeSO, is more stable than Fe.(SO;)s. In 
the oxidizing medium the iron will be converted to the 
ferric-state, thus becoming a very active sulfation 
agent. 


Basal Plane Development in Electrodeposited Hexagonal-Close-Packed Metals: Zinc, Titanium, and Zirconium 


by W. R. Opie 


JouRNAL or MeEtats, September 1956, AIME Trans., vol. 206, pp. 1192-1194. 


R. Weil (Stevens Institute of Technology, Hoboken, 
N. J.) and H. J. Read (Pennsylvania State University, 
University Park, Pa.)—It is interesting that Mr. Opie 
found essentially the same structural types in the sur- 
faces of thick deposits as we’ observed in thin ones. 
We also noted the same relationship between micro- 
structure and brightness. The surfaces of bright 
deposits can consist of either fine nodules (a structure 
which Mr. Opie called mammillar) or aligned plate- 
lets, which may be coarser. This relationship is 
probably the reason why it has not been possible to 
establish a correlation between brightness and the de- 
gree of preferred orientation’ or between brightness 
and grain size*. It is well known that such correla- 
tions have been widely postulated in the electroplating 
industry. 

In a comprehensive investigation of the structure of 
electrodeposits, based largely on electron microscopy. 
we’ found that many nodular and acicular structures 
consist of platelets, the basal planes of which are ori- 
ented almost perpendicular to the surface of the de- 
posit. 

It is hoped that Mr. Opie’s work will encourage 
more research in the metallurgy of electrodeposits, 
especially in view of progress which has been made in 
explaining some structural features of vapor deposits 
by the dislocation theory. In this connection, it may 
be of interest that we observed evidence of growth by 


screw dislocations in a very thin nickel deposit which 
was stripped from the basis metal, examined directly 
in the electron microscope, and the structure of which 
is shown in Fig. 15. 


1R. Weil and H. J. Read: Metal Finishing, Nov. 1954, p. 60; Dec. 
1955, p. 60; Jan. 1956, p. 51. 

2W. H. Smith, J. H. Keeler, and J. H. Read: Plating, 1949, vol. 
36, 355; 

3H. J. Read and R. Weil: Plating, 1950, vol. 37, p. 1257. 


Fig. 15—Micro- 
structure of electro- 
deposited nickel 
showing evidence of 
growth by screw 
dislocation. X500. 


The Vapor Pressure of Liquid Copper and Activities in Liquid lron-Copper Alloys 


by J. P. Morris and G. R. Zellars 


JouRNAL or Merats, August 1956, AIME Trans., vol. 206, pp. 1086-1091. 


F. C. Langenburg (Crucible Steel Company, Pitts- 
burgh)—The authors are to be congratulated for a fine 
research. Their experimental techniques are good, 
and the data on the activity of copper in liquid iron 
is important in view of a rising residual copper level 
in steelmaking. 

Two related investigations which are as yet unpub- 
lished should be mentioned now for a comparison 
with the present authors work. Koros and Chipman’ 
have determined the activity coefficient of copper in 
liquid iron at 1600°C. They measured the distribution 
of copper between liquid silver and iron at 1600°C. 
From this data and the activity of copper in silver, 
obtained from the Ag-Cu phase diagram, the activity 
coefficient of copper up to three atom percent in iron 
was found. The value of the activity coefficient of 
copper at infinite dilution with pure liquid copper as 


TRANSACTIONS AIME 


the standard state was 8.0. Langenberg® has also deter- 
mined the activity coefficient of copper in liquid iron. 
The distribution of copper between pure iron and lead 
was measured at 1600°C. The activity of copper in 
lead was determined from the Cu-Pb phase diagram. 
Utilizing the heat of mixing in copper-lead alloys, and 
the experimental distribution data, a value for the 
activity coefficient of copper at infinite dilution in iron 
of 8.8 was obtained. 

The authors’ experimental techniques should be ap- 
plicable to determining the activities of other residual 
elements in iron. It it suggested that research on the 
activity of tin in iron, and perhaps nickel, would be 
most useful. 


2P. J. Koros and J. Chipman: Activity Coefficient of Copper in 
Liquid Fe, Fe-C, and Fe-C-Si Alloys at 1600°C. Submitted to AIME. 

3F. C. Langenberg: The Activity Coefficient of Copper in Liquid 
Iron at 1600°C. Submitted to AIME. 
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Action of Vibration on Solidifying Aluminum Alloys 


by P. D. Southgate 


JouRNAL or Merats, April 1957, AIME Trans., vol. 209, pp. 514-517. 


A. N. Turner (Aluminium Laboratories Ltd., Ban- 
bury, Oxon, England)—It should not be assumed from 
the information given by Southgate that the applica- 
tion of ultrasonic energy to solidifying melts of alu- 
minum-based alloys will necessarily decrease segrega- 
tion tendency. Fig. 6 refers to experiments carried out 
in 1947 at Aluminium Laboratories Limited, Banbury, 
in a manner very similar to that described, using a 120 
watt 26 ke generator operating on 20 lb melts cooling 
slowly in plumbago crucibles. Chemical analyses were 
made at standard positions from the top and bottom 
of a number of aluminum-copper and aluminum- 
silicon alloy melts; the difference in analysis between 
the top and bottom is plotted as a function of melt 
analysis in Fig. 6a for aluminum-copper alloys and in 
Fig. 6b for aluminum-silicon alloys, both for ultra- 
sonically treated and for blank melts. It may be seen 
that in the case of aluminum-copper alloys, a tenden- 
cy towards gravity segregation apparent in normally 
solidified melts was greatly increased by the applica- 
tion of ultrasonics; there was no tendency towards 


8r © not treated 
@ ultrasonically treated 


(A)Copper, wt pet 


not treated 
@ ultrasonically treated 


-2 


Diiference in Composition between Top and Bottom of Melt, wt pct 


(B)Silicon, wt pct 


Fig. 6—Influence of ultrasonic vibration on tendency to- 
wards segregation of (A) aluminum-copper alloys, and (B) 
aluminum-silicon alloys. 


Fig. 8—Break-up 


of primary MnAl, produced by ultrasonic treatment of a semi-continuously cast ingot of 20 x 6 in. 


segregation in alloys containing less than 8 pct Cu 
or at the eutectic composition. In the case of Al-Si 
alloys, no segregation tendency was shown in normally 
solidified hypo-eutectic alloys, but ultrasonic agitation 
caused a separation of primary aluminum solid solu- 
tion dendrites towards the bottom of the crucible, 
leaving a silicon-rich portion at the top; again there 
was no tendency towards segregation at the eutectic 
composition, but marked segregation of primary sili- 
con occurred in the hypereutectic range. 

A number of papers have been published recently 
reporting the influence of vibration, sonic and ultra- 
sonic, on the metallurgical structure of metal melts, 
but few of these have referred to treatment on a large 
scale. The following notes concerning the use of ultra- 
sonic vibrations during semi-continuous casting may 
therefore be of interest. A 1500 watt 26 kc generator was 
used and experiments carried out on 5 in. diam billets, 
and ingots of 20 x 6 in. cross-section. Under no con- 
ditions was it found to be possible to get grain refine- 
ment of commercial-purity aluminum, Al-1.25 pct Mn, 
or Al-12 pct Si, although this had been accomplished 
when these alloys were solidified statically in crucibles. 
It was, however, found to be possible to refine inter- 
metallic phases greatly in cases where these appeared 


Fig. 7—Treatment of semi-continuously cast ingots of 20 x 
6 in. cross-section. 


«> 


cross-section of an Al-4 pct Mn alloy. Left: untreated; right: treated. X20. 
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Fig. 9—Treatment of Al-4 pct Mn alloy showing break-up of primaries but lack of grain refinement. Left: untreated; right: 


treated. X2. 


Fig. 10—Effect of ultrasonic treatment on rolling characteristics of a transverse section of a 20 x 6 in. semi-continuously cast 
ingot in an AI-4 pct Mn alloy. Slab hot rolled from 2 to 1 in. Left: untreated; right: treated. X12. 


as primaries. The experimental set-up in the case of 
the 20 x 6 in. ingots is shown in Fig. 7; an electrical 
energy of 350 watts was applied to each transducer, 
and the probe tips were heated to a dull red heat 
before use and immersed to a depth of about % in. in 
the molten metal pool. The degree of primary break- 
up can be seen from Fig. 8, while the lack of grain 
refinement is shown in Fig. 9. 


The effect on the rolling characteristics of the alloy 
may be seen from Fig. 10 which illustrates the condi- 
tion of hot mill slab of 1 in. thickness, rolled from 2 in. 
thick transverse slices cut from 20 x 6 in. ingots. Deep 
crazing along the MnAl, needles was obtained in the 
normally cast alloy; perfectly satisfactory slab was 
obtained from the ultrasonically heated ingot, which 
could be rolled further to thin sheet. 


Constant Strain Rate Bend Tests on Hydrogen-Embrittled High Strength Steels 


by W. Beck, E. P. Klier, and G. Sachs 


JOURNAL OF METALS, October 1956, AIME Trans., 1956, vol. 206, pp. 1263-1268. 


J. H. Maker and W. R. Johnson (Wallace Barnes 
Company, Bristol, Conn.)—The phenomenon of delayed 
fracture at stresses well below the fracture stress is 
a subject of much concern in high strength steels, par- 
ticularly when the parts are plated. However, this 
problem is not new to the spring industry, which has 
been using highly stressed components at very high 
hardness levels for many years. We are happy to see 
this study and others on the subject which throw light 
on the explanations for the occasional service failure 
in plated springs stressed at supposedly safe levels. 
Several years ago we undertook to study the phenom- 
enon of embrittlement due to plating by means of a test 
similar to that described by the authors; actually the 
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test is one very old to the makers of flat high carbon 
strip for springs. 

Our test is somewhat different, since we normally 
must deal with a range of stock thicknesses. The 
measure of ductility is the parameter of stock thick- 
ness divided by the jaw gap at which fracture occurred. 
This distance is known as the break distance and the 
test as the break test. A chart of experimentally de- 
termined values for high carbon spring steel strip, 
continuously hardened, is given in the graph. Speci- 
men length in this test is unimportant, at least in the 
range of thicknesses tested, provided sufficient length 
is present to form a U shape considerably before 
fracture. One important consideration is that the 
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width-thickness ratio be at least 10, or lack of lateral 
constraint will result in an apparently higher ductility. 

The break test has been found to be a consistent and 
workable test for investigating hydrogen embrittle- 
ment, both of plated and unplated specimens. It is 
Important to note that valid results can be obtained 
merely with a bench vise and a 6 in. decimal scale. 
Using this test, we noticed that plated specimens of 
high hardness held in jaws at distances somewhat 
larger than the break distance often fractured after an 
hour or so. This knowledge was used in developing 
routine lock-up tests on troublesome springs. In gen- 
eral, if there are no faliures in the test, which is con- 
ducted at stresses higher than the anticipated service 
stress, it has so far proved to be a safe indication that 
the springs would not fail in service. 

It was also found that the effect of slow strain rates 
could be approximated by a stepping procedure, in- 
creasing the deflection after fixed holding intervals 
until fracture occured. We are intrigued with the 
concept of the relation of break distance at fracture to 
percent elongation, but with one qualification. This 
test is quite sensitive to surface conditions such as 
carburization, decarburization, roughness, grain bound- 
ary Oxidation, and residual stresses. Even careful 
grinding, while it removes the surface layers, may in- 
troduce non-uniform residual stresses. Have the au- 
thors checked their grinding procedure by stress 
relieving after grinding at a temperature lower than 
the original tempering temperature? 

W. Beck, E. P. Klier, and G. Sachs (authors’ reply)— 
The authors have been aware of the use of the 
break test used in the spring industry from the publi- 
cations by Noble” and by Eakin & Lownie." However, 
Bastien & Azou” appear to be the first who showed 
that hydrgen embrittlement greatly depends upon the 
rate or the duration of load application. It is interest- 
ing to note that now attention is being paid to this 
factor, but apparently, no reliable standard procedure 
has yet been developed for springs. 

Regarding such effects as decarburization, surface 
roughness, residual stresses, etc., it may be stated that 
very careful grinding with flood cooling is used at 
Syracuse University in order to insure reproducible 
values of hardness, tensile strength, fatigue strength, 
notch strength, etc., of high-hardness steels. This pro- 
cedure removes decarburization and produces consis- 
tent surface roughness, and state of residual stress. The 


BREAK RATIO CTHICKWESS~ JAW DISTANCE) 
026 030 074 038 O42 046 050 054 058 .062 .066 070 .074 .082 .090 094 .098 


ROCKWELL HARDNESS “C" (EQUIVALENT ) 


Fig. 12—Normal break test curves for 90 — 1.05 pct carbon 
steel continuously hardened. Width-thickness ratio 10:1 or 
more. 


break test also yields consistent results with unem- 
brittled strip specimens. 

Unfortunately, however, this technique still fails to 
result in good conformance of hydrogen-embrittlement 
data. Stress-relieving cannot be applied as it reduces 
the hydrogen content. 


10H. J. Noble: Hydrogen Embrittlement, Iron Age, Nov. 27, 1941, 
vol. 148, p. 45. 


i1C, T, Eakin & H. W. Lownie: Reducing Embrittlement in Elec- 
troplating, Iron Age, Nov. 21, 1946, vol. 158, p. 69. 


12P, Bastien & P. Azou: Effect of Magnitude and Rate of Strain- 
ing on the Segregation of Hydrogen in Iron and Steel, Comptes 
Rendus, 1951, vol. 232, p. 69. 


Creep of Polycrystalline Nickel 


by J. Weertman and P. Shahinian 


JOURNAL OF METALS, October 1956, AJME Trans., vol. 206, pp. 1223-1226. 


J. D. Meakin (Leeds University, Leeds, England)— 
In their papér the authors have sought to confirm a 
creep law of the form 


de/dt = A(stress) exp (—Q/kT) [2] 


Their Fig. 2 shows the experimental justification 
for such a law. A close examination of the graph how- 
ever indicates that at each temperature a power law 
of different index should be used. The line shown 
only applies to the results obtained at 1100°C to any 
reasonable extent and from the points shown it appears 
that as the temperature rises the power applicable 
should decrease (see values at 600° and 900°C in par- 
ticular). It is possible to fit a power law to a “sinh” 
curve over considerable ranges under certain conditions 
as shown by Feltham.” In order to test the applica- 
bility of such a law to the creep results on nickel each 
series of tests at a particular temperature were plotted 
assuming a law of the form 


de/dt « sinh (qo°/kT). [3] 
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It was found that within the apparent experimental 
scatter this law was obeyed, q being a stress indepen- 
dent constant, characteristic of the temperature of test. 

As shown by Diehl et al."* the process of climb by 
dislocations in face centered cubic metals to explain 
creep must be rejected on energetic considerations. In 
order to explain observed creep rates and slip line 
formation at high temperatures Mott” concludes that 
the rate controlling mechanism is the movement of 
screw dislocations containing jogs. This theory is suc- 
cessfully applied by Feltham to the creep of lead. 
The creep rate should then depend on stress according 
to a law of the form 


de/dt = v(b/d) exp (—W/kT) sinh (Ab*o/kT) [4] 


where i is the separation of jogs, b the Burgess vector, 
and d the separation of active planes. Clearly q would 
be expected to vary with temperature. 

From an analysis of published work by Tyte on lead 
and tin, and work on copper, which it is hoped to pub- 
lish in the near future, an exponential variation of q 
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with temperature of general validity seems to apply. 
From Weertman’s results on nickel, values of q were 
determined varying from 0.7 x 10° °K (dynes per sq 
cm) at 400°C to 7.7 x 10° at 1100°C, and obeying an 
exponential variation with temperature. (The result at 
400°C is rather indeterminate.) 

On attempting to correlate all the creep results using 
a law of the form 


de/dt = A exp(—Q/kT) sinh(qe/kT) Q = 65 kcals. [5] 


reasonable agreement is obtained except for the re- 
sults at 400°C and 600°C (Fig. 4). 

Work by Sherby and his co-workers” on aluminum 
and copper have indicated that the activation energy 
for creep is only equal to that for self diffusion above 
a temperature of about 0.5T, K°. The results on nickel 
cover a temperature range of about 0.4-0.8 Tn with 
0.5 Tn = 590°C. Below 0.5 T,, it is expected that an 
activation energy of about 2/3 that for self diffusion 
should apply, and using this value good correlation is 
obtained for the results at 400°C and 600°C. Further 
support for the use of a reduced activation energy 
has been obtained by Dr. Weertman himself and Dr. 
Breen” on the creep of tin, in which they find a reduc- 
tion in the activation energy for creep of one half 
below 130°C. 

A point of interest is the divergence of the curves 
(Fig. 4) from the law predicted by Eq. [5] at low 
stresses. Although the results are too few for accurate 
estimation of the point of divergence, the tensile stress 
is of order 10 x 10° dynes per sq cm at 1100°C and 
25 x 10° dynes per sq cm at 800°C. In Friedel’s” paper 
on hardening in face centered cubic metals he esti- 
mates that the termination of linear hardening should 
occur when (t,T)=7 x<10° cgs. This gives the critical 
tensile stress (=21,) at 1000°C of about 15 x10" dynes 
per sq cm, which is of the order found for the diver- 
gence of the author’s results. It is suggested that it 
may be due to the mode of hardening changing as the 
stress falls below t,, creep being considered a dynamic 
equilibrium between hardening and recovery. Work 
on copper in these laboratories which it is hoped to 
publish in the near future shows striking parallels 
with the results for nickel, especially in relation to the 
variation of q with temperature. 


15 P, Feltham: Journal of Applied Physics, 1955, vol. 6, p. 26. 
16 J. Diehl, S. Mader, and A. Seeger: Zeit. Metallkunde, 1955, vol. 


18 P, Feltham: Proceedings, Phys. Soc. B., (in the press). 

190. D. Sherby, J. L. Lytton, J. E. Dorn: Minerals Research Lab- 
oratory Report 46, Univ. of California, Berkeley. 

2 J. Weertman, J. E. Breen: Journal of Applied Physics, 1956, vol. 
27, p. 1189. 

21J. Friedel: Philosophical Mag., 1955, vol. 46, p. 1169. 


J. Weertman and P. Shahinian (authors’ reply)—Mr. 
Meakin questions the nature of the stress dependence 
of the creep rate. At low stresses we believe it to be 
a power law; he believes it to be a temperature-modi- 
fied hyperbolic sine law. Since our data appear to fit 
both laws it is desirable to examine the question of 
how great a stress range must be covered before it can 
be conclusively shown which law is obeyed. (Since 
the “sinh” law contains a term q which it is argued 
depends very sensitively on the temperature, only tests 
carried out at some fixed temperature can be consid- 
ered.) A simple calculation shows what the stress 
range must be. Thus let the creep power law be 


K = Co" [6] 


where K is the creep rate, o is the stress, C and n are 
constants; let the sinh law be 


= sinh’ [7] 


where K* is the creep rate and C* is another constant. 
Eqs. 6 and 7 define two curves of creep rate versus 
stress. By adjusting the values of C and C* these 
curves can be made tangent to each other at any 
stress oo. On setting _ K=K* and dK/dc = dK*do at 
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Fig. 4—IIlustrates the divergence of the curves from the law 
predicted by Eq. 4 at low stresses. 


the stress o. and solving for C and C* we obtain the 
relationship 
oo \" sinh n 
elem 
K o sinh n 


Over the stress range where K*K ~ 1, a power law and 
a sinh law can explain creep data equally well. Only 
at stresses where K*/K departs significantly from 1 is 
it possible to decide between a power law and a sinh 
law. We believe that when K*/K becomes greater than 
2 or 3 it is possible to decide from experimental data. 
Thus from Eq. 7 it can be seen that a stress range of 
greater than about 6 must be covered to decide between 
a power law and a sinh law. 

The greatest stress range we covered at any one tem- 
perature with our nickel data was about 8. However, 
other data exist which cover an even wider stress 
range. Fig. 5 shows results obtained by H. Laks.” At 
853°K a stress range of 20 was covered. A hyperbolic 
sine curve has been fitted to the 853°K points as shown. 
It can be seen that the fit is, at best, fair. On the other 
hand the fit to a power law is good. 

Mr. Meakin remarks that our nickel data taken at 
different temperatures have different power indices. 
We believe that to within the scatter of the experimen- 
tal data they have the same index up to stresses where 
the creep curve bends up. 

Mr. Meakin states that a drop in the activation ener- 
gy is expected below 0.5Tm. However, all the tin data 
reported in the paper to which he refers were taken 
at temperatures above 0.58T,, and the fall in the acti- 
vation energy occurs at 0.8Tm. The tin results have been 
discussed more extensively by one of us in later 
papers.” 

We shall now discuss the temperature dependence of q 
appearing in the sinh law. It is stated that when the 
rate controlling mechanism is the movement of screw 
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46, p. 650. 

WN. F. Mott: Symposium on Creep and Fracture of Metals at 
High Temperatures, H.M.S.O. 1956. 
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Fig. 5—Data of H. Laks™ on aluminum containing 3.1 pct 
Mg. Double log plot of temperature compensated creep rate 
versus stress. Tm = melting point of Al. Theoretical curve 
calculated from analysis given in reference 26, assuming 
Cottrell-Jaswon microcreep is the rate-controlling mecha- 
nism. The theoretical curve was calculated using a diffusion 
coefficient of Mg in Al of (13.2 sq cm per sec) exp 
(—34,000/RT). 


10,000 


dislocations containing jogs that “clearly q would be 
expected to vary with temperature.’ We do not think 
this temperature dependence is so obvious. If jogs are 
put into screw dislocations by intersection with other 
dislocations their separation will be determined by the 
spacing of the dislocation forest. Their separation can- 
not depend on temperature and q will not depend on 
temperature. 

If the jogs in the screw dislocations are thermal 
jogs it is quite true that their initial separation will 
depend on temperature. However, before it can be 
concluded that q will also depend on temperature it is 
necessary to examine what happens to these jogs upon 
application of a stress. Fig. 6 shows a screw disloca- 
tion containing jogs immediately after application of a 
stress. The points A, B, C, and D represent jogs hind- 
ering the motion of the screw dislocation. As pointed 
out by Friedel” such jogs will undergo sideways motion 


Fy Fo 4 


Fig. 6—Screw dislocation containing jogs immediately after 
application of stress. The arrow b represents the Burgers 
vector. 


Fig. 7—Screw dislocation containing jogs some time after 
application of stress. 


(i.e., motion parallel to the dislocation line) after ap- 
plication of a stress. Since a jog in a screw dislocation 
is a segment of pure edge dislocation it can move by 
conservative motion parallel to the Burgers vector. 
When a dislocation line is bowed out into loops such 
as is shown in Fig. 6 there will in general be a net 
force on a jog parallel to the Burgers vector. The 
force exerted by the smaller loops is greater than the 
force exerted by the larger loops. Thus in Fig. 6 the 
force F,; is greater than F, because Li is smaller than 
L,. Jogs will therefore move in a direction such that 
small loops will get smaller and large loops larger. In 
Fig. 6 a jog will move even when L; = IL» since this is a 
position of unstable equilibrium. When two jogs meet 
they will either annihilate each other or form a larger 
jog, depending on their signs. Eventually the con- 
figuration given in Fig. 7 will be reached. In this 
situation the force on any jog in the direction of the 
Burgers vector is zero because the dislocation line 
meets a jog at an angle of 90° to the Burgers vector. 
We strongly emphasize that the spacing between the 
jogs in Fig. 7 does not depend on the temperature but 
only on the stress. Therefore, there is no reason to ex- 
pect a temperature dependence in q for even thermal 


jogs. 


2.J. E. Dorn: Symposium on Creep and Fracture of Metals at 
High Temperatures, National Physical Laboratory (Her Majesty’s 
Stationery Office, 1956) p. 89. 

28J, Weertman and J. E. Breen: Journal of Applied Physics, 1956, 
vol. 27, p. 1189. 

24 J. Weertman: Journal of Applied Physics, 1957, vol. 28, p. 196. 

2% J. Friedel: Private conversation. 

2 J, Weertman: Journal of Applied Physics, Oct. 1957 (To be 
published). 


Creep of Single Crystals and Polycrystals of Aluminum, Lead, and Tin 


by C. D. Wiseman, O. D. Sherby, and J. E. Dorn 


JourNAL or Merats, January 1957, AIME Trans., vol. 209, pp. 57-59. 


F. Haeszner and M. Krause (University of Gottingen, 
Gottingen, Germany)—In the following we are submit- 
ting some results of our own investigations on the 
determination of activity energy of the creep of high 
purity aluminum which we carried out at Goettingen 
in the years 1954-1956. An extensive publication is 
being prepared. The investigations were made on 
polycrystals and single crystals of high purity alumi- 
num, like those of Wiseman, Sherby and Dorn, and, on 
principle, with the same experimental technique, the 
same method of evaluation, and the same range of 
creep rate. Unlike Wiseman, Sherby and Dorn, how- 
ever, the polycrystals were hard drawn, and the tem- 
perature range was between 290° and 320°K. We 
thought it worthwhile to communicate our findings 
and to suggest a discussion of our conclusions. 
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We investigated wires of high purity aluminum 
(99.989 pet Al) in two extremely different initial con- 
ditions: 1) hard drawn polycrystals (120 mm; 0.8 mm) 
2) single crystals tempered at 550°C (2 single crystals 
prepared by the strain-anneal technique, 1.5 m length, 
1.5 mm separated into samples of 60 mm). The crys- 
tals were in a continuous laminar flow of paraffin oil. 
The bath temperature was kept constant by thermo- 
stats at +0.05°. By changing over to a second oil flow 
kept at a different temperature, the temperature could 
be raised or lowered, within less than a minute. The 
reading accuracy of the strain indicator magnifying ap- 
proximately 4000 times was about Al = +1 10™ of sam- 
ple length. The creep curves were plotted point by point. 
For the computation of the creep rate of polycrystals 
immediately at the point of temperature change, the 
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Fig. 3—Energy of activation for 10+ 
creep of pure aluminum (hard, 
polycrystalline), as a function 


of creep strain. 1 


curve equations were determined from 12 to 14 meas- 
uring points by means of the method of least squares. 
The creep curves of single crystals were evaluated 
graphically. The error in values of activation energy 
for polycrystals were max. + 2000 cal per mole for 
single crystals + 4000 cal per mole. 

a) Results for polycrystals—Fig. 3 shows the activa- 
tion energy values obtained in dependence on the plas- 
tic deformation of the samples in the range of 1 to 4.5 
pet (rupture strain about 1 pct). The maximum error 
limit is indicated. The values show a systematic in- 
crease with strain. In relation to the work of deforma- 
tion this increase is comparable with that given by 
Carraker™ for recrystallized platinum. 

b) Results for single crystals—The activation-en- 
ergy values determined for single crystals can be com- 
prised in four groups, viz. shear strain of approxi- 
mately 3 pct, 9 pct, 14 pct and 40 pet. Mean values of 
these groups of activation energy are plotted in Fig. 4 
in dependence on the shear strain. As is seen, the 
values decrease distinctly with increasing shear strain. 
The drawn curve in this figure shows the theoretical 
values of activation-energy for cross-slip of screw- 
dislocations, obtained from the contribution of A. 
Seeger” when the shear stress tg in the cross-slip sys- 
tem is computed from tensile stress o at the single 
crystals by means of the graphical representation given 
in the paper by Diehl, Krause, Staubwasser and Offen- 
hauser.” Fig. 4 shows that with increasing shear strain 
the activation energies measured more and more ap- 
proach the theoretical values of the activation energy 
of the cross-slip of screw-dislocations. 

During the plastic deformation we have a whole 
series of processes: Production and motion of disloca- 


Ex , 1000 cal per mole 


4Ot 
SS 
SS 
30 
0(1) 
3% 14. Yo 40% shear strain 
10 
330 397 466 9.38 


Fig. 4—Activation energies measured on single crystals com- 
pared with theoretical values of the cross-slip of screw- 
dislocation. Dots indicate theoretical values; open circles 
indicate mean yalues of measured activation energies, num- 
ber of averaged values being given in parentheses. ta is the 
shearing stress in the cross-system; G is the shearing modu- 
lus. 
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tions (partly along with the migration of vacancies 
and interstitial atoms), reactions between dislocations, 
and finally even decrease of high-energy arrangements 
of lattice imperfections. The amount of individual 
processes during creep will depend on the initial struc- 
ture of the sample (polycrystals hard, polycrystals soft, 
single crystals tempered), as well as on the degree of 
structural changes during creep. 

If Wiseman, Sherby and Dorn have found the same 
activation energy for polycrystals and single crystals 
at higher temperatures, we are inclined to think that 
this indicates that in their case the different structure 
dependent individual processes have less importance 
for the deformation than a common control process. 
The diffusion, we think, may be such a control process. 
Then the activation energy found is mainly that of 
self-diffusion. 

In this respect information might be obtained by 
experiments in which, with equal samples, activation 
energies of creep will have to be measured at low 
temperatures, at which diffusion is of no great impor- 
tance, as well as at higher temperatures at which the 
diffusion actually is of influence. It might be expected, 
then, that at low temperatures the activation energy 
will be structure-dependent whereas at high temper- 
atures it will be constant and be approximately of the 
value of self-diffusion. To what extent structural 
changes during creep affect the activation energy may 
be recognized particularly well at low-temperature 
creep experiments on single crystals of different orien- 
tations (for example a <111> or a <100> crystal — 
multiple slip — or a crystal from the middle of the 
orientation triangle —simple slip—). 

Finally we will point out that the value E, obtained 
by means of the relation 


E, = In 


and the corresponding technique of experimentation 
with abrupt temperature changes need not necessarily 
have the meaning of a physically real activation en- 
ergy of single process. In the case of complex structural 
changes in the sample, it might represent a value com- 
posed of several activation energies, and merely having 
the meaning of a constant with which temperature 
dependence of the rate of creep in a limited stress and 
temperature interval can be described. 


14 R, Carraker: Journal of Applied Physics, 1950, vol. 21, p. 1289. 

1 A. Seeger: Handb. der Physik, vol. VIII, part I, Fig. 127. 

16 Diehl, Krause, Staubwasser, and Offenhauser: Z. f. Metallkde., 
1954, vol. 45, p. 490. 


C. D. Wiseman, O. D. Sherby, and J. E. Dorn (authors’ 
reply)—The authors are appreciative of the comments 
made by Haeszner and Krause relative to their data 
on the activation energies for creep of Al. Recently 
Sherby, Lytton and Dorn™ have reported the apparent 
activation energies for creep of annealed polycrystal- 
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line aluminum over the range of temperatures from 
78 K to 850°K. These data clearly reveal that the 
activation energy between 240°K and about 375°K was 
28,000 cal per mole, in good agreement with the esti- 
mated activation energy for cross-slip. A series of 
activation energies for strains ranging from 0.07 to 0.27 
were obtained by cycling the temperature from 264° 
to 273°K. Under these conditions, which do not differ 
appreciably from those used by Haeszner and Krause, 
the activation energy was found to be 28,000 cal per 
mole for the entire range of strains. A review of Fig. 3 
equally suggests insensitivity of the activation energy 
for creep in this temperature range to strain. Their 
average activation energy, however, is about 24,000 
cal per mole as compared with the 28,000 cal per mole 
value obtained by Sherby, Lytton and Dorn. It is pos- 
sible that this minor discrepancy can be attributed to 
the fact that Haeszner and Krause used severely cold 
worked aluminum whereas Sherby, Lytton and Dorn 
used annealed stock. 

Activation energies for creep of single Al crystals 
oriented for simple shear on the (111) planes in the 


[101] direction have been determined by Lytton, 
Shepard and Dorn* over the entire range of tempera- 
tures from 78° to 890°K. These results are distinctly 
different from those quoted by Haeszner and Krause 
for their single crystal test. Over the range from 78° 
to 400°K the unique activation energy of 3400 cal per 
mole was obtained over wide ranges of stress and 
strain. The mechanism was associated with the Peierls 


energy, which is estimated to have an activation energy 
of 3600 cal per mole. On the other hand if the 
crystals were severely bent they gave the same 
activation energies as those obtained for polycrystal- 
line Al. Y. A. Rocher” determined the activation en- 
ergies for single Al crystals favorably oriented for 
simple shear on the (010) planes in the [101] direc- 
tion. Only (111) slip was observed. The activation 
energies, however, agreed well with those for the 
polycrystalline aluminum specimen at the same tem- 
perature. Consequently accurate activation energies 
for creep of single Al crystals require extreme care 
in the preparation, handling and method of testing. It 
is not possible at present to rationalize the high values 
at low strains reported in their Fig. 4 for the activation 
energies for aluminum single crystals by Haeszner 
and Krause. 

In agreement with Haeszner and Krause it has been 
found” that the abrupt change in temperature tech- 
nique applied in the low and intermediate temperature 
range yields apparent activation energies which rep- 
resent weighted sums of the activation energies of the 
individual processes which are contributing to the 
deformation. 


17 Sherby, Lytton, and Dorn: Acta Metallurgica, 1957, vol. 5, pp. 
219-227. 

18 Lytton, Shepard, and Dorn: Institute of Engineering Research 
Report, Series 103, Issue No. 1, University of California, Berkeley, 
April 9, 1957. 

1 Y, A. Rocher: Master’s thesis, University of California, Berkeley, 
June 1957. 


Delayed Yielding in a Substitutional Solid Solution Alloy 


by L. A. Shepard and J. E. Dorn 
JOURNAL OF METAts, October 1956, AIME Trans., vol. 206, pp. 1229-1235. 


H. C. Rogers (General Electric Company, Schenec- 
tady)—I would like to comment on the authors’ inter- 
esting paper, hoping that I have correctly ascertained 
their experimental technique from the details reported. 
The authors, apparently in an effort to eliminate the 
influence of gripping on Luders’ band nucleation, have 
resorted to the use of tensile specimens which have 
been strained and aged. This might well have pro- 
duced a spurious effect which may have led to some 
erroneous deductions and interpretations of the exper- 
imental results of the paper. 

The question raised is the following: Is the prenu- 
cleation strain homogeneous (i.e., occurring at least 
in favorably oriented grains along the entire gage 
length) or is it actually a localized creep? Since the 
authors did not examine the specimens during the de- 
formation, one cannot say with certainty which of the 
above proposals is more likely. The reason for raising 
this question will be apparent from the discussion and 
description of some of our own experiments which 
follow. 

First, it is somewhat surprising that the rate of 
band propagation in a specimen in which the band 
was nucleated by indentation (i.e., local deformation) 
was identical to that in which the band was nucleated 
by homogeneous prenucleation creep, which strains 
the entire gage length. For the latter specimen, the 
Liiders’: bands would be propagating into plastically 
strained material while in the indented specimen the 
bands would be propagating into material which has 
previously been strained only elastically. 

Secondly, unpublished work here indicates that in 
the case of steel tensile specimens with a similar strain 
history, the plastic deformation which occurs before 
band propagation is localized at the fillets. If one 
prestrains a filleted specimen the gage length yields 
inhomogeneously at first and then deforms homogen- 
eously with strain hardening. As the gage length 
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strain hardens the fillets begin to deform also, the 
amount of deformation decreasing as the fillet cross- 
section increases. After aging, retesting such a speci- 
men in tension produces a load-elongation curve such 
as that shown in Fig. 13, which is plotted with the 
elastic limit of 320 lb as the coordinate zero. It will 
be seen that there is a considerable amount of plastic 
deformation prior to the region of approximately con- 
stant lower yield load, and that this latter region it- 
self, in this case, actually consists of two different 
levels. A microscopic examination at intervals during 
a tensile test of such a specimen indicates that in 
region (1) of the load elongation curve the specimen 
is undergoing heavy deformation locally in the fillets. 
The fillets were prestrained less than the gage length 
prior to aging, and yielding was found to start at the 
boundary between the unprestrained and lightly 
strained and aged portions of the fillet. As this de- 
formation proceeds, a Liders’ band is suddenly nu- 
cleated without a load drop at the deforming region 
at one fillet and proceeds to grow along the gage length 
of the specimen under approximately constant load 
(vegion (2) ). At region (3) another band is nucleated 
in the center of the specimen gage length where the 
cross-section of the original specimen was machined 
slightly smaller. The load in region (3) drops because 
three band fronts rather than one are propagating. 
They can move more slowly than one and still provide 
the rate of extension imposed on them by the tensile 
machine. This slower propagation rate can be ac- 
complished with a lower load. 

The authors have also used strain-aged tensile spec- 
imens; it is highly likely, therefore, that they also may 
be producing relatively high local deformations in the 
fillets before Liders’ band propagation. Since they 
have dead-weight loaded their specimens, they will 
initially be carrying out a creep test on the fillet region 
only, before Liiders’ band propagation begins. The rate 
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of strain decreases as the deformed region strain 
hardens under the constant load. When the local stress 
reaches a critical value, a band is nucleated in this 
region. This occurs at different times since the creep 
rate varies with different stresses. If this indeed oc- 
curs then it is not surprising that the Liiders’ bands are 
nucleated at approximately the same measured strain 
(one does not know the stress or strain distribution 
too well in the fillet, but the loads do not vary marked- 
ly and hence the strain to critical stress would not 
vary markedly) nor that the time for the nucleation of 
the first band obeys the stress-temperature relationship 
characteristics of creep since this is what is being 
measured. 


In view of our observations it seems imperative that 
the authors demonstrate conclusively that this creep in 
the fillets does or does not occur in their tests. Also, 
an explanation of why the band propagation rate in the 
indented and unindented specimens are _ identical 
would be appreciated. 

L. E. Shepard and J. E. Dorn (authors’ reply)— 
A.—All strains reported were measured across the 
central 2 in. of the specimen gage section, and not be- 
tween the shoulders of the specimen as he may have 
supposed. It is therefore reasonable to assume that 
the prenucleation strain was homogeneous. Certainly 
it did not represent localized strain arising in the fil- 
let region of the specimen. 

B.—It will be noted in Table II of the paper that in 
the majority of cases, yielding began with the spread- 
ing of two band fronts within the gage section. If the 
yielding conditions suggested by Dr. Rogers were cor- 
rect, this would require that Luders’ bands be initiated 
simultaneously at both fillets of the specimen so as to 
reach the measured gage section at the same moment, 
a rather unlikely situation. 

Two factors lead us to the belief that the first and 
succeeding bands nucleated within the measured gage 
section. The first is that, as was noted, two band 
fronts began moving in most cases at the delay time, 
indicating the nucleation and growth of one band. 
The second is that the second and following bands 
which must have nucleated in regions that had not as 
yet yielded, and therefore, within the gage section, 
were found to obey the same time laws for nucleation 
as the first band. This factor, though not specifically 
discussed in the report, is an evident requirement, fol- 
lowing from the congruency of the curves in Figs. 6 
and 7 of the paper. 

C.—It does not appear peculiar that the rate of 
band propagation in the indented specimen was the 
same as that resulting from homogeneous prenuclea- 
tion creep when it is considered that the total prenu- 
cleation creep is of the order of 0.09 pct and that the 
major resistance to deformation must result from the 
approximately 10 pct prestrain to which the specimen 
was subjected prior to aging. 


Effect of Orientation on the Plastic Deformation of Aluminum Single Crystals and Bicrystals 


by R. S. Davis, R. L. Fleischer, J. D. Livingston, and Bruce Chalmers 


JOURNAL OF MetTats, January 1957, AIME Trans., vol. 209, pp. 136-140. 


K. T. Aust (General Electric Company, Schenectady) 
—I would like to report on some previously unpub- 
lished data obtained by N. K. Chen and myself, which 
deal with some effects of grain boundaries on the 
plastic behavior of aluminum (99.997 pct purity) dur- 
ing room-temperature deformation. Fig. 11 shows the 
tensile stress - tensile strain curves of one single crys- 
tal, and two isoaxial bicrystals with misorientations of 
60° and 140° about the specimen axis depicted in the 
unit stereographic triangle. The preparation of the spec- 
imens and the stress-strain determinations were car- 
ried out as previously described." The specimens had 
rectangular dimensions, approximately 3 mm by 6 mm, 
and about 7-4% cm long. The specimen axis orienta- 
tion in relation to the direction of stress is identical for 
the single crystal and the crystals comprising the bi- 
crystal specimens, and lies between specimen axis 
orientations 1 and 2 studied by the authors. 

It is evident that an appreciable grain boundary 
effect exists here also, at least in the early stages of 


Fig. 11—-Tensile stress—tensile strain curyes of one single 
crystal and two isoaxial bicrystals with misorientations of 
60° and 140°. 
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deformation. The rate of strain hardening increased 
with increased misorientation in the deformation range 
from about 0.005 to 0.02 strain. However, the rate of 
strain hardening was similar for the three specimens 
after greater deformation, that is, from approximately 
0.04 to 0.07 strain. Metallographic observations revealed 
a single set of slip lines which correspond to the most 
highly stressed {111} plane in the single crystal and 
bicrystals. Additional slip markings corresponding to 
possible cross-slip were observed near the grain bound- 
ary of the bicrystals. 

The above observations indicate that for specimens 


of the present size and shape, and for the case of only 
one slip plane operating in the single crystal, the 60° 
and 140° boundaries have raised the level of the stress- 
strain curves. This is in general agreement with the 
findings of the authors for orientations 1, 2 and 3. This 
effect of the grain boundary has apparently originated 
in the early stages of plastic deformation, as shown by 
the similar strain-hardening characteristics of the three 
specimens after larger deformation. 

This work was sponsored at the Johns Hopkins Uni- 
versity, Baltimore, Maryland, by the Office of Ordnance 
Research (Contract No. DA-36-034-ORD-1153 RD). 


Effect of Rolling Procedure on the Kinetics of Recrystallization of Cold-Rolled Copper 


by J. T. Michalak and W. R. Hibbard, Jr. 


JouRNAL or MeErats, January 1957, AIME Trans., vol. 209, pp. 101-106. 


Paul A. Beck (University of Illinois, Urbana, Illinois) 
—As pointed out by the authors, the texture of 
straight-rolled copper obtained by them, Fig. 2, is very 
similar to that previously obtained’ by quantitative 
methods. The authors use the indices erroneously 
given by us” for the ideal orientation of the deform- 


ation texture components. Instead of (123) [121], it is 
more appropriate to use the simplified indices (123) 
[412]. 

In addition to the photographic texture determina- 
tion for cross-rolled copper by Brick and Williamson”, 
to which the authors do refer, more recently quanti- 
tative determination has been made of the texture of 
cross-rolled and of cross-rolled and annealed copper”. 
The lack of resolution inherent in the photographic 
method prevented the earlier investigators from iden- 
tifying the orientations present in cross-rolled and 
annealed copper. However, the octahedral pole figure 
they published was fairly consistent with the more 
recent quantitative results“, and both investigations, 
particularly the quantitative pole figures, clearly show 
a rather surprisingly sharp development of each of the 
eight texture components. The reduction of area in 
cross-rolling for Brick and Williamson’s specimen was 
99 pct and for the more recent quantitative texture 
work it was 96.5 pet. I wonder whether the authors 
could explain the conspicuous lack of sharpness in the 
texture of their copper specimen cross-rolled 96.4 pct 
and annealed at approximately the same temperature 


that has been used in the previous quantitative texture 
work. Since the amount of deformation and the an- 
nealing treatment were both quite similar, the pro- 
nounced difference in the textures is rather surprising. 


2 Hsun Hu, P. R. Sperry, and Paul A. Beck: Rolling ees in 
Face-Centered Cubic Metals, Trans. AIME, 1952, vol. 194, 76. 

13.R, M. Brick and M. A. Williamson: Trans. AIME, 1941, not 143, 
p. 84. 

M4 A, Merlini and Paul A. Beck: Study of the Origin of the Cube 
Texture, Acta Metallurgica, 1953, vol. 1, p. 598. 


J. T. Michalak and W. R. Hibbard, Jr. (authors’ re- 
ply)—We would like to thank Dr. Beck for calling our 
attention to the corrected indices and his paper with 
Dr. Merlini on cross rolled copper. It is not possible 
for us to explain the difference between his sharper 
recrystallized texture and our dull one. However, 
certain differences are apparent—a) Their copper re- 
crystallized after five minutes at 250°C. (Their Fig. 1) 
Ours required almost 6 hr at 250°C. b) Their copper 
had an as-rolled hardness of 105 Vhn and an as- 
recrystallized hardness of about 56 Vhn. (Also their 
Fig. 1) Ours had an as-rolled hardness of 97 and as- 
recrystallized of 51.5. 

These results suggest a significant difference in 
purity and in strain hardening rate, i.e. there are 
differences in the material and possibly how they 
were rolled. 

Finally, the low density areas of the pole figures of 
the different investigations are similar—it is the high 
density areas which are very different. 


Effect of Temperature on the Flow Stress and Strain Hardening Coefficient of Magnesium Single Crystals 


by H. Conrad and W. D. Robertson 


JourNAt or Merats, April 1957, AIME Trans., 


W. F. Sheely, E. D. Levine, and R. R. Nash (Rensse- 
laer Polytechnic Institute, Troy, New York)—In their 
study of the basal slip of unalloyed magnesium single 
crystals, the authors empirically derived the relation: 


Cexp. (—AH/RT) exp. B(t—t6(0)—hy) [15] 


where 

= 4.5 x 10°” per min. 
= 10.3 kcal per mol 
= the gas constant 
temperature 

= 0.65 mm’ per gm 

t = applied stress 
te = an internal stress 
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vol. 209, pp. 503-512. 


h = strain hardening coefficient 
y = strain 


As the authors point out, this result varies with 
most theories of low temperature plasticity which are 
based on specific dislocation models in that the de- 
rived relations contain a stress term in the activation 
energy. The general form of many of the equations 
predicted by these theories is: 


= (1) V RP) [16] 


where g(t) is some function of the applied stress. 
One could test the validity of either point of view 

by determining the sensitivity of the stress required 

to maintain flow at a given rate to changes in strain 
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rate and comparing the result to the mode of response 
predicted by [15] and [16]. 

From Eq. [15], if it may be assumed that a strain 
rate change can be effected with only negligible ac- 
cumulation of plastic flow during the change, the 
following equation for flow stress change may be 
derived: 


Yo 
At = 3.5 logo [17] 
where 
At = T2— T 


From Eq. [16], making the commonly used assump- 
tion that g(t) is a linear function of stress, the corre- 
sponding equation for flow stress sensitivity would be: 

Ys 
ya: 
where 
K = a constant 
T = temperature 


The writers performed a series of strain rate changes 
on a magnesium single crystal stressed in shear and 
deforming by basal slip. Experiments were done on an 
Instron testing machine at room temperature and in 
two cold baths. Strain rates were changed by factors 
of ten and one thousand. The resulting flow stress 


changes, At, as a function of logw 72/7: are illustrated 
in the accompanying figure. Also shown in the figure 
is the curve of Eq. [17]. 

The following observations were made: 

(a) The magnitude of the stress change resulting 
from a particular strain rate change was independent 
of whether the change was an increase or a decrease. 

(b) No regular change in At as a function of tem- 
perature was detected. 


(c) The relation of At to yo/"V1 fitted equation [17]. 
These results give quantitative support to the 
authors’ equation. 
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Fig. 15—Change of flow stress resulting from strain rate 
change. 


Hans Conrad and W. D. Robertson (authors’ reply) 
—It was indeed gratifying to hear of the results ob- 
tained by Sheely, Levine, and Nash. Their data offers 
further proof that the constant B is independent of 
temperature, and consequently that the activation en- 
ergy for plastic flow of magnesium crystals at low 
temperatures is independent of stress and strain, in 
disagreement with the requirements of present theories 
of deformation.** 

Of special interest is the fact that the value of B 
derived from their data is equal to that obtained in our 
tests, even though the crystals were grown under dif- 
ferent conditions and the tests were of a different na- 
ture. The physical significance of B is not known at 
present, however, additional tests are in progress with 
the aim of evaluating this. 


Embrittlement of Ti-Al Alloys in the 6 to 10 Pct Al Range 


by F. A. Crossley and W. R. Carew 


JourRNAL or Merats, January 1957, AIME Trans., vol. 209, pp. 43-46. 


A. Klibanoff, C. D. Dickinson, and S. Abkowitz 
(Mallory Sharon Titanium Corp., Niles, Ohio)—We wish 
to compliment the authors on their fine work. Titan- 
ium alloys in this high aluminum range are certainly 
of interest, and the authors’ work is an important con- 
tribution to understanding the problems involved in 
alloys of this type. 

We are concerned that others might extrapolate the 
data of Crossley and Carew for binary Ti-Al alloys 
to more complex Ti-Al alloys and reach erroneous 
conclusions. From the data of Crossley and Carew, 
the prospect of developing thermally stable titanium 
alloys in the 8 to 10 pct Al range seems poor. We have 
studied this system and have information which pre- 
sents a more promising picture for the use of the higher 
aluminum content in the titanium alloys. The mechan- 
ical properties of Ti-8Al and Ti-8Al-2Cb-1Ta in several 
conditions of heat treatment are compared in Table I. 

The properties of both alloys (melted using 120 Bhn 
sponge) air cooled from soaking temperature are simi- 
lar. The 8Al binary was embrittled by furnace cooling 
from 1700°F while the Ti-8Al-2Cb-1Ta alloy retained 
its ductility when subjected to similar treatments. 

We have since tested both alloys after subjection 
to the embrittling treatment suggested by Messrs. 
Crossley and Carew. The results appear in Table II. 
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The Ti-8Al binary was embrittled by this treatment; 
however, this heat treatment had little effect on the 
tensile ductility of Ti-8Al-2Cb 1Ta. We have subjected 
the Ti-8Al-2Cb-1Ta alloy to more severe conditions of 
temperature, stress, and time (1000°F-10,000 psi-300 


Table I. Mechanical Properties of Ti-8AI and 
Ti-8Al-2Cb-1Ta Sheet* 


Ti-8Al Ti-8A1-2Cb-1Ta 
Mechanical Properties Mechanical Properties 
Elong. Elong 
YS, 0.2 in YS, 0.2 in 


UTS, Pct Off., 2In., UTS, Pct Off., 2in., 
Heat Treatment Ksi Ksi Pet Ksi Ksi Pet 


1650°F-1/3 hr-air cool 119 113 13.5 127 120 16 
1650°F-1/3 hr-furnace 


cool to 900°F, air cool 127 123 14.3 
1700°F-1 hr-furnace 

cool to 900°F, air cool 114 109 5.5 

1750°F-1/3 hr-furnace 

cool to 900°F, air cool 127 122 13.5 


* All values are averages of six tests. 
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1@b2))) After this treatment, the room temperature 
mechanical properties were: 


UTS, Ksi Elong. in 1 In., Pet R.A., Pct 
153 13.0 26.3 


Our results for the 8Al binary sheet are in good 
agreement with those of Crossley and Carew for 8Al 
bar and strongly indicate that an embrittling reaction 
takes place in the suggested temperature range. The 
addition of tantalum and columbium to 8 pct Al pro- 
duces an alloy whose behavior is markedly different. 

We would, therefore, like to point out that the severe 
instability which occurs in the Ti-8 to 10 aluminum 
binary alloys does not necessarily occur in certain 
complex Ti-Al alloys. 

F. A. Crossley and W. F. Carew (authors’ reply)— 
The authors have some experience, although limited, 
with high aluminum, ternary alloys of the type repre- 
sented by the Ti-8Al-2Cb-1Ta alloy. This experience 


supports the findings presented in the discussion. It is 
considered that tensile testing below room tempera- 
ture, e.g., 0°C, gives a more critical evaluation of insta- 
bility due to the mechanism discussed above. 


Table Ii. Tests After Embrittlement 


Mechanical Properties 


YS, 0.2 
Heat UTS, Pct Off., R.A., 
Alloy Treatment Ksi Ksi Elong., Pct Pet 
Ti-8Al (Sheet) 1650°F-1/3 hr, 127 123 4.5, in 2 in. a 
air cool; 
1020°F-48 hr, 
air cool 
Ti-8Al-2Cb-1Ta 1650°F-1 hr, 148 146 12.0, in 1 in. 27.3 
(Bar) air cool; 
1020°F-48 hr, 
air-cool 


Etch Pits and Dislocations in Zinc Monocrystals 


by J. J. Gilman 
JourNAL OF Merats, August 1956, AIME Trans., vol. 206, pp. 998-1004. 


G. Wyon and P. Lacombe (Centre de Recherches 
Metallurgiques Ecole des Mines, Paris)—-We have been 
very interested by J. J. Gilman’s work on etch pits in 
zinc crystals. We were impressed by the fact that the 
etch technique has given valuable results only after 
an impurity such as cadmium is added to pure zinc 
and especially that aging of the Zn-Cd solid solution is 
necessary in order to obtain etch pits along small angle 
boundaries. 

We wish to compare these results with our experi- 
ments on etch figures in refined aluminum of varying 
degrees of purity.”* We pointed out the influence of 
iron content and heat treatments (quenching and 
aging) on the number and the distribution of etch-pits. 
We have shown, in particular, that for a given heat 
treatment and a crystal of determined orientation, the 
density of etch-pits is the higher, the more impure the 
metal. In most cases, the number of pits counted on a 
crystalline matrix is much lower than the theoretical 
number of present dislocations: the difference is high- 
er, the purer the metal. 

These results have led us to relate the possibility of 
etch pits formation to the existence of an association 
between impurities and dislocations. As Dr. Gilman 
remarked, this interaction also plays a role in the case 
of etch-pits on zine with 0.1 pct Cd. 

By considering that for metal crystals the presence of 
dislocations is a neccesary but not sufficient condition 
for formation of etch figures, we may explain some 
apparently contradictory, or simply unexpected, facts. 

1) Density of etch pits. We have remarked that Al 
samples quenched from 630°C present a higher density 
of etch pits if the cooling rate is low (air cooling) than 
if it is high (water cooling to 0°C). A priori, there are 
more dislocations locked in the crystal during the fast 
quench, but the cooling time being very short, the 
necessary diffusion of the impurities to the dislocations 
cannot come about with a sufficient speed: this explains 
the low density of etch pits observed.” 

2) Study of Polygonization. We have shown” that the 
micrographic detection of polygonization in Al crystals 
through etch-pits is possible only after heat treatment: 

a. If the cooling rate after a heat treatment is high 
(water quenching to 0°C), etch figures will appear along 
the subboundaries only if the temperature of the heat 
treatment has not been too high. Above the limit of 
solubility of iron, the association of this element with 
dislocations becomes very loose because of evaporation 
of the Cottrell atmospheres. Since diffusion of impuri- 
ties towards dislocations cannot happen during quench- 
ing, for a high cooling rate, the subboundaries are 
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visible only if the associations with dislocations are not 
loosened by the heat treatment. 

b. For a temperature of treatment higher than the 
limit of solubility of the least soluble impurity, the 
micrographic perception of polygonization is possible 
with etch-pits only if the cooling rate after the treat- 
ment is low enough. This critical rate is lower, the 
purer the metal, which agrees with the hypothesis of 
a necessary diffusion of impurities towards disloca- 
tions. 

There have been many discussions about the detec- 
tion of polygonization on lightly cold-worked and heat- 
treated aluminium. The refined X-ray methods used by 
some authors” show that polygonization appears for 
very low heat treatment temperatures (from 200°C, or 
at room temperature). Micrography, on the contrary, 
shows the fragmentation in subgrains only for high 
treatment temperatures (between 450° and 600°C ac- 
cording to the purity of the metal). This led us to call 
macromosais the polygonization which may be re- 
vealed through etch-pits, and thus corresponds to a 
new distribution of dislocations happening during an- 
neals above the solubility limit of the least soluble 
impurity. Low temperature polygonization cannot be 
revealed through etch-pits with refined aluminum 
where the iron impurity seems to play a leading role. 

3) Study of slip lines. Wanting to reveal slip lines 
through etch-figures, we have seen” that it was im- 
possible in the case of aluminum to obtain alignment 
of figures along these lines after repolishing. However, 
we could note the presence of alignment if the de- 
formed samples had afterwards undergone an aging 
treatment. It seems to us that the only difference with 
the Zn-Cd alloys investigated by J. J. Gilman is that 
aging to aluminum-iron alloys happens only at a tem- 
perature distinctly higher than room temperature, 
where polygonization processes may interfere. Has 
Dr. Gilman systematically investigated the influence 
of aging time (at room temperature) on the number 
of etch-pits along the slip lines? These observations 
and those about the density of etch figures on polygon- 
ization subboundaries versus aging time could probably 
give more precise data about the diffusion coefficient 
of cadmium in a zinc lattice. Could Dr. Gilman ex- 
plain why he chooses cadmium to obtain good etching? 
Has he observed a change in the density of etch-pits 
on the crystal matrix with different heat treatments 
(quench-aging) which would support the hypothesis of 
the association of dislocations and impurities? This 
would show that, as in aluminum, the number of etch- 
pits cannot be bound by a one to one relation to the 
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number of dislocations in the crystals.” Experiments 
about polygonization would be also interesting. Would 
it be possible with Zn-0.1 pet Cd to make the sub- 
boundaries vanish micrographically through a quench 
from the temperature of complete solubility of cadmium? 
After quenching, is aging at room temperature suffi- 
cient to show the subboundaries through etch-pits? Is 
polygonization micrographically perceptible at temper- 
atures lower than the temperature of complete solubili- 
ty of cadmium (even after very long aging at room 
temperature) ? 

In conclusion, it seems more and more probable that 
impurities play an essential role in the appearance of 
etch-pits, and we agree perfectly with Dr. Gilman on 
this point. It may even be asked if etch-pits would 
still be possible in an extremely pure metal. Unluck- 
ily, in the case of aluminum, it is very difficult to elimi- 
nate the last traces of iron. Would not zinc be more 
favorable in this respect, since the impurities might 
easily be eliminated? 

J. J. Gilman (author’s reply)—At the time that I 
was preparing my manuscript on etching in zinc, I was 
not aware of the very interesting results of G. Wyon 
and P. Lacombe on etch-pitting in aluminum. They 
have looked into the role impurities played in much 
more detail than I did. I was primarily interested in 
obtaining some idea of dislocation distributions in zinc 
after various mechanical treatments and did not con- 


cern myself with the mechanism of the etching pro- 
cedure. None of my observations are in contradiction 
with those of Wyon and Lacombe. On the contrary, I 
fully support their conclusions. 

The discussors ask why cadmium was chosen as the 
impurity to give good etching. The answer is that the 
cadmium alloys were prepared for another purpose 
and their etching characteristics were discovered only 
after a chain of more or less accidental circumstances. 
Other impurities might be just as effective as cadmium. 
Air cooling from high temperatures is sufficient to sup- 
press the etching effect. After such a mild quench, an 
aging period of about one week at room temperature 
is needed to restore good etching. As stated in the 
paper, it has not yet been possible to etch high purity 
zine. Unfortunately, I do not have sufficiently detailed 
information to answer the many other questions of the 
discussors. I regret this as they are good questions. 


15G. Wyon et J. M. Marchin: Comptes Rendus Acad. Sc. Paris, 
1954, vol. 238, p. 2420. ; 

6G, Wyon et P. Lacombe: Congres du Centenaire de |’ Alumi- 
nium, 1954, Paris Tome 1, p. 289. 

7G, Wyon etve: Lacombe: Report of the Conference Defects in 
Cryst HE solids, Bristol, 1953, The Phys. Soc. London. p. 18. 

8G. Wyon, J. M. Marchin et P. Lacombe: Journees Metallurgi- 

ques de Paris, Oct. 1955, in press. 

9 F, A. Bilby and A. R. Entwisle: Acta Met. 1956, vol. 4, p. 257. 

2H. Lambot, Z. Vassamilett, and J. Dejace: Acta Ride "1955, vol. 
157. 

AG. Wyon et J. M. Marchin: Phil. Mag, 1955, vol. 46, p. III9. 


Flaking of Heavy Alloy Steel Sections 


by C. R. Garr and A. R. Troiano 


JOURNAL OF Metats, April 1957, AIME Trans., vol. 209, pp. 445-449. 


S. L. Hoyt (Battelle Memorial Institute, Columbus) 
—This paper has just now come to hand but I should 
like to congratulate the authors for bringing out the 
individual, though related, effects of hydrogen and the 
transformation of austenite. Thus it appears that 
there is a close similarity between flaking in forgings 
and the underbead cracking that is observed in welds 
of hardenable steels. 

As a wartime project, Messrs. Sims, Banta, and I 
studied the latter effect‘ and found that a susceptible 
steel would not crack if the austenite were completely 
transformed at an elevated temperature at which hy- 
drogen diffuses readily. On the other hand, if the weld 
were cooled to room temperature, the remanent aus- 
tenite would gradually transform and precipitate its 
dissolved hydrogen and initiate a crack. Later work 
by Messrs. Mallett and Rieppel showed quite clearly 
just what were the factors which were necessary to 
produce cracking. From the work of the authors, it 
would appear that the two mechanisms of flaking and 
underbead cracking are essentially the same. 


4S. L. Hoyt, C. E. Sims, and H. M. Banta: Metallurgical Factors 
of Underbead Cracking, Trans. AIME, 1945, vol. 162, p. 326. 


J. Hewitt (United Steel Companies Ltd., Rotherham, 
England)—The authors have stated that a delicate 
balance exists between hydrogen embrittlement and 
stress required for flaking, but do not appear to have 
taken into account the variation in hydrogen level after 
heat treatment of the different blocks. Since the treat- 
ments have removed varying quantities from each 
block we have calculated* the distributions in the 


*The method of calculation of hydrogen distribution in large 
masses of low alloy steel is based on a method outlined by Sykes, 
Burton and Gegg and further developed by J. D. Hobson. It has 
been subsequently checked on a large number of low alloy steel 
forgings of various compositions by both Hobson and ourselves. This 
work will be published shortly. 


blocks after each cycle—Fig. 6. The picture is then al- 
tered and the role of transformation stresses is ques- 
tioned. The hydrogen content now appears to determine 
whether or not the billets had cracked after 36 days, 
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regardless of structure. Our experience has shown 
that a reduction of the stresses arising from rapid 
cooling, either transformation or thermal, does not 
necessarily prevent cracking, but only delays it at 
these relatively high hydrogen levels. We would have 
fully anticipated cracking on further standing in blocks 
numbered 5 and 9 and would ask if these blocks were 
examined for cracks immediately prior to re-cycling? 

If the other blocks are still available it would be of 
some interest to re-examine the samples found crack- 
free during the earlier examination. 

We would also suggest that the blooms be examined 
microscopically for very small cracks since such cracks 
appear under certain conditions and may not be re- 
vealed by macro techniques. It would also be of in- 
terest to show the extent of the cracks on the same 
graphs as the calculated distribution curves since we 
have found in two cases, on different sections, that the 
levels at which cracking appeared to start were iden- 
tical. 

From the calculations made earlier we would have 
estimated the original hydrogen content at approxi- 
mately 12 ml per 100 gm and wonder if the authors have 
actual results on the % in. round cast samples? We 
would expect difficulty in obtaining good samples of 
liquid steel at this level of hydrogen and would place 
more reliance on hydrogen determinations on samples 
taken from the center of a forging (before it had time 
to crack) and after such a treatment that hydrogen 
would only have been lost from the outer portions of 
the forging. 

To illustrate the delay in cracking the following re- 
sults may be of interest. We have examined recently 
the cracking of a cast of 0.30 pct C, 1% pct Mn steel. 
Two 9 in. square billets were taken after rolling, one 
was air cooled and the other slowly cooled from 650°C. 
The hydrogen distribution across the two blooms was 
essentially similar with a maximum, in the center of 
the billet, of 5.8 ml per 100 gm. The air cooled billet 
cracked on the 6th day after reaching room tempera- 


TRANSACTIONS AIME 


Table III. Flaking of High Hydrogen 4340 


Percentage Flaked, No. of Samples 


Code Treatment 6In. Diam 9In. Diam 13 In. Diam 
Hydrogen: cu cm per 100 gm ae 4.8 On75 
A Air cooled after forging 100 (2) 100 (2) 106 (2) 
D Air cooled to 700°F, held in 50 (2)+ 100 
600°F furnace for 24 hr, and 
air cooled 
E Same as (D) but held 24 hr 0 (2) | 100 (2) 100 (2) 
C Equalized at 1250°F, cooled 0 (2) 0 (2 
30°F per hr to 1150°F, held 
at 1150°F for 48 hr, and air 
cooled 
B Same as (C) but after 48 hr 0 (2) 0 (2) 50 (4)2 


at 1150°F, cooled 30°F per 
hr to 600°F, held at 600°F for 
24 hr, and air cooled 


* The 5.39 hydrogen result was discounted because it was between 
nos. 3 and 11 in the ingot and because it should approach no. 3 and 
exceed no. 11. 

+ Flaked rounds from top 1/3 of ingot 


ture, the slowly cooled billet did not crack until the 
82nd day after reaching room temperature. 

Some typical work on a 28 in. square forging is 
shown in Fig. 7. The forging is 0.36 pct C, 0.66 pct Mn, 
2.67 pct Ni, 0.68 pet Cr, 0.54 pct Mo steel, with a tem- 
pered bainite microstructure, and illustrates some of 
the points raised above. 

The attention of the authors is also drawn to the re- 
cent work by Barker and Wainwright® who showed that 
many cracks were formed in Ni - Cr - Mo steels after a 
treatment such that transformation stresses were 
completely absent and thermal stresses considerably 
reduced. 


5 Nature, 16th June, 1956. 


E. Houdremont(Essen, Germany )—It has been known 
for about 20 years® that the interaction of hydro- 
gen and stresses is the cause of flaking but, according 
to our experience, it is not necessary that these stresses 
have to be transformation stresses. 

The following results show very clearly that flakes 
can be produced without transformation stresses:* 1. A 
wholly ferritic steel with 4 pct Si charged with hydrogen 
can show flakes. 2. A ball bearing chromium steel 
transforms easily enough in the perlitic range so, that 
the transformation can be performed between 650° and 
600° if you keep the steel for a certain time in a fur- 
nace at this temperature. Nevertheless you can pro- 
duce flakes by cooling them down in air, oil or water 
afterwards to room temperature. 3. If you charge a 
wholly transformed steel with high pressure hydrogen 
at 550° below the transformation temperature you can 
get flakes on subsequent cooling and the number of 
flakes increase with the rate of cooling. In this ex- 
periment no transformation occurs. 4. The direction 
of stress is the main point and not the transformation 
stresses has been shown by changing the direction of 
flakes by applying external stresses. The flakes are 
perpendicular to the applied stress (See Fig. 1206, page 
1383 of Reference 6). In accordance with this the 
direction of flakes in forged pieces mostly corresponds 
to the direction of cooling stresses. The relation be- 
tween an applied external stress and hydrogen content 
is also shown by the fact that a steel which contains 
not enough hydrogen to form flakes on cooling may 
form flakes during the tensile test. 

So we would be in agreement if we state that hydro- 
gen and stress are the cause of flakes and that trans- 
formation stresses may be also a kind of stress which 
promotes flakes formation. 


6E. Houdremont: Handbuch der Sonderstahlkunde, 3rd Edition, 
Berlin, 1956, pp. 1375-1390. 

7E. Houdremont and H. Schrader: Techn. Mitt. Krupp, For- 
schungsber, 1941, vol. 4, pp. 67-98; Stahl und Eisen, 1941, vol. 61, 
pp. 649-653. 


W. Wilson (A. Finkl & Sons, Chicago)—Dr. Troiano 
and his associates are to be congratulated for another 
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Fig. 6—Calculated hydrogen distributions. 


paper reducing some of the apparent idiosyncrasies of 
flaking to scientific principles. I have taken the liberty 
of re-arranging the data in Tables I and II as shown 
in Table III. The treatments in Table I were ranked 
- my opinion - as to the probability of flaking (A - 
most likely, B - least likely). For each size and treat- 
ment in Table II, the percentage of flaked samples and 
number of samples are shown in Table III. 

Two broken lines are used to bracket the treatments 
and sizes or hydrogen contents which gave 100 pct 
flaked and 0 pct flaked. Where 50 pct was observed, 
the flaked samples were from the top 1/3 of the ingot. 
This observation on ingot location suggests that posi- 
tive segregation is important only in borderline cases. 

The two, flake free, 13 in. diam samples were halved 
after 6 to 9 mo of storage and normalized. These sam- 
ples with less than one-half of the original hydrogen 
were found to be flaked after one month. This finding 
agrees with the original results which show that nor- 
malizing with 3.2 cu em H2 or more yields flakes. 

The two 9 in. diam samples did not flake upon sim- 
ilar treatment. Probably the hydrogen content of these 
was less than 2.4 cu cm per 100 gms. This observation 
leads to the conclusion that normalizing becomes per- 
missible at some hydrogen content less than 3.2 cu cm 
per 100 gms. 

In making these comparisons, I have assumed that 
the hydrogen content and treatment are closely corre- 
lated and that the only mass effect in these treatments 
is the retention of hydrogen. These assumptions are 
not rigorously established by the results and I am 
sure the authors will wish to comment upon them. 

In addition to the presented data, I would like to 
know the equalization (transformation) times at 1250°F 
and the method of determining the forging tempera- 
tures. 
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Fig. 7—Hairline cracking in 28 in. sq blocks of 2% pct Ni, 
Cr, Mo, steel. 


In the bainitic cycles, an air cool is followed by a 
direct transfer to the final temperature. However, the 
pearlitic cycles consist of equalizing at 1250°F, slow 
cooling to 1150°F, and then holding at 1150°F. Why do 
the authors prefer the more complex pearlitic cycle? 

I wonder if the authors would be willing to hazard 
their opinion as to when in the processing of the 6 
and 9 in. diam samples the bulk of the hydrogen was 
lost. 

C. R. Garr and A. R. Troiano (authors’ reply)—Mr. 
Wilson’s comments are appreciated. To be sure, posi- 
tive segregation is important in borderline cases; but we 
like to feel that most flaking represents borderline 
cases. In other instances, the borderline element may 
be introduced by cooling stresses, etc. We believe that 
it may be dangerous to generalize that normalizing 
becomes permissible at some hydrogen content below 
3.2 cu cm per 100 gm. Too many other factors may 
influence the increment of stress necessary for flaking. 

Of course the mass effect observed will not only 
affect the retention of hydrogen but may also have 
considerable influence on the thermal macrostresses. 

We regret that the information on equalization times 
and forging temperature is not available. However, 
standard mill practice was followed in both cases. 


The authors’ have no preference for a complex pear- 
litic cycle. A number of different cycles were tried in 
an effort to evaluate the variables that contribute to 
flaking. Unfortunately, insufficient material was avail- 
able to try all the cycles that appeared to be of interest. 
One cycle, in particular, of interest would have in- 
volved holding near Ms for essentially complete trans- 
formation to bainite, followed by holding in the pear- 
lite range near 1250°F and slow cooling from this 
temperature. 

We feel that the major portion of the hydrogen was 
lost during and after the transformation of the aus- 
tenite, and before cooling to room temperature. 

Of course, there are no serious areas of disagreement 
with Dr. Houdremont’s analysis as presented in this 
discussion. Reference is again made to the last para- 
graph of the paper where in it is stated, “The results of 
this investigation indicate that transformation stresses 
play a major role in the flaking of heavy steel sections 
and that the influence of hydrogen is primarily through 
its action as an embrittling agent. However, it should 
be appreciated that any stress in the presence of hy- 
drogen, regardless of its origin, could be sufficient to 
cause ruptures which may be considered flakes from a 
generalized point of view, although it is felt that the 
conventional flake patterns familiar to the industry 
are largely the result of transformation stress where 
other stresses, such as cooling, residual, externally ap- 
plied, etc., may be contributory.” 

We find it somewhat difficult to follow the discus- 
sion by Hewitt. Of course, we can not be certain that 
in all cases a time delay of more than 36 days may not 
have indicated the presence of flakes. However, for 
the specific cases of blocks 5 and 9, it is certain that 
flakes had not appeared 6 to 9 mo later, since they 
were re-examined at this time (see text, last paragraph 
before section on Results and Discussion). 

Reference is made to recent work by Barker and 
Wainwright, in which the intent was to show that 
flakes could be produced without transformation and 
the stresses that go with it. It is not clear how these 
authors know they have not had transformation in the 
nickel steels and residual stresses not low, and how can 
one rationalize insufficient stress to crack their carbon 
steel, but sufficient to crack the stronger, more ductile 
nickel steels? 

We look forward to examining the new method of 
calculating hydrogen distribution in large masses, pre- 
sumably to be published soon. 

We definitely agree with Sam Hoyt that the mechan- 
ism of underhead cracking and flaking are much the 
same. 


Grain Boundary Displacement ys Grain Deformation as the Rate Determining Factor in Creep 


by J. A. Martin, M. Herman, and N. Brown 


JouRNAL or MeEtats, January 1957, AIME Trans., vol. 209, pp. 78-81. 


Frederick N. Rhines (Carnegie Institute of Technolo- 
gy, Pittsburgh)—It is unusual and very gratifying, in a 
field as controversial as that of creep, to find such ex- 
tensive agreement as exists between the results on 
B-brass, now presented by Martin, Herman, and Brown 
and those on aluminum, which Bond, Kissel, and I pre- 
sented last Fall. In particular, I am pleased to observe 
that these authors have concluded, as we did, that 
“the grain boundary displacement is a byproduct of 
grain deformation.” We agree also that “the ratio of 
grain boundary displacement to overall strain is inde- 
pendent of temperature, if the temperature is high 
enough to produce mobile boundaries.”’ Moreover, the 
essentially identical behavior of our aluminum bicrys- 
tals and the polycrystalline p-brass, currently under 
discussion, demonstrates more conclusively than could 
any argument, the error in Grant’s contention of last 
Fall that the single crystal results are not applicable 
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to polycrystalline materials. I should like to point 
out once more, that much of the disagreement amongst 
the observers of grain boundary displacement has arisen 
from the fact that flow takes place in a complex manner 
within a layer of metal of finite thickness, so that the lat- 
eral displacement of the grain boundary cannot be meas- 
ured between reference points that lie upon the axis 
of extension of the specimen. The present authors 
have measured the displacement in a direction that is 
effectively parallel to the plane of the grain boundary. 
This gives a true measure of displacement and acounts, 
I think, for the agreement between the #-brass and 
aluminum results. 

Norman Brown (author’s reply) —We would like to 
thank Dr. Rhines for his discussion. Also, Mclean, 
with polycrystalline aluminum, has recently demon- 
strated that above 350°C the ratio of grain boundary 
displacement to overall strain remains constant. 
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Internal Friction and Grain Boundary Viscosity of Copper and of Binary Copper Solid Solutions 


by L. Rotherham and S. Pearson 


JOURNAL oF Merats, August 1956, AIME Trans., vol. 206, pp. 881-892. 


H. H. Bleakney (Dept. of Mines and Technical Sur- 
veys, Ottawa, Ontario, Canada)—The writer of this 
discussion did not read very far before being brought 
up sharply by what appeared to him to be a rather 
surprising observation. That was the implication in 
the title of the paper that the alleged viscosity of grain 
boundaries is an established fact. It is true that Ke’s 
evidence for the occurrence of viscous flow at metal 
grain boundaries was widely accepted, and was not 
seriously challenged for many years. It is also true 
that this paper was written in 1954 before critical ex- 
amination had disclosed the unreliability of Ke’s con- 
clusions." Nevertheless, even before 1954 enough 
evidence had been presented**:***" to arouse suspi- 
cion of the validity of the viscous grain boundary 
hypothesis. In any event in view of references 1 and 
2 the authors might well have considered modifying 
their statement between submission and publication. 


This paper contributes a very useful addition to the 
evidence that the internal friction peak, noted by Ke 
in aluminum, is characteristic of all polycrystalline 
metals of high purity; and by noting some of the fac- 
tors which affect the peak, it brings an explanation for 
the phenomenon a little nearer. All those who have 
conducted these tests must have been impressed, as the 
writer was, by the rather startling drop in internal 
friction at temperatures slightly higher than that of the 


peak. Since the work of Rhines, Bond, and Kissel” 
has shown that the viscous grain boundary hypothesis 
is untenable, some other explanation for this phenom- 
enon must be sought. It is not unlikely that when that 
answer is found it will prove to illuminate an area of 
metal behavior much wider than that occupied by in- 
ternal friction alone. 

It is to be hoped, therefore, that the authors will 
continue to add their contributions to this end. 

31H. H. Bleakney and J. Can: Technology, 1955, vol. 33, p. 56. 

82 F. N. Rhines, W. E. Bond, and M, A. Kissel: Trans. ASM, 1956, 
vol. 48, p. 919. 

*8 Bruce Chalmers: Crystal Boundaries, Prog. in Met. Phys., 1949, 
vol. 1, p. 148. Butterworths Scientific Publications, London. 

*|K. T. Aust and Bruce Chalmers: Energies and Structures of 
Grain Boundaries, Metal Interfaces, ASM, Cleveland, 1952, p. 159. 

3% A. S. Nowick. Stress Relaxation across Interfaces, Metal In- 
terfaces, ASM, Cleveland, 1952, p. 266. 

36C, Wert: The Metallurgical Use of Anelasticity, Modern Re- 
search Techniques in Physical Metallurgy, ASM Trans., 1953, vol. 
45A, pp. 229 and 248. 

37 W. Betteridge: Journal Institute of Metals, 1953, vol. 82, no. 4, 

L. Rotherham and S. Pearson (authors’ reply)—I 
think that Dr. Bleakney’s comments should be re- 
garded as non-controversial. Much of the earlier work 
on this subject was given theoretical explanations 
which have since appeared inadequate, but a whole 
series of experimental facts have been uncovered 
which have proved strange and difficult to interpret. I 
think our work must be mainly considered in this light. 


Magnetic Method for the Measurement of Precipitate Particle Sizes in a Cu-Co Alloy 


by J. J. Becker 


JOURNAL oF METALS, January 1957, AIME Trans., vol. 209, pp. 59-63. 


John Cahn (General Electric Company, Schenectady) 
—Dr. Becker’s elegant method for measuring precipi- 
tate particle sizes in Cu-Co alloys in this submicro- 
scopic range should stimulate a great deal of work in 
which the particle size is an important variable. I 
would, therefore, like to suggest an alternate way of 
relating the measurements to the particle size distri- 
bution. This method is not dependent on an assumed 
distribution curve, but otherwise depends on the same 
physical assumptions postulated by Dr. Becker. 

Let us consider the number of particles n(V)dV per 
unit volume which have volumes between V and 
V4tdvV. Then n(V) is related to Dr. Becker’s f(V) 
as follows: 

Vn(V) = Vof (V) [21] 


where V, is the total particle volume in a unit volume 
of specimen. The observed saturation magnetization, 
i.e., the magnetic moment per unit volume of specimen, 
is then 


f Vn(V)dV [22] 
0 


where I, is the saturation magnetization per unit vol- 
ume of pure cobalt. 
From Eq. 12 for the initial volume susceptibility we 
obtain 
: 
H>0 O40 


Similarly from Eq. 15 for the high field magnetization 


dv 
Io H V 
Hi n(V) dv [24] 
or 
Nkt 
[25] 
H 
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and 
Nkt 


= [26] 
Vols 


h 


where N is i n(V)dV, the total number of cobalt 


0 
particles per unit volume of specimen. In other words 
the high field thermal reduction in magnetization de- 
pends only on the total number of particles, not on 
their size. 

Therefore, from experimentally determined values 
of Io, x and Hy, one can obtain the total number of 
cobalt particles per unit volume of specimen, 

N= [27] 
kT 
the fraction of specimen volume occupied by the. par- 
ticles 


I, 
Woe [28] 


their average volume 


= V 
=s VW = 
N “o N 


their root mean square volume 


Vn(V)dV |” Ye 
N 


and the root mean square deviation from their aver- 
age volume 


% 


I, 

kT 


without any further assumptions about their volume 
distribution function. 


2 = | (Vv?) — ve] 


[31] 
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Nucleation of Voids in Metals During Diffusion and Creep 


by R. Resnick and L. Seigle 


JOURNAL or Merats, January 1957, AIME Trans., vol. 209, pp. 87-94. 


L.M.T. Hopkin (National Physical Laboratory, Mid- 
dlesex, England)—The authors have shown, conclusive- 
ly, in their paper that the presence of oxide particles 
promotes the formation of holes in brass during dezinc- 
ification in vacuo. However, there are other factors 
which may be important particularly in creep where, 
according to current ideas, grain boundary holes and 
cracks are formed by the precipitation of excess va- 
cancies in much the same way as holes are formed 
during dezincification of brass in vacuo. 

Of these other factors one is stress. Balluffi and 
Seigle® and, more recently, the present writer?” 
showed that during dezincification of brass in vacuo 
holes at grain boundaries occurred only in the presence 
of stress whether it be internal or due to an applied 
force. In the absence of stress, the holes were random- 
ly distributed. Under the conditions used by the 
present writer, holes and cracks occurred preferentially 
at grain boundaries only in the simultaneous presence 
of stress and an excess of vacancies produced during 
dezincification; in the absence of either of these condi- 
tions no grain boundary cracking occurred. It seems 
likely, therefore, that most grain boundary holes are 
not nucleated on oxide particles. 

It has been shown also by the present writer” that 
in the simultaneous presence of stress and an excess of 
vacancies produced by dezincification of brass in vacuo 
the addition of 0.2 pct Sb, which is in solid solution in 
brass, markedly increased the preferential formation 
of grain boundary cracks and holes. This effect of 
antimony was also observed after holding the molten 
antimonial brass at 1000°C in a graphite pot in an at- 
mosphere of oxygen-free nitrogen when any zinc oxide 
present should have been chemically reduced. Soluble 
impurities behaving in the same way as antimony may 


have been removed, together with oxide particies, by 
the zone-refining treatment used by Resnick and 
Seigle. Their observation, therefore, that zone-refined 
commercial brass contained far fewer intergranular 
cracks during creep than the as-received material may 
have been due not only to the removal of oxide parti- 
cles but also to the removal of soluble impurities. It 
may be that some soluble impurities enhance the effect 
of any grain boundary nuclei, including oxide particles, 
by lowering surface energy and promoting the precipi- 
tation of vacancies. 


1 R, W. Balluffi and L. L. Seigle: Acta Met., 1955, vol. 1, 170. 

2L. M. T. Hopkin: Journal Institute of Metals, 1957. 

217,,M. T. Hopkin. To be published. 

R. Resnick and L. Seigle (author’s reply)—The au- 
thors wish to thank Dr. Hopkin for his interesting 
discussion. With regard to his first point, it is agreed 
that both a stress and an excess of vacancies are re- 
quired to produce voids at the grain boundaries. How- 
ever, the evidence presented does not eliminate the 
need for a nucleating site. The diminished cracking in 
the creep specimens, prepared from brass purified by 
one pass through a Bridgman furnace, indicates that 
heterogeneous nucleating sites are necessary in addi- 
tion to the other conditions. 

The effect of antimony in increasing the porosity is 
most interesting. The authors did not infer that oxide 
particles were the only source of nucleating sites for 
voids in brass. The results obtained in the dezincifica- 
tion of brass, prepared from zone purified copper which 
did not possess a significant concentration of oxygen, 
suggests that other impurities can act in the same way 
as zinc oxide. It is possible that the antimony modifies 
the inclusion surface in such a manner as to make nu- 
cleation more efficient. 


On the Nature of Embrittlement Occurring while Tempering a Ni-Cr Alloy Steel 


by G. Bhat and J. E. Libsch 


JOURNAL oF METALS, January 1957, AIME Trans., vol. 209, pp. 20-22. 


D. McLean (National Physical Laboratory, Middle- 
sex, England)—A possible explanation of these inter- 
esting results seems to be that two segregating elements 
are involved: a slow diffusing element, presumably 
substitutional, that segregates in the upper tempera- 
ture region, and a fast diffusing element, presumably 
interstitial, that segregates in the low temperature 
region. Preliminary embrittlement in the low tempera- 
ture region would then have little effect on subsequent 
embrittlement in the high temperature region; this is 
the result shown in Fig. 2. On the other hand, pre- 
liminary embrittlement in the high temperature region, 
by occupying the sites to which segregating atoms go 
with slow moving atoms, would retard any new segre- 
gation on heating in the low temperature region; this 
is the result shown in Fig. 3. 

Whether this explanation is right or wrong, the 
authors’ work, and the related paper by L. D. Jaffe 
and D. C. Buffum in the same issue of Journal of 
Metals (p.8), by helping to show that the two ranges 
of embrittlement have different causes, assist in bring- 
ing to the fore the important but neglected problem 
of the interaction, in solid solution, of different elements. 


G. Bhat and J. E. Libsch (authors’ reply)—The au- 
thors wish to thank Dr. D. McLean for an intriguing 
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explanation of embrittlement in steels. Dr. McLean 
is one of the early proponents of the segregation 
mechanism. The authors are in agreement with Dr. 
McLean’s suggestion that two segregating elements 
might be involved. This question was raised during 
the oral discusion which followed the formal presen- 
tation of our paper: 

Although it is difficult, at this time, to decide on the 
elements responsible for the high temperature (above 
1100°F) and the low temperature (850-1000°F) em- 
brittlement, the authors wish to put forth a mechan- 
ism somewhat contrary to that offered by Dr. McLean. 

It is pertinent to follow the embrittlement mechan- 
ism from the austenitizing stage where presumably all 
alloying elements are in solid solution in austenite. 
It appears quite likely that the low temperature em- 
brittlement is inherited from the austenitizing treat- 
ment. The iron lattice at the grain boundaries is in a 
distorted state. Consequently, atoms nearer to the 
grain boundary could be in a state of tension or com- 
pression. The energy of the system asa whole should 
be reduced if alloy atoms (of size different from that of 
iron) during austenitizing, occupy the grain boundary 
sites. 

The austenite transformation may be considered a 
diffusionless process. When the quenched steel is 


TRANSACTIONS AIME 


tempered, the first element that starts diffusing ap- 
preciably is carbon and possibly other interstitial ele- 
ments. A fast diffusing element, therefore, is least 
likely to segregate. 

During the early stages of tempering there may be a 
concentration of certain types of atoms at the grain 
boundaries. It should be borne in mind that substitu- 
tional alloy atoms are slow to diffuse at low tempera- 
tures. This situation may cause a temporary change in 
the physical property of the grain boundary material 
which may be responsible for embrittlement at 850- 
1000°F. This embrittlement decreases with consider- 
able length of time at this temperature which might 
be due to a homogenization of the composition between 
the grain interior and the grain boundary material. On 
the other hand, when the tempering temperature is 
raised, these elements start diffusing more readily, 
thus moving away from the grain boundaries. It is 
also likely that these alloy atoms combine with carbon 


to form stable alloy carbides as explained by Hult- 
gren*. This could account for the decrement of em- 
brittlement in specimens tempered at 1000-1100°F. 

At temperatures above 1100°F, the delineation of fer- 
rite grains becomes progressively complete. During 
this stage an increasing amount of carbon and proba- 
bly other interstitial elements having low solubility in 
ferrite separate and they either segregate or more 
probably precipitate at the freshly formed ferrite 
grain boundaries. The fracture in specimens embrit- 
tled in the range 1100°F up to the lower critical tem- 
perature of the steel is intercrystalline through the 
ferrite grain boundaries. The irreversible nature of 
high temuerature embrittlement seems to be due to a 
continual growth of ferrite grains which could also 
cause an increase in embrittlement. 


SA. Hultgren: Isothermal Transformation of Austenite and Par- 
titioning of Alloying Elements in Low Alloy Steels, Kungl. Svenska 
Vetenskademiens Hanlinger, FJARDE Serien Ban 4.N:03, 1953. 


Some Properties of Certain High-Conductivity Copper-Base Alloys 


by Webster Hodge 
JOURNAL oF Mertats, April 1957, AIME Trans., vol. 209, pp. 408-412. 


L. L, France and A. W. Cochardt (Westinghouse Elec- 
tric Corp., Pittsburgh)—We would like to congratulate 
the author on a very interesting paper and would like 
to ask the following questions: 

1) What causes the unusual decrease (Fig. 2) in hard- 
ness upon aging the zirconium alloy that had previous- 
ly been solution annealed below 1500°F (815°C)? For 
example, upon aging at 800°F (425°C) the hardness 
decreases from about 69 to 65 Rs after a previous solu- 
tion anneal at 1300°F (705°C). 

2) Why is the reverse effect observed on other sam- 
ples (Table II)? For example, upon aging at 800°F 
(425°C) the hardness increases from 56 Rr (sample 1) 
to 58 Rr (sample 4) after a previous solution anneal 
at 1300°F (705°C). 

3) Why would the addition of the first 0.12 pet Zr 
have little effect on the softening temperature of cop- 
per? Usually, the first amount of solute has the 
largest effect on the softening temperature of the sol- 
vent metal. Could it be that the 0.12 pct Zr does not go 
in solution, but combines with oxygen to form zircon- 
ium oxide, and could the dark phase in the micro- 
structure in Fig. 3 be zirconium oxide? 

4) Is it possible to expect zirconium in solid solution 
to cause such a small decrease in conductivity? Might 
this minor change be due to most of the zirconium be- 
ing present as zirconium oxide acting as a dispersion 
hardener similar as the aluminum oxide in SAP-type 
alloys? 

Webster Hodge (author’s reply)—We wish to thank 
Messrs. France and Cochardt for the interest they have 
shown in this paper. With reference to the numbered 
questions that they have presented, we believe the fol- 
lowing to be true explanations: 

1. The decrease in hardness shown by aging a 0.25 
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Fig. 8—Hardness of Cu-Zr alloys, solution annealed at 
1740°F and aged at 840°F. 
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pet zirconium alloy at 800°F after solution annealing 
at 1300°F is probably caused by a deficiency of zirco- 
nium in solution after a solution anneal at 1300°F. It 
will be noted in Fig. 2 that the resistance to softening 
increased in a linear manner over a limited range as 
the solution annealing temperature was increased to 
1500°F. We assume that at each higher solution tem- 
perature more zirconium went into solution in the al- 
loy. At the lower temperatures not enough zirconium 
was in solution to resist softening when the alloy was 
reheated to 800°F. Normal aging curves for annealed 
0.22 pet and 1 pct Zr-Cu alloys are shown in Fig. 8 All 
of these alloys had an excess of zirconium available 
since we believe the maximum solid solubility of zir- 
conium in copper is 0.15 pet. It is of interest to note 
that the 0.22 pct Zr alloy was melted in a graphite 
crucible under a carbon monoxide atmosphere and cast 
in that atmosphere. The 1 pct alloy was arc melted 
in a water-cooled copper crucible with a tungsten- 
tipped electrode under an argon-helium atmosphere. 
Nevertheless, results of the aging tests on the two al- 
loys are practically identical. 

2. The reverse effect mentioned in Question 2 and 
noted in Table 2, Sample 4 is readily understood. Where- 
as the specimens shown in Figure 2 have been cold 
rolled 60 pct before aging, Specimen 4 in Table 2 had 
been solution annealed and not cold rolled. The only 
effect possible on this latter alloy was age hardening 
since it was completely soft to start with. It will be 
noted that Specimen 3 in Table 2 had been cold worked 
and also had softened. 

3. “Why would the addition of the first 0.12 pct Zr 
have little effect on the softening temperature of cop- 
per?” is a good question. We have to admit an error 
on our original observations. We have done a great 
deal of work more recently on alloys of much lower 
zirconium content and found that with as little as 0.02 
pet of Zr appreciable hardening is obtained. Since the 
alloys with less than 0.15 pct Zr are single phase, and 
the aging effects are completely erased by reannealing, 
we can only conclude that the effects reported are not 
caused by zirconium oxide but are caused solely by 
zirconium in solution. It should be noted that the work 
with low-zirconium alloys has shown that these alloys 
too can be softened by annealing and rehardened by 
aging in the same manner as the higher zirconium 
alloys. 

4. “Is it possible to expect zirconium in solid solution 
to cause a small decrease in conductivity?”. We can 
only answer yes. The zirconium in our alloys is not 
acting essentially as zirconium oxide in dispersion. 
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Strain Induced Transformation in Beta Brass 


by T. B. Massalski and C. S. Barrett 
JouRNAL or Metats, April 1957, AIME Trans., vol. 209, pp. 455-461. 


G. Wasserman (Institut fur Metallkunde, Clausthal- 
Zellerfeld, Germany )—Having recently been concerned 
with the martensitic transformation in f-brass, we 
have read the paper by Massalski and Barrett with 
special interest. In our own experiments on cooled 
single crystals of 8-brass with 60 pct Cu, it was found 
that transformation begins after a deformation whose 
magnitude depends upon the orientation. The final 
state of the transformation is a martensite single crys- 
tal with a body-centered-tetragonal structure (a). 
This structure can also be described with the help of a 
face-centered-tetragonal cell. In the interface between 
the s-crystal and the martensite crystal there is an- 
other phase, which we have called a, whose structure 
however has not yet been determined. 


A greater degree of deformation can be achieved 
during drawing of multi-crystalline material than dur- 
ing elongation of single crystals. At degrees of deform- 
ation of about 70 pct the a-phase begins to transform 
itself to face-centered-cubic a-brass. This transition 
may be considered the result of the disappearance of 
the overstructure produced by the deformation. 


Full details of our experimental results are given in 
Zeitschrift fur Metallkunde, No. 6, June 1957. 


A. R. Bailey (Imperial College of Science & Technol- 
ogy, London)—The most significant aspect of this in- 
teresting work is that some kind of transformation is 
induced by strain in alloys generally considered as 
coming in the single-phase p’ region at room tempera- 
ture. However, as the transformation apparently is 
only temporary it cannot be accepted yet that pure p’ 
alloys of this type are unstable, especially in view of 
the authors’ suggestion on p. 459 that the effect arises 
as part of the deformation process in an ordered struc- 
ture. 


It appears to the writer that critical determinations 
would be to ascertain whether: 1) Similar transforma- 
tion occurs in very slowly cooled alloys which become 
pure 8’ at room temperature or in the #p’ of slowly- 
cooled a-s’ alloys; 2) the tendency to transform persists 
after the first transformation product has disappeared. 

The formation of transformation product, either by 
cooling or strain induction is not surprising in any of 
the authors’ other alloys, because in these precipitation 
has been suppressed by quenching so that a metastable 
condition is obtained. The fact that pure §-brass age- 
softens after quenching also indicates some degree of 
instability, and it is possible that this is connected 
with the transformation observed. 

With regard to metallographic detection of the trans- 
formation product, would the authors specify the 


strength of the dichromate used for etching, and state 
whether other common etching solutions have been 
found to reveal the new constituent. 

T. B. Massalski and C. S. Barrett (author’s reply)— 

No additional experiments are needed to answer the 
question as to whether the p’ phase in a slowly cooled 
a+ p’ alloy could be induced to transform by cold 
work. This phase would have a composition in the 
range between our alloys number 4 and 6; consequent- 
ly the behavior should be like that of our quenched 
alloys 4, 5, and 6, each of which underwent a strain 
induced transformation when cold worked. It should 
be remembered that a high degree of order is reached 
in the gp’ phase even during quenching, and slow cool- 
ing would merely be expected to remove some of the 
boundaries between quite well ordered domains. This 
removal presumably would have an influence on the 
progress of the transformation, since it does seem to 
account for the softening that is observed; that is, dis- 
locations would move more freely both in plastic flow 
and perhaps also in martensite formation if domain 
boundaries were fewer. Since there is no evidence that 
any transformation product forms in the composition 
range above 37 wt pct on quenching to room tempera- 
ture, there is no basis for attributing age-softening of 
quenched alloys in this range to the formation or re- 
version of a transformation product. 

Further information on the etching characteristics of 
the martensitic product is as follows. Best results were 
obtained with a 2 pct solution of potassium dichro- 
mate. We did not make tests of many other reagents, 
but we did have success in revealing the phase with at 
least two others. One was the common ammonium 
hydroxide-hydrogen peroxide etchant, and the other 
consisted of 20g CrOs, 25g HNOs, 25g H2SO,, 3.7g NH:Cl, 
1900 ml H:O. Improved results were obtained by elec- 
tropolishing first, using approximately 6 volts and a 
bath consisting of 250 cu cm H;POQ,, 125 cu cm H.O, 95 
cu cm carbitol, 5 cu cm HF. 

In reply to Dr. Wassermann’s discussion, we regret 
that his paper has not yet been received here. Since 
his experiments are on single crystals rather than poly- 
crystalline samples and filings, it is possible that single 
crystals exhibit some different structural character- 
istics than polycrystalline samples; or it may be that 
the diffraction data, which is none too extensive, can 
be interpreted in more than one way. Our interpreta- 
tion is based on diffraction patterns of the type we have 
reproduced, including patterns in which, by suitable 
choice of alloy content, we have suppressed the pattern 
of the body-centered cubic phase that normally accom- 
panies the new phase in the binary alloys. 


Strength of Silver Brazed Joints in Mild Steel 


by M. G. Moffatt and J. Wulff 
JOURNAL oF MerTats, April 1957, AIME Trans., vol. 209, pp. 442-445. 


K. M. Weigert (Curtiss-Wright Corp., Quehanna, Pa.) 
—The authors contributed experimental data to the in- 
teresting problem of brazed joint tensile strength as a 
function of joint thickness and diameter. 

All data with clearance below .005 in. and more than 
0.2 in. diam confirmed what had been found previously: 
The tensile values converge towards a constant value, 
independent of the diameter, somewhat below the UTS 
of the parent metal for extremely small clearances. 


Table II]. Tabulation of Constants 


t .005 -04 
c 24 12 6 4 75 
Tu 55,000 52,000 50,000 46,000 35,000 
Du = -002 -013 -30 
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In Fig. 5 a separation of the old and new data is 
shown by replotting the authors Table I, also separat- 
ing the influence of clearance and diameter variations 
by plotting the tensile strength as a function of the 
diameter D for various clearances t. For the new data 
of clearances at 0.01, 0.02 and 0.04 in. and for diameters 
between 0.1 and 0.5 in. an analytical expression was 
found to satisfy the experimental data and to allow an 
extrapolation to higher clearances and lower diameters 
as follows: 


where: 


Tv = Ultimate tensile strength (UTS) in psi. 
Tu = Upper joint strength (extrapolated from the 
experimental data) 
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Fig. 5—Strength of silver brazed joints in mild steel. 


Ti = 21,000 (UTS of silver) 
t = joint clearance, in. 
c = joint clearance parameter c = c(t) 
D = Diameter of specimen 

D, = Diameter of lowest joint strength 


The curve for t = 0.1 was calculated, for lack of ex- 
periments, from extrapolated data. 

Fig. 6 shows the increase of strength with decreasing 
joint thickness as found by N. Bredzs and J. Wulff. 
For a diameter of 0.5 in. Bredzs finds a higher brazing 
strength value at small clearances, corresponding to a 
higher ultimate tensile strength of his 1020 steel. For 
larger joint clearances the data between the two au- 
thors differ as Wulff finds higher values. 

A possible explanation for the discrepancies of data 
was offered by Mr. N. Bredzs in a private communica- 
tion. He used short times in direction heating whereas 
the authors applied a furnace brazing method. 

No mention is made of a recent paper of Bredzs and 
Schwartzbart,° where extremely thin and also extreme- 
ly thick joints were investigated. 


5 N. Bredzs and H. Schwartzbart: Triaxial Tension Testing and the 
Brittle Fracture Strength of Metals, The Welding Journal, Research 
Supplement, December 1956, pp. 610s-615s. 


T. H. Crane (Kinetics Corp., Hingham, Mass.)—Any 
technical paper that supplies solid design data to the 
industrial metallurgist is to be received with gratitude 
by all interested parties. The discussion of brazing by 
Moffatt and Wulff is one of those papers that supplies 
data on a field of assembly that appears to be under- 
going a rebirth and it is very timely. 

There are several points that are not quite clear that 
bear directly on the formation of the joint in the 
brazing process. The first and most obvious point is 
the reasoning behind the very high temperature used. 
Pure silver has a listed melting point of 960.8°C (38th 
Edition, Handbook of Chemistry and Physics). The 
heating rate used by Moffatt and Wulff calculates, on a 
straight line basis, to 2.18°C per min. From this data 
it appears that the silver was liquid for about 35 min. 
This allows ample time for the undesirable side effects 
of diffusion to enter into the problem. It is hard to esti- 
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Fig. 6—Tensile strength of brazed joints. Specimen numbers 
from Table |. 


mate the rate at which flow into small joint clearances 
takes place, but 35 min does appear to be a very long 
period above the liquidus. The rule of thumb used by 
commercial furnace brazing firms is to keep the cycle 
as short as possible. It is usual to make several test 
runs at shorter and shorter cycle times until there is 
only enough time to allow full wetting of the joint area 
to take place. 

The second question is brought up by the writers 
position as metallurgist for a vacuum brazing contrac- 
tor. The data in Table I of the original paper indicates 
that four samples broke during the machining opera- 
tion. All of these samples were within a braze joint 
thickness to indicate a tensile strength in excess of 
38,000 lb per sq in. This would, in itself, indicate 
some tendency towards brittleness of the joints. An 
additional six samples were flawed in the joint area. 
The exact form of these flaws is not indicated but from 
the statement that is made in the Discussion and Con- 
clusions of the original paper ‘With steel or base 
material of low ductility * * * * and freedom from gas 
pockets are achieved * * * * to approach the ultimate 
strength of the base material’; it would appear that the 
flaws were of the gas pocket type. The only answer to 
the problem of gas pockets is to obtain pressures of ly 
or less during the time that the braze material is liquid. 

The best brazing of this base alloy, 1020 steel, could 
be done in the following manner, based on the paper 
of Moffatt and Wulff and the experience of the writer 
of this discussion. The joint thickness should be in the 
vicinity of 0.001 in. or as low as 0.0005 in. if possible. 
The brazing cycle would be heat to 900°C in a purified 
hydrogen atmosphere and then evacuate to lu or lower 
pressure. After the pressure is lowered the heat input 
would continue to a temperature of 1050°C. A short hold 
period of 5 min or less at this temperature followed by 
cooling at the natural rate of the vacuum furnace to a 
temperature well below the solidus, say 900°C before 
force cooling by helium. 

The writer wishes to offer the use of the vacuum fur- 
nace brazing equipment of his corporation to Drs. 
Moffatt and Wulff so that they might perform any com- 
parison tests along the lines indicated in this discussion 
that they might desire. 
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Studies on Diffusion in Molten Metals 


by K. Niwa, M. Shimoji, S. Kado, Y. Watanabe, and T. Yokokawa 


JOURNAL or METALS, January 1957, AIME Trans., vol. 209, pp. 96-101. 


R. E. Grace (Purdue University, Lafayette, Ind.)— 
Professors Niwa and Shimoji and Messrs. Kado, Wat- 
anabe and Yokokawa have done an excellent job in 
showing that variety of experimental techniques can 
be used with success in measuring diffusivities in liquid 
metal systems. It is surprising to see how smooth the 
concentration-penetration profiles are as listed in Table 
I and Fig. 4. I would like to know whether these 
measuring techniques yielded diffusion data with every 
run, or whether a large fraction of the experiments 
had to be discarded. Also, did the authors correct for 
or estimate the volume changes attendant in their 
methods due to contraction of their samples during 
solidification? Such contractions result in uncertain- 
ties of X in the solutions of the diffusion equations. 

Finally, it is surprising to see their results on Pb-Bi 
alloys show that the chemical diffusivity of Bi only 
changes from 6 x 10° sq cm per sec at Nzi = 0.1 to 9x 
10~ sq cm per sec at Nyi = 0.8. In further experiments 
performed by the discusser,” incremental studies in 
the ranges 53 to 58 pct Bi and 56 to 60 pct Bi were 
made. In the case of the runs made near Nz: — 0.5 at 
427°C the diffusion coefficient of bismuth was 10° sq 
em per sec, about 5 times faster than was previously 
reported.” Since the concentration interval was min- 
imized in these experiments, the D value reported 
herein should be closer to the true chemical diffusivity 
of Bi near the Pb-Bi eutectic. 

The capillary reservoir technique was used in all of 
the above experiments. While there is some ambiguity 
about volume changes during diffusion arising from 
density changes within the capillary (a constant vol- 
ume system) it should be emphasized that the capillary 
reservoir technique minimizes convection and is very 
simple to use. 


20R, E. Grace and G. Derge: Diffusion in Liquid Pb-Bi Alloys, 
AIME Trans., 1955, vol. 203, p. 839. 

K. Niwa, M. Shimoji, S. Kade, Y. Watanabe, and T. 
Yokokawa (authors’ reply)—1) In the diffusion, the 
concentration penetration profile shows an error in- 
tegral curve. For Example 


c = [1 —erf (x/2\/Dt)] [2] 
is employed for the data in Table I. Thus putting 
= x/2\/Dt, 


c/c. corresponds to é through Eq. (2). Then, the graph- 
ical representation of x as a function of € should be a 
straight line. Let the observed data in each € be plot- 
ted against the corresponding x. If the data satisfies 
the error integral curve, a straight line will be ob- 
tained. When some points scatter, the most reasonable 
curve is to be used. The smoothing curve corresponds 
to the straight line. 

2) As mentioned in the paper, the data always give 
the negative results, when pure metal is filled in the 
upper part of the tube in the second method. Except 
doubtful results which show no concentration gradient, 
most data have been used. 

3) We have not any correction for volume change 
due to solidification. Qualitatively this correction may 
give the errors at most of 20 to 30 pct to the results. 
These errors are the same order as in the accuracy of 
the authors’s experimental technique. 

4) Professor Grace’s careful examination of Pb-Bi 
is very interesting, since the diffusion coefficient is 
10° sq em per sec near N,, = 0.5 at 427°C. It will be 
necessary to investigate this abnormal result from ex- 
perimental and theoretical viewpoints. 


The Martensite Transformation in the lron-Nickel System 


by Larry Kaufman and Morris Cohen 


JOURNAL OF MetTats, October 1956, AIME Trans., vol. 206, pp. 1393-1401. 


A. G. Haynes (Mond Nickel Company, Birmingham, 
England)—In recent years, martensite formation 
ranges have been determined for a variety of nickel- 
containing steels, and it is interesting to compare the 
data accumulated with those presented in this most 
interesting paper by Kaufman and Cohen. 

In Table VI are listed the M, temperatures of a 
series of steels containing 28 — 31 pct Ni.” These values 
are considerably lower than those obtained by Kauf- 
man and Cohen. It is gratifying to note, however, 
that excellent agreement is obtained if correction is 
made for the effects of carbon and manganese. The 
corrections were made in accordance with the factors 
given in the following empirical formula proposed re- 
cently™ for the calculation of M, temperatures of low 
alloy steels — 


M.(°C) = 561 —474C— 33Mn—17Ni—17Cr—21Mo [42] 


This formula was based on data accumulated for a 
wide variety of steels containing 0 to 5 pct Ni and 
therefore was certainly not intended to be used for 
steels of very high nickel content. On the other hand, 
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it is surprising that the M, temperatures calculated 
using this equation are not in good accord with the 
values indicated by .Kaufman and Cohen for steels of 
low nickel content. 

The data presented in Table VII have been collected 
together from the literature*™ in an attempt to ex- 
plain the discrepancies. Again the experimentally deter- 
mined M, temperatures have been corrected for the 
effects of elements other than nickel, using the equa- 
tion indicated above. The values listed for the upper 
limits of bainite formation (B; or A”) were similarly 
corrected, using the equation given below — 


B,(°C) = 830— 270C — 90Mn— 37Ni—70Cr—83Mo [43] 


These corrected values have been plotted against 
nickel content in Fig. 12. In this diagram the experi- 
mental results of Kaufman and Cohen are represented 
by a full line. The corrected M, temperatures taken 
from the literature are shown by crosses, and the cor- 
rected B, temperatures by circles. The disposition of 
the various experimental points suggests that the M, 
temperatures of the iron-nickel alloys of lower nickel 
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contents were not observed under the experimental 
conditions adopted by Kaufman and Cohen, due to the 
onset of transformation to bainite. 

It it be assumed that the M, temperatures of iron- 
nickel alloys containing up to 25 pct Ni vary in accord- 
ance with Eq. 42, then reference to Fig. 10 of the paper 
suggests that the constant free energy difference of 
approximately 270 cal per mole is required for marten- 
site formation in alloys having nickel contents within 
this range. This constant value is in good accord with 
that obtained from the study of iron-carbon alloys.” 


°6C,. A. Clark: unpublished work, The Mond Nickel Co. Ltd., 
Birmingham, England. 

27 WwW. Steven and A. G. Haynes: The Temperature of Formation 
of Martensite and Bainite in Low-Alloy Steels, Journal of the Iron 
and Steel Institute, vol. 183, 1956, pp. 349-359. 

°8G. R. Brophy and A. J. Miller: The Metallography and Heat- 
Treatment of 8 and 10 Pct Nickel Steel, ASM Trans., 1949, vol. 41, 
pp. 1185-1201. 

*» Transformation Characteristics of Nickel Steels: The Mond 
Nickel Co. Ltd., London, 1952. 

20d. P. Sheehan, C. A. Julien, and A. R. Troiano: The Transfor- 
mation Characteristics of Ten Selected Nickel Steels, ASM Trans., 
1949, vol. 41, pp. 1165-1181. 

81 Atlas of Isothermal Transformation Diagrams, United States 
Steel, 1951. 

82M. Cohen, E. S. Machlin, and V. G. Paranjpe: Thermodynamics 
of the Martensite Transformation, Thermodynamics in Physical 
Metallurgy, ASM, 1950. 


L. Kaufman and M. Cohen (authors’ reply)—Dr. 
Haynes has offered an ingenious explanation for the 
effect of nickel on the driving force at the start of the 
cooling transformation. This driving force increases 
rapidly with nickel concentration up to about 25 atom 
pet Ni, and then tends to level off (Fig. 11). If the 
product formed in the low-nickel range were bainite 
instead of martensite, the above dependence on nickel 
could be rationalized. 

However, there is a serious question as to whether 
the transformation product in the low-nickel alloys is 
bainite instead of martensite. Although the bainitic 
reaction may be displacive in nature, a diffusion proc- 
ess must be involved; otherwise the bainitic and mar- 
tensitic transformations would be _ indistinguishable 
from each other. In steels, carbon is the controlling 
element in this diffusion process. For the iron-nickel 
alloys, one cannot expect nickel to play the role of 
carbon in view of the extremely low diffusion rate 
characteristic of substitutional elements in the tem- 
perature range under consideration. 

Unfortunately, a real test of the insuppressibility of 
the transformation in the low-nickel alloys has not 
been made, although this reaction is known to be in- 
sensitive to the rate of cooling. On the other hand, 
such information is available for the analogous iron- 
manganese alloys which are very similar in thermody- 
namic and transformation characteristics. Troiano and 
Maguire® have shown that the M, temperature for a 
wide range of iron-manganese alloys is insensitive to 
cooling rates between 1°C per sec and 6000°C per 
sec. These M, temperatures were checked by Jones 
and Pumphrey™ using a cooling rate of 2°C per min. 
Consequently, there can be little doubt about the mar- 


Table VI. Comparison of Ms Temperatures of Nickel-Containing 
Steels and Iron-Nickel Alloys 


Ms, Values 
Chemical Experimentally Derived from 
Composition, Determined the Experi- 
Pet Experimentally Ms, Corrected mental Results 
Determined for Effects of C of Kaufman 
Ni Cc Mn Ms, °C and Mn, °C and Cohen 
28.3 0.20 0.43 —74 +35 +38 
28.7 0.16 0.58 —719 +16 +28 
28.9 0.13 0.53 —81 —2 +22 
29.4 0.14 0.49 —82 0 +10 
29.7 0.17 0.56 —116 —17 2 
29.9 0.10 0.48 —69 —6 —2 
29.9 0.15 0.41 —85 —1 —2 
30.0 0.13 0.53 —100 —21 —4 
30.6 0.18 0.52 —124 —22 —22 
30.7 0.16 0.47 —129 —38 —25 


1000 - 


@—@ ExreRiMENTAL RESULTS OF KAUFMAN & C HEN 
TABLE (1 & 2) 

© Bs or Ar’ TEMPERATURES (TABLE 2.) 
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Fig. 12—The effect of nickel on M, and B, temperatures. 


tensitic nature of the cooling reaction in this system. 
Yet, when Dr. Haynes’ equations for M, and B, are 
used, the experimental values of M, lie closer to the 
calculated values of B, than they do to the calculated 
values of Ms, at least for manganese contents up to 
about 5 wt pct, and this is what Dr. Haynes finds for 
the iron-nickel system. However, the reaction is in- 
suppressible over the entire range of manganese con- 
tents, which raises considerable doubt as to the validi- 
ty of the bainite hypothesis. 

Moreover, in the iron-manganese alloys, Dr. Haynes’ 
equations indicate that above approximately 5 wt pct 
manganese, the calculated B, falls below the calculated 
M,. It is hard to imagine the physical meaning of this 
situation; most likely the equations are not applicable 
over the entire range of compositions. 

Even though it is doubtful that a bainitic transforma- 
tion is at play in the iron-nickel alloys under study 
here, it might be worthwhile to try variations in cool- 
ing rate in an effort to determine whether some other 
type of reaction may be involved in the low-nickel 
alloys. 


33 A. R. Troiano and F. T. Maguire: A Study of the Iron-Rich 
Iron-Manganese Alloys, ASM Trans., 1943, vol. 31, p. 340. 

34 F. W. Jones and W. I. Pumphrey: Free Energy and Metastable 
States in the Iron-Nickel and Iron-Manganese Systems, Journal Iron 
and Steel Institute, 1949, vol. 163, p. 121. 


Table VII. Calculated and Experimentally Determined Ms and B; 
or A,” Temperatures of Nickel Steels 


Experi- 
Chemical Experi- mentally 
Composition, mentally Deter- 
Wt Pct Caleu- Deter- Caleu- mined* 
lated mined* lated Bs or Refer- 


Ni Cc Mn Ms,°C Ms, °C Bs, °C Ar”, °C ence 


3.04 0.11 0.48 — — 718 740 28 
3.45 0.40 0.62 502 497 702 730 29 
4.23 0.35 0.44 489 498 673 665 29 
4.92 0.12 0.48 — = 648 668 28 
7.01 0.08 0.50 442 420 570 576 28 
7.42 0.10 0.48 — == 555 592 28 
7.61 0.29 0.15 431 438 = _— 30 
7.93 0.09 0.35 = — 536 548 28 
8.5 0.09 0.49 417 402 — = 28 
8.94 0.08 0.49 409 414 500 e570 31 
11.0 0.10 0.50 374 367 == _— 28 
15.0 0.10 0.50 306 302 = —_ 28 


* Corrected for solute elements other than nickel, in accordance 
with factors given in Eq. 42 and 43. 
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Upper Nose Temper Embrittlement of a Ni-Cr Steel 


by L. D. Jaffee and D. C. Buffum 


JouRNAL oF METALS, January 1957, AIME Trans., vol. 209, pp. 8-16. 


A. E. Powers (General Electric Company, Schenec- 
tady)—It is noticed that the authors have applied cor- 
rections to the transition temperatures of specimens 
possessing hardness values other than 24 R.. The basis 
for these corrections is obtained from previous work” 
in which transition temperatures were found to de- 
crease with decreasing hardness upon tempering mar- 
tensitic structures to a hardness values of not less than 
24 R.. For softer structures than 24 R., the transition 
temperatures were found to progress upward in the 
reverse manner. It is difficult to understand why the 
same correction factors that are applied to structures 
harder than 24 R. should be applied to structures softer 
than the 24 R.. If the authors are to be consistant in 
applying correction factors for varying hardness values 
then their correction factors should vary from one 
hardness range to another. This will, of course, elimi- 
nate the appearance of upper-nose, embrittlement in 
their isothermal embrittlement diagrams and it would 
not appear to be a realistic manner in handling the 
phenomenon. I believe that it would be best to accept 
the fact that steels possess inherent transition-temper- 
ature values that are dependent on the state of temper- 
ing and to avoid applying dubious correction factors 
to specimens not tempered to a uniform hardness 
value. 


The authors claimed a retrogression phenomenon on 
the basis of one experiment in which heating to 500°C 
for 100 min after aging for 48 hr at 475°C has lowered 
the transition temperature by 15°C. It would be inter- 
esting to see if this result can be duplicated. 

Reversibility in upper-nose embrittlement has been 
suggested on the basis of one instance in which the 
transition temperature was reduced 15°C by heating 
one hour at 675°C after aging 48 hr at 650°C. The 
authors were not able to duplicate this behavior in a 
repeat experiment. Perhaps the issue of retrogression 
or the lack of it should not be pressed further until 
more positive data has been accumulated. 


The concept of an equilibrium of embrittlement at 
temperatures between 500 and 560°C has been doubted 
by the authors on the basis that they have observed 
a reduction in transition temperature upon aging be- 
yond 10 hr at 550°C. The claim is made that this be- 
havior indicated overaging in an age-hardening system, 
with the result that the solid-solution segregation theo- 
ry is ruled out. Their conclusions are based on one 
point (10 hr at 550°F) that is about 5°C higher in 
transition temperature than it should be if the iso- 
embrittlement curve were horizontal. This point is 
located on the steep portion of the transition- tempera- 
ture-vs-aging temperature curve where a 5°C error 
in specimen aging temperature can lead to a 5°C al- 
teration in equilibrium transition temperature. It is 
suggested that this equilibrium portion of the diagram 
be investigated more thoroughly to determine whether 
the iso-embrittlement lines are horizontal or not. 


The claim that no ferrite grain growth was observed 
during tempering seems to be contrary to the findings 
of Fisher and Boyce” and to Hyam and J. Nutting.” 
Fisher and Boyce found that increasing the tempering 
time from 1 hr to 18 hr at 1250°F, increased the ferrite 
grain size of AISI 1060 steel from ASTM No. 15 to No. 
13.5. The data of Hyam and Nutting show the same tem- 
pering treatments on a 0.7 pct C steel to increase ferrite 
grain size from about ASTM No. 18 to about No. 16. In 
both of these investigations the electron microscope was 
found necessary to observe the ferrite grain size. One 
may question whether optical microscopic observations 
at 800 diameters is sufficient to observe ferrite grains, 
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which for a grain size of No. 15 have a mean diameter 
of about 2u. 

Several proposals have been made to relate, quanti- 
tatively, grain size to fracture stress, with accompany- 
ing implications for relating grain size with fracture 
transition temperatures,” but the most promising the- 
ory is that of J. J. Gilman® who, in working with crack 
propagation during crystalline cleavage rather than 
with crack nucleation, has shown that in addition to 


2Eo 
the static Griffith criterion, cy ,aminimum 


crack velocity is required for the maintenance of brit- 
tle fracture through a crystal. The crack velocity will 
build up as the crack is progressing catastrophically 
through the crystal and will progress across the grain 
boundary to the next grain only if energy losses at the 
grain boundary do not lower the velocity below the 
critical velocity. The larger the grain size, the more 
the crack velocity can build up before the grain bound- 
ary is encountered, and the more likely will brittle 
fracture proceed entirely through the crystalline 
aggregate. 


30D. C. Buffum and L. D. Jaffe: Effect of Hardness on Temper 

See Trans pee 1951, vol. 191, p. 540. 

1R. M. Fisher and J. . Boyce: Discussion to paper by Baeyertz, 
Gries and Bumps, Eitect of Ferrite Grain Structure upon Impact 
Properties of 0.80 Pct Carbon Spherodite, Trans AIME, 1951, vol. 
191, p. 1064-1065. 

32 B, D. Hyam and J. Nutting: The Tempering of Plain Carbon 
Steel, Journal of the Iron and Steel Institute, Oct. 1956, vol. 184, 
The Cleavage Strength of Journal of 
the Iron and Steel Institute, May, 1953, vol. 174, 25-28 

34 J. R. Low: The Relation of Microstructure Brittle Fracture, 
ASM Symposium, Relation of Properties to Microstructure, 1953, p. 
Deyo Gilman: Propagation of Cleavage Cracks in Crystals, Jour- 
nal of Applied Physics, Nov. 1956, vol. 27, p. 1262-1269. 

L. D. Jaffe and D. C. Buffum (authors’ reply)—As 
was pointed out in the reference cited by Dr. Powers,” 
the increase in transition temperature observed in a 
structure softer than 24 R. was due to upper-nose em- 
brittlement developing during the 4-hr temper at 
675°C. This is proved in the present paper (Table III). 
Accordingly, there is no evidence that the curve of 
transition temperature vs hardness for unembrittled 
structures is not linear, and corrections were therefore 
made on the assumption of linearity (on a Brinell 
scale). We are inclined to agree with Dr. Powers that 
where upper-nose embrittlement alone is being studied, 
corrections for hardness are not needed, but when in- 
terrelations of upper- and lower-nose embrittlement 
are of concern, we feel that they are needed. Otherwise, 
for example, it may:be erroneously concluded that 
upper-nose treatments reduce subsequent lower-nose 
embrittlement, whereas they in truth may only be 
reducing the hardness. In any case, uncorrected as 
well as corrected transition temperature data are given 
throughout this paper; Dr. Powers and other readers 
have available whichever they prefer. 

We agree that the evidence of lower-nose retro- 
gression and of upper-nose reversibility is merely sug- 
gestive and not conclusive; this was mentioned in the 
paper. We, too, would like to see further work on 
these questions. 

We agree, also, that our own evidence of overaging 
in the lower-nose region, at 550°C, is not in itself con- 
clusive. It is, however, confirmed by the data of Vidal” 
and of Bhat and Libsch’. 

Dr. Powers is correct in stating that there are better 
methods of measuring ferrite grain size than the one 
we used. It may be that ferrite grain growth occurred 
even though we did not observe any. 
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Electrolytic Preparation of Thorium Metal 


_ Thorium chloride dissolved in molten sodium chloride can be electrolyzed in a con- 
tinuous process for the production of granular, high purity thorium metal powder. The 
preparation of anhydrous chloride, its electrolysis in an expanded scale cell, and the 
purity and some mechanical properties of the product thorium are described. 


by B. C. Raynes, J. C. Bleiweiss, M. E. Sibert, and M. A. Steinberg 


| es the early part of 1952, under the auspices of 
the U. S. Atomic Energy Commission, Horizons 
Inc. undertook an investigation dealing with the 
preparation of high purity thorium metal in order 
to develop an economically competitive production 
process for this metal based on a recovery of the 
metal by a fused salt electrolysis, since a survey of 
the literature of thorium chemistry indicated that 
electrolytic methods had not received much attention, 
despite the consideration that electrochemical pro- 
duction methods often offer attractive commercial 
potentialities. 

Thorium metal has been prepared by methods 
which fall into four general categories: 1) reduc- 
tion of halides or double halides; 2) reduction of 
the oxide; 3) thermal decomposition of halides; and 
4) electrolytic methods. 

Some of the important results obtained by various 
investigators since about 1900 in recorded attempts 
to prepare pure thorium metal are summarized in 
Table I. A bibliography of pertinent literature is 
included in this paper. 

Thorium is strongly electropositive and posses- 
ses a great affinity for oxygen and nitrogen. As a 
result the prospects for the production of high puri- 
ty thorium from aqueous media or oxygen bearing 
compounds are remote. The most promising and 
profitable area of investigation for production of 
thorium metal lies in fused salt electrolysis. 
Thorium has been produced previously by this 
technique from halide salts in fused alkali chloride 
eutectic mixtures. Until recently, however, the lack 
of known large uses for thorium has inhibited the 
investigation of these methods. 

The basic problem in an investigation into fused 
salt production methods for thorium is to develop 
a suitable fused salt system for the economic prep- 
aration of thorium. The first portion of the work 
in these laboratories was a small scale investigation 
of the electrolysis of potassium thorium fluoride, 
KThF,, under a variety of conditions. High purity 
thorium was prepared in this manner, but the proc- 
ess did not appear to offer the simplest and most 
attractive continuous commercial operation. 


B. C. RAYNES is Head, Chemical Engineering Dept., Horizons 
Inc. J. ‘C. BLEIWEISS, formerly with Horizons Inc., is now with 
Dow Chemcial Co., Midland, Mich. M. E. SIBERT and M. A. 
STEINBERG are Section Head, Physical Chemistry Research, and 
Head, Metallurgy Dept., respectively, Horizons Inc., Cleyeland. 

TP 4576D. Manuscript, Apr. 5, 1956. New York Meeting, 
February 1956. 
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The work reported here relates to an all-chloride 
system employing thorium chloride as the cell feed. 
ThCl, was produced as an anhydrous material sta- 
bilized in molten sodium chloride. This product, 
further diluted in NaCl, was subjected to electroly- 
sis. The electrolytic process has been studied in cells 
capable of holding up to 50 lb total salt charge. Duc- 
tile, pure thorium metal has been reproducibly ob- 
tained in this operation. Considerable experimenta- 
tion was carried out in the preparation of ThCl, as a 
cell feed free from moisture, oxides, and other im- 
purities. 

Thorium was cathodically deposited as a coarsely 
crystalline powder interspersed with residual bath 
salts. Aqueous procedures for separating and re- 
covering the metal were developed. 

The thorium metal powder obtained has been 
evaluated with respect to its hardness, chemical 
purity, and certain other physical properties. 

Preparation of ThCl—Thorium chloride, and 
the chlorides of some other metals (aluminum, 
beryllium, tantalum, zirconium, etc.) cannot be 
obtained from aqueous solution by direct heating 
and evaporation. Evaporation and heating of a 
solution of thorium chloride yields a hydrated salt 
or partially hydrated salt, and finally ThO,. Anhy- 
drous thorium chloride is obtained by forming a hy- 
drated ammonium chloride complex salt in acidified 
water solution, dehydrating this compound, and 
finally decomposing the double salt and subliming 
the ammonium chloride component. 

Various methods for the preparation of anhydrous 
thorium chloride, in accordance with this concept, 
were investigated as indicated in Table II from hy- 
drated thorium chloride (ThCl,- 3H,O), and from 
thorium oxycarbonate (ThOCO;). In the method 
found most satisfactory for this work, thorium oxy- 
carbonate was dissolved in an excess of concentra- 
ted HCl to give a clear yellow solution. At least 
2 mol NH.Cl were added to the solution per mol of 
contained thorium. Ammonium thorium chloride 
hydrate was crystallized from solution by cooling 
and saturation with HCl. The resultant complex, 
(NH,Cl).ThCl,°xH.O, was dehydrated by evapora- 
tion at 130° to 150°C and thoroughly dried at about 
250°C. The dried ammonium thorium chloride was 
then mixed with sodium chloride in proportions to 
form NaThCl, or to produce a ThCl,-NaCl mixture 
with a given thorium content. The ammonium 
chloride was sublimed off at temperatures above 
500°C in an inert atmosphere furnace to give an 
anhydrous chloride source electrolyte, essentially 
free of ThO, and of NH,Cl. 
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Table III presents analyses of typical THCl,-NaCl 
cell source electrolytes to indicate the quality of the 
essentially anhydrous material which can be pro- 
duced by the method described. 

Thorium chloride thus produced was determined 
to have a decomposition potential of 2.2 volts at 
800°C. The determined variation of this value with 
temperature is shown in Fig. 1. (For comparison, 
the curve for ThF, is also given.) 

The all-chloride source electrolyte prepared as 
described, or by slight modifications of that pro- 
cedure, was the material with which the majority 
of the electrolytic work was done. The process was 
amenable to continuous operation and represents 
the goal of the investigation for a source electrolyte 

Small Scale Operation—A series of runs was 
first made in small laboratory cells available at 
these laboratories. These cells have been described 
in detail elsewhere.” From this work, the following 
operating parameters were found to apply to the 
electrolysis of ThCl, in NaCl to produce granular, 
high quality thorium metal: 

1) In order to produce thorium metal of high 
quality (RB 30 or lower in hardness) the thorium 
chloride source electrolyte must be anhydrous and 
contain less than 0.1 pet of insolubles. 

2) The electrolytic cell atmosphere must be inert 
and free from oxygen, water vapor, or nitrogen. 

3) The fused solvent, NaCl, must be anhydrous 
and free from insolubles. 

4) The optimum operating temperature range for 
electrolysis is between 780° and 850°C. 

5) The cathode temperature must be maintained 
at no more than 850°C during operation, either by 
cooling or by control of current passage. 

6) Cathode current density and thorium concen- 
tration are mutually dependent. In general, product 
crystal size increases with higher thorium ion con- 


centration and lower current densities. Some low 
process efficiencies observed at the low thorium ion 
concentration (2 to 8 pet Th ion) are believed to 
have been the result of the loss of some of the fine 
metal particles produced in these circumstances 
in the product aqueous recovery procedure. The 
optimum thorium ion concentration range was de- 
termined to be 10 to 15 pct; cathode current densi- 
ties optimum for this range of thorium ion 
concentration is 300 to 400 amp per sq dm. 

7) The system ThClL-NaCl is capable of being 
operated continuously by adding make-up cell feed 
containing additional thorium ion. These make-up 
salts can be added during an electrolysis, or prefer- 
ably following a cathode withdrawal. 

Intermediate Scale Operation—Once operating 
conditions for the ThCl-NaCl fused salt system 
had been established in the laboratory cell, the 
scale of operation was expanded approximately ten- 
fold. The laboratory work was performed in a cell 
whose crucible was 4 in. ID and which operated 
with about a 6-in. deep fused salt bath. The inter- 
mediate scale of operation discussed in this section 
was performed in a cell whose crucible was 8 in. 
ID and which operated with a 10 to 12 in. bath 
depth. A total of 50 lb of molten salt could be ac- 
commodated in this crucible. 

In its construction, the intermediate scale electro- 
lytic cell was substantially the same as the small 
scale laboratory cell. The crucible was a monolithic, 
machined shape of graphite, which served as the 
anode. The crucible was surrounded by a single- 
phase graphite resistor which consisted of graphite 
links and rods. The shell of the cell was circular in 
cross section, all nickel, and insulated with K-28 
fire brick. The upper section of the shell was 
flanged; the lower portion was welded to a solid 
nickel plate. The anode connection to the crucible 
was made from this bottom plate by three graphite 


Table I. Thorium Metal Production Processes 
Thorium Halide Reducing Agent Product Reference 
Reduction of Halides or Double Halides 
ThChk Na or K Th powder Berzelius? 
KThCl; Na or K under He atm Th powder Chauvenet® 
NHgThCl; Al Alloy—A1 distilled or acid (HNOs) Marden? 
removed 
KThF; Al in electric arc furnace under vacuo Ingot Marden 
or inert atmosphere 
NaThCls K vapor obtained from KCl and CaCz Th powder Lautiel 
reaction 
ThCk (70 pet) in ThOCls (30 pct) Ca Th powder Westinghouse” 
ThcCk g Th powder Ames Lab 
ThF, Ca-ZnCly booster Zn-Th alloy biscuit (sponge) Ames Lab and National Lead Co., 
Fernald Plant 
ThCk or ThOCly Ca Th powder Lilliendahl'+ 
Reduction of the Oxide 
Thorium Source 
ThOs Mg Th powder Winkler’ 
ThOs Si Th powder Honigschmidts 
Aland C Th powder Moissan and Etard®, 21 
ThOs Ca with CaCle under argon at 1400°C Th powder Huppertz,® Kuzel and Wedekind” 
Na with BaCly Cachiemailles, 4 
ThOg CaHg Th powder Metal Hydrides 
ThOs He + Ne at 2500°C ? Von Wartenburg et al.28 
ThOs C + He at 1000°C ? Schlect and Jahrstoffer® 
ThO». Ca Th powder Rentschler et al.% 
Thermal Decomposition of Halides 
Apparatus 
Thi, Hot wire technique Crystal bar Van Arkel?? 
Electrolytic Methods, Aqueous and Organic 
Electrolyte 
Th(OH)« HBF, Marden et al,16 
Thorium salts HSOs:NHa2 Piontelli and Buillottos 


Thorium salts 


Complex thorium salts Organic acids 


Th(NOs)4 CoH;50OH with 15-20 pet MesCOs 
ThCh, KCl-NaCl 

KThF; NaCl-KCl 

Thck noes and KCl-NaCl 

KThF; 

Nacl- KCl 


CsH;0H; CHs0H; C;H;N; other alcohols 


ThOs 
Electrolytic Methods, Fused Salts 


Atanasin and Babort 
Kuiziumi4 
Cotelli and Haissinsky® 


Thorium organic composition 


Th with ThOs + C Moissan and Honigschmidt22 


Th powder Driggs and Lilliendahl? 
Marden1s 

Th powder Horizons Inc. 

Th powder Horizons Ine. 

Th powder or Th in liquid Zn Horizons Inc. 

cathode 19 


Geneva Conference 
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ture for thorium 
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Fig. 2—Assembly drawing of intermediate scale electrolytic 
cell. 


Fig. 4—Temperature-pressure curve for thorium melted in 
yacuum-induction furnace. 


posts which supported the crucible. In operation, 
the entire shell of the cell was anodic. 

The cell was provided with an upper, water- 
cooled assembly and operating head. The operat- 
ing head was provided with heat reflector shields, 
an insulated port for a cathode, and a port for salt 


Fig. 3—Typical cathode deposit from intermediate size cell; 
approximately 5 Ib of thorium metal plus occluded bath 
salts. 
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1000 1100 1200 1300 1400 1600 1700 1800 1900 2000 
Temp. °C. 
addition and chlorine evolution. An assembly draw- 
ing of this cell is shown in Fig. 2. 

The cell was provided with a de source capable 
of delivering 1000 amp at 12 volts, a 32 kw ac 
source capable of delivering 600 amp, an argon 
metering system, and a ventilating hood. The cell 


Table Il. Methods for Preparation of Thorium Chloride Cell Feed Mixtures 


Method Temperature, °F Time, Hr Overall Reaction Remarks 
1 600 4 ThCl,:3H20 + NaCl + 3NH«iCl ThCl4:3H2O was dried prior to reaction. 
NaThCl; + 3NH:OH + 3HCl 
1 200 To dryness ThCl:-3H20 + NaCl + 3NH:«Cl> Yellow-tinted product. Heated in graphite 
NaThCl; + 3NHsOH + 3HCl crucibles. 
1 600 16 ThCl.:3H2O + NaCl + 3NHiCl—> White product. Heated in graphite. 
NaThCl; + 3NHsOH + 3HCl 
2 600 16 ThOCOs; + 4NH,;Cl + NaCl7> 
NaThCl; + 4NHs3 + 2H20 + COs 
3 600 4 ThOCOs; + NaCl + 6NH;Cl > Micropulverized before heating in graphite 
NaThCl; + CO2 + 6NHs + 2H20 + 2HC1 crucibles. 
4 300 2 ThOCOs + 3HCl + NaCl + NH;Cl7> HCl solution evaporated to dryness prior to 
600 14 NaThCl; + COs + NHz + 2H2O heating in graphite crucibles. Gray color. 
5 300 2 ThOCO; + 10HCl + 3NH;Cl + 2NaCl—> Heated in air. Top crust high in ThOs. Bot- 
900 20 Anhydrous HCI to saturation > tom was fused mass containing 90 pct ThCh, 
(NHjCl) eThCli-xH2O0 + etc. 0.29 pet ThOs. 
5 300 17 ThOCO; + 10HCl + 3NH;Cl + 2NaCl—- Heated in air. Top crust, 5 pet of total, was 
650 69 Anhydrous HCl to saturation > high in ThOs. Remainder contained 85 pct 
(NH4Cl) eThHCly;xH2O + etc. ThCly, 15 pet NH;sCl, no ThOs. : 
5 300 37 ThOCO; + 10HCl + 3NH;Cl + 2NaCl—> Exposed to air when heated; contained 1.8 
650 100 Anhydrous HCI to saturation > pet ThOs. 
1000 50 (NH4Cl) + etc. 


TRANSACTIONS AIME 


OCTOBER 1957, JOURNAL OF METALS—1375 


| 
| | | 
| 
| | 
=! 
=| 
| 
| | | | 
| | | | 


Fig. 5—Structure of arc-melted thorium electrolytically pro- 
duced from ThCl.-NaCl. Oxide phase present. Hardness of 
Rb 11. Unetched. X250. Reduced approximately 25 pct 
for reproduction. 


Fig. 7—Arc-melted thorium (electrolysis of ThCli-NaCl) 
showing a dendritic pattern of oxide. Hardness of Rb 53. 
Unetched. X250. Reduced approximately 25 pct for repro- 
duction. 


was both gas and vacuum-tight. 

The cathode for this cell consisted of a steel or 
Hastelloy C cylinder, 11% in. in diam and 5 in. long, 
welded to a 1% in. diam nickel rod. A graphite 
sleeve protected the nickel rod against chlorine 
attack and extended through the operating head. 
The cathode connection from the de source was 
made directly to the nickel rod. A nonconducting 
bushing insulated the cathode from the operating 
head. The anode connection was from the bus bar 
to a steel boss welded to the bottom plate of the 
cell. 

This cell was ordinarily operated as a batch unit. 
A crucible was placed in the cell, upon the anode 
posts, and charged with cell feed and additional 
sodium chloride to achieve the desired thorium ion 
concentration. The operating head was cleaned, 
positioned, and bolted down. The vacuum flange 
was bolted to the head and the cell evacuated and 
flushed with argon several times. When an inert 
(argon) atmosphere had been established, the 
vacuum flange was removed, an argon flow was 
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Fig. 6—Structure of arc-melted electrolytic thorium from 
ThCl,-NaCl with the oxide phase in a dendritic pattern. 
Hardness of Rb 36. Etched. X250. Reduced approximately 
25 pct for reproduction. 


the highest hardness range showing large amount of oxide. 
Hardness of Rb 70. Unetched. X250. Reduced approxi- 
mately 25 pct for reproduction. 


started, and heating of the cell charge begun. The 
salts were melted in about 1% to 2 hr. 

After the salts were molten and the bath was at 
the chosen operating temperature, the cathode was 
inserted into the bath under a polarizing voltage of 
about 2.5 volts de. When the cathode reached bath 
temperature (about 5 min), the voltage was in- 
creased and electrolysis initiated. After completion 
of electrolysis, the cathode was again polarized and 
withdrawn from the bath but held in the inert at- 
mosphere of the cell. The entire cell was cooled un- 
der an argon atmosphere overnight. Before the sub- 
sequent run, the operating head was removed, the 
cathode withdrawn, the crucible either removed or 
recharged, and the unit reassembled. 

Once the operation of this electrolytic cell was 
established and routine, no inherent difficulties 
were encountered in the process scale-up. Table IV 
presents representative electrolytic results obtained 
in operation of this intermediate scale cell. A typi- 
cal cathode deposit, containing over 5 lb of thorium 
metal, produced in this cell is shown in Fig. 3. 
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Fig. 9—Structure of as-cast electrolytic thorium cold rolled 
to 90 pct reduction. Initial hardness of Rb 15. Lightly etched. 
X100. Reduced approximately 25 pct for reproduction. 


Fig. 10—As-cast electrolytic thorium recrystallized at 
1000°C for 30 min after cold rolling to 90 pct reduction. 
Etched. X100. Reduced approximately 25 pct for repro- 
duction. 


Those operating parameters defined in the small 
cell scale of operation were proved to determine 
the operation in this intermediate scale of operation. 
This ease of scale-up indicates that further expan- 
sion of scale is clearly practicable. 


Evaluation and Properties of Electrolytic Thorium 
Metal 

Product evaluation was determined by hardness 
and ductility studies on the arc cast metal and by 
chemical analysis. For hardness and ductility 
studies, the electrolytically produced, granular 
thorium was consolidated by pressing into dense 
compacts 1 or 1% in. in diam and % to % in. in 
height and arc melting these compacts in a con- 
ventional tungsten arc, water-cooled copper-hearth 
furnace under argon. Electrolytic thorium metal 
has exhibited hardnesses in the as-cast state as low 
as Rs5 (Vhn 68). From a consideration of the many 
runs made on this process, it is believed that a fair 
statement of the expected average hardness of 
thorium metal produced by the electrolysis of 
thorium chloride is Vhn 70 to 80. Thorium 
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metal with as-cast hardness well above these 
values has been made during the present work. In 
each case, however, it was found that operation 
outside of the established process parameters was 
involved. Source electrolyte material of low purity, 
failure of some electrolytic cell component, or con- 
tamination of product by improper metal recovery 
procedures can result in a product metal not within 
these purity and hardness specifications. Under 
controlled operating conditions the electrolytic pro- 
cess described in this paper is capable of producing 
high quality, low hardness thorium metal repro- 
ducibly. 

Table V yives typical spectrographic analyses of 
thorium produced as powder, arc-melted pellets, and 
rolled strip. Carbon and insoluble contents are also 
given. 


Induction Melting—Some electrolytic thorium was 
induction-melted in beryllia crucibles to determine 
melting characteristics of this type of thorium. It 
was subsequently canned in a steel container and 
hot rolled directly followed by cold rolling. 

Thorium powder of 1% lb was cold-pressed at 
20 tsi in a 1% in. steel die to form completed bri- 
quets. These briquets were charged to a previously 
baked-out beryllia crucible and heated in vacuo 
by induction to the melting point of thorium. The 
ingot was allowed to solidify and cool to room 
temperature in the vacuum furnace. 

Fig. 4 shows the pressure, in p, as a function of 
temperature from 1000°C through the melting 
point. As can be seen from the figure, the rather 
high pressure in the temperature range of 1000° 
to 1400°C is probably due to the sublimation of re- 
sidual salts not completely removed in the metal 
recovery step and to dissolved gases. Above 1500°C 
the pressure decreases to about the ultimate rating 
of the system employed. There is a slight increase 
in pressure at temperatures above the melting point 
of the thorium metal. 


Tensile Properties—Two tensile specimens were 
prepared and tested to fracture. The sheet was rolled 
from the small ingot of thorium which was induc- 
tion-melted in a beryllia crucible under vacuum. 
The ingot was sealed in a steei jacket and hot rolled 
to a thickness of ¥% in. (a reduction of about 50 
pet). This sheet was then cold rolled to 0.040 in. 
thickness for the tensile tests. The specimens were 
vacuum annealed at 600°C for 1 hr prior to testing. 
The average values of ultimate strength, yield 
point (0.2 pet), and percentage of elongation in a 
l-in. gage length were as follows: 52,235 psi ulti- 
mate tensile strength, 41,675 psi yield point, and 
11.2 pet percentage of elongation. 


Microstructures—An attempt was made to relate 
the microstructures of arc-melted thorium pellets 
with hardness and chemical composition. A series 
of arc-melted thorium pellets ranging in hardness 
from RB 11 to Rs 70 were examined metallographi- 
cally for evidences of microstructural differences. 
The results of these observations are recorded in 
Table VI and in the micrographs in Figs. 5 to 8. 

A general trend was evident in that a larger 
amount of precipitate phase occurred as specimen 
hardness increased. Thus, the specimen shown in 
Fig. 5, which had a hardness of RB 11, shows ran- 
domly distributed gray particles of indefinite pat- 
tern. On the other hand, the specimen microstruc- 
ture in Fig. 8(Rs 70) shows a large amount of the 
gray phase in a dendritic pattern. 
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Fig. 11—Relation of green density to cold compacting pres- 
sure for electrolytic thorium powder. 


Fig. 12—Electrolyti- 
cally produced 
thorium crystal 

(from NaCI-ThCl,) 
showing flat surfaces. 
X19. 


Fig. 13—Massive 
crystal of thorium 
from electrolysis of 
NaCI-ThCl,. X18. 


The thorium pellets, micrographs of which are 
shown in Figs. 5 to 8, were analyzed for carbon 
content and for total HCl insolubles, which would 
include SiO, as well as ThO,. From the results of 
these analyses, a relationship was found between 
the amount of gray phase present in the micro- 
structure and the percentage of material insoluble 
in concentrated HCl. On this basis, it is probable 
that the variation in hardness of these specimens 
was caused mainly by oxygen, although small dif- 
ferences in carbon content probably had some effect. 
These gray phases have been tentatively identified 
as being an Fe-Th alloy; subsequent work in which 
iron contamination was virtually eliminated pro- 
duced metal without this impurity. The light-colored 
phase is ThO.. 
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Table III. Analysis of Source Electrolytes 


In- 

Run Total solubil- Naas Teial Pct 
No. Th, Pct Cl, Pct NH3, Pct ity, Pct NaCl, Pct Reported 
4 25.9 52.5 0 ~ 23.8 102.2 
8 18.4 55.2 0 - 28.0 101.6 
12 38.7 46.2 0 0 14.6 99.4 
20 27.6 51.3 0 i! 22.2 101.1 
24 25.17, 52.0 0 0 23.5 101.2 


* Slight turbidity. 


Table IV. Electrolysis of ThCl, in Intermediate Scale Cell* 


Cathodic 
Current Hardness 
Run Current Efficiency, 
No. Th, Pct Amp, Hr Amp Pet Rs Vhn 
184-71 8.1 685 200 to 230 35 33 82 
184-73 16 1270 230 68.1 46 96 
223-2 3.3 380 230 40 54 108 
223-4 10 1100 220 to 240 65.5 36 85 
223-14 13.0 1730 300 61 54 108 
223-22 23 3035 360 to 400 56 36 85 
223-52 18 1655 350 to 400 64 16 68 


* NaCl-ThCly melt; 780° to 830°C. 


Table V. Spectrographic Analysis of Thorium Produced from 
Laboratory Scale Electrolytic Runs 


97-170* 
Impurity in 97-174 97-174 97-170* Rolled 
Ppm Powder Pellet Powder Strip 

Ag 27 27 
Al 207 307 307 307 

7 107 57 
Be 37 107 
Ca 100 i) 00 100 
Cd 0.1t 0.17 0.17 0.1 
Co 
Cu 207 100+ 807 80+ 
Fe 110 210 550 350 
Ge 
Mg 107 107 107 107 
Mn 3t 2t 3t 
Na 300+ 1507 150} 1507 
Ni* 25 19 3007 2007 
t t 
Pb 5 2 15 
Sb t t 
Si 100+ 507 507 307 
Sn 5 6 10 10 
U t t t 
Zn t t t 
As 5 5 5 
Cc 27 32 37 
HCl, insoluble 3.1 pet 0.2 pet 
Hardness, RB 31 31 10 


* A nickel stirrer was used in preparation of thorium chloride for 
Run 97-170. 

+ Approximate. 

+ Not detected. 


The micrographs in Figs. 9 and 10 show the mi- 
crostructures of arc-melted thorium after 90 pct 
reduction by cold-rolling and after cold-rolling 
plus annealing at 1000°C for % hr, respectively. The 
initial hardness of the arc-melted pellet was Rp 15. 

Cold-Rolling—Hardness values were obtained as 
a function of cold reduction for a thorium pellet 
having an initial hardness of RB 30. Values of hard- 
ness and percentage of reduction in thickness are 
tabulated in Table VII. 

Compactability—Compactability studies were con- 
ducted on electrolytic thorium powder by cold 
pressing in a l-in. diam die. The results obtained 
are shown in Fig. 11, which is a plot of green den- 
sity vs compacting pressure. At compacting pressures 
of 25 tsi the density was 9.61 per cu cm or 83.5 pct 
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Fig. 14—Layer structure of electrolytically produced thorium 
crystal. A Laue X-ray photogram was taken with the X-ray 
beam perpendicular to this face for orientation determina- 
tion. X250. Reduced approximately 25 pct for reproduction. 


of theoretical density (at 75 tsi a density of 98.0 pct 
of theoretical can be obtained). 


Observations on Thorium Crystals Grown from Fused 
Salt Electrolytic Baths 

For the purpose of observing electrolytic crystal 
growth characteristics of thorium metal from a 
fused-salt melt, large, well developed crystals were 
selected after careful leaching in water. In general, 
it was observed that both flake crystals with well 
developed flat surfaces and massive clusters were 
obtained, see Figs. 12 and 13. 

An attempt was made to determine crystallo- 
graphically the planes responsible for the flat and 
well developed faces by X-ray techniques. A Laue 
back-reflection pattern was taken on the crystal 
shown in Figs. 14 and 15 with the surface depicted 
in Fig. 15 perpendicular to the X-ray beam. A 
stereographic plot of the resulting orientation 
showed that this plane corresponds to (221), which 
is about 16° from the (111) plane. Since thorium is 
face-centered-cubic in crystal structure, ordinarily 
(111), which is the most densely populated plane, 
would be expected to have the slowest growth rate, 
and therefore would be predominant. This behavior, 
however, is modified by the growth conditions and 
impurities present during crystal growth. In view 
of this, it is not remarkable that thorium crystals 
obtained from fused-salt electrolysis have well de- 
veloped (221) faces. 


Conclusions 
A process for the production of thorium metal 
by fused-salt electrolysis has been developed. This 
process includes the preparation of anhydrous, 
oxide-free thorium chloride, the electrolysis of this 
salt in molten sodium chloride, and the recovery of 


Table VI. Comparison Among Hardness, Chemical Composition, 
and Microstructure of Electrolytic Thorium 


Analysis, Pct 


Hardness, HCl, Amount of Gray 


Rs Insoluble Cc Phase in Microstructure 

11 1.2 — Small particles in small amount. 

36 3 0.02 Small amount. i 

46 1.67 0.027 Medium amount white phase in 
gray particles. 

59 4.95 0.086 Large amount. Gray particles 
large in center. Some white 
phase in gray particles. 

70 Ae 0.045 Very large amount. White phase 


in gray particles. 


Fig. 15—Adjacent face of the crystal shown in Fig. 14. 
Notice that a ridge-like rather than a flat surface is ob- 
served, indicating faster growth in this direction. X250. 
Reduced approximately 25 pct for reproduction. 


thorium powder of high purity. The use of an all- 
chloride melt results in an overall process which 
can be operated on a continuous basis. 

The thorium is produced as a granular coarsely 
crystalline metal. The metal can be consolidated by 
standard arc-melting techniques. Thorium with an 
as-cast hardness of RB 5 (Vhn 68) has been pro- 
duced. It can be cold rolled, drawn, swaged, or 
otherwise mechanically worked with ease. It is 
ideally suited for powder metallurgy fabrication 
techniques. 

Primary factors contributing to the success of 
this process are: 1) high purity source electrolyte, 
particularly with respect to oxides, insoluble mat- 
ter, and moisture, 2) the use of an inert atmosphere 
electrolytic cell during the electrolytic step, and 
the cooling of the deposit in an inert atmosphere, 3) 
proper control of bath and cathode operating tem- 
peratures, and 4) the use of electrolytic cells of 
such construction as not to contribute impurities 
to the electrolytic bath. 


Summary 

A fused salt electrolytic process for the produc- 
tion of pure thorium metal has been developed. This 
process is based upon an ail-chloride electrolytic 
system in which thorium chloride, dissolved in 
molten sodium chloride, is electrolyzed to produce 
a deposit of granular thorium metal powder upon a 
cathode and chlorine gas at the anode. The process 
is inherently continuous upon replenishment of the 
salt bath with additional charges of thorium chloride. 

Thorium chloride was prepared in the anhydrous 
condition using wet chemical procedures by treat- 
ing an HCl solution of thorium chloride or thorium 
oxycarbonate with ammonium chloride. The result- 
ing complex ammonium thorium chloride is con- 
verted to an oxide-free anhydrous thorium chloride 
source electrolyte by evaporation, drying, and sub- 
limation in the presence of sodium chloride. 


Table VII. Hardness Change with Cold Reduction 


Reduction, Pct Hardness, RB 


0 30 
15 55 
20 55 
30 56 
40 57 
50 67 
60 64 
70 68 
80 69 
84.5 71 
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High purity thorium metal powder was repeti- 
tively produced in a laboratory cell and in an ex- 
panded scale electrolytic cell by electrolysis of this 
cell feed. The thorium metal produced was readily 
compacted, arc-melted, and rolled. Thorium metal 
ingots with as-cast hardnesses of RB 5 (Vhn 68) 
were produced. 

The preparation of thorium chloride, descriptions 
of both electrolytic cells, and some properties of the 
produced electrolytic thorium metal are given. A 
bibliography of other processes, electrolytic and 
nonelectrolytic, for the production of thorium metal 
is included. 
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On Complex Formation in the System Na AIF -Ai O. 


by Tormod Forland 


ROM equilibrium measurements on the system 

with high con- 
tents of NaF, Forland, Storegraven, and Urnes’ 
concluded that complexes are formed containing 
two oxygen, three aluminum, and a less defined 
number of fluorine per complex. The same number 
of oxygen atoms per complex was also found by 
cryoscopic measurements for mixtures high in 
Na,AlF,. 

In a recent paper by Stokes,’ some other complex 
ions, Al,O.F,- and AIOF,, have been suggested. 

Here an additional argument in favor of the com- 
plex Al,O.F, suggested by Forland, Storegraven, and 
Urnes will be given. 

When fused Na,AIF, containing some AI,O, is 
cooled slowly, the solid phase will consist of the two 
components as separate phases. The melting point 
and the heat of fusion of Al,O, are so high that this 
component will form the stable solid phase even 
though in the liquid state the complex may have a 
high stability. If, however, the fused mixture is 
quenched, the decomposition of the oxygen-con- 
taining complex and the formation of solid AI.O, 
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does not proceed fast enough, and a solid solution of 
Al,O,; in Na;AIF, is obtained. Zintel and Morawietz*® 
obtained cryolite containing 10 pct AJl.O; in this 
way. The density and the lattice parameters of the 
Al,O, containing cryolite were also measured, and 
from this it was concluded that the Al,O, enters the 
cryolite lattice as Al,AlO, groups replacing Na,AIF, 
groups. However, the. experimental data could as 
well be explained. by assuming that one Na* ion and 
two of its neighboring F” ions are replaced by one 
Al* ion and two O* ions. This may be pictured 
schematically as: 
F F F F F F 
FALFNaF AIF —Na+Al AIF 
F F F F F F 
solid cryolite cryolite-alumina 
solid solution 
This means that the complex in the solid solution, 
derived from X-ray and density measurements, is 
the same as that which Forland, Storegraven, and 
Urnes derived from equilibrium measurements in 
the liquid state. 
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Asarco’s New Electrolytic Plant at 
Corpus Christi, Texas 


During 1953 the American Smelting and Refining Co. completed construction of an 
addition to its Corpus Christi operations. This addition was designed to treat fume from 
Asarco’s El Paso and Chihuahua slag fuming plants. The capacity of the plant is from 
80 to 90 tons of special high grade zinc for a 24-hr period. Power for the new addition is 
purchased locally and converted, using mercury arc rectifiers. 


by A. C. Jephson and R. E. Allen 


LECTROLYTIC zine plants of the American 

Smelting and Refining Co. are located adjacent 
to the present city limits of Corpus Christi, Texas. 
The original plant commenced operations during 
1942, and is designed for the production of special 
high grade zinc from zinc sulfide concentrates.’ Sub- 
sequent changes include the erection of an addi- 
tional acid plant during 1950, and additions for in- 
creased generating and production capacity during 
1951. 

New Electrolytic Plant—The new electrolytic 
plant is a separate unit erected for the treatment of 
densified fume produced at Asarco plants located in 
El Paso, Texas and Chihuahua, Mexico. Construc- 
tion was completed and operation commenced dur- 
ing June, 1953. 

Decision for the erection of a separate plant for 
the treatment of densified fume is based on several 
factors. One of the principal reasons is the assurance 
of continued production rate of the original plant, 
which might have been jeopardized by combined 
treatment of calcine and fume. Of equal importance 
is the advantage of locating a plant on a site with 
adequate space for eventual expansion. 

General Description—The new plant for the treat- 
ment of densified fume consists of four main build- 
ings for the following operations: storage and grind- 
ing of fume, leaching and purification, electrolyzing 
and casting, and rectifier units. Auxiliary buildings 
include a baghouse, reagent storage, and a lunch 
room. 


A. C. JEPHSON and R. E. ALLEN, Members AIME, are Manager 
and Superintendent, respectively, Electrolytic Plant, American Smelt- 
ing and Refining Co., Corpus Christi, Texas. 
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Leaching of ground fume with electrolyte from 
the cells is a batch type operation in tanks equipped 
with mechanical agitators and weightometers. Com- 
pleted leaches are pressure filtered, the resultant 
residue being recovered for shipment to El Paso by 
conventional use of thickeners, drum type vacuum 
filters, and a direct-fired dryer. Filtrates from the 
filter section are purified in mechanically agitated 
tanks, filtered after completion through plate and 
frame presses, and then pumped to an evaporative 
type cooling tower. Solution discharged from the 
basin of the cooling tower is collected in storage 
tanks for use in the cells. 


The cool purified solutions are pumped as re- 
quired from storage to the solution circuit for cir- 
culation of electrolyte through the cells. Except for 
the addition of purified feed solution and with- 
drawal of electrolyte for leaching, the circulating 
system for the cells is essentially a closed con- 
tinuous circuit that includes the use of evaporative 
cooling towers for control of solution temperatures. 
Aluminum cathodes and Ag-Pb anodes are used 
for electrolysis, which is maintained at a current 
density of about 82 amp per sq ft. Cathode zinc pro- 
duced is melted in a gas-fired reverberatory furnace 
and then cast into slabs on a straight line casting 
machine. 

Unloading and Storage—Fume produced by the 
Chihuahua plant is shipped in box cars, and fume by 
the El Paso plant in hopper bottom dump cars. Ship- 
ments as received are weighed on a 75-ton capacity 
railroad scale, sampled, and then moved over one of 
the two unloading hoppers with a car puller. The 
ears are then unloaded with mechanized equipment, 
a car scoop being used for unloading of box cars and 
a car shaker for the hopper bottom cars. 
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Table 1. Monthly Averages for First Six Months 1955 


Table Il. Average Analysis of Slab Zinc, Pct 


Tons fume leached 3,385 
Tons residue produced 220 
Tons zine dust used 175 
Tons copper precipitate shipped 20 
Tons cathode zinc produced 2,795 
Tons slab zine cast 2,720 
Cell load, amp 19,400 
Pct current efficiency 88.6 


From the unloading hoppers the fume is conveyed 
by belt to a bucket elevator which, in turn, dis- 
charges to either of two parallel belts located above 
the four covered concrete storage bins. Each of the 
parallel belts is equipped with movable trippers 
for final discharge into either of the four concrete 
storage bins. Normal capacity of each bin is 2500 
tons; rated capacity of the bucket elevator is 230 
tons per hr. The remainder of the conveying sys- 
tem has a capacity of 200 tons per hr. 

Drying and Grinding—The grinding unit, as 
previously mentioned, is located in the building used 
for storage of fume. The unit consists of a gas-fired 
rotary dryer, an air-swept ball mill, and conveying 
equipment. 

Fume for process is removed from storage with a 
power shovel, discharged into a hopper, and then 
transferred by conveyor belts and a bucket elevator 
to an 85-ton capacity bin. The bin, which is 
equipped with an adjustable gate, discharges by belt 
at a controlled rate to the dryer. 

The gas-fired rotary dryer is 4 ft in diam by 20 
ft in length, with an internal spiral and lifter ar- 
rangement to facilitate drying. Combustion gases 
from the dryer are passed through a forced draft 
cyclone for recovery of dust. Dry fume from the 
dryer is transferred to the feed hopper for the ball 
mill with a bucket elevator. 

A 7 ft by 48 in. Hardinge air-swept ball mill, 
equipped in conventional manner with a classifier 
and cyclone product collector, is used for grinding 
the fume. Auxiliary equipment consists of a disk 
feeder for the mill and a bag filter for recovery of 
dust contained in the air stream vented from the 
circuit. The bag filter and collector are discharged 
into a screw conveyor for transfer of ground fume 
and dust to storage bins at the leaching department. 

The production rate of the mill is about 7% tons 
per hr; ball consumption is about 0.07 lb per ton of 
fume ground. Typical screen analysis of the ground 
fume is: 1 pct on 100 mesh, 5 pct on 200 mesh, 25 
pet on 325 mesh, and about 69 pct as —325 mesh. 

Leaching—Ground fume from either of two 500- 
ton capacity storage bins is transferred with screw 
conveyors and a bucket elevator to 25-ton bins 
located at each of the three ventilated leaching 
tanks. The leaching tanks, which are designed for 
an operating volume of about 21,000 gallons each, 
are of wood-stave construction, lined with Sb-Pb 
sheet and acid-proof brick. Fume is discharged into 
leaching tanks at a controlled rate by the use of a 
screw conveyor and weightometer. The agitator as- 
sembly, which is constructed of type 316 stainless 
steel, consists of an 8-in. diam shaft to which a re- 
inforced channel type cross-arm is attached. Angle 
positioned lifters, attached to the cross-arm, and 
baffles suspended through the cover of the tank, are 
included for effective agitation. A 15-hp motor and 
a spur type reduction gear are used for driving the 
agitator at a rate of about 10 rpm. 

Leaching, as previously indicated, is a batch type 
of operation and is essentially a two-stage method 
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Zn, By 
Pb Cd Cu Fe Difference 
0.0013 0.0005 0.0003 0.0007 99.9972 


of treatment. The initial stage consists of pumping 
about 17,000 gallons of electrolyte and 4,000 gallons 
of wash solution from the filters into an agitator 
and determining the acid content of the mixture. 
Using typical data of previous charges, a calculated 
amount of fume is then added with a weightometer 
for reduction of acid concentration from about 155 g 
per liter to the range of 5 to 6 g per liter. Ground 
MnO, ore is also added during the initial stage for 
oxidation of soluble iron. After a 2-hr period of 
agitation the acid content is determined and suffici- 
ent fume added at intervals for a final stage of 
neutralization. The final stage for neutralization 
usually requires 1 to 2 hr and is determined by 
titration of samples. Before a charge is released for 
filtration, the filtering rate of the pulp and ferrous 
iron content of filtrate are checked. Occasional 
charges which are not considered satisfactory are 
reacidified to about 5 g per liter, MnO, added if 
required, and the solution again neutralized. 


Filtering and Residue Recovery—tThe filtering 
section consists of six Burt filters, two thickeners, 
two drum type vacuum filters, a residue dryer, and 
the usual auxiliary equipment. Tanks for intermedi- 
ate storage of pulp are not included. Completed 
charges are pumped direct from the leaching tanks 
into the Burt filters. 


The Burt filters, each 5 ft in diam by 40 ft in 
length, are lined with ™% in. rubber. The operating 
floors for the filters and leaching tanks are at the 
same elevation. Other than lining, the filters are of 
conventional design with the usual complement of 
32 fluted surface filter boards. Strength of the filter 
boards has been improved by the substitution of 
stainless steel bolts for Everdur, and additional re- 
inforcement of the center bolt and spigot sections. 
The use of synthetic cloth instead of the usual type 
of canvas for covering the boards is in the experi- 
mental stage. 


Operation of the Burt filters is similar to descrip- 
tions previously published.* Briefly, the cycle con- 
sists of pumping pulp from a leaching tank into a 
rotating filter and applying air pressure until pres- 
sure gages indicate that the initial filtration stage is 
completed. In a similar manner, three successive ad- 
ditions of wash water are pumped into the filter for 
a countercurrent type of washing. Resultant fil- 
trates, in each case, are advanced to storage tanks 
containing solutions of increased gravity. Weak 
wash water is then added and the cloths pulsated 
with vacuum for repulping and discharge of the 
residue. 


The residue slurry from the filters is then dis- 
charged into the first of two 30-ft thickeners which 
are operated in series. The underflow from the sec- 
ond thickener is pumped to one of the two drum 
type vacuum filters for recovery of residue which is 
dried and stored for shipment to a lead smelter. The 
rotary dryer, as previously mentioned, is 4 ft in 
diam by 20 ft in length. Residue from the dryer is 
stored in bins until it is sufficient for shipment. 
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Table Ill. Typical Analysis of Solutions 


G per Liter Mg per Liter 

Acid Zn Ge Co Fe F 
Burt filtrate — 160 1 to 25 1to 1.5 10 N 
First purification — 165 0.1 to 0.2 0.1 10 stort 
Final purification — 170 <0.006 0.1 10 mined 
Electrolyte 190 65 <0.006 0.1 15 


Table IV. Typical Analysis of Fume and By-Products 


Zn Pb Fe Ge F 
Fume 
leached 76 to 77.5 0.5to1.7 0.7to1.5 0.004 to 0.06 0.003 to 0.01 
Residue 
produced 8.5to12.5 7.0to21.0 11to017 0.03 to 0.4 0.008 to 0.24 
Cu 
Copper 
precipitate 
shipped 1.0 3.5 to 5 40 to 50 0.3 to 0.75 


Purification—Two variations are incorporated in 
the design and construction of the purification sec- 
tion. Each of the four purifiers has an operating 
volume of 40,000 gallons as compared with the 20,- 
000 gallon capacity of those used at the original 
plant. Another departure is the use of aluminum 
alloy plates and frames in the filter presses instead 
of the usual bronze type. 

The purifiers, each 30 ft in diam by 10% ft deep, 
are unlined wood-stave tanks with steam coils for 
heating the solutions. Two 30-in. diam stacks, each 
equipped with 1900 cfm forced draft fans, are used 
on each tank to assure adequate ventilation. The 
agitator assembly, which is constructed of copper 
alloy, consists of an 8-in. diam shaft to which an 
8-in. diam cross-arm is attached. A 20 hp motor and 
reduction gear are used for driving the agitator at 
a rate of about 6.5 rpm. 

Purification is based on a two-stage method of 
treatment. The first stage is primarily for reduction 
of germanium content to about 0.2 mg per liter. 
Completed charges are filtered and discharged direct 
from the filter press into a second-stage tank for 
final purification. All of the presses are the closed 
delivery type and are 36 in. in size. Filter cloth and 
Kraft paper are used in the usual manner to assure 
clarity of solution. 

Typical operation for the first-stage treatment 
consists of pumping about 40,000 gallons of Burt 
filtrate into a purifier, heating the solution to about 
90°C, and adjusting the acid content to about 2 g 
per liter. Part of the press cake from previous 
charges and all of the press cake from the second- 
stage treatment are added during the initial period 
of operation. Remainder of treatment, which usually 
requires about 4 hr, consists of adding zinc dust 
at a gradual rate with a belt type feeder. Although 
a rapid test has not been developed for germanium, 
the operators have reasonable assurance of satis- 
factory removal by maintaining a pH of about 4 to 
5, and varying conditions as indicated by previous 
charges. Press cake not required for treatment of 
subsequent charges is shipped to a copper smelter. 
Completed charges are filtered and discharged direct 
from the press into one of the two tanks used for 
second-stage purification. 

The second-stage treatment for final purification 
usually requires 4 hr for completion. The charges 
are started by adjusting the solution to 4 pH, and 
adding 300 lb copper sulfate and about 0.1 lb ar- 
senious oxide. During the treatment stage zinc dust 
is added at a uniform rate with a feeder and addi- 
tional copper sulfate as required. Electrolyte is 
added to maintain a pH of 4 to 5 and temperature 
of solution permitted to decrease from about 80° to 
70°C. As previously indicated, the germanium con- 
tent of the solution is not determined by the opera- 
tors. However, satisfactory tests for cobalt and 
arsenic usually give assurance that the solution is 
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of sufficient purity for electrolysis. Solutions of such 
purity are then filtered and discharged from the 
presses into storage tanks. 

Cell Department—Power is purchased from a 
local utility company and converted to de current 
for operation of the cells. The initial voltage of 69,- 
000 is reduced to 12,000 with two 7,500 kva trans- 
formers. Three 12-phase mercury arc rectifiers are 
then used for conversion to de current, which is 
transmitted to the cells by a common bus bar ar- 
rangement. Although the normal rating of each of 
the three rectifiers is 5,600 amp at 570 volts, the 
cells are presently operated at 19,500 amp and 610 
volts. Power from the plant ac generating system is 
available for emergency by use of an interlocking 
system. 

Operation of a 600 de volt circuit in the humid 
climate of Corpus Christi requires design for con- 
trol of stray currents. Design for control of stray 
currents includes the use of brick-lined cells and 
of launders constructed of plastic for flow of electro- 
lyte to and from the cells. In addition, the feed 
launders are located about 6 ft above each bank of 
cells and the return launders, which are sloped, 
from 3 to 4 ft below the outlets of the cells. Re- 
movable porcelain pipes are used for directing elec- 
trolyte from the feed launders to the cells. 

The 196 cells used for electrolysis are arranged 
14 cells to a bank in 14 parallel rows. The cells are 
constructed of concrete and are lined with asphalt 
and plastic base materials, which in turn are pro- 
tected by an inner lining of 114 in. acid-proof brick. 
The top course of the brick lining is secured by a 
lead cap which extends over the top and outer edge 
of the cell. Each cell is designed for an operating 
volume of 750 gallons of solution and is equipped 
with 29 Ag-Pb anodes and 28 aluminum cathodes. 
The anodes and cathodes are identical to those used 
in the original plant and are supported in the same 
manner on notched porcelain insulators located on 
the edge of the cell. 

The general arrangement of the bus bars in each 
plant is similar in that they are located adjacent to 
the end cells of each bank and have a shunt ar- 
rangement for release of companion rows for clean- 
ing. Essential difference in design is the use of a 
light insert bar instead of a heavy swing-type shunt 
bar. Installation of the stripping floor at the same 
elevation as the top of the cells is another change 
which is a decided convenience for operations. 

A closed system of circulation is used for con- 
tinuous flow of electrolyte through the individual 
cells. Return launders for each of the cell banks are 
positioned for flow of electrolyte into a main col- 
lecting launder and discharge into either of two 
55,000 gallon capacity lead-lined tanks. Pumps are 
then used for transfer to three evaporative type 
cooling towers which are packed with a staggered 
arrangement of wooden slats for dispersion of solu- 
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tion. Each unit is provided with a 158,000 cfm fan 
positioned for right angle flow of air through the 
tower. 

Solution from the basins of the towers overflows 
into a common launder and discharges into either of 
two 155,000 gallon capacity lead-lined storage tanks. 
The solution is then pumped to a main feed launder 
which has controlled outlets for distribution to each 
of the bank feed launders. The feed launders also 
have controlled outlets for regulation of flow to in- 
dividual cells. The rate of flow is usually about 15 
gpm per cell. 

As previously mentioned, electrolyte is pumped 
from the circulating system to the leaching tanks 
and feed solution added from the purification de- 
partment. Separate pumps are used for transfer of 
solution from the 55,000 gallon tanks to the leach- 
ing department. Feed solution from the purification 
section is pumped at a controlled rate into the dis- 
charge launder of the cooling towers. Reagent feed- 
ers for the addition of cresylic acid, sodium silicate, 
and gum arabic are located for discharge into the 
155,000 gallon storage tanks. A slurry of strontium 
carbonate is also added at the point for control of 
the lead content of the cathode zinc. 

The 14 banks of cells are rotated for operation; 
12 are used for electrolysis and two are shunted out 
for cleaning of anodes which is usually maintained 
on a 16-day cycle. Anodes removed for cleaning are 
hung in a vertical position on a circular type con- 
veyor chain. The chain conveys the anodes in se- 
quence through a dryer, a rapper, two sets of 
brushes, and a washer. The anodes are removed, 
placed in a rack, and returned to the cells for re- 
placement and alignment. 

Cells used for electrolysis are stripped after a 16- 
hr period of deposition. The alternate cathodes in a 
cell are removed at one time, placed in a rack, 
washed, and then stripped with a chisel and ham- 
mer. The cathode sticks are checked and contacts 
washed before replacement in the cells. 

The zine cathodes are transferred with a gasoline 
driven lift truck to a scale for weighing, and then 
to the charge floor for gradual additions into the 
melting furnace. 

Casting—The gas-fired reverbatory furnace used 
for melting zine cathodes is located at the ground 
level beneath the edge of the charge floor. Cathodes 
are charged into the furnace through a chute at- 
tached to an opening in the flat suspended arch. 
The chute has two swing-dampers positioned about 
3 ft apart for preventing escape of furnace gases. 


Technical Note 


The inside area of the furnace is 12 ft by 21 ft 
and the average depth of the bath is about 2.3 ft, 
which is equivalent to 140 tons capacity. Two dip- 
ping wells located on the flue end of the furnace are 
separated from the combustion zone with a bridge 
wall. Three low pressure gas burners on the opposite 
end of the furnace have controls for adjustment of 
flame patterns, and auxiliaries for maintaining de- 
sired ratio of the air-gas mixture. 

Combustion gases from the furnace are drawn 
through a pipe cooler with a 19,000 cfm fan and 
discharged into a baghouse for recovery of dust. 
The baghouse consists of two sections, each contain- 
ing 42 bags which are 18 in. in diam by 25 ft in 
length. The cellars are usually cleaned once a month 
by sluicing the dust into a sump and then pumping 
the slurry into an agitator. After a series of washes 
and decantations for removal of water soluble 
chlorides, the final slurry is pumped into the solu- 
tion circuit of the cell department. 

After completion of casting, each crew rabbles 
ammonium chloride into the skim layer and adjusts 
the burners for the next shift. Skim is removed at 
16-hr intervals and, after cooling, is transferred 
to a hammer-mill for separation and recovery of 
metallics. The metallics are returned to the fur- 
nace and the oxide portion to an agitator for re- 
moval of water soluble chlorides. After settling and 
decantation, the skim is dissolved in electrolyte 
and pumped to the leaching department. 

The straight line type of machine presently used 
by the original plant is to be installed for casting. 
The machine has 140 molds mounted on an endless 
chain which is positioned on a slope for elevation 
and discharge of the slabs to a bench. The essential 
feature of the machine is the design of the structure 
and drive for elimination of vibration. Drive as- 
sembly for the machine consists of a 10 hp motor 
connected to dynamatic variable speed coupling, 
which in turn is connected to a worm reduction gear. 
Variation of mold speed is controlled by the ladle 
operator. Slabs discharged from the machine are 
stacked for transfer to the scales for weighing. After 
weighing and check-weighing the stacks are stored 
on the dock for shipment. 

Operating Data—Typical analyses and production 
data are shown in Tables I to IV. 


Reference 
1 AIME Trans., 1944, vol. 159, p. 194. 
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Mass Spectrometric Examination of Anode Gases from Aluminum Reduction Cells 


by Jack L. Henry and R. D. Holliday 


ASEOUS products of an aluminum reduction cell 
consist mainly of carbon dioxide and carbon 
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monoxide. Sulfur dioxide, hydrogen fluoride, and 
hydrogen sulfide have also been conclusively identi- 
fied. Carbon tetrafluoride has been observed only 
during the period when the anode is polarized.t This 
period, known as anode effect, occurs when the 
alumina content of the molten bath approaches de- 
pletion.” Increased resistance at the polarized anode 
results in a voltage rise from a normal 5 volts to as 


TRANSACTIONS AIME 


high as 60 volts in order to sustain the current. Al- 
though the anode effect is terminated as quickly as 
possible, the gas evolution rate and electrolyte tem- 
perature increase during its course. 

Many other gaseous products have also been sug- 
gested, as would be expected from the complexity of 
the system. In view of the many uncertainties in 
composition and difficulties in chemical analysis, a 
complete qualitative and quantitative analysis of 
anode gas was made with the mass spectrometer.* 


Experimental 

Thirteen anode gas samples were taken from com- 
mercial reduction cells of both the prebaked anode 
and the continuous or Sdderberg anode types. Nearly 
completely burned gas as well as samples showing a 
small degree of combustion were taken during nor- 
mal operation and anode effect. Gas was drawn into 
evacuated glass sample bulbs through a Vycor tube 
which was packed with pelletized sodium fluoride to 
remove the hydrogen fluoride.’ Slightly burned gas 
samples were obtained from within a steel can 
mounted over a hole in the bath crust, while the 
more completely burned samples were taken from 
above open holes. All samples were analyzed by the 
Consolidated Electrodynamics Corp. in Pasadena, 
Calif. 

; Results and Discussion 

The compositions of gas samples from the Séder- 
berg anode cell are shown in Table I. Corresponding 
compositions of gas taken from the prebaked anode 
cells are given in Table II. It is evident that the com- 
position is substantially the same for both types of 
reduction cells. Aside from carbon dioxide and car- 
bon monoxide, carbon tetrafluoride is the only gas 
appearing in quantity, and it is evolved only during 
anode effect. The nonappearance of carbon tetra- 
fluoride during normal operation does not rule out 
the possibility that CF, is an initial product, but that 
pyrolysis to CO and HF occurs as the gas escapes. 
Conditions in the cell closely resemble those em- 
ployed for the estimation of fluorocarbons by pyro- 
lytic hydrolysis to form HF.* The only higher fluoro- 
carbon detected was hexafluoroethane. Its low 
concentration indicates that the only serious fluoride 
loss in the form of inert fluorocarbons may be at- 
tributed to CF.. 

It is of interest to note that several sulfur gases 
are evolved from a reduction cell. The primary sul- 
fur compound appears to be carbonyl sulfide, al- 
though substantial amounts of carbon disulfide are 
generated during anode effect. COS is formed when 
carbon, oxygen, and sulfur or their compounds CO, 
CS., and SO, are brought together at high tem- 
perature.’ 

CcOosS=CO +5 
2COSi—' CO; 


Since the CO, concentration is high near the anode 
surface, mass action would favor the formation of 
COS. During anode effect, however, when the CO, 
concentration is lower, more CS, should be formed. 
Higher,local temperature during anode effect would 
also promote the formation of the more endo- 
thermic CS,. Since each atom of sulfur occupies two 
carbon bonds and prohibits the carbon from carrying 
its full share of oxygen as CO, during normal de- 
polarization, this constitutes a mechanism of carbon 
consumption. 

Sulfur dioxide is formed by the oxidation of the 
COS and CS, while hydrogen sulfide is presumably 
formed by hydrolysis. Elemental sulfur has been 
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Table 1. Composition of Anode Gas from a Séderberg Cell; 
HF and SiF, Removed 


Volume Pct 
During Normal Operation 


During Anode Effect 


Nearly Nearly 
Gaseous Very Com- Very Com- 
Compo- Slightly pletely Slightly pletely 
nent Burned Burned Burned Burned 
CO2z 44.19 30.77 16.28 7.52 
(exe) 42.07 12.98 64.25 1.80 
Ne 10.64 46.50 2.33 74.09 
Oz 2.60 8.98 0.48 14.33 
A 0.12 0.54 —_ 0.85 
0.04 0.10 — 
He 0.16 0.28 
0.05 0.01 0.12 
H2S 0.05 0.06 
COs 0.18 0.03 0.50 — 
CS2 — 1.01 
CF, 14.72 1.22 
CoF 6 0.12 — 


Table II. Composition of Anode Gas from Prebaked Anode Cells; 
HF and SiF, Removed 


Volume Pct 


During Normal Operation During Anode Effect 


Nearly Nearly 
Gaseous Very Com- Very Com- 
Compo- Slightly pletely Slightly pletely 
nent Burned Burned Burned Burned 
COz 43.48 32.45 11.25 21.70 
co 18.54 10.75 68.92 19.43 
Nez 29.08 47.24 2.71 54.77 
Oz 6.22 8.95 0.13 2.12 
A 0.32 0.52 — 0.58 
H2O 1.78 — 
SOz 0.07 0.01 
H2S 0.04 — 
COS 0.31 0.02 0.35 0.03 
CS2 0.39 
CF, 12.53 1.16 
CoF = = == 


found in particulate matter collected in the absence 
of air. It is possible that the reduced forms of sulfur 
may result from reduction at the cathode. Cyclic oxi- 
dation and reduction of sulfur compounds at the 
anode and cathode may be a factor in cell current 
efficiency.” 

Free hydrogen undoubtedly results from cracking 
of anodic hydrocarbons. The argon: nitrogen ratio is 
nearly that for air, indicating that nitrogen is prob- 
ably not a cell product. 

Hydrogen fluoride was purposely removed from 
mass spectrometer samples, and has been measured 
by other means. Pure unburned gas from small scale 
experimental cells has been found to contain ap- 
proximately 0.5 volume pct HF, assuming a formula 
weight of 20. Anode hydrocarbons appear to provide 
the hydrogen for the formation of HF. Additional 
HF is formed when volatilized or entrained fluorides 
contact the moisture in the air. The present data 
indicate that at least an additional 0.5 volume pct, 
based on the original gas volume, results from the 
thermal hydrolysis of such material. 
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Dissolution of Pyrite Ores in Acid Chlorine Solutions 


An apparatus and technique is described for reacting a known area of sulfide 
ore with a known volume of chlorine water and measuring the rate of dissolution of the 
ore. Pyrite, under all conditions studied, produces only ferric ions and sulfate ions, and 
the reaction is diffusion controlled with an energy of activation of about 5000 cal per 


mole. 


by M. |. Sherman and J. D. H. Strickland 


SE of a hydrometallurgical approach to the 

oxidation of sulfide ores and extraction of 
metals therefrom may have advantages over the 
more common smelting techniques when a low 
grade deposit is difficult to concentrate or the sub- 
sequent separation of metals, coexisting in the ore, 
is laborious by any known smelting operation. For 
economic reasons, the most promising oxidants are 
either atmospheric oxygen or electric power. 

The use of oxygen, or air under pressure, has re- 
cently been revised. Pyrrhotite has been converted 
to iron oxide and elementary sulfur’ and a variety of 
sulfides have been treated by Forward and co- 
workers.”** Generally sulfate is the end form of the 
sulfur but with galena in an acid medium, elemen- 
tary sulfur can be formed.’ For economic reasons 
chlorine and ferric iron salts are about the only pos- 
sible alternatives to the atmosphere as oxidizing 
agents for base metal sulfides. If aqueous solutions 
of chlorine or ferric iron are employed, the reduc- 
tion products can be oxidized electrolytically in 
situ and used again, thus acting as catalysts for 
electric power as oxidant. The use of ferric salts 
for this purpose is established hydrometallurgical 
practice’ but, although chlorine gas has been em- 
ployed in the dry state at an elevated temperature, 
its use in aqueous solution at or near room tempera- 
ture has not found favor. 

The reaction of chlorine water with the soluble 
sulfide ion has been studied by several workers,” 
and both sulfate and elemental sulfur are found as 
end products, the latter being favored by the pre- 
sence of a low concentration of oxidant relative to 
that of sulfide in solutions of about pH 9 to 10. Of 
direct bearing on the work in hand are an early 
American patent’ and a recent Austrian patent.” 
The former advocates stirring powdered ore with an 
aqueous solution of ferric chloride chlorine oxides 
and chlorine. In the latter it is claimed that both 
metal and sulfur can be obtained by electrolysis, in 
a diaphragm cell, of a metal ore slurry in brine. 
Details in these patents are scant and no data or ex- 
planation is given for the mechanism of the reaction 
which, in the Austrian work, is attributed to the 


(unlikely) action of nascent chlorine at the anode © 
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surface. No mention is made of possible differences 
in behaviour between various ores. 


Apparatus 

A complication encountered when working with 
chlorine water is that a serious loss of chlorine oc- 
curs by gas partitioning unless an enclosed system 
is used and any air space in the apparatus is kept 
very small and constant. Arrangements were made, 
therefore, to take out samples for analysis without 
letting air into the system to replace the liquid re- 
moved. For convenience in studying a heterogen- 
eous reaction the apparatus was so designed that a 
reproducible controlled stirring rate could be main- 
tained and the ratio of surface area of ore to volume 
of solution was approximately constant throughout 
any experiment. 

The apparatus used is shown in Fig. 1. The 
ground ore was placed in the horizontal cylindrical 
vessel, A, of about 1 liter capacity, heated by a con- 
stant temperature circulating bath pumping water 
through the concentric jacket, B. By adding chro- 
mate to this water, an ultraviolet radiation filter ef- 
fectively surrounded the reaction vessel, greatly 
reducing any possible photochemical decomposi- 
tion of chlorine solutions. Stirring was effected by 
glass paddles, C, attached by an axle to a magnet 
which was rotated by another powerful Alnico mag- 
net, D, outside the glass end, this magnet being itself 
rotated by an electric motor electronically con- 
trolled to constant speed. Speed could be varied from 
about 150 to 900 rpm and was measured and held 
to within 1 pct of a given value. The end of the re- 
action vessel remote from the stirring magnet was 
closed by another one-ended glass cylinder, E, con- 
nected by thin polyethylene bellows, F, clamped 
by screw clamps and watertight rubber gaskets to 
the main vessel. Through E, a glass electrode and 
calomel electrode projected into the solution and a 
hypodermic syringe pierced a small bung and al- 
lowed acid or alkaline to be added to maintain a 
constant pH. By pushing the fully extended bellows 
until the two cylinders touched, from 50 to 100 ml 
of solution could be forced out through a sintered 
disk into the three-way tap system, G, either to 
waste (for flushing purposes) or up into a 10 ml 
burette where the solution could subsequently be 
measured out for analysis. The ore samples were 
introduced at H, the tube being stoppered by a ther- 
mometer of —1 to +52°C range, graduated to 0.1°C 
intervals. To prevent ore from being ground in the 
end bearings of the stirrer these bearings were pro- 
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Fig. 1—Schematic diagram of apparatus. 


Table |. Experimental Data 


k, 
k, Cm per 
Cm per Min for 
Temper- Minfor Chlorine 
Experiments Illustrate Conditions ature,°C Chlorine Dioxide 
Effect of Temperature 0.1M H+ 10.0 0.221 0.119 
1.0 0.328 0.179 
rpm .0 
Effect of Acidity 0.5M H+ 
pH 0.40 25.0 0.326 
300 rpm 
0.02M H+ 
PH 2.05 25.0 0.328 
300 rpm 
Effect of Stirring 0.1M H+ 
PH 1.0 25.2 0.862 0.457 
675 rpm 


tected by polyethylene disks attached to the rota- 
ting shaft (not shown). To prevent ore collecting 
and stagnating in the folds of the bellows, these were 
lined by a stiff cylinder of thicker polyethylene 
(also not shown), which was fastened to the end 
cylinder and slid in and out of the main reactor 
vessel. The whole equipment was securely fastened 
in a wooden cradle and the apparatus could be tilted 
and held, if desired, at an angle to the horizontal 
to assist in maintaining an even layer of ore on the 
bottom of the cylinder. 


Experimental Procedure 

A large sample of pyrite from British Columbia, 
assaying at better than 97 pct FeS., was crushed and 
wet-sieved to give a fraction —10 + 14 Tyler screen. 
The particles were irregularly shaped, somewhere 
between cubes and spheres, and an estimate of the 
apparent surface per gram was obtained by weighing 
a known number of particles and comparing the 
volume with that calculated, assuming each particle 
a cube of side equal to the mean mesh opening. The 
volume shape factor thus obtained was used as an 
area shape factor and, although the justification for 
such a procedure can be questioned, it was consid- 
ered that using this factor led to less error than 
neglecting it. 

The apparatus was assembled and filled with a 
solution of oxidant, in a medium of desired 
ionic composition and pH, so that no air remained 
in the’ vessel. The solution was stirred and the 
jacketing water circulated until the correct tem- 
perature was reached. A known weight of ore 
was quickly added through the thermometer out- 
let and a stop watch started. At known time in- 
tervals the bellows were compressed and liquid re- 
moved. One ml was sent to waste in order to flush 
out the equipment, then the three-way tap was 
turned so that 8 ml could be sent up into a burette 
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from which a 5 ml aliquot was taken for oxidant 
determination, 1 ml for sulfate determination, and 
1 ml for the determination of iron. At the end of 
an experiment, during which from five to eight 
points were taken, the remaining ore was removed, 
washed well with water, and air dried. 

To prevent complications due to hydrolysis of fer- 
ric ions or of chlorine, the pH was kept below about 
2. To maintain a sensibly constant ionic strength 
during a run, all work was carried out in the pre- 
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sence of an excess inert electrolyte. Although sodium 
perchlorate is generally ideal for this purpose, 
sodium chloride was used in this work as it better 
simulated any likely practical conditions and, in the 
case of lead ores,” prevented the precipitation of lead 
sulfate. Sodium chloride and hydrochloric acid 
were obtained from analytical grade sources and 
chlorine was taken from a cylinder. 

The method used for determining chlorine was 
by a spectrophotometric technique developed espe- 
cially for this investigation. Iron was determined 
absorptiometrically with o-phenanthroline; and sul- 
fate, after distillation as hydrogen sulfide by Luke’s" 
procedure, was determined absorptiometrically as 
Lauth’s violet.* 


Results and Discussion 

In a large number of representative points the 
results for chlorine consumed and ferric and sulfate 
ions brought into solution showed that, within 
the limits of experimental error, only sulfate was 
formed from the disulfide ions in the ore. The ki- 
netics of the reaction are adequately expressed, 
therefore, by curves showing the consumption of 
chlorine with time. Examples of these are given, as 
plots of log chlorine concentration against time in 
minutes, by Figs. 2 and 3, showing the effect of tem- 
perature (10° to 40°C) and rate of stirring (300 and 
675 rpm). Visually the surface of pyrite particles 
after treatment was unchanged except for micro- 
scopic etching. 

For a first order heterogeneous reaction with 
chlorine water a reaction constant * can be defined 
by 

—dC,, A 
—— = k-—-C,,, 
dt V 
where —dC,.,/dt is the rate of decrease of oxidant 
concentration when, at a concentration of C,, mole 
per liter, A is the area of the ore in sq cm, and V 
the volume of the solution in cu cm. If t is in minutes, 
k has the units of cm-min™. If the chemical reaction 
is very rapid the observed rate of reaction will de- 
pend solely on the rate with which oxidant mole- 
cules can diffuse through a layer of solution close 
to the ore, over which a concentration gradient is 
found, there being zero concentration at the surface 
and a concentration C,, outside the layer. In this case 
k should equal a diffusion or transport constant k, 
defined by 


80D 


where D is the Fick diffusion constant in cm’* sec™ 
and L the length, in cm, of a hypothetical diffusion 
layer where a linear concentration gradient from 
C,. to zero applies. Although the existence of such 
a simple layer is in dispute the concept leads to a 
satisfactory qualitative description of many hetero- 
geneous transport-controlled reactions.” The k, 
should be particularly sensitive to the rate of stir- 
ring and, provided that the stirring rate, r, is ap- 
preciable, a relationship 

ky a [3] 


should apply with b having a value above 0.5. The 
energy of activation E, should be low, only a few 
thousand calories, and factors affecting the chemi- 
cal reaction at the surface, such as pH, should have 
no effect. 

The data given in Table I show that transport 
control applied to all the experiments. In every case 
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5.05 g of pyrite, giving an estimated surface area 
of 56 sq cm, reacted with an initial volume of be- 
tween 910 and 924 cu cm of a solution, 0.5M with 
respect to chloride, the cations being sodium or hy- 
drogen ions. The values for ky, calculated, using the 
integrated form of Eq. 1, are given in Table I for 
various experimental conditions. 

The pH is seen to have no effect on the reaction 
for which b, Eq. 3, has a value of 1.2. The mean en- 
ergy of activation between 10° and 40°C, as deter- 
mined from the Arrhenious plot, Fig. 4, is 4900 cal 
per mole. This mean value is reasonable for a diffu- 
sion-controlled reaction in aqueous solutions, and 
the slope is somewhat less at lower temperatures, in 
harmony with expectation.“ To confirm that the 
kinetics found with chlorine were diffusion con- 
trolled, a few experiments were made using chlorine 
dioxide solutions which also reacted with pyrite to 
give only sulfate. Again the energy of activation, 
Fig. 4, was 4900 cal per mole and the b factor 1.2. 
The K, value for chlorine was 1.85 times the Ky 
value for chlorine dioxide under identical experi- 
mental conditions, which is not an unreasonable 
value for the ratio of the diffusion coefficients as pre- 
dicted by Eq. 2. 

The present study has been made in some detail 
to establish a norm for transport control behavior 
before studying the more complex reactions of other 
ores, such as galena,” where mixed transport and 
chemical control can occur and elementary sulfur 
may be found as an oxidation product. The general 
precision of the present experiments is satisfactory 
proof of the general adequacy of the apparatus, ana- 
lysis, and experimental techniques. 

It is unfortunate that only sulfate is produced 
from pyrite with chlorine water. This mineral occurs 
in nature associated to some degree or other with 
most other sulfide ores, and its oxidation to sulfate 
is economically wasteful of oxidant, using up 7% 
moles of chlorine for each mole of pyrite attacked. 

+32H*+4S0,". 
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by G. Meister and W. C. Lilliendahl 


PREPARATION OF URANIUM 


METAL BY FUSED SALT ELECTROLYSIS 


Uranium metal with a purity of about 99.9 pct was produced on a large 
scale by fused salt electrolysis with a material efficiency of about 90 pct. 
The material efficiency depends mainly on bath composition, electrolysis 
temperature, electrode smothering, and elutriation during washing of the 


powder. 


ESEARCH and development work on fused salt 

electrolysis carried on by the Westinghouse 
Lamp Div. Bloomfield, N. J., was done under the 
Manhattan District Corps of Engineers and later 
under the Atomic Energy Commission for the com- 
mercialization of uranium production for the first 
atomic pile at the University of Chicago in 1942. 

From the conception of the atomic bomb project 
it was recognized that metals with impurity levels 
having little metallurgical significance would be 
required. Permissible impurity levels were based 
on neutron absorption. Of particular significance 
was boron, which could not be present in amounts 
exceeding 1 ppm. 

The electrolytic method as developed in 1930 by 
Driggs and Lilliendahl,*’ and later improved, 
yielded uranium of very low boron and other del- 
eterious impurity content. No other method was 
capable at that time of producing uranium metal of 
the required purity.* The low boron content of ura- 
nium produced by the electrolytic process resulted 
from the availability of the reactants which were 
low in boron content, and from the inherent elimi- 
nation of boron in the fused salt bath. 

Since the heart of any electrolytic process is the 
electrolysis cell, this paper will deal with the devel- 
opment of the original bath composition for the 
efficient production of uranium from a batch proc- 
ess to one of continuous operation. Emphasis also 
will be placed on other factors which will affect the 
material efficiency of the process. 

With the laboratory cell the material efficiency 
of uranium powder recovery in the early electrol- 
ysis was relatively low, about 35 pct based on the 
ratio of uranium recovered to uranium added. This 
early process also had other defects. The electro- 


G. MEISTER and W. C. LILLIENDAHL, Member AIME, are asso- 
ciated with the Lamp Div., Westinghouse Electric Corp., Bloom- 
field, N. J. 

TP 4604D. Manuscript, Mar. 5, 1956. New York Meeting, Feb- 
ruary 1956. 


TRANSACTIONS AIME 


lytic bath could not be used continuously. After 
three runs from a freshly charged crucible, the de- 
posit showed a tendency to slip off the electrode as 
it was raised from the bath. This condition neces- 
sitated pouring the charge every fourth run and 
preparing a new bath. It was assumed at that time 
that this condition was caused by the increasing 
fluoride concentration with each addition of ura- 
nium salt, which affected the mobility of the ura- 
nium ions. 


Experimental 


The electrolysis cells differed in size only. They 
were of the floating cathode type. 

The laboratory cells were 2% in. ID and 6 in. 
deep and operated at 30 amp and 5 volts. Produc- 
tion was about 150 g metal powder per 8 hr. The 
plant cells (5 units) were 9 in. ID x 21 in. deep and 
operated at 1800 amp at 12 volts. The total produc- 
tion unit was designed to produce 250 lb of uranium 
powder per 8 hr day. 

Because of the tendency of uranium fines toward 
spontaneous combustion, material efficiencies were 
based only on the recovery of useful coarser metal 
which could be safely handled. The reported effi- 
ciencies are of particular significance only as re- 
lated to the same group of experimental procedures. 

At the start of the project no changes were con- 
templated until previous data could be definitely 
confirmed. Therefore, the first experiments were 
with the 50 pct CaCl,-50 pct NaCl mixture. The 
material efficiency of uranium deposition as a func- 
tion of the number of electrolyses is shown in 
Table I. 

In Table I, the decrease in efficiency at 800°C 
with number of runs is apparent and confirmed the 
earlier data. Operating at 900°C enabled the num- 
ber of runs to be doubled, but before pouring the 
charge the efficiency of recovery became poor. This 
test indicated that the improved efficiency might 
have been caused by an increase in the fluidity of 
the bath. 
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Table I. Material Efficiencies with Continuous Use of 
50 Pct CaCls-50 Pct NaCl Bath 


Uranium Temper- Average 

Run Nos. Salt ature, °C Powder Efficiency 
1lto4 KUFs 800 coarse 60.5 
5 to7 KUF; 800 coarse 32.0 
1to8 KUF; 900 coarse 60.0 
9 to 12 KUFs 900 coarse 42.0 

Table II. Material Efficiencies with Continuous Use of 
80 Pct CaCl.-20 Pct NaCl Bath 

Uranium Temper- Average 

Run Nos, Salt ature, °C Powder Efficiency 
1to4 KUF; 800 coarse 61.5 
5 to8 KUF; 800 coarse 63.0 
9 to 12 KUFs 800 coarse 51.5 


Table III. Material Efficiencies with Different Uranium Salts 


Uranium No. of Temper- Pow- Average 


Salt Runs Bath ature,°C der Efficiency 
KUF; 3 80 pct CaCly-20 pet NaCl 900 coarse 52 
UF, 3 80 pet CaCls-20 pct NaCl 900 coarse 175 
UF; + KF 3 80 pct CaCly-20 pet NaCl 900 coarse 51 

4 41 80 pet CaCls-20 pct NaCl 800 coarse 68.4 
KUF; 36 80 pet CaCl2-20 pet NaCl 800 coarse 59.6 


Table IV. Salt Consumption in Electrolytic Baths 


Original Bath Ratio of 
Composition, Pct Uranium Salt Used 
Temper- Salt to Metal 
CaCl, NaCl ature, °C Bath Used Produced 
50 50 800 4 runs, discard bath KUFs 10 
50 50 900 8 runs, discard bath KUF;s 6 
80 20 800 15 runs, discard bath KUFs 3.8 
80 20 800 continuous, dip and KUFs 3.4 
recharge 
80 20 800 continuous, dip and UF, 3.0 
recharge 


Table V. Increase in Yield of Metal Powder with Salt Smothering 


Bath Average 
Salt Salt Temper- Yield, 
Test Smother Used ature, °C Powder Pet 
A No — 900 coarse only 59 
B Yes NaCl 900 coarse only 75 
(o Yes CaCle 900 coarse only 65 


Table VI. Yields of Metal Powder Obtained with the Aid of an 
Elutriator in Experimental Factory Production 


Metal Pct of 
Metal Recovered in Recovery, 
Theoretical Recovered, Elutriator, Coarse 
Test Yield, G Coarse, G Fine, G and Fine 
A 20,600 17,514 2,284 96 
B 24,800 19,290 2,475 88 
(0) 18,786 16,500 1,100 93.9 
D 25,776 21,000 1,304 86.7 
Table VII. Chemical Purity of Fused Uranium* 
Lots Average 
Impurity Analyzed High Ppm Ppm 
Boron 30 1.05 0.61 
Iron 10 260 162 
Chlorine 12 10.1 4.4 
Nitrogen 21 od 4.5 
Molybdenum 20 100 32 
Copper 10 20 16 
Lead 10 35 22 
Nickel 10 20 11 
Cobalt 10 26 15 
Silver 10 1 
Manganese 10 — 7 
Chromium 10 — 10 
Sodium. 10 — 10 
Cadmium 10 0.3 0.1 
Titanium 10 5 
Silicon 10 50 33 
Sulfur 10 350 310 
Hydrogen 7 28 13 
Carbon 7 1400 1120 


* Total metallic impurities, 0.033 pct. 


It therefore seemed logical to adjust the calcium 
chloride content of the bath between 50 and 100 
pet, which might result in dissolving increasing 
amounts of calcium fluoride and reducing the vis- 
cous condition of the bath which was concurrent 
with poor operating efficiency. The idea was tested 
using a bath composition of 80 pct CaCl, and 20 
pet NaCl. 

In Table II, a marked increase in efficiency is 
noted over that experienced with the 50 pct CaCl,- 
50 pet NaCl bath. The efficiency, however, begins 
to fall off after eight runs. This electrolyte became 
very viscous and unusable after ten or more runs. 
It seemed that the material efficiency always de- 
creased considerably as the bath became more vis- 
cous, probably due to increased calcium fluoride 
concentration which was theorized as troublesome 
in the earlier work. To see if this explanation were 
true, several cooling curves were taken of different 
bath compositions. These cooling curves indicated 
that the viscous nature of the bath after several 
runs was actually caused by an increase in calcium 
fluoride concentration. 

It was highly desirable, however, in the large 
scale operation contemplated, for a continuously 
operating bath to be found. The allowable fluoride 
concentration for a continuous run was estimated 
by calculation as between 20 and 30 pct CaF,. 

In addition to the problem of fluorides the potas- 
sium content of the bath appeared to have a marked 
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effect on increasing the pyrophoric properties of the 
deposited powder. Continuous experimentation with 
baths containing KUF; indicated that UF, might be 
a superior salt to substitute for KUF;. At the start 
of the project, this uranium salt (UF,) was not 
available in quantities with sufficiently low boron 
content.® Later UF, was used in both the laboratory 
and plant operations. In Table III, the efficiencies 
of baths operating on KUF,, UF,, and UF + KF are 
tabulated. 

From Table III it is seen that the efficiencies for 
coarse powder are highest with the use of uranous 
fluoride (UF,), indicating that potassium is an ob- 
jectionable element because it produces excessive 
fines and therefore reduces the material efficiency. 

The yield of coarse metal powders could be in- 
creased by recharging with more bath salts, thereby 
keeping the concentrations of CaF, and KCl low. In 
Table IV the ratio of salt used to metal produced 
is tabulated for the early batch type of operation 
and for the final continuously operated bath. 

This tabulation shows that there is a marked de- 
crease in salt consumption in the operation of the 
50 pet CaCl,-50 pct NaCl and the 80 pct CaCl,-20 
pet NaCl baths. Salt consumption is reduced further 
in the continuously operated bath because the fluo- 
ride concentration, which affects the viscosity, is 
kept low. The effect of temperature on salt con- 
sumption is noted in the 50 pct CaCl.-50 pct NaCl 
bath. 
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Athough the material efficiency had been in- 
creased over that of the early work on electrolysis, 
further improvements were always sought. It was 
noted that, as the electrode was removed from the 
bath of the production cell, there were always some 
signs of metal burning. The most successful pro- 
cedure to overcome this difficulty was to smother the 
electrode by removing it from the hot electrolytic 
bath and immediately submerging it in fine dry so- 
dium chloride contained in a can which was water- 
cooled. The average yield of powder in five test runs 
under the same conditions increased from 68 pet 
without salt cooling to 82 pct with salt smothering. 
Results of test runs on the production cell are given 
in Table V. 

Dry sodium chloride was found best for quench- 
ing. This procedure also made the removal of the 
deposit easier. If the electrodes, after smothering of 
the deposit and while it was still hot and plastic, 
were removed with a twisting motion, the electrodes 
could be stripped of the deposit. 

A further improvement in the yield of metal 
powder was finally made by recovering the fines by 
elutriation. The fine powder so recovered, if pro- 
perly washed, was found to be as stable as the 
coarse powder, and gave good yields of fused metal. 
The total uranium recovered when using the elu- 
triator is shown in Table VI. 

It is seen from Table VI that, when the uranium 
fines were recovered by elutriation and included in 
the total powder recovered, then the material effi- 
ciency for these salt combinations averaged about 
90 pct of the total uranium added. The residue, 
which was composed chiefly of uranium oxide, was 
collected as sludge and converted to uranium salts. 

This experimental plant actually produced more 
than 60 tons of pure uranium by this process.** 


Purity of Product 


It was indicated that the production of pure ura- 
nium was dependent upon the exclusion of many 
impurities. The electrolytic method was inherently 
able to act as a purification process prior to the 
actual deposition of metal at the cathode. Thus, at 
times, calcium chloride or other intermediates would 
show abnormally high boron concentrations. These 
could be reduced to a low order of magnitude by 1) 
allowing the fused bath to stand prior to electrol- 


ysis, and 2) deposition of impurities on an auxiliary 
dummy electrode followed by the substitution of 
another for the primary deposition. 

Iron contamination of graphite crucibles was also 
a problem at times. As the crucible was the anode 
during the electrolysis, iron was readily dissolved 
into the bath and deposited with the uranium. It 
was found that the iron content of crucibles could 
be appreciably reduced by continued electrolysis. 

Some idea of the purity obtained is shown in the 
compilation in Table VII, which represents a com- 
posite of 7.5 tons divided into 30 lots of 500 lb each. 


Conclusions 


It was shown that uranium with a purity of about 
99.9 pct could be produced on a large scale by fused 
salt electrolysis with a material efficiency of about 
90 pct. Material efficiency depended on two opera- 
tions, electrolysis of uranium salt and processing of 
uranium deposit. The main factors discussed which 
affected material efficiency were composition of bath, 
temperature of electrolysis, type of uranium salt 
electrolyzed, smothering of electrode, and recovery 
of fine uranium powder by elutriation during wash- 
ing. 

Over 60 tons of pure uranium were produced by 
this process. This high purity uranium, which was 
low in boron, was successfully used in the first 
atomic pile. 
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If 


LECTRICAL conductivity of slags and glasses is 
of particular interest when viewed as an ac- 
tivated ionic flow process. The ionic conductivity, 
for example, has been found to obey the Rasch- 
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Hinrischen law as a function of temperature. That 
law may be stated as K= A exp (—Q/RT) where 
K is the specific electrical conductivity, A is a con- 
stant for each composition, and @ is the energy of 
activation for conduction. 


The specific electrical conductivities of molten 
boric oxide and of two molten boric oxide-lead 
oxide solutions were measured at temperatures from 
650° to 850°C by an ac voltage drop method des- 
cribed elsewhere.* A two-terminal conductivity cell 
which consisted of two rigidly supported platinum 
electrodes dipping into a Vycor container was heated 
in a vertical tube resistance furnace. Melts were 
prepared by dewatering H,BO, in graphite crucibles 
at 1100°C and then adding 2.4 and 4.0 mol pet PbO 
to dehydrated boric acid, B.O;. Samples of each melt 
were analyzed for PbO by the gravimetric sulfate 
method at the end of each run, and boric oxide was 
taken by difference. 

Measurements of electrical conductivity and tem- 
perature were made as the melts were heated and 
cooled. The conductivity-temperature relationship 
was found to be identical for both heating and cooling. 
Plots of In K vs 10*/T, shown in Figs. 1 and 2, con- 
sist of straight line portions which indicate a con- 
stant @ for each linear portion. Breaks in the curves 
of Fig. 1 correspond to the appearance of a second 
phase, according to the constitution diagram for 


TEMPERATURE °C 
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Fig. 2—Specific conductivity of boric oxide, B.O3. Circles 
refer to data of Shartsis, Capps, and Spinner;* triangles, 
Parks and Thomas;* diamonds, Arndt and Gessler;° and 
squares, this research. 
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the system PbO-B.O;.’ In the single liquid range 
the pure B.O,, 2.4, and 4.0 mol pct PbO melts have 
Q values of 30, 27, and 27 kcal per mol, respectively. 
The specific conductivity of pure B.O,; was found 
to be the same order of magnitude as that obtained 
by Parks and Thomas,’ while Shartsis et al.* found 
it to be greater by a factor of ten. Arndt and Gessler,* 
in earlier work, obtained intermediate values. Acti- 
vation energies, Q, calculated from the latter two 
sources were 28 and 27 kcal per mol, respectively. 
The activation energy for conduction of 27 kcal 
per mol in the lead oxide-boric oxide melts is simi- 
lar to that calculated from the data of Shartsis et 
al.“ on several alkali metal oxide-boric oxide melts, 
namely, about 25 kcal per mol at low alkali metal 
oxide concentration. This close correspondence of 
activation energies indicates a common modifica- 
tion mechanism in B,O,; networks modified by oxides 
containing univalent or divalent cations. 
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Fig. 1—Specific conductivity of lead oxide-boric oxide 
melts. Diamonds refer to 4.0 mol pct PbO, on cooling; 
squares, 2.4 mol pct PbO, first cooling run; triangles, second 
cooling run; and circles, heating run. 
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by Joseph B. Story and John T. Clarke 


Electrical Conductivity of Fused 
Sodium Chloride-Calcium Chloride Mixtures 


A modification of the Kelvin bridge using an inductor was used to 
measure the conductivities of molten sodium chloride, calcium chloride, 
and mixtures thereof. A capillary-type four-lead fused quartz dipping cell 
was constructed. The effect of a small amount of potassium chloride on the 


conductivity of the melt was determined. 


N the electrowinning of sodium and chlorine from 

sodium chloride in Downs cells, calcium chloride 
is added to the sodium chloride in an approximately 
equimolar amount to permit cell operation at a lower 
temperature. This lower temperature improves cur- 
rent efficiency and ease of operation, but decreases 
voltage efficiency by decreasing the electrical con- 
ductivity of the melt. A knowledge of the electrical 
conductivity of the Downs cell melt is necessary to 
the understanding of Downs cell operation, for the 
IR voltage drop across the melt is responsible for a 
significant part of the electrical power consumed by 
the cell. 

The work of previous investigators on fused so- 
dium chloride-calcium chloride mixtures was re- 
viewed from the standpoint of consistency with 
the results of others on the conductivities of the 
pure constituents. The electrical conductivity of 
pure fused sodium chloride has been established 
with accuracy by Van Artsdalen and Yaffe," by Ed- 
wards, Taylor, Russell, and Maranville,* and by Lee 
and Pearson.* It has also been studied by a number 
of other investigators.*“ The best values for calcium 
chloride are believed to be those of Lee and Pear- 
son,* since the sodium chloride and potassium chlor- 
ide conductivity values given by them check the best 
literature values. A number of other investigators 
have also reported values for calcium chloride.*°”*™ 

Electrical conductivity data for fused sodium 
chloride-calcium chloride mixtures have been re- 
ported by Sandonnini,” Vereshchetina and Luz- 
hnaya,” Ryschkewitsch,” Barzakovskii,’ and Alaby- 
shevy and Kulakovskaya.” Sandonnini reports no 
data at temperatures lower than 850°C. The con- 
ductivity values reported by Vereshchetina and Luz- 
hnaya, by Ryschkewitsch, and by Barzakovskii for 
pure sodium chloride and for pure calcium chlor- 
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ide vary somewhat from the literature values be- 
lieved to be best and the sodium chloride-calcium 
mixture data of these authors and of Alabyshev and 
Kulakovskaya (who give no data for the pure com- 
pounds) show significant variations. In view of these 
facts, it seemed that an investigation of the elec- 
trical conductivities of fused sodium chloride-cal- 
cium mixtures would be worthwhile. 


Appsratus 

Bridge System—The bridge used in this investi- 
gation is diagrammed in Fig. 1. In general, the ela- 
borations of this bridge over the simple Wheatstone 
bridge were for the purposes of a) eliminating lead 
resistances or making them accurately measurable, 
and b) eliminating major capacitative and induc- 
tive effects or balancing them against each other. 

Lead resistances in the lower arms of the bridge 
were kept as low as possible by making the leads 
short and of low resistance wire. This could not 
be done in the cell arm of the bridge because of the 
remoteness of the cell from the other bridge com- 
ponents and because of the high-resistance nickel 
or chromel wires used in the cell. Since maximum 
sensitivity is attained when the resistances of the 
four arms of the bridge are equal, 50-0 resistors 
were used in the lower arms of the bridge when 
fused salt conductivities were being measured, and 
1000-9 resistors were used when the cell was being 
calibrated with normal aqueous KC1 solution. The 
cell resistance was of the order of 50 ohms with 
fused salts and of the order of 1000 ohms with 
normal aqueous KC1 solution. The resistors used 
were non-inductive and accurate to +0.05 pet (Gen- 
eral Radio Co. Types 500-C and 500-H). 

The lead resistance between point A in the cell 
and point E at the measuring resistor was eliminated 
by using the Kelvin bridge principle; that is, the 
voltage drop across the lead from point A to point E 
was divided between the cell arm of the bridge 
and the measuring arm of the bridge in proportion 
to the resistances in the lower arms of the bridge. 
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Fig. 1—Diagram of the bridge. 
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The 50-Q resistors used to divide the voltage drop 
were of the same type as used for the lower arms 
of the bridge. 

A double lead was used between point B in the 
cell and point C on the inductor, with the resistances 
of the individual leads matched against each other. 
One of the leads was provided with a switch across 
which a de resistance bridge was connected (Rubi- 
con Portable Wheatstone Bridge No. 1352). This 
arrangement permitted a determination of the 
parallel resistance of the leads at each cell tem- 
perature by a series resistance measurement. 

The measuring resistors used in the upper right 
arms of the bridge were a 3-decade 0-11,100 (in 
steps of 100) resistor (General Radio Co. Type 
1432-C) in series with a 3-decade 0-111.0 (in steps 
of 0.10) resistor (General Radio Co. Type 670-F). 
These resistors had a small inductive effect. 

The fused salt cell had a very large capacitance 
(of the order of 100 wfarads) which varied widely 
with temperature. In order to make the bridge 
balance properly, the cell arm of the bridge was 


Table |. Electrical Conductivity of Fused Sodium Chloride— 
Calcium Chloride Mixtures 


Mol Pct CaCl, Temperature, °C Conductivity, Ohm-t Cm-1 


0 3.877 

875.1 3.820 

856.5 3.773 

838.1 3.724 

810. 3.643 

897.3 3.873 

11.5 806.0 3.096 

781.7 3.033 

26.4 810.3 2.609 
756.4 2.41 

704.9 2.211 

48.2 807.0 2.256 

756.9 2.056 

709.7 1.864 

647. 1.596 

595.5 1.367 

571.4 1,251 

555.5 1.177 

570.4 1.246 

66.7 691.9 1.639 

746.8 1.876 

799.7 2.099 

100 802.5 2.121 

851.5 2.345 


made to behave as a pure resistance, or only differ- 
ently enough therefrom to compensate for the 
small inductance in the measuring arm. This was 
done by using a variable inductor (2 to 52 whenries 
General Radio Co. Type 107-J) in series with the 
cell. The use of a variable coupled inductor to com- 
pensate for cell capacitance was suggested by Wen- 
ner” and used by Edwards, Taylor, Russell, and 
Maranville.’ In the latter use, the coupling was be- 
tween one oscillator lead and the bridge arm corre- 
sponded to the lower right arm of the bridge in Fig. 1. 
During the development of the apparatus, a test was 
made of the effect of frequency upon cell resistance. 
At this time measurements were made only to 0.3 pct. 
Within this limit, the resistance was independent of 
frequency from 1,000 to 40,000 cps. Frequencies less 
than 1,000 cps were not tested. 

A DuMont Type 304-A oscilloscope was used. The 
60-cycle filter was a Kay Lab Model 503A. The 
single-stage amplifier (gain = 25) was constructed 
which increased the sensitivity of the bridge bal- 
ance to 1 part in 10,000. However, satisfactory 
data could have been obtained without using the 
amplifier. 

The oscillator was a General Radio Co. Type 
1302-A. A switching arrangement was made where- 
by a 560-9 resistor could be connected in series 
with one of the oscillator leads, or a 1500-0 resistor 
in parallel across the leads. This was done to provide 
a load of approximately 600 ohms for the oscillator 
for either fused salt or standardization measure- 
ments. 

Furnace—Details of the cell assembly are shown 
in Figs. 2 and 3. The furnace was tubular, 16 in. 
long with a 3-in. bore (L. H. Marshall Co., Colum- 
bus, Ohio). This furnace and its controller (of the 
same manufacture) maintained the sample at con- 
stant temperature. Under the best conditions of ther- 
mal equilibrium, there was no measurable tempera- 
ture change over a period of 15 min. Normally, 
however, there was a slight temperature variation. 
The average set of measurements was taken over a 
period of 13 min, during which time the temperature 
changed 0.4°C. The close fit of the equipment pre- 
vented a determination of the vertical tempera- 
ture gradient in the furnace under operating con- 
ditions, but such a measurement of less shielded ar- 
rangement showed a zone of at least 4 in. in the 
middle of the furnace which had a total temperature 


Table II. Electrical Conductivity of the Fused Ternary System* 


Temperature, °C Conductivity, Ohm-! 


570.3 1.200 
597.0 1.324 


* 50.7 mol pct sodium chloride, 48.3 mol pct calcium chloride, and 
1.0 mol pet potassium chloride, 


Table III. Electrical Conductivity of the Fused Ternary System* 


Temperature, °C Conductivity, Ohm-! Cm-1 


597.8 1.387 
570.4 1.256 
559.8 1.203 


* 55.4 mol pet sodium chloride, 43.7 mol pct calcium chloride, and 
0.88 mol pet barium chloride. 
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Fig. 2—Upper portion of cell assembly. 


gradient of 1°C. The sample itself served as a con- 
stant temperature bath for the capillary. The cell 
assembly was inside a 30-mm Vycor tube 36 in. 
long. The space between the tube and furnace was 
partitioned by annular stainless steel plates, i.e., 
rings perpendicular to the tube, spaced 1 in. apart 
by porcelain thermocouple insulators. This was done 
to simplify temperature control. The cell came into 
the furnace through the top of the Vycor tube, 
and the sample through the bottom. This permitted 
measurements on a series of samples without re- 
moving the cell from the furnace. 

Conductivity Cell—A high-resistance dipping 
type cell was used. It was constructed from a fused 
quartz microcombustion tube (Sargent Co. S-21770). 
The tube (exclusive of tip) was 525 mm long, 11.25 
mm OD, and 8 mm ID; the tip was 30 to 35 mm long, 
3.25 mm OD, and 1.5 to 2 mm ID. The resistance 
measured was that of the material in the capillary 
tip. One electrode was inside the combustion tube; 
it consisted of a loop of 0.040-in. nickel wire arched 
to prevent its approaching the capillary too closely. 
The ends of the wire were the leads, and were 
separated in the cell by porcelain thermocouple in- 
sulation. The other electrode was another loop on 
the outside of the cell. In early measurements this 
was of the same nickel wire as used for the inner 
electrode, but it was found that, even with an argon 
flush, enough oxygen entered the furnace during 
sample changes to embrittle the nickel. In later 
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Fig. 3—Lower portion of cell assembly, 


measurements a chromel strip was used; this strip 
was held in place by a 17-mm Vycor tube con- 
centric with the cell. Into this Vycor jacket four rows 
of indentations were impressed. This made four 
passages between the cell and the jacket. Two, on 
opposite sides, were used for the outer electrode 
leads, and the other two were used for thermo- 
couple wires. The tip of the thermocouple (chro- 
mel-alumel) was placed against the capillary at its 
middle. The temperature measurement was made 
with a precision potentiometer (Leeds and North- 
rup No. 8662). 

The sample was contained in an 18-mm Vycor test 
tube 31% in. long. This test tube was placed inside a 
larger test tube for support and safety. In the early 
measurements, the larger tube was a 25-mm Vycor 
test tube 4 in. long; a silver foil cylinder was placed 
between the test tubes to shield the thermocouple 
and capillary from furnace radiation. Because of a 
tendency of the larger Vycor test tube to stick in- 
side the outer 30-mm Vycor tube, a 25-mm stainless 
steel test tube 334 in. long was later substituted. 
The sample tubes were pushed upward to the cell by 
a length of 22 or 25-mm Vycor tubing. Radia- 
tion and convection losses through this tube were 
minimized by stacking the tube with asbestos disks 
separated by 1-in. thermocouple insulators. 

The equipment was used at temperatures as high 


as 1035°C. 
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Procedures 


The cell was calibrated at room temperature with 
1.000 N aqueous potassium chloride solution made 
up according to Lange’s Handbook of Chemistry, 
6th Ed., p. 1389, and using the conductivity values 
given therein. During the calibration the inductor was 
shorted out and the frequency and the measuring 
resistors were adjusted until the sharpest balance 
of the bridge was obtained. At this point the capaci- 
tance of the cell should be most nearly balanced by 
the minor capacitative and inductive effects of the 
upper arms of the bridge, especially the small in- 
ductive effect of the measuring resistors. This bal- 
ance point occurred at 1250 to 1650 cps in the early 
cells in which a nickel wire outer electrode was used, 
and at 850 cps in the later cells in which a chromel 
strip outer electrode was used. The sensitivity of 
the bridge was decreased by increasing or decreas- 
ing the frequency from these values, but the balance 
point was changed very little. 

The thermocouple was calibrated at the melting 
point of sodium chloride (800.4°C). 

The lead resistance between point B in the cell 
and point C on the inductor was determined at each 
cell temperature by measuring the series resistance 
of the leads (switch open). The switch was closed 
during the conductivity measurement, so that 
the leads between B and C were in parallel. The 
parallel resistance was one fourth of the series 
resistance. The dc resistance of the inductor was 
known. The cell resistance was found by subtract- 
ing the inductor resistance and the parallel lead re- 
sistance from the measured resistance of the cell 
arm of the bridge. 


Raz = Rap Rae Rep 


In measuring fused salt conductivities, the 
oscillator frequency was set at 5000 cps and 
the variable inductor and _ variable _ resis- 
tors were adjusted until the wave height as seen on 
the oscilloscope was a minimum. It was possible to 
estimate the resistance to hundreths of an ohm by 
the changes of wave height on either side of the 
balance point. The voltage across the bridge was ap- 
proximately 1 volt. No appreciable change in con- 
ductivity was observed on allowing samples to stand 


Table IV. Effect of Small Amounts of Potassium Chloride Upon 
the Conductivity of the Downs Cell Mixture at 570°C 


Composition, Mol Pct 


NaCl CaCly KCl Conductivity,* Ohm-! Cm— 
48.3 1.24 
50.7 48.3 1.0 1.199 


* Values were obtained graphically from the data of Tables I 
and II. 


Table V. Estimate of the Electrical Conductivity of the Fused 
Sodium Chloride-Calcium Chloride Mixture* 


Temperature, °C Conductivity, Ohm-! Cm-1 


597.8 1.397 
570.4 1.265 
559. 1.21.2 


* 55.9 mol pct sodium chloride and 44.1 mol pct calcium chloride. 


overnight in the cell, or upon approaching the tem- 
perature of measurement from higher or lower 
temperatures. 

Between different samples, a rinse of the fused 
salt to be studied was used. 

The salt mixtures were made up of reagent grade 
materials. These salt mixtures were melted and 
bubbled with HCl for % hr to decrease the calcium 
oxide to <0.1 pct. They were then cooled and pulver- 
ized in a dry-box. The composition of the mixtures 
was determined by chemical analysis. 


Results 


The experimental data on the conductivities of 
sodium chloride, calcium chloride, and mixtures 
thereof are presented in Table I. Data showing the 
conductivities of sodium chloride-calcium chloride 
mixtures containing small amounts of the minor 
Downs cell melt constituents potassium chloride and 
barium chloride are given in Tables II and III. 
Each value presented in the tables represents the 
average of a number of readings taken at the given 
condition. 

The effect of potassium chloride is shown more 
clearly in Table IV. For convenience, the ternary 
melt is considered as being derived from a binary 
melt by the substitution of a portion of the sodium 
chloride by an equimolar amount of potassium 
chloride. The conductivity of the ternary melt at 
570°C is compared with that of the corresponding 
binary mixture. The effect of substituting 1 mol pct 
potassium chloride for sodium chloride is to lower 
the conductivity by 3 pct. 

The data of Table III were taken with the inten- 
tion of determining the effect of small amounts of 
barium chloride on the conductivity of the Downs 
cell mixture. However, the composition of the 
sample deviated enough from the intended composi- 
tion so that a satisfactory comparison cannot be 
made. These data may be used to advantage, how- 
ever, to provide a good estimate of the conductivity 
of an additional sodium chloride-calcium chloride 
mixture, Table V. Such data are needed for draw- 
ing the slopes of the curves in the low-temperature 
region of Fig. 5. The estimate was based on the Ala- 
byshev and Kulakovskaya™ data on the effect of 
small amounts of barium chloride on the conduc- 


Table VI. Comparison of Best Literature Values for the Conduc- 

tivities of Pure Sodium Chloride and Pure Calcium Chloride with 

the Corresponding Values of the Investigators of Sodium Chloride- 
Calcium Chloride Mixture Conductivities 


Conductivity, k, Ohm-1 Cm-— 


Material 800°C 850°C 900°C Investigator 
NaCl 3.739* 3.881* Van Artsdalen & Yaffe 
3.754 3.906- Edwards et al. 
3.77 3.91 Lee & Pearson 
3.756 3.877 This study+ 
3.66* Vereshchetina & Luzhnaya?+ 
3.42* 3.61* Ryschkewitsch+ 
.68* 3.79 Barzakovskii+ 
KCl 2.237% 2.359* 2.466* Van Artsdalen & Yaffe 
2 24; 2.361 2.467 Edwards et al. 
2.24 2.36 2.48 Lee & Pearson 
CaCly 2.12) 2.34 Lee & Pearson 
2.11o 2.339 This study+ 
2.091 2.32* Vereshchetina & Luzhnaya+ 
2.38" Ryschkewitsch} 
2.02 Barzakovskiit 


_* Value was obtained by plotting literature data or using equation 
given. 

y Investigators of sodium chloride-calcium chloride mixture con- 
ductivities (<800°C). 
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Fig. 4—Conductivities of fused sodium chloride-calcium 

chloride mixtures as a function of temperature. 


tivity of the Downs cell melt. The effect of adding 
barium chloride to the Downs cell melt until the 
melt contains 0.88 mol pct barium chloride is to 
lower the conductivity by about 0.75 pct (between 
550° and 600°C). 


Discussion 


One probable source of error is the calcium oxide 
impurity in the calcium chloride. The calcium oxide 
reacts with the silica of the apparatus to form cal- 
cium orthosilicate Ca,SiO,.* The oxygen which en- 
tered the apparatus during sample changes prob- 
ably did not cause an appreciable increase in the 
calcium orthosilicate content of the melt through 
its reaction with the Vycor test tube according to 
the equation 


Si0, + 2CaCl, + 20, Ca,SiO, + 2Cl, 


since the oxygen is largely removed by flushing be- 
fore the sample reaches reaction temperature. The 
calcium orthosilicate formed on the outside of the 
conductivity cell by the above reaction would not 
be expected to enter the measuring capillary during 
immersion. At any rate, the total attack on the 
conductivity cell was small. Additional hydrolysis 
of the calcium chloride by the atmospheric water 
vapor entering with the oxygen is probably very 
small. 

Arndt and Loewenstein™ have made a study of the 
effect of calcium orthosilicate upon the conductivity 
of calcium chloride. The equation for the conduc- 
tivity of calcium chloride at 850°C is given as 

k = 2.27 — 0.033x — 0.030y 

where k equals the specific conductivity of calcium 
chloride containing calcium orthosilicate and calcium 
oxide (ohm™ cm”); x equals the percentage of cal- 
cium orthosilicate in the calcium chloride; and 
y equals the percentage of calcium oxide in the cal- 
cium chloride. From this equation it can be seen 
that 0.10 pct calcium oxide converted to calcium 
orthosilicate (0.15 pct) lowers the conductivity by 
0.005 ohm cm™ (0.2 pct). 

Table VI compares the conductivity values of pure 
sodium chloride and pure calcium chloride as re- 
ported by investigators of sodium chloride-calcium 
chloride mixture conductivities (<800°C) with the 
literature values which are believed to be best. The 
selection of the best literature values for sodium 
chloride is not difficult, for there are three recent 
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Fig. 5—Conductivities of fused sodium chloride-calcium 
chloride mixtures as a function of composition. 


studies which agree closely (Van Artsdalen and 
Yaffe,‘ Edwards et al.,> and Lee and Pearson*), while 
the other values scatter from them. The potassium 
chloride data of these investigators also agree closely. 
Only one of these three studies (Lee and Pearson) 
reports calcium chloride values. The earlier cal- 
cium chloride data appear to be less trustworthy, for 
they are reported together with sodium chloride 
and potassium chloride data which do not check 
the best literature values. It is true, however, that 
the calcium chloride data of Mantzell® do check 
those of Lee and Pearson fairly well. 

Inspection of the data of Table VI shows that the 
pure sodium chloride and pure calcium chloride con- 
ductivity values of this study check the best litera- 
ture values well, while those of Vereshchetina and 
Luzhnaya, of Barzakovskii, and of Ryschkewitsch 
vary from these. This tends to give greater confi- 
dence in the mixture conductivities of this study than 
in those of the earlier investigators. 

Fig. 4 represents the experimental data of this 
study. Values taken from this plot at 50°C tempera- 
ture intervals are shown in Fig. 5, together with 
corresponding values from the studies of the earlier 
investigators. 

Activation energies for electrical conductivity 
were calculated by the equation 


A= Aexp\ — 


where A is the equivalent conductivity, A is a con- 
stant, AH is the activation energy of the conduction 
process, and T is °K. 

The average activation energies of pure sodium 
chloride and pure calcium chloride in the range 
800° to 850°C were calculated to be 2.7 kcal per g 
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mol and 5.5 kcal per g mol, respectively. These check 
the corresponding sodium chloride value (2.8 kcal 
per g mol) of Van Artsdalen and Yaffe’ and the cor- 
responding calcium chloride values (5.5 and 5.3 kcal 
per g mol) calculated from the data of Lee and Pear- 
son® and Vereshchetina and Luzhnaya.” 

The energies of activation of sodium chloride- 
calcium chloride mixtures appear to be within 0.6 
keal per g mol of the values which would be ex- 
pected on the basis of a linear mol pct-activation 
energy relation. The data are not sufficient for a 
more precise statement of the variation of activa- 
tion energy with composition. The molar volumes 
of sodium chloride-calcium chloride mixtures vary 
linearly with molar composition, within the probable 
accuracy of the Vereshchetina and Luzhnaya™ and 
Fuseya and Ouchi” density data. 


Summary 


A detailed description has been given of an ap- 
paratus satisfactory for measuring fused salt con- 
ductivities. Accurate electrical conductivity data 
for fused mixtures of sodium chloride and calcium 
chloride have been presented. Data showing the 
effect of a small amount of potassium chloride on 
the electrical conductivity of a sodium chloride- 
calcium chloride mixture have been given. 


References 


1B, R. Van Artsdalen and I. S. Yaffe: Journal of Physical Chem- 
istry, 1955, vol. 59, p. 118-127. : 

2J. D. Edwards, C. S. Taylor, A. S. Russell, and L. F. Maranville: 
Journal Electrochemical Soc., 1952, vol. 99, pp. 527-535. 

3E, K, Lee and E. P. Pearson: Trans. Electrochemical Soc., 1945, 
vol. 88, pp. 171-183. 

4K, Arndt and A. Gessler: Ztsch. fiir Elektrochemie, 1908, vol. 
14, pp. 662-665. 

5V. P. Barzakovskii: Journal of Applied Chemistry USSR, 1940, 
vol. 13, pp. 1117-1118. 

6V. P. Barzakovskii: Bulletin Academy of Sciences, USSR, 1940, 
pp. 825-831. 

7W. Blitz and W. Klemm: Ztsch. fiir Physikalische Chemie, 1924, 
vol. 110, pp. 318-342. 

8 W. Blitz and W. Klemm: Ztsch. fiir Anorganische Chemie, 1926, 
vol. 152, pp. 267-294. 

9 P. W. Huber, E. V. Potter, and H. W. St. Clair: Report of Inves- 
tigation No. 4858. U. S. Bureau of Mines. Washington, D. C., 1952. 

10 E, Mantzell: Ztsch. fiir Elektrochemie, 1943, vol. 49, pp. 283-287. 

11K, Ryschkewitsch: Ztsch. fiir Elektrochemie, 1933, vol. 39, No. 
7b, pp. 531-537. 

122C, Sandonnini: Gazzetta chimica italiana, 1920, vol. 50, No. 1, 
pp. 289-321. 

13J, P, Vereshchetina and N. P. Luzhnaya: Izvestiya Sektora 
Fiziko-Khimicheskogo Analiza Institut Obshchel i Neorganicheskoi 
Khimii Akademiya Nauk USSR, 1954, vol. 25, pp. 188-207. 

4K, Arndt and W. Loewenstein: Ztsch. fiir Elektrochemie, 1909, 
vol. 15, pp. 784-790. 

145A, F. Alabyshev and N. Ya. Kulakovskaya: Trudy Leningrad- 
skogo Tekhnologicheskogo Instituta im Leningrad. Soveta, 1946, No. 
12, pp. 152-164. 

16F,. Wenner: Bulletin Bureau of Standards, 1912, vol. 8, p. 559. 

17H, Bloom and E. Heymann: Proceedings Royal Soc., London, 
1947, vol. A188, pp. 392-414. 

18G, Fuseya and K. Ouchi: Journal Electrochemical Soc., Japan, 
1949, vol. 17, p. 254. 


Discussion of this paper sent (2 copies) to AIME by Dec. 1, 1957 
will appear in AIME Transactions Vol. 212, 1958, and in JoURNAL OF 
Merats, October 1958. 


by M. Bourgon, G. Derge, and G. M. Pound 


CONDUCTIVITY AND SULFUR ACTIVITY 
IN LIQUID COPPER SULFIDE 


The conductivity of liquid copper sulfide has been measured as a function 


of the mole fraction of sulfur in the melt at three temperatures: 1170° 


1250°, and 1300°C. The results show that a) the conductivity of copper-rich 
Cu,S is independent of the sulfur pressure in the furnace, and b) the conduc- 
tivity of sulfur-rich copper sulfide increases rapidly with sulfur pressure. 
Assuming that the band theory is applicable to liquids leads to the conclu- 
sion that copper-rich copper sulfide is an intrinsic semiconductor, in which 
case electrons act as carriers. The activation energy for conduction in this 
case has been calculated to be 0.7 ev. On the other hand, sulfur-rich copper 
sulfide behaves as a p-type semiconductor, positive holes being responsible 


for conduction. 


N order to elucidate the structure of liquid cop- 
per(I) sulfide, Derge, Pound, and Osuch* have 
studied the electrical conductivity of this compound 
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as a function of temperature. Their results showed 
that the conductivity is rather high, of the order of 
100 ohm™~ cm", and that the temperature coefficient 
of conductivity is positive. This high conductivity 
seemed to indicate electronic rather than ionic con- 
duction. This conclusion was checked further by 
Derge, Pound, and Yang,” who measured the cur- 
rent efficiencies of copper sulfide melts at various 
temperatures. In all cases, the current efficiency 
was found to be nil, indicating the absence of ap- 
preciable ionic contribution to the conduction in 
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Fig. 1—Variation of the specific conductance of liquid copper 
sulfide as a function of the mole fraction of sulfur in the melt 
at three temperatures: 1170°, curve 1; 1250°, curve 2; and 
1300°C, curve 3. 


the liquid. The behavior of liquid Cu.S is very 
similar to that encountered in solid semiconductors. 

A few cases of liquid semiconduction have been 
reported. Chipman, Tomlinson, and Inouye’ have 
studied the electrical conductivity of molten FeO 
and report a high specific conductance, of the order 
of 200 ohm™ cm”, and a positive temperature co- 
efficient. They interpret these results in terms of 
p-type semiconduction in the liquid by analogy to 
the situation in solid FeO. Henkels* measured the 
conductivity of pure liquid selenium and concluded 
that this element was an ideal semiconductor in the 
range 200° to 500°C. Johnson,’ using the results ob- 
tained by Epstein and Fritzsche,*’ concluded that 
liquid tellurium exhibited semiconduction which 
changed to metallic conduction at higher tempera- 
tures. 

Copper sulfide with excess sulfur compared to 
Cu.S has been shown to be a p-type semiconductor 
in the solid state,*” i.e., it conducts by means of 
positive holes instead of by electrons. A conse- 
quence of this is that the conductivity of this com- 
pound increases as the sulfur pressure is increased 
over it. This behavior is linked directly to the 
variation of the sulfur concentration in the solid as 
a primary function of sulfur pressure. Schuhmann 
and Moles” investigated the compositions of liquid 
copper sulfides as a function of sulfur pressure, and 
found that the latter was very sensitive to com- 
position, especially as the sulfur contents were in- 
creased beyond Cu.S. At 1150°C, the sulfur pres- 
sure ps,“was found to be 4.6 x 10“ atm for a copper- 
saturated melt, 9.4x10° atm for stoichiometric 
Cu.S (20.14 pct S), and 0.14 atm for a 21.5 pct S 
melt. The corresponding figures at 1250° were 2.4.x 
10°, 4.6x 10°, and 0.23 atm, respectively, and at 
1350°C were 10°, 1.8x 10%, and 0.35 atm, respec- 
tively. The large increase in the sulfur pressure for 
slight excess of sulfur above stoichiometric com- 
position accounts for the well-known fact that arti- 
ficial preparations of copper sulfide involving melt- 
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Fig. 2—Plot of the log of the specific conductance of liquid 
copper sulfide as a function of 1/T for copper-saturated 
melts. 


ing in open containers always give products close to 
Cu.S in composition. 

Previous measurements of the electrical conduc- 
tivity of liquid copper sulfide have been made in 
open containers under inert gas atmospheres, and it 
was expected that in all cases the melt would be 
copper-rich or very close to Cu.S in composition. 
Therefore, it was planned to investigate the con- 
ductivity of liquid copper sulfide as a function of 
sulfur pressure in order to obtain data for sulfur- 
rich melts. The results obtained would give more 
insight as to the mode of conduction in liquid cop- 
per sulfide. 

The sulfur pressure can be varied over copper 
sulfide melts by circulating mixtures of hydrogen 
sulfide and hydrogen in the furnace. The pertinent 
reaction is 

Cu.S + H, @ 2Cu + HLS 


the pxus/px, ratio being related to the sulfur pres- 
sure by means of the relation” 


PHS 9665 


PHe 


log ps. = 2 log 


The general technique adopted in this work was 
to bubble H.-H.S mixtures of known composition 
into the liquid copper sulfide in order to vary the 
sulfur activity in the melt and to study the vari- 
ation of electrical conductivity as a function of sul- 
fur activity. 


Experimental Methods 


The experimental procedure followed in this 
work was essentially the one used by Schuhmann 
and Moles.” Mixtures of hydrogen and hydrogen 
sulfide were bubbled into the molten copper sulfide 
until equilibrium was established, at which point 
the electrical conductivity was measured. The above 
authors used as criterion of equilibrium the equality 
of composition of the ingoing and outgoing gas 
mixtures. In this work, the reaction was followed 
by conductivity measurements and a constant value 
of the latter was taken to indicate an equilibrium 
position. This method proved to be faster in that it 
did not necessitate the furnace proper being in 
equilibrium with the gas mixture. Samples of the 
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melt were taken at each conductivity determination 
to obtain the composition of the copper sulfide. 


Furnace—The furnace used was a Lindbergh type 
CF-2 with Globar elements, capable of reaching 
1400°C. This is a horizontal model but, for this 
work, was turned on its side and used as a vertical 
furnace. The furnace protection tube was a Mc- 
Danel Zircotube (zirconium silicate) 21% in. ID x 30 
in. with 4 in. wall, open at both ends. This mate- 
rial proved to be very efficient under hydrogen 
sulfide atmospheres. The lower end of this tube was 
closed by a steel plate and rubber gasket. A % in. 
copper tube soldered to this plate permitted intro- 
duction of argon to flush the furnace when neces- 
sary. The upper end of the furnace tube was closed 
by a water-cooled steel head and rubber gasket 
with sufficient openings to permit introduction of 
the thermocouple protection tube, the gas inlet 
tube, the gas outlet tube, and the electrodes. The 
furnace temperature was controlled by a Pt—Pt-10 
pet Rh thermocouple connected to a _ six-point 
Celectray controller. A similar calibrated thermo- 
couple was used to determine the temperature of 
the melt under study. 

Inside the furnace, the melt was contained in a 
crucible 2 in. OD x3 in. high with a 1/16 in. wall 
made of pure recrystallized alumina (Triangle RR 
ware, Morganite Corp.) which was supported by an 
Alundum tube and surmounted by three radiation 
shields made of K-30 brick. These shields were 
covered with a layer of alumina cement and drilled 
at various places to permit passage of the different 
tubes. Good temperature control was obtained with 
this arrangement. 


Atmosphere Control—The H./H.S mixtures were 
conveniently prepared by means of two calibrated 
flowmeters, with capillary resistances, respectively 
connected to hydrogen and hydrogen sulfide cylin- 
ders. The metered gases were led through a glass- 
bead-filled chamber to insure proper mixing, and 
then through a third flowmeter before entering the 
furnace by way of a porcelain tube which dipped 
into the melt. The consequent bubbling of the gas 
mixture in the melt insured proper mixing of the 
latter. The hydrogen used was freed of oxygen by 
means of a Deoxo purifier and dried by Drierite; 
the hydrogen sulfide was dried with Drierite and 
used as such. 


Conductivity Measurements—The apparatus and 
experimental method were the same as those de- 
scribed in detail in connection with the study of 
electrical conduction in molten copper-iron sulfide 
mattes.’ A four-terminal conductivity cell and an ac 
potentiometer circuit were used to measure specific 
conductance. The tubes of the cell were of silica 
and spectrographic graphite rods served as elec- 
trodes. The electrodes were fixed, by means of a 
rubber stopper, to a steel tube 4 in. long and 1 in. in 
diam. This tube was fitted in a 1 in. hole in the 
cooling head; this arrangement permitted removing 
or inserting the electrodes in the melt at will with- 
out opening the furnace. 

Materials—The copper sulfide was made from 
copper turnings and pure sulfur. The two were re- 
acted in a partially covered porcelain casserole over 
a Bunsen burner. The product so obtained con- 
sists of a mixture of black copper(I) sulfide and 
bluish copper(II) sulfide. This mixture was sub- 
sequently melted in an induction furnace, using a 
graphite crucible, under an argon atmosphere. The 
copious evolution of sulfur during this operation is 
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due to the decomposition of copper(II) sulfide into 
copper(I) sulfide and the heating was stopped as 
soon as the sulfur evolution subsided. The melt was 
then cooled under argon. The resultant compound 
was steel gray in appearance and gave the follow- 
ing results on analysis—first batch: 79.65 pct Cu, 
20.28 pct S (theoretical analysis, 20.14 pct S); and 
second batch: 79.35 pct Cu, 20.61 pct S. 

Analysis—The copper sulfide analyses were made 
by precipitating the sulfur as barium sulfate and 
weighing. The copper was determined electrolyt- 
ically. Some effort was spent to get reproducible 
results in the sulfur analysis; duplicates were made 
in all cases and the results agreed generally to 
within 0.1 pct. In some cases the error was higher 
than this, of the order of 0.5 pct. The average error 
may be considered to be of the order of 0.25 pet, 
which corresponds to approximately five units in 
the second decimal place of the stated sulfur figures. 
The failure to reach 100 pct in the overall analyses 
of some of the samples comes from the contamina- 
tion of the melt by the silica of the electrodes. In 
a few cases difficulty was encountered in getting re- 
producible results in the copper determinations, 
which explains the high overall figures (samples 
28, 29, 34). 

Procedure—The crucible was charged with ap- 
proximately 250 g copper sulfide and set in place in 
the furnace. The radiation shields and cooling head 
were installed and the furnace checked for leaks. 
At this point, the argon was turned on and the fur- 
nace flushed for approximately 30 min prior to 
heating. The temperature was increased at the rate 
of 2°C per min until the working temperature was 
reached. At this point, the gas inlet tube was low- 
ered into the melt and the H.-H.S mixture allowed 
to bubble into the latter at the rate of approxi- 
mately 150 ml per min. The outgoing gas escaped 
through an oil trap into the fume hood. The con- 
ductivity of the melt was measured at periodic 
intervals. Between the measurements, the elec- 
trodes were left out of the melt so that a representa- 
tive sample would be in contact with the graphite 
probes during the actual measurement. When the 
conductivity remained constant for at least 4 hr, an 
equilibrium state was presumed to be obtained and, 
at this point, the final value of the conductivity was 
noted, a final temperature reading was taken, the 
melt sampled by suction through a 4 mm quartz 
tube which dipped into the melt, and the ingoing 
gas analyzed if necessary. 


Results and Discussion 


The experimental results are shown in Table I 
and Fig. 1, where the conductivity is plotted as a 
function of the mole fraction of sulfur in the melt 
at three temperatures: 1170°, curve 1; 1250°, curve 
2; and 1300°C, curve 3. Curves 1 and 2 were deter- 
mined under equilibrium conditions, i.e., by keeping 
an H.-H:S atmosphere continuously over the melt 
during measurements. Curve 3 was determined 
under different conditions. The melt was kept satu- 
rated with pure hydrogen sulfide for 22 hr, at the 
end of which period the conductivity of the melt 
was measured and the melt sampled. Subsequently, 
the hydrogen sulfide atmosphere was replaced with 
a pure argon atmosphere and the melt thus allowed 
to desulfurize with proper mixing. The conduc- 
tivity was determined periodically during desulfur- 
ization, and the melt sampled at each conductivity - 
determination. As may be seen from the results, this 
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Fig. 3—Idealized plots of the specific conductance of liquid 
copper sulfide as a function of the mole fraction of sulfur. 


curve does not differ greatly from the true equilib- 
rium curves and it may be assumed that desul- 
furization of the melt was somewhat slow. As a 
general rule, H.-H.S atmospheres were used to 
study sulfur-rich melts only. Copper sulfide melts 
having a sulfur content below that of stoichiometric 
value have low enough sulfur pressures to permit 
measurements of the conductivity without change 
in the sulfur content occurring during the measure- 
ment. The sulfur content of the low sulfur melts 
was varied by adding pure copper until saturation 
occurred. 

Analysis of the ingoing gas showed that the ex- 
perimental procedure was satisfactory. The results 
checked with those of Schuhmann and Moles in 
that the same composition of the melt corresponded 
to the same gas composition, within experimental 
errors. Consequently, after a few experiments, gas 
analyses were discontinued and the melt composi- 
tion was used to determine the sulfur pressure in 
the furnace by referring to the results of the above 
authors.* The only case in which results differed 


*It should be mentioned that the ingoing gas composition was 
known approximately by reading the flowmeters. The purpose of 
the gas analyses was to determine the composition of the gas more 
precisely. 
considerably from those of Schuhmann and Moles 
was the one in which a pure H.S atmosphere was 
sent into the furnace to obtain a very high sulfur 
melt. The highest sulfur contents obtained in this 
work, with an atmosphere of pure hydrogen sulfide, 
were 20.75 pct at 1170°, 20.66 pct at 1250°, and 
20.73 pct at 1300°C. Schuhmann and Moles had the 
following results: 21.43 pct at 1150°, 21.54 pct at 
1250°, and 21.39 pet at 1350°C. 

The distinctive feature of the graphs shown in 
Fig. I is that, for melts below stoichiometric Cu.S 
in sulfur content, the conductivity remains constant, 
and for those above the stoichiometric value, the 
conductivity increases sharply as a function of sul- 
fur content. This behavior is very similar to that 
encountered in solid copper(I) sulfide. Kushida’ 
found that, at low sulfur pressures, the conduc- 
tivity of solid copper(I) sulfide (8 form) increased 
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Table 1. Composition-Conductivity Relations for Molten Copper 


Sulfide 
Specific 
, Pet, Conduc- Temper- 
Sample Cu, Pct S, Pct Corrected* Ns tivity 
0.3275; 50 1170 
9 80.15 19.77 19.79 0.3288 52 1174 
10 79.55 19.92 20.03 0.3318 52 1170 
tf 79.18 20.36 20.45 0.3376 116 1166 
12 79.00 20.69 20.75 0.3417 219 1176 
0.32507 60 1250 
18 79.97 19.58 19.67 0.3267 60 1246 
17 79.85 19.78 19.85 0.3292 60 1246 
16 79.80 19.85 19.92 0.3302 61 1243 
15 79.70 19.87 19.96 0.3307 61 1243 
14 79.60 20.11 20.17 0.3336 67 1244 
13 79.35 20.15 20.25 0.3347 71 1246 
24 79.60 20.19 20.23 0.3345 131 1244 
23 79.35 20.55 20.57 0.3391 168 1244 
22 79.17 20.62 20.66 0.3404 240 1252 
33 80.00 19.90 19.92 0.3303 70 1305 
34 80.25 20.02 19.97 0.3310 70 1300 
32 79.80 19.99 20.03 0.3318 71 1300 
31 79.90 20.18 20.16 0.3336 763 1293 
29 80.10 20.27 20.20 0.3342 83 1303 
30 79.45 20.12 20.21 0.3343 80 1295 
26 79.30 20.40 20.46 0.3377 170 1292 
28 79.60 20.73 20.66 0.3405 165 1290 
25 79.20 20.71 20.73 0.3415 195 1293 
%S 
* % S (corrected) = ————————-_ x 100. 


%S+ %Cu 
+ Value taken from the paper of Schuhmann and Moles. 


slightly with increasing sulfur pressures according 
to the relation 


log « = constant + 3/2 log pss. 


An abrupt increase in o was noted at sulfur pres- 
sures of 0.22 mm. Kushida correlated this increase 
with the transition of Cu.S to Cu, 38. 

The behavior of liquid copper sulfide is somewhat 
similar, also, to that found in solid Cu,O. Duenwald 
and Wagner™” found that the conductivity of this 
compound increases with the oxygen pressure ac- 
cording to the law 


They interpret these results by introducing the fol- 
lowing equilibrium 


O. (g) + 4e + 2Cu.0 + 4p* + 4Cu% 


where p* indicates a newly created positive hole 
in the crystal lattice, and Cu‘, indicates a vacancy in 
the lattice of Cu* ions. From this equilibrium equa- 
tion, they deduce the relation 

i.e., the creation of new holes in the lattice is a 
function of the oxygen pressure to the 4% power. 
Thus, these new holes are responsible for the con- 
duction in the crystal (p-type semiconduction) and 
the theoretical equation agrees approximately with 
the experimental equation. However, Bottger”®” has 
shown that the p” law is true for oxygen pressures 
greater than 10° atm. At lower pressures, he supposes 
that Cu,O behaves as an intrinsic semiconductor. 
Juse and Krutschatow” have shown that the activa- 
tion energy for intrinsic semiconduction in solid 
copper oxide is 0.7 ev. 

The experimental results for solid Cu.S and solid 
Cu.O may well be interpreted by the band theory. 
Both these compounds show p-type semiconduction 
when the pressure of the electronegative constituent 
is increased. Positive holes, created by the transfer 
of electrons from the valency band into the im- 
purity levels, are responsible for conduction. On the 
copper-rich side, however, these compounds behave 
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as intrinsic semiconductors and conduction is due to 
the transfer of electrons from the valence band into 
the conduction band. 

Derge, Pound, and Yang* have applied the band 
theory to liquids, in order to explain the experi- 
mental results obtained while investigating the con- 
ductivity and the current efficiency of the Cu.S- 
CuCl system. They assume stoichiometric Cu.S to be 
an intrinsic semiconductor, and sulfur-rich Cu,S to 
be a p-type semiconductor by analogy to the situa- 
tion in solid Cu.S. The present work bears out this 
hypothesis. The constancy of the conductivity on 
the copper-rich side of Cu.S would indicate that in 
this region this compound behaves as an intrinsic 
semiconductor. Measurements of the conductivity 
of copper-saturated melts as a function of the tem- 
perature have been made and the results are shown 
in Fig. 2, where log of the conductivity is plotted 
as a function of 1/T. The conductivity thus follows 
the law 

c= INGO 


and the slope of the straight line permits the energy 
of activation for conduction to be calculated, i.e., 
the width of the energy gap between the valence 
band and the conduction band. This value has been 
calculated to be 0.7 ev and is low enough to permit 
transfer of electrons from the valence band to the 
conduction band under thermal excitation. 

The rapid increase of the conductivity as a func- 
tion of the sulfur pressure on the sulfur-rich side of 
liquid copper sulfide indicates that sulfur-rich cop- 
per sulfide is a p-type semiconductor. Increasing the 
sulfur content of the melt has the effect of introduc- 
ing impurity levels into the energy gap, with the re- 
sult that electrons are transferred from the valence 
band into the impurity levels, thus creating addi- 
tional holes which can transport current. It would 
be interesting to calculate the activation energy for 
conduction of sulfur-rich copper sulfides and ob- 
tain the width of the energy gap between the va- 
lence band and the impurity levels. However, be- 
cause of the rapid increase of conductivity as a 
function of sulfur content and the uncertainties of 
the experimental measurements in this region, the 
present data do not justify this evaluation. The 
graphs shown in Fig. 1 have been redrawn and 
idealized in Fig. 3 to fit the picture presented here. 
In drawing these curves, the following facts have 
been kept in mind: 


a) The lines on the copper-rich side have been 
extended to the solubility limit of copper as deter- 
mined by previous workers.” 

b) The curves of the sulfur-rich side have been 
drawn closer to one another to illustrate the fact 
that the energy gap between the valence band and 
the impurity levels is certainly smaller than the one 
between the valence band and the conduction band. 
This leads, therefore, to a smaller activation energy 
for conduction, with the result that variation of 
conductivity with temperature, at constant sulfur 
activity, should be smaller on the sulfur-rich side 
than on the copper-rich side. 

Knowledge of the dependence of the conductivity 
on the sulfur pressure of liquid copper sulfide would 
permit theorizing on the mechanism of sulfur ab- 
sorption. However, the discrepancy which exists 
between the results obtained in this work and those 
of Schuhmann and Moles” for pure H.S atmospheres 
introduces doubt as to the exact dependence of the 
conductivity on the sulfur pressure. More work will 
have to be done to check these data. 
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Vacuum Dezincing 


by V. F. Leferrer 


of Parkes’ Process Zinc Crusts 


A new process for the treatment of silver crusts from desilverization of 
lead has been developed by Société de Penarroya. The zinc contained in 
the crusts is recuperated by vacuum distillation at low temperature. The 


use of special retort crucibles is avoided. 


T Noyelles-Godault the Parkes process (zinc 
addition to a silver-bearing lead melt) is used 
to desilverize lead bullion from the blast furnace. 
The crust which rises to the surface of the bath is 
removed and pressed by a well-known process in a 
press of the Howard type. The pressed crust, called 
zinc crust or silver crust, contains 10 pct Ag, 30 pct 
Zn, and 60 pct Pb. It is melted under a salt bed ina 
small, narrow, and deep kettle heated only in its 
upper part. A liquid concentrated alloy is obtained 
which is called T.A.C. in France (triple alliage con- 
centré) analyzing approximately 25 pct Ag, 65 pct 
is a real metallic alloy, completely deoxidized, and 
can be stored indefinitely. 
The process used at Noyelles-Godault consists in 
distilling this alloy in a tight furnace, under low 


V. F. LEFERRER is associated with Société Miniére et Métallur- 
gique de Penarroya, Paris, France. 

TP 4496D. Manuscript, Feb. 3, 1956. New York Meeting, Feb- 
ruary 1956. 


Fig. 1—Photograph of vacuum dezincing furnace. 


Resistors 


Fig. 2—Diagramof vacuum 
dezincing furnace. 


lead Jap hole 
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vacuum and at low temperature, so that only the 
zine distills and is condensed into liquid form. The 
residual silver-bearing lead is almost entirely free 
from zinc and oxidized dross. 

The vacuum dezincing equipment, see Figs. 1 and 
2, consists of: 

1) A furnace, constituted of a casing of steel plate 
lined with refractory bricks, heated internally by 
means of graphite resistors. The temperature of the 
furnace is measured by a thermocouple device and 
controlled by an automatic temperature regulator 
which acts upon the flow of the current passing 
through the resistors. Two doors, numbered 1 and 2 
in Fig. 2, are provided for, one for charging the 
T.A.C., the other for tapping the high silver-bear- 
ing lead. 

2) A condenser, and an ordinary room lined with 
good heat conductor refractory material. This con- 
denser is provided with a graphite resistor which 
serves to bring to temperature when starting the 
furnace. A thermocouple records the temperature 
of the zinc melt and controls the temperature in the 
furnace, that is, the flow of current through the 
resistors, by means of the above mentioned regula- 
tor, so that the distillation rate in the furnace does 
not exceed that of the condensation. The condenser 
is connected to the vacuum pump by a filter. The 
whole equipment should, of course, be fluid-tight. 
The operation is carried out under a vacuum of 
about 10 mm Hg. 


Table 1. Commercial Results of a Year’s Operation 


Products Kg Pct Pb Pct Ag Pct Zn 
Charged 
TALC. 1000 8 25 65 
Lead 300 
Obtained 
High silver-bearing lead 650 57 38 afi) 
Zinc 630 1.8 0.15 98 
Blue powder 20 
Dross 3 0.15 94 

FURNACE CONDENSER 
To Vitter ond 


vecuum™ pump 


Zn. Tap hele 
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Fig. 3—Graph of furnace temperature under vacuum. 


Fig. 4—Graph of zinc and lead vapor pressure curve de- 
pendent on temperature. 


Operating Conditions 


The process is discontinuous. For the furnace in 
operation at Noyelles-Godault, the charge per batch 
is of 1000 kg of T.A.C., to which 300 kg Pb drawn 
from the liquation kettle is generally added. At 
Noyelles-Godault, the concentration is very high 
so as to obtain a perfectly homogeneous liquid alloy 
that can be stored without undergoing any altera- 
tion through oxidation; this is one of the reasons 
why lead which only corresponds to a small part of 
the lead drawn off previously is added at the distil- 
lation. This lead addition also serves to lower the 
melting point of the T.A.C., obtaining a better zinc 
distillation at lower temperature and saving power. 
In works where the concentration is not so thorough, 
this addition of lead would not be necessary. 

The temperature of the condenser is maintained at 
450°C; that of the furnace is shown in Fig. 3. Except 
for charging the furnace (beginning of the opera- 
tion) and tapping the metals (zinc and silver-bear- 
ing lead), the operation is entirely automatic. 

The temperature in the furnace varies between 
750° and 800°C during the operation. It rises at the 
end since the flow of zinc vapors stops, and, there- 
fore, the temperature in the condenser lowering 
continually, the temperature-regulators maintain 
the resistors of the furnace under voltage. The op- 
eration is then stopped, the vacuum is broken, and 
the molten metals are tapped. The furnace is charged 
anew and shut; another operation starts. In short, it 
is the condenser temperature which controls the 
distillation rate. 

Fig. 4 shows the vapor pressure curve of lead 
and zinc dependent on temperature, and the tem- 
perature and depression conditions of both furnace 
and condenser. It can be observed that the condi- 
tions maintained in the furnace are far enough from 
the lead volatilization curve and those in the con- 
denser at quite a distance from the zinc volatilization 
curve. 

The commercial results on an average of a whole 
year’s operation, brought down to a 1000 kg T.A.C., 
are shown in Table I. 

Zine recovery is better than 95 pct, and 99 pct of 
the silver from the T.A.C. is immediately recovered 
in the high silver-bearing lead to be cupelled 

The total power consumption is from 800 to 850 
kw-hr per metric ton of T.A.C. 
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The furnace operating at Noyelles-Godault has a 
capacity of about 2000 kg of T.A.C. s°r day, cor- 
responding to 500 kg Ag. At Oued-el-Heimer, the 
furnace will have a capacity of about 850 kg of 
T.A.C. per day, corresponding to about 200 kg Ag. 


Process Advantages 


The old distillation process, using graphite re- 
torts, presents the following disadvantages: 

1) All the zine contained in the zinc crust is not 
recovered in distilled zinc form. Consequently, there 
remains fairly large amounts of zinc in the lead to 
be cupelled, making cupellation more difficult. 

2) The graphite crucibles are expensive and have 
a short working life. Their capacity is rather small 
and a great number of retort furnaces are therefore 
necessary to treat the zinc crust in one plant. 

3) Mixed lead and zine oxides of high silver con- 
tent form in the crucible and have to be reduced to 
obtain another silver-bearing lead for cupellation, 
mainly when zine crust has not been concentrated. 

Vacuum dezincing has the following advantages: 

1) Distillation is at low temperature, which means 
low power consumption, low maintenance cost of 
the furnace, and good zinc recovery. 

2) No more graphite crucibles are necessary. 

3) There is neat separation of the e:ements: lead 
and silver are on one side, zinc is on the other. 

4) The furnace is operated automatically. Man- 
ual labor is only necessary for charging the furnace 
and tapping the metals. 

5) There are no more mixed Pb-Zn oxides to be 
retreated. Therefore, there is good silver recovery, 
and cupellation and reduction costs are considerably 
reduced. 

6) It is possible to build furnaces of large capa- 
city, and have only one distillation furnace per 
plant. 
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by F. W. Luerssen, 
J. W. Halley, 


M. Tenenbaum 


AN OXYGEN STEELMAKING PROCESS 


High car> 1, low phosphorus steel can now be made from pig iron 
containing 0.7 pct P or more, in a commercial sized open hearth furnace. 
No external heat is required for refining, and steel produced is identical 


with basic open hearth steel. 


HE classical Thomas process, which requires liq- 

uid pig iron containing over 14% pct P, yields a 
product relatively high in phosphorus and nitrogen. 
Unless large quantities of recarburizers are added to 
the refined steel, the product is low in carbon con- 
tent. Thus, the Thomas process is not well suited to 
American raw materials, and its product is often 
not acceptable according to the standards set by 
American industry. 

The shortcomings of the Thomas process have 
long been recognized; with the advent of low cost 
oxygen, studies were initiated to develop pneumatic 
processes which would conceivably overcome the 
inherent objections to Thomas steelmaking. Several 
such modified basic pneumatic processes have been 
tested experimentally in commercial trials during 
the past decade. Probably the most widely publi- 
cized of these developments has been the oxygen 
converter process as practiced in Austria®’ and in 
Canada.* In this process, oxygen is substituted for 
air and introduced above the liquid bath in order to 
increase the heat available to the metallurgical sys- 
tem. This avoids the need for high phosphorus raw 
materials and gives a product low in nitrogen. In 
this process, the phosphorus content in the final 
product depends, to a considerable extent, on the 
total amount of that element in the burden. 

The rotary furnace* which is now in commercial 
operation at Domnarvet Steelworks, Sweden, is pro- 
ducing low phosphorus steel from iron containing 
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1.8 to 2 pct P. One or more early slags are removed 
and by this means high carbon steels of open hearth 
quality can be produced. At this stage of develop- 
ment there is some question as to the applicability 
of the rotary process to large heats. 

Another development has been the use of oxy- 
gen in combination with either steam® or carbon 
dioxide® in the basic bessemer, thus avoiding the in- 
troduction of nitrogen gas into the refining system 
and giving a product relatively low in nitrogen con- 
tent. A double slag process has been used in Europe’ 
in conjunction with a regular Thomas converter, by 
means of which it is possible to obtain a phosphorus 
content in the product approaching that obtained in 
basic open hearth steels. The Turbo-Hearth proc- 
ess,” which uses the side blowing principle so as to 
produce low nitrogen steel from normal American 
pig irons, has been developed experimentally in this 
country. 


A process fitted to U. S. raw materials 


All of the preceding processes, with the excep- 
tion of the rotary furnace, suffer from the common 
shortcoming that they cannot be adapted to the pro- 
duction of high-carbon, low-phosphorus steels un- 
less large proportions of recarburizers are added. In 
1947, a program was initiated by the Inland Steel 
Company” to study an oxygen steelmaking process 
specifically designed to utilize the full range of 
phosphorus analyses encountered in American pig 
irons and to give final products with phosphorus and 
nitrogen contents comparable to steel produced by 
the basic open hearth process. Some of the objec- 
tives of the proposed process are: 1) the process 
should be able to accommodate molten pig iron con- 
taining up to 1 pct P., 2) the process should be sub- 
ject to close control of carbon analysis, 3) the proc- 
ess should be capable of producing high carbon 
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steels without the use of large proportions of recar- 
burizers, 4) the product should be low in nitrogen 
content (under 0.004 pct, 5) the phosphorus content 
in the product should be comparable to that obtained 
by the basic open hearth process for the same type of 
steel and the same carbon content, 6) during refin- 
ing, phosphorus should reach low levels before the 
carbon content approaches the range desired in the 
final product, and 7) under normal conditions, the 
process should require no external heat for refining. 

Some cursory studies made in 1948 demonstrated 
that with careful control of the charge materials and 
with regulated practices for introducing oxygen in 
the steelmaking system, a sequence of metallurgical 
reactions was attained that fulfilled the preceding 
requirements. Following this exploratory work, a se- 
ries of 61 test heats were conducted in a modified 
side blown converter of about 750 lb capacity. These 
studies gave some insight into the metallurgical as- 
pects of the proposed oxygen steelmaking process 
and served as a basis for planning large-scale 
experiments. The large-scale experiments consisted 
of four 125 ton heats made in an open hearth 
furnace that was modified to accommodate large 
volumes of lance oxygen for refining without the 
use of any external fuel. 

The results obtained in these studies are presented 
in two separate sections of this paper. The first sec- 
tion describes the experiments conducted in the 
modified side-blown converter. The second section, 
which covers the results of the 125 ton tests, is in- 
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Fig. 1—Left: Cross section of the basic lined furnace used in 
the 750 !b tests. The tuyere box and wind pipes were removed 
from the original, and a port was cut in the side to observe 
lancing. 


Fig. 2—Above: The 750 Ib converter, showing the general 
construction and gearing arrangement, which allowed a 90° 
tilt in either direction. 


tended to show the similarity of the pattern of re- 
fining reactions in the steel for two heat sizes. 


Tests in 800 Ib converter 


Equipment: The sketch shown in Fig. 1 indicates 
the general proportions of the reaction vessel used 
in carrying out the 750 lb heat tests. The vessel was 
originally designed as a 1000 lb capacity side-blown 
acid converter. For the purpose of these studies, the 
tuyere box and wind pipes were removed from the 
original 36 in. diam shell. An 11 in. square opening 
was cut into the outer shell to serve as a port 
through which lancing could be observed. A refrac- 
tory lined door was made available to cover this 
lancing port when the vessel was not being operated. 

The initial working lining was built up of regu- 
lar 9 in. low-iron basic brick. This lining was sep- 
arated from the shell on all sides by a 1 in. layer 
of plastic chrome refractory. This heavy lining en- 
closed a 16 in. diam by 15-%% in. deep reaction cham- 
ber. 

The vessel, which was mounted in side trunnions, 
could be tilted more than 90° from the vertical in 
both directions through a gear arrangement. A pho- 
tograph of the outer shell, showing the lancing port 
and the general construction, is shown in Fig. 2. 

The vessel was pre-heated by means of an air- 
gas burner. This same facility was used between 
heats to avoid excessive temperature drop in the 
basic refractory. 
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Table |. Approximate Analysis of Pig Iron, Sinter Ore and Limestone, Pct 


Cc Fe Mn Si P s SiOz CaO Al2,O3 MgO R20; Ign. Loss 
Pig Iron 4.00 1.50 1.00 0.24 0.035 
Se Ore 65 0.4 0.27 0.02 4.0 2.0 
imestone 0.7 52 2.3 0.9 44 


Standard % in. pipe was used for lancing 
throughout this test. For the most part, the only re- 
fining gas used for the process was oxygen. While 
the simple lance construction provided an effective 
method of introducing oxygen into liquid metal, per- 
iodic short delay periods were frequently required 
to replace the pipe or readjust it to obtain samples 
and to make furnace additions. High purity oxygen 
was supplied from a ten-tank manifold. With this 
arrangement the oxygen pressure at the furnace was 
55 psig. 

The only severe refractory lining erosion that was 
encountered during the study occurred on the back 
wall directly opposite the lance position. At this po- 
sition, it was necessary to patch the refractory after 
each 8 to 10 heats. A normal mixture of high mag- 
nesia patching refractory and open hearth slag was 
found satisfactory for this repair operation. The 
dotted line of Fig. 1 shows the extent of refractory 
erosion and build up after 61 heats. 


Typical operating practice 


Hot metal was supplied from an induction fur- 
nace. Molten metal of known analysis and con- 
trolled temperature was tapped into a lip-pour-ladle 
and transferred to the experimental steelmaking 
furnace by a 5-ton overhead crane. The experimen- 
tal furnace was maintained at a temperature of 
1900°F during non-operating periods by firing with 
the available domestic gas. 

The normal charge materials were limestone, sin- 
tered iron ore, basic pig iron and steel scrap. The 
limestone was specifically sized for experimental 
work and averaged about 2 in. diam. The sinter ore 
varied from fines to 2 in. in size. Selected 2 in. 
square by % in. thick pieces of plate scrap were 
used for covering the ore charge. Approximate anal- 
yses of the pig iron, sinter ore, and limestone are 
given in Table I. 

Limestone, sinter ore and scrap were charged in 
the sequence indicated to the preheated furnace. 
Except where the quantities of these materials were 
varied for special studies, the following standard 
charge was used: a.) limestone (6 pct of hot metal 
weight), b.) sinter ore (6 pct of hot metal weight), 
and c.) scrap (25 lb). 

Upon addition of these solid materials, the fur- 
nace was tilted about 45° and approximately 100 lb 
of liquid iron was added. After 30 sec, the remain- 
ing 650 lb of molten metal was charged and the fur- 
nace was returned to a vertical position. The oxy- 
gen lance was then inserted into the bath which, by 
this time, was boiling actively. During the first few 
minutes of lancing, a hot liquid slag formed. Al- 
though it was not always possible, it was aimed to 
retain the first slag in the furnace for a total time 
of 10 min before flushing. During formation of the 
flush slag, samples of metal and slag were taken at 
intervals of from 1 to 3 min. Flushing generally 
started when 8 to 10 in. of foamy slag covered the 
metal surface. By tilting the furnace forward, with 
the exit end of the oxygen lance located near the 
slag-metal interface, a foaming slag condition was 
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developed which permitted removal of almost all 
of the slag through the side opening. 

After the flush, lancing was briefly interrupted 
while controlled quantities of burnt lime and fluor- 
spar were added. At 5 min intervals, additional 
amounts of burnt lime were charged as required. 
The quantity of fed burnt lime varied from 3 to 5 
pet of the charge depending on the amount of sulfur 
or phosphorus in the charge. To avoid excessive 
foaming and also to aid in lime solution, additional 
small quantities of spar were used. 

For the first 20 min following hot metal addition, 
test slugs for chemical analysis were obtained by in- 
serting a graphite rod with two cavities drilled near 
its lower end into the bath. The slag adhering to the 
graphite rod after withdrawal was used as the cor- 
responding slag sample. After the initial 20 min 
period and until the carbon was reduced to the de- 
sired level, standard carbometer tests were utilized. 

Due to excessive foaming of working slags, inter- 
mittent flushing was sometimes necessary. This 
flushing action could be partially controlled by tilt- 
ing the experimental furnace and by adding burnt 
lime. Thus, to maintain a sufficient slag volume, it 
was sometimes necessary to use an excess of lime. 

After the desired carbon content and bath tem- 
perature were attained, the furnace was tilted for- 
ward and the metal, along with considerable slag, 
was poured into a teapot ladle preheated to 1100°F. 
Additions of ferromanganese and aluminum were 
made during this period. The final steel was then 
poured into specially constructed big-end-up, split 
hot topped molds. The teapot ladle was not a satis- 
factory pouring arrangement since slag trapped in 
the spout was poured along with the molten steel 
into the molds. As a resuit, considerable slag was 
often entrapped within the solidified ingot. 


Discussion of results 


Such a large volume of data was taken in study- 
ing the chemistry of the 750 lb heats that it is im- 
possible to show detailed data on all heats. However, 
the general characteristics of the heats were very 
similar. Typical heat logs are presented to show the 
general trends. 

The first several heats were made while experi- 
ence was being gained in the control of the process 
and in the manipulation of the equipment. The log 
of a typical heat made during the latter portion of 
this period, shown in Fig. 3, demonstrates the gen- 
eral behavior of the process quite clearly. The fairly 
uniform rate of carbon drop is the result of a nearly 
constant oxygen blowing rate. The rapid elimina- 
tion of phosphorus in a highly oxidizing flush slag 
early in the refining is the distinguishing character- 
istic of the process, which makes possible the pro- 
duction of high carbon, low phosphorus steel. 

In general, the flush slag was removed from 5 to 
10 min after the start of blowing. The removal of 
slag with only a few exceptions did not result in 
discontinuities in the phosphorus drop. However, 
occasionally the slag was completely removed. This 
left the bare metal exposed to the atmosphere and, 
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refining low to high phosphorus heats. 


as would be expected, the phosphorus elimination 
was arrested until slag-making additions were fed 
to the furnace. Fig. 4 shows this effect of complete 
slag removal in arresting dephosphorization and the 
effect of burnt lime additions to the bare metal in 
re-establishing the normal phosphorus drop. 


The process has an unusual ability to 
remove phosphorus 


This was investigated by making a series of heats 
from hot metal containing about 0.25 pct P to about 
0.9 pct P. Fig. 5 is a plot of phosphorus concentra- 
tion as a function of carbon concentration in four 
heats selected from the series. This presentation was 
chosen to eliminate effects of changes in the oxy- 
gen blowing rate. In the two heats with high initial 
phosphorus, the fed lme was increased from the 
normal 25 lb to 35 lb. Fig. 5 demonstrates that the 
phosphorus concentration curves are strongly con- 
vergent as carbon is eliminated and that low levels 
of phosphorus can be attained at high carbon con- 
centrations. 

Table II is further demonstration of the ability of 
the process to remove phosphorus. It shows, from a 
mass of averaged data, the rapid early elimination 
of phosphorus as well as the low phosphorus con- 
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Fig. 4—The course of refining a heat where the slag cover 
was removed and phosphorus refining was interrupted. 
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Fig. 6—Effect of sulfur on the rate of sulfur removal; hot 
metal at 1.4 pct Mn and 2500°F. 


centrations obtained during refining for a wide 
range of initial phosphorus concentrations. These 
data demonstrate that hot metal containing up to 
0.7 pet P can be converted to low phosphorus steel 
and that it is probably possible to produce low phos- 
phorus steel from hot metal containing as much as 
1 pet P with appropriate attention to the flush and 
refining periods of the process. 


Sulfur removal 


Another feature of the process is worthy of dis- 
cussion; namely, its ability to remove sulfur. This 
was investigated on a number of heats in which the 
sulfur content of the hot metal was varied widely. 
Average data from these heats are listed in Table III. 

The data of Table III demonstrate that more sulfur 
is eliminated as the sulfur burden is increased. Be- 
tween 53 and 64 pct of the initial sulfur burden was 
removed during refining. A further demonstration 
of sulfur elimination in the process is contained in 
Fig. 6 which is a plot of the effect of initial sulfur 
levels on the average rate of sulfur elimination. A 
marked and well defined increase is seen in the rate 
of sulfur drop as the initial sulfur concentration is 
increased. 

A sharp initial drop in sulfur was observed on 
many heats. This occurred between hot metal ad- 
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Fig. 9—Course of refining heat no. 40, also a high carbon 
heat. 


dition and the earliest sample that could be taken. 
Two examples of rapid early sulfur elimination are 
shown in Fig. 7. This observed phenomenon remains 
unexplained since the cause has not been and per- 
haps cannot be separated from the data. 

As experience was gained with the process it be- 
came possible to tap the heats at any desired car- 
bon level. This is demonstrated in Fig. 8 and Fig. 9 
which are the logs of two high carbon heats. It is 
both interesting and important to observe that, des- 
pite the high final carbon content, the phosphorus 
had already been eliminated down to a desirable 
level. These two heats show that hot metal contain- 
ing up to 0.250 pct P can be converted to high carbon 
(0.8 pet C) steel containing as low as 0.010 pct P. 

Aside from the qualities of the process to produce 
low phosphorus and low sulfur steel it also possesses 
the features necessary to the production of low ni- 
trogen steel. Nitrogen analyses of bath samples from 
all 61 heats and from the ingots of seven heats 
ranged from a trace to 0.003 pct nitrogen. This was 
not unexpected since very high purity oxygen (99.5 
pet O.) was used experimentally. 


Commercial size heats—125 tons 


Results of experiments in the 750 lb basic lined 
vessel show that the process is capable of producing 
high and low carbon steels which are low in phos- 
phorus, low in sulfur and low in nitrogen, from hot 
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Fig. 10—Course of refining 125 ton heat no. 4, also showing 
the CaO/SiO> ratio. 


metal containing up to 0.7 pet P and 0.07 pct S, 
without recarburization and without external firing. 
These results fulfilled the objectives of the original 
program. Because of these very encouraging results 
an experimental program was proposed for carry- 
ing out the process on a commercial scale. The 
studies to this time had indicated that a departure 
from a converter shaped vessel to a hearth type 
furnace might be beneficial to the process. After 
considering several approaches it was decided to 
modify an existing open hearth furnace to permit 
the same sequence of operations as has been de- 
scribed for the 750 lb heats. 

The commercial size experiments were conducted 
in Inland’s No. 2 Open Hearth shop when shop con- 
ditions existed such that experimental work would 
not seriously interfere with operations. Four heats 
were made in a modified 175 ton open hearth fur- 


Table Il. Effect of Initial Phosphorus Concentration on Phosphorus 
Concentration in the Steel during Refining 


No. of Avg P in Hot Avg P After Avg Minimum 


Heats Metal, Wt Pct Flush, Wt Pct P, Wt Pct 
10 0.246 0.081 0.008 
2 0.378 0.080 0.006 
5 0.488 0.072 0.009 
6 0.690 0.190 0.010 
2 0.910 0.125 0.016 
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Fig. 1I—A comparison of carbon and phosphorus elimination 
in 50 Ib, 750 Ib, and 125 ton heats. As can be seen, the 
differences are small. 
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Fig. 12—A comparison of dephosphorization in the open 
hearth process and the oxygen process. Scatter is approxi- 
mately the same. 


nace to determine the operating characteristics of 
the process in a large hearth type vessel. 

Two modifications were made to the furnace. The 
level of the flush hole was dropped to accommodate 
the 125 ton heat size and the flush opening was en- 
larged to permit rapid slag run-off. The second mod- 
ification was made to permit the simultaneous in- 
troduction of three oxygen lances. This was done 
by providing a second hole, somewhat above the ex- 
isting wicket hole, in the middle three furnace doors. 


Furnace operation 


After two preliminary heats were made, the fol- 
lowing practice was adopted. The furnace was 
brought up to slagging temperature in order to ap- 
proximate the conditions that would be expected 
after tapping a heat. The tap hole was closed and 
the fuel was turned off. The dampers were opened 
to permit removal of waste gases through both re- 
generators. As in the 750 lb heats, the cold charge 
was introduced first. Limestone, ore, burnt lime and 
finally scrap were charged in that sequence. The 
hot metal addition was made on top of the cold 
charge and lancing was begun immediately with 
oxygen containing 95 pct Os The oxygen was in- 
troduced essentially at the slag-metal interface at 
the highest rate attainable. At times it was possible 
to blow through three lance pipes, but because of 
lance changes the largest portion of the heats were 
blown with two lance pipes in the bath. Oxygen was 
injected continuously through to tap. 
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Fig. 13—A comparison of sulfur distribution in the open 
hearth process and the oxygen process slag-metal system. 
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Fig. 14—A comparison of desulfurization in the open hearth 
process and the oxygen process; the Turkdogan method 
being used. 


Appropriate slag and metal samples were taken 
to determine composition changes during flushing 
and during refining. Bath temperatures were meas- 
ured from time to time with a Pt-Pt, 10 pct Rh 
thermocouple. Moreover, complete furnace logs were 
kept of the four heats. 

Following the hot metal addition there was a light 
boiling action in the furnace. The bath was open to 
receive oxygen lances and remained open at the 
lances throughout the heat cycles. In the early 
stages of the first two heats the bath tended to 
freeze out toward the ends and front wall of the fur- 
nace. This was overcome on the last two heats by 
increasing the oxygen blowing rate. 

Very little slag formed during the hot metal ad- 
dition but the slag developed rapidly when oxygen 
lancing was begun and the heats began to flush a 
few minutes later. The flush slag was viscous at 
first but gradually became fluid and ran off very 
satisfactorily. The late flush slags had a tendency to 
be foamy but this was successfully combatted by 
spar additions. 

Up to 35 pct of the phosphorus burden and up to 
50 pct of the manganese burden were removed in the 
flush. However, the concentrations of maganese and 
phosphorus were about the same as in open hearth 
flush slags. Flush slag weights, calculated by the 
phosphorus and manganese method, ranged from 
120 to 170 lb per ton of ingots. This is comparable to 
open hearth heats made with 56 pct hot metal but 
is considerably lower than the amount of slag which 
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Table III. Effect of Initial Sulfur Level on Sulfur Elimination 


No. of Avg S in Hot Avg Minimum S Removed 
Heats Metal, Wt Pct S, Wt Pct Pct of Total 
10 0.036 0.017 53 
0.055 0.021 62 
0.062 0.028 55 
4 0.074 0.030 60 
2 0.100 0.036 64 


Table IV. Effect of Oxygen Blowing Rate on Fuel Requirements 


Oxygen Fuel Oil 
Heat No. Blowing Rate, Cfm Required, Gal 
1 1170 468 
2 1430 155 
3 1600 58 
4 1980 none 


Table V. Hot Metal and Steel Analyses for 125 Ton Heats 


Range of Range of 
Hot Metal Analysis Ladle Analysis 
Wt Pct P Wt Pct S Wt Pct P Wt Pct S 


3 low carbon heats, 0.244-0.256 0.024-0.025 0.008-0.010 0.013-0.019 
Nos. 1,2,&4 
1 medium carbon 0.259 0.028 0.011 0.025 
heat No. 3 


Table VI. Effect of Oxygen Blowing Rate on Carbon Drop and Heat 


Time 
Oo Blowing Carbon Drop Heat Time, Hr, 
Heat No. Rate, Cfm Pts per Min Chg. to Tap 
1 1170 ead 4.50 
2 1430 2.65 3.30 
3 1600 3.10 2.92 
4 1980 3.41 2.83 


Table VII. Production Data, 125 Ton Heat No 4 


Charge Material, Lbs 


Limestone 19,500 Heat time, hr chg. to tap 2.83 
Sinter 17,000 Productivity, tons per hr, 40.1 
chg. to tap 
Burnt lime 3,600 Oxygen consumption cf per ton 2100 
Scrap 9,600 Oxygen efficiency, pct 98.6 
Hot metal 245,000 Ingot production, tons 113.4 
Total metallics 265,650 
Ingot yield, pct 86.0 
Iron yield, pct 95.6 


was removed in the 750 lb heat tests. The lower slag 
weight in the large heats was caused by an inabili- 
ty to remove most of the slag at flush. 

One of the objectives of the experiment was to 
find the minimum oxygen blowing rate at which ex- 
ternal fuel was not required. This was done by in- 
creasing the blowing rate from heat to heat and 
measuring the fuel required to shape up the heats. 
Fuel oil was used in the first three heats to shape 
up the refining slags which were cold, viscous and 
not fully melted. However, the slag was fluid when 
the bath carbon concentration was 1 pct in Heat No. 
4 and the slag at tap was in very good condition. 

Table IV shows that fuel is not required in the 
process at blowing rates at or above 1980 cfm. This 
demonstrates the particularly important feature that 
the heat evolved from oxidation reactions is suffi- 
cient for carrying out the process in large hearth 
type furnaces. Furthermore the required blowing 
rate. is somewhat below that practiced in oxygen 
converter heats of less than half the size. That the 
tap temperature of Heat No. 4 was 3025°F is fur- 
ther verification that the blowing rate on that heat 
was high enough to carry out the process without 
supplementary fuel. 


Results of 125 ton heat trials 


Three of the heats were made to low carbon 
rimmed steel specifications and one heat was made 
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to a medium carbon semi-killed specification. The 
ladle analyses of Table V show the low levels of 
phosphorus and sulfur which were obtained on the 
heats. These levels of final phosphorus and sulfur 
are at least as low as those of open hearth steel. 
Moreover, the nitrogen concentration in ladle sam- 
ples ranged from 0.003 to 0.005 pet N, which is the 
normal open hearth nitrogen range. This is some- 
what higher than that obtained on the 750 lb heats, 
presumably because the oxygen used on the large 
scale heats was of lower purity. 

The rates of carbon drop and heat times were 
largely controlled by the oxygen blowing rate as 
shown in Table VI. Heat No. 4 was blown as rapidly 
as was possible with the available facilities. Op- 
timum heat time for the process would be that de- 
termined by the maximum rate of refining at which 
carbon elimination would be under control. It is 
felt that heat times of 1 to 14% hr would be about 
optimum. This would require an oxygen blowing 
rate of double that obtained in Heat No. 4. 

A specific example will serve to demonstrate the 
various operating and chemical features of the 
process. Heat No. 4, a low carbon heat, has been 
chosen since it was the only 125 ton heat which was 
made as is visualized for commercial practice. Table 
VII shows pertinent production data from Heat No. 
4. Sinter made up about 7 pct and scrap was about 4 
pet of the hot metal charged. The oxygen consump- 
tion, oxygen efficiency and yield were about the 
same as has been reported for other oxygen steel- 
making processes. 

Fig. 10 shows the courses of refining of carbon, 
phosphorus and sulfur. It is important to note the 
uniform rate of carbon drop, which is largely a 
result of nearly constant oxygen blowing rates. A 
second feature is the rapid early elimination of phos- 
phorus and the somewhat constant level of sulfur 
which persists until late in the heat. As was ex- 
pected, phosphorus removal late in the heat was 
highly dependent on slag conditions. This was also 
true for sulfur elimination. Sharp drops in phos- 
phorus and sulfur were experienced late in this heat 
when the slag cleared up. 

The general pattern of refining reactions is ap- 
parently not changed appreciably by heat size or 
by heat time. Fig. 11 demonstrates this by compar- 
ing the courses of refining of phosphorus and car- 
bon in 50 lb, 750 lb, and 125 ton heats. The refining 
times with the three heat sizes ranged from about 
20 min to about 3 hr with only a minor effect on the 
courses of refining. Much more important to re- 
fining is the completeness of flush slag removal. 
Slag removal in the 750 Ib heat was under the best 
control of those shown and therefore had a more 
rapid early phosphorus drop. Commercial size fur- 
naces would probably have to be rocking or tilting 
types in order to remove flush slag most completely. 


Dephosphorization and desulfurization 


Slag and metal data from the open hearth and the 
oxygen process can be used to compare the relative 
physical chemical natures of the slag-metal sys- 
tems. The open hearth data of Elliott and Luerssen™ 
were used for comparison of data from the 125 ton 
oxygen heats. The correlations selected were those 
for phosphorus and sulfur, since they give the best 
insight into the chemistry of the steelmaking slag- 
metal system. 

The ionic treatment of Herasymenko and Speight” 
was used to compare phosphorus oxidation in the 
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two processes. Fig. 12 is a plot of the log of the 
phosphorus oxidation equilibrium constant, Ky", as 
a function of basicity expressed as the sum of cal- 
cium ion and magnesium ion fractions. The line of 
best fit represents equilibrium at about 1610°C. It 
is noteworthy that only in highly basic slags is there 
a divergence toward poorer dephosphorization in 
the oxygen process data. These highly basic slags 
were also late refining slags when the metal tem- 
perature was highest—up to 1665°C. The observed 
poorer dephosphorization is probably only confirma- 
tion of the observed high refining temperatures. 
The behavior of sulfur is not nearly as clear cut 
as the behavior of phosphorus. A plot of sulfur dis- 


tribution ratio as a function of slag basicity 


[pet S] 
shows quite clearly that sulfur distribution ratios 
are higher in the open hearth than in the oxygen 
process. This plot is presented in Fig. 13. This be- 
havior was also observed by Tenenbaum” who re- 


ported lower in open hearth heats blown 


( 

[pct S] 
with oxygen than those not blown with oxygen. This 
behavior therefore appears to be related, in some 
manner, to oxygen blowing. 

For this reason the correlation method of Turk- 
dogan™ for desulfurization was tried in an attempt 
to determine if a clear separation of the data per- 
sisted when oxygen activity is a feature of the cor- 
relation. Turkdogan considered the desulfurization 


reaction: [S] + (0) —@(S) + [0] and wrote an 
A[pct 0 
equilibrium constant, K, = (S) ea He found 


that this correlated well with the total acids in the 
slag and therefore plotted K, as a function of the log 
of the reciprocal of the sum of acids expressed as 
> (SiO.) + 1.5 (Al1,O,) + 1.5 (P.O;). 

The open hearth and oxygen process data plotted 
in Fig. 14 fall within Turkdogan’s scatter band for 
1600°C. More important to this study is that the 
open hearth data and the oxygen process data are 
no longer separated. One can therefore explain most 
of the separation of the open hearth data and oxy- 
gen process data which was shown in Fig. 13 by 
differences in sulfur and/or oxygen activity in the 
metal bath. Tenenbaum’s findings“ would indicate 
that the differences in oxygen activity in the metal 
are controlling. 

Perhaps the most important result of this analysis 
is that the slag-metal system in the oxygen process 
is as close to equilibrium as that of the open hearth 
with regard to phosphorus and sulfur. 


Summary 


An oxygen steelmaking process has been de- 
scribed which is more adaptable to American raw 
materials than either the conventional Thomas proc- 
ess or the oxygen steelmaking processes which have 
been developed from the Thomas process. Experi- 
ments have been conducted in small and large heats 
to determine the operating and refining character- 
istics of the process. 

In operating the process, hot metal is poured on 
a cold charge consisting of lime and/or limestone, 
ore, and steel scrap. Oxygen is introduced essen- 
tially at the slag-metal interface and blowing is con- 
tinued through to tap. A slag is flushed in the early 
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stages, thus removing a large portion of the phos- 
phorus burden. 

Sixty-one heats of 750 lb size were made to study 
various features of the process. Analysis of the re- 
sults of these experiments shows that the process 
has an unusual ability to remove phosphorus very 
rapidly in the initial stages of the heat, due to the 
fact that a highly oxidized flush slag is removed. 
Low phosphorus, low sulfur, low nitrogen steel high 
in carbon can be produced directly from hot metal 
containing up to at least 0.7 pct P and up to 0.07 pet 
S. The effect of the initial phosphorus concentration 
on the final phosphorus concentration in the steel 
is not appreciable until the initial phosphorus ex- 
ceeds 0.7 pct P. The rate of sulfur elimination was 
found to be directly proportional to the hot metal 
sulfur concentration. 

Four heats of about 125 ton size were made in a 
modified open hearth furnace. They also demon- 
strated the early phosphorus drop and, in general, 
confirmed the patterns of refining found in the 750 
lb heats. Examination of the data indicated that 
these heats closely resembled open hearth flush 
practice heats in the chemistry of phosphorus and 
sulfur elimination. 


Conclusions 


The objectives of the program have been stated 
early in this paper. The following conclusions can 
be drawn with reference to the objectives as out- 
lined previously: 1) The process can produce 0.010 
pet P steel from pig iron containing as much as 0.7 
pet P or above. 2) High carbon low phosphorus steel 
can be made without large amounts of recarburizers. 
3) The product is low in nitrogen (trace to 0.003 
pet N when blown with high purity oxygen and 
.003 to .005 pet N when blown with 95 pct O.. 4) 
The phosphorus concentration reaches low levels 
while the carbon is still high and steel compositions 
identical to basic open hearth steels are produced. 
Due to the low sulfur burden, very low sulfur steels 
can be produced from most American pig irons. 5) 
The process does not require external heat for re- 
fining. 6) The process can be carried out in large 
hearth type furnaces. 
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by W. L. Kerlie 
J. H. Richards 


ORIGIN AND ELIMINATION OF HYDROGEN IN 
BASIC OPEN-HEARTH STEELS 


MALL amounts of hydrogen have an adverse 

effect on the ductility of steel and a wide range 
of hydrogen contents has an adverse effect on the 
internal soundness of both ferrous and nonferrous 
castings. This has been of major concern to the 
metal industry, both manufacturers and fabricators, 
for many years. As one of the results of continuing 
investigations of the hydrogen problem, much has 
been learned about methods of reducing the hydro- 
gen content of liquid metals below the relatively 
high levels that are normally associated with such 
phenomena as rising ingots and excessive porosity 
in sand casting. However, it was not until a reliable 
and simple method for sampling and analyzing 
liquid metal was developed that much progress was 
possible in quantitatively evaluating the effect of 
steelmaking practice on hydrogen contents at levels 
below 6 to 8 ppm. Throughout all the work de- 
scribed in the following presentation the Geffner 
pintube technique was used to obtain samples of 
liquid metal’ * and the tin-fusion method, developed 
at Massachusetts Institute of Technology,’ was used 
to analyze the samples. 

Before attempting a systematic experimental pro- 
gram for minimizing the hydrogen content of open- 
hearth steels, it was necessary to determine the 
variation in hydrogen in the open-hearth bath dur- 
ing the normal processing of a heat. 

The logs of ten heats are illustrated in Figs. 1 


W. L. KERLIE and J. H. RICHARDS, Members AIME, are associ- 
ated with United States Steel Corp., Monroeville, Pa. 
TP 4630C. Manuscript, Feb. 26, 1957. 
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The variation in hydrogen content of basic open- 
hearth steels during refining and the effect of chang- 
ing from steam to air atomization were studied. The 
water content of the furnace atmosphere, the slag 
basicity, and the degree of oxidation of the slag- 
metal system largely control the hydrogen in the 
steel. 


through 7. The number at each point on the graphs 
refers to the number of pintube samples analyzed 
for hydrogen. 

An increase in the hydrogen content of the liquid 
metal during the early period of refining is apparent 
in all heats. There is evidence of a decrease in 
hydrogen later in the refining period, see Fig. 2, for 
example. Therefore, the existence of a maximum 
hydrogen content at some intermediate time during 
the refining period is anticipated. 

To test for the existence of a maximum, the data 
illustrated in Figs. 1 to 5 were grouped together so 
that they could be examined on a collectively com- 
parable basis. The grouping was effected, as illus- 
trated in Fig. 8, by superimposing Figs. 1 to 5 so 
that the apparent hydrogen maxima coincided at a 
fixed position, indicated by the zero on the time 
axis. Also, by vertical adjustment until the graphs 
appeared to the eye to be superimposed, the hydro- 
gen scale was made to show the change in hydrogen 
content. That is, a standard amount was subtracted 
from the hydrogen values for each heat. Therefore, 
Fig. 8 represents a generalized presentation of the 
data and, for this reason, cannot be used to predict 
the actual hydrogen content of the bath during re- 
fining, but rather to show the probable rate of 
change in hydrogen during refining. 

Statistical examination of the grouped data in 


-Fig. 8 shows that the apparent increase and subse- 


quent decrease in hydrogen are real and confirms 
the existence of a maximum in general. The average 
increase in hydrogen during the early period of re- 
fining is between 0.8 and 1.3 ppm per hr, and the 


DECEMBER 1957, JOURNAL OF METALS—1541 


8 1.6 

RB IN METAL | 
= 08 IN SLAG 4.0 z 
> |Z ic by 
> 

Be 

| 0.2 


| 2 3 4 5 6 
REFINING TIME, hours after melt 


Fig. 1—Variation in hydrogen during refining of heat A-1. 


average decrease in hydrogen in the late period of 
refining is at a rate between 0.02 and 0.70 ppm per 
hr. These rates represent 95 pct confidence limits 
and the mean rates are represented by the slopes of 
the regression lines illustrated in Fig. 8. 

Because of the much shorter refining periods in 
heats B-1 to B-5, the data were insufficient to estab- 
lish the slope of the hydrogen-time curve with any 
degree of certainty. 

Effect of Rate of Carbon Removal—tThe rate of 
carbon removal, as represented by the slope of the 
carbon-time curve, does not appear to have any 
marked effect on the rate of rise in hydrogen to- 
ward the maximum. For example, in Fig. 4 the rate 
of carbon removal during the first 2 hr of refining 
is fairly steady at approximately 0.3 pct per hr, 
whereas in Fig. 5 the rate of carbon removal during 
the same period is about 0.6 pct per hr, and yet the 
average slopes of the hydrogen lines are quite simi- 
lar (1 ppm per hr respectively). However, the 
maximum hydrogen does appear to be influenced 
by the rate of carbon removal. This tentative con- 
clusion is based on the data of Table I and is demon- 
strated in Fig. 9. The rate of carbon removal was 
calculated from the differences in carbon content 
and time as shown in Table I and as illustrated by 
the thick portion of the carbon line in Figs. 1 through 
5. The solid line in Fig. 9 shows that the hydrogen 
maximum decreases with increasing rate of carbon 
removal and seems to approach an asymptote at 
approximately 4.0 ppm. 

At the end of refining, there is a roughly similar 
relationship between the rate of carbon removal 
and hydrogen, and this is also illustrated in Table I 
and the dashed curve in Fig. 9. As a zero rate of 
carbon removal is approached, extrapolated values 
of hydrogen of about 7 ppm are indicated. 
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Fig. 2—Variation in hydrogen during refining of heat A-2. 


Effect of Water Vapor in Furnace Atmosphere— 
Because the water vapor in the furnace atmosphere 
was suspected to be a primary source of hydrogen, 
an attempt was made to correlate the hydrogen in 
the bath and the calculated H,O in the furnace 
atmosphere. 

Table II compares the hydrogen in the bath with 
the H.O in the atmosphere for plants A and B when 


different fuels were used. The ratio appears 


2 


to be roughly constant and indicates that, although 
other factors may also be effective, the H,O in the 
furnace atmosphere is probably the major source of 
the hydrogen in steel. 

Effect of Level of Oxidation—Figs. 2, 3, and 5 
show that when the heat is blocked there is a 
measurable increase in hydrogen content. A study 
was made in plant C in which a heat was blocked 
and the blocking period extended to 27 min. During 
the block, samples were taken periodically for hy- 
drogen analyses.* The results of this experiment are 
iJustrated in Fig. 10 and show that the hydrogen 
content rises during block and may reach a value 
in the region of 7.0 ppm. 

The apparent correlation of maximum hydrogen 
and rate of carbon boil, and the increase of hydro- 
gen in the bath during a furnace block, suggest that 
the level of oxidation of the slag or slag and metal 
system can influence the hydrogen content of the 
liquid metal. 

Other Possible Sources of Hydrogen—To mini- 
mize the possibility of overlooking other significant 
sources of hydrogen, the hydrogen content of the 
materials normally added to the furnace and ladle 
was determined. 


Table |. Influence of Rate of Carbon Boil on Hydrogen Content of Basic Open-Hearth Heats A-1 to A-5 


At Maximum H Content 


Before Block 


Hydrogen Change in Time Rate of Hydrogen Change in Time Rate of 
in Bath, Carbon, Interval, Boil, Pct in Bath, Carbon, Interval, Boil, 
Heat No.* Ppm Pct Min C per Hr Ppm Pct Min Pct C per Hr 
A-1 6.85 0.62 to 0.50 50 0 5.42 0.25 to 0.19 15 0.24 
A-2 5.62 0.75 to 0.49 60 0 4.66 0.39 to 0.28 25 0.26 
A-3 5.04 0.84 to 0.53 58 0 4.41 0.40 to 0.15 33 0.46 
A-4 6.70 0.62 to 0.50 37 0 3.98 0.33 to 0.21 20 0.36 
A-5 4.40 0.85 to 0.31 60 0 3.90 0.31 to 0.17 20 0.42 


* See appropriate figure number, that is, samples from heat A-1 are shown in Fig. 1. 
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Fig. 3—Variation in hydrogen during refining of heat A-3. 
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Fig. 5—Variation in hydrogen during refining of heat A-5. 


A list of the hydrogen contents of such materials 
is given in Table III. Because of kish formation, it 
was difficult to obtain reliable samples of hot metal 
for hydrogen analysis. However, the results indi- 
cate that the hydrogen content of the mixer iron is 
between 2.5 and 4.5 ppm. The outstanding result 
from these analyses is the value of 96 ppm reported 
for low-carbon ferrochrome. On this particular 
sample, the hydrogen was checked at 96 ppm. Cal- 
cium silicide and ferrovanadium contain relatively 
large amounts of hydrogen, about 30 ppm. 

Approximate calculations have been made of the 
increase in hydrogen content in the steel that could 
result from the hydrogen content of the additions 
to the furnace at block and to the ladle at tap. The 
results are shown in Table IV, and indicate that, 
with certain exceptions, the increase is small and 
may be ignored in the present study. The possible 
increase in the hydrogen content of steels that have 
been made with ladle additions of anthracite has 
not been estimated. 

It may be argued that combined water in lime 
and ore additions raises the hydrogen content of the 
bath. However, since approximately 100 to 150 lb 
of water vapor per min is passing through the fur- 
nace in the combusted gas, it is doubtful that this 
rise could be permanent. 

In summarizing the results of these exploratory 
studies, it has been demonstrated that the water 
content of the furnace atmosphere is possibly the 
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Fig. 6—Variation in hydrogen during refining of heats B-1 
and B-2. 


major source of the hydrogen in the steel and that 
the degree of oxidation of the slag-metal system 
may be an important factor affecting the transfer 
of hydrogen from the atmosphere to the liquid 
metal. 


Table Il. Hydrogen Content of Steel and H,O in 
Furnace Atmosphere 


Hydrogen in Furnace 
in Steel, Atmosphere, 


Heat No. Ppm Pet Remarks 


H/(H20)1/2 


Basic Open-Hearth Heats in Plant A* 
Sampled before tap 


A-1 5.4 12.0 1.6 Tapped open 
A-2 4.7 12.4 1.3 Sampled before block 
A-3 4.4 Sampled before block 
A-4 4.1 12.6 1.2 Sampled before block 
Average 4.7 12.4 1.3 
Basic Open-Hearth Heats in Plant B 
Sampled before tap 
B-1 17.8 1.3 Tapped open 
B-2 6.7 19.4 1.5 Sampled before tap 
B-3 5.8 18.9 il} Tapped open 
B-4 4.4 19.2 1.0 
B-5 4.8 19.4 ral 
Average 5.4 18.9 1.2 


* No fuel data available for calculating H2O in furnace for heat 
5 


+ The average hydrogen content for the pintubes taken 5 min be- 
fore tap was used in calculating the ratio H/(H2O)1/2. It was not 
possible to determine the HzO in the furnace atmosphere at tap be- 
cause of rapidly changing firing conditions. 
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Controlled Experiments 


By deliberately varying the factors that appeared 
to influence the hydrogen content, it should be pos- 
sible to establish their relative importance. Because 
steam atomization contributes about 40 pct of the 
H.O in the furnace atmosphere and because the 
hydrogen content of oil is about twice that of tar 
it was decided to study the effect of changing from 
steam to air atomization and from the standard oil- 
tar firing at plant A to 100 pct tar firing. Preliminary 
calculations indicated that air atomization and 100 
pet tar firing would give about 6 pct H.O in the fur- 
nace atmosphere compared with 13 pct H,O for 
normal practice. 

Materials and Experimental Work—A new burner 
that could be used either for air atomization or for 
steam atomization was installed in one of the fur- 
naces in plant A. Two compressors, each rated at 
600 scfm, supplied the air at 120 psi and 170°F for 
atomization. Records were made of the flow of 1) 
primary combustion air, 2) steam for atomization, 
and 3) oil and/or tar; and sling psychrometer read- 
ings were obtained of the humidity of the air. None 
of the heats was blocked. 

Carbometer, pintube, and slag samples were taken 
periodically during the latter part of the refining 
period and immediately before tap. Immersion tem- 
perature readings were taken, when possible, im- 
mediately before sampling. The usual records of 
the time of additions to the bath and the times of 
sampling were obtained for each heat. 

A total of ten experimental heats was made 
under the conditions shown in Table V. 

The determination of the rate of carbon removal 
was based on the following data: 1) carbon test re- 
sults by the carbometer method and time of sam- 
pling, and 2) check carbon determinations by the 
combustion method, by using drillings from the 
carbometer samples when regular combustion- 
carbon samples were not available. 

The individual hydrogen contents of the pintube 
samples and the average hydrogen values are quoted 
in Table VI, which also lists the carbon content and 
the temperature of the bath when the pintube 
samples were taken. 

Calculating the Water Content of the Furnace 
Atmosphere—The calculation of the water content 
of the furnace atmosphere was based on the follow- 
ing: 


Table III. Hydrogen Content of Additions 


Material Grade Plant Hydrogen, Ppm 
Ferromanganese Medium-carbon A 9.5; 7.0 
Electrolytic manganese D 
Silicomanganese — A 8.7, 13.5 
Ferrochrome High-carbon A 6.3, 4.6, 

8.8, 8.5 

Ferrochrome High-carbon D 20.8 
Ferrochrome Low-Carbon D 4.2 
Ferrochrome Low-Carbon A 96.0 (checked) 
Ferromolybdenum High-carbon A 8.4 
Ferrovanadium — A 32.1, 30.9 
Calcium silicide 35.2, 27.8, 

45.8 
Electrolytic nickel = 5.0, 5.4 
Aluminum Wire A 12.5 
Aluminum Wire D 13.2 
Aluminum Star D 4.7, 5.3 
Fluorspar Star D 0.93 pet Heo 


Hydrogen Content of Hot Metal 


Mixer iron Regular sulfur A Pas ts) 
Mixer iron Low sulfur A 4.31, 4.13 
Mixer iron Low sulfur D 57 
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Fig. 7—Variation in hydrogen during refining of heats B-3, 
B-4, and B-5. 


1) Flow of fuel, combustion air, and steam and 
the capacity of the two compressors used to supply 
atomizing air. 

2) Atmospheric humidity. 

3) Analyses of fuel samples taken before and 
after the series of experimental heats. 


4) Calculations of the approximate carbon- 
removal rates. The most probable carbon-time curve 
according to the data was drawn for each heat. The 
tangent to this curve at the appropriate sampling 
time gave the approximate rate of carbon removal, 
one of the factors used in the calculation of the H.O 
content of the furnace atmosphere. In drawing the 
carbon-time curves, it was assumed that each addi- 
tion of ore resulted in an immediate increase in the 
rate of carbon removal. 


5) Estimated weight of steel in the furnace. 


The flow rates of the gases composing the furnace 
atmosphere (H.O, CO., N., CO, and O.) were calcu- 
lated and then the percentage of H.O was deter- 
mined. The presence of CO was assumed when the 
air supplied to the furnace gases was less than that 
theoretically required for complete combustion, and 
the presence of excess O. was assumed when the air 
supplied was greater than that required for com- 
plete combustion. 


Sampling Errors—Expericnce had shown. that, 
occasionally, there could be a considerable variation 
in hydrogen content between individual pintubes 
from the same spoon sample. A statistical test was 
applied before any individual hydrogen value was 
rejected as an outlier. This test was formulated on 
the results of a study of a group of nine pintubes 


Table IV. Calculated Increase in Hydrogen Content 
Resulting from Hydrogen in Additions 


Hydrogen Content, Ppm 
Furnace Additions, Ladle Additions, 


Heat No. Increase Increase 

Plant A 

A-1 0.2 

A-2 0.1 0.1 

A-3 0.1 0.4 

A-4 0.1 0.1 

A-5 0.1 0.1 
Plant B 

B-1 _ 0.1 

B-2 0.1 
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Fig. 9—Variation in hydrogen with rate of carbon removal; 
heats A-1 to A-5. 


sampled simultaneously in the plant and 33 pintubes 
sampled simultaneously in the laboratory. These 42 
samples covered a range of values similar to that 
illustrated in Table VI. 

The following deviations from the sample mean 
were used as critical values to test for outliers: 3 
pintubes analyzed, £1.00; 4 pintubes, +1.06; 5 pin- 
tubes, +1.10; and 6 pintubes, +1.12 deviation. Thus, 
in sample A-8(a) of Table VI, the average of all 
four samples is 4.22, and the value of 6.41 is suspect. 
Since the 2.19 deviation of this value from the 
average exceeds the 1.06 critical value, the 6.41 
value is rejected and the average taken as 3.49. 

In Table VI, the values that have been rejected 
are marked with an asterisk. For samples A-9(a) 
and A-11(a), the respective values of 11.00 and 7.70 
ppm were rejected as being impossibly high com- 
pared with other samples for these heats, and for 
sample A-12(d), the 1.24 ppm value was rejected 
as being impossibly low. The error in hydrogen 
analysis is known to be about +0.2 ppm. 


Table V. Conditions for Ten Experimental Heats 


Fuel Atomization Heat Nos. 
Oil and tar Steam A-6, A-11 
100 pet tar Steam A-8, A-13, A-14 
Oil and tar Air A-7, A-9, A-15 
100 pet tar Air A-10, A-12 
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Fig. 10—Increase in hydrogen content of heat C1 after block. 
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Slag Basicity and Degree of Oxidation—Slag 
samples were taken on all heats and were analyzed 
for CaO, MnO, SiO., P.O;, FeO, and Fe.O;. The basic- 
ity of the slag was calculated according to the ex- 
pression given by Kerlie* 


CaO + 0.39 MnO 
0.93 SiO, + 1.18 P.O; 


Although the basicity may be represented in other 
ways, it has been well established that the activity 
of the FeO in the slag decreases with increasing 
basicity.* ° Since experience had indicated that the 
hydrogen content tended to decrease with increas- 
ing degree of oxidation, the latter was calculated* 
from a knowledge of the basicity of the slag, the 
total iron oxide in the slag expressed as FeO, and 
the bath temperature. The calculated degree of 
oxidation may be defined as the oxygen available 
from the slag or, as described by Darken,’ the oxy- 
gen content of the metal immediately adjacent to 
the slag, designated in this report as O,. 

Effect of Varying the H.O in the Furnace Atmos- 
phere— In Fig. 11, a plot is shown of the variation 
in hydrogen with the water vapor in the atmos- 
phere. The use of the root sign is in accordance 
with the dissociation of water vapor in contact with 
liquid iron, namely 


% HO=H+%0. [1] 


It is interesting to note that the line corresponding 


p= 


H 
to = 1.3 (1.3 is the average value of heats 
\/H.O 
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Fig. 12—Influence of available oxygen on the hydrogen 
content in the bath. a) TOP: Vaiues at tap. b) BOTTOM: 
Values throughout refining. 


A-1 to A-5 and B-1 to B-5 shown in Table II) is a 
good fit and indicates that, in the absence of water 
vapor, the hydrogen content of liquid steel would 
be zero. 

Fig. 11 shows that a hydrogen content of 4.7 ppm 
at tap is to be expected under normal conditions 
(steam atomization and oil-tar firing) when the 
water vapor in the furnace atmosphere is 13 pct. 
A 50 pet reduction in this value (obtainable with 
air atomization and 100 pct tar firing) should there- 
fore decrease the hydrogen content to 3.3 ppm. 

Effect of the Degree of Oxidation—According to 
Eq. 1, a good correlation should be obtained be- 


tween H\/O, and \/H.O. This is shown in Fig. 12a, 
which applies to the samples at tap and in which 
the oxygen concentration term is represented by 
O. 
H,O 


the available oxygen, O,. The index Hy is 


approximately 0.28, which means that the hydrogen 
content can be roughly estimated from the equation 


H = 0.28 \/ 


The data for the other samples (taken before tap) 
are included in Fig. 12b. Although there appeai's 
to be more scatter of the points than in Fig. 12a, a 
good correlation is still to be observed. A statistical 
examination of the data of Fig. 12b showed that the 
correlation was highly significant (significance level, 
0.001). Consequently, the available oxygen may be 
regarded as an important factor influencing the 
hydrogen content of the bath. 


Ae) 2] 
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Effect of Slag Basicity—Apart from the influence 
of the basicity of the slag on the available oxygen, 
there appears to be a correlation between the basic- 


ity and the index K, = H \/ . The nature of 


this correlation is shown in Fig. 13. Statistical 
examination of these data showed the correlation 
to be such that the following regression equation 
could be established 


O. 
H,O 


Although the available oxygen term in Eq. 3 is 
influenced by slag basicity, it is not correct to as- 
sume that there is a forced correlation between K, 
and £8. The reasons are as follows: 

1) Since an increase in 8 lowers the oxygen 
availability,* a negative correlation would be ob- 


= 0.038 + 0.19. [3] 


remained unaffected by B. 


2 


tained if the ratio 


The correlation is actually positive. 
2) The positive correlation could result from a 
purely fortuitous increase in O, with § or an in- 


crease in with £. The data did not indicate 


2 


any correlation between O, and £B; hence, it is pre- 


varies with slag basicity. 


2 
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contents. 


Since the available oxygen is determined by the 
total FeO and the basicity (if the temperature is 
constant), a reasonably good correlation should be 
obtained on plotting the equilibrium index 


against basicity. Since the steelmaking 
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Fig. 16—Variation in hydrogen in steel with hydrogen in 
slag. 


FeO, 
Lo against log 8 for the 30 samples for 
which complete data were available is shown in 
Fig. 14. In this case the correlation is also signifi- 
cant. 
Predicting the Hydrogen Content—The regres- 


sion equation for the data of Fig. 14 was found to be 


FeO; 
2 
temperatures in general are between 1550° and 
1600°C, no serious error is introduced when FeO is 
substituted for O, in the equilibrium index to obtain on 3.10 (8)°" (HO) [5] 
anew prediction equation. A plot of log K, = log (HeO; eee 
Table VI. Variation in Hydrogen Content and Bath Temperature at Different Carbon Levels 
Hydrogen in 
Bath, Ppm, Bath: Temperature, Hydrogen 
Heat No. Sample No. Carbon Pct Individual Values Average °C in Slag, Ppm 
A-6 (a) 0.57 7.43, 6.58, 6.23, 6.92 6.79 1535 34.0 
(steam (b) 0.52 5.14, 3.70, 4.88 4.57 1549 34.2 
atomization) (c) 0.34 5.13, 4.17, 5.29 4.86 1591 22.9 
A-7 (a) 0.23 3.64, 3.79, 3.68 3.70 
(air (b) 1571 
atomization) (ec) 0.10 3.85, 4.14, 3.71 3.90 1574 
= (a) 0.40 2.95, 4.22, 3.31, 6.41* 3.49 21.0 
(steam (b) 0.33 4.92, 3.80, 3.52, 3.43, 4.12 1546 30.9 
4.91 
atomization) (c) 0.21 4.30, 4.88, 8.57,* 4.99, 4.84 1571 43.7 
5.17, 6.86 
A-9 (a) 0.62 2.76, 11.00* 25.2 
(air (b) 0.44 2.54 1532 16.5 
atomization) (c) 0.21 3.64, 3.24 3.44 1549 17.6 
(d) 0.18 3.95, 3.53, 2.89 3.46 1571 
A-10 (a) 0.59 2.24, 2.50, 2.66 2.47 
(air (b) 0.46 3.44, 4.76,* 3.16, 3.29 1504 
atomization) 3.27, 2.24* 
(c) 0.32 1524 
A-11 (a) 0.81 7.70,* 1.77 19.2 
(steam (b) 0.30 2.05, 2.78 2.42 23:5 
atomization) (c) 0.09 1.98, 2.20, 3.07, 1.79 2.26 PACT 
(a) 0.07 3.48, 3.48, 2.80 3.25 1563 28.2 
A-12 (a) 0.91 1.80, 2.27 2.04 21.9 
(air (b) 0.59 3.42. 7.82,* 3.52, 3.68 3.54 1546 23.7 
atomization) (c) 0.46 3.12, 4.50, 3.16, 3.86 3.66 1560 26.2 
(a) 0.26 2.85, 1.24* 1604 
A-13 (a) 0.70 2.89, 2.97 2.93 
(steam (b) 0.41 3.17, 2.55, 3.11 2.97 
atomization) (c) 0.26 3.84, 3.51, 3.18, 2.73 3.32 1563 
(d) 0.20 3.22, 3.62, 2.98 3.27 1577 
A-14 (a) 0.52 
(steam (b) 0.26 4.30, 3.62, 4.90, 6.23,* 4.31 1566 
atomization) 3.89, 4.84 
(c) 0.17 5.33, 5.28, 5.41, 5.46 5.37 1593 
A-15 (a) 0.52 3.19, 3.20, 3.46, 3.37 3.31 25.2 
(air (b) 0.32 6.707 29.4 
atomization) (ec) 0.20 2.99, 3.92, 4.42, 4.02 3.84 1554 25.6 
(d) 0.12 2.17, 3.28, 3.00 2.82 1571 25.1 


* Hydrogen value rejected. 
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and, because the indices for 8, H,O, and FeO, are all 
in the region of 0.5, Eq. 5 was simplified to give the 
expression 

H,O 


FeO, 


to predict the hydrogen content of the open-hearth 
bath before block. 


H? = 108 [6] 


2 


against and including the 


FeO, 


data on a series of regular beats, a good correlation 
was observed. Therefore, Eq. 6 was used to make a 
comparison of the analytical and calculated hydro- 
gen contents, as shown in Fig. 15. In this diagram, 
all the available data that included slag analyses 
have been used. These data represent the ten ex- 
perimental heats (A-6 to A-15) and six regularly 
processed heats for which data were available. 

The parallel dotted lines in Fig. 15 represent the 
reproducibility (0.78 ppm) of an average of four 
simultaneous pintube samples. This reproducibility 
represents the deviation of this average from the 
true mean exceeded only about 5 pct of the time. 
It is seen that the hydrogen content of the bath can 
be calculated with reasonable accuracy from a 
knowledge of the H.O in the furnace atmosphere 
and the composition of the slag. 

Influence of the Rate of Carbon Removal—Fig. 8 
indicated that, during the refining period, the maxi- 
mum hydrogen content and the hydrogen content be- 
fore block tended to decrease with increasing rate of 
carbon removal. However, the data of the experi- 
mental heats (A-6 to A-15) showed no correlation 


H 
between rate of carbon removal and H, Or 
OF 
HO 


It would be anticipated, on theoretical grounds, 
that the hydrogen content of the metal would de- 
crease with increasing rate of carbon removal be- 
cause of the diffusion of hydrogen from the metal 
into the CO bubbles.’ Also, by virtue of the dilution 
of the H.O in the furnace atmosphere by the CO 
from the boiling bath, an increase in the rate of 
carbon removal could result in a decrease in the hy- 
drogen content. 

However, since the rate of carbon removal in- 
creases with the available oxygen content,’ it is pos- 
sible that its influence is inherent in the expression 


H 


7 . It is also possible that during the shap- 
ing of the slag the effective slag composition is 
changing in such a manner that the effect of the 
rate of carbon removal is masked. To determine the 
effect of varying rates of carbon removal on the 
hydrogen content of the bath, a controlled experi- 
ment to provide sufficient data for a complete anal- 
ysis of variance and for statistically close estimates 
of the rate of carbon removal would be necessary. 
A more accurate sampling technique for hydrogen 
and a direct method of measuring the H.O in the 
furnace atmosphere would be a distinct advantage. 


Hydrogen in Slag—The hydrogen content of the 
steel appears to vary with the hydrogen content of 
the slag, as shown in Fig. 16. This is in agreement 
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with the observations of Walsh, Chipman, King, 
and Grant.’ 


Summary and conclusions 


During the course of refining in the basic open- 
hearth, the hydrogen content of the metal rises to a 
maximum. Thereafter it decreases (sometimes insig- 
nificantly) to a lower value immediately before block 
or tap. The increase toward the maximum probably 
occurs during the period when lime is going into 
solution in the slag and appears to be independent 
of the rate of carbon removal. The maximum hy- 
drogen content itself is related to the rate of carbon 
removal. In a somewhat similar but less significant 
manner the hydrogen content at the end of the refin- 
ing period decreases with increasing rate of carbon 
removal. Approximate calculations indicate that, 
with certain possible exceptions, the increase in 
hydrogen resulting from additions may be ignored. 

The following conclusions have been reached as 
the result of a controlled experiment in the basic 
open hearth: 


1) The water content of the furnace atmosphere 
is the major source of hydrogen in the bath. 

2) The replacement of steam by air for atomiz- 
ing the fuel will result in significantly lower hy- 
drogen contents in the bath. 

3) The degree of oxidation of the bath has an 
important influence on the hydrogen content. 

4) An approximate expression of the combined 
influence of the water content of the furnace atmos- 
phere, the slag basicity, and the degree of oxidation 
of the bath on the hydrogen content of liquid open- 
hearth steel is 


where H is the hydrogen content of the bath in ppm, 
Bis the slag basicity, H.O is the water in the furnace 
atmosphere in pct by volume, and FeO, is the total 
of iron oxides in the slag expressed as FeO in wt pct. 

There is no evidence to indicate that the rate of 
carbon removal by itself influences the removal of 
hydrogen from the bath, although it would theo- 
retically be expected to do so. The data do not in- 
dicate any correlation between temperature and 
hydrogen content. 
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